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Foreword 


In this volume, the 200th Transactions volume published by the American Institute of Mining and 
lurgical Engineers, are collected 108 Metals Branch technical papers, together with discussions of them, which 
appeared in the 1954 issues of the JouRNAL or Merats. In addition, there are 34 technical notes. : aa 
The Iron and Steel Division published 20 technical papers covering a broad range of interest cao e in- 
tensely practical to the highly theoretical. The Howe Memorial Lecture by C. D. King is included in : us eroue, 
The Extractive Metallurgy Division is represented by 12 papers which will engage the attention o e plan 
operator as well as the metallurgist. F : 
The Institute of Metals Deion presents 76 Dauere ae oe representative of the tremendous volume of 
important research work that is being done by the members o is group. _ t E ee 
othe time and effort required Moai authors in collecting and correlating their data and in revising and 
completing their papers is herewith acknowledged with appreciation and gratitude. : : 
The responsible committees of each Division are to be congratulated and thanked for stimulating the prep- 
aration of these papers and for reviewing them prior to publication. | ; : : 
The companies and organizations which generously afforded the time and provided the opportunity for their 
staff members to prepare these significant contributions deserve our thanks. f ; 
Headquarters staff members have done a creditable job of assembling the papers in this volume, and I con- 
gratulate them on adding another invaluable reference work to the metallurgical literature. 


NOVEMBER 29, 1954 R. R. McNaucuton, Chairman 
TRAIL, B.C. CANADA Metals Branch Council, AIME 
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Optimum Composition of Blast Furnace Slag 
As Deduced from Liquidus Data for The 
Quaternary System CaO-MgO-AI,0,-SiO, 


by E. F. Osborn, R. C. DeVries, K. H. Gee, and H. M. Kraner 


On the basis of liquidus measurements in the system CaO-MgO-AI.0;-SiO. and 
previously published data, diagrams have been constructed at 5 pct AI.O, intervals 
from 5 to 35 pct AI.O;. Liquidus temperatures and primary phase fields are shown. 
The optimum composition of a blast furnace slag for a given alumina content is in- 
dicated. At the optimum point, ordinary slags will be entirely liquid and will have 
maximum desulphurization potential and minimum viscosity. The relation of optimum 
composition of slags to the “plateau region” of the liquidus surface, and the applica- 
tion of these data on synthetic quaternary slags to actual slag compositions are dis- 
cussed. Index of refraction of glasses is given as well as composition, temperature, 


and phase data for each mixture. 


HE usual blast furnace slag, as a first approxi- 

mation, can be considered a mixture of the four 
oxides, CaO, MgO, Al,O;, and SiO,. Systematic, ex- 
tensive data for the quaternary system, CaO-MgO- 
Al,O,-SiO, is therefore required for the understand- 
ing of the properties of such a slag as a function of 
composition and temperature. With sufficient data, 
it should be possible to fix unequivocably the rela- 
tive amounts of lime, magnesia, and silica required 
for a given alumina content to result in a slag com- 
position having optimum properties. Other constit- 
uents, such as FeO, MnO, TiO., and S, have an effect 
on the properties of a slag, but as long as they are 
present in small and approximately constant amounts 
they produce only a second-order effect superim- 
posed upon the major changes in properties of slags 
determined by the relative amounts of the four 
major components. 

Viscosity and desulphurization data have been 
reported for mixtures approaching blast furnace 
slags in composition, but systematic liquidus data 
have not been obtained. Inasmuch as a slag must be 
all liquid in order to be most effective as well as 
practicable, clearly the temperature above which a 
mixture is all liquid (liquidus temperature) is a 
type of data needed. Such data have been obtained 
through the study of 446 compositions and are pre- 
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Fig. 1—Representation of the system CaO-MgO-AI,O,-SiO, as a 
tetrahedron with one component at each apex. Three triangular 
planes are shown inserted into the tetrahedron parallel to the base, 
representing the 10, 15, and 20 pct AI,O, planes. The cylinder 
intersecting these planes represents the composition volume in 
which lie optimum blast furnace slags. 


sented in this paper along with a discussion of their 
bearing on the optimum composition of blast fur- 
nace slags. 

For an orderly presentation of the data, the qua- 
ternary system is viewed as a tetrahedron with one 
component at each apex. Fig. 1 shows a tetrahedron 
representing the system CaO-MgO-AI,O,-SiO,. The 
base is the ternary system CaO-MgO-SiO,, Al,O, is 
the top apex, and the front face, the system CaO- 
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Table |. Liquidus Data for Mixtures Containing 5 Pct Al,O, 


Liq- 
Composition, uidus 
Wt Pet Tempera- Time, R.I. of Primary 
CaO MgO SiO. ture, °C Hr Glass* Phases 


1.578 Tridymite 


- 27.0: 4.0 64.0 13875415 8 i i 
5.0 63.0 129043 15 1.572 Tridymite 
5-34 26.0 6.0 63.0 1290=3 1.574 Tridymite 
5-20 29.0 6.0 60.0 12805 4 1.584 B-CaSiOz 
5-19 30.0 6.0 59.0 130143 

5-17 32.0 7.0, 56.0 32123 

-2 34.0 7.0 54.0 132742 4 1.592 a-CaSiOs 
oe 31.0 10.0 54.0 132742 4 1.600 Pyroxene 
5-27 35.0 10.0 50.0 132044 4 1.612 B-CaSiOs 
5-15 37.0 9.0 49.0 133143 2 1.620 a-CaSiOg 
5-16 34.0 12.0 49.0 133143 2 1.616 Melilite 
5-21 31.0 15:0 49:0 2 1.616 Pyroxene 
5-14 32.0 15.0 48.0 133843 2 1.616 Melilite 
5-13 40.0 8:0 47.0 135525 2 1.620 a-CaSiOs 
5-32 45.0 6.0 44.0 134243 8 1.632 Melilite 
5-2 39.0 12.0 440 139743 2 1.628 Melilite 
5-22 31.0 200 440 140243 2 1.624 Forsterite 
5-23 25.0 26.0 440 150343 2 1.620 Forsterite 
5-4 33.0 19.0 43.0 138943 2 1.624 Melilite 
5-1 49.0 5.0 41.0 146343 1.640 Ca2SiO« 
5-7 34.0 20.0 41.0 14352:3 2 1.636 Melilite 
5-28 47.0 8.0 40.0 147342 1 1.638 Caz2SiOg 
5-3 42.0 13.00 40.0 1441+3 2 1.640* Merwinite 
5-5 39.0 16.0 40.0 14593 2 1.640 Merwinite 
5-6 37.0 19.0 39.0 1449+3 2 1.640 Monticellite 
5-8 83.0 23:07 1480224 2 1.636 Monticellite 
5-9 49.0 8.0 38.0 >1584 Yo 1.644 Ca2SiO. 
5-11 42.0 15.0 38.0 1495=45 1 1.640* Merwinite 
Om 1 1.640 Periclase 
5-10 44.0 16.0) “352 1589+4 1 1.644*  Periclase 


* Refractive index of quenched glasses measured in white light 
by liquid immersion techniques. In this and succeeding tables, an 
asterisk follows a figure for refractive index where the mixture 
was not entirely glass owing to the presence of a small amount of 
crystals. In these cases the composition of the glass is therefore 
slightly different from that of the mixture. 


MgO-Al,O, has been removed. Horizontal planes in 
a tetrahedron represent levels of constant alumina 
content. In Fig. 1 the positions of three such planes 
are indicated, extending from the back edge part 
way toward the front face. The cylinder shown in- 
tersecting these planes is the volume of optimum 
slag compositions, as will be discussed. Mixtures 
made up for study have compositions lying in these 
‘horizontal planes, and the latter are designated as 
the “5 pct ALO, plane,” the “10 pct Al,O; plane,” 
and so on. Data are presented for mixtures con- 
taining 5, 10, 15, 20, 25, 30, and 35 pct Al,O,. Approx- 
imate phase relations for intermediate planes can be 
derived by interpolation. In applying the data to 
blast furnace slag problems, it was found that their 
representation on planes of constant alumina content 
was of most use, and it was the initial guess that 
such would be the case that determined the policy 
of studying series of mixtures where each series con- 
tained the same amount of alumina. These data can 
of course be replotted, if required, on planes of con- 
stant MgO, CaO, or SiO, content, and can be applied 
to many other industrial processes. 


Method of Investigation 


The method of quenching used has been described 
in many reports from the Geophysical Laboratory, 
for example, Osborn and Schairer.* From the pure 
ingredients CaCO,, MgO, Al,O;, and SiO., 10 gram 
homogeneous mixtures were prepared by repeatedly 
fusing in a platinum crucible, quenching, and finely 
crushing. The crushed material, commonly a glass, 
was completely crystallized at a temperature of the 
order of 1000°C. A charge of about 20 mg of the 
powdered crystalline material was enclosed in a 
platinum envelope, held at a desired temperature for 
a time sufficient to attain a close approach to equi- 
librium among the phases, and quenched in mercury. 
Phases present in the quenched product were iden- 
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tified by means of a petrographic microscope and 
X-ray diffraction techniques. The Pt-90 pct Pt-10 
pet Rh thermocouples were frequently calibrated at 
standard melting points defined as follows: Au, 
1062.5°; CaMgSi.O,, 1391.5°; and CaSiO,, 1544°. 
Inasmuch as the chief objective in the study of 
each mixture was to obtain its liquidus temperature, 
it was necessary to examine the quenched product 


Table II. Liquidus Data for Mixtures Containing 10 Pct Al,O, 


Liq- 
Composition, uidus 
Wt Pet Tempera- Time, R.I. of Primary 
CaO MgO SiO2 ture, °C Hr Glass* Phases 
D97 20.0 8.0 62.0 1277+2 12 1.562 Pyroxene 
D75 29.0 2.0 59.0 1295+3 8 a-CaSiOg 
D76 25.0 6.0 59.0 1269+4 Z 1.574 Pyroxene 
D77 21.0 10.0 59.0 128842 2 1.572% Pyroxene 
D78 17.0 14.0 59.0 1292+3 2 1.570 Pyroxene 
D93 29.0 4.0 57.0 126844 12 1.582 a-CaSiOg 
D9g2 27.0 6.0 57.0 126944 2 1.582 Pyroxene 
D94 26.0 8:02, 756.0 1293+2 2 — Pyroxene 
D55 33.0 135322 2 1.592 a-CaSiOg 
D56 29.0 6.0 55.0 1269+4 2 1.590 Pyroxene 
D57 24.0 41:0". 55:0 131141 2 1.588 Pyroxene 
D58 19.0. 16.0 55.0 1319+5 3 1.586 Pyroxene 
1.0 5.0 54.0 129342 2 a-CaSiOg 
D100 20.0 18.0 52.0 13533 3 — Forsterite 
D51 37.0 210 O 1400+4 3 1.605 a-CaSiOg 
D52 33.0 51.0 1305+3 2 1.604 a-CaSiOz 
D53 Ol 1309+3 2 1.600 Pyroxene 
D54 23:05 5120 132442 2 1.598 Pyroxene 
D79 33.0 8.0 49.0 12732 2 1.606 B-CaSiOz 
24.0 18.0 48.0 136943 2 1.606 Pyroxene 
D46 41.0 2.0 47.0 13822 2 1.616 a-CaSiOg 
D47 37.0 6.0 47.0 132846 2 1.614 a-CaSiOg 
D80 34.0 9.0 47.0 129342 3 1.614 Melilite 
D48 32.0 11.0 47.0 130143 2 1.612 Melilite 
D49 27.0 16.0 47.0 132943 2 1.610 Pyroxene 
D50 21.0 47.0 1427+2 1.607 Forsterite 
D81 35.0 9.0 46.0 131841 2 1.616 Melilite 
D45 44.0 2.0 44.0 135252 2 1.626* a-CaSiOg 
D44 39.0 7.0. 44.0 133642 2 1.626 Melilite 
D43 34.0 12.0 44.0 135143 + 1.619 Melilite 
D74 31.0 15.0 44.0 134343 3 1.620 Melilite 
D42 29.0 17.0 44.0 1348+4 3 1.619 Forsterite 
D41 24.00 22.0 44.0 1444+2 2 1.614 Forsterite 
D85 30.5 16.5 43.0 133522 2 Melilite 
D37 47.0 2.0 41.0 1319+3 2 1.636 Rankinite 
D38 42.0 7.0 41.0 1360+4 3 1.614 Melilite 
D39 37.0 12.0 41.0 1379+4 2 1.628* Melilite 
D40 32.0 17.0 41.0 13553 2 1.626 Melilite 
D83 47.0 3.0 40.0 135043 2 1.636 Melilite 
D73 31.0 19.0 40.0 13955 2% 1.630 Forsterite 
D84 48.0 3.0 39.0 1420+3 Ye 1.636 CasSiOx 
45:0 6.0 39.0 138043 1.638 Melilite 
D67 27.0 24.0 39.0 1480+4 PA 1.630 Forsterite 
D36 46.0 6:0 438.0 1409+3 Yo 1.640 Merwinite 
D35 42.0 10.0 38.0 1407+2 ce 1.632 Merwinite 
D121 39.0 13.0 38.0 1382+2 Ye 1.638 Melilite 
D34 37.0 15.0 38.0 138442 1.636 Melilite 
D72 34.0 18.05)" 38:0 14013 Ye 1.634 Monticellite 
D59 32.0 20.0 38.0 1407+2 2 1.632 Forsterite 
D68 50.0 S00 >1600? 2 
D112 47.0 1475+3 1.642 CaySiO. 
D117 (43.0 10.0 37.0 143843 1.640 Merwinite 
D120 40.0 13.0 37.0 1419+3 Vy 1.640 Merwinite 
D125 = 38.0 15.0 37.0 1409+3 1.638 Merwinite 
D86 33.0 20.0 37.0 1427+2 2 1.632 Forsterite 
D91 28.0 25.0 37.0 1486+4 2 1.632 Forsterite 
D111 48.0 6:0 36.0 1545+2 Wy 1.644 CasSiO4 
D69 46.0 8.0 36.0 1480+3 2 1.642 Merwinite 
D116 44.0 10.0 36.0 146342 Yo 1.642 Merwinite 
D70 41.0 13.0 36.0 145543 1.642 Merwinite 
D124 39.0 15.0 36.0 143843 1.640 Merwinite 
D71 36.0 18.0 36.0 1427+2 3 1.634 Monticellite 
D108 34.0 20.0 36.0 1417+3 wy — Monticellite 
D109 32.0 22.0 36.0 1429+4 1 — Forsterite 
D31 49.0 6.0 35.0 >1600 2 — CasSiOu 
D115 45.0 10.0 35.0 1495+2 Vy 1.644* Merwinite 
D32 44.0 14705 2 Merwinite 
D119 42.0 13:05 33510 1481+2 1.644 Merwinite 
D123 «40.0 15.0 35.0 1464+3 1.642 Merwinite 
D33 39.0 1G. O 143641 Merwinite 
D60 34.0 . 21:0) 35:0, 1482+1 2 1.638* Periclase 
D66 29.0 26.0 935.0 >1633? 2 1.638* Periclase 
D87 46.0 10.0 34.0 1549-55 1.634 
D118 43.0 13.0 34.0 150543 1.646 Merwinite 
D102 15.0 34.0 1490+2 2 1.644 Merwinite 
D90 37.0 19.0 34.0 1544+5 2 1.638* Periclase 
D114 47.0 10.0 33.0 15954 1.648* 
D101 44.0 1518+3 2 1.648 Merwinite 
D122 42.0 1512+2 YD 1.646 Merwinite 
D61 48.0 10.0 32.0 >1600 2 — CasSiO4 
D88 45.0 13.0 32.0 1565+2 VW 1.650 CarSiO4 
D62 43.0 15.0 32.0 155842 Ya 1.642 Periclase 
D89 41.0 L7-0) 32:0 1608+5 2 1.646 Periclase 
D63 20-0 >1600 2 1.648*  Periclase 
D64 25.0! >1600 2 1.642* Periclase 
D65 PASO >1600 2 1.640* Periclase 
D103 «47.0 13.0 30.0 >1600 1 CasSiO4 
D104 45.0 15:0 30:0 >1600 1 1.648* Periclase 


* See footnote to Table I. 
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to determine whether it had been all liquid at the 
temperature of the run or whether crystals coexisted 
with the liquid. Liquids having a relatively low 
lime plus magnesia content quench to glasses. Both 
the liquidus temperature and the crystalline phases 
in equilibrium with the liquid can be determined 
easily for such mixtures. Mixtures containing more 
than about 60 pct lime plus magnesia do not quench 
to a glass with the experimental techniques used but 
devitrify during quenching. In these mixtures the 
crystals formed on quenching must be distinguished 
from “primary crystals,’ or those present at the 
temperature of the run. The “quench crystals” are 
usually very fine-grained, feathery aggregates, with 
wavy extinction if birefringent; and with experience 
these can be distinguished from the primary crystals 
with very little chance of error. 

Assuming that equilibrium was attained during a 
run, the liquidus temperature lies between the tem- 
perature at which the mixture is all liquid and some 
lower temperature at which crystals are present in 
the liquid. With the quenching technique, therefore, 
the liquidus temperature is bracketed, and the pre- 
cise value can be approached as closely as desired 
within the limits of error of the temperature measur- 
ing and controlling equipment. In the tables of data, 
each liquidus temperature is followed by a plus or 
minus value, indicating the closeness of bracketing 
of the liquidus temperature by runs. Exceptions are 
some mixtures whose liquidus temperatures are 
listed only as being greater than a certain value. 

For various compositional regions, tests were 
made of the minimum time required to reach equil- 
ibrium at liquidus temperatures. A time of at least 
twice this length was used for the runs. In general, 
the greater the percentage of lime plus magnesia and 
the higher the temperature, the shorter the time re- 
quired. Two tests indicating attainment of equilib- 
rium were used. In one case, two samples of the 
same mixture were run together, one as a glass and 
the other all crystalline. If they gave the same prod- 
uct after quenching, this suggested that the time 
was sufficiently long and equilibrium among the 
phases was attained. In the second case, the time of 
a run was doubled and this procedure repeated until 
it was found that on doubling the time no further 
change could be noted in the quenched product. 


Liquidus Data 

Liquidus data for mixtures are listed in Tables I 
to VII, arranged according to alumina content. Along 
with the figure for the liquidus temperature are 
given the crystalline phase in equilibrium with the 
liquid at this temperature (primary phase) and the 
index of refraction for the quenched glass where the 
liquid cooled to a glass without crystallizing. The 
data are presented graphically by means of a series 
of diagrams (Figs. 3 to 9). Included with this 
series is Fig. 2, showing liquidus relations in the 
system CaO-MgO-SiO, (base of the tetrahedron, 
Fig. 1) after the recent work of Ricker and Osborn.” 
In these figures, dots represent compositions of mix- 
tures studied, light lines are isotherms of the liquidus 
surface, and heavy lines represent primary phase 
field boundaries. These are not ternary systems, ex- 
cept for Fig. 2, but planes through a quaternary 
system. Consequently, the field boundaries are not 
univariant lines but intersections of the plane with 
divariant surfaces. Similarly, the point of inter- 
section of three field boundaries is not an invariant 
point but rather a “piercing point,” which, according 
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to Schairer,’ is the intersection of the plane with a 
univariant line along which one liquid and three 
crystalline phases are in equilibrium. The positions 
of field boundaries and isotherms are known most 
precisely in the general area of blast furnace slags 
because of the greater number of mixtures studied 
in this region, but the approximate location of lines 
is Shown for the whole triangle in each case, dashed 
lines indicating that the accuracy of location may be 
low. Previous studies of parts of the quaternary sys- 
tem CaO-MgO-Al.O,-SiO, by Andersen,* McMurdie 
and Insley,’ Osborn and Schairer,’ Osborn,’ Prince,’ 
and Osborn and Tait* were useful in checking the ac- 
curacy of liquidus relations along certain lines on 
some of the planes. Liquidus relations along the edges 
of the planes are after Rankin and Wright,’ Rankin 
and Merwin,” “ Bowen and Greig,” Greig,* and 
Keith and Schairer.” 

A clear picture of the phase volume relationships 
in the quaternary system CaO-MgO-Al.O,-SiO, is 


Table lil. Liquidus Data for Mixtures Containing 15 Pct Al,O,; 


Composition, 
Wt Pet Tempera- Time, R.I. of Primary 
CaO MgO SiOz ture, °C Hr Glass Phases 
15A-62 17.0 6.0 62.0 1245+6 100 1.554 Pyroxene 
15A-60 13.0 10.0 62.0 12505 100 1.553 Pyroxene 
15A-61 15.0 10.0 60.0 1235+6 100 1.560 Pyroxene 
15 A=35)) 10:0) 52:0) 1% 1.590 Pyroxene 
15A-32 30.00 4.0 51.0 1243+2 10 1.595 Anorthite 
15A-37 21.0 13.0 51.0 128344 1% 1.591 Pyroxene 
15A-23 25.0 10.0 50.0 1274+2 6 1.597 Pyroxene 
15A-22 20.0 15.0 50.0 130248 2 1.594 Forsterite 
15A-33 31.0 5.0 49.0 124342 10 1.600 Anorthite 
15A-31 29.0 7.0 49.0 1243+2 48 1.599 Anorthite, 
pyroxene 
15A-36 25.0 12.0 48.0 1275+4 6 1.602 Pyroxene 
15A-38 23.0 14.0 48.0 1284+3 3} 1.598 Forsterite 
15A-3 320) 12 1.607 Anorthite 
15A-48 30.0 8.0 47.0 123842 1% 1.605 Pyroxene 
15A-16 28.0 10.0 47.0 1248-+1 44 1.605 Pyroxene 
15A-49 33.0 6.0 46.0 1234+2 19 1.610 Anorthite, 
melilite 
15A-29 26.0 13.0 46.0 126341 15 1.607 Pyroxene 
15A-39 24.0 15.0 46.0 1307+10 30 1.604 Forsterite 
15A-15 35.0 5.0 45.0 125044 2 1.614 a-CaSiOg 
15A-27 32.0 8.0 45.0 1261+4 17 1.611 Melilite 
15A-28 29.0 11.0 45.0 1261+4 17 1.610 Melilite 
15A-17 25.0 15.0 45.0 130742 1 1.608 Forsterite 
15A-30 23.0 17.0 45.0 138554 5 1.610 Forsterite 
15A-21 20.0 20.0 45.0 1406+6 1% 1.608 Forsterite 
15A-26a 37.0 5.0 43.0 1295+2 22 1.620 Melilite 
15A-13 31.0 12.0 42.0 1304+6 uk 1.618 Melilite 
15A-14a 40.0 4.0 41.0 133444 1 1.624 Melilite 
15A-54 0.0 14.0 41.0 1380345 3 1.620 Melilite 
15A-47 28.0 16.0 41.0 133848 17 1.620 Forsterite 
15A-18 25.0 20.0 40.0 1421+1 1 1.618 Forsterite 
15A-40 23.0 22.0 40.0 1445+6 3 1.621 Forsterite 
15A-20 20.0 25.0 40.0 1498+9 2 1.620 Forsterite 
15A-7 39.0 8.0 38.0 1421+3 Ye 1.629 Melilite 
15A-6 35.0) 38.0 1.627 Melilite 
15A-5 31.0 16.0 38.0 1406+6 yy 1.625 Spinel 
15A-24 27.0 20.0 38.0 1458412 1 1.625 Spinel 
15A-41 23.0 24.0 38.0 1472+3 3 1.622 Forsterite, 
spinel 
15A-53 17.0 30.0 38.0 155446 2 1.624 Forsterite 
15A-8 43.0 YD 1.632 Melilite 
15A-12 35.0 14.0 36.0 140543 2 1.629 Spinel 
15A-19 30.0 20.0 35.0 1490+10 Yy 1.632 Spinel 
15A-1 47.0 4.0 34.0 1478+1 2 1.640 Ca2SiO4 
15A-2 43.0 8.0 34.0 1435+10 1 1.638 Melilite 
15A-69 41.0 10.0 34.0 1437+2 1% 1.641 Melilite 
15A-3a 39.0 12.0 34.0 1413+2 1% 1.637 Melilite 
15A-44 37.0 14.0 34.0 1408+7 1% 1.640 Spinel 
15A-4 35.0 16.0 34.0 147745? Y% 1.635 Spinel 
15A-59 17.0 34.0 34.0 1586+6 VY 1.633 Forsterite, 
periclase 
15A-45a 42.0 10.0 33.0 143941 z 1.643 Melilite 
15A-66 40.0 12.0 33.0 142642 1 1.642 Merwinite 
15A-9 45.0 80 32.0 147747 1 1.647 CasSiO4 
15A-68 43.0 10.0 32.0 1450+2 12 1.645 Merwinite 
15A-10a 41.0 12.0 32.0 1448+1 1 1.640 Merwinite 
15A-lla 38.0 15.0 32.0 1432+1 Ye 1.640 Merwinite, 
spinel 
15A-43 36.0 17.0 32.0 144646 S 1.645 Spinel 
“3150 22:0 32:0 Yo 1.640 Spinel 
15A-58 23.0 30.0 32.0 >1630? Yo 1.638 Periclase 
15A-67 44.0 10.0 31.0 1472+4 1 1.645 CavsSiOu 
15A-65 42.0 12.0 31.0 146042 1 1.646 Merwinite 
15A-56 49.0 6.0 30.0 1610+9 1.651 
15A-50 43.0 12.0 30.0 1482+3 i 1.648 Merwinite or 
15A-46 38.0 17.0 30.0 1545415 il 1.646 Periclase 
15A-25 35.0 20.0 30.0 >1624? 1% 1.644 Periclase 
15A-52 31.0 24.0 30.0 >1650 Yo 1.646 Periclase 
15A-64 44.0 12.0 29.0 1502+2 1.648 
15A-51 41.0 15.0 29.0 1544+14 1% 1.648 Periclase 
15A-57 45.0 14.0 26.0 1643410 2/3 1.657 Periclase 
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Table IV. Liquidus Data for Mixtures Containing 20 Pct Al,O, 


Ligq- 
Composition, uidus 
Wt Pe Tempera- Time, R.I. of Primary 
CaO MgO SiOz ture, °C Hr  Glass* Phases 
é 4.0 6.0 70.0 140642 1 1.516 Tridymite 
ie 2.0 10.0 68.0 1412+2 1 1.520 Tridymite 
P43 8.0 6.0 66.0 127843 3 1.526 Anorthite 
P65 6.0 9.0 65.0 132443 3 1.536 Tridymite 
P46 5.0 12.0 63.0 132042 1 1.542 Cordierite 
P91 8.0 10.0 62.0 122743 17 1.544 Anorthite 
P40 10.0 10.0 60.0 127242 1 1.548 Anorthite 
P90 8.0 12.0 60.0 122542 2 1.548 Anorthite 
P45 2.0 18.0 60.0 133545 1 1.540 Cordierite 
P37a 7.0 14.0 59.0 1304 98 1.548 Cordierite 
P74 6.0 16.0 58.0 129243 5 1.552 Pyroxene 
P75 4.0 18.0 58.0 131843 1 1.552 Pyroxene 
P76 2.0 20.0 58.0 133842 1 1.552 Pyroxene, 
cordierite 
P89 8.0 15.0 57.0 12927 2 1.556 Pyroxene 
P66 7.0 17.0 56.0 1292+3 1 1.560 Pyroxene 
4.0 20.0 56.0 132943 1 1.556 Pyroxene 
P78 2.0 22.0 56.0 133941 2 1.556 Pyroxene 
P38 14.0 11.0 55.0 128443 3 1.554 Anorthite 
P44 5.0 20.0 55.0 133441 1 1.560 Pyroxene 
P67 9.0 18.0 53.0 131742 Va 1.572 Forsterite 
P68 3.0 24.0 53.0 13702 1 1.572 Forsterite 
P4la 22.08 D1 1 1.572 Forsterite 
P36 2 1.588 Anorthite 
P35 15.0 15.0 50.0 1279+3 — 1.584 Forsterite 
P69 10.0 20.0 50.0 136542 i 1.580 Forsterite 
1ealfe) 30.0 5.0 45.0 130544 15 1.600 Anorthite 
P20 25.0 10.0 45.0 130544 15 1.600 Anorthite 
P2l 20.0 15.0 45.0 1291+2 2 1.598 Forsterite 
P22 15.0 20.0 45.0 1380+5 1 1.598 Forsterite 
P23 10.0 25.0 45.0 144343 i 1.598 Forsterite 
P93 23.0 13.0 44.0 130043 1% 1.602 Spinel 
P84 28.0 9.0 43.0 1282+2 1 1.602 Anorthite 
P34 21.0 16.0 43.0 135344 — 1.602 Spinel 
P70 31.0 7:0 42.0 1260==1 al 1.609 Melilite 
P92 29.0 9.0 42.0 127043 i 1.610 Melilite 
P33 25.0 13.0 42.0 133644 By 1.608 Spinel 
P87 36.0 3.0 41.0 1300 1 1.616* Melilite 
P82 33.0 6.0 41.0 130043 2 1.612 Melilite 
P83 31.0 8.0 41.0 128444 1 1.610 Melilite 
P14 30.0 10.0 40.0 12902 2 1.616 Spinel 
P15 25.0 15.0 40.0 141543 i 1.608 Spinel 
P16 20.0 20.0 40.0 148045 1 1.612 Spinel 
PL 15.0 25.0 40.0 1525 1 1.612* Spinel 
P18 10.0 30.0 40.0 1575 2 1.612* Spinel 
P71 33.0 8.0 39.0 132742 a 1.618 Melilite 
P32 35.0 7.0 38.0 135324 — 1.620 Melilite 
P55 32.0 10.0 38.0 136643 1 1.618* Spinel 
P54 33.0 11.0 36.0 139842 1 1.624 Spinel 
P29 31.0 13.0 36.0 14505 Ya 1.622 Spinel 
12M 40.0 5.0 35.0 1454+4 1 1.632 Melilite 
P8 35.0 10.0 35.0 140545 1 1.630 Melilite 
P9 30.0 15.0 35.0 148045 54 1.628 Spinel 
P10 25.0 20.0 35.0 1592+6 2 1.628 Spinel 
Pll 20.0 25.0 35.0 >1600 2 1.624* Spinel 
P12 15.0 30.0 35.0 >1597 1 1.624* Spinel 
P53 36.0 11.0 33.0 145543 1 1.632 Spinel 
P30 34.0 13.0 33.0 148842 ab 1.630 Spinel 
P52 38.0 11.0 31.0 145543 1 1.636* Spinel 
45.0 5.0 30.0 150545 1 1.642 Melilite 
P2 40.0 10.0 30.0 1447+3 il 1.642 Melilite 
P3t 37.0 13.0 30.0 1484+2 al 1.640 Spinel 
1283} 35.0 15.0 30.0 1505255 1 1.640 Spinel 
P4 30.0 20.0 30.0 156747 22 1.640 Spinel 
P5 25.0 25.0 30.0 >1597 1 1.640* Spinel 
P6 20.0 30.0 30.0 >1597 1 1.638 Spinel 
P103 39:5 11.5 29:0 1445-63 3 1.640 Spinel 
Pill 44.5 7.0 28.5 146542 2 1.646 
melilite 
P42 48.0 4.0 28.0 >1575 1 1.648* Ca2SiOz 
P109 45.0 7.0 28.0 146241 2 1.648 CaSiOg, 
melilite 
P81 43.0 9.0 28.0 144541 1 1.645 Melilite 
P50a 41.0 11.0 28.0 1440 2 1.646 Melilite, 
spinel 
P51 38.0 14.0 28.0 147443 1 1.644 Spinel 
P128 44.0 8.5 27.5 146044 1 1.647 
P126 43.0 9.5 27.5 14604 1 1.648— Merwinite 
P115 42.0 10.5 27.5 1449+2 1 1.647 Merwinite 
P117 41.5 11.0. 27.5 14363 1 1.647 Merwinite 
P120 40.5 12.0 27.5 1460+4 1 1.646 Spinel 
P27 44.5 8.5 27.0 148843 1 1,648 
P125 9:0) 1 1.647 Merwinite 
P114 42.5 10.5 27.0 144644 1 1.648— Merwinite 
P104 38.5 14.5 27.0 1475-45 2 1.644 Spinel, 
periclase 
P113 43.0 10.5 26.5 1450-44 il 1.648 Merwinite 
P116 42.5 11.0 26.5 1452+2 1 1.648 Merwinite 
P119 41.5 12.0 26.5 144643 1 1.648 Merwinite 
P110 46:5 26.0 1536252 2 1.648* CasSiOu 
P24a 45.0 9.0 26.0 1522+3 1 1.650 CarxSiO4s 
P123 44.5 9.5 26.0 1490+4 al 1.651 CarSiO4 
P112 43.5 10.5 26.0 14654 1 1.649 
P80a 43.0 11.0 26.0 145544 1 1.649 Merwinite 
P86 42.0 12.0 26.0 1454+4 1% 1.649 Merwinite 
P131 41.5 12.5 26.0 147644 1% 1.648 Periclase 
P25 41.0 13:0 26.0 1475=¢5 1% 1.648 Periclase 
P26 37.0 17.0 26.0 >1600 3 1.656*  Periclase 
P27 33.0 21.0 26.0 >1600 2 1.644*  Periclase 
P28 29.0 25.0 26.0 >1600 2 1.642* Periclase 
43.5 11.0 25.5 1476 1 1.650 CaoSiOu 
P118 42.5 12.0 25.5 14773 1 1.649 Periclase 
P130 43.5 11.5 25.0 14915 1 1.652—  Periclase 
P121 44.5 11.0 24.5 150844 1% 1.653 CasSiOu 
P79a 45.0 11.0 24.0 153146 1 1.654 CasSiOu 
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Table 1V. Continued 


Liq- 
Composition, uidus 
Wt Pet Tempera- Time, R.I. of Primary 
CaO MgO SiO». ture, °C Hr Glass* Phases 


10.0 23.0 1552+2 12 1.656 Ca2SiO. 
13.0° 23.0 >1620 1 1.644* Periclase 
P49 40.0 17.0 23.0 >1602 
2 

P62 48.0 11.0 21.0 15655 

i 46.0 13.0 21.0 >1603 1 1.654* Periclase 
Pei 51.0 9.0 20.0 >1602 1 1.660* CazSiOx 
P64 44.0 16.0 20.0 >1603 Ye 1.654* Periclase 
P59 50.0 12.0 18.0 >1603 Ya 1.664* Periclase 
P60 49.0 13.0 18.0 >1602 1 1.664* Periclase 
P108 58.5 5.5 16.0 1600+6 1 1.682 
P106 56.0 8.0 16.0 >1600 Yon 1.678* Ca2SiOxs 
P105 60.0 5.0 15.0 >1600 Ya 1.682* CasSiOs 
P132 58.0 7.0 15.0 1600+20 Vy CazSiOs 
P85 62.0 4.0 14.0 >1604 1 1.684* CaO_ 
P133 59.0 7.0 14.0 158515 V4 CagSiOs 
P134 60.0 7.0 13.0 1660425 V4 CaO 
P56 59.0 8.0 13.0 >1602 it 1.684* Periclase 
P57 55.0 12.0 13:0 >1602 1 1.684* Periclase 
P58 53.0 14.0 13.0 >1602 Y% 1.680* Periclase 


* See footnote to Table I. 


obtained if a tetrahedron is constructed of trans- 
parent plastic with horizontal planes of the same 
material fixed at 5 pct Al.O, intervals. On the faces 
of the tetrahedron and on each plane are sketched 
the phase equilibrium relations. Liquidus tempera- 
tures throughout the tetrahedron, the approximate 
location of invariant points, and primary phase vol- 
ume relationships are readily seen. It will be noted, 
for example, that the volume of the tetrahedron is 
dominated by the primary phase volumes of a few 
phases, especially spinel (MgAl.O,) and periclase 
(MgO). Two moderately large volumes are occupied 
by the melilites (solid solutions of akermanite, 
Ca.MgSi.O,, and gehlenite, Ca,Al,SiO;) and by the 
pyroxenes (predominantly solid solutions of clinoen- 
statite, MgSiO;, and diopside, CaMgsSi.O,). In con- 
trast, the primary phase volume of sapphirine 
(Mg,Al,.Si,O.3) is minute. The volume of monti- 
cellite (CaMgSi0O,) extends upward from the base 
as a four sided prism terminating against the spinel 
volume before reaching the 15 pct Al.O; plane. The 
merwinite (Ca;MgSi.O;) volume extends upward 
from the base through the 20 pct Al.O, plane before 
being truncated. 

A liquidus surface may be portrayed graphically 
as a solid model, in which the isotherms become con- 
tours separated by a vertical interval proportional 
to the temperature interval. Such solid models have 
been constructed of several of the alumina planes to 
illustrate in three dimensions the liquidus relations. 
Fig. 10 is a photograph of the model for the 10 pct 
Al,O, plane. The steep rise of the dicalcium silicate 
and periclase liquidus surfaces in contrast with the 
plateau-like form of the merwinite, monticellite, and 
melilite surfaces is particularly to be noted in con- 
nection with blast furnace slag composition prob- 
lems. This feature, along with the re-entrant angle 
of the merwinite plateau into the steeply rising 
liquidus surfaces of dicalcium silicate and periclase, 
is the key to the position of optimum blast furnace 
slag compositions. 


Optimum Blast Furnace Slag Compositions 
For a blast furnace to operate smoothly and with 
maximum efficiency, the slag should have the fol- 
lowing characteristics: 1—It should be a homo- 
geneous liquid, that is, without notable variations in 
the properties of the liquid and without crystalline 
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phases present. 2—Its composition should be such 
that a wide latitude of variation in composition is 
possible without a troublesome slag developing. 
Under the best conditions of operation, raw mate- 
rials vary sufficiently to cause significant variations 
in slag composition. The slag should tolerate such 
inevitable variations in composition without not- 
able changes in its properties and performance. 3— 
It should have a high potentiality for retaining 
sulphur, or in other words, the distribution ratio of 
sulphur between the slag and metal phases under 
conditions of temperature and atmosphere existing 
in a blast furnace should be high. 4—It should have 
a low viscosity at the temperatures prevailing in the 


Table V. Liquidus Data for Mixtures Containing 25 Pct AI,O, 


Composition, 
Pet Tempera- Time, R.I. of Primary 
CaO MgO SiO». ture, °C r Glass* Phases 
Q-74 10.0 3.0 62.0 1400+5 100 1.536 Anorthite 
Q-64 6.0 7.0 62.0 1390+8 100 1.534 Cordierite 
Q-75 3.0 10.0 62.0 1450+8 100 1.534 Cordierite 
Q-32 5.0 10.0 60.0 13828 100 1.540 Cordierite 
cordierite 
Q-67 13:0; 3515-5 70 1.556 Cordierite 
Q-31 18 1.552 Cordierite 
Q-72 9.0 14.0 - 52.0 --1315=2 150 1.564 Cordierite, 
anorthite, 
spinel 
Q-70 5.5 18.5. 51.0  1354=¢5 100 1.568 Spinel 
Q-71 3:0) 21.0" 51.0 “1386255 100 1.568 Spinel 
Q-80 52.0) (1396223 50 1.568 Spinel 
Q-81 95 15.0 50.5 13495 160 1.568 Spinel 
Q-65 7.0 18.0 50.0 1382-45 100 1.572 Spinel 
Q-29 5.0 20.0 50.0 139010 i 1.556 Spinel 
Q-66 3.0 22.0 50.0 14055 70 1.574 Spinel 
Q-68 10.0 16.0 49.0 1382-45 100 1.574 Spinel 
Q-69 6.5 19.5 49.0 1410+5 200 1.576 Spinel 
Q-47 22.0 10.0 43.0 1349-5 100 1.598 
spine 
Q-46 26.0 8.0 41.0  1315=55 100 1.604 Anorthite, 
spinel 
Q-13 30.0 5.0 40.0 13205 1 1.604 Anorthite 
Q-63 28.0 7.0 40.0 133646 90 1.608 Spinel 
Q-14 25.0 10.0 40.0 1405+5 at 1.504 Spinel 
Q-15 20.0 15.0 40.0 1494+8 1 1.600 Spinel 
Q-16 15.0 20.0 40.0 1542+6 1 1.600 Spinel 
Q-79 30:08) 6:0) 39.0) 6 1.606 Spinel 
Q-45a 29.0 7.0 39.0 13344 18 1.604 Spinel 
Q-34 S050) 7.0) 638:0 8 1.610 Spinel 
Q-48 31:0 (8:0 36:02. 1417=3 1 1.614 Spinel 
Q-9 35.0 5.0 35.0 143843 1 1.616 Melilite 
Q-10 30.0 10.0 35.0 1480+5 3 1.616 Spinel 
Q-11 25:0) 35:0) 15576 1 1.610 Spinel 
Q-12 20.0 20.0 35.0 >1600? Ya 1.612* Spinel 
Q-5 40:0) 5:0) 1514252 1 1.632 Melilite 
Q-6 30:0) 1 1.624 Spinel 
Q-7 30.0 15.0 30.0 >1600 Ye 1.638* Spinel 
Q-8 25.0 20.0 30.0 >1600 Yo 1.628* Spinel 
Q-43 38.0 9.0 28.0 148543 2 1.640 Melilite 
Q-1 45.0 5.0 25.0 14955 1 1.644 Melilite 
Q-3 35.0 15.0 25.0 1545+6 1 1.640 Spinel 
Q-4 30.0 20.0 25.0 >1600 Ye i6s2% Spinel 
Q-36 47.0 4.0 240 1540+4 1% 1.646 CasSiOx 
Q-82 43.0 8.0 24.0 147743 6 1.648— Melilite 
Q91 45:06 6:5) 23:5)" 147 1 1.652— CasSiOg 
Q83 44.0 8.0 23.0 144941 2 1.650 
Q84 43.0 9.0 23.0 147743 6 1.651 Melilite, 
spinel 
Q86 42.0 10.0 23.0 1442+2 14% 1.650 Spinel 
Q57 40.0 12.0 23.0 147141 3% 1.648 Spinel 
Q55 46.0 7.0 22.0 148843 2 1.652 CasSiOu 
Q85 44 9.0 22.0 1449+1 2 1.653 CasSiO4 
Q87 43.0 10.0 22.0 142842 2 1.652+ CasSiOs, 
spinel 
Q56 42.0 11.0 22.0 1441+2 1% 1.648 Periclase 
Q62 41.0 12.0 22.0 147383 4 1.650 Periclase 
Q44 >1602 1 1.648 Periclase 
Q88 45.0 9.0 21.0 148443 6 1.655 CaeSiOu 
Q89 44.0 10.0 21.0 1462+4 12 1.655 CasSiOu, 
periclase 
Q90 43:07 210. 14722323 1 1.656 Periclase 
Q22 50.0 20.08 1 1.656 CaoSiOg 
Q23 45.0 10.0 20.0 1465 1 1.652 Periclase, 
Q24 40.0 15.0 20.0 >1600 il 1.648* Periclase 
Q25 35.0 20.0 20.0 >1610 Y% 1.648* Periclase 
Q20 45.0 15.0 15.0 >1600 Y% 1.660*  Periclase 
Q21 40.0 20.0 15.0 >1600 Ye 1.656* Periclase 
Q78 52.5 8.5 14.0 1585+10 il 1.670 Periclase 
Q77 59.0 3.0 13.0 159044 1.680 CavSiOu 
Q92 59.0 4.0 12.0 1585415 2 CasSiOs 
Q93 60.0 4:0 J1.0 1555215 2 CasSiO; 
Q94 61.0 4.0 10.0 >1600 2 — CaO 
Q17 55.0 10.0 10.0 >1600 Ye 1.628* Periclase 
Q18 50.0 15.0 10.0 >1600 1 1.668* Periclase 


furnace in order to melt down and move through 
and out of the furnace quickly and smoothly. 

Using a slag of optimum composition will make 
possible the maximum production of metal contain- 
ing the minimum amount of sulphur, with the mini- 
mum slag volume and fuel costs. With less coke per 


Table VI. Liquidus Data for Mixtures Containing 30 Pct AI,O, 


Composition, 
Wt Pet Tempera- Time, R.I. of Primary 
CaO MgO SiOz ture, °C Hr Glass* Phases 
30-29 10.0 6.0 54.0 143948 214 1.552 Mullite 
30-30 4.00 12.0 54.0 1425+6 200 1.552 Mullite 
30-44 2.0 14.0 54.0 1450+5 100 1.554 Cordierite 
0-47 6.0 11.5 52.5 13973 80 1.560 Cordierite 
30-42 3:5. 14.0 52.5 14524 100 1.558 Cordierite 
30-46 10.0 9.0 51.0 138045 100 1.564 Mullite 
30-15 8.0 11.0 51.0 13955 18 1.558 Spinel 
30-41 3.0 16.0 51.0 14165 181 1.560 Spinel 
30-45 1.0 18.0 51.0 143944 150 1.560 Cordierite, 
spinel 
30-31 6.0 14.0 50.0 14333 70 1,564 Spinel 
30-43 0.5 20.0 49.5 14522 120 1.566 Spinel 
30-27 11.0 10.0 49.0 1390+4 170 1.568 Spinel 
30-40 9.0 12.0 49.0 1420+4 140 1.568 Spinel 
30-28 4.0 17.0 49.0 146544 190 1.566 Spinel 
30-14 2.0 19.0 49.0 1469+5 54 1.564 Spinel 
30-35 11.0 12.0 47.0 1446+6 125 1.570 Spinel 
30-13 9.0 14.0 47.0 144344 18 1.570 Spinel 
30-34 7.0 16.0 47.0 143545 150 1.576* Spinel 
30-26 8.0 18.0 44.0 155544 150 1.582 Spinel 
30-12 24.0 6.0 40.0 139744 1 1.594 Anorthite, 
spinel 
30-36 27.0 40 39.0 1416+4 15 1.600 Anorthite 
30-20 22.0 10.0 38.0 150542 2 1.600 Spinel 
30-37 29.0 4.0 37.0 1342+4 x 1.604 Anorthite 
30-19 27.0 6.0 37.0 142343 5 1.600 Spinel 
30-11 28.0 8.0 34.0 148843 1 1.604 Spinel 
30-10 34.0 6.0 30.0 1491+4 1 1.624 Melilite 
30-25 31.0 9.0 30.0 1546+4 3 1.622* Spinel 
30-9 34.0 10.0 26.0 15675 2 1.628 Spinel 
30-24 37.0 80 25.0 14931 22 1.634* Spinel, 
melilite 
30-17 44.0 6.0 20.0 145544 4 1.648 Melilite 
40-33 43.0 8.0 19.0 141643 48 1.648* Melilite 
30-8 42.0 90 19.0 1422+4 4 1.656 Spinel 
30-38 43.0 9.0 18.0 140342 2 1.656 CaeSiOs, 
spinel 
30-18 40.0 12.0 18.0 1496+4 2 1.652 Spinel, 
periclase 
30-23 45.0 8.0 17.0 1426+2 16 1.652* CasSiOu 
30-1 50.0 15.0 1526+6 2 1.658 
30-2 45.0 10.0 15.0 1520+2 1% 1.659 Periclase 
30-7 50.0 - 8.0 12.0 151144 1 1.664 Periclase 
30-21 58.0 2.0 10.0 1510+4 4 1.682* CasSiOs 
30-3 25:07 10:0 1447+3 2 1.674 CaoSiOu 
30-4 50.0 10.0 10.0 >1606 1 1.670* Periclase 
30-22 45.0 15.0 10.0 >1700 Y% — Periclase 
30-32 57.0 4.0 9.0 14765 2 1.678 Caz3SiOs 
30-39 55.0 6.0 9.0 14633 18 1.681 
30-16 54.0 7.0 9.0 1487+4 18 1.680 Periclase 
30-6 57.0 6.0 7.0 >1600 1 1.684* CaO 
30-5 53.0 10.0 7.0 >1600 1 1.676* Periclase 


* See footnote to Table I. 


* See footnote to Table I. 


Table VII. Liquidus Data for Mixtures Containing 35 Pct Al,O, 


Composition, 
Pet Tempera- Time, R.I.of Primary 
CaO MgO SiO». ture, °C Hr Glass Phases 
35-19 6.0 10.0 49.0 149344 Ts) 1.557 Mullite 
35-20 2.0 14.0 49.0 148645 100 1.562+ Mullite 
35-17 1.0 16.0 48.0 149644 150 1.565 Spinel 
35-21 10.0 8.0 47.0 1491+4 75 1.566 Mullite, 
spinel 
35-28 8.0 10.0 47.0 1457+4 150 1.568 Spinel 
35-22 6.0 12.0 47.0 147844 10 1.567 Spinel 
35-23 2.0 16.0 47.0 150844 100 1.568 Spinel 
35-24 10.0 10.0 45.0 148645 100 1.573 Spinel 
35-25 6.0 14.0 45.0 1510+4 100 1.572+ Spinel 
35-26 10.0 12.0 43.0 1528+5 70 1.578 Spinel 
35-27 6.0 16.0 43.0 T5525 48 1.581 Spinel 
35-15 28.0 4.0 33.0 1447+4 24 1.608— Spinel 
35-16 24.0 8.0 33.0 1561+2 2 1.607 Spinel 
35-13 32.0 4.0 29.0 148043 24 1.618 Melilite 
35-14 28.0 8.0 29.0 1597+4 2 1.616 Spinel 
35-12 32.0 8.0 25.0 1595255 1 1.628 Spinel 
35-9 40.0 4.0 21.0 1549+2 3 1.640 Melilite 
35-10 36.0 8.0 21.0 1550+2 4 1.637 Spinel 
35-7 44.0 4.0 17.0 1452+3 24 1.650 Melilite 
35-8 40.0 8.0 17.0 1478+3 40 1.649 Spinel 
35-5 48.0 4.0 13.0 143644 20 1.659 
35-6 44.0 8.0 13.0 1402+4 2 1.661 CasSiOx 
35-3 52.0 40 9.0 139842 1 1.659 CasSiO, 
35-4 48.0 8.0 9.0 1452+4 1 1.670 Periclase 
35-1 56.0 4.0 5.0 1484+4 1 1.682 CaO 
35-2 52.0 8.0 5.0 1529+4 2 1.678 Periclase 
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TWO LIQUIDS 


2570 
CoO 


Fig. 2—Liquidus diagram for the system CaOQ-MgO-SiO, as modi- 
fied by Ricker and Osborn.” Light lines are liquidus isotherms in 
°C, and heavier lines are boundary curves. The primary crystalline 
phase (crystal in equilibrium with liquid at the liquidus tempera- 
ture) in each field is indicated by composition or name or both. 
Merw, merwinite (Ca,MgSi,O,); Mo, monticellite (CaMgSiO,). 


charge, less sulphur is introduced into the furnace; 
and with a smoother operation less production time 
is lost because of malfunctioning of the furnace. 
These statements would probably not be ques- 
tioned seriously by blast furnace operators. The 
questions are how to determine the optimum slag 
composition and how to shift the composition of a 
slag to approach this optimum, given raw materials 
which permit only relatively small changes in slag 
composition, without unduly increasing slag volume. 
Liquidus data for the quaternary system CaO-MgO- 
Al1,0;-SiO,, along with some general considerations, 
provide an approach to the answer. It will be seen 
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Fig. 3—Liquidus diagram at 5 pct Al,O, in the system CaO-MgO- 
Al,O,-SiO,. Light lines are isotherms of the liquidus surface, 
heavier lines are primary phase boundary curves, and dots represent 
compositions of mixtures studied. Temperatures are in °C. Mer, 
merwinite (Ca,MgSi,O.); Mon, monticellite (CaMgSiO,); rankinite, 
Ca,Si,O,; melilite, solid solution of akermanite (Ca,MgSi,O.) and 
gehlenite (Ca,Al,SiO,); pyroxene, solid solution largely of diopside 
(CaMgSi,O,) and clinoenstatite (MgSiO,); tridymite and cristobalite 
are forms of SiO,; forsterite, Mg,SiO,; periclase, MgO. 
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from an examination of these data that the alumina 
content of a slag is not critical within broad limits, 
permitting planes of constant alumina content to 
serve as a base for estimating direction and amount 
of change of lime, magnesia, and silica in order to 
approach the optimum position. 

Desulphurization Potential of a Slag: The distri- 
bution of sulphur between the slag and metal phases 
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Fig. 4—-Liquidus diagram for the 10 pct Al.O; plane. Anorthite, 
mullite, 


15% Al,O; 


Periccase 


va va 
60 rT 60 


30 40 Eo) ss MgO 
WEIGHT PER CENT 


Fig. 5—Liquidus diagram for the 15 pct AlOs plane. Spinel, MgAIOs. 


in a blast furnace is dependent upon many factors, 
including temperature, degree of attainment of 
equilibrium among the phases, total sulphur pres- 
ent, and composition of slag, metal, and gas phases. 
Considering only the variable of slag composi- 
tion, a slag will retain proportionately more of 
the total sulphur in the system the greater the 
tendency of the cations in the slag to form bonds 
with S* in the presence of abundant O*. If this 
tendency is very weak, as it would be for example 
if the slag contained only Si* and Al* cations, then 
a very small amount of sulphur could be accommo- 
dated in the liquid oxide structure. On the other 
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hand, if significant amounts of K* or Na* were 
present in the slag, sulphur ions could be retained 
in relatively large proportions. 

As a first approximation, the heats of formation 
of oxides and sulphides may be used as indications 
of the tendencies of these cations to combine with 
either O* or S* ions. Table VIII gives the heats of 
formation, which although applicable to 18°C, serve 
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Fig. 6—Liquidus diagram for the 20 pct AlsO; plane. Cordierite, 
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Fig. 7—Liquidus diagram for the 25 pct Al2Os plane. 


as a basis for judging relative heats of formation at 
higher temperatures. 

Potassium and sodium are not practicable as con- 
stituents of a blast furnace slag, except as added 
after tapping, but it will be noted that their heats of 
formation of oxides and sulphides are of the same 


Table VIII. Heats of Formation of Oxides and Sulphides, 
Kcal per Gram Atom Oxygen 
K+ Na+ Ca2+ Mg2+ Al+ Sit+ 
O2- 86 99 152 146 133 101 
S2- 88 90 114 82 42 14 
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Fig. 8—Liquidus diagram for the 30 pct Al2O; plane. 


order of magnitude and their desulphurizing power 
therefore high. These data indicate, on the other 
hand, that the desulphurizing action of Si is neg- 
ligible. If a silicon atom is given the choice of com- 
bining with oxygen or sulphur, it will form the 
oxide because this reaction lowers the free energy 
of the system far more than by formation of the 
sulphide. For the four major cations in a blast fur- 
nace slag, the tendency for forming bonds with O* 
rather than with S®* decreases in the order: Si* > 
Al* > Mg* > Ca*; or as desulphurizers, the order 
is Ca* > Mg* > Al* > Si*. Clearly, for the best 
sulphur retention by the slag in a blast furnace, the 
“lowest possible” proportions of alumina and silica 
should be used. Of the two “‘bases,’”’ lime should be 
preferable to magnesia on a mol percentage basis as 
the component added to lower the percentage of 
aluminum and silicon ions present, in view of its 
better desulphurizing tendencies. On the other hand, 
on a weight percentage basis magnesia is more 
effective than lime in lowering the percentage of 
aluminum plus silicon ions present in the mixture 
because of the lower molecular weight of magnesia. 
These two effects, difference in desulphurizing 
power and difference in number of atoms in a given 
weight of the oxide, are of the same order of mag- 
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Fig. 9—Liquidus diagram for the 35 pct AlsOs plane. Sapphirine, 


JANWARY 195%, JOURNAL OF METALS—39 


SiO, 
70 
10 1600 60 
MULLITE 
1800 
CORDIERITE 
20 60 30 % Al,O. 
§ / 
SPINEL 
\ MULLITE % | ; 
Ye MEULUTE \ $ 
= —= . . 2 
30 . 50 —!700 \ 
10 
MELILITE 
) / SPINEL 
60 fed ps 30 
Ca,S!0, % of 
2109 \ 
80 700 
2MgO: 
75 
70 
| \ 
20 £ \ 
CORDIERITE 
ANORTHITE 50 
/ 
MELILITE [ / 
3 
° = 20 
= 
SiO 
Ca,S10, 5 
2300 65 
70 
60 
MULLITE A\s0 
40 
EY, 
30 
° 
30 
40 
& / | spiner 
\ 
20 
2° 20 We) 
60 +1500 
2 


PERICLASE 


\ 


at 


Fig. 10—Photograph of a solid model of part of the liquidus surface 
of the 10 pct AlsOs plane in the system CaO-MgO-AI20s-SiO2. The 
area shown extends from the SiOz apex to a base line at 16 pct 
SiO. (74 pct CaO at one corner and 74 pct MgO at the other). 
Straight lines on front face are at intervals of 100°C. Lines on 
liquidus surface are boundary curves. Note plateau-like surface of 
melilite, monticellite, and merwinite fields, which rises gently to 
the steep slopes of the periclase and dicalcium silicate liquidus sur- 
faces. The optimum position of blast furnace slags at this alumina 
level lies in the field of merwinite (Mer). 


nitude. Therefore, on a weight percentage basis, 
lime and magnesia should be about equally effective 
in increasing the desulphurization potential of a slag. 

The critical question is, what is the “lowest pos- 
sible” proportion of alumina and silica, or for a 
given alumina content, what is the lowest possible 
silica content which can be used? This question is 
answered directly by an examination of the liquidus 
data as soon as one reasonable assumption is made 
with respect to the temperature of the slag in the 
furnace. The order of magnitude of this temperature 
is 1400° to 1500°C. If it is assumed for purposes of 
illustration that the temperature in a particular 
furnace is 1500°C and that the slag contains 15 pct 
alumina with the balance being lime, magnesia, and 
silica, by referring to Fig. 5, it can be seen that all 
compositions lying in a large area in the upper left 
central part of the diagram will be entirely liquid 
at 1500°C. These of course are compositions having 
liquidus temperatures less than 1500°C. Composi- 
tions having the lowest silica content at 1500°C and 
which are completely liquid at this temperature are 
those lying along the 1500°C isotherm where the 
percentage of silica is the lowest. The minimum 
silica point is on the dicalcium silicate-periclase 
boundary curve at approximately 13 pct MgO. At 
1500°C and 15 pct alumina, a liquid of lower silica 
content than this is not possible. If more lime and 
magnesia are added in order to reduce the silica 
content of the mixture, the composition then lies in 
a higher liquidus region where crystals will be pres- 
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ent in the liquid at 1500°C, and the composition of 
the liquid present in the mixture will be no lower in 
silica. With crystals such as dicalcium silicate, mer- 
winite, monticellite, and periclase coexisting with 
the liquid, the composition of the latter must still 
lie along the 1500° isotherm, but the composition 
of the liquid will no longer be represented by a 
point on the 15 pct Al.O, plane. This liquid in equi- 
librium with crystals will contain more than 15 pet 
Al,O;. Clearly, then, from the standpoint of desul- 
phurization, the optimum composition of a lime- 
magnesia-alumina-silica slag at 1500°C, containing 
15 pet alumina, is this point at 13 pet MgO and 28 
pet SiO:. 

If the temperature of the slag is lower or higher 
than 1500°C, its optimum composition with respect 
to desulphurization is again the point of lowest silica 
content lying on the liquidus isotherm for this 
temperature. In an actual slag other constituents 
such as FeO, TiO., and MnO, along with S, are pres- 
ent to a total extent of a few percent, and these all 
serve to lower the liquidus temperature (and vis- 
cosity) of the slag, but their effect on this general 
picture is small because of the small amounts pres- 
ent, and the effect is in the direction of giving a 
safety factor in the use of these diagrams; that is, 
liquidus temperatures of an actual slag, where its 
composition is recalculated on a basis of 100 pct 
CaO, MgO, AI.O;, and SiO., are somewhat lower 
than those shown in the diagrams for the system 
CaO-MgO-Al,O,;-SiO., as will be discussed. 

If the alumina content of the slag is approxi- 
mately 10 pct, then the diagram for this plane can 
be used (Fig. 4) and the optimum composition of 
the slag from the standpoint of desulphurization is 
indicated in Fig. 13. Diagrams are presented at 5 pct 
Al.O; intervals for planes containing for 0 to 35 pct 
Al,O;. For alumina contents other than those for 
which diagrams have been presented, planes show- 
ing the position of liquidus isotherms can be con- 
structed with reasonable accuracy by interpolation 
of data given. 

It has been instructive to replot the data of Hol- 
brook and Joseph” and of Holbrook“ on the relative 
desulphurizing powers of blast furnace slags, using 
as a base these planes of constant alumina content. 
Taking the 10 pct ALO, plane as an example, a plot 
of their data on this plane is shown in Fig. 11. The 
isodesulphurization lines* are just as would be ex- 


* Lines of equal desulphurization ratio, i.e., ratio of sulphur in 
slag to sulphur in metal. 


pected from the considerations discussed above 
except that the maximum desulphurization instead 
of being at the lowest silica content on the 1500°C 
isotherm lies approximately at the lowest silica con- 
tent on the 1600° to 1700°C isotherm, or in other 
words it is displaced to a somewhat lower silica 
percentage. Above this maximum, lines of equal 
desulphurization are approximately parallel to the 
base, or in other words they are essentially lines of 
constant silica content. Below this maximum, de- 
sulphurization falls off very rapidly as silica is 
decreased, as would be expected because of the in- 
creasing amounts of crystals present in the liquid as 
mixtures of higher and higher liquidus tempera- 
tures are encountered. The crystals present contain 
no significant amount of sulphur, and the more 
crystals present the less liquid there is to do the © 
desulphurizing. Furthermore, as mentioned above, 
if crystals of a lower SiO, content than that of the 
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mixture are present, the coexisting liquid has a 
higher SiO, content than that of the mixture. 

These data of Holbrook and Joseph were obtained 
at 1500°C. Although the correspondence of their 
data with our conception of desulphurization based 
on liquidus data is good, their maximum for de- 
sulphurization (Fig. 11) is displaced to somewhat 
lower silica contents than a point on the 1500°C 
isotherm. This is at least partly explained by the 
fact that their slags contained FeO and sulphur, in- 
asmuch as their work was done with slags in contact 
with a metallic phase and sulphur was added. The 
FeO and S present would lower liquidus tempera- 
tures and cause a displacement of the maximum in 
this direction. 

In their study of sulphur equilibria between iron 
blast furnace slag and metal, Hatch and Chipman” 
concluded that the desulphurization ratio is ap- 
proximately proportional on a mol percentage basis 
to (CaO+2/3MgO)/(Al,0,+SiO,); and that on a 
weight percentage basis, CaO and MgO are approx- 
imately equivalent. This is further corroboration 
of the principle that for a given AIl.O, content, 
maximum desulphurization under equilibrium con- 
ditions will occur with the liquid having the lowest 
silica content. 

Viscosity of a Slag: The viscosity of a fused sili- 
cate is a function of the degree of polymerization of 
the silica. The structural element in all silicates 
(crystals, glasses, and melts) is the SiO, tetra- 
hedron. Pure SiO, has to form a polymer of infinite 
molecular weight in order to produce this structure. 
In SiO, each O* ion is shared by two Si‘ ions. Only 
silicates with an O:Si ratio > 4 can have isolated 
SiO, tetrahedra, and for this reason such fused sili- 
cates can have a low viscosity. All other silicates 
contain polymer silicate units and as a first approxi- 
mation their viscosity increases with increasing Si* 
to O* ratio, 

In fused, complex aluminosilicates, AlO, groups 
form polymer units with SiO, groups. Hence, in the 
system CaO-MgO-AlI,O,-SiO., Al,O; as well as SiO, 
are effective in increasing viscosity. The oxides, 
CaO and MgO, on the other hand, lower the viscosity 
of liquids in this system. Therefore, for a given 
alumina content of a liquid in this system, the lower 
the silica content, the lower will be the viscosity. 
Bearing in mind that crystals suspended in a liquid 
raise the viscosity of the mixture over that of the 
liquid, compositions of minimum viscosity will be 
those which are all liquid at the temperature used 
(above their liquidus temperature) and which for a 
given alumina content contain the smallest amount 
of silica. On a weight percentage basis, lime and 
magnesia should be approximately equivalent in 
effect on viscosity. From the standpoint of having a 
slag of minimum viscosity, therefore, the optimum 
composition of a slag is the same as that for maxi- 
mum desulphurization, a very convenient arrange- 
ment. Accurate viscosity measurements in the re- 
gion of optimum blast furnace slag compositions will 
no doubt show that minimum viscosity and maxi- 
mum desulphurization points do not exactly coin- 
cide, but they will undoubtedly be close in composi- 
tion. The experimental studies of Machin, Yee, and 
Hanna™” on viscosity of liquids in the system CaO- 
MgO-AIl.O,-SiO, are instructive in this connection. 
Their viscosity data for the system CaO-AI,O,-Si0, 
at temperatures from 1350° to 1500°C show clearly 
that viscosity of liquid decreases regularly with 
increase of CaO. Furthermore, isokoms are very 
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Fig. 11—Diagram of part of 10 pct AlsO; plane showing relation of 
desulphurization data of Holbrook and Joseph’? and of Holbrook” 
to liquidus isotherms. Dashed lines are liquidus isotherms, solid lines 
are isodesulphurization curves. Figures on latter represent the sul- 
phur distribution ratio: sulphur in slag/sulphur in metal, under con- 
ditions of experiments at 1500°C. Triangle represents optimum slag 
region as deduced from the present study, see Fig. 13 and text. 


nearly parallel to lines of equal CaO content; in 
other words, Al.O, and SiO. are approximately 
equivalent, on a weight percentage basis, with re- 
spect to effect on viscosity. It is interesting to note 
from their diagrams of quaternary mixtures that 
on a weight percentage basis magnesia is slightly 
more effective than lime in lowering viscosity. 

Significance of the Plateau Region: In the earlier 
discussion of liquidus data, attention was called to a 
plateau on the liquidus surface. This feature ap- 
pears in the regions where melilite, merwinite, and 
monticellite are primary phases and stands out as a 
region of low liquidus slope because of the contrast- 
ing steep slope of the liquidus surfaces of the fields 
of dicalcium silicate and periclase. For the 10 pct 
Al.O, plane, this plateau can be seen as a striking 
feature in the solid model (Fig. 10). The plateau 
rises gradually and narrows as it approaches the 
steep fronts of the dicalcium silicate and periclase 
fields. The optimum slag compositions lie in this 
upper, narrow part of the plateau where silica con- 
tents are lowest and the liquidus temperatures are 
still below the temperature of a slag in a furnace. 
Because of the existence of this plateau, considerable 
latitude with respect to variation in composition of 
a blast furnace slag is permissible. As long as the 
slag composition is in the plateau region, the slag 
will be all liquid at usual operating temperatures 
and there should be no furnace operational difficul- 
ties because of the slag. But if an intended slag 
composition is close to the steeply rising front of the 
dicalcium silicate or periclase fields, then trouble 
may result when the slag, in its normal variation in 
composition, becomes a little too low in silica and 
moves into the high liquidus region. As it does this, 
crystals will appear in the slag, raising the viscosity 
of the mixture, promoting “gumminess” and other 
undesirable slag characteristics. In order that a 
furnace be in a continually smooth working condi- 
tion, the intended slag composition should be back 
far enough from the steep liquidus fronts that the 
inevitable shifts in composition will not carry it into 
the high liquidus region. Usual slag temperatures 
are sufficiently high that as long as the slag compo- 
sition lies in the plateau region with respect to per- 
centages of lime, magnesia, alumina, and silica, the 
slag will be all liquid. 

The existence of this plateau region is highly sig- 
nificant with respect to the effect of increasing or 
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Fig. 12—Diagram of part of liquidus surface of 5 pct Al,O; plane 
showing location of optimum blast furnace slag composition (tri- 
angle). 
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Fig. 13—Optimum blast furnace slag composition (triangle) at 10 
pet AlOs. 


decreasing the proportion of a component in a slag, 
e.g., magnesia or lime. Somewhat arbitrary state- 
ments to the effect that high magnesia is beneficial 
or higher lime slags should be used, have little 
meaning without carefully considering the total 
composition of the slag. If the slag carries about 10 
pet Al,O,, as an example, then by plotting the slag 
composition on Fig. 13, the effect of changing rela- 
tive amounts of CaO, MgO, or SiO, is readily seen. If 
the slag composition lies on the right side of the 
plateau close to the periclase liquidus surface, then 
even a slight increase in MgO may increase viscosity 
of slag because of the appearance of periclase crys- 
tals. On the other hand, if the slag composition lies 
on the left side, near the dicalcium silicate surface, 
increase in the magnesia content, by replacing lime 
by magnesia on a weight percentage basis, will have 
no particular effect on slag properties. In this latter 
case, however, a “safer” slag is obtained by substi- 
tuting MgO for part of the CaO and moving the 
composition away from the steep liquidus slope. 
Finally, if the slag composition lies in a central posi- 
tion on the plateau, changing the ratio of lime to 
magnesia within rather broad limits will have little 
or no effect on slag properties. Changing the per- 
centage of silica of course will have. 

Optimum Slag Composition at Various Alumina 
Levels: Blast furnace slags commonly contain alu- 
mina in the range of 10 to 15 pct, but may, when 
using certain ores and stone, run as high as 35 pet 
or lower than 10 pct alumina. The alumina content 
does not seem to be critical within wide limits, as 
discussed later, in contrast, for example, to the mag- 
nesia content. Therefore, given some particular 
alumina content, what, in view of the data and prin- 
ciples discussed above, should be the relative 
amounts of lime, magnesia, and silica? This can be 
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judged by a consideration of Figs. 12 to 18. 1 These 
diagrams are at 5, 10, 15, 20, 25, 30, and 35 pet alu- 
mina levels, depicting liquidus relations in a smaller 
area of the triangles than Figs. 3 to 9. Curves are 
liquidus isotherms at 50°C intervals from 1300° to 
1800°C, and at 100°C intervals at higher tempera- 
tures. Straight lines at 10 pct intervals are included 
to facilitate estimation of compositions. On each 
diagram is shown a small triangle in black indicat- 
ing the optimum composition of a blast furnace slag. 
This optimum position as shown can serve only as a 
guide and will be shifted, especially with respect to 
silica content, if unusual temperatures are used or if 
amounts of constituents other than lime, magnesia, 
alumina, and silica are unusual. That is, if tempera- 
tures are very high, as indicated for example by a 
very high silicon content in the metal, slag composi- 
tions can be moved to lower silica percentages, but 
not below the high liquidus fronts of the periclase 
and dicalcium fields. Or, for example, if large 
amounts of MnO are present, the significant lower- 
ing of liquidus temperatures caused by this com- 
ponent will make possible a shift of the optimum 
composition to lower silica values. 

The optimum zone on the 5 pct AIl,O; plane (Fig. 
12) is shown to center at 36 pct SiO., 16 pct MgO, 
and 43 pet CaO. Increasing the. Al.O; content to 10 
pet (Fig. 13) causes an approximately correspond- 
ing decrease in SiO. as MgO decreases to 14 pct and 
CaO increases to 44 pet. In passing upward in the 
tetrahedron (Fig. 1) to the 15 pct Al,O; plane (Fig. 
14), this same trend in change of composition of the 
optimum point is continued as the percentage of 
SiO, changes to 28%. As AJI.O,; increases, a comple- 
mentary decrease in SiO, occurs for the optimum 
point as the re-entrant angle of the liquidus plateau 
shifts to a lower SiO, position. Concommitantly, 
temperatures along the narrow liquidus valley con- 
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Fig. 14—Optimum blast furnace slag composition (triangle) at 15 
pct AlsOs. 
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Fig. 15—Optimum blast furnace slag composition (triangle) at 20 
pct Al.Os. 
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necting the merwinite plateau region with the tri- 
calcium silicate “sink” are reduced (see Figs. 2 to 
6). That is, temperatures along the periclase-dical- 
cium silicate boundary curve decrease with increas- 
ing Al.O;. On the 20 pct Al.O, plane (Fig. 6), it will 
be noted that temperatures along this valley are less 
than 1600°C. Considering the effect in lowering of 
liquidus temperatures of the minor constituents in 
a blast furnace slag, a slag would probably be all 
liquid under usual furnace conditions if its composi- 
tion lies in this valley. Hence, a 20 pct AIO, slag 
having highly satisfactory desulphurization and vis- 
cosity characteristics would be possible with a silica 
content of only 14 pct (58 pet CaO and 8 pct MgO). 
However, the optimum point for a slag on the 20 pct 
Al,O,; plane has been placed at 24 pct SiO., 11 pct 
MgO, and 45 pct CaO, in the low silica part of the 
plateau (Fig. 15), because the valley and sink areas 
are narrow and may not permit sufficient latitude 
in variation of slag composition to insure that slag 
compositions will remain within this liquidus valley. 
Similarly, on the 25 pct Al.O, plane (Fig. 16), the 
optimum slag point might be taken at considerably 
lower SiO, and higher CaO contents than is indi- 
cated by the upper triangle, for the plateau is now 
coextensive with the broad valley leading to the 
tricalcium silicate field. The point shown as the 
upper triangle is located at 19 pet SiO., 8 pct MgO, 
and 48 pct CaO, but the optimum position might 
with safety be placed at the point indicated by the 
lower triangle, where the slag would be expected to 
have a much higher desulphurization potential and 
a lower viscosity. This alternate point has the com- 
position, 12 pct SiO., 6 pet MgO, and 57 pct CaO. 
Optimum points for the 30 and 35 pct Al.O; planes 
are located in the tricalcium silicate sink area (Figs. 
17 and 18). 

It should be understood that the triangles in Figs. 
12 to 18 serve only as an indication of the optimum 
area, and might have been placed in slightly differ- 
ent positions. This is especially true for the high 
planes. 

Table IX gives the compositions of optimum slag 
points (triangles, Figs. 12 to 18) for the various 
alumina levels. It will be noticed that for the usual 
range of alumina in a slag, about 8 to 15 pct, the 
variation in magnesia or in lime content for the 
optimum slag composition varies only slightly, cen- 
tering around 14 pct MgO and 44 pct CaO. As 
alumina increases, magnesia decreases and lime in- 
creases. On the other hand, silica is approximately 
complementary to alumina, decreasing as alumina 
increases. If the optimum point is considered to be 
a circular area on an AI.O, plane, the optimum slag 
region becomes a cylindrical volume in the tetra- 
hedron, extending upward from the base and tilting 


Table IX. Optimum Slag Composition Points Shown on 
Figs. 12 to 18 in Weight Percent 


AlsOz CaO MgO 
5 43 16 36 
10 44 14 32 
15 44 12% 28% 
20 45 11 24 
25 48 8 19 
(57) * (6) (12) 
30 56 5 
35 54 4 


* Figures in parentheses are alternate optimum slag composition 
as shown in Fig. 16. 
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Fig. 16—Diagram of part of liquidus surface of 25 pct Al.O; plane. 
Upper triangle is a conservative position for optimum blast furnace 
slag composition. Lower silica slags, however, might be practicable, 
and if so would be superior. Optimum composition for these latter is 
indicated by the lower triangle. 
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Fig. 17—Optimum blast furnace slag composition (triangle) at 30 
pct AlsOs. 
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Fig. 18—Optimum blast furnace slag composition (triangle) at 35 
pct 


to the left (Fig. 1). For the whole series of alumina 
planes, total bases at the optimum points (Table IX) 
range between 56 and 61 pct, or for an average val- 
ue the ratio of (Ca0+MgO)/(AI1,0;+Si0.) is 1:41. 
It will be noted that ratios in common use, which do 
not include Al.O;, such as (CaO+MgO)/Si0O., have 
little significance except in comparing slags of sim- 
ilar alumina content. 


Optimum Alumina Level for a Blast Furnace Slag 


In the preceding discussion only the optimum 
point on each Al,O, plane has been considered. Is 
there also an optimum percentage of AI.O, for a 
blast furnace slag? Or in other words, is the opti- 
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Fig. 19—Diagram of part of 10 pct AlsO; plane showing location of 
representative blast furnace slags recalculated to 100 pct CaO + 
MgO + AIO; + SiO». Each area delimited by a heavy line (A, B, 
and C) includes daily average slag analyses from a particular fur- 
nace where Al.O; was 10-1 pct. 


mum point on one AI,O, plane preferable to that on 
other Al,O, planes? Both the desulphurization data 
of Hatch and Chipman” and the viscosity studies of 
Machin and Yee’ suggest that Al.O; and SiO, are 
approximately equivalent with respect to desul- 
phurization and viscosity. It would seem, therefore, 
that as long as the same (CaO+MgO)/(A1,0;+Si0O,) 
ratio is maintained, the Al,O, content is not critical. 
This ratio at the optimum point is approximately 
the same on all but the highest Al,O, planes. On the 
other hand, the incomplete data of Holbrook and 
Joseph” and of Holbrook” suggest that for slags of 
optimum composition with respect to CaO, MgO, 
and SiO., the desulphurization ratio is at a maxi- 
mum at about 10 pct Al.O;. Their data, however, do 
not extend to sufficiently low SiO, percentages at the 
lower MgO levels to prove that this indication is 
valid. On the basis of available data, it is possible 
to conclude that the Al,O, content of a slag is not 
significant from the standpoint of slag properties, 
providing the CaO, MgO, and SiO, percentages can 
be adjusted to those of the optimum composition for 
the particular Al.O, level being used. 


Actual Slag Compositions 

Blast furnace slags employed during the making 
of iron for open hearth furnaces contain of the 
order of 5 pct of minor constituents, or in other 
words, the total of lime, magnesia, alumina, and 
silica is about 95 pct. In order to use the diagrams 
to show the position of a slag, the four major con- 
stituents should be recalculated to 100 pct and plot- 
ted on the appropriate diagram. A simple, approxi- 
mate method, whereby the percentage of the minor 
constituents is roughly apportioned among the four 
major oxides, requiring no complicated calculation, 
is sufficient for most purposes in view of the normal 
variations in slag composition. The alumina content 
after recalculation will determine the appropriate 
diagram to use for the plotting. The diagrams are 
spaced at 5 pct Al.O, intervals (Figs. 12 to 18), and 
the diagram to use will of course be the one to which 
the alumina content of the slag most nearly corre- 
sponds. (If the alumina content lies about half way 
between that of two diagrams, a new diagram can 
be made by interpolation, to use in plotting. There 
are no abrupt changes in optimum slag composition 
with changing alumina content, but rather the point 
changes in position in a regular manner.) Using the 
10 pct Al.O, plane as an example, in Fig. 19 daily 
average slag analyses from three furnaces have 
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been plotted. The slags plotted all contained 10+ 
1 pet Al,O; on a recalculated basis (analyses which 
when recalculated contained more or less than this 
amount of Al.O, were not plotted on this diagram). 
Slags from each furnace lie within the area included 
within the heavy line. It will be noted that slags 
from furnace C include and surround the optimum 
point. These would be expected, from the foregoing, 
to be excellent slags, and they have been found to 
be so. Slags from furnaces A and B lie at some dis- 
tance from the optimum point and have the ex- 
pected disadvantages. They cannot be as efficient 
desulphurizers, and in-attempts to increase the de- 
sulphurization by increasing the basicity, high 
liquidus temperatures, and therefore troublesome 
slags, are encountered. 

The actual slags plotted in Fig. 19 show that on 
a recalculated basis slags are used having a liquidus 
temperature close to or even above 1600°C. Slag 
temperatures are of the order of 100°C lower than 
this. The minor constituents in the slags act as fluxes 
lowering the liquidus temperature below that which 
would obtain if the slag were composed only of the 
four major components. On the basis of measure- 
ments of liquidus temperature of actual slags,+ this 


+ Accurate measurement of liquidus temperature on small, labor- 
atory samples of an actual slag are exceedingly difficult owing to 
the virtual impossibility of maintaining a constant composition, 
especially with respect to the percentage of FeO and sulphur in 
the melt. 


liquidus temperature lowering is estimated to be of 
the order of 100°C on the steep liquidus slopes of the 
periclase and dicalcium silicate fields, and some- 
what less in the plateau region. The minor constitu- 
ents act in the main to give a general lowering of 
the liquidus surface without affecting the overall 
configuration, or relationship, of slopes. If, however, 
one or more additional oxides are present in rela- 
tively large amounts, for example MnO, then lower- 
ing of liquidus temperatures and shifting of positions 
of liquidus slopes may be of a sufficiently high 
order that these diagrams can serve as only a very 
rough guide. In this case, additional liquidus meas- 
urements of mixtures approaching these slags in 
composition should be made to find the order of 
magnitude of the change in liquidus relationships 
caused by these large departures of the slag from 
compositions in the quaternary system CaO-MgO- 
Al.O;-SiO.. The non-noble gas configuration of Fe* 
and Mn* along with their relatively low field 
strengths suggest that these two ions are good fluxes. 
Therefore, for a given alumina content, the percent- 
age of silica can be lower, the greater the amount of 
these ions present, without moving into high liquidus 
regions where excessive temperatures are required 
to melt the crystalline phases. 


Summary 

Liquidus data are presented for 446 mixtures in 
the quaternary system CaO-MgO-Al.0,-SiO., pre- 
pared at 5 pct Al.O, intervals over the range of 5 to 
35 pet Al.O;. The liquidus temperature, primary 
crystalline phase, and refractive index of the glass 
are given. On the basis of these data, along with 
previously published information, liquidus diagrams 
are presented for the seven triangular joins, or 
“ALO; planes,” at 5, 10, 15, 20, 25, 30, and 35 pct 
Al,O;. Isotherms for the liquidus surface, and pri- 
mary phase fields are shown. The diagrams thus 
show, for a particular Al,O, content, the effect of 
changes of relative percentages of CaO, MgO, and 


SiO, on the temperature of complete melting of a 
mixture. 
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A blast furnace slag to be most effective and prac- 
ticable must be completely liquid, i.e., its liquidus 
temperature must be below that of the temperature 
to which it is heated in the furnace. Assuming as a 
first approximation that blast furnace slags are com- 
posed entirely of CaO, MgO, AI.O;, and SiO., and 
assuming a temperature of 1500°C, practical slag 
compositions le in those areas on the diagrams 
where liquidus temperatures are lower than 1500°C. 
The optimum composition of a slag lying in this 
area on any particular Al,O, plane is that point of 
lowest SiO. content; for this slag will have maxi- 
mum desulphurization potential and minimum vis- 
cosity. On a second series of diagrams, this point of 
optimum composition is shown. The point lies on the 
low silica side of a “plateau region” on the liquidus 
surface, most clearly shown on three-dimensional 
models (see Fig. 10). For the usual range of Al.O; in 
a slag, about 8 to 15 pct, the variation in MgO or 
CaO for optimum slag composition varies only 
slightly, centering around 14 pet MgO and 44 pct 
CaO. SiO, is approximately complementary to Al1,O,, 
being 32 pct at 10 pct Al.O,, and decreasing as AIl.O, 
increases. 

Blast furnace slags may be recalculated to 100 pct 
CaO+Mg0O+Al.0,+SiO, and plotted on the appro- 
priate Al,O, diagram for comparison of their com- 
positions with that of the optimum point. Where this 
has been done it was found that slags are used 
having liquidus temperatures, on the basis of the 
four components, of 1600°C or slightly higher. Slag 
temperatures are of the order of 100°C lower than 
this. The minor components in the slag have the 
effect of lowering liquidus temperatures about 100°C 
in the periclase and dicalcium silicate fields. 
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Technical Note 


Magnetic Transformation of Iron in Copper Matrix 


At Low Temperatures 


by R. E. Cech and D. Turnbull 


XPERIMENTAL studies of precipitation of iron 
from solid solution in copper by Gordon and 
Cohen,’ Bitter and Kaufmann,’ and Smith* revealed 
that the precipitate particles were initially para- 
magnetic but could be changed to a ferromagnetic 
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Table |. Effect of Liquid Nitrogen Quench (from 27°C) on 
Magnetic Force in Specimens Aged Various Times at 700°C. 
Homogenization Treatment, 17 hr at 1040°C 


Magnetic Force (M.F.) at 
Room Temperature (300°K) 


Time (in Hr) After After Quenching 


of Aging at Aging Aged Specimens 
700°C Treatment to —196°C 
0.67 0.1 0.4 
5.0 0.1 0.5 
0.3 0.6 
23. 0.5 0.7 


form by cold working or by extended aging at ele- 
vated temperatures. It was concluded from the re- 
sults of X-ray diffraction studies*® that the magnetic 
change was coincident with the transition from 
face-centered cubic to body-centered cubic struc- 
ture in the precipitate. 

They also found that an increase in magnetic 
precipitate could be effected by aging a partially 
precipitated cold worked specimen. This result was 
presumed to be due to growth of body-centered 
cubic iron particles. 

The conclusion that these changes in magnetic 
properties are coincident with the y to a phase 
change in the precipitate has sometimes been ques- 
tioned on the basis that small particles of ‘the a 
phase may be nonferromagnetic. Also the evidence” 
supporting the conclusion is quite indirect. This 
note will report some further observations that may 
have a significant bearing on the interpretation of 
the magnetic transformation in this system. 

An alloy of 2.5 pet Fe, balance copper, was pre- 
pared by melting OFHC copper and electrolytic 
iron under a hydrogen atmosphere and pouring into 
a i in. graphite mold. The iron was added as pressed 
powder mixed with an equal amount of copper 
powder. Slices were cut from near the bottom of 
the ingot for specimens. Chemical analysis of turn- 
ings from metal adjacent to the specimens indi- 
cated an iron content of 2.54 pct. 

The magnetic apparatus measured qualitatively 
the force of magnetic attraction at a fixed position 
in a nonuniform magnetic field. In one set of ex- 
periments this was simply a scale which measured 
the force required to pull the sample off a plastic 
spacer on the pole of a strong permanent magnet. 
In a series of corroborative experiments,* an ap- 
paratus patterned after one constructed by Buell 
and Wulff? was used to measure the force of attrac- 
tion on the specimen exerted by a magnetic field. 
In both cases the measured force was the sum of the 
paramagnetic attraction of the matrix and ferro- 
magnetic attraction of the precipitate. The quali- 
tative findings of this investigation would not be 
altered by the diamagnetism or paramagnetism of 
the matrix, however. 

Several different specimens were aged for various 
times at 700°C and then cooled to 27°C. The aging 
times and the resulting magnetic forces (magnetic 
force = M.F.; all M.F. values measured at 27°C) 
are shown in Table I. It was discovered that M.F. 
(see Table I) for these specimens was markedly 
increased after quenching to —196°C. For example, 
M.F. increased from 0.1 to 0.5 as a result of the 
—196°C quench for the specimen aged 5 hr at 
700°C. Our interpretation is that the —196°C 
quench causes transformation of part of the non- 
ferromagnetic (nf) “phase” to the ferromagnetic 
(f) “phase.” The low temperature treatment did 
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not cause complete transformation of nf to f, how- 
ever, since cold working a quenched specimen at 
room temperature increased M.F. by a factor of 10. 
The treatment of the specimen that was cold 
worked and the resulting values of M.F. (shown in 
parentheses) were as follows: 

Homogenized 17 hr at 1040°C > Aged 23 hr at 
700°C > Cooled to 27°C (M.F. = 0.5) ~ After —196°C 
quench (M.F. = 0.7) ~ Cold worked at 27°C (M.F. 
= 5.0) > After —196°C quench (M.F. = 6.2). 

A major fraction of the transformation below 
27°C takes place upon quenching to —79°C, as the 
following summary of experiments and results 
shows: 

Homogenized 1 hr at 1020°C > Aged 60 hr at 
500°C Cooled to 27°C (M.F. =4.75) > After quench 
to —79°C (M.F. = 8.65) > After quench to —196°C 
(M.F. = 9.65). 

Very short heat treatments .at temperatures ex- 
ceeding the transformation temperature causes 
reversion of f to nf but does not effect resolution of 
the major part of the iron. After cooling to room 
temperature, most of the iron remains in the nf 
phase but a large fraction of this nf transforms to 
f upon quenching to 196°C. The experiments and 
results on which these conclusions are based are 
summarized as follows: 

Homogenized 1 hr at 1020°C > Aged 60 hr at. 
500°€ Cooled’ to (LE. = 5:3) > 
hr at 27°C (M.F. = 6.7) => 1040°C for 40 sec > 
cooled to 27°C (M.F. = 0.95) > After —196°C 
quench (M.F. = 4.25). 

These results also show that a small amount of 
nf reverts to f upon aging at 27°C. 

The results of the corroborative experiments by 
Rocco,’ using the apparatus of Buell and Wulff, were 
qualitatively similar to those reported here. 

It appears that our results are consistent with 
the concept that the transformation nf > f corre- 
sponds to the structural transformation y (nf) > a (f). 
Since partial transformation nf > f is effected either 
by quenching to low temperature or by cold work- 
ing, the transition may be of the martensitic type. 


Summary 

1—The iron-rich precipitate in a Cu-2.54 pct Fe 
alloy can be caused to transform by subcooling be- 
low room temperature. The extent of transforma- 
tion is increased as temperature of subcooling is 
increased. 

2—Subcooling after a large fraction of precipitate 
has been transformed by cold working causes 
further transformation of residual y precipitate. 

3—Aging at room temperature causes a small 
amount of ¥ to a transformation to occur. 
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Solidification of Aluminum-Rich Aluminum-Copper Alloys 


by Arthur B. Michael and Michael B. Bever 


The solidification of aluminum-rich aluminum-copper alloys was 


investigated for different solidification 


rates. The measured 


amounts of nonequilibrium eutectic were compared with the 
amounts calculated on the assumption of no diffusion in the solid. 
The morphology of the eutectic was studied and dendritic spacings 
were measured. Compositions of the cored primary solid solutions 
were determined by quantitative autoradiography after activation 
of the solute copper by neutron irradiation. 


ONSIDERABLE progress has been made in recent 
years toward an understanding of the solidifi- 
cation of metals. This is especially true for the 
factors involved in nucleation, the controlled growth 
of metal crystals from melts, and various aspects of 
the freezing of ingots and castings. Many features 
of the solidification process, however, are not under- 
stood adequately and much further work is required. 
In the research reported here the solidification of 
a series of aluminum-rich aluminum-copper alloys 
was investigated. Different degrees of deviation 
from the idealized case of equilibrium solidification 
were attained by varying the rate of solidification. 
Thermal analysis and microscopic examination were 
supplemented by lineal analysis and autoradio- 
graphy. The latter required the use of radioactive 
tracers and was adapted to the quantitative deter- 
mination on a microscale of concentrations of copper 
dissolved in aluminum. The tracers were produced 
in situ by activating the copper with neutrons. 
These techniques permitted a correlated interpre- 
tation of the temperature-time history, the amounts 
of nonequilibrium eutectic and the general mor- 
phology of the alloys, and yielded quantitative data 
on microsegregation. 


Nonequilibrium Solidification 
In the general case of the solidification of a solid 
solution in accordance with the phase diagram, the 
composition of the coexisting liquid and solid must 
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change continuously. This change requires diffu- 
sion, which at best remains incomplete in the solid 
during solidification. The resulting inhomogeneity 
of the solid solution crystals is well-known as cor- 
ing, dendritic segregation, or microsegregation. 

The generally accepted analysis of coring assumes 
that, 1—no diffusion occurs in the solid, 2—diffusion 
is complete in the liquid, and 3—the composition of 
the solid formed on cooling through any infinitesi- 
mal temperature interval is given by the solidus of 
the phase diagram. On this basis, 


My, 


[1] 
XL, — Ls 

In this equation m designates mass, x designates the 
concentration of solute and the subscripts L and S 
refer to the liquid and solid phases, respectively; the 
subscript o indicates the initial state, in which the 


— liquid is identical with the entire system. Eq. 1 or 


its equivalent has been derived repeatedly*“ and an 
analogous equation, known as Rayleigh’s equation, 
has been used for distillation.” The assumptions on 
which Eq. 1 is based do not include an infinitely fast 
cooling rate as sometimes stated. In fact, Olsen and 
Hultgren® have shown by experiment that very high 
solidification rates suppress coring, presumably by 
preventing diffusion in the liquid and by the effect 
undercooling has on the composition of the nucleus. 
Coring thus occurs at rates of cooling which are too 
fast for a close approach to equilibrium in the solid 
and too slow to suppress diffusion in the liquid and 
to cause marked undercooling. 

If the liquidus and solidus approximate straight 
lines, Eq. 1 simplifies to 


Mr, 
= [2] 
Mao 


The fraction of liquid present at any temperature 
during nonequilibrium solidification can be calcu- 
lated from Eqs. 1 or 2. By the lever relation it is 
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Fig. 1—Cooling curves for aluminum-copper alloys, containing 
nominally 2, 3, 4, and 5 pet Cu. 


possible to determine the average composition xs of 


the solid. Values of xs for different temperatures 
constitute the nonequilibrium solidus of an alloy of 
given composition x,. 

The nonequilibrium solidification of a solid solu- 
tion terminates in a manner which depends on the 
type of system. In the case of complete miscibility 
in the liquid and solid, the final solid forming ac- 
cording to Eq. 1 has the composition of the lower 
melting component.’ If the two-phase field for the 
coexisting solid and liquid solutions is bordered on 
the low temperature side by an invariant reaction, 
such as a eutectic, nonequilibrium solidification 
makes a larger amount of liquid available for that 
reaction than would be the case under equilibrium 
conditions. Consequently larger amounts of eutectic 
form and eutectic is found in alloys of compositions 
for which the equilibrium diagram indicates only 
the presence of a terminal solid solution.” ” Corre- 
sponding considerations apply to systems in which 
peritectic reactions occur. 

Calculations by Eqs. 1 or 2 represent extreme con- 
ditions inasmuch as they are based on the assump- 
tion of complete lack of diffusion in the solid. Since 
the structures originating by a reaction such as a 
eutectic can be measured by quantitative metallo- 
graphy, it is possible to compare actual with calcu- 
lated amounts. Some comparative data of this kind 
have been published.’ 

Gulliver’ considered the case of solidification of a 
eutectiferous alloy at a rate permitting partial ap- 
proach to equilibrium in the solid. His analysis 


Table |. Data on the Controlled Solidification 
of Aluminum-Copper Alloys 
Time of Solidification 
Cu, Wt Pct Solidifica- Index, 
Sample Xo tion, Sec °C per Sec 

a 2.07 ~2 53 
c 2.07 20 5:3 
b 2.08 120 0.87 
Ww 1.96 7440 0.014 
k 2.94 6 16.2 
m 2.96 22 4.6 
1 2.97 156 0.69 
Vv 2.81 6360 0.016 
d 3.93 ~2 49 
f 3.96 20 5.0 
e 3.94 110 0.85 
u 4.06 5640 0.017 
p 4.71 6 15.7 
26 3.7 
n 4.82 168 
Ss 4.80 7800 0.012 
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involves a solidification factor Z which is introduced 
into Eq. 2 as follows: 


x,—Z 


By determining Z experimentally, nonequilibrium 
solidus curves for a given alloy can be calculated 
for various rates of cooling. Z is taken independent 
of temperature and has the units of concentration. 
For a eutectiferous alloy Z can vary between zero 
and the overall composition of the alloy, x,, provided 
the latter is less than the maximum solid solubility 
at the eutectic temperature. 

The determination of concentration gradients in 
cored solid solutions is of interest, but few suitable 
techniques are available. Brenner and Kostron” 
obtained quantitative data on concentration gradi- 
ents in the solid solutions of cast aluminum alloys 
containing 4 pct Cu. They found the distribution of 
copper within various grains from microhardness 
readings, which they converted to concentrations by 
a calibration based on homogeneous standard sam- 
ples. Microhardness measurements, however, can- 
not give a continuous indication of the concentration, 
especially since indentations must not be spaced too 
closely to each other. Coring in solid solutions has 
also been studied by microradiography, but no 
quantitative use of this method appears to have 
been made. 

In addition to altering the phase relations from 
those of the equilibrium diagram, solidification under 
various conditions of cooling also produces charac- 
teristic grain structures. No attempt will be made 
here to review the many observations on the mor- 
phology of cast metals. For the configuration of 
eutectics, such as the divorcement of eutectics, ob- 
served in the present investigation, the literature 
should be consulted.” The investigation of dendrite 
formation by Alexander and Rhines will be dis- 
cussed below.” 

Aside from their intrinsic interest, coring and the 
formation of excess constituents in nonequilibrium 
solidification are of practical importance. If cast 
alloys require homogenization, the length of the 
anneal is determined by the severity of microsegre- 
gation. If coring results in the presence of lower 
melting constituents, the safe upper temperature 
limit for annealing is lowered. For example, the 
presence of a eutectic may cause partial melting in 
an alloy which according to the phase diagram should 
be exclusively a solid solution having a higher solidus 
temperature. The presence of a second phase also 
affects mechanical properties and perhaps feeding 
during solidification. Possible subtle effects of the 
inhomogeneity of cored solutions on stress condi- 
tions, corrosion behavior, and microporosity have 
not yet been explored. 


[3] 


Mo 


Procedure of Solidification Experiments 

Master alloys of nominally 2, 3, 4, and 5 pct Cu 
were prepared under controlled conditions from 
aluminum, containing less than 0.0025 pct analyzed 
impurities, and copper made by the process of Smart, 
Smith, and Phillips, which presumably was 99.999 
pet pure. Melts of 30 grams of these alloys were 
made under argon in alumina crucibles. To obtain 
solidification rates (or solidification indices as defined 
below) of approximately 50°, 5°, and 0.8°C per sec, 
the alloys were poured through air into cylindrical 
steel molds coated with an alumina slurry and pre- 
heated to appropriate temperatures. This method 
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of casting did not cause appreciable oxidation. To 
obtain a rate (or index) of solidification of the order 
of 0.01°C per sec, the alloy was made to solidify 
under argon in the crucible, held in a resistance fur- 
nace to which a suitable amount of power was sup- 
plied. The lquid alloy was stirred immediately 
before pouring into the steel mold or before solidifi- 
cation in the crucible. Without this precaution, 
segregation occurred; for example, an alloy solidi- 
fied in the crucible and having an overall copper 
content of 4.5 pct analyzed 8 pct Cu at the bottom 
and 2 pct at the top of the ingot; stirring reduced 
the difference in composition of the top and bottom 
sections to less than one-twentieth of the overall 
composition. 

Continuous records of the cooling curves were 
obtained by a Leeds and Northrup Speedomax re- 
corder, except for the fastest cooling rate. In the 
latter case, the liquidus and solidus temperatures 
were determined separately by setting the recorder 
in advance to the approximate liquidus temperature 
and repeating the operation for the solidus under 
otherwise identical conditions. For the rapid cooling 
rates a very small thermocouple bead of No. 28 
chromel-alumel wire was used without protection to 
assure rapid response. Separate experiments had 
shown that protected and unprotected beads gave 
identical readings during short periods of immersion 
in hquid aluminum-copper alloys. To prevent possi- 
ble errors caused by protracted immersion, a coated 
bead was used for the slowest cooling rate. The 
beads were placed in the center of the molds or cru- 
cibles and all determinations of chemical composition 
and of structural features were made on samples 
taken from the adjoining region. 

Experiments were conducted to determine the 
effect of superheating temperatures and times on 
undercooling. Holding at 720°C up to 14 hr caused 
no measurable undercooling attributable to that 
cause. After superheating to higher temperatures 
undercooling was appreciable; for example, after 
heating to 920°C for 1 hr, undercooling of 10°C 
was observed. A maximum temperature of 700°C, 
therefore, was adopted for the remelting of the 
master alloys. 


Results of Thermal Analysis 
Table I gives the exact compositions of the alloys 
and times of solidification. Cooling curves are shown 
in Fig. 1, in which the equilibrium liquidus and sol- 
idus temperatures are indicated by dashed lines. 
For the interpretation of the effects of cooling rate, a 


“solidification index” is defined as the difference be- 
tween the observed liquidus and solidus tempera- 
tures divided by the total time of solidification. This 
index has the dimensions of a cooling rate, but also 
reflects any isothermal part of the solidification 
process. In the discussions which follow the terms 
“index” and “rate” will be used interchangeably. 
Values of the solidification index are included in 
Table I. 

All cooling curves, except that for the 2 pct Cu 
alloy, solidified at the slowest rate (solidification 
index of 0.014°C per sec) have an approximately 
horizontal portion, indicating an invariant reaction, 
at about 548°C which is the eutectic temperature.” 
Metallographic examination of the 2 pct alloy re- 
vealed a small amount of eutectic, but this appar- 
ently was not large enough for detection by thermal 
analysis. For a given solidification index the eutectic 
hold increases with the copper content. However, 
the length of the hold gives only an approximate 
indication of the amount of eutectic when comparing 
different alloys because the size of the melts and 
other factors were not kept strictly identical. 

Undercooling up to 5°C was found for the eutectic 
reaction with the higner solidification rates. Under- 
cooling below the liquidus temperature was also 
observed and reached 7°C. The amounts of under- 
cooling decreased with decreasing solidification rates. 

Another characteristic of the cooling curves is 
an approximately horizontal portion near the liq- 
uidus; the alloys solidified at slow rates also tended 
to show recalescence. These observations may be 
explained by a transient balance at the thermo- 
couple bead between the evolution of the heat of 
solidification and heat losses to the surroundings. 


Determination of Nonequilibrium Eutectic 

A detailed examination was made of the amounts 
and characteristics of the eutectic. In some samples 
the eutectic was divorced and the secondary « (alu- 
minum-rich) solid solution could not be distinguished 
from primary x. The amount of 6 phase rather than 
the eutectic, therefore, was measured by lineal analy- 
sis. Six traverses were made on each sample with a 
Hurlbut counter” at a magnification of 1400X, re- 
sulting in standard errors of the mean of 3 pct or 
less. 

The volume percentage of 9 was converted into 
weight percentage using an average value” ” of 4.40 
grams per cu cm for its density. The densities of 
some samples were measured but were not suffici- 
ently reproducible because of a small amount of 


Table II. Data on the Amount of Nonequilibrium Eutectic in Cast Aluminum-Copper Alloys 


Nonequilibrium Calculated 
Density of Solidus, Pet, Calculated Nonequilibrium Gulliver’s 
Alloy, d, 0; 6, Eutectic in Cu at Eutectic Max. Pet Solidus, Pct, Solidifica- 
Grams per Vol. wt Alloy, Pz, Temperature, Eutectic, Cu at Eutectic tion Factor, 
Sample Cu Cm Pet, Vo Pct, Wo Wt Pct xg8 Ppmax. Temperature Z,in Pct Cu 
a 2.76 0.99 1.58 2.71 1.21 3.50 0.95 0.55 
c 2.76 0.70 1.12 1.92 1.46 3.50 0.95 1.05 
b 2.76 0.52 0.83 1.42 1.63 3.52 0.95 1.30 
w 2.76 0.34 0.385 0.66 1.76 3.30 0.90 1.60 
k 2.78 1.72 2.72 4.67 1.47 5.36 1.24 0.50 
m 2.78 1.39 2.20 3.78 1.78 5.40 1.25 1.05 
1 2.78 1.36 2.15 3.69 1.82 5.40 1.25 1.20 
Vv 2.78 0.935 1.48 2.54 2.03 5.10 1.19 1.55 
d 2.80 2.67 4.19 7.18 1.70 7.60 1.54 0.40 
f 2.80 2.58 4.05 6.95 1.78 7.65 1.56 0.55 
e 2.80 2.12 3.33 5.72 2.19 7.60 1.54 1.25 
u 2.80 1.30 2.04 3.50 3.02 7.90 1.58 2.50 
p 2.82 3.60 5.62 9.64 1.70 9.60 1.71 0.05 
0 2.82 3.61 5.63 9.66 1.76 9.71 1.76 0.10 
n 2.82 3.47 5.42 9.30 1.92 9.72 1.80 0.35 
s 2.82 1.88 2.94 5.05 3.30 9.71 1.96 2.60 
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Fig. 2—Weight percent eutectic, P,, vs solidification index for 
aluminum-copper alloys. The copper contents stated in the figure 
are averages of yalues given in Table |. 


unavoidable porosity. The overall density of the 
samples, therefore, was assumed to be equal to that 
of a homogeneous solid solution of the same chemi- 
cal composition. The values were computed from 
published lattice constant data.” Since the samples 
also contain some @ phase, a small error is intro- 
duced by this assumption, but can be shown to be 
less than 2 pct. Table II gives the values of the vol- 
ume percentage of 6, V», the values of the calculated 
densities of the alloys, d, and weight percentage of 
0, Wo. 

The measured amounts of nonequilibrium eutectic 
may be compared with the theoretical maximum 
amounts, P,;™’*. On the aluminum-rich side of the 
aluminum-copper system, the liquidus and solidus 
can be considered as straight lines so that Eq. 2 may 
be used. The weight percentage of 6 phase can be 
converted to the percentage of eutectic present at 
the eutectic temperature if it is assumed that for 
nonequilibrium solidification the compositions of the 
0 and « phases in the eutectic are given by the phase 
diagram, that is, the @ and « phases contain 52.5 and 
5.7 wt pet Cu, respectively. The weight percentage 
of eutectic, P,, calculated in this manner is given in 
Table II. From these values the nonequilibrium 
solidus x,” at the eutectic temperature was found 
and the resulting values are included in Table II. 

Fig. 2 is a plot of measured amounts of eutectic, 
P;, vs the solidification index. The amount of eutectic 
increases with increasing solidification index for all 
compositions investigated. Also for a given solid- 
ification index the observed eutectic is a larger frac- 
tion of the theoretical amount the higher the copper 
content of the alloy. The theoretical maximum 
amount of eutectic, P,;™*“, shown by dashed lines in 
Fig. 2, is approached more rapidly the higher the 
copper content of the alloy and the theoretical max- 
imum amount is almost reached with high solidifica- 
tion indices. A striking feature is that, even for low 
solidification rates, the cast alloys contain an appre- 
ciable quantity of eutectic. 

For calculating the nonequilibrium solidus over 
the entire temperature range of solidification Eq. 3 
was used. From the values of the percentage of 
eutectic, P;, at the eutectic temperature and the 
composition of the alloy, x,, it is possible to find 
Gulliver’s solidification factor Z.* This is most readily 
done by plotting Z as a function of the percentage 
of eutectic, P;, for different values of x,, as shown 
in Fig. 3. Then using this value of Z and Eq. 3 the 
nonequilibrium solidus can be found by calculating 
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the fraction of liquid for various values of x,. Fig. 4 
shows the calculated nonequilibrium solidus for the 
3 pct Cu alloy for values of Z equal to 0, 0.5, and 1.2. 
These values of Z correspond to solidification indices 
represented by a cooling rate which suppresses dif- 
fusion in the solid entirely and by solidification 
indices of 16.2° and 0.69°C per sec, respectively. 


Morphology of the Cast Structures 

The structures of the samples were studied by 
examining the grain size, the dendrite spacing, the 
dispersion of the nonequilibrium eutectic, and the 
configuration of its constituents. 

The grains ranged from almost entirely columnar 
to almost entirely equiaxed for the highest and low- 
est solidification indices, respectively. All samples 
were coarse-grained, but the grain size did not vary 
systematically with solidification index or alloy con- 
tent. Because of variations within a single sample, 
and in some instances, the presence of columnar 
grains, definite values of grain size could not be 
assigned. As a rough approximation, the cross- 
sectional area of a typical grain may be considered 
to be about 9 sq mm. 

The metallographic study of dendrites is compli- 
cated as a two-dimensional cross section gives only 
incomplete information for a three-dimensional 
structure. The work of Alexander and Rhines”® 
demonstrates that it is possible to obtain significant 
data for dendrites by selecting from any given 
microsection prominent dendrite formations having 
maximum spacings. Average values of the dendrite 
branch spacings obtained in this way are given in 
Table III. This dendrite spacing is defined as the 
distance between the center lines of neighboring 
branches of a dendrite having a prominent axis in 
the plane of polish. 

The measurements show that the dendrite spacing 
increases with decreasing rate of solidification. This 
finding agrees with the results of Alexander and 
Rhines” for aluminum alloys containing 5, 10, and 
20 pct Cu, solidified at rates that were known only 
qualitatively. They also observed an increase in 
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Fig. 3—Weight percent eutectic, P,», vs calculated values of 
Gulliver's solidification factor Z (in pct Cu) for aluminum-copper 
alloys containing 0.5, 1, 2, 3, 4, and 5 pet Cu. 


TRANSACTIONS AIME 


10 
9 
8 
5,0 
6 
5 
4.0 
S 
| 
Pes 
O | 2] 3 4 5 


Table II]. Data on Morphological Observations 
Mean Distance Mean Linear 
Dendrite Between @ Size of 9 
Spacing, Particles, Particles, 
Sample Microns Microns Microns 
a 12 175 ay 
c 24 520 3.6 
b 63 620 3.2 
Ww 250 1530 3.7 
k 23 115 2.0 
m 35 198 2.8 
1 81 181 2.5 
Vv 220 560 5.2 
d 21 85 2.3 
31 122 
e 60 227 4.7 
u 250 615 8.0 
p 18 69 2.5 
to) 27 68 2.5 
n 60 54 1.9 
s 250 382 7.2 


spacing with copper content, but over the range 
covered in the work reported here there was no 
appreciable change in spacing with copper content. 
The spacing also did not vary significantly along the 
radius from the edge of any sample to its center and 
in agreement with a similar finding by Alexander 
and Rhines was independent of grain size in a 
given sample, if only the prominent dendrites were 
measured. 

Lineal analysis can be used to obtain approximate 
values of the average particle size and degree of 
dispersion of a discontinuous phase by counting the 
number of times this phase appears in a traverse 
across a sample; the total amount of the phase present 
is divided by this number and yields an approximate 
linear measure of particle size. Averages of the mean 
size of the @ particles and of the mean distance be- 
tween them are given in Table III. 

In some samples the 6 phase was uniformly dis- 
tributed and completely divorced, especially with 
higher solidification rates, whereas lower rates pro- 
duced a more normal appearance of the eutectic. In 
all the alloys investigated the distance between @ 
particles tended to increase as the rate of solidifica- 
tion decreased. This effect was most pronounced in 
the alloys with low copper contents. The mean linear 
sizes of the 6 particles are fairly constant except 
that at the lowest solidification rate a pronounced 
increase occurs, especially in the alloys of higher 
copper contents. 

Fig. 5a to d illustrates typical configurations of 
the @ phase and eutectic and Fig. 6a to d shows 
typical distribution patterns of these constituents. 
The spheroidal divorced form of individual @ par- 
ticles (Fig. 5a) was generally associated with a 
linear arrangement (Fig. 6a); this structure resulted 
from the highest solidification rates. Fig. 5b shows 
spheroidal @ particles together with some examples 
of stringers of the @ phase, which generally tended 
to form a mixed linear and cellular type of struc- 
ture, as seen in Fig. 6b; this structure occurred at 
a somewhat slower solidification rate. When the rate 
of solidification was further reduced, the irregular 
form of @ and some lamellar eutectic resulted as 
shown in Fig. 5c; both of these constituents are also 
generally associated with the cellular structure shown 
in Fig. 6c. Low solidification rates lead to an ap- 
proach to a normal eutectic which is associated with 
a coarse cellular structure (Figs. 5d and 6d). 

The alloy containing 2 pct Cu displayed the same 
general changes of structure with solidification rate 
as the 3 pct alloy, but the first evidence of a cellular 
structure appeared at a slower rate of solidification. 
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In the 4 pct and 5 pct Cu alloy, on the other hand, 
the cellular structure tended to appear with higher 
solidification indices than in the 3 pct Cu alloys. The 
higher copper contents also favor the irregular form 
of @ particles and the formation of lamellar eutectic. 
This can be seen by comparing the 3 pct and 5 pct 
Cu alloys at the same solidification index, Fig. 5c 
and d. 

Summarizing the effects of the rate of solidifica- 
tion on the structures, a linear pattern of spherical, 
divorced @ particles at high rates changes to a cellular 
pattern, in which the @ phase occurs in the normal 
eutectic form, at low rates. For intermediate solid- 
ification rates, cellular structures are associated with 
the normal eutectic or a mixture of spheroidal par- 
ticles of divorced 6 and irregular stringers of divorced 
6. At a given solidification index there is a greater 
tendency to form spheroids of divorced 6, the lower 
the copper content of the alloy while a cellular 
structure is favored by higher copper contents. 


Microsegregation in the Solid Solution 

The presence of nonequilibrium eutectic and the 
etching response of some of the samples indicated 
that microsegregation had occurred in the primary 
aluminum-rich solid solutions. A quantitative tech- 
nique was developed for determining the concen- 
trations of copper on a microscale in these solutions. 
This technique was based on rendering copper atoms 
in the samples radioactive by activation in a flux 
of thermal neutrons, recording the radioactivity on 
contact autoradiographs and finding the copper con- 
tent from the photographic densities of the latter. 
Details are given in the Appendix. 

The autoradiographs were placed in a recording 
microphotometer and magnified 10X; the dendrites 
could thus be identified in a manner similar to reg- 
ular metallographic identification. Prominent den- 
drites having maximum spacing were chosen, since 
they most nearly represent the true dendrite spacing, 
and microphotometer traces were made across them. 
Since the effective minimum slit size of the micro- 
photometer was 1 by 90 microns, only dendrite 
branches which were at least 90 microns long could 
be used. This limitation restricted the measurements 
to cast alloys solidified at the lowest rates (samples 
w, v, u, and s). Another limitation results from 
possible interference by the finely distributed 6 phase. 
Finally, some of the dendrite arm spacings for the 
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Fig. 4—Aluminum-rich region of the aluminum-copper phase dia- 
gram. Calculated nonequilibrium solidus curves for the 3 pct Cu alloy 
with Gulliver's solidification factors, Z (in pct Cu), of 0, 0.5, and 1.2. 
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Fig. 5—Micrographs of aluminum-copper alloys. Etched with Keller's 
reagent. X500. Area reduced approximately 50 pct for reproduction. 


Note: All sections in Figs. 5, 6, and 7 are normal to the axis of the 
cylindrical specimens. 
a (left)—Sample k. 3 pct Cu. Solidification index of 16.2°C per sec. 


Spheroidal, divorced form of 6 particles. 


b (center)—Sample m. 3 pct Cu. Solidification index of 4.6°C per sec. 
Mixture of spheroidal and irregular divorced @ particles. 


c (upper right)—Sample |. 3 pct Cu. Solidification index of 0.69°C per Cee 
sec. Irregular form of divorced @ particles and some lamellar eutectic. 


d (lower right)—Sample n. 5 pct Cu. Solidification index of 0.58°C per 
sec. Normal eutectic. 


faster cooling rates (as shown by Fig. 6a and Table were made on a metallograph by light reflected 


III) may approach the limit of the inherent resolu- through the autoradiographic plates from a polished 
tion of the autoradiographs. piece of iron which served as a mirror. The micro- 
Fig. 7a to ec shows micrographs of the autoradio- graph was obtained by focusing on the emulsion and 


graphs of samples w, v, and u. The micrographs illustrates qualitatively the microsegregation in the 


Fig. 6—Micrographs of aluminum alloys containing 3 pct Cu. Etched x 


with Keller’s reagent. X50. Area reduced approximately 50 pct for re- bs q 
production. 

a (left)—Sample k. Solidification index of 16.2°C per sec. a / a J 

b (center)—Sample m. Solidification index of 4.6°C per sec. es ~ 
c (upper right)—Sample |. Solidification index of 0.69°C per sec. 2 oe . 
d (lower right)—Sample y. Solidification index of 0.016°C per sec. A 
9 
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a—Sample w. 2 pct Cu. Solidification index 
of 0.014°C per sec. of 0.016°C per sec. 


b—Sample y. 3 pct Cu. 


Solidification index 


Solidification index c—Sample u. 4 pct Cu. 


of 0.017°C per sec. 


Fig. 7—Micrographs of autoradiographs. X50. Area reduced approximately 50 pct for reproduction. 


alloys. The dark areas represent the regions of high 
copper content. A comparison shows that as the 
copper content of the alloy increases, there is greater 
difference between the areas of high and low copper 
concentration indicating qualitatively that the spread 
in copper concentration due to microsegregation in- 
creases with the copper content. 

A typical microphotometer trace of an autoradio- 
graph, given in Fig. 8 for sample v, shows how the 
copper concentration varies across the dendrite 
branches. The double arrow in Fig. 8 marks the 
point where the trace was repeated by reversing the 
direction of the traverse. The trace was symmetrical 
about this point and thus checked the reproducibility 
of the instrument. The average dendrite spacing was 
220 microns in this sample, obtained from measure- 
ments on the metallographic sample and from the 
autoradiograph trace. Similar values were found for 
the other slowly cooled samples. 

Table IV summarizes the concentration measure- 
ments which refer to the « solid solution. The samples 
also contained small amounts of @ phase but these 


areas were recorded on the microphotometer traces 
as regions of very low transmission and were dis- 
regarded. The results are expressed as the maximum 
microsegregation, S, that is, the maximum difference 
between the highest copper concentration, Cmax., in 
the interdendritic material and the lowest copper 
concentration, Cymin., in the skeleton of the adjoining 
dendrite branch. The corresponding minimum micro- 
segregation S’ is the minimum difference between 
concentrations C’max, and C’min. in adjoining inter- 
dendritic regions and dendrite branches. Values of 
S and S’ are listed in Table IV and in each case are 
based on several photometer traces across a large 
number of dendrite branches. This table also in- 
cludes values of Gln, Cees andiG. 
Table IV also gives the maximum and minimum 
concentration gradients in the dendrite branches 
expressed in percent change of copper per micron. 
The maximum concentration gradient does not neces- 
sarily occur in the branch having the maximum 
amount of microsegregation, S, and correspondingly 
the minimum concentration gradient does not neces- 
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Fig. 8—Microphotometer trace of autoradiograph obtained across the arms of a dendrite in a cast 3 pct Cu alloy. Sample y. Solidifica- 
tion index of 0.016°C per sec. Arrows indicate point of reversal. Increasing yertical distance from the base line indicates increasing 


light transmission and decreasing concentration of copper. 
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sarily occur in the arm having the minimum amount 
of microsegregation, S’. The concentration gradients 
increase with the copper content of the alloy; this 
change is most pronounced in the low range of 
copper contents. 

The maximum and minimum microsegregation S 
and S’ increase as the copper content of the alloy 
increases. The highest and lowest copper concen- 
trations for the dendrite branches having the max- 
imum amount of microsegregation, S, also show an 
increase with increasing copper content of the alloy. 
The lowest copper concentration in the branches of 
the dendrite is considerably higher than the copper 
concentration of the first solid to form as given by 
the equilibrium diagram. The latter values are in- 
cluded in Table IV. This difference arises because 
the first solid is too minute an amount for detection 
and also some diffusion may occur in the original 
small particle to reduce concentration differences. 

Brenner and Kostron” observed a maximum micro- 
segregation of 1.70 pct and a minimum of 0.85 pct 
Cu in a continuously cast 4 pct Cu alloy. This max- 
imum microsegregation is less than the value of 2.7 
pet Cu found in this investigation for a 4 pet Cu 
alloy, but the values for the minimum microsegrega- 
tion found in the two investigations were approxi- 
mately the same, 0.85 and 0.9 pet Cu. 

It is of interest to consider whether a row of 
neighboring dendrite branches exhibits any system- 
atic variation in copper concentration. The micro- 
photometer trace reproduced in Fig. 8 suggests that 
high and low values of microsegregation are inter- 
spersed and this tendency was found in all traverses. 
Starting from the double arrow and moving to the 
right, a sequence of low and high values of micro- 
segregation is observed as the dendrite branches are 
traversed. Also, the branches showing low micro- 
segregation do not have as low a minimum copper 
concentration associated with them as the branches 
showing a higher degree of microsegregation. The 
interpretation of these observations is necessarily 
speculative, especially since the orientation of the 
dendrite systems in relation to the plane of obser- 
vation is an important factor. By choosing from any 
section only prominent dendrite systems having 
maximum spacing, the orientation relation can be 
made more definite, but is still not known precisely. 

The following growth sequence is consistent with 
the observations, but is advanced here only tenta- 
tively. A set of parallel branches is first formed along 
an axis or trunk at comparatively large distances 
from each other and, at a later stage, additional 
dendrite branches form between the original ones. 
It seems significant that the branches having the 
higher degrees of microsegregation are in general 


wider than those having a lower microsegregation 
and lower maximum copper concentration. This dif- 
ference in width suggests that the branches with 
the higher microsegregation in addition to being the 
first to form, grow for a longer time, which is con- 
sistent with the suggested growth sequence. 


Summary and Conclusions 

The nonequilibrium solidification of aluminum 
alloys containing nominally 2, 3, 4, and 5 pct Cu 
was investigated at rates of solidification ranging 
from approximately 50° to 0.01°C per sec. Thermal 
analysis, metallographic examination, lineal analysis, 
and quantitative autoradiography on a microscale 
led to the following conclusions: 

1—Nonequilibrium eutectic is present in the alloys 
at all rates of solidification investigated. 

2—The amount of nonequilibrium eutectic in- 
creases with the rate of solidification over the com- 
position range investigated. The theoretical max- 
imum amount is approached more rapidly with in- 
creasing rate of solidification, the higher the copper 
content of the alloy. 

3—The dendrite spacing of the alloys increases 
with decreasing rates of solidification, but does not 
change appreciably with copper content over the 
composition range investigated. The spacing also 
does not depend on grain size. 

4—As the rate of solidification decreases, the 6 
phase in the nonequilibrium eutectic remains fairly 
constant in particle size, but the distance between 
the particles increases. When the rate of solidifica- 
tion becomes very small, however, the particles show 
an appreciable increase in size and also in the dis- 
tance between them. 

5—The structures of the cast alloys change from 
a linear arrangement of spherical, divorced @ par- 
ticles at high rates of solidification to a cellular pat- 
tern, in which the @ phase occurs in the normal 
eutectic form, at low rates of solidification. At a 
given rate of solidification there is a greater ten- 
dency to form spheroids of divorced @ particles, the 
lower the copper content of the alloy, while higher 
copper contents favor a cellular structure. 

6—Aluminum-rich aluminum-copper alloys lend 
themselves to autoradiography after activation of 
suitable thin samples by irradiation in situ with 
thermal neutrons. This technique can be made quan- 
titative by means of densitometry of the autoradio- 
graphs. 

7—The amount of microsegregation in prominent 
dendrite branches of the alloys investigated (that is 
the difference between the maximum and minimum 
copper concentrations in adjoining regions) measured 
by quantitative autoradiography increases as the 
copper content of the alloy increases. The concen- 


Table IV. Concentration Variations in Dendrites of Cast Aluminum-Copper Alloys 


Copper* Con- 
centrations for 


Copper* Con- 


centrations for Maximum+ 
3 i 


CGhemical* Maximum* Minimum* Max. Microsegre- Min. Microsegre- Cc Minimum} Equilibrium* 
Analysis Microsegre- Microsegre- gation gation 
Sample of Sample gation, S gation, S’ Cmax. Cmin. C’ max. C’min. Gradient Gradient 
u 4.06 2.7 0.9 47 0.019 
g 3.3 1.2 5.5 2.2 5.0 3.8 0.019 0.016 0:90 


* Weight percent of copper. 
+ Weight percent of copper per micron. 
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tration gradients (expressed as the difference in 
copper concentration per unit distance) in the den- 
drite branches also increase with copper content of 
the alloy. 

8—The observations suggest, but do not prove 
conclusively, that the first dendrite arms form along 
a major dendrite axis at a greater distance than the 
final dendrite spacing and that additional dendrite 
arms grow between the original arms. 
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Appendix 


Details of the quantitative determination of copper 
concentrations in solution in aluminum by autoradio- 
graphy on a microscale follow. For a discussion of the 
use of radioactive tracers in physical metallurgy re- 
search and especially of autoradiography, reference is 
made to a recent review.” 

The radioactive isotope Cu“ was produced by activa- 
tion in situ. Sections, 20 microns thick, of the cast alloy 
were prepared by a procedure described elsewhere” 
and irradiated for about 4 hr in a cyclotron with 
thermal neutrons at a flux of approximately 10’ neu- 
trons per sq cm per sec. Selective activation of the 
copper could be achieved because Al has a half-life 
of only 2.4 min compared to 12.8 hr for Cu. Calcula- 
tions show that after activation under the above con- 
ditions and a decay period of 1 hr, the ratio of the 
activity of Cu” to that of Al* in a 2 pct Cu alloy is 
9000 to 1. High purity of the alloys is essential to ex- 
clude activation of contaminants. 

Eastman NTB-2 type emulsions 10 microns thick on 
1x3 in. glass plates were used. The exposure time for 
the autoradiographs was based on a cumulative total 
of 10° disintegrations per square centimeter. Because 
of the small amount of radioactivity present in the 
samples it was necessary to use exposure times of ap- 
proximately 48 hr. 

The concentration gradients were determined by 
measuring the photographic density of the autoradio- 
graphs and converting this density to weight percent 
copper. A recording high resolution microphotometer, 
designed and built by the Jarrell-Ash Co., was used. 
This instrument records the transmission fraction I/I, 
and gives readings reproducible to +0.2 pct in the 
region of 30 to 70 pct transmission. The minimum size 
of the adjustable slit was used; this is equivalent to 
1 by 90 microns at the autoradiographic plate. This 
instrument projects an enlarged (10X) image of the 
autoradiograph on a viewing screen so that the exact 
area could be viewed during scanning and defects in 
the emulsion could be avoided. 

The quantitative use of autoradiographs for measur- 
ing concentrations by densitometry requires a method 
of accurately converting photographic densities to con- 
centrations. The response of emulsions to radiation 
depends on so many variables that it is necessary to 
calibrate the emulsion. The following calibration pro- 
cedure was developed and applied to each batch of 
plates. 

The characteristic response of the emulsion to the 
radiation emitted from Cu™ was obtained in successive 
exposures to a source consisting of a cylinder of high 
purity copper activated by thermal neutrons. It can be 
shown that when the calibrating source is placed in 
contact with the emulsion, the number of disintegra- 
tions, D,, to which the emulsion is exposed for the nth 
period of calibration in successive steps is given by 
the following equation, in which k is the fraction of 
disintegrations reaching the emulsion, N, is the number 
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Fig. 9—Calibration curve for NTB-2 emulsion with Cu™ radiation. 


of radioactive atoms at time zero, A is the decay con- 
stant, and t is the time: 


D, = kN, [exp ] [1—exp 1: 


If the time for each period of exposure is known, the 
relative number of disintegrations reaching the emul- 
sion can be found. From the photographic density and 
values of D, the characteristic curve of the emulsion 
with Cu” radiation can be established. 

The photographic density, log I./I, was plotted vs 
D,; the resulting curve may be considered a modified 
H-D curve and gives linear relations in the density 
region of interest in this investigation. The calibration 
curve for NTB-2 emulsions with radiation from Cu” 
is shown in Fig. 9. 

The conversion of densities to copper concentrations 
by means of a single calibration curve requires that 
one point be obtained with a standard source activated 
together with the unknown. The standard must have 
a uniform known copper content. In this investigation 
the standard sources were prepared from solution- 
treated aluminum-copper alloys. The density of the 
autoradiograph of the standard source is measured and 
locates a point on the calibration curve. It is then pos- 
sible to replace the scale of disintegrations, Dn, by one 
of copper content, since these two scales have a linear 
relation to each other. One point on the scale in terms of 
concentration of copper is that of the standard source 
and the other is the origin. 

The accuracy of this method was checked by using 
three standard sources of 0.40, 1.90, and 4.60 pet Cu, all 
20 microns thick. The scale of photographic density vs 
copper was established using one of these standard 
sources and the densities obtained with the other 
standard sources were checked on the scale. The re- 
sults gave good agreement, as can be seen in Fig. 9. The 
use of a linear scale of copper content is not exact, 
because of the slight change in the density of the alloys 
with copper content, but the error introduced is very 
small in the range of composition covered. 

The microphotometer must be used under identical 
conditions for establishing the calibration curve and 
measuring the autoradiographs of the standard sources 
and cast alloys. 
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Technical Note 


Effect of Repeated Tensile Prestrain on the Ductility of Some Metals 


by Edmund C. Franz 


N an effort to understand high cycle fatigue, as 

well as to study the mechanism of fracture in 
general, a number of researches have been under- 
taken whereby the fracture properties of a metal have 
been determined under conditions of repeated cyclic 
prestrain employing high strains with relatively 
few cycles. Liu, Lynch, Ripling, and Sachs’ showed 
the effect of a definite strain history consisting of 
small increments of tensile or compressive prestrain 
upon the flow and fracture characteristics of metals 
after a limited number of repeated loadings. Liu 
and Sachs’ demonstrated by cyclic straining of the 
aluminum alloy 24S-T4 that the least reduction in 
ductility was obtained when the compressive stress 
was nearly equal to the tensile stress. 

Attempts have been made to correlate the reduc- 
tion in ductility under such prestraining with con- 
ventional fatigue data, as was done by Liu and co- 
workers.’ The following research was conducted to 
determine if such reduction as has been noted could 
be correlated with conventional fatigue data or 
whether the effect resulted from causes extraneous 
to the basic mechanism of fatigue failure such as 
strain aging. It might be pointed out in this con- 
nection that the reduction in ductility has occurred 
in alloys that might be susceptible to strain aging 
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or similar behavior, such as alloy 24S-T4. In the 
present investigation, the test specimens were pre- 
pared from the aluminum alloy 75S-T6 and an- 
nealed electrolytic copper. Alloy 75S-T6 is a com- 
plex precipitation hardenable alloy, whereas elec- 
trolytic copper would not be expected to exhibit 
strain aging effects, particularly at room tempera- 
ture. 

The experimental procedure consisted of pre- 
straining test specimens repeatedly by increasing 
tension in small increments to various total pre- 
strain values, followed by testing to failure in a 
tension test. The prestraining as well as the final 
testing was performed on a tensile machine using 
special fixtures* to maintain concentricity of the 
specimens. After prestraining, the specimens were 
unloaded as rapidly-as possible and immediately re- 
loaded so that the total time lapse between strains 
was held to a few seconds. Logarithmic or true 
natural strain was used in all calculations. 

The results are presented in Figs. 1 and 2. In Fig. 
1, the retained ductility, 


( area after | 
ER In 
area at fracture 


is plotted against the tensile prestrain, 


initial area 
Ep In 
area after prestrain 


as abscissa with the number of stress reversals ex- 
ecuted to attain the required prestrain plotted as 
parameter. Several specimens that fractured during 
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Fig. 1—Retained ductility of 75S-T6 repeatedly prestrained in 
tension. 


prestraining were plotted with the number of cyclic 
prestrains completed prior to fracture indicated in 
parentheses. Although some scatter in the data for 
the individual test specimens is shown in the graph, 
average curves drawn through the values reveal a 
significant loss in mean ductility after repeated ten- 
sile prestraining of several cycles. In Fig. 2, the re- 
tained ductility of the annealed electrolytic copper 
specimens is plotted against tensile prestrain, with 
the strain history of each specimen recorded. All 
the values fall approximately on the line sloping 
down under 45° from the value at zero prestrain. 
Small repeated prestrains, at least to the limits of 
this investigation, have no apparent effect on the 
ductility of annealed electrolytic copper. 

A distinct yield point arrest, which was absent in 
the unstrained material, was observed with each 
repeated prestrain in the stress-strain curves of the 
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Fig. 2—Retained ductility of annealed copper repeatedly pre- 
strained in tension. 
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Fig. 3—Microstructure of 75S-T6 specimen subjected to 50 re- 
peated tensile prestrains of 0.003 prior to fracturing in a tension 
test. Numerous slip lines are delineated presumably by preferential 
precipitation along certain crystallographic planes. Note micro- 
cracks along slip planes. Etched with Keller’s reagent. X100. 


alloy 75S-T6 when the total strain value exceeded 
ep =0.05. The occurrence of such an arrest, well 
established for mild steel, has been observed pre- 
viously by several investigators in nonferrous met- 
als, including several aluminum alloys. Such phen- 
omena have been associated with strain aging effects 
and explained theoretically by Cottrell‘ on the basis 
of the dislocation theory. The possibility of strain 
aging was suggested further by metallographic evi- 
dence of certain markings preferentially along the 
crystallographic planes as shown in Fig. 3, which 
is a micrograph of a specimen subjected to 50 tensile 
prestrains of approximately ep = 0.003 prior to frac- 
ture in a tension test. Such markings might be in- 
terpreted as an indication of precipitation on slip 
planes, although the possibility that the lines repre- 
sent mechanical damage to certain slip systems can- 
not be overlooked. It should be noted that micro- 
cracks are visible along certain slip planes. No in- 
dication of strain aging effects was observed with 
any of the annealed electrolytic copper specimens. 

It would appear that the reduction in ductility re- 
ported in low cycle prestrain studies may be due to 
extraneous causes, and that extrapolation of low 
cycle data in an effort to obtain correlation with 
conventional fatigue values should not be attempted 
without due caution. On the other hand, the fact 
still remains that between a one cycle tensile test 
and the usual fatigue test, which generally repre- 
sents millions of cycles, a substantial reduction in 
ductility occurs even in those metals and alloys that 
exhibit no known susceptibility to strain aging be- 
havior. 
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Mechanism of Plastic Flow in Titanium: Manifestations 
And Dynamics of Glide 


by F. D. Rosi 


The slip and twinning behavior in extended titanium crystals were 
studied in some detail. The formation and appearance of coarse 
kink bands are discussed. Their crystallographic geometry was 
determined by X-ray analysis. A phenomenological interpretation of 
the complexities in kink band development is also presented. The 
critical resolved shear stress, coefficient of shear hardening, and 
plane of fracture were determined for several crystals extended at 


room temperature. 


alice slip and twinning elements observed in the 
room-temperature deformation of titanium were 
enumerated in a previous paper’ in which consid- 
erations were advanced regarding the nature and 
selection of these elements and their effect on the 
known mechanical properties of this metal. The 
present study concerns the crystallographic, micro- 
scopic, and mechanical aspects of flow in relation to 
the slip and twinning elements, and includes a pre- 
diction of slip systems, nature of slip and twin mark- 
ings, inhomogeneities of plastic flow, and stress- 
strain characteristics. 

Unless otherwise noted, arc-melted titanium 
sponge (99.77 pct) was used in these experiments. 
The method of production of crystals, their dimen- 
sions, and the surface preparation for micrographic 
examination have been reported.’ 

For obtaining stress-strain characteristics, only 
those crystals which traversed the entire width of 
the specimen and were at least 8 mm in length were 
used. Tensile deformation of the crystals was per- 
formed with conventional grips for sheet specimens 
and a constant-stress loading beam, designed after 
the method of Andrade and Chalmers.” The speci- 
mens were loaded by allowing sand to flow from a 
reservoir into a bucket suspended from the longer 
end of a balanced 6:1 lever arm at a rate controlled 
to load the specimen approximately 2 kg per min. 
Strain measurements were made using the Baldwin 
SR-4, bonded, resistance-wire strain gage, Type A-8, 
which permitted a reading accuracy of 2 microinches 
per inch. 

The formulas used in the evaluation of shear stress 
and shear strain, as in deriving the coefficient of 
shear hardening, are given by Schmid and Boas* in 
terms of the original orientation and change in 
length of the crystal. For calculating the critical 
resolved shear stress, the standard equation was 
used. 

The crystallographic nature of the unpredictable 
slip observed in a number of specimens was deter- 
mined by the single-surface X-ray method of anal- 
ysis as described in ref. 1. 


Experimental Results 
Prediction of Slip System: It was reported’ that 
room temperature slip in titanium takes place pre- 
dominantly on {1010} and in a <1120> direction, 
giving three potential slip systems. Hence, it should 
be possible to predict the operative primary system 
in the manner used by Taylor and Elam‘ for alu- 
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Fig. 1—Prediction of slip system in titanium from crystal orienta- 
tion. Solid circles indicate original orientations of crystals studied in 
tension. 


minum (i.e., the one with the greatest component 
of shear stress in the direction of slip). The stereo- 
graphic construction in Fig. 1 shows that this is true. 
In all cases, slip was found to occur initially on the 
(0110) plane and, in a number of cases, in the [2110] 
direction. (The direction of slip was not determined 
for all orientations.) 

It follows that duplex slip can be expected when 
two slip systems are geometrically equally favor- 
able for slip, as demonstrated in Fig. 2. In both 
crystals slip took place simultaneously on the (1100) 
and (0110) prismatic planes, as indicated by Fig. 
2a and b. In the case of crystal B the movement of 
the specimen axis with increasing extension was 
toward the (1010) direction, which represents the 
stable end orientation resulting from alternate slip 
on the [2110] and [1120] directions. This is anal- 
ogous to the duplex slip process in face-centered 
cubic metals.® 

Unpredictable Slip: In a number of crystals whose 
orientations were well within the operation of a 
single slip system, secondary slip occurred on planes 
not predicted by the criterion of maximum shear 
stress. Examples are shown in Fig. 3. In addition to 
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primary slip on the (1100) planes, slip has taken 
place in isolated regions of the crystal on the (1010) 
and (0110) prismatic planes. 

From observations of unpredictable slip in other 
specimens, it was found that for orientations near 


the [0001] [2110] boundary (see Fig. 3) secondary 
slip invariably occurred on the (1010): planes, while 
for orientations approaching the [0001] [1010] 


boundary the secondary slip was on the (0110) 
planes. Thus, of the two possible prismatic planes 
secondary slip occurred on that for which the re- 
solved shear stress was greater. It would appear, 
therefore, that in some cases, at least, the secondary 
slip plane could be predicted from crystal orientation. 

The appearance of unpredicted cross slip in its 
typically step-like character was observed in only 
one crystal. X-ray analysis showed that the cross- 
slip plane approximated a (1010) plane, which did 
not coincide with that responsible for conjugate slip. 
Thus, like primary slip, cross slip in titanium occurs 
on a {1010} prismatic plane. 

Nature of Slip Bands: It was reported’ that a 
striking feature of prismatic slip markings in crys- 
tals of different orientation is the considerable varia- 
tion in their appearance. To determine whether this 
variation was dependent on orientation, crystals of 
selected orientations were deformed similar amounts 
and examined metallographically. The results of this 
study are summarized in Fig. 4. For those orienta- 


tions near the [0001] [1120] zone, the slip band 
formation is of the coarse, widely spaced type. On 
the other hand for orientations approaching the 
[0001] [1010] symmetry position for duplex slip, 
the slip bands are finer and closely spaced. Thus, it 
may be stated that for decreasing values of the angle, 
xy, which the slip plane makes with the specimen 
axis, the slip bands become progressively finer, re- 
sulting in a more widespread distribution of deform- 
ation by slip. This orientation dependence appears to 
be similar to that for basal slip band development in 
cadmium and zinc.* A comparison of this orienta- 
tion effect with those of temperature and loading 
rate suggests than an increase in the value of y has 
the same effect as an increase in the temperature of 
testing and a decrease in the rate of loading. 
Occurrence of Twinning: {1012} Twinning: Pro- 
fuse twinning occurred in those specimens which 
were deformed by bending, compression in a vice, 
or a combination of these; but was rarely observed 
in the extended crystals. In general, the twinning 


took place predominantly on the {1012} or {1121} 
planes simultaneously with, or after, deformation by 


slip on the {1010} planes. Only in one instance was 
the deformation observed to occur solely by twin- 
ning. In this crystal, whose orientation and twin- 
ning habit are shown in Fig. 5, twinning took place 
on those £1012} planes (I, Fig. 5) which resulted in 
an extension in the direction of the tension axis. 


For this particular crystal, twinning on any {1012} 
plane would give an extension.* Consequently, all 
planes could operate, and this offers some basis for 
speculation on the choice of twinning planes. Of 
many arguments advanced, that proposed by Gough* 
is the most attractive. He stated that twinning oc- 
curs on those planes which do not contain the slip 
direction. From the orientation of the crystal (Fig. 


5) it may be seen that either [1120] or [2110] can 
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a—Crystal A. b—Crystal B. 
X100. Area reduced approximately 50 pct for reproduction. 
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Fig. 2—Duplex slip in titanium. Orientations of crystal B indicate 
movement of specimen axis with extension. 


be considered the slip direction. Consequently, the 
planes designated II, III, V, and VI would not be ex- 
pected to operate, as was found to be the case. Of 
the two remaining possibilities, twinning occurred 
preferably on plane I, probably because the shear 
stress on this plane was greater. 

The apparent lack of twinning, principally of the 
{1012} type, in those crystals deformed in tension 
may be explained by Fig. 6. A portion of the stand- 
ard stereographic triangle in the figure has been sub- 
divided into two orientation fields, A and B, where 
very little twinning on {1012} planes can be ex- 
pected in titanium. Superimposed on these two 
fields is a shaded region which represents the spread 
in orientation for the crystals deformed in simple 
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Fig. 3—Unpredicted slip in titanium. 


JANUARY 1954, JOURNAL OF METALS—59 


A 
{o1T0} 
B 
| 
(i120) 
pid 
A 


X100. Area reduced approximately 20 pct for reproduction. 


Coooi] 


Fig. 4 (above and to 
left) —Effect of crys- 
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tension (see Fig. 1). For orientations which fall in 
region A, {1012} twinning cannot occur because the 
twinning operation would result in a compression 
along the tension axis. Similarly, for the orienta- 
tions of region B, twinning on four of the possible 
six sets of {1012} planes could not occur. Therefore, 
it is apparent from the position of the shaded region 
that {1012} twins could rarely be expected to occur 
in the tensile specimens. 

{1121} Twinning: Extensive twinning on {1121} 
planes was observed in a number of crystals whose 
orientations are indicated in the stereographic tri- 
angle of Fig. 7, and it would appear from the extent 
of the orientation field that their occurrence is or- 
ientation dependent. In all cases the twinning oc- 
curred on the (2111) planes, while limited slip took 
place on the (1100) planes, as would be predicted 
from the crystal orientation. From the general ap- 
pearance of intersecting slip and twin markings, it 
seems that the slip preceded the twinning. 

Regarding the peculiar selection of the (2111) 
twinning planes in these crystals (see Fig. 7), it can 
be said that: 1—these planes do not contain the slip 
direction, 2—they make an angle of 40° to 50° with 
the direction of applied stress, and 3—they intersect 
the slip plane at an angle between 55° to 60° to the 
active slip direction. The first of these characteris- 
tics loses its singular significance in the selection of 


twin types, since there are nonoperating {1121} 
planes which also do not contain the slip direction. 
The second characteristic may be important, since 
it does suggest that the resolved shear stress is 
greatest for this plane. The third observation is also 
significant, since it is in support of Andrade’s’ gen- 
eralized conclusion that in hexagonal metals the 
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operative twinning planes are those which intersect 
the slip plane at 60° to the slip direction. Thus, it 
would appear from these unique criteria that no 
single one is wholly responsible for the crystallo- 
graphic selection of twins. Moreover, the paucity 


and limitations of the data make it difficult to de- 
termine their relative importance. 

In two of the crystals of Fig. 7 whose orientations 
are reproduced in the stereographic plot of Fig. 8 


(2TTo] (112 0] 


Fig. 5—Orientation of crystal where deformation occurred 
solely by twinning on a {1012} plane. The numerals, | to VI, 


indicate poles of twinning planes of the form {1012}; solid 
circle represents position of tension axis. 
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Fig. 6—Orientation regions (A and B) where the occurrence of 


£1012} twinning is unlikely. Shaded region indicates orientation 
field of crystals studied in tension. 
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Fig. 7—Orientations of crystals where {1121} twinning was observed. 


(A and B), it was found that the (2111) twins ex- 
hibited stepped discontinuities, as shown in the ac- 
companying micrograph for crystal B. This twinned 
discontinuity, characteristic only of {1121} twinning, 
corresponds to twinning on another set of {1121} 
planes whose indices are indicated in the stereo- 
graphic plot. In both crystals secondary slip oc- 
curred on a prismatic plane which bore the same 
crystallographic relation to the stepped (1121) twins 
as did the primary (1100) slip to the (2111) twins. 

It is further interesting to note that twin discon- 
tinuities were not observed in the deformation of 
crystal C (see Fig. 8), where secondary slip had 


occurred on the (1010) planes. From the crystallo- 
graphic relationship of the stepped twins to the 
secondary slip plane in crystals A and B, it might be 
anticipated that stepped twinning in crystal C would 
occur on the (2111) planes. However, since this 
plane is also the primary twinning plane for this 
crystal orientation, it indicates that stepped twins 
in crystal C would occur on the primary twinning 
plane but in another direction not distinguishable in 
the experiments; and this could account for the 
observed absence of stepped discontinuities in the 
primary twins of the crystal. 

Inhomogeneities of Plastic Flow: Kink Bands: 
Frequent observations of kink bands were made in 
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extended crystals in which extensive slip and no 
twinning had occurred. These bands were very sim- 
ilar in appearance to those reported in a number of 
metals by various investigators,“ in that they 
represent disoriented regions of the crystal which 
are bounded by parallel bend planes making an 
angle of approximately 90° with the active slip 
planes. It may be noted that kink bands were never 
observed in crystals deformed by bending; and it is 
significant that the deformation in bent crystals oc- 
curred, in part, by twinning on {1012} and {1121} 
planes. 

Kink bands could be observed in some crystals ex- 
tended approximately 5 pct. However, at these low 
deformations the small difference in orientation as- 
sociated with the bands and their thinness made 
their micrographic detection difficult. 

With increasing deformation (up to 20 pct elonga- 
tion) the kink bands became more pronounced and 
are frequently wavy and variable in width in their 
path across the crystal, as shown in Figs. 9 to 11. 
Optical examination of as-deformed crystals re- 


vealed that the {1010} slip line pattern suffered a 
small discontinuity at the two bend planes defining 
the band, and that the angular displacement of these 
lines did not appear to vary along a given band. 
From the relative angles which the prismatic slip 
markings made with the tension axis, it is apparent 
that the lattice reorientation due to slip within the 
band lagged behind that of the matrix material. 

At the higher deformations the density of the 
primary slip markings in the crystal matrix fre- 
quently was greater than that in region of the kink 
band (see Figs. 9 to 11). This behavior suggests 
that, once a kink band is formed in the crystal, it 
can obstruct the propagation of slip developed in 
later stages of deformation. Some of the slip lines, 
which were deflected into the band, become dis- 
continuous or fade out in crossing the band (see 
Figs. 10 and 11). 

Most of the features associated with kink band 
formation in titanium have been described by one 
investigator or another in a number of metals of 
different structural class. In particular, the work of 
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Fig. 8—Occurrence of {1121} twinning. Crystals A and B exhibited 
stepped twin discontinuities. Area reduced approximately 80 pct for 
reproduction. 
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Fig. 9—Appearance of kink bands in crystal extended approximately 
20 pct. X100. Area reduced approximately 10 pct for reproduction. 


Fig. 10—Stepped kink band formation in the vicinity of an included 
grain. Crystal extended approximately 18 pct. X250. Area reduced 
approximately 60 pct for reproduction. 


Cahn’ and Honeycombe™ in extended aluminum 
crystals supports the findings of the present study. 

In the moderately deformed crystals of Figs. 9 to 
11, slip has occurred on a different set of planes 
within the disoriented region of the kink band. Thus, 
it would appear that these regions have rotated to 
positions where duplex slipping can occur. In some 
bands, deformation appears to have occurred to a 
greater extent on the second slip system than on 
the deflected primary slip system of the matrix 
material (see Figs. 10 and 11). This suggests that at 
the heavier deformations the lattice of the ‘kink 
band has effectively rotated to a position which 
favors increased deformation by slip on the second 
system. 

The kink bands of Fig. 11 are much more pro- 
nounced and variable in direction in the vicinity of 
an unabsorbed grain; and in the regions of the 
crystal directly below and above the grain, the kink 
bands appear to suffer a stepped discontinuity whose 
direction is not well defined and varies from one 
band to another. The direction of the two sets of 
slip markings within the band does not appear to be 
appreciably altered by the stepped discontinuity. 
This indicates that the orientation of the lattice in 
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the stepped regions is similar to that along the rest 
of the band, and, consequently, the occurrence of 
the steps are simply a result of a change in the crys- 
tallographic nature of the bend planes outlining the 
band. On either side of the small grain, increased 
slip activity has occurred, as evidenced by the de- 
gree of blackening. This localized inhomogeneity in 
the flow pattern could account for the stepped dis- 
continuities, as may be inferred from the relation- 
ship of the steps to the regions of varying slip in- 
tensity. 

Recent evidence” has indicated that the occur- 
rence of kink bands in aluminum is orientation de- 
pendent in that for certain critical orientations 
where complex slipping can be expected, kink band 
formation is not necessary to the glide process. This 
orientation dependency is also supported by the 
present data which are summarized in the stereo- 
graphic triangle of Fig. 12. This plot shows the in- 
itial position of the tension axis for a number of 
moderately deformed crystals. In agreement with 


Laleouf and Crussard,” it may be seen that kink 
bands were not optically detected in those crystals 


whose stress axis lay near the [1010] [0001] 


Fig. 11—Slip band pattern associated with kink band formation in 
crystal extended approximately 16 pct. X500. Area reduced approxi- 
mately 50 pct for reproduction. 
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symmetry position for duplex slip. Furthermore, it 
may be noted that kink band formation was most 
prevalent in crystals whose orientations fell in the 
central region of the orientation field of Fig. 12. It 
would appear from this that, even in crystals where 
a high probability exists for the occurrence of un- 
predictable slip (e.g., for orientations near any one 
of the triangle boundaries, as pointed out in an earl- 
ier section), there is a tendency for kink bands 
either to appear so thin as to be optically undetect- 
able or to disappear. 

The bend planes of the kink bands in moderately 
deformed crystals were found by X-ray analysis to 


coincide with {1120} planes, the normal to which 
corresponded to the active slip direction. Moreover, 
from the appearance of the slip line pattern in the 
as-deformed unetched crystal the lattice rotation at 
the bend plane is about an axis in the slip plane, 
normal to the slip direction. The axis corresponds 
to the [0001] direction, which represents the inter- 
section of the {1120} bend planes with the {1010} 
shp planes. These data are summarized in the 
standard projection of Fig. 13 which indicates, in 
addition to the rotation axis, the positions of the 
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Fig. 13—Standard projection indicating crystallography of bend 
plane defining kink band formation in crystal extended approxi- 
mately 18 pct. 


slip plane, slip direction, and bend plane in the 
crystal of Fig. 10. Thus, the crystallographic geom- 
etry of kinking in titanium is the same as that re- 
ported in aluminum®****** and in a number of 
hexagonal’’”*”* metals. 

It has already been pointed out that in severely 
deformed crystals the operation of a second slip 
system was frequently observed in the lattice of the 
kink band. In order to determine the crystallo- 
graphic nature of this system, it was necessary to 
obtain the orientation of the lattice inside the band. 
Since, in accordance with the geometrical features 
of kinking, the orientations of the regions inside and 
outside the band are similar and related by a rota- 
tion about the [0001] axis, it was possible to ap- 
proximate the orientation of the band from an 
estimate of the angular deflection of the slip mark- 
ings at the bend planes in the as-deformed crystal. 
From such stereographic constructions it was found 
that, in all cases of duplex slip within a band, the 


second slip plane corresponded to a £1010} plane 
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Fig. 14—Stereographic 
stepped kink bands in crystal of Fig. 10. 


which did not coincide with the conjugate plane of 
slip for the particular crystal orientation. For ex- 
ample, in the stereographic plot of Fig. 13, this sec- 


ond slip plane corresponded to the (1010) plane, 
which is the predicted plane of slip for orientations 
in the triangle, [0001] [2110] [1100]. 

It would be interesting to know whether the 
stepped discontinuity of the kink band in Fig. 10 has 
any crystallographic significance. From the orienta- 
tion of the crystal after deformation, it was found 
that the pole of the bend planes associated with the 
best defined steps fell within a few degrees of the 


[1010] direction, indicated in the stereographic plot 
of Fig. 14. The coincidence of the bend planes of 
these steps with a rational plane suggests that their 
occurrence is a result of the operation of a second- 
ary type of kink plane. This suggestion, however, 
does not appear valid in view of the apparent varia- 
tion in the direction of these steps along a given 
band and from one band to another. Instead, it 
would be more pertinent if the steps were a result 
of the cooperative movements of two distinct bend 
planes, for with such a mechanism it can readily be 
seen that the direction of the steps will vary with 
the relative extent of participation of the two co- 
operating planes. In this connection, it is significant 


that: 1—the [1010] direction is symmetrically posi- 
tioned between the [1120] and [2110] directions, 


Secondary 


ves Kink Bond 


Fig. 15—Kinking phenomenon showing development of secondary 
kink bands within a primary band in a crystal extended to fracture. 
X100. Area reduced approximately 40 pct for reproduction. 
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Fig. 16—Displacement of pri- 
mary kink band along bend 
planes of secondary kink bands. 
X100. Area reduced approxi- 
mately 80 pct for reproduction. 
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2—[2110] is both the slip direction and the pole of 
the bend plane for slip on the (0110) plane, and 


3—[1120] corresponds to the slip direction and the 
predicted pole of the bend plane for slip on the 


(1100) plane which is the plane of secondary slip 
observed inside the kink bands after heavy defor- 
mations. Thus, the stepped discontinuities of the 
bands in Fig. 11 may be considered a result of kink- 


ing occurring alternately on the (1120) and (2110) 
planes. This cooperative movement could account 
for the variable direction of these steps and, per- 
haps, the wavy character of the bands in their path 
across the crystal. A similar analysis has been made 
on the appearance of ill-defined cross slip in alumi- 
num.*” 

One other observation of interest with regard to 
kink band formation has been reserved, in view of 
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Fig. 17—Standard projection indicating crystallographic topography 


of kink band formation where secondary bands have formed within 
a primary band. 
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its complexity, for final discussion. This kinking 
phenomenon, shown in the micrograph of Fig. 15, 
was observed in a crystal which was extended to 
fracture. Secondary kink bands have developed 
within a primary band in such a manner as to break 
up the primary band at its bend planes in a saw- 
toothed or stepped configuration. This unique dis- 
placement of the primary bend planes occurred 
along the bend planes of the secondary bands in the 
manner shown in Fig. 16. It appears from the an- 
gular relationship of the tension axis to the primary 
band that these stepped displacements represent, in 
effect, block movements of the lattice of the primary 
band in its rotation toward the stress axis with in- 
creasing extension. As was demonstrated by Chen 
and Mathewson” in their work on aluminum, this 
rotation is in an opposite sense to that of the active 
primary slip planes. Close examination of the mi- 
crographs in Fig. 16 reveals the interesting phenom- 
enon of overlapping between the secondary kink 
bands. 

The slip line pattern in the as-deformed crystal of 
Fig. 16 suggests that the geometry of kinking associ- 
ated with the secondary bands is identical to that of 
the primary band, involving a rotation about an axis 
in the slip plane, normal to the slip direction (i.e., 
the [0001]). The pole of the bend planes defining 
the secondary bands corresponds approximately to 
the active slip direction for the secondary slip oc- 
curring within the primary band. For purposes of 
clarification, the crystallographic data pertaining to 
this complex kink band formation is summarized in 
the standard stereographic plot of Fig. 17. 

It is noteworthy from the micrographs in Figs. 15 
and 16 that the secondary slip has concentrated for 
the most part in the regions of the secondary kink 
bands. This indicates that, once formed, these bands 
serve as preferential sites for secondary slip. More- 
over, since the secondary slip planes, like the pri- 
mary kink bands, rotate during deformation toward 
the tension axis in an opposite sense to the primary 
slip planes, then the same rotation must apply to the 
lattice of the secondary kink bands. 

The slip line pattern in Fig. 16 further shows that 
the primary slip markings inside the primary kink 
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band undergo further rotation about the [0001] axis 
on passing through the secondary bands. Further- 
more, the sense of rotation indicates that the re- 
orientation of the lattice of the secondary bands dur- 
ing extension has lagged behind the lattice of the 
primary band. Thus, this unusual kinking phenom- 
enon presents a succession of lags in lattice reori- 
entation due to slip in going from the crystal matrix 
to the regions of primary and then secondary kink 
bands. The rotational relationships for the crystal 
of Fig. 16 are schematically illustrated in the kink 
band formation of Fig. 18. It may be added that the 
variation in direction of some of the primary slip 
lines in their path through the secondary bands 
rules out the possibility that these bands are twins. 

Fig. 19 shows another region of this complex band 
formation where the secondary bands seem to orig- 
inate at the bend planes of the primary band and 
then propagate across the band with increasing de- 
formation. This could account for the observed 
overlapping of the secondary bands. The figure also 
demonstrates clearly the discontinuous nature of the 
primary {1010} slip markings on passing through 
the primary band, as well as the opposite sense of 
rotation of the lattice about a common axis at the 
bend planes of the primary band. 

Fig. 20 shows still another region, where this com- 
plex kinking phenomenon crosses a jagged boundary 
between similarly oriented grains, as evidenced by 
the directional continuity of both the secondary 
kink bands and slip markings across the boundary. 
The density of the secondary bands has increased in 
the vicinity of the grain boundary, as well as the slip 
activity within these bands. Somewhat similar be- 
havior was associated with primary band formation 
in the vicinity of included grains of orientation sim- 
ilar to the matrix crystal. Thus, it would appear that 
any factor which locally upsets the regularity of the 
stress pattern in the crystal will tend to promote a 
complex kink band formation. 

Finally, it may be noted that in the general vicin- 
ity of fracture it was quite common to find corru- 
gated arrays of closely spaced, fine kink bands, as 
shown in Fig. 21. These arrays appeared to form 
preferentially in regions where the complex, coarse 
band formation described above had not occurred. 
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Fig. 18—Rotational relationships of slip markings with primary 
and secondary kink bands. 
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primary kink band. Note faint secondary kink bands. X200. Area 
reduced approximately 50 pct for reproduction. 


X200. Area reduced approximately 30 pct for reproduction. 
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Area reduced approximately 50 pct for reproduction. 


Lueders’ Bands: Lueders’ bands, which are also a 
kind of deformation band characterized by a local- 
ized and discontinuous yielding, were observed in a 
number of extended crystals in the vicinity of the 
gripped ends. The nature of their occurrence was 
described in a previous report,” which revealed that 
the bands consist of clusters of fine {1010} slip 
markings. 

Two examples are reproduced in Figs. 22 and 23, 
for the purpose of illustrating the close association 
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Fig. 20—Kink band formation across low energy grain boundary. 
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LSS Fig. 21—Arrays of fine kink bands in the vicinity of fracture. X200. 
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Fig. 22 (above)—Appearance of Lueders’ bands 
near gripped end of crystal. 


Fig. 23 (right)—Appearance of Lueders’ bands 
at higher magnification. Note complex kink band 
formation in lower right corner. X350. 


of kink bands with the discontinuous yielding of 
Lueders’ deformation. Fig. 22 shows a number of 
coarse kink bands forming preferentially across a 
Lueders’ deformation at approximately right angles 
to its advancing edge. Fig. 23 illustrates the com- 
plex kink band formation, described in the preced- 
ing section. Two primary kink bands, appearing in 
the lower right corner of the micrograph, have suf- 
fered displacements through the formation of sec- 
ondary kink bands. 

Stress-Strain Characteristics: The stress-strain 
diagram for a crystal extended 2 pct at room tem- 
perature is shown in Fig. 24, which also includes a 
stereographic triangle indicating the original orien- 
tation of the crystal. There is a smooth and gradual 
transition from the elastic to the plastic region of 
the curve, which makes it difficult to assign a single 
value to the yield point. For this reason two values 
of the critical shear stress, S,, are given in the figure. 
The value 4900 grams per sq mm represents the 
shear stress at the point of deviation from linearity 
in the elastic range; whereas the value 6800 grams 
per sq mm represents the shear stress for the onset 
of extensive flow. As indicated in the figure, this 
latter value was obtained from the extrapolated 
point representing the intersection of the elastic 
range and the straight line portion of the plastic 
region. A comparison of this value of critical shear 
stress with those reported by Anderson and Jillson 
for prismatic slip in arc-melted iodide titanium 
shows reasonable agreement. 

Table I contains the data pertinent to the evalua- 
tion of the critical resolved shear stress for three 
crystals of different orientation. The variation be- 
tween the extreme values is somewhat greater than 
that which can be attributed to experimental error, 
but there is good reason to believe that the gaseous 
impurities (oxygen and hydrogen) in this metal 
vary in amounts which could account for the 
variations. 

Fig. 24 also indicates a significant and approxi- 
mately linear increase in the resistance to glide over 
the extension range of the test. The value of the 
coefficient of shear hardening, 7/a, was calculated to 
be 25,900 grams per sq mm, which is considerably 
higher than that for the other common hexagonal 
metals (magnesium, zinc, and cadmium) at room 
temperature. 

Two crystals were extended to fracture at a strain 
rate of 0.003 min”; and, in both cases, the fracture 
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occurred along a plane which closely approximated 

the observed {1010} slip plane. It would appear 

from this, therefore, that the fracture plane in ti- 

tanium has the same crystallographic significance as 

that observed in a number of other metals.*>** 
Discussion of Results 

Slip and Twin Behavior: The occurrence of un- 
predictable cross slip in titanium is the first report- 
ed in a metal of the hexagonal close-packed type. 
In a-brass~ and copper,~ the cross slip is confined to 
octahedral planes, which are also the planes of 
primary slip. In aluminum, where it has been re- 
ported that cross slip can occur on several different 
families of planes,* octahedral cross slip is still the 
most prevalent. This suggests that a definite pref- 
erence exists for cross slip to take place on planes 
of the same type as primary slip. Hence, the occur- 
rence of cross slip in titanium on a type I prismatic 
plane might be attributed to the existence of three 
possible prismatic slip planes in contrast to the 
single basal slip plane in the other common hexag- 
onal metals. Unlike the face-centered cubic metals, 
however, the slip direction is not the same for 
primary and cross slip. 

The results on {1121} twinning definitely suggest 
that the main operative twinning plane bears a 
definite crystallographic relationship with the pri- 
mary slip plane and can, therefore, be predicted 
from crystal orientation. Moreover, it was found 
that the stepped {1121} twinning plane bears a sim- 
ilar relationship with the observed secondary slip 
plane. Since it has been shown that the secondary 
slip plane can be predicted from crystal orientation, 
the same prediction applies to the stepped twinning 
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Fig. 24—Stress-strain diagram for titanium crystal extended at 
room temperature. 
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plane. The general behavior indicates that, as in the 


case of slip, the selection of the {1121} twinning 
plane in titanium is determined by a resolved shear 
stress law. According to the work of Davidenkov et 
al.,* this is also true in the case of {1012} twinning 
in zine. 

Kink Band Formation: The remarkable consis- 
tency in the crystallographic geometry of kinking 
from metal to metal of different slip habit and struc- 
tural class suggests that this deformation phenome- 
non is as fundamental a property of the metal as the 
slip process itself. Moreover, since kink bands are 
generally observed only after extensive deformation 
by slip, it is possible that the reasons for their oc- 
currence are related in some manner to the nature 
of the slip process. In this connection it is signifi- 
cant that kinking in extended titanium crystals was 
frequently associated with flow inhomogeneities in 
the vicinity of grain boundaries and included grains, 
with Lueders’ deformation, and with crystals whose 
orientation suggested a slip pattern of coarse, widely 
spaced bands. In each case, the deformation by slip 
was discontinuous in that large contiguous regions 
of the crystal had undergone markedly different 
degrees of deformation. On the other hand, in crys- 
tals whose orientation predicted duplex slip at the 
onset of plastic flow, kink bands were microscopi- 
cally undetectable. The slip band pattern in these 
crystals consisted of intersecting fine, closely spaced 
lines, which suggest a uniform, widespread defor- 
mation by slip. 

Since discontinuous yielding represents a flow 
pattern which can lead to large bending stresses 
similar to those associated with the gripped ends of 
the specimen,” it is believed that the formation of 
kink bands relieves such stresses when other mech- 
anisms of flow are not available. This view is sup- 
ported by the apparent absence of kink bands in de- 
formed crystals where unpredictable secondary slip 
or twinning had occurred; and, presumably, these 
latter mechanisms could relieve those stresses which 
otherwise would necessitate kink band formation. 
This reasoning could also explain the absence of 
kink bands in a-brass crystals exhibiting profuse 
cross slip, as well as the infrequent occurrence of 
kinking in extended hexagonal metals as compared 
to those of the face-centered cubic type where twin- 
ning is not regarded as a flow mechanism. By the 
same argument, the frequent appearance of kink 
bands in the extended crystals of titanium is prob- 
ably due to the fact that their orientation prohibited 


twinning of the {1012} type. The inference that 
twinning is a stress-relief mechanism is not new, 
and was recently suggested by Burke and Hibbard” 
and Cahn” in their work on the deformation proc- 
esses in magnesium and uranium, respectively. 

In view of these considerations, it is possible to 
conclude that there are available at least three 


Table |. Critical Shear Stress Data for Room Temperature Tests 


Critical Shear Stress, 
Grams per Sq Mm 


Devi- 


ation from Plastic 


Crystal Xo» o> Sin xo Hooke’s Flow at Con- 
No. Degrees Degrees Cos)\o Law stant Rate 
1 35 46 0.491 4900 6800 
2 52 50 0.472 5600 6400 
3 47 47 0.498 4500 5900 
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Fig. 25—Schematic representation of coarse kink band formation 
in extended titanium crystals. With increasing extension: a—Forma- 
tion of individual bend planes of opposite sign at flow inhomo- 
geneities. b—Grouping of individual bend planes to form bands of 
bend planes of opposite sign. c—Disorientation of region between 
bands of bend planes with crystal matrix to form coarse kink band. 
d—lIncreasing disorientation as a result of more effective trapping 
of dislocations by bend planes. e—Formation of secondary slip sys- 
tem within kink band in order to permit rotation of kink band 
toward the stress axis in an opposite sense to primary slip markings. 
f—Increasing density of secondary slip within kink band. g—Ap- 
pearance of stepped discontinuities along the parallel bands of bend 
planes as a result of wide differences in primary slip band density. 
h—Formation of secondary kink bands within the primary kink band, 
and the resulting displacement of the primary band along the bend 
planes of the secondary bands in order to permit further rotation of 
primary kink band. 


stress-relief mechanisms associated with the accom- 
modation of lattice bending resulting from either a 
marked heterogeneous flow process or constraints 
imposed by grips in the conventional method of 
testing. These are secondary slip, twinning, and 
kinking. Moreover, it is apparent that the selection 
of any one, or a combination, of these mechanisms 
will depend to a large extent upon such factors as 
crystal structure, crystal orientation, temperature of 
testing, and alloying; since it is apparent that these 
factors can have a pronounced effect on the avail- 
ability of these mechanisms as well as the develop- 
ment of slip bands. 

In connection with the orientation dependence 
on the formation of kink bands, it should be empha- 
sized that failure to detect their presence in crystals 
exhibiting multiple slip does not necessarily indicate 
their absence, for it is conceivable that the kink 
bands in these crystals are so fine as to be undetect- 
able by ordinary light microscopy. This view is 
supported by the very recent work on aluminum by 
Honeycombe,”* who employed X-ray micrography 
to detect the presence of very fine kink bands which 
were optically invisible even after heavy deforma- 
tions. Thus, if the observed orientation dependence 
of kink band formation is not a true one as regards 
the occurrence of kinking, such a dependence surely 
exists in relation to the nature and distribution of 
kink bands. 

From the data of the present investigation, it is 
believed that the nature of the formation and devel- 
opment of coarse kink bands, along with their com- 
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plexities, occurs in accordance with the sequence of 
events depicted in Fig. 25. As a function of increas- 
ing deformation, these may be described as follows: 
1—In the initial stage, Fig. 25a, it is postulated 
that a number of bend planes of opposite sign origi- 
nate in regions associated with large bending 
stresses as a result of inhomogeneities in the flow 
process. The bend planes then propagate through 
the crystal in a direction perpendicular to the slip 
direction because dislocations of one sign possess 
minimum energy in such an orientation.* As defor- 
mation proceeds, Fig. 25b, bend planes of one sign 
migrate to form narrow bands or groupings of in- 
dividual bend planes, which are fixed because of 
their effectiveness in trapping dislocations moving 
along the active slip planes. It is believed that two 
such bands of bend planes of opposite sign outline 
the off-oriented regions defining the coarse kink 
bands. 
2—The number of dislocations trapped by the 
parallel bands of bend planes increases with defor- 
mation so that the density of slip lines within the 
region bounded by the bend planes is less than that 
in the crystal matrix (see Fig. 25c). This accounts 
for the lag in lattice reorientation within the kink 
bands, which can be expected to increase with 
deformation as a result of the increased effectiveness 
of the highly curved bend planes to trap additional 
moving dislocations (see Fig. 25d). In effect, this is 
to say that the kink band is rotating toward the 
stress axis in an opposite sense to the slip lines. 
3—wWith an increased lag in lattice reorientation, 
secondary slip occurs within the kink band on a 
type I prismatic plane (Fig. 25e), which would be 
expected to operate in view of the apparent rotation 
of the kink band. With increasing extension, slip 
occurs within the kink band on the secondary planes 
more often than not, so that at higher deformations 
the secondary slip system is more predominant and, 
hence, can no longer be considered secondary (see 
Fig. 25f). At this stage, the kink bands frequently 
appear wavy in their path across the crystal. This 
characteristic is probably due to variations in the 
degree of deformation along the crystal, which re- 
sult in the formation of stepped discontinuities along 
the bend planes (see Fig. 25g). The bend planes 
corresponding to these steps are related to the 
secondary sip within the kink band in a manner 
consistent with the established geometry of kinking. 
4—In the final stage, continued rotation of the 
kink band toward the stress axis is accomplished 
through the formation of secondary kink bands in 
the manner depicted in Fig. 25h. The secondary 
bands originate in the highly stressed regions of the 
primary bend planes, and are crystallographically 
related to the secondary slip system, appearing in 
the lattice of the primary kink band, in the same 
manner as the primary kink band is related to the 
primary slip system of the crystal matrix. With 
increased deformation, extensive secondary slip 
occurs within the secondary bands (not shown in 
Fig. 25h, for purposes of clarity), and this results 
in a rotation of the lattice of the secondary bands 
toward the stress axis in the same sense as that of 
the primary kink band. This rotation could account 
for the observed displacement of the primary kink 
band along the bend planes of the secondary bands 
— a gross flow feature not unlike the block move- 
ments generally thought of in regard to the process 
of slip. 
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Conclusions 

1—In conformity with the law of maximum shear 
stress, type I prismatic slip in titanium can be pre- 
dicted from crystal orientation, and duplex slip 
occurs when two slip systems are geometrically 
favorable for glide. 

2—Unpredictable cross slip occurs on the same 
crystallographic family of planes which define 
primary slip; i.e., {1010}. 

3—Unpredictable, secondary slip occurs on that 
{1010} plane for which the resolved shear stress is 
next to the maximum. * 

4—The development of {1010} slip bands is orien- 
tation dependent, in that for a given shear the slip 
band density varies inversely with the angle, x, 
which the slip plane makes with the stress axis. 


5—{1121} twinning can be predicted from crystal 
orientation, which suggests that its occurrence is 
determined by a resolved shear stress law. 

6—The crystallographic and geometrical features 
of kink band formation in titanium are very sim- 
ilar to those reported in a number of hexagonal and 
face-centered cubic metals. 

7—The formation of microscopically detectable 
kink bands appears orientation dependent, and is 
associated with heterogeneities in the flow process. 
Kink bands were never observed in crystals which 
exhibited duplex slip or twinning. 

8—The kink band rotates in an opposite sense to 
the primary slip markings, and this rotation is 
accommodated by the following phenomena: (a)— 
appearance of secondary slip within the region of 
the kink band, (b)—the formation of stepped dis- 
continuities along the bend planes, and (c)—the 
formation of secondary kink bands within the region 
of the primary kink bands. 

9—The values of critical resolved shear stress and 
coefficient of shear hardening were determined in 
several crystals extended at room temperature, and 


fracture took place on the operative {1010} slip 
plane. 
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Technical Note 


Reaction of Oxygen and Nitrogen with Titanium from 700° to 1050°C 


by Lee S. Richardson and Nicholas J. Grant 


EACTIONS of oxygen and nitrogen at low pres- 

sures with titanium have recently been studied 
by a number of investigators..° Gulbransen and 
Andrew’ noted that the reaction with nitrogen 
followed the parabolic rate law whereas the reaction 
with oxygen deviated slightly from this law in the 
temperature range 300° to 800°C. 

In the work reported here, commercial titanium 
(75 A) was used as the test material. Cylinders 2.5 
in. long and 0.25 in. in diameter were machined from 
heavier bar stock. The test pieces were given a 
metallographic finish, immersed for 30 min in cold 
concentrated HCl, washed in water, then acetone, 
and dried with lint-free cloth. 

Reaction rates were determined in a modified 
Sieverts type apparatus by measuring the decrease 
in gas pressure of the reacting gas contained in a 
constant volume. The amount of gas added could be 
measured in a calibrated gas burette to an accuracy 
of 0.01 mm. During the course of a run the temper- 
ature never varied by more than 10°C and then only 
for brief moments. 

After placing the specimen in the furnace, the sys- 
tem was first evacuated for 12 hr at room tempera- 
ture, and then flushed with purified argon five 
times, adsorbed gases being discharged during this 
period from the glass system with a high frequency 
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spark coil. The flushing and discharging were re- 
peated at 400°C. This rather involved procedure 
was found necessary after a number of trial runs 
indicated extraneous effects traceable to the system. 

Reaction periods up to 2 hr were used, at initial 
gas pressures of 0.2 to 0.5 atm. 


Experimental Results 

Fig. 1 shows the decrease in oxygen pressure for 
tests at 0.5 atm at various temperatures as a function 
of the square root of the time. Deviations from 
linearity are minor and the parabolic rate law is 
obeyed. Fig. 2 shows the same plot for the nitrogen 
reaction. A definite deviation from linearity is 
noted; however, it is probable that the higher initial 
rates are caused by the presence of small amounts of 
oxygen contamination, the initial faster rate chang- 
ing to the slower rate after about 5 to 10 min. 

Calculations of the rate constants were made on 
the basis of the latter portion of the curves. 

The parabolic rate law constants calculated from 
these curves are shown for oxygen and nitrogen in 
Fig. 3. In spite of some scatter the average curves 
are quite definite. Changes in gas pressure of the 
order of 20 pct did not result in a measurable change 
in the rate law constants. 

The activation energy for the oxygen reaction was 
calculated to be 47,400 cal per mol (above 700°C), 
which is not in agreement with the value quoted by 
Gulbransen and Andrew’ for lower temperatures, 
their value being 26,000 cal below 600°C. 

The activation energy for the nitrogen reaction 
was calculated to be 45,400 cal per mol above about 
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Fig. 1—Decrease of oxygen pressure with time at specimen tem- 
peratures shown. 


800°C, which is only in fair agreement with the 
value given by Gulbransen and Andrew, whose 
value was 36,300 cal below 800°C. ; 

It is evident from Fig. 3 that the reaction rate of 
titanium with oxygen is nearly 50 times as large as 
that with nitrogen. 

Extensive X-ray studies of the surfaces of the 
specimens reacted with oxygen showed the presence 
of TiO, (rutile), TiO, and Ti. Presumably any 
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Fig. 2—Decrease of nitrogen pressure with time at specimen tem- 
peratures shown. 
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Fig. 3—The change of the parabolic rate law constant with tem- 
perature for the reaction of oxygen and of nitrogen with titanium. 


coating of Ti,0; was too thin to yield a diffraction 
pattern, although Davies and Birchenall’ reported 
its existence when using sensitive techniques. At 
650°C, the oxide thickness was found to be ex- 
tremely thin. The 800°C test had an appreciable 
oxide layer. TiO was found when the outermost 
scale was removed by abrasion. 

Based on X-ray diffraction studies of the nitrogen 
reacted specimens, only the patterns of titanium 
and TiN were found. 
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Creep Correlations of Metals at Elevated Temperatures 


by Oleg D. Sherby, Raymond L. Orr, and John E. Dorn 


Creep data for pure metals at temperatures above those at which 
rapid recovery occurs (above about 0.45 the melting temperature) 
are correlatable by means of the equations « = f (te*”"", c) and - 
o = f (é,e°”""). These correlations were applied successfully to data 
for aluminum, iron, nickel, copper, zinc, platinum, gold, and lead as 
well as for simple alloys. For a given metal, AH is a constant about 
equal to the activation energy for self-diffusion. 


i hee early recognition that creep is stimulated by 
thermal activation prompted numerous inves- 
tigators’ * to apply the same laws that are valid for 
the viscous behavior of liquids to analyses of creep 
data. To a good first approximation these laws are 
summarized by the equation 


B 
é = sinh [1] 


where é¢ is the creep rate; T, the absolute tempera- 
ture; R, the gas constant in cal per degree per mol; 
o, the applied stress; AH, the activation energy in 
cal per mol; S’, a constant dependent on the entropy 
of activation, the frequency of activation, and the 
contribution of each activation to the strain; and 
B’, a constant dependent upon the size of the flow 
unit that is activated. 

Although Eq. 1 describes the flow of viscous fluids 
very accurately, its application to the creep of solids 
has been disappointing. Two reasons for the failure 
of Eq. 1 for creep are now known: First, the de- 
celerating creep rates during primary creep demand 
that the internal structures of the metals are chang- 
ing and that these changes might be reflected by 
changes in one or more of the three creep parameters 
S’, AH, and B’. Consequently when the conventional 
methods of evaluating these parameters are em- 
ployed by comparing the secondary creep rates at 
a series of temperatures and at a series of stresses, 
the true effects of temperature and stress are masked 
because of simultaneous changes in one or more of 
the creep parameters. Second, as will be illustrated 
more fully later, three distinctly different types of 
investigations have shown that the stress term for 
high temperature creep enters the analysis as o and 
not as o/T. This rather unexpected result points 
sharply to a significant fundamental difference be- 
tween the mechanisms for the viscous behavior of 
fluids and the high temperature creep of metals. 
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More recent extensive investigations’ * on the 
creep of high purity aluminum and several of its 
dilute a solid solutions have shown that 


e = f (0, [2] 


where « is the total creep strain; 9 = f' e*"/"" dt = 


temperature compensated time = te“*”/*" for a con- 
stant temperature test; o, is the initial stress in a 
constant load test or the constant true stress in a 
constant stress test;* and t is the duration of test. 


* Eq. 2 is valid for either constant stress or constant load tests; 
but the total creep curve is different (i.e. the function, f, is differ- 
ent) for each test. 


The fundamental origin of the validity of Eq. 2 is 
thought to arise from some equivalence of substruc- 
tures in constant load creep tests at equal values of 
6 or «. Both X-ray and metallographic examination 
revealed that practically identical lattice distortions 
and subgrain sizes are obtained for the same creep 
strain under the same load over wide ranges of test 
temperature.‘ Furthermore the room temperature 
tensile properties following equal creep strains at 
different temperatures under constant loads were 
also identical, illustrating that identical substruc- 
tures were indeed obtained.” ° 

A second type of correlation was obtained by dif- 
ferentiating Eq. 2 with respect to time, giving 


For the secondary creep rate, denoted by €,, 


But Eq. 2 reveals that 0, is a function of o, alone be- 

cause the secondary creep rate in a given constant 

load test is always reached at a fixed value e,. 
Therefore 


=f (eer) = f (Z) [4] 


where Z is the function that was introduced a num- 
ber of years ago by Zener and Hollomon.°’ Eq. 4 is 
not only valid for creep but will permit correlations 
between constant load creep and tensile data where 
é, is the rate of tensile straining and co, is the engi- 
neering ultimate tensile strength. 
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Fig. 1—Correlation of creep strain-time data for aluminum and dilute aluminum alloys by means of the relation « = f (6) for a stress of 
4000 psi. Data of Sherby and Dorn®* and Giedt, Sherby, and Dorn.® 
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The evaluation of the activation energy, AH, for Te DiSpeRS/ON 
the creep of aluminum alloys by means of Eqs.2 and a 528°K | 
4 gave the following conclusions: 5000 SI7°K 
1—AH is practically a universal constant for alu- 
minum; it is independent of temperature over wide oer at 
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alloying additions,” * as well as cold work® and dis- 
persions of 


; For some as yet unknown reasons the creep behaviors of some 
commercial aluminum alloys such as 24S-T are not analyzable by 
these methods. 


2—Although creep takes place at temperatures 
below about 0.45 Tm, the correlations suggested by 
Eqs. 2 and 4 are valid only above 0.45 Tm for alu- 
minum. Perhaps no special meaning can be ascribed 
to the number 0.45 Tm above which the creep laws 
given previously are valid. But it is significant to 
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Fig. 2—Correlation of stress-secondary creep rate data for aluminum 
and dilute aluminum alloys by means of the relation o, = 
f (€, e*”/""). Data of Sherby and Dorn,** Giedt, Sherby, and Dorn,’ 
and Servi and Grant.** 


note 0.45 Tm is that temperature at which the tensile 
strength of aluminum and its dilute alloys begin to 
decrease rapidly with increase in temperature due 
to rapid recovery rates.” Evidently these proposed 


Table I. Metals and Alloys Investigated 


Metal Melting 
Atomic or Tempera- Crystal Chemical 
No. Alloy ture, °K Structure Composition Reference 
13 Al 933 fee 99.987% Al Sherby and Dorn3,4 
; 99.995% Al Servi and Grant 
Al-Mg solid — fee High purity Al Sherby and Dorn3,4 
sol’n, alloy plus 1.6 atomic % Mg 
Al-Cu solid — fee High purity Al Sherby and Dorn3.4 
sol’n. alloy plus 0.1 atomic % Cu 
Al-Cu disper- — fee High purity Al Giedt, Sherby and Dorn? 
sion alloy plus 1.1 atomic % Cu 
26 He 1812 bee 99.93% Fe Tapsell and Clenshaw?2 
28 Ni 1728 fee 98.7% Ni Hazlett, Parker and Nathans'3 
29 Cu 1356 fee — Nadai and Manjoine!4 
Cu-Ni alloy — fee 55% Cu, 45% Ni Dushman, Dunbar and 
(Constantan) (traces of Mn and Fe) Huthsteiner2 
30 Zn 693 eph 99.0% Zn Pomp and Lange's 
99.99% Zn Graeser, Hanemann and 
Hofmanni6 
"8 Pt 2047 fee 99.98+ % Pt Carreker1!7 
_ Dushman et al.2 
79 Au 1336 fee High purity Alexander, Daws ingi8 
82 Pb 601 fee 99.9998% Pb Smith 


99.997% Pb 
99.92% Pb 


McKeown 
Smith and Howe?! 
Andrade22 
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Fig. 3—Correiation of stress-secondary creep rate data for iron by 
means of the relation «, — f(é,e°”/""). Data of Tapsell and 
Clenshaw.” 


laws are only valid in the temperature range where 
reasonably rapid recovery can occur. 

3—Furthermore, the experimentally established 
validity of Eqs. 2, 4, and 5 proves that the stress and 
not the stress divided by the absolute temperature 
enters the creep equation for high creep tempera- 
tures. Since the stress does not enter the creep equa- 
tion as stress divided by temperature, the stress 
term cannot enter the free energy of activation term. 
Consequently the mechanism for creep cannot be 
that of thermal activation wherein the free energy 
of activation includes the work term arising from 
the applied stress as is assumed in the derivation of 
Eq. 1. 

The success achieved by applying Eqs. 2 and 4 to 
the creep of aluminum suggests that they should 
also be valid for other systems. Since AH appears to 
be rather insensitive to structural variables and 
minor alloying additions, it appears to be a funda- 
mental property and should therefore be correlatable 
with other fundamental properties. It is the purpose 
of this paper to review creep data of various metals 
already reported in the literature in an attempt to 
test the general validity of Eqs. 2 and 4. Further- 
more the activation energies for the elements studied 
will be evaluated in a preliminary attempt to un- 
cover additional correlations. 


Materials Investigated 
Although the literature on the creep of metals is 
voluminous, only a few investigations have been 
conducted on relatively pure metals covering the 
ranges of variables that are required for unambig- 
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uous checks on either Eqs. 2 or 4. In order to avoid 
complications arising from simultaneous phenomena 
such as precipitation hardening, phase changes, etc., 
only data for relatively pure metals or simple alloy 
systems have been analyzed in this study. These 
metals are listed in Table I together with the melt- 
ing temperature, crystal structure, and purity, inso- 
far as these data were available. In view of the fact 
that Eqs. 2 and 4 were found to be invalid below 
the temperature for rapid recovery (about 0.45 Tm) 
for pure aluminum and its dilute alloys, an attempt 
was made to limit the present analyses to the high 
temperature range of reported test data. f 
Separate sets of creep data, obtained by different 
investigators, were found for aluminum, zinc, plat- 
inum, and lead as shown in Table I. The metals used 
by each group of investigators differed in chemical 
composition, method of preparation, and other de- 
tails. The correlations of such data serve as excellent 
checks on the insensitivity of the activation energy 
‘for creep to small differences in alloy content, metal- 
lographic structure, and pretreatment history. 


Results 

Aluminum (Atomic No. 13): The various exam- 
ples of analyses of creep data on high purity alu- 
minum and its dilute alloys” * * including effects of 
grain size” and dispersions of CuAl.” are reproduced 
here to illustrate the two alternate analytical pro- 
cedures. The data recorded in Fig. 1 reveal the 
validity of Eq. 2 for high purity Al, high purity 
Al-Mg, and Al-Cu solid solution alloys, and an alloy 
consisting of a dispersion of CuAl, in a saturated 
solution of copper in aluminum. In spite of minor 
alloying additions in the solid solution alloys and 
the dispersion of CuAl, in the Al-Cu alloy, the acti- 
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Fig. 4—Correlation of creep strain-time data for nickel by the 
relation « = f(6,c,) at a constant stress of 5750 psi. Data of 
Hazlett, Parker, and Nathans.2* 
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Fig. 5—Predicted and experimental creep curves for nickel when 
the temperature is changed as a function of time under constant 
stress condition. 
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Fig. 6—Correlation of tensile data for copper at various strain 

: 
rates and temperatures by means of the relation o, — f (é, e*”/""). 
Data of Nadai and Manjoine.* 


vation energy for creep is about the same as that 
for pure aluminum, namely 36,000 cal per mol. 
Differences in both B and S of Eq. 5 for the various 
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Fig. 7—Correlation of stress-secondary creep rate data for con- 
stantan (45 pct Ni, 55 pct Cu) by means of the relation ¢, — 
(€,e°"/""). Data of Dushman, Dunbar, and Huthsteiner.2 
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Fig. 8—Correlation of creep strain-time data for zinc by the rela- 


tion « = f(6,c,) at various stresses. Data of Pomp and Lange.” 
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Fig. 9—Correlation of stress-minimum creep rate 
data for zinc by means of the relation o, = 
f(é,e*/""), Data of Pomp and Lange” and 
Graeser, Hanemann, and Hofmann.”° 


alloys account for the different «-§ curves shown in 

The data recorded in Fig. 2 reveal the application 
of Eq. 4 to the creep of simple aluminum alloys. 
Again the same activation energy is obtained inde- 
pendent of alloying, grain size, dispersions, or other 
test variables. The differences in the curves for the 
various alloys are again attributable to differences 
in B and in the values of S that are obtained at the 
secondary stage of creep. 

Iron (Atomic No. 26): Tapsell and Clenshaw’s 
data” for the creep of Armco iron from 500° to 
773°K were analyzed by means of Eq. 4 which 
yielded an activation energy for creep of about 78,000 
cal per mol. Although this range of temperature 
falls below 0.45 Tm, excellent correlations were 
achieved as shown in Fig. 3. The validity of Eq. 4 
for pure iron at these temperatures suggests that 
for this material rapid recovery occurs at tempera- 
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Fig. 10—Correlation of creep data for platinum by the relation 
6 = f(e,c,). Data of Carreker.” 


tures considerably below 0.45 Tm. This deduction 
is given further justification by the tensile data of 
Tapsell and Clenshaw” which show the tensile 
strength to decrease rapidly with increase in tem- 
perature at about 500°K. 

Nickel (Atomic No. 28): Hazlett, Parker, and 
Nathans” in an unclassified AEC Technical Report 
presented creep data under constant true stress of 
5750 psi for nickel over the range from 946° to 
1027°K. Their data correlated very well by means 
of Eq. 2 as shown in Fig. 4, wherein an activation 
energy, AH, of 65,400 cal per mol was obtained. These 
investigators also studied the creep behavior of 
nickel under the constant stress of 5750 psi for 
changing temperature conditions shown in the upper 
half of Fig. 5. They obtained the creep curve shown 


in the lower half of Fig. 5. Actually this experi- 
mental curve can be predicted from the «-@ data of 
Fig. 4. Thus, when the temperature history of the 
test is known, a value of @ can be obtained for a 
given time (the area under an e“*”’"” — ¢ curve), 
following which the creep strain « can be predicted 
from the e«-@ master curve of Fig. 4. In this manner 
the predicted curve was obtained as shown by the 
dotted creep curve of Fig. 5. The actual and pre- 
dicted curves superimpose extremely well, further 
justifying the general validity of Eq. 2. 

Copper (Atomic No. 29): As far as is known to 
the authors, there are no data available on the creep 
of high purity copper above 610°K, that is, above 
0.45 Tm. Nadai and Manjoine,* however, studied the 
effect of strain rate on the tensile strength of com- 
mercially pure copper over the range 300° to 1273°K. 
The testing rate at high temperatures was at speeds 
ranging from é€, = 3.6x10° per hr to €, = 3.6 per hr. 
In order to correlate all of Nadai and Manjoine’s 
data, Eq. 4 was used where o, refers to the ultimate 
tensile strength or true stress at ultimate and e, 
refers to the rate of straining of the specimen. The 
good correlation by this equation is shown in Fig. 6. 
AH was found to be a constant of about 44,000 cal 
per mol for copper over the wide temperature range 
from above 0.45 Tm to almost the melting point. 

45 Pct Ni-55 Pct Cu Solid Solution Alloy (Con- 
stantan): Dushman, Dunbar, and Huthsteiner’ creep 
tested constantan at temperatures from 673° to 
783°K. The lower limit of creep test temperature 
used is just equal to 0.45 Tm. The creep specimens 
were pre-annealed for 10 min at 773°K before creep 
testing. Their data which were analyzed by means 
of Eq. 4 are replotted in Fig. 7 whereby an activation 
energy of AH = 41,800 cal per mol was obtained. 

Zinc (Atomic No. 30): The investigation of the 
creep of zine under constant load conditions by Pomp 
and Lange” includes data at three temperatures 
above 0.45 Tm: 313°, 328°, and 343°K. The complete 
creep curves correlate well by means of Eq. 2 as is 
shown in Fig. 8, yielding an activation energy of 
26,000 cal per mol. The minimum creep rates ob- 
tainable from these data were also analyzed by 
means of the relation o, = f(é,e*”/””) as shown in 
the upper curve of Fig. 9. Both methods of analysis 
give the same activation energy for creep. 
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Fig. 11—Correlation of creep strain-time data for platinum by the relation « - 
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at various stresses. Data of Carreker.”* 
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Fig. 12—Correlation of stress-secondary creep rate 
data for platinum by means of the relation o, = 


(é, Data of Dushman, 


Huthsteiner.” 


Dunbar, and 


Graeser, Hanemann, and Hofmann” studied the 
creep of zinc, pre-annealed at 473°K, under constant 
load conditions at two temperatures above 0.45 Tm, 
323° and 348°K. Their data, presented in the form 
of minimum creep rates observed under various 
stresses at each temperature, have been correlated 
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Fig. 13—Correlation of stress-initial 
data for gold by means of the relation o, — 
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by means of Eq. 4 as is shown in the lower curve 
of Fig. 9. These data also suggest that the activation 
energy for the creep of zinc is approximately 26,000 
cal per mol. : 

Platinum (Atomic No. 78): Carreker” investigated 
the creep properties of 99.98+ pct Pt wire under 
constant true stress conditions at temperatures rang- 
ing from 78° to 1550°K. In order to cover all the 
creep data above 0.45 Tm it was first decided to use 
Eq. 2 and attempt to correlate the constant stress 
o, with 9 — te*”/*” at a given strain. These results 
are shown in Fig. 10 for a given strain of 1 pct, 
wherein an activation energy of 56,000 cal per mol 
was found to be valid for all the data above 0.45 Tm 
with the exception of those obtained at 950°K. It 
therefore appears that the correlation by means of 
Eq. 2 is valid for platinum only somewhat above 
about 0.50 Tm. 
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Fig. 14—Correlation of creep strain-time data for high purity lead 
by the relation e = f(6,c,) at various stresses. Data of Smith” 
and McKeown.” 


A second analysis based on Eq. 2 was also made 
for three representative stresses at each temperature 
as shown in Fig. 11. These results further justify 
the validity of Eq. 2. 

Dushman, Dunbar, and Huthsteiner’® investigated 
the secondary creep rate characteristics of pure plat- 
inum at temperatures of 1118°, 1206°, and 1285°K 
under constant load conditions. Their results are 
plotted in terms of Eq. 4 as shown in Fig. 12. The 
correlation obtained was quite good using the same 
activation energy of 56,000 cal per mol obtained from 
the more extensive data of Carreker. 

Gold (Atomic No. 79): Alexander, Dawson, and 
Kling” performed creep tests on pure gold near the 
melting point. Unfortunately, they were primarily 
interested in the so-called microcreep range wherein 
an apparent viscous behavior of the metal was ob- 
tained. The data are therefore quite limited; further- 
more, at very low stresses they obtained negative 
creep rates due to surface tension effects. If these 
very low stress tests are eliminated their data can 
be correlated by means of the Z parameter of Eq. 4. 
Fig. 13 is a plot of this correlation wherein an acti- 
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Wake 


vation energy of 50,000 cal per mol was found valid 
* for the creep of gold. 

Lead (Atomic No. 82): Only limited data are avail- 
able on the creep of lead at elevated temperatures. 
Smith” studied the creep of 99.9998 pct Pb at 303°, 
328°, and 373°K under constant load. McKeown” 
also studied the creep of a high purity (99.997 pct) 
lead at 298° and 353°K under constant load. The 
correlations of Smith’s and McKeown’s data as based 
on Eq. 2 are shown in Fig. 14. In spite of differences 
in purity, the same activation energy for creep was 
obtained for Smith’s and for McKeown’s lead. The 
creep resistance, however, was found to be greater 
for the less pure lead used by McKeown. These dif- 
ferences are attributable to differences in B and S 
resulting from impurities and perhaps other factors. 

Smith’s and McKeown’s data were also analyzed 
by means of Eq. 4 as shown in Fig. 15. Three low 
stress tests of McKeown were deleted from this 
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Fig. 15—Correlation of stress-minimum creep rate data for 
high purity lead by means of the relation o, = f (é, e**/"). 
Data of Smith and McKeown.” 


analysis because the secondary creep rate had not 
been reached in these tests. Again an activation 
energy of 19,000 cal per mol was obtained from both 
sets of data, and again the less pure lead was found 
to be more creep resistant than that of higher purity. 

The only other usable data on the creep of rela- 
tively pure lead at various temperatures are those 
presented by Smith and Howe” and Andrade.” These 
investigators studied commercially pure lead. Smith 
and Howe creep tested 99.92 pct Pb at 303° and 
373°K under constant load, whereas Andrade tested 
lead of unreported composition at 290° and 433°K 
under constant stress. The data are too limited to 
make an exact determination of AH and therefore 
are not reproduced here; the most reasonable value 
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(primarily based on Smith and Howe’s data) was 
23,000 cal per mol. 


Discussion of Results 

The previously outlined analyses of all pertinent 
data currently available in the literature confirm the 
general validity of Eqs. 2 and 4 for the creep of 
simple metal systems at temperatures above about 
0.45 of the melting temperature. Since this is prob- 
ably the temperature at which recovery first becomes 
pronounced for most metals, it appears as if Eqs. 2 
and 4 are valid only at temperatures of rapid re- 
covery. 

The good agreement obtained for the activation 
energies from data by different investigators for a 
given metal confirms that the rate-controlling process 
is rather insensitive to minor differences in metal 
preparation, purity, and structure. Thus, the acti- 
vation energies determined in the context of this 
paper for relatively pure metals should approach 
those of the elements. 

The confirmation of the general validity of Eqs. 
2 and 4 further emphasizes the previously discussed 
suggestion that the free energy of activation term 
for the rate-controlling process in high temperature 
creep cannot be stress dependent; for if this were 
the case the stress would enter the equations as the 
stress divided by the absolute temperature which is 
contrary to the facts. Consequently high tempera- 
ture creep appears to occur due to removal of bar- 
riers to the motion of dislocations by means of some 
recovery processes. Perhaps once a barrier is re- 
moved the dislocations (or other deformation units) 
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Fig. 17—Correlation between the activation energy for creep and 
atomic number. 
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Table II. Data on Activation Energies for 


Self-Diffusion of Metals 


AH Self-Diffusion, Cal per Mol 


Best or 
Metal Reported Values Average 
(Atomic No.) (Source Indicated) Value 
Lithium 9,800 (a) 
(3) 9,300 (b) 
9,500 
Carbon 114,000 (ec) 114,000 
(6) 
Sodium 10,450 (d) 
(11) 9,500 (e) 
9,100 (b) 
10,450 
Aluminum 33,000 (f) 33,000 
9,100 b 
assium ,100 (b) 
9,100 
77,200 (g) 
(26) 73,200 (h) 
59,700 (i) 
73,000 
y-Iron 48,000 (g) 
(26) 74,200 (h) 
67,900 (i) 
71,000 
Cobalt 67,000 
(27) 61,900 (k) 
65,000 
Copper 45,100 (D 
(29) 49,000 
46,800 (m) 
44,000 (n) 
57,200 (o) 
61,400 (p) 
47,000 
48.000 
Zine 20,400 (q) 
(30) 31,000 
Silver 45,950 (r) 
(47) 45,950 (s) 
45.500 (t) 
46,000 (f) 
46,000 
Indium 17,900 (u) 17,900 
(49) 
Tin 10,500 jjc (v) 
(50) 5,900 ||a (v) 
Tungsten 140,900 (w) 140,000 
(74) 
Gold 51,000 (x) 
(79) 62,900 (y) 
53,000 (z) 
52,000 
Lead 27,900 (a’) 
(82) 27,000 (£) 
28,000 
Bismuth 31,000 {ic (b’) 
(83) 140,000 jc (b’) 
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migrate under the stress to a new barrier which the 
stressed dislocations cannot surmount. The extent 
of this motion would therefore depend on the sub- 
structure and also the magnitude of the applied 
stress. This would suggest that the activation energy 
for creep obtained herein is the activation energy 
for removal of barriers to the motion of dislocations. 
It might be supposed that the removal of these bar- 
riers is controlled by atomic diffusion processes and 
therefore the activation energy for creep might be 
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closely associated with the activation energy for 
self-diffusion. Table II lists for various metals the 
values of the activation energy for self-diffusion 
that have been published in the literature. The 
average or “best’’ value is listed for each metal using 
only data that appear reliable, and this value is used 
for comparison with the activation energy for creep 

as shown in Fig. 16. The correlation appears excep- ° 
tionally good. In fact, the almost exact equality 
between these two activation energies suggests that 
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the rate-controlling process for self-diffusion might 
also be the rate-controlling process for creep. 

It might be anticipated that the activation energy 
for creep of the elements should be a periodic func- 
tion of atomic number. The activation energy data 
for creep and self-diffusion recorded in Fig. 17 begin 
to reveal a periodic variation. Undoubtedly the first 
members of each period, i.e., the alkali and alkaline 
earth elements, possess low activation energies for 
creep as indicated by the available self-diffusion 
data for lithium, sodium, and potassium. The data 
of Fig. 17 thus suggest that the intermediate ele- 
ments in each period have the highest activation 
energies for creep and self-diffusion. The possible 
effects of crystal structure on the activation energies 
for creep, however, are neglected in this periodic 
correlation. Consequently, the data of Fig. 17 are yet 
too incomplete to select those elements that exhibit 
the highest activation energies and therefore might 
be most creep resistant for this reason. 

The suspected periodic variation of the activation 
energy for creep and self-diffusion with atomic 
number suggests that the activation energy should 
correlate with other properties that exhibit periodic 
variation. The activation energy for creep and self- 
diffusion correlates quite well with the melting tem- 
perature as shown in Fig. 18. 

It should be noted that although the activation 
energy for creep is insensitive to most metallurgical 
factors, the co, vs Z curves obtained from separate 
investigations on a given metal reveal sensitivity to 
composition, structure, etc. These effects have been 
shown to be due to the sensitivity of B of Eq. 5 to 
composition’ and the sensitivity of S of Eq. 5 to 
structure.” High values of activation energy, AH, 
and low values of B and S favor creep resistance. 


Conclusions 
1—Creep and tensile data of pure metals at tem- 
peratures above about 0.45 of their melting points 
can be correlated by means of simple equations: 


f(A, 
o, = f(Z) = flee") 


-4H/RI 


and 


where e is the creep strain; § = te , where t is 
the time, T is the absolute temperature, R is the gas 
constant, and AH is the experimental energy of ac- 
tivation for creep in cal per mol; o, is the creep 
stress (or ultimate tensile strength); and é, is the 
secondary creep rate (or strain rate of tensile test). 

2—Since the equations given in conclusion 1 do 
not contain the stress divided by the absolute tem- 
perature, the stress does not enter the free energy 
of activation for the rate-controlling process for 
high temperature creep. 

3—AH was found to be a constant for a given 
metal at temperatures above those at which rapid 
recovery occurs (above about 0.45 Tm). It was 
shown that the energy of activation for creep is ap- 
proximately equal to the best known value for the 
activation energy of self-diffusion. These results 
suggest that the rate-controlling process for high 
temperature creep might be similar to the rate-con- 
trolling process for self-diffusion. 

4—-For the elements investigated the activation 
energy for creep, AH, appears to be a periodic func- 
tion of the atomic number. 
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Technical Note 


Structure of Some Iridium-Osmium Alloys 


by H. C. Vacher, C. J. Bechtoldt, and E. Maxwell 


N the course of an investigation of the properties 

of metals at low temperature there was occasion 
to determine the constitution of four iridium- 
osmium alloys. There is very little information in 
the literature’ on the constitution of synthetic Ir-Os 
alloys. Zvyagintzev”* has made a comprehensive 
study of different natural Ir-Os alloys and concludes 
that alloys containing more than 32 pct Os have the 
close-packed hexagonal structure of osmium, 
whereas those containing less than 32 pct Os have 
the face-centered cubic structure of iridium. 

The alloys studied in this work were prepared by 
the American Platinum Works, Newark, N. J., and 
were received in the form of fragments approxi- 
mately 1.5 mm average diameter. The fragments 
had been obtained by crushing ingots made by 
fusing charges of iridium and osmium under an arc 
and air cooling. The ingots were not given a 
homogenizing heat treatment. Sample fragments 


Table |. Results of X-Ray Diffraction and Microscopic Examinations 


Phases Present as Determined by 


X-ray Diffraction 


Osmium 
Alloy Close- Iridium Face- 
Packed Centered 
Osmium, Iridium, Hexagonal Cubic Micro- 
Wt Pct Wt Pct Structure Structure scope 
0 99.9 None Present 1 
23.6 76.4 None Present 1 
38.7 61.3 Present Present 2 
59.4 40.6 Present Present 2 
79.0 21.0 Present Not detected 2 
99.9 0 Present None 1 


Note: Chemical analyses of the iridium, osmium, and alloys were 
furnished by the American Platinum Works. 


of the iridium and osmium used in making the al- 
loys also were included. 

Several fragments of each metal and alloy were 
examined microscopically and by X-ray diffraction. 
For the X-ray method the fragments were crushed 
further to pass a 270-mesh screen, then sealed in 
evacuated fused-silica tubes, heated to 1100°C for 
18 hr, and allowed to cool in the furnace. Powder 
X-ray diffraction patterns were obtained from the 
annealed fragments by means of a Norelco camera 
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Fig. 1—Microstructure of a 21 pct Ir-79 pct Os alloy. The 
iridium-rich phase is white. Etched electrolytically with 10 
pct potassium cyanide solution. X100. 


having a diameter of 114 mm, and unfiltered cobalt 
radiation. For the microscopic examination several 
fragments in the as-received condition were mount- 
ed in Melmac, (American Cyanamid Co.) and 
ground using the conventional series of abrasive 
papers. The polishing was done with 0-2 diamond 
abrasive on a Microcloth (Buehler Ltd.) lap, wet 
with xylene. After polishing, the surface was 
etched electrolytically in a 10 pct solution of 
chromic acid or in a 10 pct solution of potassium 
cyanide. Both reagents attacked the osmium-rich 
constituent, whereas the iridium constituent was 
attacked slightly by the chromic acid reagent and 
not noticeably by the potassium cyanide reagent. 
The results of the X-ray diffraction and micro- 
scopic examinations are summarized in Table I. 
Fig. 1 shows the microstructure of a 21 pct Ir-79 pet 
Os alloy. 

The results indicate an appreciable solid-solu- 
bility range of osmium in iridium as was reported 
by Zvyagintzev.. The solid-solubility range of 
iridium in osmium is more restricted, apparently 
less than 21 pct Ir. This implies a large range of 
composition in which two phases can coexist that 
was not reported by Zvyagintzev. 
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Regenerator Efficiency and Air Preheat 


In the Open Hearth 


by B. M. Larsen 


A discussion based on three commercial furnace tests and elec- 
trical analogue calculations is presented. It shows that while re- 
generator efficiency is mainly dependent on loading or relative 
amount of heat exchange surface plus the heat transfer coefficients 
as effected by flow velocity, the actual air preheat temperature can 
be high or low, largely independent of regenerator efficiency, 
mainly due to the diluting or unbalancing effects of cold air leak- 
age into various parts of the furnace system. 


HERE are many signs of a renewal of interest in 

the heat regeneration aspect of the open hearth 
process, among them being the recent paper by 
Marsh,’ the introduction of auxiliary checkers in the 
stacks of the Isley furnace design, and a number of 
recent installations of two-pass checkers in new and 
old furnaces. However, there are also signs of yield- 
ing to the usual temptation of oversimplifying a 
problem. Faced with the job of obtaining better 
draft on a furnace, for example, a good designer 
always recognizes that focusing attention on some 
one factor, such as height of the stack or capacity of 
the exhaust fan, does not make his problem any 
easier; rather he must look at the whole system, 1n- 
cluding such items as valve resistances, bends in the 
flues. and flow resistance in the waste heat boiler; 
then he must make his design in relation to the 
available draft so as to avoid any serious bottleneck 
in the system. Yet this example is really much 
simpler than the problem of air preheating, and 
again, the latter problem is not really made easier 
by concentrating on air temperature in uptakes and 
on the more obvious methods for making this air as 
hot as possible. Also to be considered are such things 
as the total amount of air needed theoretically for 
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complete combustion at any selected fuel rate, to- 
gether with that needed for oxygen absorbed into 
the bath and for burning the combustible gases 
given out from the bath, plus some excess air. 
Furthermore, how does this total air requirement 
relate to the regenerator efficiency at various load- 
ings? How much of the total air equivalent in stack 
gases will come from preheated air passed through 
the whole length of the incoming regenerator and 
how much from air leakage into various zones of the 
whole furnace system? Does the effect of leakage air 
differ depending on whether it leaks into the in- 
going regenerator, the furnace above floor level, the 
outgoing regenerator, or the stack zone? 

Over a number of years we have in this Labora- 
tory experimented with methods for measuring hot 
gas temperatures; we have measured, approxi- 
mately, the efficiency of a few regenerators on com- 
mercial furnaces and we have developed an elec- 
trical analogue’ for calculations of regenerator effi- 
ciency. The whole problem is too complex to cover 
in one paper even with a more complete background 
of data than we possess, but we can attempt here to 
clarify certain aspects in a general way, hoping to 
assist specific plant studies on individual furnaces. 
Some of our earlier experience has been incorpo- 
rated into chaps. 4, 19, 20, and 21 in the book “Basic 
Open Hearth Steelmaking,’” and on the assumption 
that this text is available to most readers, this dis- 
cussion has been shortened by references to that 
book. The most recent design of a flowing-gas ther- 
mocouple which we are now using for measurement 
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Fig. 1—Effect of load rate on net regenerator efficiency (E,) for 
two extreme values of efficiency limit (EF, = 46 and 78 pct). 


of gas and air temperatures in regenerative zones is 
described briefly in the Appendix. 


Some Background on Furnace and Regenerator Design 


Although the open hearth furnace is about eighty 
years old, many furnaces are now being operated 
with regenerators of design and capacity quite in- 
adequate to preheat approximately all of their 
normal air requirements to a desirable temperature 
level. It may be interesting, and perhaps helpful, to 
sketch here some background and some of the rea- 
sons for the existence of this situation in a process 
of such predominant industrial importance. 

The very early furnaces of 20 to 30 tons capacity 
needed checker chambers which, with reasonably 
adequate surface area for heat exchange, were still 
small enough to be located largely underneath the 
melting chamber. This helped to give minimum 
heat losses and air leakage in a blocky design of 
minimum external surface. With furnace capacities 
growing to 40 to 60 tons, the increased size, together 
with certain design and operating factors, favored 
the location of the checker chambers out under the 
charging floor, pointed toward flues and stack, that 
is, about at right angles to the melting chamber. 
This gave more exposed surface for heat loss out 
and for leakage of cold air in, but many operators 
eventually learned how to use insulating and seal- 
ing coatings on all exposed surfaces below floor 
level to keep most of the heat in and the cold air 
out. In this size range, up to perhaps 60 tons, a 
checker of moderate length still suffices to give an 
adequate total perimeter* of heat exchange surface. 


* The perimeter of a checker setting is defined as the total length 
of all brick-to-gas intersection over a given horizontal cross section, 
that is, the sum of lengths of all the sides of all the open flues. 


If the charging floor is also placed at a reasonable 
height above normal maximum ground water levels, 
the checker can be about as deep as it is long, so 
that the distribution of gas and air flows can remain 
fairly uniform over all the flue openings. 

As furnace sizes increased to over 100 tons, the 
needed checker surface would have demanded, for 
the same chamber length, a checker depth so great 
that serious engineering problems of digging deep 
flues and sealing against ground water were in- 
volved. The simple alternative was to lengthen 
these checker settings, until extremes of only 8 to 
10 ft of depth combined with 25 to 30 ft of length 
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were attained in some shops. The gases and air 
could not be expected to flow anywhere near unl- 
formly down all the flue openings over this great 
length of checker setting. This “channeling” of gas 
and air flows will not be discussed here, but it can 
be assumed that it is serious enough so that these 
long single-pass checker chambers do not give the 
increase in efficiency which should result from their 
proportional increase in total heat exchange surface. 
One simple proof of this lies in the fact that at vari- 
ous times operators have blocked off some 8 or 10 
ft of checker openings at the far end of the settings 
with no noticeable decrease, or even a slight in- 
crease, in furnace sharpness. 

As average furnace size increased, many older 
shops obtained a net gain in costs per ton by in- 
creasing the capacity of their smaller, older fur- 
naces. Baths were lengthened or widened or deep- 
ened and fuel input rates increased, and while heat 
times tended to increase, there was a net gain in 
labor and overhead costs. Regenerator and flue 
capacities were harder to increase so, in general, 
they remained about constant, and became less and 
less adequate for the loads placed upon them. Al- 
though precise data are lacking, it is a fairly safe 
guess that in most shops, instead of a gradual gain 
in heat regeneration efficiency with real improve- 
ments obtained by insulation, sealing, checker clean- 
ing, burner and port design, and furnace controls, 
this efficiency has been falling off somewhat over 
the years. The changes have developed gradually, 
it is true, yet it still remains a puzzle as to why the 
relative decrease in regeneration efficiency has not 
been given more attention by the industry as a 
whole. One probable reason lies in the shape of the 
curve of regenerator efficiency with increasing size. 
One form of this is given in Fig. 21-2 in ref. 3 (simi- 
lar to Fig. 6 here) in which increasing depth at con- 
stant perimeter* and constant gas flow is plotted 


* See asterisk footnote in first column. 


against net efficiency for two widely different values 
of drift ratio (or leakage confined to the melting 
chamber parts between regenerative zones**). 


** The relations between ‘‘drift ratio” and leakage in various 
zones of the furnace system are explained in a later section, as well 
as the Ez values in Fig. 1, 


Roughly speaking, it can be seen from the curves that 
for any given constant value of cross section and drift 
ratio** the first 8 to 10 ft of checkerwork depth 
gives around 80 pct of the net efficiency that should 
be obtained from a setting around 20 ft deep. Or, 
from another angle, the curves** in Fig. 1 show 
net efficiency against increasing load, that is, in- 
creasing rates of air flow for the same regenerative 
system. As nearly as can be estimated, most of the 
older, enlarged furnaces are operating about in the 
middle of these curves near the range of 2000 to 
3000 on the horizontal scale. Thus, the lowering 
of efficiency with more overloading is not too rapid. 

Furthermore, as will be shown below, by certain 
methods of operation, including excess fuel input 
and wastage of heat into the stack zone coupled 
with air leakage above furnace sill level, inefficient, 
overloaded regenerators can be made to preheat a 
limited amount of air to very high temperatures in 
the uptakes to give a sharp, intense flame. Rela- 
tively more high temperature heat moves down- 
stairs and the downtake, slag pocket, and fantail 


portion of the system take on more of the air heating.” 


In brief, as this drift toward inadequate regener- 
ation of heat developed over the years in older fur- 
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naces, there was not a catastrophic loss in steel- 
making rates. There was only a gradual, moderate 
loss of furnace sharpness, with longer heats and 
greater stack losses being countered by savings in 
overhead and labor as well as from waste heat 
boiler recovery, and by the effects of more insula- 
tion and better combustion and control methods. 
However, the relative inefficiency of the larger, 
longer, shallow regenerators was apparently recog- 
nized early by a few people. Dyrrsen* suggested the 
idea of a metallic preheater between checkers and 
stack and this idea is paralleled in the stack checkers 
of the present Isley’ furnace. Even earlier, in a book 
by Groume-Grjimailo,’ a drawing is shown of a re- 
generator tried by the Pennsylvania Steel Co. of a 
design very nearly the same as the modern two- 
pass regenerator chambers. Yet after all this time 
specific data on the efficiency of various regenerator 
designs are still needed. There seems to be some 
lack of understanding of the many-factored prob- 
lems involved in air preheat and of certain related 
operating difficulties with double-pass regenerators. 


Limitations of the Present Discussion 

The division of the furnace system into: 1—melt- 
ing chamber zone or “working chamber,” 2—re- 
generator zones, and 3—stack zone, as described in 
chap. 21 and Fig. 21-1 of ref. 3, is satisfactory for 
our purpose because it concentrates attention on 
regenerative zones of heat interchange, largely in- 
dependent of the melting chamber, with the latter 
regarded merely as the supply source for heating 
gases. However, certain effects in the melting cham- 
ber do relate to, or affect, the air preheat tempera- 
ture and the regenerator efficiency.t Although some 


+ The reason for listing these as two separate factors will perhaps 
become more obvious from the discussion later on. 


ot these are not treated adequately in the literature, 
to discuss them properly here would make this 
paper even longer and more cumbersome than it 
already is. So we will ask the reader to take the 
following points, if not on faith, at least as tentative 
assumptions correlative to the later discussion of air 
preheating. 


1—Flame radiation intensity depends not only on 
air preheat temperature, but also on the pattern of 
fuel-air mixing and related port design and, with 
liquid fuels, on burner design and position and 
atomizing agent used. These latter factors, how- 
ever, are essentially separate from the regenerator 
problem. Also, the air temperature is the main fac- 
tor determining flame intensity, as partly substanti- 
ated by the measurements shown in Fig. 2, all made 
on one furnace. Since flame radiation and air pre- 
heat are rapidly varying things, difficult to express 
accurately in integrated or effective mean values, 
the correlation indicated is considered good. 


2—There are many areas of flame zone in the 
open hearth which can hardly be seen at all. The 
main flame zone, from which hot carbon-rich par- 
ticles radiate intensely in the short wave lengths of 
visible light, is easily seen, even against the glare 
from hot and reflecting wall or slag surfaces. But 
any carbon monoxide or hydrogen tailing out away 
from this easily visible flame can, wherever it burns, 
radiate almost no energy except in longer wave 
lengths invisible to the eye. The large volumes of 
carbon monoxide and the small amount of hydrogen 
evolved from the bath give a similar ‘‘thin’”’ flame 
which is almost invisible against a bright back- 
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AIR PREHEAT TEMPERATURE IN UPTAKES - °F 
Fig. 2—Correlation between air preheat temperature in uptakes and 
the apparent flame intensity as measured by the output of a radia- 
tion receiver at one wicket hole pointed at the most intense flame 
zone. All yalues measured on furnace A. 


ground. Unless there is a large excess of air supply 
to the melting chamber, some of this “invisible com- 
bustion” will occur in downtakes and even over top 
checkers, partly by virtue of cold air leakage di- 
rectly into this zone. This effect raises appreciably 
both the “top” or “100 pet” temperature level (Tg,) 
of any selected regenerative zone and its total quan- 
tity of heat supply. 


3—The open hearth process differs from the bes- 
semer in that its main source of oxidation comes 
from ore and limestone. But it is also more like the 
bessemer than is often thought, because it can ob- 
tain a great deal of oxidation from heated air with 
useful effect. Much iron can be burned during melt- 
down of exposed scrap, thereby providing much heat 
and storing liquid oxide in the bath for later re- 
action. The slag can absorb oxygen directly as the 
gases above it have more oxygen available. The gas 
from the carbon monoxide boil requires large quan- 
tities of excess air to burn it. 


4—As air oxidation can be increased and the 
charge and feed ore decreased, the net heat require- 
ment of the bath from external sources can decrease 
by a large percentage, especially as heat can be ab- 
sorbed from burning boil gases over the slag in the 
melting chamber instead of down in the regenera- 
tive zones. Also, in this regenerative system, even 
the excess air,j/{j which never burns anything, has 


+7 Throughout this paper, “theoretical air’? is calculated as that 
required to burn all fuel input plus any carbon monoxide from 
bath, or oxygen absorbed into the bath, insofar as these could be 
measured. This theoretical air is then taken as the 100 pct basis 
(usually in lb per hr over any given test period) and values for 
“pet excess air’ or ‘‘pcet air leakage’’ are in reference to the theo- 
retical requirement. Excess air is that present in excess of com- 
bustion requirement, so that a gas weight and composition will 
give it for any sampling point. Air leakage is the total equivalent 
of air present at any sampling point, minus the air input through 
the ingoing regenerator. When given in percentage values, the air 
leakage is again referred to the same theoretical air as the 100 pct 
basis. 


more or less of its heat extracted and returned to 
the working chamber, depending on the net regen- 
erative efficiency. Thus in general the furnace proc- 
ess can utilize “extra” air to good effect, in such 
large quantities as would be very bad in boiler or 
reheating furnaces, where the work is inactive to 
the combustion process. This excess of air can come 
either from that ingoing through checkers or from 
direct cold air leakage, and its relation to regenera- 
tor efficiency may become obvious from the ex- 
amples in a later section. 


Some Points of Reference 
The brick surfaces of downtakes, slag pockets, 
and fantails contribute a very appreciable part of 
the total gas cooling and air heating. Measurements 
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show that the air temperature rise in this “upper 
zone” of the whole system of heat interchange or 
regeneration may be anywhere from 200° to 500°F. 
Although the largest part of the air heating is done 
by the regenerator chamber surfaces of checkers, 
rider walls, arches, etc., this last 300°F or more of 
air heating in the “upper zone” is very important to 
the “flame sharpness” and must be kept in mind. 

Therefore, to make any sort of definition or meas- 
urement of regenerator efficiency in a real open 
hearth system, certain boundary conditions must be 
defined. The cold end of the regenerator zone is 
quite definitely separated from the stack zone at the 
air dampers and reversing valves, especially if these 
are reasonably tight, but the hot end of the zone of 
heat interchange shades into the working or com- 
bustion zone in the port ends. However, the top of 
the downtakes can be used as the dividing point, 
with reasonable preciseness. There is some heat 
interchange above this point, and there is also some 
direct radiation flow into the downtakes, which 
means some heat supply which does not come from 
the actual gas flowing through this upper downtake 
zone, but these two effects tend to cancel each other. 

In making a measurement of heat interchange 
efficiency in an actual furnace, there are several 
reasons for omitting the upper zone: 


1—Outgoing gases are poorly mixed as they enter 
the downtakes and they tend to have somewhat 
variable velocity and temperature. There may be, 
frequently, a variable amount of “tail end combus- 
tion” of carbon monoxide and hydrogen coming 
from the flame or from the boil gases. It is thus very 
difficult to measure mean values of temperature and 
composition and to calculate the rate of heat supply 
which is essential to the fixing of a definite value for 
heat interchange efficiency. 


2—The variable and indefinite pattern of gas and 
air velocities near the wall surfaces of this “upper 
regenerative zone” makes it very difficult to inter- 
pret the process of heat interchange. Mean flow 
rates are apparently not very high, and the amount 
of brick surface is not very large in this zone, which 
would probably result in low efficiency. The fact 
that a very appreciable amount of air heating occurs 
here must be due to the rather large temperature 
differences between brick surface and air and to a 
considerable turbulence in the air stream; there is 
also good heat transfer from combustion gases to 
brick surface due to a large radiation transfer effect. 


3—The opportunity for variable design to im- 
prove efficiency in the checkerwork setting is very 
limited in the design of this upper zone. Its design 
is fixed largely by various problems of engineering 
and brickwork construction plus the limitations of 
available refractories under the high temperature 
and slagging encountered in this zone. In fact, its 
design is always a compromise between conditions 
favorable to effective air heating and the largely 
opposite conditions favorable to outgoing gas flow 
with a minimum of damage to refractories. 

For these reasons, in the tests to be discussed, the 
checker chamber zone of the regenerator system has 
been “isolated” by measuring gas composition and 
air temperatures at: 1l—the bridgewall between 
checker chamber and fantail, and 2—the flues just 
below checkerwork or at the exits from the regen- 
erator chamber. The gas stream is usually well 
mixed at both points and the rates of flow of gas and 
air can be rather accurately calculated for points in 
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the checkerwork setting. Thus, from the data on 
heat-transfer coefficients given in Fig. 20-7 of ref. 3, 
the mean values of heat transfer rate in various 
checker zones can be estimated, which helps to in- 
terpret the results obtained. The discussion of these 
heat-transfer curves in chap. 20, ref. 3 shows how 
the radiation factor causes the heat transfer co- 
efficient? for gas-to-brick to vary with both temper- 


¢{ This is the Btu transferred between air or gas and one square 
foot of exposed brick surface, per hour, per degree of temperature 
difference between gas stream and brick surface or between this 
surface and the air stream. 


ature and gas flow velocity, while the coefficient for 
brick-to-air varies only with air flow velocity be- 
cause the air is transparent to radiation and can 
absorb heat only by convection, that is, only by 
actually “wiping” the heat off the hot surfaces. 

Before discussing specific cases it is useful to list 
all the factors which affect the temperature of the 
air stream at any instant as it arrives at a given 
point, such as the burner port or the checker bridge- 
wall, as follows: 


1—General temperature level of the whole fur- 
nace system. 


2—Distribution in the furnace system of the zone, 
or zones, of combustion of fuel and of gases from the 
bath boils. 


3—Rate of fuel input and excess air, that is, the 
loading rate on any given regenerative zone. 


4—Time of period between reversals; also the 
time in the reversal period. 


5—Uniformity of flow distribution of gases and 
air over various cross sections in the regenerative 
zone, 


6—Cleanliness, or freedom from insulating dust 
coatings, of checker surfaces. 


7—Air leakage directly into regenerator zones. 


8—The ratio between heat capacity of ingoing air 
stream and outgoing stream of combustion gases 
plus excess air, determined mainly by the amount 
of air leakage above door sill level, that is, between 
regenerator zones. 


9—Relative size and design of the regenerator 
zone. 


The first factor, or the general temperature level 
of the whole furnace system, expresses the fact that 
the “spillover” temperature level of gases leaving 
the working chamber is not constant, even if the 
second factor is held constant, that is, the combus- 
tion zone is kept short and in the same relative posi- 
tion. This “critical temperature level’” averages out 
to somewhere around 2800°F or higher over the 
whole heat cycle, but it varies considerably with the 
stage of the heat, the rate of fuel input, and espe- 
cially with the rate at which charged scrap or bath is 
absorbing heat. The resulting effect on air preheat 
in uptakes may sometimes be quite confusing. For 
example, consider one of those periods in which the 
bath “goes dead” or gets covered with a foamy or 
very heavy lime-lump-filled slag. Heat flow rate 
into the bath drops off quickly to a few percent of 
normal, the chamber heats up rapidly, and combus- 
tion gases enter regenerator zones at a temperature 


level perhaps 200°F higher than before. On one or ~ 


more reversal periods the resulting preheat air tem- 
perature may be very high, at a time when the fur- 
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nace is “working” very poorly, leading to a possible 
absurd interpretation if the variable factor involved 
is not recognized. Again, a furnace using only coke- 
oven-gas fuel with a flame of low radiation inten- 
sity would tend to give a higher spillover tempera- 
ture leading to a higher air preheat for given regen- 
erative zone conditions. 

The second factor is related to the first, in that 
with a long flame plus heavy bath boils the combus- 
tion zone may extend down into the regenerative 
zone. Spillover gas temperature will be higher, but 
there will also be an extra heat supply, just as 
though some auxiliary fuel was injected into the 
slag pocket or over the checkers, and air preheat 
temperature may rise, at the expense of heat not 
effectively used in the working chamber. If such a 
condition is intense for only a short period, there 
may result an extra high “skin temperature” on 
brick surfaces in slag pocket and fantail (not soaked 
in very far into the brick), and the following rever- 
sal period might show an extra high air preheat just 
after reversal which would drop off more rapidly 
during the air period. 

Factor No. 3 is a matter of loading rate of heating 
and cooling gases relative to a given regenerator 
size or capacity. It was alluded to previously in 
connection with the curves of Fig. 1 and it will be 
discussed again below. The insulating effect of dust 
on checker surfaces in factor No. 6 is recognized in 
most shops, but it is still another variable to be 
remembered. Factor Nos. 7, 8, and 9 will, it is hoped, 
become clarified during the discussion on the mea- 
surement of heat interchange efficiency in specific 
furnaces. 

The general point to be made here is that the 
mere measurement of air preheat temperature in 
uptakes does not furnish a simple measuring stick 
for all the thermal problems of an open hearth. It 
may serve as one useful aid in such diagnoses but 
useful results will not be favored by oversimplify- 
ing the problem, ignoring some of the many factors 
involved. The curves given in Fig. 3 represent air 
temperatures in one uptake at sill level on only one 
end during most of the air periods of one heat fol- 
lowing finish charge on a fairly sharp modern 220 
ton furnace. The variable mean temperature and 
variable rate of drop-off of air temperature illus- 
trate the general effect of some of the above factors 
even in a single furnace, although there is encour- 
agement in the greater regularity during the finish- 
ing period. Granting that such measurements have 
at least some limited usefulness in operations con- 
trol, it is even more important to try to understand 
some of the underlying factors involved between 
regenerator design, heat interchange efficiency, and 
control and operating practice. 

Before coming to specific regenerator efficiency 
measurements, a few of the main design factors in- 
volved in the heat interchange efficiency of a regen- 
erator for a given rate of loading will be reviewed. 
In actual furnace practice, the optimum reversal 
period is essentially limited between 7 and 15 min 
per half cycle. For all commercial fire-clay brick 
materials, the useful thickness for effective in-and- 
out heat flow in such time periods is between about 
1% and 1.0 in. behind the gas-to-brick surface, as 
illustrated by the curves of Fig. 20-8, in chap. 20 of 
ref. 3. Since practical, stable checker settings seem 
to require brick between 2 and 3 in. thick (with 
brick layer wiped on both sides by gas flow) this 
means that behind each square foot of brick surface 
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Fig. 3—Air preheat temperature in uptake at sill level on one end 
of one furnace, over most of the air periods on one heat from 
finish charge to tap. 


swept over by gas and air streams, there is always 
enough thickness or mass of refractory to absorb 
and give out all the heat that can be interchanged in 
these half cycle periods. And this in turn means 
that the total effective exposed area of brick surface 
in the regenerators at each furnace end is the main 
fundamental factor involved in regenerator effi- 
ciency. To utilize this surface with full effectiveness, 
the gas and air streams must flow at somewhere 
near a uniform rate over all this surface, that is, ap- 
proximately uniformly over the whole checker cross 
section. In order to get both maximum “wiped sur- 
face” and maximum weight of brick, or maximum 
heat storage capacity, most checker settings are now 
made with simple solid flues so that the perimeter* 


* See asterisk footnote, p. 130. 


multiplied by the depth of checkerwork gives the 
exposed surface, except for a small percentage in- 
crease from rider wall and arch surfaces (omit- 
ting the ‘upper regenerative zone” surfaces in fan- 
tails, slag pockets, etc.). 

The only other important factor is the coefficient 
of heat transfer, which, as shown by the curves of 
Fig. 20-7 in ref. 3, depends essentially on the rates 
of gas and air flow. For any given effective surface 
area in checkerwork, the only way to increase heat 
transfer is to arrange this surface more in series and 
less in parallel, so that the gas or air streams flow 
over the same surface area in the same time but at a 
faster flow rate so that more effective heat transfer 
is obtained from each square foot of brick surface. 
Normally, in actual design this can be done only by 
deepening the chambers, that is, by increasing the 
height of the charging floor above the base of the 
underground flues. If such deepening of the checker 
setting is not practicable, about the only way to ob- 
tain this effect is to use the two-pass design, as in- 
dicated by the diagrams of Fig. 4. In these diagrams, 
the two-pass chamber is shown about enough longer 
to accommodate the blind pass. If chamber length 
must remain unchanged with the two-pass setting, 
the blind pass uses up much more chamber length 
than it adds in surface area. The cold pass only ac- 
cumulates a fine, powdery dust deposit which is 
easily blown off and it is therefore practicable to use 
thinner brick with smaller flues to give a larger 
surface area in a relatively smaller cold pass, as is 
indicated in Fig. 4. In this way, a given length of 
chamber can be changed to the two-pass design, re- 
taining somewhere near the same effective surface 
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Fig. 4b—Approximate layout of typical double-pass regenerator 
chamber. 


area. The flow rates increase to somewhat above 
twice the values in the single-pass design, giving a 
large increase in coefficients of heat transfer. At the 
same time, the two-pass design favors greater uni- 
formity of flow distribution over the cross section in 
each pass. 


Heat Interchange Efficiency Studies on Commercial 
Furnaces 


Data obtained for three commercial regenerators 
that will be described illustrate many of the vari- 
able conditions that have been discussed. In all 
cases, the measurements were made under condi- 
tions approaching as close to steady state as was 
possible under commercial operations. Most of the 
measurements were made during refining, with the 
bath on a steady boil with no additions to the bath. 
For a few reversal periods, the furnace would be 
undisturbed, no doors opened, no changes in control 
settings, etc. The fuel input rates were measured 
carefully by recently checked meters, and the rate 
of carbon drop in a known weight of bath was mea- 
sured accurately. The fuel analysis was checked. 
From these data the weight of carbon in the out- 
going gases per unit of time could be calculated. The 
rate of atomizing steam or air input was measured 
and with the known air humidity, the rate of input 
of hydrogen plus water vapor was calculable. The 
outgoing gases in flues at checker exits were anal- 
yzed for oxygen and carbon dioxide content by 
Orsat meters (in some cases also at the checker 
bridgewall), with checks at different points in the 
flue or flues for uniformity. These data made it 
possible to calculate the true analysis of the gas 
stream, including water content, and to calculate its 
total equivalent air content. 

In the natural draft furnace (A) the air input 
rate was measured by a special metertt and in the 


tt A Thomas meter was installed over one air inlet. 


two forced-air furnaces (B and C) the orifice plates 
for measurement of air input rate were checked. 
Thus the-input. rates of air were known with reason- 
able accuracy and by difference from the total air 
equivalent in outgoing gases the total air leakage to 
the system..was known. The distribution of this 
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leakage presented a problem, which is discussed be- 
low for each case. 

Temperatures of both gas and air streams were 
accurately measured by flowing-gas thermocouples 
(see Appendix) at both checker bridgewall and 
checker exit points over the whole reversal cycle 
involved, so that mean gas and air temperatures 
could be calculated. A convenient “dodge” in plot- 
ting or in certain efficiency calculations was resorted 
to by setting the mean gas temperature at bridge- 
wall as 100 and mean air temperature below 
checkers as zero, other temperatures becoming per- 
centages of this range. 


A Natural-Draft Furnace with Overloaded Single- 
Pass Regenerators: This old furnace, no longer in 
service, was designed for 30 to 35 ton heats, and, 
over the years, had been enlarged to make heats of 
around 55 tons. The practice described represents 
extreme conditions, not found normally in modern 
open hearth furnaces, but of value for purposes of 
comparison in this paper. The checkerwork depth of 
8.3 ft above rider walls was probably about the 
same as in the original furnace. In the test period 
the results indicated that the load rate on ingoing 
air was 2860 lb per hr per 1000 sq ft of effective 
checker chamber surface, a very heavy loading, as 
may be seen by comparison in Table I. The values 
in Table II indicate the flow rates in the test period, 
with the total theoretical air required for combus- 
tion (of the oil input of 170 gal per hr or 1385 lb per 
hr plus the carbon monoxide rate of 315 lb per hr; 
total, 1700 lb per hr) being taken as 100 pct in the 
percentage figures of the second column. 

Before discussing this high excess air operation, 
the main test results will be completed, Table III; 
remembering that the checkers and rider arches are 
being “isolated” in this case, excluding even the 
rider walls and flues near the checkers, tempera- 
tures being measured just over the checkerwork 
and just beneath the rider arch supports. 

Perhaps some evidence should be given of the 
consistency of the results in view of the obvious 
difficulties in a test of this sort on a commercial 
operating furnace. If steady state was approached, 
the amount of heat absorbed by the ingoing air 
should be just a very little less than that given up by 
the gases, considering that the checker chamber walls 
were very tight and well insulated so that external 
heat loss was very low in this particular zone of the 


Table |. Partial Comparative Data on Regenerator Tests in Three 
Commercial Open Hearths 


Furnace 
A B Cc 
Size of heat, tons 55 260 240 
Regenerator type Single Double Single 
pass as 

end, sq 7,030 56,000 3 
Combustion gas flow, lb per hr 41,600 78,960 eke 
Preheated air ingoing, lb per hr 20,100 61,870 71,820 

ion, lb per hr 23,000 58,600 

Total air leakage between regen- ore! 

erators, pct of theoretical 86.1 17.4 82.4 
Combustion gas temperature, flue : 

exit, To1, °F 1,110 1,420 
Net regenerative efficiency, Er, pct 32.4 64.5 (35.0) ? 

‘a 
Efficiency limit, Er =—x100,pct 45.1 73.2 44.1 
9g 

Air load rate on heating surface, 

lb per hr per 1000 sq ft 2,860 1,100 1,800 
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Table Il. Flow Rates in the Test Period, Furnace A 


Flow Pct Based on 
Rate, Theoretical 
Lb per Hr Air = 100 


Total combustion gases into checker, Wg 41,600 

Fuel oil plus carbon monoxide from bath 1,700 

Total air (equivalent in combustion gases) 39,900 173.6 
Preheated air ingoing through checker, Wa 20,100 87.5 
Total air leakage between regenerators 19,800 86.1 
Total air , 39,900 173.6 
Total theoretical air for combustion 23,000 100.0 
Excess air entering outgoing checker 16,900 73.6 


furnace system. The mean heat capacities of the 
gases and air over the temperature ranges above 
are as follows: 


Sg (1770°—2370°F) = 0.305 Btu per lb per °F. 
Sa ( 380°—1840°F) = 0.263 Btu per lb per °F. 
Heat absorbed from gases will be Cg (Tg.—Tg.) = 

(Wg) (Sg) (Tg9.—T9:) 

= (41,600) (0.305) (2370°—1770°) = 
7.61x10° Btu per hr. 

Heat absorbed by the air; Ca(Ta,—Ta,) = 
(Wa) (Sa) (Ta.—Ta,) 

= (20,100) (0.263) (1840°—380°) = 
7.72x10° Btu per hr. 


This agreement is as good as would be expected; the 
error may be either in the measurements or in a 
small departure from steady state. 

In calculating the net efficiency of any given por- 
tion of the whole regenerature zone such as is under 
test here, the Ta, temperature (of the air entering 
the test zone) is taken as sea-level or 0 pct level and 
the net efficiency is simply 


ns Btu per hr carried by air stream from zone 


- *Btu per hr carried by gases into this zone, 


toward furnace, above Ta, 


also above Ta, 


or. E, (Sa) (Ta,— Tas) X 100 
(Tor = Ta.) 


(20,100) (0.263) (1840°—380°) x 100 
(41,600) (0.288) (2370°—380°) 


As discussed in ref. 3 (chap. 21, p. 843), in order to 
have a logical concept of regenerator efficiency, con- 
sideration must be given to the limiting efficiency 
(E,), or the net efficiency that would be obtained 
from a perfect regenerator under the same flow 
conditions. Such a regenerator could obviously do 
no more than heat the air stream up to the Tg, tem- 
perature so that in this case, 


(Wa) (Sa) (Tg.— X 100 


= 32.4 pct. 


(Wg) (Sg) (Tg: — Ta.) 

G 20,100) (0.269) (100 

Cg (41,600) (0.288) 

and the absolute efficiency 

E, X 100 100 x 32.4 
= 71.8 pet 
E, 45.1 


or the efficiency relative to the performance of a 
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perfect heat interchanger under the existing flow 
conditions. 

The flow rate data listed above show that only 
87.5 pct of the theoretical air requirements was ac- 
tually passed through the regenerator ingoing to be 
preheated. In the other half cycle, an almost equal 
amount (or 86.1 pct) of air leaked into the furnace 
somewhere between the two checker bridgewalls, so 
that an abundance of total air was available for the 
burning, leaving an excess of 73.6 pct still present 
when the gases reached the top checker brick out- 
going. This degree of unbalance between the two 
heat capacity flows (Ca/Cg), to which the term 
“drift ratio” has been given, is what is also ex- 
pressed (simply multiplied by 100) by the above 
E, value of 45.1 pct. 

Although the total air leakage (86.1 pct) in this 
furnace is known, the distribution of this leakage is 
not so easily found. It is very important, however, 
to know whether the air leak is into the melting 
chamber zone above sill level or into the upper re- 
generator zones between top of downtakes and the 
top checker courses. In both cases, the volume of 
gas flow in checkers is increased, but in the latter 
case, its temperature is also lowered. In furnace A, 
although the leakage distribution could not be 
measured directly, from various observations it was 
known that it was very largely confined to the melt- 
ing chamber and the end zones above the sill level. 
Because of the relatively heavy outgoing gas flow, 
under this rather heavy fuel input plus a low drift 
ratio, the furnace ends, slag pockets, and top check- 
ers ran very hot, with top checkers often up to 
2500°F. Silica brick was used, even in chamber 
arches, and the high temperature and fluxing con- 
ditions almost insured a tight sealing together of 
the brick near their inner surface. Some cracks 
would of course open up, but the operators were 
especially careful in watching for, and sealing any 
such cracks below floor level, being helped by the 
fact that the furnaces were small and easily ac- 
cessible downstairs. 

The draft control level, however, was normally 
at zero or atmospheric pressure at the roof crown 
level so that there was a positive suction inward at 
all lower levels and air leakage was continuous 
through all openings in and around all doors. There 
was also some leakage in ends (around burners, 
etc.) but most of this was also above the top of the 
downtakes. The important point here is that most 
of this large air leakage became well heated before 
it entered the outgoing regenerative zone. The re- 
sult was that, although the checker surface was 
heavily burdened in both halves of reversal cycle, 
yet, with a drift ratio (Ca/Cg) of 0.451, it was fed 
with a heating-up supply in gases outgoing of more 
than twice the heat absorbing capacity of the air 
ingoing, so the resulting air stream to the ingoing 
port could be made very hot even by such an inade- 
quate regenerator. Of course, the large air leakage 


Table Ill. Temperature of Gases, Furnace A 
Mean 
Range Over Tempera- 
Half-Cycle, °F ture, °F 
Temperature of gases entering, Tg2 2400—2300 2370 
Temperature of gases leaving, Tq: 1810—1700 1770 
Temperature of air entering, Tai 320-480 380 
Temperature of air leaving, Taz 1800—1920 1840 
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Fig. 5—Diagram of temperature measurements on furnace A. 
Total depth equals checkers plus rider arches equals 9 ft. 
Temperature range, (T,. — T,,). Cross-hatched band, T,: 
temperatures of brick surface over reversal cycle. Solid bars: 
ranges as directly measured for T,,, and T,,. Cross- 
hatched bars: ranges for T,, and T,, as calculated on electri- 
cal analogue. 


also robbed a large amount of useful high tempera- 
ture heat from the melting chamber and carried 
much of it out to the waste-heat boilers (gases im- 
mediately below checkerwork were at 1770°F, and 
in flues usually around 1500°F or above). This 
condition will be referred to again below. 

In this test, a few thermocouples were placed at 
various levels in the checker setting, so the tem- 
perature swings of the brick surfaces were meas- 
ured fairly accurately. The shaded band in Fig. 5 
shows the range of brick surface temperatures over 
the swings of, in this case, a reversal cycle of 30 
min, or reversal every 15 min. The abscissae are 
in percentage of checkerwork depth with the zero 
level at left being on top of rider walls, so move- 
ment through the checkerwork is from left to right 
(clay brick, 2% in. thick, solid flue setting). The 
ordinate scale is in percentage of the actual tem- 
perature range of the test zone involved, that is, 
zero represents 380°F or Ta, and 100 represents 
2370°F, or Tg,. The gas flow downward is from 
right to left and the air flow upward is from left to 
right. The gas and air temperatures were not meas- 
ured at intermediate depths but the solid block bars 
in the figure represent the range of variation just 
above and below the checkerwork, marked as Tq,, 
Ta, etc. 


Calculations Based on the Test of Furnace A: The 
mathematics involved in rigorous calculations of 
steady state and efficiency of heat interchange in 
regenerators is so complex*® as to be almost un- 
workable except by machine methods. At the time 
of this test, however, we had in the laboratory an 
electrical analogue of the regenerator? which could 
be used as a calculating machine to determine re- 
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sults quickly with variable values of loading, 
checker depth, drift ratio, etc. We first set up the 
same conditions of flow rate, surface area, etc., as 
existed at the time of the above test on furnace A, 
using the heat transfer coefficients of Fig. 20-7 in 
ref. 3. This gave the ranges of outgoing gas (Tg:) 
and preheated air (Ta:) temperatures (in percent- 
age of the Tg.,—Ta, temperature range) shown by 
the cross-hatched bars in Fig. 5; the agreement to 
within 2 to 3 pct gave assurance that practically use- 
ful curves could be obtained for the effects of dif- 
ferent variables. The load curves of Fig. 1 show the 
effect, so calculated, of varying load (that is, of 
varying the air flow rate with gas flow in propor- 
tion to give a certain E,), with checker depth and 
surface area held constant. The lower curve is for 
E, (that is, drift ratio or Ca/Cg X 100) held at 46 
pet as in the above test. The value of 2860 lb air 
per hr per 1000 sq ft of surface on abscissae and 
32.5 pct efficiency represents the furnace A test 
conditions which gave the net efficiency value of 
32.4 pct by direct measurement. The upper curve 
for E, at 78 pct represents about the results to be 
expected in an “ideal furnace,” that is, one in which 
excess air is very small and with practically no cold 
air allowed to leak in at any point in the whole fur- 
nace system. This curve indicates that on fuels not 
preheated, such as oil, tar, natural gas, etc., the 
maximum possible net regenerator efficiency is 
around 70 pct. 

Fig. 6 gives curves of net efficiency (E,) for 
variable checker depth and various E, values, but 
with the heavy load conditions of furnace A, which 
are probably characteristic of many of our present 
older furnaces. By dividing the ordinates by the 
corresponding E, values, E, is obtained, which is a 
measure of relative air preheat temperature. It will 
be noticed that as the drift ratio, or E,, decreases, 
E, increases for the same size or depth of checker- 
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Fig. 6—Net regenerator efficiency (E,) for increasing checker- 
work depth (at constant perimeter) for several values of Een 
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work, a reflection of the conditions which produced 
a high air preheat temperature in furnace A with 
a heavily overloaded regenerator system. A cor- 
rolary which requires no additional curves, is that 
if the excess air and cold air leakage above had 
been directly into the regenerative zones instead 
of into the furnace above sill level, the dilution ef- 
fect on temperature levels would have lowered both 
preheat temperatures and heat interchange effi- 
ciencies. 

The reader may well be confused at this point by 
the many factors involved in regenerator efficiency 
and we should perhaps turn to a few direct practi- 
cal considerations. This same furnace A gave the 
air preheat temperatures in uptakes at sill level and 
flame intensity levels plotted in Fig. 2. The range 
for both abscissae and ordinates is at a high level 
such as has been observed in only a very few mod- 
ern furnaces, with relatively large and efficient re- 
generators and much less overloading with respect 
to charge and fuel input rates. It strongly indicates 
how air preheat temperatures measured in uptakes 
have no necessary relation to adequacy of regen- 
erator size and design, and that high flame intensi- 
ties should be obtainable in almost any commercial 
open hearth if properly managed. Also, it shows 
that such a result, if regenerators are too small, too 
inefficient, or too heavily loaded, is obtained at the 
cost of excess fuel, partly wasted in the form of an 
excessive volume and temperature in the combus- 
tion gases flowing to stack or waste heat boilers. 

Thus, the reader may very logically be wonder- 
ing how this extreme practice condition of furnace 
A developed, and how well it worked in terms of 
production rate and rebuild costs. This sort of thing 
cannot be answered in specific terms, with the con- 
fusion of factors involved in furnace output and re- 
fractories life. In general, this practice probably 
gave the best results obtainable with existing hand- 
icaps. Charge-to-tap time on all-cold charges using 
the worst kind of miscellaneous scrap involving 
rarely less than 5 hr for charging time was usually 
10 to 11 hr, but frequently between 8.5 and 9.5 hr. 
Rebuild and refractory costs were about normal, 
except that checker brick had to be largely replaced 
on each rebuild because of high temperatures and 
excessive fluxes from miscellaneous scrap. Fuel 
consumption, because of a relatively high output 
rate, was not excessive for cold charge practice, at 
4.5 to 5.0 million Btu per ton, and naturally a very 
high waste heat steam output was obtainable with 
efficient waste heat boilers. 

The practice described really Heicloned as an 
“adaptation to environment” over years of trial and 
error. The natural draft was not adequate to supply 
more air ingoing through checkers, and the checkers 
were inadequate to heat even this much air with- 
out the low E, value. This may be illustrated, some- 
what diagrammatically, by curves of Fig. 7. Al- 
though based indirectly on some quantitative data, 
these two diagrams represent only in a relative way 
what would happen throughout the whole length of 
a heavily loaded regenerative system (like the one 
above) operated with a high leakage above sill level 
and a low drift ratio (diagram A), if draft pressures 
were then changed (diagram B) so that the leakage 
above sill level was reduced to a minimum at 
around 10 to 15 pct, thus raising the drift ratio 
(Ca/Cg) from around 0.45 to 0.50 to around 0.65 to 
0.72. It is assumed that for both cases the cold air 
leakage directly into regenerative zones is kept to 
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Fig. 7—Approximate temperature distribution over total regenera- 
tive zone for two yalues of drift ratio and air leakage above sill 
level. 


the absolute practicable minimum. The effect here 
with the increased drift ratio in B is to markedly 
lower the temperature of combustion gases to the 
stack zone. This means that with these gases re- 
duced in both volume and temperature the net 
efficiency of heat interchange, E,, is markedly in- 
creased in case B. However, the level of air preheat 
temperature in uptakes is also definitely decreased, 
and in spite of an increased thermodynamic or static 
efficiency of the whole system, the flame intensity 
would drop and the furnace would slow down. It 
will be noted (in diagram A) that with the low drift 
ratio, the heat “soaks back” into the regenerative 
zone, giving a flatter gradient and higher tempera- 
ture levels in the upper regenerative zone and top 
checkers. With the high drift ratio (diagram B) the 
whole range of brick surface temperature drops and 
the gradient becomes steeper so that top checkers 
are much cooler; also, the air preheat not only drops 
but becomes somewhat more variable during a re- 
versal period. 

In some remarks, above, we asked the reader to 
take on faith, at least tentatively, the idea that an 
open hearth can make good use of a large amount of 
excess air, partly to accentuate air oxidation in bath 
reactions. Perhaps the most significant aspect of 
furnace A practice is that even with as much as 70 
pet excess air above fuel and bath requirements, the 
furnace performance was on the whole quite good, 
with some fuel wastage held to a reasonable amount 
by furnace speed. While not inherently desirable 
(it would have been much better to provide ade- 
quate regenerators for these furnaces) this practice 
indicates that excess air can be used with much 
greater freedom in the open hearth than some oper- 
ators and fuel engineers have thought permissible. 
This has an important bearing on the operating 
problems with a more efficient double-pass checker 
furnace (such as is discussed in the following sec- 
tion) where the hot-pass checkers tend to run at 
excessively high temperatures. 


A Furnace with Highly Efficient Double-Pass 
Checkers: This is a modern furnace adequately de- 
signed for about 240 tons, and operated at about 
260 tons capacity. The double-pass regenerator de- 
sign follows roughly the lower diagram in Fig. 4, 
with extra chamber length sufficient to accommo- 
date the blind pass and about 14 ft or more of actual 
checkerwork depth above supporting arches in both 
passes. To give one actual checker test period as an 
example, it can be seen in Table I that the furnace B 
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Table 1V. Flow Rates in Test on Furnace B 


Flow Pct Based on 
Rate, Theoretical 


Lb per Hr Air 
Total combustion gases into checker, Wg 78,960 
Oil input plus CO from bath 5,010 
Atomizing steam 1,800 
Total air (equivalent in combustion gases) 72,150 123.0 
Preheated air ingoing through checker, Wa 61,810 105.6 
Total air leakage between regenerators 10,280 17.4 
Total air 72,150 123.0 
Total theoretical air for combustion 58,600 100.0 
Excess air entering outgoing checker 13,550 23.0 


regenerator was much more lightly loaded than the 
regenerator in furnace A. Total heat interchange 
surface, in regenerator chamber only, at each fur- 
nace end was 56,000 sq ft as compared to the 7000 
sq ft in the smaller furnace A, a difference of 8 to 1 
as compared to about a 4.5 to 1 difference in size of 
heat. The fuel input rate could also be relatively 
smaller in this efficient furnace so that in this one 
test period the 5920 lb waste gases per hour per 
1000 sq ft of surface for furnace A is reduced to 1410 
lb per hr per 1000 sq ft in furnace B, and on air 
flow the 2860 lb per hr per 1000 sq ft is reduced to 
1100 lb per hr per 1000 sq ft. On the load curves of 
Fig. 1, this air load rate falls within the relatively 
flat region approaching zero flow,{ so that on this 


{ These load curves are really an approximation. The load rates 
in Fig. 1 should be based on total heat capacities, rather than total 
weights, of air or gases, per unit time. However, taking air load 
rate alone, the two are very nearly proportional. 


factor alone, the efficiency of the regenerators of 
furnace B would be expected to approach a much 
higher level. 

Flow rates in this test on furnace B during a re- 
fining period with only a low rate of carbon drop, 
excess air demand above that required for the fuel 
input of 550 gal oil per hour being small, are given 
in Table IV. 

In this test, Tg, and Ta, were measured at the flue 
just outside the chamber, instead of directly beneath 
the checkerwork as in furnace A. This accounts for 
the lower Ta, temperature in the values in Table V. 

As another means of checking consistency, two 
values can be calculated for net efficiency, 1—Ez,, 
the efficiency of removing heat from the gases, and 
2—E,,, the efficiency in storing heat in the air: 


Sg (Tg.—Tg:) X 100 

So 
0.311 (2550°—1110°) x 100 
0.290 (2550°—210°) 


Rg 


= 66.0 pct. 


(The weight of gases cancels out, Sg must be ad- 
justed for the temperature range.) 


_ (Wa) (Sa) (Ta,—Ta,) x 100 _ 
(Wg) (Sg) (T9.—Ta,) 
(61,870) (0.267) (2240°—210°) x 100 
(78,960) (0.290) (2550°—210°) 


ha 


= 63.0 pct. 


At steady state, and with negligible heat loss, these 
two values should check, so the errors in this case 
are reasonably small. The net efficiency here is 
twice that of the 32.4 pct for furnace A. This large 
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difference is partly due to the lower load rate, and to 
the much higher coefficient of heat transfer from 
brick surface to air due to the higher flow rates in- 
the double-pass design. However, it also depends 
largely on the much higher drift ratio due to the 
low air leakage value of 17.4 pct total between re- 
generators: 


Ca _ (Wa) (Sa) (Tg.—Ta,) X 100 

Cg (Wg) (Sg) (Tg:—Ta,) 
(61,870) (0.271) x 100 
(78,960) (0.290) 


From the load-efficiency curves of Fig. 1, it is pos- 
sible to interpolate approximately for this case. At 
the air load rate of 1070 lb per hr per 1000 sq ft and 
interpolating for E, = 73 pct, an E, value of around 
65 to 67 pct would be obtained, which is in good 
agreement with the above values of 63.0 and 66.0 
pet. This indicates that Fig. 1 is a good approximation 
for regenerators in which, 1—roughly all the heat 
interchange surface is actually swept by both gas 
and air streams, and, perhaps, 2—there is a mini- 
mum of air leakage directly into the regenerator 
zones involved. 

Furnace B had a minimum of air leakage below 
floor level, similar to furnace A. Its draft pressure 
at the main roof (+0.07 to 0.09 in. water), however, 
was such that most door frames and peepholes were 
blowing out and there was much less leakage above 
floor level than in furnace A. Instead of the 87.5 pct 
of theoretical air in furnace A, 105.6 pct of theoreti- 
cal air was passed through the regenerator ingoing 
in the more efficient furnace B. The resulting drift 
ratio of 73.2 pct compared to the 45.1 pct of furnace 
A is the essential difference between these two fur- 
nace control practices. The absolute efficiency, 


64.5 
73.2 


A => 


is much above the 71.8 pct for furnace A, corre- 
sponding to the respective 2240° and 1840°F for air 
preheat at the bridgewall. 

Air preheat temperatures in uptakes were about 
the same in both A and B practices, however, 
(around 2300° to 2400°F or sometimes higher) sim- 
ply because in furnace B with the longer, more effi- 
cient regenerative zone, the “upper zone” was a 
smaller proportion of the total heat interchange 
effect. That is, the air temperature rose around 
200°F from bridgewall to uptakes in furnace B, but 
around 500°F in furnace A in the same zone. On the 
other hand, the more heavily burdened checkers in 
furnace A had to have a larger difference in tem- 
perature between top checker brick surfaces and 
the air passing over them, so they would sometimes 
get about as hot as those in the hot pass of furnace 


Table VY. Temperature of Gases 


Mean 
Tempera- 
ture, °F 
Temperature of gases entering regenerator chamber, Tg2 2550 
Temperature of gases leaving regenerator chamber, Tou 1110 
Temperature of air entering regenerator chamber, Tay 210 
Temperature of air leaving regenerator chamber, Ta» 2240 
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Table VI. Flow Rate and Temperature Conditions, Furnace B 


Pet 
Based 
Flow on 
Rate, Theoret- 
Lb per Hr ical Air 
Total combustion gases into checker, 
g 58,420 
Oil input plus CO from bath 3,240 
Atomizing steam 1,900 
Total air (equivalent in combustion 

gases) 53,280 136.0 
Preheated air ingoing through checker, 

Wa 50,400 128.6 
Total air leakage between regenerators 2,880 7.4 
Total air 53,280 136.0 
Total theoretical air for combustion 39,170 100.0 
Excess air entering outgoing checker 14,110 36.0 
Temperature of gases entering regen- 

erator, Tg2 2550°F 
Temperature of gases leaving regen- 

erator, 1100 
Temperature of air entering regenerator, 

Tai 170 
Temperature of air leaving regenerator, 

Taz 2120 


B. Nevertheless, it can be seen that this hot pass 
could get overheated much more easily. The top 
checkers in furnace A got hot only because of the 
low E, value and could easily be cooled by decreas- 
ing air leakage above sill level. In furnace B, the 
top checkers can only be kept from overheating{{ 


{§ That is, assuming that one does not wish to resort to the rather 
ridiculous alternative of wall openings for intentional air leakage 
placed somewhere in the upper regenerative zone. 


by, 1—keeping the leakage above sill level to a min- 
imum, and then if necessary, by 2—decreasing fuel 
input, and by 3—increasing the amount of excess air 
ingoing so that cooling effect on checkers is still 
further increased relative to heating effect on the 
other half of the reversal cycle. 

For example, in one other test period during re- 
fining on furnace B, it happened that bath action 
was small and the bath was hot, so heat absorption 
was small and outgoing gas temperatures tended to 
rise. The fuel input was therefore decreased to 355 
gal oil per hour, a low rate for such a large fur- 
nace. The ingoing air rate was kept relatively high, 
giving the flow rate and temperature conditions 
shown in Table VI. 

With only 7 pct air leakage and nearly 30 pct ex- 
cess air ingoing, the E,;, value was raised to 80.5 pct. 
Gas temperatures shown remained about the same 
as in the case above (with 550 gal oil per hour but 
faster heat absorption in the bath), air preheat 
temperature at bridgewall dropping somewhat with 
this higher E, value. In proportion to furnace size, 
fuel input never needed to be as high in the more 
efficient furnace B as in furnace A, and had to be 
lowered to less than half the relative value in 
periods such as that described here. It should be 
obvious that with more fuel and with E, values 
much lower than around 70 pct, the hot pass 
checkers in furnace B would have become seriously 
overheated. 

Air preheat temperature in any type of furnace 
is limited not by regenerator efficiency but by the 
practical limiting operating temperatures for re- 
fractories, mainly in top checker courses. It may 
also now be evident why regenerator efficiency and 
air preheat temperature were referred to as two 
more or less independent factors. In A and B fur- 
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nace practices, the two extremes in relative ade- 
quacy of regenerative equipment are illustrated, 
yet by proper adjustment of air input and of amount 
and distribution of air leakage, both furnaces gave 
about the same high air preheat levels and flame 
radiation intensities. 

One might logically question, then, why the 
bother with larger and more complex and more 
efficient regenerative equipment? The difference 
here lies in 1—a capacity to provide a higher rate of 
preheated air supply in furnace B, and 2—the 
avoidance of wastage of high temperature heat into 
stack zone involved in the cold air leakage of fur- 
nace A practice. The latter effect can be illustrated 
by comparing the relative percentages of high tem- 
perature or available heat per unit of fuel input in 
the two practices as shown in Table VII. 

Even throttled down to a fuel input of only 355 
gal of oil per hour, furnace B was able to deliver 
more heat actually useful to the melting chamber 
process (per unit of bath weight) than furnace A 
with a fuel rate more than twice as large in propor- 
tion to heat size. The load rate of furnace B is in 
this case only about 900 lb air on the scale of Fig. 1 
and it can more than double its fuel rate without 
losing much regenerative efficiency or air preheat 
and flame intensity. In general, the chief operating 
problem with furnace B is to “hold it down” by 
keeping a moderate flame length and fuel rate, 
keeping cold air leakage to a minimum in both 
melting and regenerative zones and also supplying 
plenty of excess air through checkers ingoing so that 
the E, value is always high. Comparisons of per- 
formance are not really accurate, as has been indi- 
cated, but very roughly furnace B with its efficient 
double pass checker can give a speed somewhat 
greater than furnace A in comparable practice and 
do this with probably not much more than one half 
the fuel rate per ton of ingots. 

To try to explain why furnace A, with such a 
relatively low efficiency (20 pct) in high tempera- 
ture heat delivery and such large cold air leakage 
and excess air levels, could perform as well as it did 
is a more puzzling problem and would lead us too 
far afield from our subject of regenerator efficiency 
and air preheat. We would suggest, however, that 
as we have mentioned above, the open hearth bath 
process can use excess air to good advantage even, 
apparently, when it comes from cold air leakage 
directly into the melting chamber. Since in many of 
our older furnaces the regenerator capacities are 
rather low, it is almost certainly possible, by operat- 
ing with somewhat lower values of E,, to increase 
air preheat temperatures and flame intensity levels. 
These conditions will naturally coincide with more 


Table VII. Comparison of Efficiency in Furnaces A and B 


Fur- Fur- 
nace A nace B 

Heat size, tons 55 260 
Fuel input in test periods, lb oil per hr 1,385 2,750 
Heat of combustion, per lb oil, Btu 18,400 18,800 
Heat in air ingoing, per lb oil, Btu 9,000 11,300 
Total heat input, per lb oil, Btu 27,400 30,100 
Heat in outgoing gases, per lb oil, Btu 23,800 16,900 
Available heat, per lb oil, Btu 3,600 13,200 
Available heat to melting chamber, pct 19.6 70.2 
Btu per hr per ton in bath, available heat 90,000 148,000 
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Table VIII. Flow Rate and Temperature Conditions, Furnace C 


Pet 
Based 
Flow on 
Rate, Theoret- 
Lb per Hr ical Air 
Total combustion gases into checker, 
g 151,030 
Tar input plus CO from bath 8,580 
Atomizing steam 1,980 
Total air (equivalent in combustion 

gases) 140,470 168.5 
Preheated air ingoing through checker, 

Wa 71,820 86.1 
Total air leakage between regenerators 68,650 82.4 
Total air 140,470 168.5 
Total theoretical air for combustion 83,410 100.0 
Excess air entering outgoing checker 57,060 68.5 


Temperature of gases entering regen- 


erator, Tg2 2350°F 
Temperature of gases leaving regen- 

erator, Tgi 1420 
Temperature of air entering regen- 

erator, Tai 190 
Temperature of air leaving regen- 

erator, Taz 1680 


excess air over the bath, and performance may be 
thus improved in many cases. 


A Furnace with Large Single-Pass Regenerators 
but Bad Distribution of Leakage: A checker effi- 
ciency test on furnace C is included here chiefly be- 
cause the furnace during the test period happened to 
have a bad leakage condition which is rather typical 
of conditions at various times in many operating 
furnaces. In fact, a certain amount of this type of 
air leakage is probably so common as to be more 
representative of average shop practice than either 
A or B furnace practices. Furnace C is a fairly new 
and modern design, with single-pass regenerators, 
about 14 ft in checkerwork depth above supports, 
and a chamber length of about 30 ft resembling 
closely the upper diagram in Fig. 4. Total potential 
“wiped surface” area for heat interchange in re- 
generators (between bridgewall and flue exits) is 
close to 39,700 sq ft at each furnace end. In the test 
period described here, the load rate on air flow was 
about 1800 lb per hr per 1000 sq ft of wiped surface 
area, this being anywhere from 70 to 100 pct more 
load than on furnace B, but a considerably lighter 
load than that on furnace A (see Table I). Under op- 
timum conditions, its performance should not be 
very much below that of furnace B. 

The flow rates in one test period during refining 
are listed in Table VIII. 

The E, values from the data of Table VII are 


— 0-312 (2350°—1420°) x 100 
~~~ 0.290 (2350°—190°) 


__ (71,820) (0.265) (1680°—190°) x 100 
(151,030) (0.290) (2350°—190°) 


Ra 


30.0 pet. 
The drift ratio was 


Ca (71,820) (0.268) 
Cg (151,030) (0.289) 


It could be argued that this data should have 
been thrown away and new tests made. However, 
the time required to get accurate integrated values 
for Tg, and Ta, above the bridgewall was not prac- 
ticable under the existing flow condition on a com- 
mercial furnace; also, we knew the conditions exist- 
ing, such that we could usefully interpret the re- 


= 0.441, that is, E, = 44.1 pct. 
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sults in spite of the large inconsistency between the 
two E, values. Two complicating factors were pres- 
ent: 1—a large air leakage into the upper regenera~ 
tive zone (fantails, etc.) ; and 2—some channeling of 
gas and air flows in this long, single-pass chamber. 
As a result, it is very probable that in this data, the 
Tg, value is too high and the Ta,, or perhaps the 
Tg,, value is too low. On fairly reasonable assump- 
tions, we calculated that the true E, value here was 
about 34 to 37 pet. For E, = 44.1 pet, and for the 
air load rate of 1800 lb, on the abscissae of Fig. 1, 
the corresponding E, value by extrapolation is 
about 35.5 pct. 

Direct measurement of leakage distribution was 
hardly practicable in this test, but from observation, 
we can say with fair certainty that roughly 90 pct 
of this total air leakage of 82 pct between regen- 
erators was into the upper regenerator zones, rather 
than directly into the melting chamber above sill 
level, as in furnace A. Most of this leakage was into 
the outgoing zone. Visual observation showed that 
the fantail arches were very leaky, and rather large 
temperature differences could be seen inside the 
fantail zone. In trying to maintain a certain draft 
pressure at the main roof arch, the draft fan was in 
effect acting like a pump trying to pull a slight 
vacuum in a chamber to which it was connected by 
a very leaky tube. The regenerator chamber itself 
was rather tight, but between bridgewall and up- 
take large cold air leaks occurred. Draft pressure 
at roof arch could hardly be lowered below about 
+0.09 to +0.10 in. of water so that suction around 
doors at sill level was small and not much air 
leaked above sill level. With the bad thermal con- 
dition of the whole system, some excess fuel was 
used as an offsetting factor. Ingoing preheated air 
was only 86 pct of theoretical, similar to furnace A 
practice. But the leakage, mainly between furnace 
end and checker bridgewall outgoing, was so large 
that total equivalent air in outgoing gases was 168 
pet of theoretical. Handling this large volume of 
gases required about the maximum pull of the fan, 
so that the suction at points below sill level in- 
creased to favor more leakage. 

The very large volume of exit gases (151,000 lb 
per hr) and the flue temperature above 1400°F, 
meant that an excessive amount of heat was being 
delivered to the waste heat boiler. Reasoning from 
argument based on furnace A, however, a compen- 
sating advantage would be expected from this heat 
waste and the low E, value of 44.1 pet (even lower 
than in the furnace A practice). Apparently this 
low drift ratio should have given even higher air 
preheat temperatures and flame intensities than 
either furnace A or B, considering the fairly mod- 
erate air flow loading on the regenerator surface. 
However, the air leakage which produced this un- 
balanced drift ratio was in the wrong zone of the 
system, which is the main point we want to bring 
out from this test. In furnace A the leakage was 
above sill level, which meant that it: 1—supplied 
extra air to help generate useful heat by oxidation 
effects above the bath or on melting scrap surfaces, 
and 2—the excess air borrowed heat from the com- 
bustion and from hot surfaces so that it entered the 
regenerative zone at about the full “spillover tem- 
perature” level. In furnace C, the air leak was 
mostly below sill level, into the upper regenera- 
tive zone outgoing. There it: 1—helped to complete 
any “tail-end combustion” (caused at times by the 
combination of high fuel rate, lack of air ingoing, 
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and heavy CO evolution from bath boils), or it 2— 
simply cooled the gas stream so that temperature 
potential for heat interchange from brick surface 
was lowered. 

The last effect was undesirable since it resulted 
in directly lowering air preheat. The first effect was 
also bad in part in that it involved little or no excess 
air over the bath and loss of some available heat 
evolution in the melting chamber where it could 
have done the most good. 

On the other hand, the high fuel rate and the 
extra heat from this “tail-end combustion” directly 
in upper regenerative zones at least in certain pe- 
riods of the heat did have a compensating effect 
toward raising the air preheat temperature. The 
air leaving the checkerwork was rarely above about 
1750° to 1800°F, but when it reached the port end, 
it was frequently 550° to 600°F hotter, giving pre- 
heat levels of 2300°F and above in certain periods. 

In brief, the writer regards the practice on fur- 
nace C during the test period as representing a 
fairly sick furnace; although total air leakage was 
also excessive in amount, its worst feature was that 
of being in the wrong place, being below sill level, 
instead of above it as in the furnace A practice. Its 
performance was noticeably below that of other 
furnaces in the shop, but with high fuel input the 
difference would not be too obvious, partly because 
the other furnaces would often suffer from variable 
amounts of the same bad leakage distribution. 

In trying to diagnose such a condition, simple gas 
analyses for CO, and O, at the flue exit, plus accu- 
rate values for fuel input, carbon drop, and rates of 
atomizing steam and ingoing air flow would give 
the basis for calculating the flow rates and per- 
centages of total leakage and excess air as tabu- 
lated above. These data, plus the measured pressure 
at roof arch and visual observations, would often 
suffice to indicate, approximately, the distribution 
of the air leakage, although measurements of air 
temperature ingoing and of draft pressures outgo- 
ing, at various points, might be helpful. However, 
suppose the diagnosis on this furnace had depended 
entirely on a few preheat air temperatures meas- 
ured only in uptakes about at sill level. If these 
measurements happened to coincide with periods of 
high temperature level in melting chamber with 
little bath activity, or immediately following heavy 
boil periods in the bath, coupled with high fuel in- 
put, temperatures of 2250° to 2350°F probably 
would have been obtained and there would have 
been little reason to suspect or to look for the very 
serious leakage condition actually present below 
floor level. 

In correcting this practice on furnace C we would 
presumably begin by making the structure as tight 
as possible at all points below floor level, perhaps 
with special attention to fantail arches, even to the 
point of redesign and rebuilding if necessary to 
make tight sealing more practicable. With each 
outgoing zone made tight from stack or fan to top 
of uptakes, we would now “have control’ in the 
sense of a decreased outgoing gas volume and the 
ability to obtain any desired draft effect above sill 
level. In furnace C, the regenerator capacity is rea- 
sonably good so that the optimum E, value would 
probably be somewhere between the two extremes 
represented by furnaces A and B (Table I). One 
might begin by adjusting the pressure at roof arch 
to a level such as to blow out at three or four doors 
and suck in at No. 1 ingoing. This would give a 
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minimum of leakage above sill level, and the air 
ingoing would be adjusted to the theoretical for the 
fuel or at a moderate excess. This would presum- 
ably give too high an E, value, top checkers would 
not get very hot and air preheat temperatures 
would be too low. The pressure at roof level would 
then be lowered to allow leakage in two or three 
doors; with mean air rate ingoing kept the same or 
lower, E, would be decreased; top checkers and air 
preheat would both increase in temperature level. 
Gradual lowering of the roof pressure over several 
heats for the same mean air rate ingoing should 
lower E, and raise top checker brick temperature 
until it would approach perhaps 2300° to 2400°F at 
certain periods in most heats. This should give a 
maximum practicable air preheat level in uptakes, 
and furnace sharpness should be about at its best 
for a reasonable refractory and rebuild cost. In 
theory, at least, this should bring furnace C to about 
the same peak of performance, for the existing fur- 
nace equipment, as we believe to have obtained in 
the furnace A and B practices. We do not mean to 
imply that this is a complete “recipe” for open 
hearth control, because, whether our interpreta- 
tion of the problem is correct or not, many details 
may be different in various furnaces in such a com- 
plex process. However, it represents the broad out- 
lines of the general method for adjusting any fur- 
nace to its best performance for its given equip- 
ment in regenerator capacity, based on the tests on 
the three furnaces given above. 

Any such “adjustment” to lower E, values to get 
high air preheat from more or less inefficient re- 
generative equipment is of course a compromise to 
get maximum speed at the expense of some waste 
of fuel. The very reasonable consequence is, ob- 
viously, that only if the regenerators approach 
maximum efficiency can the best combination of 
both high production rate and low fuel consumption 
be obtained. The above tests indicate that furnace 
B did approach this condition, with a high regen- 
erative efficiency that could hardly be appreci- 
ably increased. In furnace A the only solution 
would have been a costly enlargement of checker 
chambers and changes in flue layout. In furnace C, 
the 30 ft checker chambers are so long that they 
might be modified to a double-pass design within 
the boundaries of existing chamber walls with no 
changes in flue layout. This involves, in the space 
required for the passages and walls of the blind 
pass, a much larger proportion of the length than 
is contributed in heat exchange surface. But by 
making a number of larger passages in the blind 
pass with a rather high flow rate and by using thin- 
ner brick and smaller checker flues in the cold pass, 
it might be possible to end up with the same or a 
slight increase in total heat exchange surface. This 
is perhaps a rough guide on the question of such a 
modification to double pass design; that is, if the 
resulting two-pass chamber has about as much total 
effective surface, then the higher brick-to-air heat 
transfer coefficients due to flow rates more than 100 
pet higher and a better utilization of the total 
effective surface from less channeling of gas and air 
flows, should combine to give perhaps a worthwhile 
increase in efficiency. 


A Few Ideas on A Method for Open Hearth Control 


During the course of a development several years 
ago in this Laboratory of a method” for automatic 
open hearth reversal control, a general idea of the 
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simplest means of furnace control was evolved 
which seems to have been confirmed by later ex- 
perience such as the tests included above. As a part 
of this reversal method, radiation receivers were 
assumed to be kept sighted on the hottest area of 
top checker brick at either end of the furnace. These 
maximum top checker surface temperatures regis- 
tered, at least during gas cycles, on a recorder hav- 
ing an adjustable maximum temperature setting. 
As an emergency method of reversal, any brick 
temperature in excess of this setting, which might 
be around 2400°F, would actuate a relay to reverse 
the furnace, this occurring, of course, only when the 
normal reversal impulse was not actuated before 
this maximum desired checker temperature was 
reached. This scheme, besides giving the first helper 
a continuous indication of his highest checker brick 
temperatures, would, when he was too busy to ob- 
serve them, start reversing the furnace on shorter 
cycles to give protection and a warning to him of 
this condition so he could either decrease his fuel 
rate or increase his ingoing air rate. However, the 
idea behind it was also that such temperature levels 
should be reached one or more times during a heat 
whenever the furnace was properly tuned up to 
maximum speed. Therefore in a furnace which 
rarely or never attains this practical maximum of 
checker temperatures, one should begin to look for 
leakage below floor level, for E, values too high, 
etc., until checker temperatures become high enough 
so that this reversal impulse is actuated at least oc- 
casionally, perhaps at least once in each heat. 

This is probably not the whole answer to the 
complex control problem, but the writer still be- 
lieves that it represents about the most practical 
general basis for such control toward maximum 
furnace speed with safe conditions below floor level 
where the first helper can normally make few, if 
any, direct observations. Direct measurement of air 
preheat temperatures in uptakes is much less useful 
for day-to-day control. Such measurements are de- 
sirable, at least occasionally, since the difference 
between air temperature and top checker tempera- 
ture will vary considerably due to cold air leakage, 
air rate ingoing, etc. But they are difficult to make, 
and as has been indicated, are often puzzling to in- 
terpret with the many factors involved. They are 
often useful as one auxiliary tool for occasional 
diagnosis, along with gas analysis, draft pressures 
at various points, etc., but for regular day-to-day 
operation control, the above method of recording 
and reversal on maximum checker temperatures 
seems a more practical tool if given proper mainte- 
nance and repair. 


Summary and Conclusions 


In conclusion, we summarize briefly the rather 
involved argument above, for which the only ex- 
cuse is the one at the beginning of the paper, name- 
ly, that in any such complex problem as is involved 
in air preheat vs regenerator efficiency, the problem 
cannot really be clarified unless about all of the es- 
sential factors are included. 

First, we confirm the logical concept that for the 
best combination of furnace speed and low fuel rate, 
net regenerative efficiency (E;,) should be as high 
as possible. The theoretical maximum for this ap- 
pears to be around 70 to 72 pct. The most practical 
and reasonably simple design capable of approach- 
ing such a level of E, that has been developed to 
date appears to be the double-pass design, for which 
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an example is shown in furnace B, which gave an 
E, value of around 64 to 66 pct. It should have a 
checkerwork depth of around 15 to 16 ft and suffi- 
cient heat exchange surface so that the load rate on 
ingoing air is down to around 900 to 1100 lb air per 
hr per 1000 sq ft of effective wiped surface in the 
regenerator between the checker bridgewall and 
the flue exit. 

However, in the general problem for the industry 
as a whole, we are up against the fact that only a 
few existing furnaces have sufficient effective re- 
generative capacity to yield E, values approaching 
this level. Most of the older furnaces have greatly 
overloaded regenerative surface, probably above 
2000 lb air per hr per 1000 sq ft of surface, and 
many of the newer furnaces with very long single- 
pass chambers do not get fully effective use of the 
surface area due to channeling and low flow rates, 
giving lower average brick-to-air heat transfer co- 
efficients. In a number of such cases, as indicated 
above, it may be possible to obtain some improve- 
ment by modifying these long chambers to the 
double-pass design. However, at best, for the in- 
dustry as a whole, it should be helpful to know 
more about possible methods for obtaining higher 
air preheat from more or less inadequate regenera- 
tive capacity. 

The discussion above boils down to the thesis that 
by allowing more air leakage above sill level (al- 
ways with leakage near the absolute minimum be- 
low sill level; also, with ingoing preheated air rate 
held at about theoretical or even below) the drift 
ratio or E, value is decreased, unbalancing the two 
flow rates (air up vs gases down) so that checker 
brick temperatures rise toward the practical maxi- 
mum of around 2300° to 2400°F. At some optimum 
level of E,, almost any existing regenerator, at the 
cost of some fuel waste to stack or boilers, can yield 
the practical maximum of air preheat and flame 
intensity levels. The chain of reasoning involved 
in this conclusion can be summarized as follows: 


1—As a basis for argument, the reader is asked 
to assume that excess air in rather large amounts, 
even above the combustion requirements for both 
fuel and bath reactions, can be used in the open 
hearth without serious handicap to melting and 
general heat transfer rates to the bath. In all active 
bath periods this amounts to around 30 to 70 pct 
above fuel requirement alone, or even higher. A 
full discussion of this proposition would involve 
another paper, although the practice on furnace A 
affords a certain amount of evidence for it. 


2—As a consequence, we must first distinguish 
between three sources of such excess air; a—extra 
air input through the regenerator ingoing, b—leak- 
age air directly into regenerator zones either in- 
going or outgoing, especially between checker 
bridgewall and top of uptakes, and c—leakage into 
the melting chamber zone above sill level as con- 
trolled by the pressure at roof arch. Effect (a) 
tends to raise E, and lower checker temperatures, 
being therefore in the wrong direction for over- 
loaded regenerators. Effect (b) tends to lower air 
preheat and checker temperatures except at times 
when it may burn excess combustibles, but then it 
will also be bad for maximum heating effect over 
the bath. Effect (c) unbalances the drift ratio and 
lowers E, in the desired direction. 


3—It is therefore of first importance to tighten 
up the furnace system against leakage below sill 
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Fig. 8—Design of an aspirating or velocity thermocouple. Horizontal dimension reduced approximately 75 pct for reproduction. 


level to the maximum degree possible, not merely 
to eliminate certain bad effects of leakage into re- 
generative zones, but also to bring the system under 
control, enabling the exhaust fan to produce any 
desired lower pressure at the roof arch. Usually, 
the critical zones will be at the hard-to-get-at 
places between checker bridgewall and uptakes, 
such as fantail arches, which may need redesign to 
favor better sealing. 

4—As leakage air around doors, etc., above sill 
level increases, relative to the rate of preheated air 
flow ingoing, the whole of the regenerative zones 
gets more heating and less cooling in the reversal 
cycle. Exit gas temperature rises and E, decreases, 
but as illustrated in diagram A of Fig. 7, the heat 
“soaks back” farther into the regenerator zones, 
thus increasing preheat air temperatures in uptakes 
as the E, value is lowered. 

5—At some such decreased E, value, the top 
checker brick will presumably be running too hot 
relative to cleaning or checker maintenance costs, 
indicating that E, is now somewhat below its opti- 
mum value. Such optimum E, values would lie some- 
where between 68 and 46 pct, rarely if ever as low, 
however, as in the practice on furnace A. Optimum 
values of checker temperature at their hottest peri- 
ods are not too well known, but may be in the range 
of 2350° to 2450°F. 


As a direct consequence of this argument, how- 
ever, it follows also that on furnaces with highly 
efficient, lightly loaded regenerators, as for example 
most of those equipped with the double-pass design, 
the main problem may be the opposite one of guard- 
ing against excessive temperature in the top check- 
ers of the hot pass, the following methods being 
indicated by the above discussion: 


1—Moderate fuel rates, with more fuel cutting at 
times when the bath is not absorbing heat. Good 
atomization and moderate flame length. 
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2—Plenty of excess air supply (up to 40 to 60 pct 
in certain boil periods) for bath reactions or when 
top checker surfaces approach 2350° to 2450°F. 


3—Good sealing both below and above sill level 
with a higher roof pressure for minimum leakage, 
so that nearly all excess air above fuel requirement 
is supplied through the regenerator ingoing, thus 
keeping E, as high as possible. 


The large number of effects, often confusing, 
which determine air temperature in uptakes at a 
given instant makes the interpretation of measured 
air temperatures, as with the velocity couple’ often 
very difficult, especially when these values are un- 
accompanied by other related data. In the long run, 
it may be easier and more profitable to make such 
measurements of gas composition, etc., as were in- 
volved in the tests for regenerator efficiency sum- 
marized above, among which velocity couple meas- 
urements of air or gas stream temperature at vari- 
ous points may be very useful. By whatever meth- 
ods that may be used for measurement, however, 
what is needed are reasonably accurate values for 
the rates of flow of gases down and of air up in the 
regenerators and of the amount of leakage air, also, 
a knowledge of the locations in the system into 
which most of it is leaking; the demand for excess 
air should be known with respect to fuel and bath 
reaction oxidation requirements and perhaps the 
top checker brick temperatures. It may then usu- 
ally be possible to interpret the situation rationally 
and to make a more intelligent choice of more fre- 
quent routine measurements or observations. 

It is suggested that for day-to-day control, one 
useful tool for the first helper is a continuous tem- 
perature record on zones of maximum temperature 
in checker brick at each furnace end, coupled with 
automatic reversal whenever some set temperature 
limit is exceeded. The shorter reversal period can 
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then be a warning to indicate the need for either a 
higher ingoing air or a lower fuel rate, or both. 
Also, when such a maximum safe temperature is sel- 
dom or never approached, it may serve to indicate 
the need for more air leakage above sill level to 
lower the E, or drift ratio in regenerative zones, 
assuming always that air leakage below sill level 
is frequently checked and held always at the very 
lowest possible amount. 
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Appendix 
An Aspirating Thermocouple Design 


The papér by Marsh’ discusses some of the problems 
in measuring gas temperatures in the open hearth sys- 
tem, as well as a good design for an aspirating or 
velocity thermocouple for such measurement. In spite 
of certain more or less inherent disadvantages of this 
method, it seems to be the only accurate and reason- 
ably practical technique yet available for measuring 
the more or less rapidly changing temperatures of 
either gas or air streams in the system. This has been 
made somewhat easier by the development of high 
speed recorders which can accurately follow and re- 
cord a temperature which may occasionally be chang- 
ing by as much as one or more degrees Fahrenheit per 
second. But the real difficulty is still that of measuring 
the true gas temperature instead of getting values 
which may be closer to the higher or lower tempera- 
tures of the surrounding wall surfaces. This is es- 
pecially true in the case of the preheated air stream 
at such points as above the checker bridgewall or near 
the top of the uptakes, where visible surfaces are often 
hotter than the air stream by several hundred degrees 
Fahrenheit. These visible surfaces can pour out heat 
rapidly by radiation, whereas the air can only give up 
its heat by actual contact with the measuring couple. 

Any design of aspirating or velocity thermocouple, 
of which there have been dozens reported in the 
literature, is usually a compromise between the re- 
quirements for accuracy or maximum temperature 
range, and for convenience in use, the latter being es- 
pecially important around an open hearth furnace. 
The design shown in Fig. 8 has been found to be fairly 
simple to assemble and repair, which is the main rea- 
son for describing it briefly here. 

This design is the result of trials with several dif- 
ferent arrangements, one of the earlier ones having 
been described in a paper” in a Symposium on Gas 
Temperature Measurement conducted by the British 
Institute of Fuel in 1939. This design was used in the 
earlier tests on furnace A described above. The later 
design shown in Fig. 8, which gives probably no more 
accurate results but is more convenient to use and 
maintain and usually gives more measurements before 
replacements of parts are required, was used in the 
tests on furnaces B and C. This design, which is 
largely self-explanatory from the diagram, was pointed 
mainly toward the following effects: 1—to give the 
portion adjacent to the hot junction a high rate of heat 
absorption by convection and a low heat capacity, and 
2—to enable the use of only one simple shield tube. 

The diagrammatic enlarged detail of the hot junc- 
tion zone will illustrate these points. The last length 
of two-hole porcelain insulator here is of minimum 
size for 0.4 mm couple wires; this, plus the wires and 
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the thin platinum tube sheath total to a small heat 
capacity. Also the platinum tube surface tends to ab- 
sorb and conduct heat rapidly by convection transfer, 
and is in good thermal contact with the couple junc- 
tion, to give effect No. 1. 

For effect No. 2, the bright surface of the platinum 
tube has a low emmissivity so that it should reflect 
some 80 to 85 pct of the radiant energy coming from 
the inner surface or the open end of the single por- 
celain shield tube. This single shield tube cannot block 
out quite all the radiant energy but by the combination 
of the reflectivity of the platinum tube and its rapid 
heat interchange with the sucked-in air or gas stream, 
the error, with only a rather moderate gas velocity, 
appears to be down to a few degrees, although we have 
not attempted any absolute check on its accuracy. A 
double shield tube, with the sucked-in stream flowing 
between the two tubes as well as inside the inner one, 
would reduce the error, but the single shield tube, 
which here is simply packed into the water-cooled tube 
in a concentric position with asbestos rope, is much 
easier to remove and replace. 

The hot junction need only project about 1 in. or a 
little less beyond the end of the water-cooled metal 
tube (we have used anywhere from 6 to 14 ft of free 
length of water-cooled tube, depending on the accessi- 
bility of the point to be measured in the furnace). 
Thus the porcelain shield tube need only project about 
5 in. This part is fragile, however, and can also be 
cracked by thermal shock with too rapid heating or 
cooling. When used in part on outgoing gases, the 
platinum tube sheath should be cleaned and polished 
a little, occasionally, to maintain its reflectivity. 

We have used one unit on both air and combustion 
gases for a few dozen reversal periods without appre- 
ciable damage, where temperatures did not exceed 
about 2550°F. Measurement of outgoing gases in down- 
takes, up to around 2900° to 3000°F, caused rapid 
blackening of the platinum tube and some deteriora- 
tion of the shield tube, and the couple would soon de- 
teriorate at its hot end, so that this higher range above 
about 2600°F on gases is not very practicable except 
for a few occasional readings at risk of some replace- 
ment. On air streams up to perhaps around 2800°F, the 
design seems to give rather good life, with some ex- 
perience in handling. 
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Chromium Distribution Between Liquid Iron and 


Molten 


Basic Slags 


by Nicholas J. Grant, Earl C. Roberts, and John Chipman 


An equilibrium study was made of the distribution of chromium 
and oxygen between liquid iron, containing less than 1 pct Cr, and 
simple slags of the CaO(MgO)-SiO.-FeO-Cr.O; type in the tem- 
perature range 1526° to 1734°C. The effects of slag oxidation, 
temperature, and basicity were observed. 


N spite of the fact that chromium is one of the 

most important alloying elements in steel, and 
exists in almost all steels as a significant residual 
element, little research has been done to determine 
its behavior in basic steelmaking processes. Con- 
siderably more work has been done under silica- 
saturated acid slag conditions. Korber and Oelsen,”* 
Herasymenko, and others have generally agreed 
that in acid steelmaking practice the chromium in 
the slag behaved as if it were present as the chrom- 
ous ion (CrO). Work by Hilty® in high chromium 
slags also indicated that chromium may exist as 

In basic slag systems no equilibrium data exist. 
Based on individual studies of basic open hearth 
and electric furnace practice, Bardenheuer,’ Rock- 
rohr,’ and Hauck* concluded that: 1—chromium re- 
covery increased with decreasing basicity, and 2— 
chromium recovery increased with increasing tem- 
perature, although the effect was small. In similar 
studies Yavioskii and Dzemyen‘ concluded that: 1— 
slag FeO is the most important variable, 2—the 
basieity of the slag has no effect on chromium re- 
covery, and 3—slag viscosity is not high even when 
20 pet Cr.O, is present. Lapitskii* concluded that 
chromium recovery improved as the basicity of the 
slag decreased and increased with increasing man- 
ganese in the metal. 

Regarding the effectiveness of Cr.O; as a base or 
acid in basic slags, both Kristoffersen® and Trojer” 
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reported that Cr.O, was an acidic component re- 
quiring neutralization as 2CaO-Cr.Os. 


Experimental Procedure 

The experimental apparatus and procedure used 
for the present research were similar in most details 
to those used by Winkler and Chipman” and were 
described in detail by them. A magnesia crucible 
was used, holding 60 to 80 lb of Armco iron which 
was decarburized with hydrogen to about 0.010 pct 
C. Since all the metal samples solidified without 
gas evolution, this carbon level was assumed not to 
be significant. Synthetic slags made by mixing pure 
oxides were used throughout the study. 

Temperatures were measured by means of cali- 
brated W-Mo thermocouples and were checked by 
Pt-Pt-Rh thermocouples. The range of tempera- 
tures covered in this study was from 1526° to 

The chromium content of the iron was in the 
range 0.032 to 0.82 pct, although the bulk of the 
tests showed 0.04 to 0.2 pct. 

The slags were of the CaO (MgO) -SiO,-FeO-Cr,.O, 
type in which the Cr.O,; content was from about 2 to 
20 pct, although most of the slags showed from 
about 2 to 10 pct. The FeO range was from about 
10 to 65 pet. CaO and SiO, were in the range of 
about 5 to 45 pct each, yielding a rather wide range 
of basicity values. 

The first 12 heats were made without a sulphur 
addition, and with only 30 min allowed for slag- 
metal equilibrium to be reached. In previous re- 
search it had been shown that less than 30 min was 
adequate to achieve equilibrium in slags free of 
Cr.O;..""" A study of the present data indicated 
that some of the tests may not have reached equi- 
librium in this time; accordingly four additional 
heats were made in which at least 1 hr was per- 
mitted for equilibrium to be reached. For reaching 
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Table I. Summary of Slag-Metal Chemistry and Temperature Data 


Metal Analyses 


Slag Analyses, Percent 


Heat 
88-3 1554 0.140 0.048 — 20.81 5.34 12.80 43°31 3:19 5.70 og 
88-9 1542 0.114 0.041 24.22 3.98 14.44 
88-15 1564 0.157 0.049 21.45 2.65 16.36 = 
39.98 8.29 4.68 
88-17 1583 0.137 0.057 24.88 4.24 17.74 
88-23 1593 0.183 0.058 — 18.81 4.55 13.14 
89-4 1646 0.194 0.099 — 22.66 6.52 14.34 44.2 
11 5.72 7.32 
89-6 1704 0.236 0.175 —_— 20.41 7.64 13.22 44, 3 ae ian 
89-8 1619 0.187 0.067 — 21.65 6.88 14.26 45.3 
89-26 1570 0.144 0.053 20.84 5.15 17.20 
91-10 1668 0.278 0.064 — 10.39 8.50 13.30 
91-12 1584 0.174 0.042 10.53 7.66 15.50 56. 
1632 0.180 0.078 i356 3.72 16.52 23.68 6.67 9.62 
94-6 1625 0.171 0.090 14.83 6.70 12.34 42.49 
94-8 1551 0.146 0.037 14.95 5.95 13.54 38.89 
94-14 1636 0.172 0.104 — 25.73 5.26 12.64 42.82 
94-16 1666 0.188 0.143 — 26.10 5.21 13.42 38.92 4 ne Pd i 
94-18 1577 0.137 0.072 23.20 5.30. 12.18 33.37 
94-20 1610 0.158 0.078 25.53 2.25 18.38 19.13 11; 
94-22 1603 0.156 0.079 27.32 3.46 18.02 28.48 
94-24 1591 0.145 0.061 — 25.04 3.61 16.70 27.33 10. Dee ez 
95-4 1586 0.151 0.068 a 24.27 4.40 13.22 41.56 8.79 oe 
95-6 1608 0.156 0.069 —_— 24.46 4.63 13.80 41.41 6.07 Ge —_ 
95-8 1697 0.219 0.170 — 22.58 5.16 13.50 41.13 6.94 Aen — 
95-14 1577 0.136 0.061 — 20.13 6.22 14.40 26.60 10.07 oo = 
95-16 1608 0.150 0.099 — 31.46 3.19 21.10 26.05 8.18 or 
95-18 1613 0.148 0.087 —_— 30.00 3.89 20.18 30.63 5.59 sag _ 
95-20 1652 0.179 0.108 — 29.32 3.14 17.82 32.61 8.29 7. ; _— 
95-24 1710 0.211 0.183 — 25.03 4.99 21.02 34.84 5.66 5.6 _— 
96-2 1690 0.229 0.125 — 11.84 5.56 5.18 62.55 6.55 6.42 — 
96-8 1537 0.144 0.032 —_— 12.62 6.06 8.64 49.02 11.84 10.78 — 
96-10 1604 0.174 0.063 —_— 19.77 5.19 9.16 51.34 8.05 5.68 —_— 
96-12 1640 0.169 0.092 — 20.13 4.44 7.92 51.04 8.17 6.56 _— 
96-14 1630 0.167 0.093 —_— 21.24 5.03 7.74 45.73 11.67 6.80 —_— 
96-20 1581 0.127 0.076 — 26.73 4.97 7.68 45.27 8.79 4.56 _ 
96-22 1615 0.135 0.110 —- 27.32 4.73 7.70 44.15 9.10 5.53 —_— 
96-28 1593 0.110 0.116 — 31.52 4.36 8.14 40.25 8.78 5.24 —_ 
96-30 1648 0.138 0.140 — 29.93 4.59 8.76 40.12 8.28 6.45 — 
96-32 1654 0.132 0.210 oo 33.30 4.61 9.57 36.18 8.50 6.58 —_— 
96-34 1573 0.096 0.131 — 33.65 4.51 10.32 33.65 9.34 7.23 — 
97-4 1641 0.174 0.092 — 28.88 6.33 16.78 36.40 5.76 4.96 —_— 
97-6 1631 0.142 0.101 — 32.40 6.28 13.80 33.95 8.62 3.60 — 
97-14 1651 0.137 0.149 —_— 29.20 3.83 8.00 42.90 7.55 7.33 — 
97-18 1734 0.211 0.268 — 21.32 6.84 12.28 39.85 5.66 11.94 — 
97-24 1614 0.182 0.068 _— 20.47 3.11 17.08 36.97 8.95 11.95 — 
97-28 1549 0.129 0.042 —_— 36.45 1.14 25.94 28.70 3.89 2.05 — 
97-30 1597 0.133 0.101 — 33.75 2.61 31.34 27.30 2.55 2.88 os 
97-38 1597 0.100 0.166 — 13.37 2.84 39.51 19.58 22.54 4.70 — 
98-2 1570 0.131 0.070 — 34,13 10.20 24.02 23.45 3.98 2.67 — 
98-8 1615 0.102 0.169 — 20.84 18.18 32.70 19.78 4.20 3.20 — 
98-10 1591 0.093 0.183 —_— 14.31 17.92 37.70 19.46 6.98 3.23 os 
98-16 1608 0.068 0.475 — 40.74 6.88 38.36 9.89 0.87 2.85 — 
98-22 1589 0.048 0.621 — 39.18 2.56 39.76 10.25 1.67 5.27 — 
98-24 1573 0.047 0.642 —_ 34.55 3.32 44.54 10.11 2.50 5.62 — 
98-28 1642 0.065 0.822 —_ 30.56 5.80 40.38 13.02 2.99 7.01 —_— 
99-2 1568 0.176 0.028 — 5.01 3.60 7.64 66.53 9.26 7.63 — 
99-4 1600 0.193 0.042 —_ 5.06 5.07 10.72 65.81 7.27 5.36 — 
99-8 1618 0.228 0.048 — 4.17 6.33 13.10 58.63 8.30 7.61 — 
99-10 1621 0.211 0.050 _— 4.28 7.44 15.94 59.56 6.31 6.25 — 
99-12 1629 0.231 0.055 — 4.05 7.88 17.62 57.76 5.91 6.20 — 
99-14 1610 0.190 0.049 — 3.84 9.58 20.68 54.53 5.61 4.12 ane 
99-16 1612 0.172 0.058 —_ 3.42 10.58 24.47 52.09 5.43 3.69 ee 
99-20 1594 0.153 0.059 — 2.58 7.46 32.14 46.85 4.43 4.85 — 
99-24 1615 0.160 0.091 — 5.21 9.42 29.56 45.26 3.42 5.21 So 
99-26 1610 0.128 0.133 — 4.88 10.90 29.34 42.25 4.27 6.70 — 
99-28 1625 0.141 0.098 —_ 14.39 9.91 28.80 38.08 3.21 3.33 flat 
99-30 1630 0.159 0.102 — 20.39 9.85 27.36 32.57 5.97 3 Ye Sten 
99-34 1619 0.144 0.127 — 22.22 8.67 28.60 32.76 3.05 3.31 —_— 
100-2 1580 0.079 0.207 0.095 40.24 9.15 34.76 13.61 0.04 1.58 0.093 
100-6 1590 0.073 0.252 0.094 39.99 10.64 34.92 11.78 0.07 2.25 0.055 
100-8 1612 0.067 0.520 0.094 38.19 11.57 37.74 9.56 0.07 2.72 0.042 
100-10 1620 0.073 0.510 0.094 31.63 14.88 38.62 11.43 0.07 3.09 0.031 
100-16 1618 0.064 0.635 0.093 35.83 9.54 39.81 10.11 0.04 3.66 0.032 
100-18 1658 0.092 0.580 0.093 33.95 11.60 37.77 13.14 0.07 3.86 0.036 
101-2 1548 0.128 0.053 0.111 33.39 5.57 21.75 32.99 3.28 2.77 0.20 
101-4 1592 0.151 0.074 0.113 32.81 6.15 21.14 32.56 3.04 4.43 0.19 
101-6 1635 0.158 0.109 0.111 33.04 6.54 19.60 33.83 3.08 3.32 0.235 
101-8 1645 0.160 0.130 0.107 34.39 6.79 18.06 34.73 2.76 3.74 0.273 
101-10 1625 0.152 0.115 0.107 33.39 6.99 17.57 35.85 2.56 3.66 0.275 
101-14 1590 0.129 0.063 0.109 30.66 6.18 18.68 34.88 3.08 6.94 0.22 
101-20 1582 0.117 0.104 0.112 18.85 9.28 32.22 33.80 0.08 4.51 0.058 
102-2 1635 0.218 0.056 0.135 7.97 4.48 3.36 75.14 4.66 3.47 0.56 
102-4 1600 0.199 0.041 0.137 8.48 4.43 3.54 74.47 5.76 3.22 0.56 
102-6 1600 0.184 0.040 0.132 12.52 4.23 3.42 71.62 5.07 2.89 0.61 
102-8 1602 0.153 0.080 0.129 18.54 3.80 3.18 61.49 6.85 6.11 0.67 
102-10 1605 0.140 0.091 0.120 23.39 3.63 3.04 55.42 7.87 6.45 0.75 
102-12 1622 0.114 0.150 0.112 28.22 3.29 2.66 48.30 7.58 9.76 0.85 
102-16 1593 0.113 0.109 0.104 26.76 3.20 2.08 50.06 9.13 7.90 0.81 
102-18 1605 0.133 0.105 0.104 23.58 3.34 2.08 55.27 8.15 7.25 0.72 
103-4 1625 0.205 0.067 0.127 16.12 4.43 11.70 53.79 4.01 9.69 0.30 
103-8 1601 0.178 0.064 0.131 14.18 Weer 15.80 52.22 3.20 7.62 0.225 
103-10 1611 0.196 0.053 0.128 13.46 5.45 15.20 58.06 3.93 6.25 0.27 
103-12 1595 0.171 0.059 0.128 11.08 5.91 14.66 57.87 3.69 6.28 0.26 
103-14 1602 0.194 0.046 0.127 10.07 5.78 13.26 59.71 3.93 7.16 0.27 
103-16 1605 0.025 0.053 0.125 9.10 5.54 13.78 61.83 3.65 5.95 0.28 


* Oxygen was determined by vacuum fusion. 
+ Total chromium (soluble plus insoluble). 
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Fig. 1 (left)—Chromite inclusions (angular) and iron oxide (rounded) in metal 


sample 96-34. X750. 


Fig. 2 (center)—Two-phase oxide inclusions, chromite in iron oxide, in metal 


sample 91-10. X750. 
Fig. 3 (upper right)—Chromite phase in slag sample 99-32. X750. 


Fig. 4 (lower right)—Chromite phase in slag sample 94-24 showing 
inside the chromite. X750. 


equilibrium 1 hr was noted to be adequate. Sulphur 
was added to these heats in order that the sulphur 
distribution ratio might be used as a measure of the 
acidic or basic nature of Cr.O, in basic slags. 

Table I lists the metal and slag compositions as 
well as the temperatures of the bath at the time of 
sampling. 


Experimental Results and Discussion 

Microexamination of Slag and Metal Phases: A 
large number of slag and metal samples were ex- 
amined microscopically in an effort to obtain evi- 
dence of existing phases. The results were difficult 
to interpret but did present some interesting struc- 
tures. 

Fig. 1 shows a micrograph of an iron sample. The 
spherical particles are of the iron oxide, wustite, 
phase. It will be noted that the size of the particles 
varies from extremely minute spheres to very 
large ones. The angularly shaped particles are 
chromite inclusions. These particles are extremely 
uniform in size, suggesting that this phase separated 
out in a narrow temperature range. 

Fig. 2 shows two-phase oxide inclusions in an 
iron sample as well as smaller wustite inclusions, 
again over a range of particle sizes. From the ge- 
ometry of the included phase it is concluded that it 
is chromite which lies in the wustite phase. Such 
a combination of wistite and chromite suggests that 
the chromite may have served as a nucleus on 
which the wiistite could precipitate and grow; this 
does not explain why the chromite particles are 
larger than when wiistite is absent. It seems more 
probable that there is appreciable solubility be- 
tween wiustite and chromite at high temperatures, 
as was suggested by Trojer.® In the latter case the 
chromite precipitated within the droplets of non- 
metallic liquid first formed and conditions may have 
been more favorable for growth. 

Fig. 3 shows one of the slags. The angular phase 
is chromite which exists in wustite. Some dical- 
cium-silicate was also identified. Fig. 4 shows an 
interesting and not too rare instance wherein a 
metallic button exists within the chromite phase. 
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a metal button 


The analysis of the metal was not obtained, un- 
fortunately, because of the smallness of the par- 
ticles. A satisfactory explanation for the occur- 
rence of this metallic particle in the chromite has 
not been found. 

Cr,O; as a Basic Component in Basic Slags: One 
of the primary aims of the research was to deter- 
mine the acidic or basic contribution of Cr.O, in 
basic open hearth type slags. Efforts to determine 
this on the first 12 heats were completely unsuccess- 
ful, due to the lack of an adequate criterion. 

Accordingly, the four sulphur-containing heats 
were examined, using the ‘“‘desulphurization stand- 
ard line” determined by Grant and Chipman” as a 
reference. It will be recalled that the strongly 
acidic nature of Al,O, in basic open hearth type 
slags was determined in this same manner. 

A value of “excess base” was calculated accord- 
ing to the method of Grant and Chipman for each 
slag. In the first set of calculations the Cr.O, (mols 
per 100 gram of slag) was considered as an acid 
requiring 1 mol of CaO for neutralization. A plot 
of the desulphurization ratio, (%S)/[%S], against 
excess base was then made as shown in Fig. 5. It is 
seen that in general the points lie above the stand- 
ard curve, indicating that for a given desulphuriza- 
tion ratio, the slags, as calculated, are too acid. 

A similar set of calculations was made next in 
which Cr.O; was assumed to be neutral (similar to 
FeO). This resulted in higher calculated basicity 
values for the slags than was obtained above, but 
the points were still too far above the curve. 

In a third set of calculations the Cr,O, was as- 
sumed to be a base, contributing to the basicity 
equally with CaO, MgO, and MnO, on a molar basis. 
It was noted that the points fit the standard curve 
about as well as the points for slags not containing 
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Fig. 5—Desulphurization ratio vs excess base. Cr.O; assumed to be 
acidic. Note poor agreement with standard desulphurization curve. 
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equivalent to 2CaO. Note good agreement with standard desul- 
phurization curve. 
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Fig. 7—Oxygen content of low chromium-iron melts in equilibrium 

with chromite saturated slags at 1600°C. Note good agreement 

with curve of Chen and Chipman.” 


Cr,O;, previously reported.” In a fourth calculation 
it was assumed that 1 mol of Cr.O, is equivalent to 
2 mols of CaO. The result of such a calculation is 
almost indistinguishable from that of assuming that 
chromium is divalent and equivalent in basic prop- 
erties to calcium. The results of this calculation are 
shown in Fig. 6 in which it is seen that the individ- 
ual points are in very good agreement with the 
“standard curve” previously reported. 

The Chromium Oxidation Reaction: Wentrupp 
and Knapp" reported that with up to about 8 pct Cr 
in the metal the chromium is in equilibrium with 
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chromite (FeO-Cr.O;) in the slag. Chen and Chip- 
man” also reported chromium to be in equilibrium 
with chromite but placed the upper limit at about 
5.5 pet Cr. Furthermore, the data of Chen and 
Chipman showed that with up to l jaxets (Cie in the 
metal the effect of chromium on the oxygen activity 
was small. When solid chromite is present, the fol- 
lowing reaction may be assumed to take place: 


FeO-Cr,O, (solid) = Fe (liquid) + 2 Cr + 4 O 


where the underlined values indicate elements in 
solution in the liquid iron. 
Then 
Cri 


A plot of percent oxygen against percent chromi- 
um is shown in Fig. 7, utilizing two groups of points 
based on the temperature ranges 1571° to 1600°C 
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Fig. 8—Plot of K’c, ys the reciprocal of the temperature for 
the chromite reaction in liquid iron. 


and 1601° to 1630°C. The solid curve best repre- 
sents the oxygen-chromium relationship at 1600°C 
and is compared to the curve obtained by Chen and 
Chipman.” The agreement is extremely good. 

Fig. 8 is a plot of K’ for the above reaction against 
the reciprocal of the absolute temperature. From 
this curve, K’ at 1595°C is 2.55x10° in agreement 
with 2.44x10" from the data of Chen and Chipman. 
The straight line is represented by the expression 


log K’ = —49,000/T + 20.6. 


The close agreement of all of the data with the 
lines representing K’ in Figs. 7 and 8 has a signifi- 
cance with respect to the experimental conditions 
which should not be overlooked. It shows that in 
every case the slag was saturated with respect to 
chromite. The results are therefore comparable 
with what would be expected on a chromite hearth. 
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Moreover, the chromium content of the metal is 
completely controlled by oxygen and by tempera- 
ture. Under such conditions any “distribution 


ratio” of chromium between slag and metal has > 


little significance. 

The slag analyses may be used to establish a 
minimum value for the solubility of chromite in 
slags of the type used. This can be only a minimum 
rather than a true solubility because all the slags 
contained an undetermined amount of chromite in 
suspension. Plots of base/acid ratio vs Cr.O; content 
of the slag (from Table I) showed that the mini- 
mum observed values at 1550°, 1600°, 1650°, and 
1700°C are respectively about 2.0, 2.7, 3.5, and 5.0 
pet by weight of Cr.O;,. Above this minimum the 
scatter of the data is so great (due largely to the 
presence of suspended chromite) that the effects of 
FeO and basicity cannot be evaluated. These plots, 


0.80 
0.70 t 
a © LESS THAN 1570°C 
0.60 © I57I-1600°C 
a x ® I60I-1630° C 
tu \ x GREATER THAN 1631°C 
= 
0.50 
z \ 
> 040 
= \ \ 
a \ \ 
\ \ | 
Ny!700° 
= A \ 
1650°\ 
\ 
0.20 
| 1540-1570° 
fo) 10 20 30 40 50 60 70 


PER GENT FeO IN SLAG 


Fig. 9—Relationship of chromium in the metal to slag FeO as a 
function of temperature for chromite saturated slags. 


omitted for the sake of brevity, indicated that the 
slags showing the lowest chromite solubility are 
principally those of intermediate basicity having 
V-ratios between 1.5 and 2. There are indications 
that solubilities approximately double the above 
minima may occur at very low V-ratios. 

Of more practical significance, Fig. 9 shows a plot 
of percent chromium in the metal vs percent FeO 
in the slag, taken directly from Table I. The points 
shown in Fig. 9 were examined with respect to 
temperature and slag basicity. The following items, 
based directly on Fig. 9, deserve mention: 

1—Above about 30 pct FeO, the effect of FeO is 
relatively small and temperature plays the leading 
role in controlling the chromium content of the 
liquid bath under a slag saturated with chromite. 

2—-With less than about 30 pct FeO, the slag FeO 
is the most important factor, residual chromium 
increasing as FeO decreases. This is in agreement 
with the findings of Yavioskii and Dzemyen,’ where- 
as item 1 is in disagreement. 

3—The effect of temperature is important at all 
levels of oxidation, chromium recovery increasing 
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with increasing temperature. Previous investigators 
had indicated that this effect would be small.*° 

In a supplementary plot, where the slags were 
differentiated with respect to basicity, only a small 
effect of slag basicity on chromium recovery was 
noted. This is overshadowed by the large effects of 
oxidation and temperature. The disagreement in 
previous work on the role of basicity, based on non- 
equilibrium data,** is thus easily understood. 


Conclusions 

Based on equilibrium studies between liquid iron 
and simple slags in the system CaO(MgO)-Si0O.- 
FeO-Cr.O;, and with chromium contents up to 0.82 
pct in the metal, the following conclusions may be 
made: 

1—Equilibrium is reached more slowly than in 
chromium-free slags, and some chromite remains 
suspended in the slag. 

2—Cr.O; appears to behave as a basic oxide in 
slags of the open hearth type being approximately 
as effective in desulphurization as CaO, MgO, and 
MnO. 

3—The solubility of chromite in slags is estimated 
to correspond to about 2 to 5 pct Cr.O; at tem- 
peratures of 1550° to 1700°C and somewhat higher 
in slags of very low V-ratio. 

4—The reaction of chromium with oxygen at low 
chromium contents in the presence of chromite- 
saturated slags is best represented as follows: 


FeO-Cr.O, (solid) = Fe (liquid) + 2 Cr + 40 
K’ = [% Cr]? X [% O]*; log K’ = —49,000/T + 20.6. 


This agrees with the results of Chen and Chipman 

5—For metal containing less than 1 pct Cr, re- 
covery of chromium in remelting is favored by 
high temperature and low FeO. The effects of basic- 
ity are less clear. 
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The Wustite Phase in Partially Reduced Hematite 


by Gust Bitsianes and T. L. Joseph 


epee layered structure of partially reduced iron 
ore was described in a previous paper.’ Reduc- 
tion by hydrogen was found to take place at well- 
defined interfaces between layers of the solid 
phases. In the present investigation, a detailed study 
was made of the wiistite phase that had formed 
during the partial reduction of a cylindrical compact 
of chemically pure hematite. An unusually wide 
band of wiistite permitted a rather detailed study of 
this phase. 

The specimen was made from Baker’s C.P. hema- 
tite in the form of a cylinder 1.5 cm in diameter and 
1.8 em long. A dense ore structure with about 6 pct 
porosity was attained by heating the specimen in 
air at 1100°C for 3 hr. To confine reduction to the 
top surface, a ceramic coating was applied to the 
bottom and sides of the cylindrical compact. The 
specimen was then partially reduced in hydrogen at 
850°C and subjected to a coordinated sequence of 
macro-, micro-, and X-ray examinations. 

A section of the partially reduced cylinder is 
shown in the macrograph, Fig. 1. Four layers con- 
sisting of metallic iron, wustite, magnetite, and un- 
reduced hematite are clearly shown. The effort to 
force reduction to proceed downward in topochemi- 
cal fashion was only partly successful, as some re- 
duction occurred along one side and bottom of the 
cylinder. A rather wide layer of dark wustite phase 
had formed, however, and permitted sampling for 
X-ray studies as indicated. 

To supplement previous work and to study the 
wustite layer in more detail, ten separate layers 
were removed for X-ray examination. Broad and 
diffuse patterns were obtained with the as-filed 
powders, especially with those of iron and wiistite, 
and the condition indicated a cold-working and var- 
iable composition effect within the respective layers. 
This condition was corrected by annealing the en- 
tire series of powders at an appropriate temper- 
ature. For the annealing treatment, the ten powder 
samples were wrapped in silver foil, sealed under 
vacuum in small quartz tubes, and heated at 750°C 
for 16 hr. The specimens were then drastically 
quenched in cold water to preserve the annealed 
condition. These annealed specimens were X-rayed 
in turn and the compiled patterns are shown in Fig. 
2. The standard patterns for iron and its oxides 
have been interjected at appropriate positions for 
purposes of comparison and phase identification. 

All of the patterns obtained were clearcut and 
concise so that positive identifications could be made 
for all of the phases. The outermost layers A, B, 


G. BITSIANES and T. L. JOSEPH, Members AIME, are Assistant 
Professor and Professor, respectively, School of Mines and Metal- 
lurgy, University of Minnesota, Minneapolis, Minn. 

Discussion on this paper, TP 3729C, may be sent, 2 copies, to 
AIME by April 1, 1954. Manuscript, Nov. 6, 1953. New York Meet- 
ing, February 1954. 


150—JOURNAL OF METALS, FEBRUARY 1954 


_ X-RAY ZONE 


Fig. 1—Macrostructure of partially reduced synthetic ore, cylinder 
No. 9. Reduced in hydrogen at 850°C for 70 min. X6.5. Area re- 
duced approximately 60 pct for reproduction. 


and C were composed almost entirely of iron with 
a small amount of wtstite being detectable at the 
X-ray limit of phase detection. Layer D from the 
iron-wustite interface showed both of these phases. 
The next four layers E, F, G, and H were all in the 
dark phase band which had been tentatively iden- 
tified as wustite by the macroexamination, Fig. 1. 
The diffraction data with their single-phase pat- 
terns of wiistite for these layers checked the visual 
evidence. Continuing the X-ray analyses after 
layer H, the macrograph (Fig. 1) shows that layer I 
came largely from the magnetite zone but included 
some fringes of the wistite-magnetite interface. The 
diffraction pattern for the sample confirmed this 
observation. Layer J came from the unreduced core 
of the specimen and its diffraction pattern indicated 
a preponderance of hematite phase. The reduction 
behavior of synthetic compacts has thus been found 
to be similar to natural dense iron ore. 

The previous results were supplemented with 
measurements of the diffraction films and calcula- 
tions of the respective unit parameters. These X-ray 
data are summarized in Table I and offer some in- 
teresting correlations as to the compositions of the 
various phases undergoing reduction. 

The iron layers that were analyzed gave lattice 
parameters close to that of pure iron at 2.86643. 
Evidently this iron was present in layers A through 
D as a pure phase with little or no oxygen dissolved 
in its lattice. 

With the wiistite layers an entirely different situ- 
ation prevailed in that there was a definite and 
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Fig. 2—X-ray study of cylinder No. 9. X0.5. 


sizable lattice parameter change from one extremity 
of the field to the other. The effect can be seen in 
the X-ray pattern compilation of Fig. 2. The wiis- 
tite doublet on the extreme right, corresponding to 
the 331 line, had shifted gradually to the right with 
increasing depth of penetration. Such a change in- 
volving a solid solution can only mean that the 
lattice parameter of the wistite had changed across 
the breadth of the field. The data of Table I for the 
wustite field give quantitative proof of the direc- 
tional change in parameter and show it to have been 
a decrease. Under the conditions of reduction, the 
wustite nearest the iron phase should have been 
lower in oxygen content than that next to the mag- 
netite. It may thus be concluded that the wiistite 


TRANSACTIONS AIME 


formed on reduction had an increasing oxygen con- 
tent as a function of depth and at the same time 
exhibited a decreasing lattice parameter. These 
findings are in direct agreement with the work of 
Jette and Foote” * who found that the parameter of 
their grade of wistite decreased regularly with in- 
creasing oxygen content. 

The change in wistite parameter could not be 
correlated directly with the composition of the vari- 
ous layers as insufficient material was available for 
chemical analysis. Jette and Foote,” * however, have 
published a curve relating the composition (oxygen 
content) of wustite with its X-ray parameter. This 
curve was used to correlate oxygen content with 
X-ray data obtained in the present investigation. 
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Fig. 3—Schematic representation of layer sampling technique used 
on the wustite field of cylinder No. 9. 
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Fig. 4—Wustite field compositions as a function of depth of 
penetration for cylinder No. 9. D and / are the determined 
equilibrium points. 


The first correlation has been concerned with the 
changes in composition of the wistite field with 
depth. Fig. 3 is a schematic representation of the 
location of the samples used for X-ray analyses. Six 
layers were filed as uniformly as possible and the 
broken vertical lines represent the probable bound- 
aries of the separate layers. Each layer was then 
annealed to a homogeneous composition at an effec- 
tive temperature of 850°C and the resultant X-ray 
parameters and oxygen analyses could be taken to 
represent the mid-points of the respective layers. 
The D and I layers, however, contained iron and 
magnetite, respectively, and thus represented the 
equilibrium conditions for wistite at 850°C. 

Fig. 4 shows how the oxygen content of the wts- 
tite phase varies across the wustite field. The four 
points E, F, G, and H represent the dynamic condi- 
tion at the time of reduction and determine the 
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Fig. 5— Correlation of wustite field compositions for cylinder No. 9. 
D and | represent wustite equilibrium points with iron and magne- 
tite, respectively. 


curve fixing the oxygen concentration across the 
wustite field. The curve starts at the equilibrium 
composition on the iron-wiustite interface, increases 
in linear fashion across the width of the wistite 
field, and finally increases sharply to the equilib- 
rium composition on the wustite-magnetite inter- 
face. This behavior would indicate that a steady- 
state condition prevailed across the wiistite layer in 
which a diffusional effect was operating in conjunc- 
tion with an interfacial resistance to control the 
process. The diffusional effect was probably one in- 
volving the counterdiffusion of hydrogen and water 
vapor molecules through the porous layer of wis- 
tite grains. The actual reduction of the individual 
wustite grains, however, could have been carried on 
by the solid lattice-type of diffusion involving iron 
ions. 
The second correlation has been made with Jette 


Table I. X-Ray Data Compilation for Synthetic Cylinder No. 9 


Phases Present 


Annealing Iron Wiistite Magnetite Hematite 
Temperature, 
Layer °C ot I do I Qo I Qo 
750 vs 2.867(0) 
D 750 ms 2.867 (1) vs 4.308 (5) 
850 ms 2.866 (6) vs 4.306 (8) 
E 750 vs 4.302(9) 
F 750 vs 4.300(0) 
G 750 vs 4.296 (6) 
H 750 vs 4.294(9) 
as 750. s 4.290(3) vs 8.397 (4) 
850 4.285 (6) vs 8.395 (5) 
750 vw 8.39(5) vs Grh = 5.42(5) 
@ = 55°18’ 


* Relative intensity;{I) scale: s, strong; m, medium; w, weak; v, very. 


*@o in angstrom units: probable accuracy of four significant figures. 
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a—lron-wustite interface. White phase, 
iron; gray phase, wustite; black areas are 
pores. 


b—Wustite-magnetite 


interface. Dark 
gray phase, wustite; light gray phase, 
magnetite. 


c—Magnetite-hematite interface. Light 
gray phase, magnetite; white phase, hem- 
atite; some dark pore areas. 


Fig. 6—Reduction interfaces of synthetic ore, cylinder No. 9. Reduced in hydrogen at 850°C for 70 min. Etched. X500. Area reduced 


approximately 50 pct for reproduction. 


2, 3 


and Foote’s””® representation of the wiistite field. 
Their data and those of the authors are shown in 
Fig. 5 with the D and I points representing equilib- 
rium compositions at either extremity of the wustite 
field. These equilibrium points are in good agree- 
ment with Jette and Foote’s values but they cannot 
be regarded as independent checks as the analytical 
results were obtained with the aid of the previous 
authors’ calibration curve. The X-ray data, how- 
ever, appear to have been fairly consistent. Within 
the wistite field the oxygen content of the inter- 
mediate layers increased progressively and uni- 
formly with depth of penetration. 

The parameters obtained for the phases in layers 
I and J were very close to those for the pure mag- 
netite and hematite standards. The magnetite layer 
I was actually too thin for an extensive sampling 
treatment and the parameter data could well repre- 
sent an average layer condition. 

As a further means of study, the specimen was 
microexamined and the results are summarized in 
the micrographs of Fig. 6. The reduction interfaces 
in the synthetic specimen were substantially the 
same as those observed in a natural iron ore. The 
same phases were present in the same orientation, 
and the occurrence of progressively narrower inter- 
faces with depth of penetration was again observed. 
There are some differences which should be noted 
in the reduction behavior of synthetic and natural 
material. The first difference is in the porosity of the 
iron layers which have a tendency to sinter. 

Sintering, in general, occurs in any sponge iron 
layer provided that it is held above 650°C for suffi- 
cient time. In the synthetic specimen the iron layer 
has undergone a remarkable sintering action to 
create a distinctive type of macroporosity. Fig. 6a 
illustrates the case and shows that the iron grains 
have grown together and produced large, branching 
pore areas. In contrast, the reduction of natural ore 
is characterized by a minimum of sintering action 
and thus by iron layers with a uniform distribution 
of pore space. These results along with other evi- 
dence would indicate that the purer materials have 
the greater tendency to sinter. 

A second difference in the reduction behavior of 
synthetic material has been noted in that many of 
the wiistite grains are not completely reduced at the 
iron-wiustite interface but persist well out into the 
ferrite layer. In Fig. 6a these isolated grains are 
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shown encased by agglomerated masses of sponge 
iron, and the microinspection has shown that the 
distribution of residual wustite decreases uniformly 
out on the edge of the specimen. This “‘wustite re- 
tention” effect has been noted in most synthetic 
material and is directly related to the size of the 
wustite grains and to the iron sintering action. 


Summary and Conclusions 

An unusually wide band of wiistite was found in 
a partially reduced cylinder of chemically pure 
hematite which had been fired to produce a dense, 
homogeneous, and thermally stable structure. Six 
samples which represented layers of varying depths 
of penetration were filed from the wiistite band and 
annealed prior to X-ray analysis. A change of com- 
position across the wistite field was indicated by a 
decrease of lattice parameter. 

Using the work of Jette and Foote to fix oxygen 
content from X-ray data, results from the present 
study at 850°C showed that the oxygen content in- 
creased across the wistite field. The curve started 
at the equilibrium composition on the iron-wistite 
interface (23.385 pct O) and increased in linear 
fashion across the wistite field to a value slightly 
below the equilibrium composition on the wiistite- 
magnetite interface (24.10 pct O). 

Work on fired compacts of chemically pure hema- 
tite confirmed earlier work on iron ore as to the ex- 
istence of four well-defined phase layers in samples 
partially reduced with hydrogen above 570°C. 

Microscopic examination of the iron layer formed 
by reduction of pure hematite showed a tendency 
for the iron grains to coalesce leaving pores or open 
areas. This sintering action encased certain grains 
of wustite with ferrite, retarded their reduction at 
the moving iron-wiistite interface, and permitted 
their retention well out into the ferrite layer. The 
effect was not characteristic of the reduction of 
dense iron ore. 
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Theoretical Analysis of Diffusion of Solutes During The 


Solidification of Alloys 


by Carl Wagner 


When an alloy solidifies and the composition of the solid differs 
from the composition of the liquid, atoms of the alloying elements 
rejected at the solid-liquid interface have to diffuse toward the 
bulk liquid. Diffusion may be supported by convection. Theoretical 
calculations have been made for a liquid without convection, for a 
liquid involving natural convection, and for solidification of a liquid 
alloy at the surface of a rotating disk as an example of forced 


convection. 


HEN an alloy solidifies, the equilibrium com- 
position of the originating solid phase differs 

in general from the composition of the liquid phase. 
Thus, segregation may take place, i.e., the composi- 
tion of the solid phase formed at different times 
differs from the bulk composition. The degree of 
segregation depends on several factors such as the 
partition ratio of the alloying elements between the 
liquid and the solid phase, the rate of solidification, 
and convection. To clarify, a theoretical analysis has 
been worked out. The following presuppositions are 
made: 

1—Calculations are confined to the solidification 
of binary alloys in which the concentration of com- 
ponent A (solvent) is much greater than that of com- 
ponent B (solute). 

2—The equilibrium concentration of the alloying 
element B is assumed to be lower in the solid phase 
than in the coexisting liquid phase. 

3—At the solid-lquid interface, partition equilib- 
rium is assumed. 

4—The dependence of the partition ratio of the 
solute between the liquid and the solid phase on 
concentration and temperature is disregarded since 
only small concentrations of the solute are consid- 
ered. 

5—The concentration of the alloying element B in 
the solid phase is supposed to be lower than the sat- 
uration concentration for the formation of a second 
solid phase. 

6—Diffusion in the solid phase is disregarded, 
since diffusion rates in the solid state are compara- 
tively low. 

When the partition ratio of the solute between the 
liquid and the solid phase is greater than unity, a 
part of the solute is rejected at the solid-liquid inter- 
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face and has to diffuse toward the bulk liquid. Thus 
there is necessarily a concentration difference in the 
liquid between the solid-liquid interface and the 
bulk liquid as has been pointed out by Hayes and 
Chipman,’ Rutter and Chalmers,’ Tiller, Jackson, 
Rutter, and Chalmers,® and others (see Fig. 1). In 
view of the concentration gradient in the liquid 
phase, the ratio of the concentration of the solute in 
the solid phase to that in the bulk liquid differs from 
the equilibrium ratio, although at the solid-liquid 
interface, partition equilibrium is assumed. Under 
certain limiting conditions, the solid may even have 
virtually the composition of the bulk liquid as is 
shown below. 


General Equations 


Let u be the linear crystallization velocity in cm 
per sec, D the diffusion coefficient of component B in 
the liquid phase in cm’ sec", c’; and c”, the concen- 
trations of component B in the liquid and the solid 
phase, respectively, in mol per cm‘, and s the dis- 
tance from the solid-liquid interface toward the 
bulk liquid at a given time t. The partition ratio is 
assumed to be equal to a partition constant K. Thus, 


The difference in the specific volume between the 
liquid and the solid phase may be disregarded. In 
view of the discontinuity of the concentration of the 
solute at the interface according to Eq. 1, u(c’, — 
C’s)s=0 = UCc’s (s = 0)(1 — K) gram-atoms B per 
unit area per unit time are rejected at the interface 
and have to diffuse toward the bulk liquid. From 
Fick’s first law it follows that 


= 0) (1— K) = D (ce, 


The concentration profile in the liquid near the 
interface depends on the interplay of diffusion and 
convection as is discussed in the following sections. ° 
A schematic concentration profile is shown in IMyeys I 
The “effective thickness of the diffusion boundary 
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layer” 8.+, may be defined as the distance of the 
intersection of the tangent line on the c’; vs s curve 
at s = 0 and the extrapolated horizontal plateau of 
the bulk concentration c’,,,,. Thus, according to Fig. 


( oc’, ) — c’s(s = 
Os 0: 


Transformation of Eq. 3 yields the following ana- 
lytical definition of 8,,;: 


1 ( ) 
— C's Os 


Upon substituting Eq. 3 in Eq. 2 and eliminating 
c’;(s = 0) with the aid of Eq. 1, the ratio of the 
concentration of B in the solid phase to that in the 
bulk liquid is obtained as 

K 
. [5] 

Since the difference in the specific volumes of the 
two phases is disregarded, the concentration ratios 
on the left-hand side of Eqs. 1 and 5 may be re- 
placed by the corresponding mol fraction or weight 
fraction ratio in order to express results in a more 
usual manner. Thus 


[3] 


s= 


B K [6] 


where N”, and N’;.,) are the mol fractions and [%B]’ 
and [%B]”. are the weight percents of component 
B in the solid and in the bulk liquid, respectively. 

To apply Eqs. 5 and 6, the linear solidification 
rate u must be known. The value of u is related to 
the mass rate of solidification, dm”/dt, by the equa- 
tion 


dm” /dt = p”Au [7] 


where p” is the density of the solid and A is the 
solid-liquid interface area. In many cases the mass 
rate of solidification is determined by the heat con- 
ducted away from the interface per unit time. In 
some cases, the interface area A is given by the 
geometry of the experimental set-up, especially 
when the solid-liquid interface is virtually plane, 
e.g., during the growth of single crystals. In many 
cases, however, the solid-liquid interface area is not 
plane and may, therefore, be much larger than esti- 
mated from the geometry of the container. This is 
especially true when dendrites are formed. In the 
following calculations, a virtually plane interface is 
presumed. Limitations of this approach are discussed 
below. 

If the composition of the solid differs from that 
of the liquid from which it is formed, the composi- 
tion of the liquid varies with the advancement of 
solidification. Likewise the composition of the solid 
formed at different stages of the solidification process 
varies. Hence, there result local concentration dif- 
ferences in the solid after the solidification has been 
completed. This is called segregation. The greater 
the deviation of the ratio c”;/c’s., from unity at a 
given time, the greater, in general, will be the local 
differences in composition of a solidified ingot. Thus, 
it follows from Eq. 6 that segregation is favored by: 
1—a small value of the partition constant K, 2—a 
low linear solidification rate, 3—a high value of the 
diffusion coefficient D, and 4—a low value of the 
effective thickness of the diffusion boundary layer. 
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Fig. 1—Schematic concentration distribution of component B 
near the solid-liquid interface. 


Convection of the liquid may lead to a nearly uni- 
form distribution of the rejected portion of solute B 
in the hquid and thus to a gradually increasing con- 
centration c’,,,,. This causes macrosegregation. With- 
out convection, microsegregation prevails. 

Attention is called to the following apparent para- 
dox. Stirring minimizes concentration differences 
within the liquid and thus virtually equilibrium be- 
tween solid and bulk liquid may be reached. This, 
however, results in a maximum concentration dif- 
ference between the bulk liquid and the outer layer 
of the solid corresponding to the value of K given 
by the phase diagram. On the other hand, without 
convection, there may be a considerable concentra- 
tion difference between the bulk liquid and the liquid 
near the solid-liquid interface, but the composition 
of the outer layer of the solid may be virtually equal 
to the composition of the bulk liquid. Thus, an ingot 
solidified under conditions causing the uttermost 
state of nonequilibrium in the liquid may have an 
almost uniform composition. 

In many cases, the value of 6.;; is not computable 
from first principles. Then Eq. 6 may be used to 
calculate 6.;, from observed values of N”, and N’,,, 
or [%B]” and [%B]’., if u is known. Thus, 


Nice) 
1—K 


[8] 


From Eq. 8 it follows that there is a maximum 
value Sdersamax. 1f the difference in concentration be- 
tween the solid and the bulk liquid vanishes, i.e., if 


= D/u [9] 


The existence of a maximum value of 8.,; is a 
rather unusual feature in contradistinction to other 
boundary layer problems. 

Upon substitution of Eq. 9 in Eq. 6, it follows that 


ORB 
K 


1 — (1 K) 


The degree of segregation is, therefore, deter- 
mined by the value of K and the ratio 80¢¢/8e¢sanax.: 
Convection leads to significant segregation only if 
convection is sufficiently vigorous in order to yield 
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Table |. Distribution of SrCl, between Solid and Liquid KCI for 
Different Rates of Growth According to Kelting and Witt’ 


Mol Fraction of SrCl»z in Solid 


Mol Fraction 


of SrCly in u = 5x10-+4 

Bulk Liquid cm/sec cm/sec 
3x10-4 0.8x10—4 0.4x10-4 
6x10-4 1.5x10+ 0.7x10—+ 


a value of 8.;; which is substantially less than the 

In liquid metallic solutions the diffusion coefficient 
is of the order of 3x10° cm’ per sec. If the rate of 
solidification is 1 em per min, or wu = 0.017 cm per 
sec, the value of Serramax.) EQuals 1.8x10° cm. This 
indicates a rather small thickness of the diffusion 
boundary layer under most conditions. 

In the following sections, the concentration dis- 
tribution in the liquid is calculated for special con- 
ditions. Thus the value of 4.,;; is eliminated from the 
foregoing equations in order to obtain the concen- 
tration ratio c”;/C’za, in terms of the significant 
macroscopic variables. 


Solidification without Convection 

Solidification without convection in the liquid will 
be considered first. Natural convection will not take 
place if the solid-liquid interface is horizontal and 
the alloying element B increases the density so that 
the liquid alloy at the solid-liquid interface has a 
higher density than the bulk liquid above. If a 
liquid metal with a temperature slightly above its 
melting point T, is poured into a flat mold with a 
very thick wall, the rate of solidification is essen- 
tially determined by heat conduction in the wall, the 
heat capacity of the wall, and its initial tempera- 
ture T,,. In the limiting case of an infinitely thick 
wall, the solid-liquid interface advances propor- 
tionally to the square root of time as has been de- 
rived theoretically by Feild,’ Lightfoot,’ Schwarz,° 
Ruddle,’ and others. Thus the distance Y of the 
solid-liquid interface from the wall of the mold as 
a function of time may be assumed to be given as 


Y = [11] 


where a is a constant having the dimension length’*/ 
time, e.g., em’/sec. 

Under these conditions atoms of type B which are 
rejected at the solid-liquid interface remain in the 
boundary layer whose thickness increases propor- 
tionally to the square root of time. The composition 
of the bulk liquid remains unchanged until the very 
end of the solidification when finally the thickness 
of the boundary layer becomes of the order of the 
thickness of the bulk liquid. 

The concentration ratio c”;/c’,.) for a plane solid- 
liquid interface has been calculated by a straight- 
forward solution of the diffusion differential equa- 


Table II. Distribution of Constituent B Due to Natural Convection* 


ce’ np) for 
u, Cm/Sec K="0:2 K=0.1 
0.001 0.96 0.82 0.44 0.24 
0.003 1.00 1.00 0.93 0.67 
0.01 1.00 1.00 1.00 1.00 
*The following values are assumed: height of solid-liquid inter- 
face 1 cm; D = 3x10-5 cm2 per sec; kinematic viscosity of liquid 
y = 0.1 em? per’ see; relative density difference |) = 
Be'n~») = 0.03, where.p’ is the density of the bulk liquid and p’o 


is the density of pure liquid metal A. 
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tion (see Appendix A). It is independent of time 
and determined by the equilibrium constant K in 
Eq. 1 and the ratio of the constant a in Hoy L tothe 
diffusion coefficient D of the liquid alloy. The fol- 
lowing limiting result is noteworthy: 

i} [12] 
1+ 2[(1 — K)/K](D/e) 


C Bay 
if 1D) > 


For the solidification of steel ingots, Chipman and 
FonDersmith® have reported a value of a = 0.083 
em’ per sec, which is much greater than the diffusion 
coefficient of alloying elements in steel (D = 3x10” 
cm” per sec). Under these conditions, no noticeable 
segregation without convection can be expected 
except for very small values of K. This result may 
be generalized. The value of a will always be much 
greater than the value of D if the temperature of 
the mold is several hundred degrees lower than the 
melting point, since the heat conductivity of non- 
metallic molds and the other values determining a 
except for the temperature difference between alloy 
and mold are always of the same order of magni- 
tude. In principle, the temperature difference can 
be made sufficiently small so that a becomes of the 
order of D. If ~— D = 3x10° cm’ per sec is assumed, 
it follows from Eq. 11 that 1 em of solid metal is 
obtained after a time as long as 10 hr. This indicates 
that in general a will be much greater than D. 

Very low solidification rates occur when single 
crystals are grown. Usually a constant solidification 
rate is maintained. Tiller, Jackson, Rutter, and 
Chalmers’ have suggested a solution, which may be 
qualitatively correct but cannot be considered as a 
rigorous solution because Eq. 7 of their paper does 
not satisfy Fick’s second law and the boundary con- 
dition at the solid-liquid interface stated above in 
Eq. 2. The most characteristic feature is the fact that 
the distribution ratio depends on time and finally 
tends to unity. 

Although solidification rates used for the growth 
of single crystals are relatively small, the distribu- 
tion ratio of a solute between solid and bulk liquid 
may differ from the equilibrium ratio as is indicated 
by the dependence of the experimental distribution 
ratio on the rate of solidification (see Table I). 


Natural Convection 

In the case of a vertical solid-liquid interface, 
natural convection plays a decisive part. If the 
alloying element B enriched at the solid-liquid inter- 
face increases the density p’ of the liquid, a down- 
ward flow along the solid-liquid interface takes 
place. Conversely, a lower density of the boundary 
layer leads to an upward flow. The velocity v of the 
flow parallel to the interface is a function of the 
distance s from the interface and the distance x from 
the upper or lower end of the interface where the 
flow starts. The velocity and the concentration dis- 
tribution may be calculated from differential equa- 
tions similar to those for natural convection in the 
case of heat transfer (see Appendix B). The ratio 
of the concentrations in the solid and the bulk liquid 
is determined by the value of K and a dimensionless 
group € (see Fig. 2). 
| Numerical values compiled in Table II indicate 
that natural convection leads to significant concen- 
tration differences between the solid and the liquid 
phase only if the solidification rate is relatively low. 
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Convection Due to Ascending Gas Bubbles 

In rimmed steel ingots, segregation is more pro- 
nounced than in killed steel ingots.” This indicates 
that ascending gas bubbles formed by the reaction 
C (in liquid Fe) + O (in liquid Fe) — CO (gas) 
decrease the effective thickness of the diffusion 
boundary layer. A straightforward theoretical anal- 
ysis of conditions in a boundary layer involving 
ascending gas bubbles is not available. 

A similar situation occurs if magnesium is dis- 
solved in an aqueous solution of hydrochloric acid. 
Roald and Beck” have shown that diffusion of HCl 
to the metal-solution interface is the controlling 
factor. For magnesium rods revolving with high 
speed (6400 rpm), the dissolution rate is propor- 
tional to the HCl concentration, i.e., the effective 
thickness of the diffusion boundary layer is deter- 
mined essentially by the rotation of the rod. In the 
case of magnesium rods at rest, however, the dis- 
solution rate increases proportionally to a power of 
the HCl concentration greater than unity, because 
the effective thickness of the diffusion boundary 
layer decreases with increasing gas evolution. Since 
the volume of gas evolved per unit area per unit 
time is not the only factor determining the effective 
thickness of the diffusion boundary layer, no direct 
correlation to rimmed steel ingots is possible. 

It is also Known that ascending gas bubbles in- 
crease the rate of heat transfer from a solid wall 
to a boiling liquid. The geometrical conditions for 
heat transfer, however, differ substantially from 
those for the aforementioned problems of mass 
transfer, because vaporization takes place at the 
gas-liquid interface of a bubble and thus heat con- 
duction from the solid-liquid interface to the liquid- 
gas interface is decisive, whereas for the solidifica- 
tion of an alloy or dissolution of magnesium in acid, 
mass transfer between the solid-liquid interface and 
the bulk liquid is the controlling factor. Heat trans- 
fer from a wall to a boiling liquid is, therefore, not 
analogous to mass transfer between the liquid-solid 
interface of a solidifying alloy and the bulk liquid. 


Forced Convection 

The effective thickness of the diffusion boundary 
layer may also be decreased by forced convection 
of the liquid, e.g., by stirring as usually applied in 
thermal analysis. Vigorous stirring may preclude 
marked concentration differences across the bound- 
ary layer so that the composition of the originating 
solid phase is virtually the equilibrium composition 
corresponding to the bulk liquid. 

The concentration ratio c”;/C’s«,) may be calcu- 
lated theoretically for solidification of an alloy at 
the surface of a rotating disk. For laminar flow 
the hydrodynamic equations have been solved by 
von Karman” and Cochran.” The thickness of the 
hydrodynamic boundary layer is determined by the 
angular velocity » of the disk and the kinematic 
viscosity of the liquid and is independent of the dis- 
tance from the axis. A straightforward calculation 
yields the concentration of B as a function of the 
distance from the solid-liquid interface. Hence it 
follows that 


K 
[13] 
(Gy) 
where 
f(y) = f exp (—7— 0.171 7°/y*) dr [14] 
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Fig. 2—Concentration ratio c”,/c’ as a function of the dimen- 
B 
sionless group 
45 v u’x 


8g BC’ D* 
where v is the kinematic viscosity of the liquid, x is the distance 
from the leading edge of the boundary layer, g is gravitational 
acceleration, and B = | Olnp’ / 0c’, |. 


with 7 as a variable of integration and the dimen- 
sionless group y defined as 


2/3 1/2 


Y= uw /D 


[15] 


From Eq. 13 it follows that rather high angular 
velocities are required in order to obtain a distribu- 
tion ratio close to the equilibrium value K. For in- 
stance, for K = 0.5, uw = 0.01 cm per sec, »v = 0.1 cm” 
per sec, and D = per sec) an’ ansular 
velocity of # = 75 sec” corresponding to 12 revolu- 
tions per second is needed in order to obtain halfway 
equilibrium between solid and bulk liquid, i.e., 
c'3/C’ say = 0.75. In view of Eqs. 13° to 15, the re= 
quired angular velocity is inversely proportional to 
the square of the rate of solidification wu and there- 
fore decreases rapidly if a lower solidification rate 
is used. 

Stability Problems 

The foregoing analysis shows that the composition 
of the solid will be close to the composition of the 
bulk lquid unless the linear rate of solidification is 
very low, or vigorous stirring is provided. This seems 
to be contradictory to general experience since sig- 
nificant segregation does occur in many cases. To 
resolve this apparent conflict, it is necessary to take 
into consideration the stability of the boundary 
layer. It will be shown that a boundary layer in- 
volving a concentration difference higher than about 
one atomic percent is not stable. 

Rutter and Chalmers’ have pointed out that dif- 
ferent local concentrations of solute B in the liquid 
correspond to different solid-liquid equilibrium tem- 
peratures according to the phase diagram. When 
solute B is enriched at the solid-liquid interface, the 
equilibrium temperature at the interface is there- 
fore lower than the equilibrium temperature at any 
point remote from the interface. The following cases 
are to be considered: 

1—If there is a steep temperature gradient in the 
liquid and the solute concentration is very low, the 
actual local temperature in the liquid may every- 
where be higher than the local equilibrium solidi- 
fication temperature (see Fig. 3a). In this case no 
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b—For a metastable state 
of the boundary layer. 


a—For a stable state of the 
boundary layer. 
Fig. 3—Temperature distribution and local equilibrium solidification 
temperature at the solid-liquid interface. Curye 1—Local tempera- 
ture of the solid. Curye 2—Local temperature of the liquid. 
Curve 3—Local equilibrium solidification temperature. 


part of the liquid will solidify except at the inter- 
face. 

2—If the solute concentration is higher, there will 
be a region where the actual local temperature is 
below the local equilibrium solidification tempera- 
ture (see Fig. 3b). Such a state is unstable but not 
impossible. The rate of nucleation of the solid phase 
is significant only when the degree of supercooling 
®, defined as the difference between the actual tem- 
perature and the equilibrium solidification tempera- 
ture, exceeds a critical value AT,, which in most 
alloys is of the order of several degrees. In view of 
the high heat conductivity of metallic phases, tem- 
perature differences within the boundary layer, i.e., 
over a distance of 10° to 10° cm, are always small, 
in general less than 1°C, and may be disregarded in 
most cases. The degree of supercooling @(s) at dis- 
tance s from the solid-liquid interface is, therefore, 
proportional to the difference between the concen- 
tration of solute B at the solid-liquid interface and 
the local concentration 


@(s) = [N’,(s = 0) —N’,(s)] x |adT/dN’,| 
if dT/ds = 0 [16] 


where |dT/N’;| is the absolute value of the slope of 
the liquidus. Thus 

1—If © <AT,, the thermodynamic instability of 
the boundary layer has no consequences. 

2—If © >AT,, rapid nucleation in the boundary 
layer takes place. The occurrence of such a bound- 
ary layer is, therefore, ruled out. 

For a melting point of 1000°K = 700°C of the 
solvent metal A and a value of K<0.3, the value of 
\dT/dN’,| is of the order of 1000°. Then it follows 
from the condition © <AT, that the concentration 
difference across the boundary layer cannot exceed 
1 atomic pct if AT, — 10°. The permissible concen- 
tration difference will be even less if the critical 
temperature difference for a significant nucleation 
rate is lower than 10°. 

Upon equating the right-hand side of Eq. 16 for 
N’;(s) = N’sq) to AT,, solving for N’;(s = 0), and 
substituting in Eq. 1, a maximum value of the con- 
centration ratio between the solid and the bulk liquid 
is obtained, 


” ” 
CB 


\dT/dN’, 


Eq. 17 does not invalidate equations derived above 
but rather limits the linear solidification rate u by 
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an “adjustment” of the solid-liquid interface area A. 
Thus, according to Eq. 7, a relatively low linear 
solidification rate may result and accordingly the 
distribution ratio of a solute between solid and liquid 
may become much closer to the equilibrium ratio 
than has been estimated in the foregoing sections for 
special conditions. 

For instance, if K = 0.5, and |dT/dN’;| = 1000°, 
AT, = 5°, and N’sw, = 0.005, the distribution ratio 
c”,/C za) Can assume any value between K = 0.5 and 
unity. 

For values of N’sa, > 0.005, the range of c”:/c’s) 
is restricted in view of Eq. 17 as is illustrated by 
the following data: 


0.75; 0.625; 0.55; 0.525. 


At higher concentrations, more severe segregation 
is, therefore, expected. 

Use of a definite value AT, in Eq. 17 is, of course, 
only an approximation. Actually, the nucleation rate 
is a continuous function of temperature, i.e., the 
value of AT, is not a constant. Olsen and Hultgren™ 
have found that Cu-Ni alloys cooled at extremely 
high rates do not exhibit noticeable segregation. 
This indicates that at high solidification rates the 
effective AT, value may be higher than at slow cool- 
ing rates. Then according to Eq. 17 the minimum 
value of c”;/c’s«) is raised and, eventually, 
may approach unity. 

Rutter and Chalmers’ have discussed the local 
solidification rate at a solid-liquid interface involv- 
ing protruding parts and have shown that the solidi- 
fication rate at protruding points is higher if there 
is “constitutional supercooling’” of the boundary 
layer shown in Fig. 3b. In other words, a solid- 
liquid interface will tend to ‘buckle.’ According to 
Rutter and Chalmers® even very low concentrations 
of alloying elements, e.g., 0.03 atomic pct, may lead 
to the formation of a “corrugated interface,’’ whose 
area is somewhat greater than the apparent inter- 
face area. 

This effect may be considered as the onset of 
dendrite formation, which becomes significant at 
higher concentrations of alloying elements. 


Concluding Remarks 


In view of stability limitations, the foregoing cal- 
culations can be applied directly only to the solidi- 
fication of alloys involving very low concentrations 
of solutes, because at higher concentrations the 
linear solidification rate is not directly related to 
the mass rate of solidification. It has been shown 
that under most conditions no significant segregation 
is expected if the solute concentration is low. On the 
other hand, significant concentration differences be- 
tween solid and liquid are expected and observed 
if the solute concentrations are of the order of sev- 
eral atomic percent, and dendrites are formed. At a 
given mass rate of solidification, an alloy involving 
0.1 atomic pct B may, therefore, exhibit only slight 
segregation, whereas at a concentration of 3 atomic 
pet B pronounced segregation will occur. Segrega- 
tion of constituent B is also expected if the concen- 
tration of B is low, e.g., 0.1 atomic pct, and another 
solute C is present at a concentration of several 
atomic percent whereby dendrites are formed and 
the linear solidification rate is considerably decreased 


in comparison to an alloy containing only 0.1 atomic 
pet B. 
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In this paper, incomplete establishment of the dis- 
tribution equilibria of alloying elements between 
the solid and the liquid phase is not considered. 
Deviations from Eq. 1 as a function of the growth 
rate are of considerable theoretical interest. Ref- 
erence is made to recent investigations on the solidi- 
fication of germanium by Hall.” 
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Appendix A 
Concentration Distribution without Convection 
When an alloy solidifies without convection and 
the rate of solidification is determined by heat flow 
into the wall of a mold according to Eq. 11, the con- 
centration c’, of solute B in the liquid may be cal- 
culated as follows. Fick’s second law reads 


— DiC ce [18] 


where y is the distance from the mold-metal inter- 
face. The initial condition is 
O for y —— 0. [19] 


According to Eq. 1 the equilibrium condition at 
the solid-liquid interface is 


[20] 
In view of Eq. 11, Eq. 2 becomes 
= — D (0c an [21] 


Except for the end of the solidification process, 
solutions for a semi-infinite liquid may be used. 
Eqs. 18 to 21 are satisfied by 


Cy 


+ 
C 


exp (— a/4D) —(1 — BK) erfe(a?#/2D”) 


[22] 
Cas 
C Bay 
K 
[23] 
wea erfc(a?/2D”) 
2D” exp(— a/4D) 


For large arguments z of the complementary error 
function the following approximation may be used 


erfez #(e*/z)(1— + ...). 


Substitution of Eq. 24 in Eq. 23 gives Eq. 12. 


[24] 


Appendix B 
Concentration Distribution Determined by 
Natural Convection 
Beckmann and Schmidt" have derived the dif- 
ferential equations which determine velocity and 
temperature distribution in the case of heat transfer 
controlled by natural convection. Similar equations 
hold for mass transfer. According to von Karman,” 
Goldstein,” Eckert,“ and others, an approximation 
may be obtained by introducing appropriate poly- 
nomials for the velocity and the concentration dis- 
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tribution as functions of distance s in order to avoid 
the cumbersome numerical solution of differential 
equations. 

According to von Karman,” the shearing stress at 
the solid-liquid interface, given by the product of 
dynamic viscosity » of the liquid and the velocity 
gradient (¢Cv/ds),-., is equal to the sum of the 
buoyancy of the boundary layer per unit interface 
area and the change in the flow of momentum per 
unit width per unit length in the flow direction. The 
latter term can be disregarded because for p/p’'D>>1 
the effect of inertia is important only at large dis- 
tances from the solid-liquid interface.” Thus 


= a | Apds 
where g is the gravitational acceleration, Ap is the 
absolute value of the difference between the local and 
the bulk density of the liquid, and 6 is a distance at 
which practically the bulk concentration is reached. 
The density difference may be expressed as 


Ap = (c's Cee) [26] 
where p’, is the density of the bulk liquid and 
1 Op’ 
[27] 
Po OC's 


is a constant. 
Upon substituting Eq. 26 in Eq. 25 and introducing 
the kinematic viscosity v = p/p’,, it follows that 


(COVES), = af B(c’s — C’s@) ds. [28] 


The flow velocity and the thickness of the bound- 
ary layer increase along the solid-liquid interface. 
Thus the mass rate also increases in the flow direc- 
tion. On the other hand, the boundary layer looses 
the mass p”u per unit area per unit time owing to 
solidification where p” is the density of the solid 
phase. Accordingly there is an inflow of liquid into 
the boundary layer with a flow velocity v, at s = 8 
normal to the solid-liquid interface. The equation 
for the conservation of mass reads 


d 6 
pudy + = [29] 
In Eq. 29, local density differences and the density 
difference between the liquid and the solid phase 
may be disregarded. Thus Eq. 29 becomes 


d 6 
AG; 


[30] 


The balance of component B in a volume element 
of the boundary layer of width b and thickness $ 
between x and x + dz is calculated as follows: 

1—The gain of component B per unit time due to 
inflow of liquid normal to the solid-liquid interface 
iS 

2—The gain of component B per unit time due to 
flow parallel to the solid-liquid interface at distance 
56 


6 
b ,vds) ». 
3—The loss of component B per unit time due to 
flow parallel to the solid-liquid interface at distance 


x + dz is 
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6 6 
d 
dx ° 


4—-The loss of component B per unit time due to 
transfer of B from the lquid to the solid phase is 
c”,ubda. 

Thus the steady-state balance reads 


d 
OC lore == f c’,vds | bdx + uc”,bdx. [31] 
At 


Upon substituting Eq. 30 in Eq. 31 and dividing 
Eq. 31 through by bdzx, it follows that 


, d d , ” 
Cao) —— J vds = csvuds uc's. 
Clan Che 
[32] 


To obtain an approximate solution by means of 
the method suggested by von Karman,” the follow- 
ing approximate expressions for the velocity and the 
concentration in the boundary layer as functions of 
the distance s from the solid-liquid interface are 
introduced 


= Us| 2(s/8), — (S/d), for 0 = [33] 
C's = + [c",/K s/8)* 
for 0s = [34] 


where wv; is the flow velocity parallel to the solid- 
liquid interface at the outer side of the diffusion 
boundary layer (s = 8) and c”;/K is the concentra- 
tion of B in the liquid phase at s = 0 according to 
Eq. 1. The functions assumed in Eqs. 33 and 34 are 
admittedly arbitrary but different functions yield the 
same order of magnitude for the quantities of prac- 
tical interest, especially (0c’;/0s), =. ANd Serr. 
From Eq. 34 it follows that 


—2[c’n(s = 0) xe [39] 


The value of 6 based on Eq. 34 is therefore twice 
the value of 6.;; defined by Eq. 4, 


[36] 
Substituting Eq. 36 in Eq. 5, 


K 
C [37] 
(221107 D) (i 
Substituting Eqs. 33, 34, and 37 in Eq. 28 and 
solving for v,, 


Substitution of Eqs. 33 and 34 in Eq. 32 yields 


, ” 2 d ” ie 


Substituting Eqs. 37 and 38 in Eq. 39, dividing 
through by we’), and regrouping, 


K 
1 — (%ud/D) (1— K) 

dx | 180 (%4u8/D) A | 


[39] 


[40] 


Upon introduction of the dimensionless groups 


= hud/D = Over [41] 
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45 vu'x 


[42] 
8gBC’ 
Eq. 40 becomes 
K (1 — K)’o° 


| 


[43 ] 
Transforming and integrating Eq. 43, 
* 3(1— K)o°]do 
—(1—K [44] 


A closed solution of the integral on the right-hand 
side of Eq. 44 may be obtained but its numerical 
evaluation requires less labor. 

Substitution of Eq. 41 in Eq. 37 yields 

[45] 
C’ 


An auxiliary graph € vs o for selected values of K 
according to Eq. 44 was prepared. From this graph 
and Eq. 45 values of c”;/c’sw, were calculated and 
plotted vs €, see Fig. 2. 

The distribution of the solute between the solid 
and the liquid phase therefore depends on: 1—the 
value of the equilibrium constant K, and 2—the 
value of the dimensionless group é defined in Eq. 42, 
in which the solidification rate u is the most im- 
portant factor. 
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Heat Treatment, Structure, and Mechanical Properties 
Of Ti-Mn Alloys 


by F. C. Holden, H. R. Ogden, and R. |. Jaffee 


Ti-Mn alloys were studied in order to determine the factors 
affecting the mechanical properties of 8-stabilized titanium alloys. 
The principal compositional factors have been found to be solid- 
solution strengthening, the martensitic transformation, and insta- 
bility of the 8 phase. Structural factors, such as grain size and 
shape, were found to have more influence on ductility and tough- 


ness than on strength. 


HE alloys of titanium with the #-stabilizing ele- 

ments offer the chief hope for developing useful 
heat treatments. Conversely, the heat-treatment re- 
sponse possible with the 6-stabilizing elements causes 
difficulties such as weld embrittlement and thermal 
instability during service at elevated temperature. 
Therefore, it is of considerable technical importance 
to understand the factors that govern the heat- 
treatment responses in these alloys, so as to be able 
to soften the alloys if they are embrittled by an 
adventitious heat treatment, to render them stable 
in service, or to harden them while maintaining ade- 
quate ductility and toughness. 

The Ti-Mn system is a good example with which 
to demonstrate the factors that govern strength and 
heat-treatment response in a -stabilized system. 
The region of the a-8 transformation, after the work 
of Maykuth, Ogden, and Jaffee,’ is shown in Fig. 1. 
The a solubilities are low. This means that, in the 
two-phase a-f field, partition of manganese between 
the two phases occurs practically only to the 8 phase. 
The solid-solution effects are therefore chiefly the 
result of solution in the 6 phase. The eutectoid occurs 
at 20 pet Mn and 550°C, and proceeds very slug- 
gishly. It can be ignored in heat treatments in hypo- 
eutectoid alloys, except for long-time storage at low 
temperatures below the eutectoid temperature. Even 
here, there is some question that diffusion proceeds 
far enough to involve eutectoid decomposition. 

Three compositional factors bear on the mechan- 
ical properties and structure of titanium a-f alloys. 
These are: 1—solid-solution strengthening, 2—mar- 
tensite transformation, and 3— instability. Com- 
bined with the purely structural factors of grain size 
and shape, these govern the properties of the alloys. 

Perhaps the most important factor is solid-solution 
strengthening. The facts that manganese dissolves 
in a titanium to a maximum of only 0.5 pet and most 
of the manganese partitions to the 8 phase dominate 
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Fig. 1—Compositions and heat treating temperature in relation 
to phase diagram of Ti-Mn system. Phase diagram from Maykuth, 
Ogden, and Jaffee, M, curve from Duwez.” 


the structure and properties of the a-f alloys. Be- 
cause of the overwhelming preference of manganese 
for the 6 phase, the 8 phase is harder and the a 
phase is softer. The relative amounts of both phases 
may be modified by heat treatment in the a-£ field 
as application of the lever rule in the two-phase field 
clearly shows. 

A critical temperature in the Ti-Mn diagram is 
800°C. This is the 6 transus temperature of the 6.4 
pet Mn alloy,-which has the lowest manganese con- 
tent which will form all retained-@ phase on quench- 
ing to room temperature. Any quench performed 
from below 800°C will produce a structure consist- 
ing of only a, a plus retained £, or retained £8, for 
alloys of the compositions used in this work. For 
alloys containing less than 6.4 pct Mn, any quench 
from above 800°C will always result in structures 


FEBRUARY 1954, JOURNAL OF METALS—169 


This page of Metals Transactions AIME follows p. 160. The inter- 
vening non-Transactions pages appeared in the Journal of Metals. 


° 


Temperature, C 


cool 


300 


age hardening. However, no matter what term is 
applied to this process, the importance of 8 instability 
as a factor affecting the mechanical properties of 
B-stabilized titanium alloys is second only to the 
factor of the solid-solution effects. 

So far, the respective contribution of each of these 
factors to the overall properties of the alloys has not 
been well differentiated. The objective of the work 
to be described was to study these factors separately 
and to learn their interrelationships for the case of 
high purity titanium alloyed with only a single f 
stabilizer, manganese. 


Experimental Procedures 
Preparation: The alloys for this work were pre- 
pared as half-pound ingots by double arc melting 
in an atmosphere of high purity argon. Melting stock 
was obtained from high purity iodide titanium,* and 


* Typical analysis is presented in ref. 3. 


100 


2 3 
Time, hr (furnace cool) 


10 
Time, min (argon cool) 


Fig. 2—Cooling rate curves from 750°C. 


containing some martensite. Equilibrium or massive 
a will be present if the quench was performed from 
the a-f field. Otherwise, the structure will consist 
of martensite and retained 6 of the same composi- 
tion. As Duwez’ has shown, the amount of martensite 
relative to retained 8 will decrease as the manganese 
content increases. The M, temperature decreases 
continuously with manganese content as shown in 
Fig. 1. Hardening results from undergoing the mar- 
tensite reaction, and this factor must be taken into 
account in considering the mechanical properties 
possible in this system. 

Instability of the 8 phase is a most important 
factor. The 6 phase can and does transform partially 
to a by nucleation and growth processes when it is 
heated at a temperature below its transus tempera- 
ture. Such transformation should result in soften- 
ing, because a is the softer phase. However, this 
happens only when the a transformation product is 
massive. If it is transformed into fine particles or 
as a submicroscopic array coherent with the £8 lat- 
tice, considerable hardening takes place. Indeed, 
depending on the dispersion of the a phase, soften- 
ing, no change, or hardening can occur. The degree 
of dispersion can be modified by reheating tempera- 
ture and time, cooling rate from elevated tempera- 
ture, or isothermal-transformation time and tem- 
perature. Hardening resulting from instability of 6 
phase has been termed transformation hardening, 
precipitation hardening, coherency hardening, or 


manganese additions were made from fused electro- 
lytic manganese. To reduce segregation, the once- 
melted ingots were chipped and remelted. Irreg- 
ularities in the surface of the ingots were removed 
by grinding. The ingots were heated in air and 
forged to 34 in. diameter rods. Forging temperatures 
were 875°C, except for a 12.1 pet Mn alloy which 
was forged at 980°C. The surface scale was removed 
by grit-blasting and grinding operations. 

Since it has been found that the hydrogen im- 
purity in titanium may affect mechanical properties,* 
the more recently fabricated alloys were vacuum 
annealed after forging for 6 hr at 775°C at a pres- 
sure of 10% to 10~ millimeters of mercury. This treat- 
ment is sufficient to remove the titanium hydride 
line markings from a titanium. 

The forgings were next hot swaged to % in. 
diameter rod through a series of 20 dies, with ap- 
proximately 10 pct reduction in area between each 
die. After mechanical descaling, test and micro- 
structure specimens were prepared from the 4 in. 
diameter rod. 

Heat Treatments: Heat treatments were made on 
the 4% in. diameter rod sections under dry argon, 
99.99 pct pure. The cooling rates used to obtain 
variations in structure and mechanical properties 
included a water quench and a furnace cool. Inter- 
mediate cooling rates were also used in the study 
of hardness values. These included an oil quench 
and an argon cool (simulated air-cooling rate under 
an atmosphere of argon). The cooling rates involved 
“ we argon cool and furnace cool are indicated in 

Mechanical Testing: Tensile tests of these alloys 

were made on ¥ in. diameter tensile specimens with 


Table 1. Composition and Fabrication Temperatures of Ti-Mn Alloys 


Manganese, Wt Pct Forging Swagi 
Carbon, Nitrogen, H 
Nominal Chargea Analyzed Wt Pet Wt Pet 
0.50 0.55 0.55 0.02 0.006 22 
3.00 3.50 3.36 0.03 0.006 190 ars 730 Ne 
3.00 3.50 3.52 0.04 0.007 220 875 750 No 
5.00 5.00 4.43 0.04 0.005 45 875 750 Ye 
6.00 6.50 6.39 0.03 0.004 150 875 750 No. 
9.00 9.50 9.43 0.02 0.005 110 875 750 No 
12.00 12.50 12.1 0.02 0.004 60 980 850 ae 
2.00* 2.13 1.99 875 
5.00* 5.12 4.59 750+ Yes 
5.50* 5.50 5.01 = 875 
es 


* These alloys were made in 15 gram buttons. 
+ These alloys were rolled to 0.040 in. sheet. 
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a \% in. gage length. Tests were made on Baldwin- 
Southwark universal testing machines, using the 
2400 or 3000 lb scale at a uniform strain rate of 
0.003 to 0.005 in. per min. Strain readings were 
taken from SR-4 resistance strain gages to about 
2 pet elongation, and from a lever-type extenso- 
meter to the limit of uniform elongation. 

Impact tests were made on microimpact test speci- 
mens using a Tinius Olsen testing machine with an 
impact velocity of 11.37 ft per sec and a maximum 
capacity of 200 in.-lb. Details of the test specimens 
and methods of testing have been presented.* 

Metallography: The micrographs presented in this 
paper were taken from specimens cut from the 
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Fig. 4—Mechanical properties of a Ti-0.55 pct Mn alloy. Speci- 
mens annealed 1 hr and water quenched. 


TRANSACTIONS AIME 


HF-34% HNO; solution. Phase quantities were de- 
termined by visual estimate, and grain sizes by use 
of a micrometer eyepiece, and a comparison chart. 

Compositions: The alloys used in this study in- 
cluded those with manganese contents up to 12.1 
pet. With the exception of three alloys prepared for 
hardness studies, all the alloys were made as half- 
pound ingots. Table I shows the composition, fabri- 
cation procedures, and fabrication temperatures for 
these alloys. Fig. 1 shows the compositions and heat- 
treating temperatures in relationship to the phase 
diagram of the Ti-Mn system. Base-line data for 
the unalloyed titanium are plotted in all curves for 
the hydrogen-free condition. 


Water-Quenched Alloys 


Ti-0.55 Pct Mn Alloy: This alloy was prepared to 
determine the properties of the terminal a alloy. 
Heat treatment at the lower temperatures produces 
structures consisting of 95 pct a, with the balance 
retained 8. Considerable quantities of @ are formed 
at higher temperatures above 850°C, most of which 
transform to martensite during the quench. 

Fig. 3 shows the microstructures produced by an- 
nealing this alloy at various temperatures, followed 
by water quenching, and the corresponding mechan- 
ical properties are plotted in Fig. 4. Little change in 
microstructure or properties is observed for quench- 
ing temperatures up to 850°C, above which con- 
siderable quantities of 6 exist, which on forming a’ 
and retained £ cause an increase in strength with 
corresponding loss of ductility. The impact-energy 
values are generally high for all conditions tested. 

Ti-3.4 Pct Mn Alloy: Microstructures for a num- 
ber of annealing and quenching heat treatments are 
shown in Fig. 5, and mechanical properties are 
plotted in Fig. 6. 

Strength of this alloy increases with annealing 
temperature. This corresponds to the increasing 
quantities of the 8 phase in equilibrium at the 
quenching temperature. The highest strength and 
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hardness for this alloy are produced by the mar- 
tensitic structure formed by quenching from the £ 
field. Ductility and impact resistance decrease with 
the increase in strength. 

Ti-4.4 Pct Mn Alloy: This alloy is quite similar in 
microstructure and properties to the 3.4 pct alloy. 
Microstructures and mechanical properties are pre- 
sented in Figs. 7 and 8. 


Fig. 7 — Microstruc- 
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Fig. 6—Mechanical properties of a Ti-3.4 pct Mn alloy. Specimens 
annealed 1 hr and water quenched. 


D—X250. 


Ti-6.4 Pct Mn Alloy: The composition of this alloy 
is close to the minimum at which 8 phase can be 
retained by a water quench. Annealing at progres- 
sively higher temperatures in the a-8 field produces 
microstructures containing increasing quantities of B. 
Test specimens quenched from the £ field show low 
ductility and low impact resistance, and tensile 
strengths are below the values which would be ex- 
pected from hardness measurements. This embrittling 
of the retained £ is considered to be caused by coher- 
ency hardening, which is difficult to suppress at this 
composition. Fig. 9 shows the microstructures pro- 
duced by different annealing temperatures, and re- 
sulting mechanical properties are shown in Fig. 10. 

Ti-9.4 Pct Mn Alloy: Microstructures and mechan- 
ical properties of this alloy are presented for various 
annealing temperatures in Figs. 11 and 12. This 
alloy was fabricated in the @ field, and this may be 
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Fig. 8—Mechanical properties of a Ti-4.4 pct Mn alloy. Specimens 
annealed 1 hr and water quenched. 
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Fig. 9—Microstructures and heat treat- 
ments of a Ti-6.4 pct Mn alloy. Letters in 
the graph correspond to microstructures. 


expected to influence the structures and properties 
produced by subsequent heat treatment. Annealing 
below the £ transus produces a as an intragranular 
and grain-boundary precipitate, with a decrease in 
strength and impact resistance and an increase in 
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Fig. 10—Mechanical properties of a Ti-6.4 pct Mn alloy. Speci- 
mens annealed 1 hr and water quenched. 
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ductility. Variations of mechanical properties for 
anneals above the £ transus are slight. 

Ti-12.1 Pct Mn Alloy: Microstructures produced 
by different heat treatments for this alloy are shown 
in Fig. 13, and the mechanical properties are plotted 
in Fig. 14. This alloy also was fabricated in the B 
field. Variation of properties and microstructure 
with heat treatment above 700°C are slight, except 
for a considerable decrease in the reduction in area 
for the 1000°C anneal. The presence of the a pre- 
cipitate in the 650°C anneal increases strength 
slightly, with a slight loss of ductility, as measured 
by reduction in area. 


Furnace-Cooled Alloys 


In addition to the water-quenched specimens pre- 
sented in the previous sections, studies were made 
on the structures and properties of the same alloys 
furnace cooled from the £ field. Microstructures and 
mechanical properties of these conditions are pre- 
sented in Figs. 15 and 16. 

For compositions of 6.4 pet Mn and below, the 
structures are composed of coarse plates of a in a 
basketweave array. Above this composition, the re- 
tained-8 phase predominates in the microstructures, 
with a much finer precipitate of intergranular and 
intragranular a. Strength properties increase most 
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Fig. 12—Mechanical properties of a Ti-9.4 pct Mn alloy. Specimens 
annealed | hr and water quenched. 


rapidly between 6.4 and 9.4 pct Mn, corresponding 
to the change in microstructural appearance, and 
the maximum precipitation hardening for this cool- 
ing rate occurs at about 9.4 pet Mn. Ductility prop- 
erties decrease to a minimum at the same composi- 
tion. 
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Fig. 1]1—Microstructures and heat treatments of a Ti-9.4 pct Mn alloy. Letters in 
the graph correspond to microstructures, 
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Fig. 14—Mechanical properties of a Ti-12.1 pct Mn alloy. Specimens 
annealed 1 hr and water quenched. 


Solid-Solution Effects 
In separating the effects of structure from those 
of solid solution on the strength and hardness of 
titanium alloys, it is helpful to consider what might 
be expected in the absence of structural effects. Fig. 
17a is a schematic diagram for a $-stabilized tita- 
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' the graph correspond to microstructures. 
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nium system. A series of temperatures from which 
quenches are conducted and the compositions which 
have constant a/@ ratios in the two-phase field are 
shown. In Fig. 17b the expected hardnesses are in- 
dicated. The top curve is the hardness obtained by 
quenching from within the £ field. The bottom curve 
shows the hardnesses obtained by quenching from 
within the a field. The maximum in the 6-quenched 
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Fig. 16—Mechanical properties of Ti-Mn alloys furnace cooled from 
the field. 
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balanced by increasing retention of 6 phase. The 
hardnesses in the two-phase field are shown as be- 
ing proportional to the quantity of B present, and 
to lie between the hardnesses of the two terminal 
compositions. The hardness curves of alloys with 
constant a/® ratios are seen to reflect the upper 
8-quench curve, but with proportionately diminished 
effect as the amount of § decreases. 
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Fig. 17a—Schematic f-stabilized titanium alloy system. 
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Fig. 17b—Schematic hardness-composition curves. 
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Fig. 18—Hardness of Ti-Mn alloys as a function of composition. All 
specimens water quenched. 


The actual hardness curves determined experi- 
mentally for the Ti-Mn alloys are shown in Fig. 18. 
It is seen that these curves are similar in shape to 
the schematic curves, but with one notable differ- 
ence. The a-§ alloys are considerably harder than 
what would correspond to a linear variation between 
the two terminal phase hardnesses. The deviation 
from linearity is seen to be greatest as 100 pct B is 
approached. There are two possible explanations 
for this effect: 1—grain refinement in the a- field, 
and 2—matrix effects, where the properties of the 
two-phase alloy tend to be closer to those of the 
matrix or continuous phase. At the high 6 contents, 
both of these effects would augment strength and 
hardness. As an example of the grain-refinement 
effect, the distances between grain centers were 
observed in 750°C annealed alloys as shown in 
Table II. 

This shows that the grain size in the a-8 alloys re- 
mains very fine until all 8 is approached. Then grain 
coarsening occurs abruptly. The ®B matrices in the 
a-8 alloys were observed down to about 30 to 40 pct 
8 in the structure. Where the matrix is 6 phase, the 
grain-refinement and matrix effects cooperate in 
making the alloys harder than would be expected 
from solid-solution hardening alone. However, it is 


Table II. Observed Distances Between Grain Centers 
Grain 
Mn, Pet Beta, Pct Separation, Mm 


0.55 <5 0.075 
3.4 40 0.004 
4.4 50 0.004 
6.4 70 0.01 
9.4 100 0.23 
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difficult to separate the two effects. At the a end 
of the a-8 range, the grain-refinement effect would 
be opposed by the matrix effect. This would account 
for the closer approach to linearity noted in this 
region. 

Fig. 18 also shows that for alloys with constant 
a/B ratios, hardness decreases as the annealing tem- 
perature decreases. Despite this, it is apparent that 
the amount of 8 in an a-f alloy is the major effect 
in governing strength and hardness. This is shown 
graphically in Fig. 19, in which mechanical prop- 
erties are plotted against the percentage of 8 for 
annealing temperatures from 750°C and below. All 
results correspond to the equiaxed structural condi- 
tion. The data from 810°C anneals are not included 
because martensite transformations were involved 
there. Fig. 19 shows that, within 10 to 20 thousand 
psi in strengths and 20 to 40 Vickers hardness num- 
bers, strength and hardness correlate directly with 
the percentage of retained @ irrespective of anneal- 
ing temperature and alloy composition. Within these 
spreads, the higher strengths are, of course, asso- 
ciated with the higher annealing temperatures, as 
has been pointed out. The matrix and grain-refine- 
ment effect noted is reflected in these curves by a 
leveling off in strength and hardness from 70 to 100 
pet retained 6. The scatter in ductility and tough- 
ness values is considerably greater than in strength 
and hardness. Reduction in area values are partic- 
ularly erratic. As will be shown later, the ductility 
values depend on the residual hydrogen content, 
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Fig. 19—Correlation of tensile properties with retained B content of 
Ti-Mn alloys annealed at 750°, 700°, 650°, and 600°C. 
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Table III. Comparison of Properties of Equilibrated Alloys 
with Beta Quenched Alloys 


Beta Quenched 
Equilibrated (Step- 


Cooled to 600°C From From 

and Quenched) 850°C 1000°C 
Tensile strength, psi 82,000 136,000 137,000 
0.2 pct offset yield, psi 61,000 125,000 115,000 
Elongation, pct in % in. 28 1 5 
Reduction in area, pct 59 12 10 
VHN 187 353 369 
Room-temperature impact, 

in-lb. 18.1 12.7 7.2 


which varies somewhat from alloy to alloy. There 
is, however, a definite trend toward lower ductility 
values as the percentage of £ increases. 


Effect of Martensitic Transformation on Properties 

There are two ways in which the effect of the 
martensite transformation can be evaluated. The 
first is to compare the properties of the equilibrated 
alloys with those of the 6-quenched alloys. This is 
done in Table III for the 3.4 pet Mn alloy and shows 
that the considerable gain in strength and hardness 
is obtained at the expense of almost all of the 
ductility. 


“hard f” cannot be stated at this time. Ductility can 
be obtained if sufficient equiaxed a is present. Also, 
a comparison of the 3.4 pct Mn alloy as 6 quenched 
and as a-8 quenched, with 40 pct equiaxed a present, 
reveals that the tensile strength and hardness re- 
sulting from the a-8 quench are almost as high, but 
the tensile ductility is much higher. However, it is 
worth noting that 8 quenching in the martensite 
range is not so detrimental to impact as it is to 
tensile ductility. 


Effect of Grain Shape in «-@ Alloys 

In a two-phase alloy, the effect of grain shape is 
a variable which may affect the mechanical prop- 
erties. Grain shape is determined by the prior his- 
tory of the alloy, particularly in the case of the 
alloys lying in the composition range where acicular 
structures are formed after heat treatment in the 
B field. In the present work, such alloys were fab- 
ricated in the a-8 field such that subsequent anneals 
below the 6 transus produced equiaxed a-f struc- 
tures. When the a-@ heat treatment was preceded 
by an anneal above the £6 transus, the resulting 
structures consisted of large 6 grains with inter- 
granular and intragranular plates of a. 

To determine the specific effect of grain shape, 


Table IV. Effect of Increasing Amounts of Martensite on Properties 


Tensile Strength, 


Structure 1000 Psi 
Room- 
Alloy 0.2 Pet Elonga- Re- Tempera- 

Content, Equiaxed a’ Plus Offset tion, Pct duction in ture Impact, 
Pct Mn a, Pet B, Pet Ultimate Yield in % In. Area, Pct VHN In.-Lb 

3.4 40 60 132 98 13 41 347 7.3 

4.4 20 80 174 144 4 6 390 6.0 

6.4 0 100* 132 — 0 1 396 Sy 


* This structure was all retained Bf. 


The second way to evaluate the martensite effect 
is to show how increasing amounts of martensite 
affect properties in the presence of equiaxed a. This 
may be done by comparing the tensile properties of 
alloys quenched from 810°C, as shown in Table IV. 
Since the 6.4 pct Mn alloy was all retained £, it must 
have a slightly higher alloy content than the terminal 
8 composition at 810°C (5.5 pct Mn from Fig. 1). 
It is representative of what is called “hard 6,” and 
will be discussed later. It is clear from the tabula- 
tion that the 8 transformation products are brittle, 
but whether this is caused by the martensite or the 
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Fig. 20—Schematic heat treatments and micr 
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the 3.5 pect Mn alloy hot worked at 750°C was put 
into equilibrium at 750°C and quenched, after hav- 
ing approached equilibrium by four different paths: 
1—a-8 anneal at 750°C and quench, 2—8 quench 
and temper at 750°C and quench, 3—isothermal 
transformation of 8 at 750°C and quench, and 4— 
furnace cool from £ to 750°C, hold, and quench. In 
each case the holding time at 750°C was 32 hr, fol- 
lowing which the alloy was quenched. Also, (50a 
is above the M, for the 3.5 pct Mn alloy. This was 
done both for alloys that had been vacuum annealed 
after hot working and those that had not. 


1! hr at 900 C 


thr at 900 C 


wa! 32 hr at 750C 


32 hr at 750 C 


: 


ostructures of a Ti-3.5 pct Mn alloy. Magnification of microstructures, X250. 
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Fig. 21—Comparison of tensile ductility for a-f alloys in the equi- 
axed and acicular conditions. 


After the heat treatments, the alloy consisted of 
60 pct a containing about 0.5 pet Mn, and 40 pct 
retained 8 containing about 9 pct Mn. Micrographs 
of the four structures are shown in Fig. 20. There 
was no difference between the structures of the 
vacuum-annealed specimens and those that had not 
been vacuum annealed. The structures of the a-f 
annealed and quenched specimens consisted of equi- 
axed a grains in a 8 matrix. The average distance 
between a grain centers was about 0.01 mm. The 
structure after the B-quench-and-temper treatment 
consisted of rather straight a platelets within the 
prior 8 grains and also a at the prior 6 grain bound- 
aries. Average interplatelet distance was about 0.01 
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Fig. 22—Room temperature impact values for a-8 alloys in the 
equiaxed and acicular conditions. 


mm. The isothermal-transformation structure was 
quite similar to the quench-and-temper structure 
both in appearance and degree of fineness. Although 
the micrograph for the isothermally transformed 
alloy appears to be slightly finer than that shown 
for the quenched and tempered alloy, over the entire 
section it appeared that they were of equal fineness. 
The structure of the furnace-cooled specimen was 
much coarser, both in platelet size and interplatelet 
spacing. A rough estimate of the spacing from center 
to center of platelets would be two to three times 
that for the other acicular structures. 

Mechanical properties for the 3.5 pct Mn alloy in 
the four conditions are given in Table V. Strengths 
and hardnesses are practically indistinguishable; 
this is as would be expected because the alloy con- 
sisted of the same quantities of a and 8 phases. When 
the alloy had not been vacuum annealed, it con- 


Table V. Mechanical Properties of Ti-3.5 Pct Mn Alloy for Various Heat Treatments 


0.2 Pet Flow Constants Room Tem- 
Elonga- Reduc- Ultimate Offset perature 
VHN, tion, tion in Tensile Yield Omax. Impact 
Heat 5 Kg Pct in Area, Strength, Strength, 1345 In. per Energy, 
Treatment Microstructure Load 1% In. Pet Psi Psi Psi n In. In.-Lb 
Annealed 32 hr at 750°C Equiaxed q-f structure; 297 —_ aly 111,000 91,000 182,000 0.181 0.153 32.4 
and water quenched a 0.01 mm grain size; 
(220 ppm H) 60 pet a 
Same as above, but pre- Equiaxed a-f8 structure; 271 20 39 116,000 86,000 164,000 0.106 0.100 (18.9, 14.5) 
ceded by vacuum an- a 0.01 mm grain size; ; 
nealing treatment 60 pet a 
(about 25 to 50 ppm H) 
Annealed 1 hr at 900°C, Coarse qa plates in ma- 3093 13 12 114,000 90,000 183,000 0.166 0.113 28.1 
quenched to room trix of retained 8; 
temperature; annealed prior 8 grain size 0.25 
32) hr) at 750°C and mm; 60 pet a 
water quenched (220 
ppm H) 
Same as above, but pre- Coarse qa plates in ma- 286 13 28 116,000 158,000 
ceded by vacuum an- trix of retained 8; 
nealing treatment prior 6 grain size 0.25 
Se 25 to 50 ppm mm; 60 pet a 
Annealed 1 hr at 900°C, Coarse a plates in ma- 285 14 5: 112,000 0 178,000 
quenched to 750°C, trix of retained £8; 
held 32 hr, and water prior 6 grain size 0.25 
quenched (220 ppm H) mm; 60 pct a 
Same as above, but pre- Coarse a plates in ma- 275 16 24 1 00 
ceded by vacuum an- trix of retained 8B; one 
nealing treatment prior B grain size 0.25 
A athe 25 to 50 ppm mm; 60 pet a 
Annealed 1 hr at 900°C, Coarse qa plates in ma- 298 ii 9 
furnace cooled to trix of retained 8B; 244 
750°C, held 32 hr, and prior 8 grain size 0.25 
water quenched, (220 mm; 60 pet a 
ppm H) 
Same as above, but pre- Coarse qa plates in ma- 275 13 aur 


nealing treatment 
(about 25 to 50 ppm 


prior 8 grain size 0.25 


mm; 60 pet a 
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Fig. 23—Effect of testing temperature on impact-energy values 
for Ti-Mn alloys annealed 1 hr at 750°C and water quenched. 


tained 220 ppm hydrogen, and showed lower tensile 
ductility than when the alloy was vacuum annealed. 
This will be discussed in the section on the effect of 
hydrogen. The tensile ductilities of the vacuum- 


annealed specimens that had acicular structures 
originating from an anneal in the £ field are all quite 
comparable. The tensile ductility of the equiaxed 
vacuum-annealed specimen is higher than those of 
the corresponding acicular structures. 

The higher tensile ductilities in the equiaxed con- 
dition are also shown in Fig. 21, which compares the 
tensile ductilities of Ti-Mn alloys having equiaxed 
structures with the tensile ductilities of the alloys 
having acicular structures. Up through 6.4 pet Mn, 
the properties in the condition step-cooled from 
750° to 600°C are compared with the properties in 
the furnace-cooled condition. At 9.4 pct Mn, the 
properties in the 750°C quenched condition, which 
was equiaxed 6, are compared with those in the 750° 
to 600°C -step-cooled condition, which was acicular, 
because the @ transus for this alloy is about 750°C. 
The 12.1 pct Mn alloy is basically an all-£ alloy, 
which cannot be put into an acicular condition, and 
only the properties in the equiaxed all-8 condition, 
as quenched from 700° to 750°C, are shown. It is 
apparent that there is a considerable advantage in 
tensile ductility, particularly in reduction in area, 
for the equiaxed condition. 

Toughness does not appear to be so dependent on 
structure. The data in Table V do not show any 
consistent effect of equiaxed vs acicular structure 
on room-temperature impact value. Impact data on 
the alloys in the conditions described in the preced- 
ing paragraph are plotted in Fig. 22. This shows 
some advantage for the 6.4 pct Mn alloy in the acic- 
ular condition, but it is doubtful whether there is 
any clear preference for this condition so far as im- 
pact values are concerned. 


Effect of Hydrogen 


The presence of hydrogen in titanium and its 
alloys has considerable influence on their properties, 
and this problem is the subject of current inves- 
tigations. In this work, the problem of eliminating 
this element as an unwanted variable has been met 
by vacuum-annealing processes which remove a 
considerable amount of the hydrogen present. The 


Table VI. Effect of Vacuum Annealing on Mechanical Properties of Ti-Mn Alloys 


Room- 
0.2 Pet Flow Constants Tem- 
Elonga- Reduc- Ultimate Offset perature 
VHN, tion, tionin Tensile Yield Omax. Impact 
Alloy Heat Micro- 5Kg Pectin Area, Strength, Strength, In. Energy, 
Composition Treatment structure Load YeIn. Pct Psi Psi 1 | n per In. In.-Lb 
3.5 pet Mn (220 Annealed 1 hr at Equiaxed a-§8 struc- 284 ae 21 118,000 96,000 188,000 0.161 0.152 31.0 
ppm H) 750°C and water ture; qa grain size 
quenched 0.004 mm; 60 pct 
a 
3.5 pet Mn (about Vacuum annealed Equiaxed a-f struc- 256 26 61 117,000 90,000 166,000 0.107 0.112 31.3 
25 to 50 ppm H) 11% hr at 775°C ture; qa grain size 
plus ¥% hr at 0.004 mm; 60 pct 
750°C and water a 
quenched 
6.4 pet Mn (150 Annealed 1 hr at Equiaxed a-8 struc- 356 16 49 150,000 146,000 208,000 0.07 0.02 14.7 
ppm H) 750°C and water ture; q@ grain size 
quenched 0.002 mm; £8 grain 
size 0.01 mm; 30 
pet a 
6.4 pet Mn (about Vacuum annealed Equiaxed a-68 struc- 344 18 64 162,000 145,000 207,000 0.065 0.064 14.8 
25 to 50 ppm H) 11% hr at 775°C ture; qa grain size 
plus % hr at 0.002 mm; 8 grain 
750°C and water size 0.004 mm; 30 
quenched pet a 
9.4 pet Mn (110 Annealed 1 hr at Equiaxed £B struc- 340 15 40 163,000 159,000 216,000 0.06 0.02 14.8 
ppm H) 750°C and water ture; B grain size 
quenched 0.25 mm 
9.4 pet Mn (about Vacuum annealed Equiaxed £6 struc- 336 — 38 160,000 156,000 — => — 18.9 


25 to 50 ppm H) 


11% hr at 775°C 
plus % hr at 
750°C and water 
quenched 


ture; 6B grain size 
0.20 mm 
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Fig. 24—Effect of quenching temperature and percent a on impact 
behavior. 
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Fig. 25—Effect of a-8 ratio on impact-energy temperature 
curves. 


earlier alloys, however, were fabricated and par- 
tially tested before this procedure was adopted, and 
they had hydrogen contents ranging from 110 to 220 
ppm. To determine the effects of hydrogen on these 
alloys, tensile and impact specimens were vacuum 
annealed and heat treated to produce structures like 


150 200 250 300 350 400 


those already tested, but with the hydrogen content 
reduced by the vacuum-annealing process. From 
similar alloys so treated, it is estimated that the 
hydrogen content was reduced to 25 to 50 ppm. 

It has been demonstrated that the presence of 
hydrogen as titanium hydride in unalloyed titanium 
accounts for lower levels of impact-energy values.’ 
The presence of titanium hydride in unalloyed tita- 
nium and in a-stabilized titanium alloys is made 
evident by the appearance of line markings in the 
microstructure. The first a-8 alloys, which had not 
been vacuum annealed, did not show these line 
markings, and since the solubility of hydrogen is 
greater in the 8 phase than in a, it is thought that 
the hydrogen in an a-f alloy is dissolved in the 
B phase. Mechanical properties of the vacuum- 
annealed test specimens are shown in Table VI, with 
corresponding values for the nonvacuum-annealed 
alloys. Strength and impact properties in these 
alloys are not significantly altered by the vacuum 
anneal. Tensile-ductility values appear to be lower 
when hydrogen is present, however, for the lower 
manganese content alloys. This is particularly the 
case for values of reduction in area. If the mech- 
anism of tensile embrittlement of a-8 alloys con- 
taining hydrogen is caused by strain aging of a 
hydrogen-rich precipitate from f, the lack of em- 
brittlement in the 9.4 pect Mn alloy may simply be 
because the alloy contains insufficient hydrogen to 
become supersaturated. 


Impact-Energy Values as a Function of Testing 
Temperature 


In the testing program used in this work, each 
alloy and condition has been tested for impact re- 
sistance at room temperature. In addition to these 
tests, certain conditions were further investigated 
to determine the variation of impact energy with 
temperature. Results of these tests are tabulated in 
Table VII, and curves showing the variation of im- 
pact energy with temperature for Ti-Mn alloys an- 
nealed at and quenched from 750°C are shown in 
Fig. 23. Increasing manganese content, which cor- 
responds to increased amounts of retained-8 phase 
containing about 9 pct Mn, results in shifting the 
impact-transition curves downward and to the 
right—in other words, toward less tough behavior. 
Impact-transition curves for the alloys containing 
6.4 to 12.1 pct Mn are all at about the same location, 
and there is no clear-cut relationship between them. 
The beneficial effect of high-a-phase contents on 
toughness is further illustrated by Fig. 24, which 


Table VII. Variation of Impact Energy with Testing Temperature for Ti-Mn Alloys 


Impact Energy, In.-Lb, at Various Temperatures, °C 


Alloy 
Composition —196 —80 —40 —10 25 50 15 100 150 180 
Annealed 1 Hr at 750°C and Water Quenched 
0.55 pet Mn 74.1 80.7 82.0 
3.4 pct Mn 7.0 12.4 29.8 37.4 54.9 
4.4 pct Mn 8.0 14.7 31.8 37.0 58.5, } 
6.4 pet Mn 6.5 14.7 17.1 22.9 34.1 
9.4 pct Mn 8.3 14.8 17.3 39.6 59.8 
12.1 pet Mn 2.8 12.1 15.0 34.4 43.7 5 
Annealed 1 Hr at 650°C and Water Quenched 
4.4 pct Mn 13.8 BLS 38.5 45.0 59.0 
Step-Cooled to 32 Hr at 600°C and Water Quenched 
12.1 pet Mn 1.2 4.2 9.0 18.6 35.1 
Annealed 1 Hr at 800°C and Water Quenched 
Unalloyed 
titanium 160.2 153.8* 164.3* 156* 


* No fracture occurred in these specimens. 
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Fig. 26—Fractures of impact specimens at various temperatures. X5. 


shows that, for the same 4.4 pct Mn alloy, lower 
annealing temperatures, which correspond to higher 
a phase contents, result in the best impact-transition 
curves. 

None of the alloys showed a truly sharp transition 
from low to high impact values, although the trend 
toward this increased as the amount of 8 increased. 


The compositions which were predominantly «a 
showed no transition behavior at all down to 
—196°C. Supporting this, examination of the frac- 
tures of all Ti-Mn alloys showed the same kind of 
fracture, even when broken at low energies at 
—196°C. Fig. 25 shows impact curves for a pre- 
dominantly all-a alloy, 0.55 pct Mn (<5 pct 6); an 


Table VIII. Mechanical Properties of Ti-Mn Alloys in the Solution-Annealed and Aged Conditions 


Room 
Elonga- Re- 0.2 Pct Tem- 
Compo- tion duction Ultimate Offset perature 
sition, Pct in in Tensile Yield Impact 
(Balance Heat YeIn., Area, Strength, Strength, Energy, 
Ti) Treatment Microstructure VHN Pet Pet Psi Psi In.-Lb 
3.4 pet Mn 1 hr at 700°C and Equiaxed a-f (30 pct B) 213 26 56 98,000 73,000 16.3 
quenched 
3.5 pet Mn* 1 hr at 700°C and Equiaxed a-f (30 pct 8) 265 10 14 120,000 85,000 7.5 
quenched plus 1 
hr at 400°C 
3.5 pet Mn* 1 hr at 750°C and Equiaxed a-B (40 pct 8) 284 —_— 21 118,000 96,000 31.0 
quenched 
3.5 pct Mn* 1 hr at 750°C and Equiaxed a-8 (40 pct 8) 303 12 32 158,000 156,000 6.3 
quenched plus 4 
hr at 400°C 
9.4 pet Mn 1 hr at 700°C and Equiaxed f grains (0.075 330 27 54 156,000 154,000 6.9 
quenched mm) plus 10 pct intra- 
and intergranular a@ 
9.4 pct Mn 1 hr at 700°C and Equiaxed f grains (0.075 412 3 4 204,000 200,000 3.0 


quenched plus %4 
hr at 500°C 


mm) plus 10 pct intra- 
and intergranular a 


* This alloy contained 220 ppm hydrogen which is the probable cause of the low tensile ductility in the solution-annealed condition. 
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Fig. 27—Effect of aging temperature on age hardening of two 
Ti-Mn alloys quenched from the £ field. 


a-8 alloy, 4.4 pet Mn quenched from 650°C (25 pct 
8); and an all-8 alloy, 12.1 pet Mn. Photographs 
showing the fractures for these alloys are presented 
in Fig. 26. 

Thermal Instability 


The effect of low temperature aging on hardness 
of Ti-Mn alloys quenched from both the 8 and a-£8 
fields was investigated. These tests were made on 
small samples sealed in pyrex capsules under a 
partial pressure of argon at temperatures of 300°, 
400°, 500°, and 600°C. Aging treatments consisted 
of a geometric progression of %4, 1, 4, 16, 64, and 
256 hr, followed by water quenching. 

In this study, the chief variables involved, in ad- 
dition to aging times and temperatures, were the 
composition of the 8 phase and the microstructure 
of the solution-annealed condition. The effect of 


aging time and temperature on the ® phase of two 
compositions is shown in Fig. 27. These curves 
show that the 8 phase age hardens to the greatest 
extent at 400°C, reaching a peak hardness after 
about 4 hr. Aging at lower temperatures is almost 
as effective, but longer times are required to reach 
the peak hardness. Aging at 500°C results in a 
rapid overaging with only a small hardness peak, 
while aging at 600°C softens the alloys, because the 
a precipitate is of the massive form and equilibrium 
is being approached. The effect of composition of 
the 8 phase on the age-hardening response is illus- 
trated by the data for the 8-quenched Ti-6.4 pct Mn 
and Ti-9.4 pct Mn alloys. The peak hardnesses ob- 
tained for the aging temperatures used were about 
the same for the two alloys with the Ti-6.4 pct Mn 
alloy having a slightly higher peak hardness in the 
300° and 400°C aged conditions. This may be in- 
dicative that increasing the manganese content de- 
creases the instability of the 6 phase, but the differ- 
ence in degree of instability of the two alloys is not 
great enough to be significant. However, as will be 
discussed in the section on cooling rates, it has been 
found that the manganese content does have an 
effect on the susceptibility to hardening of the alloys. 

Examination of the microstructures of aged sam- 
ples showed that visible precipitates do not occur 
until overaging has taken place. 

The effects of quantity of the 6 phase present in 
the microstructure in the solution-annealed condi- 
tions are shown in Fig. 28. These data show that, as 
the quantity of 8 phase of the same composition is 
decreased, the susceptibility to age hardening is de- 
creased, or the thermal stability of the alloy is in- 
creased. Control of the quantity of 8 phase in the 
initial microstructure of the alloy has a much 
greater effect on reducing thermal instability than 
does an increase of the manganese content of the 
phase. 

The age hardening or instability of the 8 phase in 
a-B alloys is generally regarded as detrimental be- 
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Fig. 28—Effect of quantity and composition of the B phase on age hardening of Ti-Mn alloys at 400°C, 
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Fig. 29—Effect of specimen size and cooling rate on the hardness 
of B-annealed Ti-Mn alloys. 


cause of the embrittlement that accompanies the 
age hardening. However, it is possible to produce 
high strengths while maintaining adequate ductility 
by controlling the amount of unstable 8 present 
through a solution anneal in the a-f field so that 
the aging response will not be too high. The data 
given in Table VIII illustrate how age hardening 
can be utilized to improve the strength of a-§ alloys. 
In this table, the effects of aging on the properties 
of alloys containing 30, 40, and 90 pct § are shown. 
In line with the hardness data, the alloy containing 
the largest percentage of 8 phase in the solution- 
annealed condition has the largest increase in 
strength. Accompanying the increase in strength is 


a decrease in tensile ductility and toughness. How- 
ever, good strength and ductility combinations can 
be obtained as illustrated by the 3.5 pct Mn alloy 
solution annealed at 750°C and aged for 4 hr at 
400°C. 


Effect of Cooling Rate and Specimen Size 
on Hardness of Ti-Mn Alloys 

A series of specimens was cooled from annealing 
temperature at several cooling rates by quenching 
in water, quenching in oil, and cooling in argon 
(simulated air-cooling rate under an argon atmos- 
phere). The effect of specimen size was also studied 
by the use of two specimens for each test: one, a 
small section of 0.040 in. sheet, and the other, a 
section of 0.225 in. diameter rod. Anneals were made 
in tube furnaces under an argon atmosphere. Speci- 
mens were prepared from the alloys previously de- 
scribed and, in addition, three alloys were prepared 
in the form of 15 gram buttons to provide data on 
intermediate compositions. 

The cooling rate and specimen size are both im- 
portant in a consideration of the hardening of these 
alloys. It was noted that the 6.4 pct Mn alloy is 
particularly sensitive to variations in cooling rate. 
Although all the microstructures of different-sized 
specimens of the 6.4 pct Mn alloy quenched from the 
Bf field show a retained-@ structure, there is con- 
siderable variation in hardness. The softest retained 
8 in this alloy was produced only by the combina- 
tion of small specimen size and quenching from 
just above the 8 transus. Quenching small speci- 
mens from temperatures high in the £ field results 
in a higher hardness. Another example of the effect 
of cooling rate is the 5.0 pet Mn alloy, which pro- 
duces a microstructure containing about 85 pct 
martensite in a matrix of retained 8 when water 
quenched from just above the B transus. Water 
quenching from 1000°C produces a structure con- 
taining about 50 pct martensite, but with a greater 


| | | 
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Fig. 30—Effect of cooling rates from yarious annealing temperatures on the hardness of Ti-Mn alloys (0.040 in. sheet). 
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hardness. This higher hardness is attributed to the 
fact that cooling from the higher temperature re- 
sults in a slower cooling rate through the range at 
which nucleation of a takes place in the retained-8 
phase causing coherency hardening of the retained £. 

The effect of specimen size on the hardness of B- 
quenched Ti-Mn alloys is shown in Fig. 29a. The 
difference in sample size is in reality a cooling-rate 
effect. The larger samples will cool at a slightly 
lower rate than smaller samples when quenched in 
the same medium. The composition range which is 
chiefly affected by sample size is from 5 to 7 pct Mn, 
where higher hardnesses are obtained in the larger 
samples as a result of the high degree of instability 
of 8 in this range. A more complete illustration of 
the effect of cooling rate on the hardness of Ti-Mn 
alloys annealed in the 6 field is shown in Fig. 29b. 
Here it is shown that as the cooling rate is decreased 
from that of a water quench to an argon cool the 
peak hardness obtained is increased and is shifted 
to higher manganese contents. It is also of interest 
that the alloys 8 quenched and aged for % hr at 
400°C have hardnesses similar to those obtained in 
the argon-cooled condition. This indicates that the 
hardening obtained during the cool from the 8 field 
is caused by the same nucleation-and-growth mech- 
anism that occurs during the aging treatment. 

The hardnesses of samples furnace cooled from 
the 8 field are, in general, lower than those obtained 
by any of the other cooling rates used. During the 
furnace cool, massive a is formed which does not 
have the hardening effect of the coherent or finely 
dispersed a formed during aging. Rather, there is 
an approach to a low temperature equilibrium. In 
alloys containing 6.4 pct Mn or less, the a is formed 
as coarse Widmanstaetten plates; while in the 9.4 
and 12.1 pct Mn alloys the a is formed as fine Wid- 
manstaetten plates. The softest condition is associ- 
ated with the coarse a plates. The fine a plates pre- 
cipitated in the high-manganese-content alloys did 
not alter the hardness significantly from the £B- 
quenched condition. 

The effect of cooling rate on the hardness of Ti- 
Mn alloys annealed in the a-8 field is shown by the 
data given in Fig. 30. The effect of water quenching 
has been discussed earlier, where it was shown that 
the hardness of an a-f§ alloy could be related to the 
quantity and size of the two phases present and to 
the matrix effects. The differences between the 
curves on water-quenched alloys shown in this fig- 
ure and those shown in Fig. 18 can be attributed 
to the difference in specimen sizes. The family of 
curves obtained for the oil-quenched condition also 
reflects the effects of amounts of phases present, 
grain size, and matrix. However, because the 8 
phase in the range of 5 to 7 pct Mn is coherency 
hardened by the oil quench, the a-8 alloys con- 
taining 6 phase of a composition within this range 
are also coherency hardened. This is shown by 
the 810°C oil-quenched curve in Fig. 30. Argon 
cooling from temperatures of 750°C and above 
causes a large increase in hardness in alloys con- 
taining from 6 to 9 pect Mn. Alloys containing less 
than 6 pct Mn are softer in the argon-cooled condi- 
tion than they are in the water-quenched or oil- 
quenched conditions, and tend to approach the hard- 
ness values in the furnace-cooled condition. Thus 
hardening effects from cooling at rates approximat- 
ing air cooling may be expected only in alloys 
within medium-high £-stabilizer contents cooled 
from relatively high temperature. 
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Summary 


1—The principal compositional factors which af- 
fect mechanical properties have been found to be 
solid-solution strengthening, the martensitic trans- 
formation, and instability of the 8 phase. Struc- 
tural factors (grain size and shape) have more in- 
fluence on ductility and toughness than on strength. 

2—Because the strength of the retained-8 phase 
is much higher than the strength of the a phase, the 
a to 8 ratio dominates the strength of the alloys 
annealed in the two-phase field. Matrix and fine- 
ness effects introduce deviations from straight-line 
additivity. Since the strength of the @ phase is rela- 
tively constant from 6.4 to 12.1 pct Mn, the strength 
of an a-f8 alloy is determined primarily by the 
amount of 8 phase present. However, because co- 
herency hardening (formation of £’) is more op- 
erative in low-manganese-content 8, the higher a-8 
solution temperatures give slightly higher hardness, 
for a fixed percentage of £. 

3—The martensitic transformation of f takes 
place when alloys containing less than 6.4 pct Mn 
are quenched from temperatures above 800°C. When 
quenched from the £ field, the structure consists of 
plates of supersaturated a in a matrix of retained B 
of the same composition, with the quantity of re- 
tained 8 increasing with alloy content. Specimens 
having these structures are in a strong and brittle 
condition. However, the presence of equilibrium a 
in the structure, attained by annealing and quench- 
ing from below the £8 transus and above 800°C, im- 
proves the ductility considerably with some loss of 
strength. 

4—Instability of the 8 phase is an important factor 
in the mechanical properties of these alloys. Nucle- 
ation and growth of a phase may be controlled to 
produce a considerable strength increase, or, if a 
massive a precipitate is formed, to decrease the 
strength of the alloy. Desired strength increases 
may be obtained either by a solution anneal fol- 
lowed by aging, or by proper choice of cooling rate 
from the annealing temperature. Although loss of 
ductility and toughness accompany this strength in- 
crease, adequate levels of these properties may be 
maintained by proper control of heat treatments. 

5—Limited studies on the effects of hydrogen in 
these alloys indicate that hydrogen partitions to the 
8 phase in an a-§8 alloy. The principal effect of hy- 
drogen in the a-f alloys is a lowering of tensile 
ductility, without affecting toughness. 
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Constitution of Iron-Boron Alloys in the Low Boron Range 


by M. E. Nicholson 


The solid solubility of boron in iron has been determined by sat- 
urating iron with respect to Fe.B at several temperatures from 870° 
to 1135°C. In alpha iron the maximum solubility was found to be 
0.002 pct B and in gamma iron the solubility varied from 0.001 pct 
at 915°C to 0.020 pct B at 1165°C. The eutectic and peritectoid 
temperatures were found to be 1165° and 911°C respectively and 
the gamma iron solidus was located approximately at 0.020 pct B. 


ECENT investigations of boron-treated steels” * 

indicate that the solubility of boron in austenite 
is of the order of 0.003 pct at 900°C. This has led 
to the general belief that the solubility of boron 
in a and 7 iron is considerably less than that indi- 
cated by Wever and Muller.’ Therefore the solid 
solubilities of boron in a and vy iron have been re- 
determined. The eutectic and peritectoid tempera- 
tures were also remeasured and the y-iron solidus 
was studied in some detail.* 


* A similar investigation which yielded somewhat different results 
has been described recently by C. C. McBride, J. W. Spretnak, and 
Rudolph Speiser in American Society for Metals 1953 Preprint No. 
22 entitled “A Study of the Fe-Fe:-B System.’’ 


In 1929 Wever and Miller investigated the phase 
equilibria of Fe-B alloys. Fig. 1 shows the solid 
solubility region of the Fe-B diagram based on their 
investigation. They found that boron lowered the 
A, transformation temperature to 1381°C where 
saturated & solid solution “which must contain about 
0.15 pet B” and ‘“‘y solid solution containing about 
0.10 pet B” are in equilibrium with liquid contain- 
ing 1.9 pct B. At the eutectic temperature of 1174°C, 
y solid solution was found to contain “about 0.15 pct 
B.” A peritectoid relation was found to exist be- 
tween a and y iron with an invariant temperature at 
915°C, where the boron solubility in y iron was 
“about 0.10 pet B” and the solid solubility in « iron 
“did not exceed 0.15 pct B.”’ Although most of their 
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Fig. 1—Portion of Fe-B equilibrium diagram after Weyer 
and Muller.® 


investigation was made using thermal analysis and 
metallography, the solid solubility of boron in a iron 
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NICKEL PLATE 


IRON CORE 


Fig. 2—Microstructure of iron boronized 3 hr at 900°C show- 
ing iron boride, Fe,B, case. Etched with picral-nital duplex 
etch. X200. 


was established using X-ray lattice parameter meas- 
urements. 

Because of the apparent success of Wever and 
Miller in using the X-ray lattice parameter tech- 
nique as a means of determining the limit of solid 
solubility in @ iron, several precision lattice para- 
meter measurements were made of a decarburized 
high purity iron and an Fe-0.011 pct B alloy. 

The Fe-B alloy was prepared by boronizing (as 
will be described) a rod of decarburized iron to 
produce a case of iron boride, Fe.B, and annealing it 
in vacuo at 1100°C until the core was saturated with 
boron. The Fe-B alloy was then annealed a second 
time in vacuo for 60 hr at 905°C and quenched into 
oil. The 350-mesh filings of this alloy and of the 
specimen of iron were then mixed with fine alundum 
powder to prevent sintering and grain growth dur- 
ing the final heat treatment. The powders were 
finally heated in purified helium for 15 min at 905°C 
and quenched into brine, after which the metal 
filings and alundum were separated magnetically. 
Lattice parameter measurements were made of the 
two samples, using a 50 mm back-reflection focusing 
camera and unfiltered cobalt and chromium charac- 
teristic radiations. The lattice parameters of the 
alloys were computed by using Cohen’s least squares 
method, yielding the following values: 


Iron at 20°C = 2.8664 + 0.0001A 
Fe-B alloy at 20°C = ‘2.8665 + 0.0001A. 


Since the difference between these values was so 
small, it was concluded that the X-ray method was 
unsatisfactory for studying the variation of the solid 
solubility of boron in iron with temperature. 

A more suitable method for investigating the ex- 
tremely limited solid solubility of boron in iron was 
considered to be by means of a chemical analysis of 
the saturated solid solution. In addition to the inves- 
tigation of the solid solubility of boron in iron, the 
peritectoid and eutectic temperatures were meas- 
ured by standard thermal analysis. Metallographic 
techniques were used to establish the location of the 
y solidus line and to verify the eutectic temperature. 


Experimental Details and Results 


Determination of Solid Solubility of Boron in 
Alpha and Gamma Iron: In a two-component system 
the solid solubility of a terminal solid solution may 
be determined by allowing diffusion to occur be- 
tween a pure metal and the intermediate phase with 
which it may coexist until equilibrium is reached, 
and then analyzing the saturated solid solution for 
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the solute element. For determining solid solubility 
of boron in iron, the diffusion couple should consist 
of iron and iron boride, Fe.B. 

To make the couples, pieces of vacuum-melted 
high purity iron cut from a 3 in. diameter ingot ob- 
tained from the National Research Corp., Cam- 
bridge, Mass., were swaged into rods about YW in. in 
diameter. The iron ingot had the following analysis: 
0.0035 pct C, 0.001 pct Mn, 0.008 pct Si, 0.054 pct Ni, 
0.001 pct Mg, 0.001 pet Cu, 0.005 pet O, and 0.00015 
pet N. The iron rods, 3 in. long, were placed in an 
alundum boat and surrounded with boron powder 
obtained from the Cooper Metallurgical Associates, 
Cleveland, Ohio, designated as Grade A, 325 mesh 
powder. This boron contained 0.22 pct C, 0.38 pet Fe, 
and 99.30 pct B. The specimens were heated in a dry 
hydrogen atmosphere at a temperature of 900°C for 
2 or 3 hr. As a result of this treatment an iron bo- 
ride case approximately 0.005 in. thick was produced 
on the surface of the iron rods.t This was sufficient 


+ Previous work at this Institute by S. Harper had shown the 
feasibility of this method. 


to provide forty times the quantity of boron neces- 
sary to saturate the core at maximum solid solubil- 
ity. Fig. 2 shows the microstructure of such a case. 
The iron boride was nickel-plated to prevent the 
porous surface layer from crumbling during polish- 
ing. The black spots are voids in the case. The 
specimen was etched first with 2 pct picral and then 
2 pet nital. The picral etches boron-rich phases 
preferentially. Sometimes the etching is accom- 
panied by a staining of adjacent ferrite. The nital 
removes this stain and delineates more clearly the 
grain boundaries. 

X-ray diffraction of the case showed it was com- 
pletely Fe.B. Thus this technique, which will be 
referred to as boronizing, was suitable for produc- 
ing the. desired couples for the solid solubility 
studies. The method had two advantages over the 
normal welding technique for producing diffusion 
couples, First, it produced an iron-iron boride inter- 
face which was continuous and free from contami- 


Table |. Data for Solid Solubility Determination 


Saturation 


Anneal Analysis, Wt Pct 


Tem- Specimen 
pera- Diam- 
ture, Time, eter, Equiv. “O Free” 
°C Hr In. Boron Oxygen B B 
1135 6.0 0.06* 0.019 — —_ _ 
1125 48 0.25 0.015 0.0036 0.0016 0.0134 
1125 48 0.25 0.015 0.0058 0.0026 0.012 
1100 30 0.18 0.013 0.0043 0.002 0.010 
1100 30 0.18 0.012 0.0038 0.0017 0.011 
1100 30 0.18 0.011 Al treated 
1100 30 0.18 0.010 Al treated 
1075 72 0.25 0.0095 0.0036 0.0016 0.0081 
1075 TPA 0.25 0.010 0.0053 0.0024 0.0076 
1000 85 0.18 0.0044 0.0046 0.0021 0.0023 
1000 85 0.18 0.0057 0.0047 0.0021 ° 0.0036 
1000 85 0.18 0.0031 Al treated 
1000 85 0.18 0.0032 Al treated 
925 165 0.18 0.0032 0.0044 0.0020 0.0012 
925 165 0.18 0.0033 0.0048 0.0022 0.0012 
925 165 0.18 0.0036 Al treated 
900 WP 0.18 0.0043 0.0046 0.0021 0.0022 
900 72 0.18 0.0039 0.0045 0.0020 0.0019 
900 72 0.18 0.0020 Al treated 
0.0038 0.0050 0.0022 0.001 
870 175 0.18 0.0038 0.0046 0.0021 0.0017 
870 Aes) 0.18 0.0022 Al treated 
800 D — 0.0022 0.0017 0.0008 0.0014 


* Flat specimen, thickness. 
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FeoB 


nants such as B.O,; second, as chemical analysis 
showed, the case was formed without measurable 
carbon pickup. Thus the contaminant which had 
been considered a major cause of error in earlier 
determinations of Fe-B phase equilibria was elimi- 
nated. 

Although no detailed study has been made of the 
gas transfer process, several characteristics of the 
process were noted. It was found that virtually no 
boron was transferred to the iron if the treatment 
was carried out in vacuo or in helium. Even in a 
hydrogen atmosphere, boron transfer was negligible 
unless the iron was intimately surrounded with 
boron powder. 

The iron-iron boride specimens were annealed 
im vacuo for periods listed in Table I. Calculations 
based on data of Wells’ indicate all specimens were 
annealed for periods sufficient to saturate the iron. 
The sample shape and size were chosen so that: 1— 
after boronizing and annealing to saturation a met- 
allographic specimen could be taken for determining 
the iron boride case depth, 2—the iron boride case 
could be easily and completely removed, and 3— 
samples could be prepared for chemical analysis 
without contamination. After the saturation anneal, 
a metallographic specimen from the middle of the 
rod was examined to determine the maximum depth 
of case. Generally, 0.005 in. more than the maxi- 
mum case depth was removed by grinding to com- 
pletely remove the iron boride case. After remov- 
ing the case, an additional 0.005 in. was turned off 
on a lathe to remove any metal which may have had 
embedded Fe.B particles. A sample of about 100 mg 
was then carefully turned off for chemical analysis. 

Boron analyses were made using the colorimetric 
(quinalizarin) technique developed by the Youngs- 
town Sheet and Tube Co. and described by Dean and 
Silkes.” However, is was modified to the extent that 
a photodensitometer was used for measuring den- 
sities of the final solution. The densities were meas- 
ured at a wavelength of 610 millimicrons. Using 
boron-steel samples obtained from the National 
Bureau of Standards, the colorimetric method was 
found to have an accuracy of about 10 pct at con- 
centrations of 0.004 pet B and about 20 pct at con- 
centrations of 0.001 pet B. The results of saturation 
experiments are shown in Table I and are pre- 
sented graphically in Fig. 3. The 800°C data were 
obtained from diffusion data of boron in iron.” 

To determine whether the calculated annealing 
times were sufficient to saturate the core of the solid 
solubility specimens, chemical samples were taken 
from the outside of the core (after removing the 
case) and the center from several annealed rods. 
Analysis of these samples showed the boron content 
of the center was higher than that of the outside. 
It was suspected that an impurity such as oxygen 
which was more concentrated at the center than at 
the outside was precipitating as a boron compound. 

To determine whether oxygen was affecting the 
boron content of the iron, several solid solubility 
samples of low oxygen iron were prepared from an 
aluminum-treated iron. To prepare this alloy, 150 
grams of high purity iron was induction-melted in 
vacuo in a recrystallized alumina crucible. When 
the iron was molten, 5 grams of a Fe-10 pct Al alloy 
was added. The ingot was homogenized in vacuo 
and finally swaged to 0.180 in. diameter. Analysis 
of this ingot showed 0.124 pct free aluminum and 
0.028 pct Al.O,. The boron analyses of the alumi- 
num-treated specimens are included in Table I and 
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Fig. 3—Logarithm of boron content of saturated iron speci- 
mens and corrected boron content plotted as a function of 
reciprocal temperature. 


Fig. 3 and shown graphically in Fig. 4, where the 
boron content of several alloys is plotted as a func- 
tion of oxygen content. The uncombined oxygen of 
the aluminum-treated specimens was assumed to be 
less than 0.0005 pct. At the left a line has been drawn 
which has for its slope the combining ratio of oxy- 
gen to boron in B.O;. This slope equals 2.18 wt pct 
O/wt pet B. From these data which indicate that 
oxygen in the iron combines stoichiometrically with 
boron to form B.O;, it was apparent that to obtain 
the solid solubility of boron in iron, the boron con- 
tents of the iron specimens would have to be cor- 
rected for the influence of oxygen. The oxygen con- 
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Fig. 4—Influence of oxygen content on boron content of 
saturated iron specimens. 
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Table II. Temperature of a-Y Transformation of Iron and Iron- 
Boron Alloy Determined by Thermal Analysis 


Temperature, °C 


Specimen Direction T.C. 1 T.C. 2 
Fe-B Heating 913.2 913.5 
Fe Heating 912.6 
Fe (check) Heating 911.8 912.5 
Fe-B Cooling 910.6 911.0 
Fe Cooling 908.5 909.9 
Fe (check) Cooling 909.0 909.9 


tent of the solid solubility specimens was measured 
by vacuum fusion analysis. These data are shown in 
Table I as well as the corrected or oxygen-free boron 
contents. : 

Determination of the Eutectic and Peritectoid 
Temperatures: The eutectic temperature was deter- 
mined by thermal analysis, using a vacuum-melted 
Fe-3.5 pct B alloy which was remelted in vacuo in a 
recrystallized alumina crucible. The temperature 
was measured by means of a Pt-Pt-10 pct Rh ther- 
mocouple which was protected by an alundum pro- 
tection tube. The alloy was heated to 1250°C and 
allowed to cool at about 0.3°C per min. Although 
the sample was not stirred during cooling, only a 
slight super-cooling occurred. At 1159°C the tem- 
perature remained invariant for 15 min. 

The eutectic temperature was also checked met- 
allographically using an Fe-0.6 pct B alloy. The 
alloy was first cold-worked and homogenized at 
1100°C to destroy the eutectic structure of the ingot. 
Wafers % in. in diameter and ¥% in. thick were 
heated at the desired temperature in purified helium 
for from 10 to 30 min and then slowly cooled. Fur- 
nace temperatures were measured with a calibrated 
Pt-Pt-10 pet Rh thermocouple. At 1160°C no melt- 
ing was observed. At 1165°C, after 10 min, some 
melting occurred as indicated by small areas of a 
eutectic in the microstructure of the sample. The 
sample heated for 10 min at 1170°C showed a com- 
plete eutectic network. Thus the eutectic tempera- 
ture was considered to be 1165° + 5°C. 

The influence of boron on the A, transformation of 
iron was studied using a differential method of ther- 
mal analysis in which the transformation of an Fe-B 
alloy was compared with the transformation of iron. 
A sample of decarburized iron % in. in diameter and 
5g in. long was used as a reference material. The 
iron was decarburized by treating in wet hydrogen 
for 24 hr at 850°C followed by a 48 hr treatment in 
dry hydrogen at the same temperature. A hole 1/10 
in. in diameter and 5/16 in. long was drilled on the 
axis of the sample to accommodate a thermocouple. 
The Fe-B alloy was made of a similar sample of iron 
which had been boronized and annealed to satura- 
tion at 1125°C, producing an alloy containing about 
0.015 pet B. The samples were placed in contact 
with 26 gage chromel-alumel thermocouples in a 
cylindrical block of steel 1 in. in diameter and 31% 


Table Ill. Analyses of Arc-Melted Iron-Boron Alloys, Wt Pct 


Corrected 
Boron Oxygen Boron 
0.021 0.012 0.016 
0.025 0.011 0.020 
0.029 0.010 0.025 
0.035 0.013 0.029 
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in. long which had been split in half longitudinally 
and machined to accommodate the specimens and 
thermocouples. The block was supported on a tri- 
pod so that it would be centered in the 3% in. diam- 
eter quartz furnace tube. The thermal analysis was 
performed in vacuo. Instead of using a three-wire 
differential thermocouple arrangement, two wires 
were substituted for the common one so that the cou- 
ples were electrically separate. Temperature meas- 
urements of the two specimens were made simultane- 
ously, using type B Rubicon potentiometers with 
sensitivities of 2.5 microvolts per min. After making 
several heating and cooling curves, the specimens 
were interchanged and the ‘measurements repeated. 
The heating and cooling rate of about %4°C per min 
was controlled using a Wheelco program controller 
in conjunction with an Exactline. 

As a check of the method, an additional run was 
made using two specimens of the decarburized iron. 
Since iron was used as a reference, the couples were 
not calibrated. The results are shown in Table II. 
The temperature variation between successive runs 
made without changing specimen positions was 0.1°C 
or less; therefore; data listed are the average of sev- 
eral runs to the nearest 0.1°C. From these data the 
average temperature difference between Fe-B alloy 
and the reference iron was: 


Heating: 1.2 + 0.25°C 
se 


The Fe-B alloy transformed at a higher temperature 
than the transformation of iron both on heating and 
cooling. 

Determination of the Solidus: The solidus line was 
determined metallographically at 1185°, 1250°, and 
1350°C, using several arc-melted Fe-B alloys. The 
oxygen content and corrected boron content of 
these alloys are shown in Table III. The samples were 
treated at the desired temperature for 30 min in 
purified helium and quenched into brine. Fig. 5 
shows the resulting microstructures of Fe-B alloys 
containing 0.021, 0.025, 0.029, 0.035 pct B, respec- 
tively. Fig. 5a to d shows the structures of alloys 
quenched from 1350°C and Fig. 5e to h shows the 
structures of the alloys quenched from 1185°C. In 
the 0.029 and 0.035 pct B alloys the grain boundary 
constituent indicates liquid was formed during an- 
nealing both at 1185° and 1350°C. On the other 
hand, the 0.021 pct B alloy shows no evidence of 
liquid but only a fine discontinuous grain boundary 
precipitate typical of Fe-B alloys quenched from 
high temperatures. The microstructures of the 0.025 
pct B alloy are intermediate between the structures 
of 0.021 pct B alloy on one hand and 0.029 and 0.035 
pet B on the other. The grain boundary constituent 
is more continuous than in the 0.021 pct B alloy, 
however it does not exhibit the characteristic mor- 
phology of grain boundary liquids which is evident 
in the 0.029 and 0.035 pct B alloys. It would therefore 
appear that the 0.025 pct B alloy must approximate 
the solidus composition both at 1185° and 1350°C. 
Microstructures of specimens treated at 1250°C 
simply served to show that no significant curvature 
existed in the solidus between 1185° and 1350°C. 
All of these specimens were etched with picral and 
nital. 

Discussion 

In Fig. 3 the logarithm of the boron content is 
plotted as a function of the reciprocal of the absolute * 
temperature. All of the data presented are in rea- 3 
sonable agreement within the error of the analytical 
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a—0.021 pct B. 
a to d—Quenched from 1350°C. 


e—0.021 pct B. 
e to h—Quenched from 1185°C. 


f—0.025 pct B. 


AS 
d—0. 035 pct B. 


h—0.035 pct B. 


g—0.029 pct B. 


Fig. 5—Microstructures of four Fe-B alloys heated 30 min at the temperatures indicated and quenched in brine. Etched with picral- 


nital duplex etch. X300. 


method except that for an aluminum-treated iron 
saturated at 925°C. This value which is even greater 
than that for high purity iron at the same tempera- 
ture appears to be obviously erroneous. For this 
reason this value was not used in establishing the 
location of the oxygen-free solubility line. From the 
figure it is clear that in y iron a reasonably linear 
relation between temperature and composition ex- 
ists for the oxygen-free solid solubilities, while it 
does not for the uncorrected ones. This would indi- 
cate that the hypothesis regarding the influence of 
oxygen was correct and that solid solubility of boron 
in y follows the behavior of dilute solutions. The 
maximum solubility of boron in oxygen-free y iron 
at the eutectic temperature is 0.021 pct and mini- 
mum solubility at the peritectoid temperature is 
0.001 pet. In a the maximum solubility which occurs 
at the peritectoid temperature is 0.002 pct. The solu- 
bility of boron in a iron shows a much smaller con- 
centration variation with temperature than in y 
iron. 

In considering such limited solubilities as those in 
the Fe-B system, the question arises whether the 
data represent bulk solubilities or grain boundary 
concentrations of solute. If the grain boundary con- 
centration of boron is considerably higher than that 
of the bulk, then it would be expected that the de- 
termined concentrations should vary with the ratio 
of grain boundary area to volume. A measurement 
of this ratio using the method of Smith and Gutt- 
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man’ for all of the alloys treated below the peritec- 
toid temperature showed the variation of this ratio 
was from 4.9 to 13.5 mm™. For this variation in 
surface-to-volume ratio there was no observed 
change in boron content. However, grain boundary 
adsorption of considerable magnitude could exist 
for such surface-to-volume ratios and still have any 
related variation in boron content obscured by the 
error of the analytical method. Using 0.0003 pct B 
as being the minimum variation which could be con- 
sidered significant and the above surface-to-volume 
ratios, a simple calculation shows that 10 pct of the 
boron in the sample would have to be adsorbed at 
grain boundaries to be detectable. This adsorption 
is sufficient to form a monolayer of boron at the 
grain boundary. 

The solubility data indicate that a peritectoid re- 
lationship exists between a and vy Fe-B solid solu- 
tions. From the solubilities which exist at the trans- 
formation, the change in the transformation tem- 
perature produced by the solid solution of boron 
may be calculated. Using a modification of the Van’t 
Hoff equation,’ 


RT’ A [B] 
AH, 100 


where AT is the change in temperature of trans- 
formation; T, the transformation temperature of 
pure iron; AB, the difference between the boron 
content of y iron and boron content of a iron in equi- 


AT == 
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Fig. 6—Fe-B constitution diagram in the low boron range 
based on this investigation. 


librium with it, in atomic percent; and AH;, the heat 
of transformation of iron. Using the following 
values, T = 1183, AB = 0.005 + 0.0015, AH = 212 
+730, the:value.ot AT = obtamed: 
Thus the theoretical value of AT agrees fairly well 
with the experimental one, considering the error in 


both of these values. The fact that in every deter- | 


mination both on heating and cooling (at %4°C per 
min) the Fe-B alloy transformed at a temperature 
above that of the reference iron clearly supports the 
solid solubility evidence that a peritectoid relation 
exists between a and y Fe-B solid solutions. With 
reference to the temperature of the A, of pure iron, 
910°C, as determined by Wells et al.,” the peritec- 
toid becomes 911.3 + 0.4°C. 

In connection with the location of the solidus line, 
as in locating the solid solubility line, it was neces- 
sary to appraise the influence of oxygen of the 
liquid-solid equilibrium and what fraction of the 
total boron was effective as a solute element. In 


view of the fact that the oxygen content was small 
in these alloys, it was assumed that it did not affect 
the equilibrium relations, but that it only reduced 
that effective boron content of the alloys by com- 
bining with boron as B,O;. Therefore the position of 
the solidus was drawn using the calculated oxygen- 
free boron contents of the 0.025 pct B alloy, ie., 
0.020 pct B. When the solidus was so constructed, 
the triple point as determined by the intersection 
of the solidus and the eutectic temperature falls 
slightly (0.001 pct B) to the left of the triple point 
determined by the intersection of the solid solubil- 
ity line and the eutectic temperature. 

The phase relations of Fe-B alloys based on this 
work are shown in Fig. 6. 
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Technical Note 


Crystallographic Angles for Hexagonal! Metals 


by A. Taylor and Sam Leber 


HEN studies of deformation texture, lattice 
stress, and crystal orientation are made, it is 
frequently required to know the interplanar angles 
and subsequently to embody the results of the in- 
vestigation in a stereographic projection. Tables of 
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Table |. Errors in Interplanar Angles in Published Tables 


Angle Between (0001) 
and (hkil) Planes 


Ele- Plane Taylor Pub- 

ment hkil and Leber lished Author 
Zr 2021 74.76 74.78 McHargue 
Zn 2132 70.57 70.62 Salkovitz 
Ca 2023 55.44 56.21 Salkovitz 
Zn 2025 40.61 41.41 Salkovitz 
ra 2027 27.64 25.45 McHargue 
Ti 1128 21.64 21.60 McHargue 
Zr 1015 20.15 20.52 McHargue 
Mg 1016 17.35 17.56 Salkovitz 


interplanar angles for hexagonal crystals and stand- 
ard stereonets have so far been obtained for the 
special cases of the unalloyed elements. A set of 
interplanar angles for magnesium, zinc, and cad- 
mium has been compiled by Salkovitz’ along with a 
pole figure for zinc. A similar table for titanium 
and zirconium together with a pole figure for tita- 
nium has been published by McHargue,’ while a 
pole figure containing only a limited number of 
poles has been drawn for magnesium.’ 

The extension of orientation and plastic deforma- 
tion studies to alloys of the hexagonal metals has 
made it necessary to widen the scope of the existing 
tables. To a first approximation, interplanar angles 
within the range given by the existing tables, could 


TOIO 


Tole 


20236 


have been obtained by graphical interpolation. When 
this was attempted, it was immediately evident that 
several of the published angles were in error by sig- 
nificant amounts. These values and the corrected 
ones are listed in Table I. 

Since the interplanar angles, ¢, are a function only 
of the axial ratio c/a, it is possible to calculate them 
from the well-known formula 


I 


cos ¢ = 3 BA? 


— Lil 
4 
W+hk+k’+— 
4 c J 


where (HKiL) and (hkil) are the indices of the in- 
tersecting planes. The most frequently required 
angle is that between the basal plane (0001) and 
the general plane (hkil). In this case, the formula 


reduces to = 
c 
3 a » 
(2) 
4 c 


[1] 
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Fig, 1—Pole figure of magnesium. Axial ratio 1.6235. 
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Table II. Angles Between Crystallographic Planes for the Hexagonal System 
HKiL hkil c/a = 1.500 1.550 1.600 1.650 1.700 1.750 1.800 1.850 1.900 1.950 2.000 
0001 1018 12.22 12.61 13.00 13.40 13.79 14.18 14.57 14.95 15.34 15.72 16.10 
1017 13.90 14.34 14.78 15.23 15.66 16.10 16.54 16.97 17.40 17.83 18.26 
1016 16.10 16.61 17.12 17.62 18.12 18.61 19.11 19.60 20.08 20.57 21.05 
1015 19.10 19.70 20.28 20.86 21.44 22.00 22.57 23.14 23.69 24,24 24.79 
1014 23.41 24.11 24.79 25.47 26.14 26.80 27.46 28.10 28.74 29.38 30.00 
2027 26.33 27.08 27.83 28.56 29.29 30.00 30.70 31.40 32.08 32.76 33.42 
1013 30.00 30.82 31.63 32.42 33.20 33.96 34.71 35.45 36.18 36.89 37.59 
2025 34.72 35.60 36.46 37.31 38.14 38.95 39.74 40.48 41.27 42.01 42.73 
1012 40.89 41.82 42.73 43.61 44.46 45.30 46.10 46.89 47.65 48.39 49.11 
2023 49.11 50.03 50.93 51.79 52.62 53.41 54.18 54.92 55.64 56.33 57.00 
1011 60.00 60.81 61.58 62.31 63.01 63.67 64.31 64.91 65.50 66.05 66.59 
2021 73.90 74.39 74.86 75.30 75.71 76.10 76.47 76.83 77.16 717.48 77.78 
1010 90.00 90.00 90.00 90.00 90.00 90.00 90.00 90.00 90.00 90.00 90.00 
2132 66.42 67.10 67.75 68.36 68.94 69.49 70.01 70.51 70.99 71.44 71.88 
2131 77.69 78.08 78.44 78.78 79.10 79.41 79.69 79.97 80.22 80.47 80.70 
2130 90.00 90.00 90.00 90.00 90.00 90.00 90.00 90.00 90.00 90.00 90.00 
1128 20.56 21.18 21.80 22.42 23.02 23.63 24.23 24.82 25.41 25.99 26.56 
1126 26.56 27.32 28.07 28.81 29.54 30.26 30.96 31.66 32.35 33.02 33.69 
1124 36.87 37.78 38.66 39.52 40.36 41.19 41.99 42.77 43.53 44.28 45.00 
1122 56.31 STL 58.00 58.78 59.53 60.26 60.94 61.61 62.24 62.85 63.44 
1120 90.00 90.00 90.00 90.00 90.00 90.00 90.00 90.00 90.00 90.00 90.00 
1010 2130 19:31 19.11 19.11 uth Ee ib 19.11 19.11 19.11 19.11 19.11 19.11 19.11 
1120 30.00 30.00 30.00 30.00 30.00 30.00 30.00 30.00 30.00 30.00 30.00 
0110 60.00 60.00 60.00 60.00 60.00 60.00 60.00 60.00 60.00 60.00 60.00 


A further computational simplification may be 
made by working in angles of 2¢. Since cos 2¢ = 


2 cos’? — 1, then 
2 


[3] 


het hk + 


The more important interplanar angles have been 


computed by means of Eq. 3 for axial ratios ranging 
from 1.500 to 2.000 at c/a intervals of 0.050 and are 


Table Ill. Angles Between Crystallographic Planes for 
Hexagonal Elements 
Be Ti Zr Mg Zn Cd 
c/a = 

HKiL hkil 1.5847 1.5873 1.5893 1.6235 1.8563 1.8859 
0001 1018 12.88 12.90 12.92 13.19 15.00 T23: 
1017 14.65 14.67 14.69 14.99 17.03 L728: 

1016 16.96 16.99 17.01 1735. 19.66 19.95 

1015 20.10 20.13 20.15 20.55 23.21 23.53 

1014 24.58 24.62 24.65 25,0 28.19 28.56 

2027 27.60 27.64 27.67 28.17 31.48 31.89 

1013 31.38 31.42 31.45 32.00 35.55 35.98 

2025 36.20 36.25 36.29 36.87 40.61 41.06 

1012 42.46 42.50 42.54 43.15 46.98 47.43 

2023 50.66 50.70 50.74 51/31 55.02 55.44 

1011 61.34 61.38 61.41 61.92 64.99 65.33 

2021 74.72 74.74 74.76 75.07 76.87 77.07 

1010 90.00 90.00 90.00 90.00 90.00 90.00 

2132 67.55 67.59 67.61 68.04 70.57 70.86 

2131 78.33 78.35 78.36 78.60 80.00 80.15 

2130 90.00 90.00 90.00 90.00 90.00 90.00 

1128 21.61 21.64 21.71 22.09 24.89 25.24 

1126 27.85 27.88 27.91 28.42 31.75 32.16 

1124 38.39 38.44 38.47 39.07 42.87 43.32 

1122 57.75 57.79 57.82 58.37 61.69 62.07 

1120 90.00 90.00 90.00 90.00 90.00 90.00 

1120 30.00 30.00 30.00 30.00 30.00 30.00 

0110 60.00 60.00 60.00 60.00 60.00 60.00 


192—JOURNAL OF METALS, FEBRUARY 1954 


given in Table II. All the angles were computed by 
means of Peters’ tables‘ to 0.001 of a degree and 
rounded off to the second decimal place, this being 
considered more than ample for most goniometric 
work. The angles are also presented in decimal 
notation since the modern trend is away from the 
system using minutes and seconds to represent 
fractions of a degree. 

Table III gives interplanar angles calculated for 
the hexagonal elements using the most recently 
available data for the axial ratios. They were cross- 
checked by plotting curves relating interplanar 
angle with (c/a), using values listed in Table II, 
and interpolating. Finally, a new pole figure for 
magnesium is presented in Fig. 1 which is much 
more complete than the one originally given by 
Schmidt and Boas. Its principal value lies in the 
fact that it corresponds very closely to the pole fig- 
ure for a hexagonal close-packed structure consist- 
ing of theoretically perfectly spherical atoms and 
with an axial ratio of 1.633. 

Table II may be used to interpolate interplanar 
angles for hexagonal crystals with a high degree of 
accuracy for intermediate values of c/a. A similar 
set of tables could have been constructed to cover 
tetragonal crystals. 
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Influence of Oxygen, Nitrogen, and Carbon on 


The 


Phase Relationships of the Ti-Al System 


by R. J. Van Thyne and H. D. Kessler 


Phase diagrams of the titanium-rich portion of the ternary sys- 
tems from 0 to 10 wt pct Al and 0 to 1 wt pct O, N, and C were 
determined. Micrographic analysis of annealed high purity arc 
melted alloys was the principal method of investigation and was 


supplemented by X-ray diffraction. 


ITANIUM-ALUMINUM alloys exhibit excellent 

properties, particularly for elevated tempera- 
ture use. For this reason, the Materials Laboratory, 
Wright Air Development Center, sponsored an in- 
vestigation of the effect of the interstitially soluble 
contaminants, oxygen, nitrogen, and carbon, on the 
Ti-Al system. Using high purity arc melted alloys 
and micrographic analysis of annealed samples as 
the chief method of investigation, titanium-rich par- 
tial phase diagrams were determined for the ternary 
systems. 


Experimental Procedure 


Materials: The titanium used in the preparation 
of the alloys was iodide crystal bar (99.9+ pct pure) 
produced by the New Jersey Zinc Co. and Foote 
Mineral Co. 

The aluminum was obtained from the Aluminum 
Co. of America in the form of sheet. The given 
analysis was: Si, 0.0006 pct; Fe, 0.0005; Cu, 0.0022; 
Mg, 0.0003; Ca, <0.0006; Na, <0.0005; and Al, 99.99. 

High purity titanium dioxide purchased from the 
National Lead Co. was used in the preparation of 
the oxygen-bearing alloys. The spectrographic anal- 
ysis of this material was as follows: Si0., 0.07 pct; 
FeO:, 0.002: ALO;,, <0.001;—Sb:0;, <0:002; SnO;, 
=<0.001> Mg,>=<0:001; Cb; <0.01;, Cu,—0:0004; Pb, 
0.002; Mn, <0.00005; W, <0.01; V, <0.002; Cr, 
<0.002; Ni, <0.001; and Mo, <0.002. 

Special spectroscopic graphite rod purchased from 
the National Carbon Co. was used in the preparation 
of the Ti-Al-C alloys. 

Alloy Preparation: Alloy ingots weighing 10 
grams were melted in a nonconsumable tungsten 
electrode arc melting furnace using water-cooled 
copper hearths and a helium atmosphere. The arc 
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was struck on a tungsten stud in the copper block 
to minimize contamination from the electrode. De- 
tails of the techniques have been reported.” * Each 
ingot was inverted and remelted a minimum of four 
times to insure homogeneity, without opening the 
furnace. Remelting small control ingots of iodide 
titanium under similar conditions resulted in no 
measurable hardness increase, indicating contami- 
nation-free melting conditions were used. 

The alloy charges and resultant ingots were 
weighed to the nearest milligram. Only small 
weight losses were obtained upon melting, indi- 
cating that the actual compositions were very close 
to the nominal compositions. Check analyses sub- 
stantiated this. 

Oxygen and nitrogen were added during ingot 
preparation as master alloys. An oxygen master 
alloy containing 25 wt pct O was prepared by melt- 
ing iodide titanium and pressed titanium dioxide 
(40 pet O) powder. The Ti-25 pct O alloy is more 
easily handled during weighing and charging than 
the pressed TiO, powder. Chemical analysis indi- 
cated that titanium-nitride received from an out- 
side source contained large amounts of impurities 
(2.7 pet Ca). Therefore, a master alloy containing 
approximately 12 pct N was prepared by melting 
nitrided sponge titanium. As the sponge melted 
with difficulty, the alloy was diluted by addition of 
titanium to lower the melting point. The chemical 
analysis of the final alloy was 6.69 pct N. Both 
master alloys are friable and were used as —8 +16 
mesh lumps resulting from crushing the ingots. 
Melting the Ti-Al-O and Ti-Al-N compositions five 
times produced homogeneous ingots. 

The preparation of homogeneous carbon-bearing 
alloys caused considerable difficulty. Alloys con- 
taining less than 1 pct C were prepared using spec- 
trographic graphite rod, 4% in. diameter by \% in. 
long. However, the graphite did not dissolve even 
with long melting times and many remelts. The 
¥g in. pieces of graphite were used rather than pow- 
der because the low density powder is troublesome 
in are melting. 
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Fig. 1—Vertical sections at constant oxygen content of the partial 
Ti-Al-O system. 


Efforts were then turned to producing a good 
master alloy. When a tungsten-tipped electrode was 
used, tungsten contamination would result from the 
high current and long melting times required; there- 
fore, a carbon tip was employed. The amount of 
carbon pick-up from the tip during melting was 
rather erratic. Homogeneous ingots containing a 
few percent carbon were difficult to melt and were 
not frangible. A 13 pct alloy had a very high melt- 
ing point; consequently, this composition was dis- 
carded. As a 30 pct master alloy was melted more 
easily than those of lower composition and was fri- 
able, this composition was used. Often the master 
alloy consisted of an inner core of compound sur- 
rounded by a case of apparently lower melting alloy. 
This difficulty was circumvented by crushing the 
ingot to powder and remelting. 


Fig. 3—2 pct Al-0.25 pct N alloy water 
quenched after annealing at 1000°C for 
24 hr. Transformed 8. Etchant: HNOs- 
HF-glycerine. X200. 
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TEMPERATURE, °C 


TEMPERATURE, °C 


Ti-Al-C ingots were prepared using pieces of the 
30 pct alloy (chemical analysis, 30.0 pet C) approxi- 
mately 1% in. in size and melting five times. It was 
found necessary to keep the ingots molten for longer 
times than are usually employed. A tungsten-tipped 
electrode was employed as the melting currents and 
times were not excessive. 

Annealing Treatments: As-cast samples were an- 
nealed in quartz (above 1100°C) or Vycor bulbs. At 
lower temperatures, the bulbs were sealed under 
high vacuum but above 1000°C a partial pressure of 
argon was used to prevent their collapse. Table I 
gives information on the annealing times used for 
various temperatures. The specimens that were 
heat treated at 750° and 600°C were first annealed 
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Fig. 2—Vertical sections at constant nitrogen content of the partial 
Ti-Al-N system. 


Fig. 4—6 pct Al-0.25 pct N alloy treated 
the same as the sample of Fig. 3. « + £. 
Etchant: HNO;-HF-glycerine. X200. 


Fig. 5—10 pct Al-0.25 pct N alloy treated 
the same as the sample of Fig. 3. Large 
grained isothermal a. Etchant: HNOs- 
HF-glycerine. X200. 
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Fig. 6—Average Vickers hardness of Ti-Al-O alloys annealed in the 
a phase space at temperatures between 700° and 1100°C. 
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Fig. 8—Probable type of phase diagram for the partial system 


at 950°C for 48 hr and then furnace cooled to the 
temperature of final annealing. The furnace tem- 
perature control was + 3°C below 1100°C, and about 
+10°C for high temperatures. 


Discussion of Results 
Systems Ti-Al-O and Ti-Al-N 


Phase Diagrams: Figs. 1 and 2 illustrate partial 
vertical sections through the Ti-Al-O and Ti-Al-N 
space models, respectively. The phase diagrams 
were constructed placing emphasis on the binary 
intercepts of the previously determined Ti-Al’ and 
Ti-O* systems. As can be seen, both oxygen and 
nitrogen raise the B/a + £B space boundary and 
widen the a + £ field of the Ti-Al system. Nitrogen 
raises the B/a + 8B boundary appreciably more than 
oxygen. No attempt was made to locate the B/a + 6 
boundary for alloys containing 1 wt pct N. 

Microstructures of Ti-Al-N alloys containing 0.25 
pet N are presented in Figs. 3 to 5, which depict the 
8, « + B, and a fields, respectively. The 6 phase is 
not retained upon water quenching the Ti-Al-O or 
Ti-Al-N alloys but transforms to a serrated or acic- 
ular a’ structure. The addition of the interstitially 


Table I. Annealing Data 
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Fig. 7—Average Vickers hardness of Ti-Al-N alloys annealed in the 
a phase space at temperatures between 700° and 1100°C. 
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Tempera- Time, Tempera- Time, 

ture, °C Hr ture, °C Hr 
1250 6 950 48 
1200 8 900 72 
1150 16 850 118 
1100 18 750 240 
1050 24-30 600 576 
1000 36-40 
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Va 025%0% 


Fig. 9—13 pct C al- 
loy arc melted and 
chill cast. TiC plus 
transformed 8 at the 
grain boundaries. 
Etchant: HNOs;-HF- 
glycerine. X250. 


soluble elements appears to refine the transforma- 
tion structure. 

Hardness: Vickers hardness data obtained for Ti- 
Al-O and Ti-Al-N alloys, annealed in the a field, are 
presented graphically in Figs. 6 and 7, respectively. 
Considerable difficulty was encountered in obtaining 
reproducible values. Large differences in average 
values were produced by successively grinding out 
the old impressions and making new ones. For ex- 
ample, a series of values obtained by the latter 
method on a Ti-8 pct Al-1 pet O sample annealed at 
900°C were 394, 435, 470, and 496 DPH. The reasons 
behind these hardness variations are not known but 
upon averaging the values for several temperature 
levels, correlatable data were obtained as _ illus- 
trated in Figs. 6 and 7. 

The results show that for a given aluminum level, 
the hardness generally increases with increasing ox- 
ygen and nitrogen content; nitrogen has the greater 
hardening effect. Although not conclusive, previ- 
ously determined data of the Ti-Al system indicated 
a peak hardness at about 11 pct Al for alloys an- 
nealed in the a field.’ The average hardness data of 
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Fig. 11—Partial Ti-C phase diagram. 
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BONEN 


Fig. 10—30 pct C 
alloy arc melted and 


chill cast. Eutectic 
structure. Unetched. 
X250. 


Ti-Al alloys annealed at 700° and 800°C are repro- 
duced in the figures for comparison. 

A hardness peak is apparent for all the curves in 
Figs. 6 and 7. The composition of maximum hard- 
ness moves to lower aluminum contents with in- 
creasing amounts of the interstitial elements. The 
greatest effect was found with 1 pct N; the maxi- 
mum hardness of over 500 Vickers occurs at about 
3 to 4 pet Al. A minimum in the curve for 1 pct N 
has been shown as a dashed line because only a few 
data points are available at these compositions and 
only this one curve exhibits the minimum. The 
curve may very likely be correct as it is expected 
that with increasing aluminum content the hardness 
curve for ternary alloys has a minimum similar to 
that. obtained for the Ti-Al alloys. Data for the 
latter alloys indicate a minimum hardness at 16 pct 
Al. As the a field of the Ti-Al system extends to 25 
pet Al at the temperature involved, and no phase 
changes are known to occur at lower temperatures, 
the reason for the indicated hardness minimum in 
the binary or ternary alloys is not known. 
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Fig. 12—Vertical section at 2 pct Al content of the partial Ti-Al-C 
system. 
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Fig. 13—Vertical section at 4 pct Al content of the partial Ti-Al-C 
system. 
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system. 


System Ti-Al-C 

Ti-C Diagram: Data obtained from as-cast micro- 
structures of the various master alloys containing 
up to 30 pct C permitted an outline of the Ti-C sys- 
tem to be constructed. The probable diagram is pre- 
sented in Fig. 8. 

Extremely high melting alloys in the compound 
region indicated an open maximum for TiC. Fig. 9 
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Fig. 14—Vertical section at 6 pct Al content of the partial Ti-Al-C 
system. 
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Fig. 16—Vertical section at 10 pct Al content of the partial Ti-Al-C 
system. 


illustrates the duplex 8 + TiC microstructure of a 
13 pet C alloy. A nominal 15 pct C master alloy was 
entirely TiC. Therefore, the lower limit of the TiC 
phase field is near 15 pct C. The compound appears 
to exist over a range of compositions; the lower limit 
of TiC les close to 15 pet C and the stoichiometric 
composition is 20 pct. 

The eutectic shown in Fig. 8 was based on the 
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Fig. 17—0.6 pct C alloy annealed at 950°C 
for 48 hr and water quenched. TiC in a 
matrix of transformed 8. Etchant: HNOs- 
HF-glycerine. X200. 


structural appearance of a 30 pct alloy, Fig. 10. This 
sample also seemed to melt at a lower temperature 
than the 15 pet C alloy. Collaborative X-ray dif- 
fraction studies of this eutectic alloy indicated only 
TiC; therefore, the other phase is apparently graph- 
ite. The fact that black material can be rubbed off 
the alloys of high carbon content corroborates the 
presence of graphite. 

As part of the Ti-Al-C investigation, the Ti-C 
diagram to 1 pet C was studied and the results are 
presented in Fig. 11. The diagram agrees closely 
with previous investigations.” A more detailed 
study of the binary system indicates that the peri- 
tectoid reaction occurs at 920°C + 3°C and that the 
probable diagram presented in Fig. 8 is correct to 20 
joer 

Ti-Al-C Diagram: The Ti-Al-C diagram is pre- 
sented by a series of vertical sections through the 
space model at constant aluminum contents. Al- 
though isotherms were constructed for each of the 
eight annealing temperatures, no isothermal sections 
are given as the equilibria involved are best illus- 
trated by the vertical sections. The phase bounda- 
ries were not drawn based on data of any one verti- 
cal cut alone. Graphical interpolation, using all of 
the vertical and isothermal sections, was used to 
obtain the phase boundaries. 

Emphasis was placed on the binary intercepts of 


Fig. 18—4 pct AI-0.6 pct C alloy annealed 
at 950°C and water quenched. Large 


equiaxed grains of a. 
HF-glycerine. Polarized light. X200. 


Table II. X-Ray Diffraction Data for a Ti-10 Pct Al-1 Pct C Alloy” 


d (Ob- d (Caleu- 
Intensity served), lated) 

hkl Observed; kX kX 

400 ft 2.789 2.800 
331 ft 2.569 2.569 
421 wm 2.457 2.444 
332 ft 2.394 2.388 
511 vvit 2.147 2.155 
520 ft 2.075 2.080 
Dow ft 1.892 1.893 
610 vit 1.845 1.841 
444 ft 1.614 1.616 
800 vvft 1.399 1.400 
733 vw 1.367 1.368 
821 ft 1.348 
662 vvft 1.286 1.285 
840 vvit 1.249 1.252 
664 vvit 1.196 1.194 
852 ft 1.165 1.161 


* Alloy annealed at 750°C for 240 hr and water quenched. In- 
dexed on a cubic lattice, a = 11.20 kX. 

7m, medium; wm, weak medium; w, weak; vw, very weak; ft, 
faint; vft, very faint; vvft, very very faint. 

t Calculated from a = 11.20 kX. 
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Fig. 19—8 pct Al-0.8 pct C alloy water 
quenched after annealing at 900°C for 
72 hr. a + TiC. Etchant: HNO:-HF- 
glycerine. X750. 


Etchant: HNOs;- 


Fig. 20—10 pct AI- 
0.8 pct C alloy treat- 
ed the same as the 
sample of Fig. 19. 
a unidentified 
phase and probably 
TiC. Etchant: HNO,- 
HF-glycerine. X750. 


the Ti-Al system and the phase boundaries of the 
drawings agree with the Ti-Al diagram previously 
published.* Principle features of the Ti-Al diagram 
include extensive solubility of aluminum in both a 
and 8 and a peritectoid reaction, B (29 pet Al) + 
TiAl (35> Al) = pct Al) 
phase relationships were drawn assuming that there 
is little solubility of aluminum in TiC. 

An outstanding feature of the vertical sections 
presented in Figs. 11 to 16 is the increase in the 
extent of the a field to higher temperatures and 
higher carbon compositions with greater aluminum 
contents. Whereas the maximum solubility of car- 
bon in a is near 0.5 pet in the binary system, it is 
increased to over 1 pct with 10 pct Al in the alloy. 

It can be seen in the succeeding diagrams (Figs. 
12 to 16) that in the ternary system the peritectoid 
reaction, 8 + TiC = a, occurs over a range of tem- 
peratures and moves to higher temperatures with 
greater aluminum contents. The effect of aluminum 
on increasing the solubility of carbon in a and rais- 
ing the temperature of the peritectoid reaction is 
illustrated by Figs. 17 and 18. Both alloys were 
annealed at 950°C; they were located in the 8 + TiC 
and a spaces, respectively. Boundaries of the a + B 
+ TiC space have been shown as dashed lines as it 
is difficult to differentiate between a and a’ in the 
microstructures containing large amounts of TiC. 
X-ray diffraction was not useful for this determina- 
tion as the 8 phase transforms to a upon water 


‘quenching. 


Certain identification of the indicated a + TiC 
microstructures could be made for alloys with alu- 
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minum contents of 0 to 8 pct for all carbon compo- 
sitions (0 to 1 pet). TiC was also definitely observed 
in the Ti-10 pct Al-0.4 pect C sample. However, 
microstructures unlike those for the other alloys 
were observed for the following: Ti-10 pct Al-0.6 
pet C, Ti-10 pet Al-0.8 pct C, and Ti-10 pct Al-1.0 

Micrographs of Ti-8 pct Al-0.8 pct C and Ti-10 
pet Al-0.8 pct C alloys, annealed as 900°C for 72 hr 
and water quenched, are presented in Figs. 19 and 
20, respectively. The former consists of a + TiC and 
the latter is apparently a plus a different phase and 
probably TiC. An X-ray diffraction pattern was ob- 
tained for a Ti-10 pct Al-1.0 pct C alloy annealed at 
750°C for 10 days and was identified as a plus a new 
phase. The lines of the new phase (Table II) could 
not be indexed as TiC, TiAl, or TiAl, but were in- 
dexed as belonging to a cubic structure. As seen in 
Table II, close correlation was obtained between the 
experimental and calculated lattice parameter val- 
ues; therefore, the phase apparently has a cubic 
structure with a = 11.20 kX. Using X-ray diffrac- 
tion, the new phase was not observed in the Ti-1.0 
pet C or Ti-8 pct Al-1 pct C samples. 

Because of the uncertain identification of the 
Ti-10 pet Al-(0.6, 0.8, 1.0) pet C alloys, the a/a + 
TiC boundary in Fig. 16 has been dashed above 0.5 
pet C. A reaction could occur that would bring a 
new phase into equilibrium in the section illustrated 
by Fig. 16. A series of ternary phases having the 
compositions Ti,X.0 and Ti,X,O has been studied.' 
It is possible that a similar ternary intermediate 
phase is formed in the Ti-Al-C system. 

Hardness: Vickers hardness data were obtained 
for the Ti-Al-C alloys used for the phase diagram 
study. At any given aluminum content, the most 
pronounced hardening occurs when the carbon is 
taken into solution in a titanium. Increasing amounts 
of carbon beyond the solubility limit result in a rela- 
tively small increase in hardness. 

Fig. 21 illustrates the effect of increasing alumi- 
num and carbon content on the hardness of a alloys. 
The data represent average hardness values ob- 
tained for one or more heat treatments in the a 
field. The curve for 8 pct Al lies above that for 10 
pet; however, this is within experimental accuracy. 
Above 0.6 pct C, the data indicate a hardness peak 
or plateau; however, the curves have been shown as 
dashed lines as only a few data points are available 
at these higher alloy contents. 


Summary of Results 


Ti-Al-(O and N) Systems: Both oxygen and ni- 
trogen raise the 6/a + 8 space boundary and widen 
the a + £6 field of the Ti-Al system. The £ phase 
transforms to a’ upon water quenching. The hard- 
ness of ternary alloys is increased by the addition of 
oxygen or nitrogen. A hardness peak, which was 
found to occur at about 11 pct Al in the Ti-Al sys- 
tem, moves to lower aluminum contents and higher 
hardnesses with increasing amounts of oxygen or 
nitrogen for alloys annealed in the a space. 

Ti-Al-C System: A probable Ti-C diagram to 30 
pet C is presented. The lower composition limit of 
a very high melting compound, TiC, occurs near 15 
pet C. A eutectic between TiC and carbon exists at 
about 30 pct C. 

Vertical sections of the Ti-Al-C system illustrate 
the solubility of carbon in a increases with greater 
aluminum contents. The solubility is increased to 
over 1 pct C at 10 pct Al. The peritectoid reaction 
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Fig. 21—Average Vickers hardness of Ti-Al-C alloys annealed in 


the a phase space at temperatures between 600° and 1150°C. 


of the Ti-C system occurs at successively higher 
temperatures in the ternary system. An unidentified 
phase was observed in samples of high alloy content. 
For a given aluminum content, the hardness of a 
titanium increases with greater carbon contents. 
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Titanium-Chromium-Oxygen System 


by Chih-Chung Wang and Nicholas J. Grant 


The Ti-Cr-O ternary system has been studied in detail near the 
titanium-rich corner within the limits of 10 wt pct O2 and 20 wt 
pct Cr. Studies were extended, but not in detail, to the region be- 
yond 25 wt pct O. (50 atomic pct) and 62 wt pct Cr (60 atomic pct). 
Four isothermal sections at 1400°, 1200°, 1000°, and 800°C are 
presented as well as two vertical sections at 1 and 2 wt pct Oo. 


URING the last decade much interest has been 

shown in the development of high strength tita- 
nium alloys for high temperature and corrosion 
resistant applications. Extensive research is being 
carried out at present, as the current literature indi- 
cates, in order to study the properties of titanium 
and to develop improved alloys. Two of the impor- 
tant alloying elements in commercial titanium alloys 
are chromium and oxygen and it would be desirable 
to know their combined influence upon titanium. 
For this purpose the present work was carried out 
to investigate the titanium-rich corner of the ter- 
nary system Ti-Cr-O. 

The binary systems Ti-Cr and Ti-O have been 
published recently. The Ti-Cr system was studied 
by several investigators'” and their results are in 
close agreement. The eutectoid decomposition of the 
B phase has been shown to be extremely sluggish. 
TiCr, was the only intermetallic compound found in 
this binary system and was formed at 1350°C by a 
transformation from the 8 phase. TiCr, was estab- 
lished as the cubic C 15 (MgCu.) type of structure 
with 24 atoms per unit cell and was designated as 
the y phase.” This terminology will be adopted in 
the present work. There was disagreement about 
the actual composition of this compound among the 
several investigators, although it is evident from 
their data that the compound probably has a solu- 
bility range of about 2 to 3 pct and is in the vicinity 
of 65 pct Cr. It has been indicated recently that a 
high temperature modification of this y phase (TiCr.) 
existed at a temperature above 1300°C."* This high 
temperature modification was identified as a hex- 
agonal C 14 (MgZn.) type of structure with 12 
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atoms per unit cell. The exact transformation tem- 
perature from the high temperature phase to the 
low temperature phase has not been established. A 
considerable hysteresis was observed and, due to the 
sluggishness of this transformation, the high tem- 
perature phase often co-existed with the low tem- 
perature phase at temperatures below 1300°C. 

A preliminary study of several Ti-O compounds 
and the Ti-O system had been carried out by Ehr- 
lich.~” The most complete binary Ti-O system was 
the one reported recently by Bumps, Kessler, and 
Hansen.” The first intermediate phase found in the 
system was the 6 phase which formed by a peritec- 
toid reaction of the phases a and TiO at tempera- 
tures below 925°C. This reaction is extremely slug- 
gish. The structure of this 6 phase was tentatively 
identified by these authors as being tetragonal and 
the lattice constants were found as c, = 6.645A, a, 
= 5.333A and c/a = 1.2464. 


Experimental Procedure 

The raw materials used for this investigation were 
TiO., electrolytic chromium, iodide titanium, and 
sponge titanium. The TiO, was in the form of pow- 
der of chemically pure grade (99.8 pct pure). The 
chemical analysis of the electrolytic chromium was: 
O,.0.50 pets Fe, 0:07," Cus Nand’ 
0.001. The oxygen in the chromium was calculated 
as part of the final oxygen content of the alloys. 

The alloys were prepared by the cold crucible 
method using a tungsten arc. The entire system was 
evacuated and flushed with purified helium three 
times and then filled with helium. Each alloy was 
melted, turned over, and remelted at least four 
times to insure homogeneity. The total melting time 
was generally from 6 to 10 min. 

A master alloy of 25 pct O.-75 pct Ti was pre- 
pared to facilitate alloying by melting compacts of 
TiO, powder with either iodide or sponge titanium, 
yielding the compound TiO. It was found necessary 
to bake the TiO, powder compact at about 150°C to 
remove adsorbed moisture. This was done to pre- 
vent the disintegration and spattering of the com- 
pact when the are was struck. TiO, powder dis- 
solved quite readily into the melt and no other 
trouble was encountered. 
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Fig. 1—Alloys prepared with iodide titanium for the study of the 
titanium-rich corner of the Ti-Cr-O system, weight percent. 


The experimental alloys were made by melting 
the master alloy with the correct amount of tita- 
nium and chromium. Each alloy was weighed accu- 
rately before and after melting except some alloys 
in the extended regions of the ternary. The study of 
weight loss was intended to give an approximate 
check as to whether there was excessive loss of 
alloying constituents during melting. Comparison of 
the weight loss with the results of chemical analysis 
for chromium on several alloys showed that when 
the weight loss was high it was usually due to a 
greater loss of chromium. Loss of oxygen was also 
indicated at times in these alloys; accordingly, alloys 
with weight losses over 1 pct for the alloys in the 
titanium-rich corner, and over 2 pct for the alloys 
‘with higher chromium and oxygen content were 
discarded and new alloys prepared. The nominal 
composition of the alloys was used in this work; 
however, it is estimated that the actual composition 
of chromium and oxygen in the alloys used differed 
by considerably less than 1 wt pct in the titanium- 
rich corner, and by less than 2 wt pct in the ex- 
tended region. 

Thirty-two alloys made of iodide titanium were 
prepared for the investigation of the titanium-rich 
corner and are shown in Fig. 1. For practical pur- 
poses, the compositions are plotted as weight per- 
cent. Thirty-three alloys, numbers 33 to 65, were 
prepared for the study of the extended region and 
their compositions are shown as atomic percent in 
Fig. 2. These latter alloys were made by using 
sponge titanium except the alloys 37 (14.3 O.-42.9 
Cr), 50 (12.0 O,-42.0 Cr), and 64 (50.0 O.-0 Cr), 
which were made from iodide titanium. The use of 


60 


atomic percent permits an expansion of the oxygen 
axis in several of the subsequent figures without 
severe crowding of the various phase fields. 

The alloys became increasingly brittle as their 
oxygen and chromium contents increased. Most of 
the alloys having compositions lying in the extended 
region, and especially those with higher oxygen 
content, cracked into several pieces on cooling in 
the copper crucible after solidification. All the alloys 
had a metallic, silvery luster except numbers 40 
(43.0 O.-9.6 Cr), 63 (46.5 O.), 64 (50.0 O.), and 65 
(53.7 O,), which had a yellowish-golden color, the 
characteristic color of the TiO phase. 

Although coring (microsegregation) was present 
in most of the alloys, especially in those of high oxy- 
gen and chromium contents, no evidence of ingot 
segregation (macrosegregation) was observed. This 
was verified by analyzing for chromium from three 
different portions of each of a number of alloys. 

The as-cast ingots of the highly alloyed heats 55 
(20.0 O.-46.0 Cr), 56 (20.0 O.-60.0 Cr), and 60 
(30.0 O.-30.0 Cr) clearly showed two layers. This 
could not be prevented simply by increasing the 
melting time or power setting. Metallographic ex- 
amination did not reveal any ingot segregation with- 
in each layer. 

Specimens to be heat treated were sealed under 
purified argon in Vycor, however for temperatures 
above 1300°C, quartz tubing was used instead. Prior 
to the final annealing treatments all the alloys were 
homogenized at 1300°C for 6 to 8 hr. Metallographic 
examination showed that coring and the as-cast 
structure were completely removed, except for a 
few of the alloys with the highest chromium and 
oxygen contents. 

Since the phase transformations in this ternary 
system were generally very sluggish, it was neces- 
sary to determine the annealing time required to 
attain equilibrium at each temperature. This was 
done by studying the microstructures of several 
specimens after they had been annealed at different 
temperatures for increasing periods of time. Table I 
lists the range of annealing times selected. At each 
temperature the longer annealing time was used for 
alloys of higher oxygen and chromium contents. 

The quenching of alloys annealed at, or below, 
1200°C was done by quickly withdrawing the sealed 
Vycor capsule from the furnace and breaking it 
under water. For homogenization treatment speci- 
mens were quenched without breaking the Vycor 


Fig. 2—Alloys Nos. 33 to 65 
prepared for the study of 


the extended region of the 
Ti-Cr-O system, atomic per- 
cent. Location of alloys Nos. 
1 to 32 also included. 
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Fig. 3 (a, above; b, below) —1400° and 1200°C isothermal sections 
of titanium-rich corner of the Ti-Cr-O system. 
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tube. Water quenching of specimens annealed at 
1400°C resulted, in several cases, in an attack of the 
grain boundaries, causing the specimens to disinte- 
grate. Accordingly, all the specimens annealed at 
1400°C were quenched in liquid argon. 

Metallographic and X-ray diffraction methods 
were the main methods used in this work. Metallo- 
graphic specimens were prepared by using the 
standard polishing techniques. The usual etching 
reagent was a solution of one part hydrofluoric acid, 
one part nitric acid, and two parts glycerin. A 
second etching reagent, an aqueous solution con- 
taining 3 pct hydrofluoric acid and 2 pct nitric acid, 
was sometimes used with about equal results. 

The X-ray diffraction patterns were made on a 
Norelco recording X-ray Spectrometer, using copper 
Ka radiation with a nickel filter. X-ray specimens 
were prepared by crushing and grinding the central 
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Fig. 4 (a, above; b, below) —1000° and 800°C isothermal sections 
of titanium-rich corner of the Ti-Cr-O system. 
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Table I, Annealing Times for Ternary Ti-Cr-O Alloys 


Annealing Temperature, °C Annealing Time, Hr 


1400 —3 
1300 6—14 
1200 10 —20 
1000 25 — 80 
800 200 


parts of the annealed specimens to minus 200 mesh. 
The lines of the X-ray patterns obtained from these 
powders were sharp, hence a stress relieving anneal 
was not necessary. 


Experimental Results and Discussion 

Titanium-Rich Corner of the Ti-Cr-O System: 
This region includes up to about 10 wt pct O, and 20 
wt pet Cr. The alloys used are shown in Fig. 1. Four 
isothermal sections, namely those at 1400°, 1200°, 
1000°, and 800°C, were completed in this region and 
are presented in Figs. 3 and 4, using weight percent 
values. These four sections were determined mainly 
from metallographic examination, while X-ray in- 
vestigations were undertaken only to confirm the 
phases present. All the alloys used were made from 
iodide titanium. 


Table II. X-Ray Diffraction Data of Epsilon and Eta Phases 


Observed 
Intensity* hkl d, A (Obs.) d, A (Cale.) 
Epsilon Phase 

w 331 2.583 2.592 
420 — 2.527 

m 2.301 2.307 

s 5113333 2.169 2.175 

m 440 1.991 1.998 
vw 31 1.904 1.910 
mw 600 ;442 1.878 1.883 

20 — 1.787 

vw 533 1.720 
Ww 622 1.702 1.704 

vw 4 1.629 1.631 

w 711;551 1.578 1.582 

0 — 1.567 

vw 642 1.510 1.510 

vw 1315553 1.473 1.471 
vw 33 1.380 1.381 
m 822;660 1.331 1.332 
w 1.304 1.305 
vw 1.294 1.290 
w 842 1.234 1.233 
mw 933;771;755 1.1336 1.1357 
w 10,22 ;666 1.0855 1.0873 
Ww 12,00;884 0.9414 0.9417 
Vw 11,50;11,51;11,43 0.9318 0.9320 

951;777 
vw 12,22;10,64 9158 0.9166 
mw 13,11;11,71;11,55;993 0.8637 0.8641 
vw 10,66 .8614 0.8616 
Vw 12,60;10,84 0.8418 0.8423 
vw 12,62 0.8331 0.8330 
vw 0.8085 0.8092 
Ww 14,20;10,10,0;10,86 0.7987 0.7990 
vw 14,22;10,10,2 0.7987 0.7912 
Eta Phase 

VVw 222 3.559 3.575 
vw 400 3.297 3.286 
331 — 2.985 

VVW 004 2.801 2.800 
242 — 2.600 

vw 151 2.520 2.510 
VVw 383 2.366 2.385 
vw 440 2.327 2.325 
351 — 2.210 

mw 600 2.190 2.191 
s 404 2.131 2.132 
153 — 2.120 

mw 260 2.079 2.078 
VVW 244 2.030 2.028 
Ww 262 1.938 1.948 
353 — 1.928 

Ww 006 1.859 1.867 
Ww 460 1.823 1.823 
335 1.815 

vw 462 1.727 1.733 
Ww 266 1.386 1.388 


*s indicates strong; m, medium; mw, medium weak; w, weak; 
vw, very weak; and vvw, very, very weak. 
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Fig. 5—Alloy 5, 1 wt pct Os, 2 wt pct Cr. 
Quenched from 1400°C. Acicular a. X500. 
X150. 


/ 


Fig. 8—Same as Fig. 
7 except the alloy 
was quenched from 
800°C. The presence 
of precipitated vy 
phase (dark) is 
noted. X500. 


Fig. 5 is an example of the acicular a structure for 
an alloy of 1 pet O, and 2 pct Cr. This alloy was 
quenched from the £ field at 1400°C (Fig. 3). Fig. 
6, obtained from the same alloy but quenched from 
the a + 8 field at 1200°C (Fig. 3), now shows the 
acicular a structure as well as the primary a phase. 
This transformation of 8 phase to the acicular a dur- 
ing quenching was found to occur in alloys close to 
the titanium corner (in the 1400°C section, alloys 5, 
12 to 16, and 21; in the 1200°C section, alloys 3 to 6 
and 12 to 16; in the 1000°C section, alloys 3 to 5; in 
the 800°C section, none). A similar behavior was 
found for high titanium alloys in the binary Ti-Cr 
and binary Ti-O systems. This acicular a phase was 
designated as a’, and is believed to be transformed 
from the 8 phase by a mechanism similar to the 
martensitic type transformation.” *™ 

Fig. 7 is the microstructure of alloy 18 (2.0 
O,-12.0 Cr) quenched from 1200°C. It is a typical 
example of the structure of the alloys in the a + 6 
field showing a retained 8 phase. Fig. 8 shows the 
a + 6 + y phases, and was obtained from alloy 18 
treated at 800°C in the three-phase field. The exist- 
ence of the y phase was also confirmed by X-ray 
results. 

Fig. 9 shows the a + y phases and was obtained 
from alloy 25 (4.0 O.-8.0 Cr) quenched from 800°C. 
The white areas are primary a while the dark 
regions are mixtures of a + y resulting from the 
decomposition of the original 6 grains. These 8 
grains existed originally at the homogenization tem- 
perature of 1300°C. X-ray diffraction patterns veri- 
fied that only a and y phases were present in these 
alloys. 

As can be seen from Figs. 3 and 4, the 6 field de- 
creases as the temperature decreases. The precipi- 
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Fig. 6—Same as 5. Quenched 
from 1200°C. @ (white) plus acicular a Cr. 


7—Alloy 18, 2 wt pct Ov, 14 wt pct 
Quenched from 1200°C. a particles 
in B matrix. X150. 


Fig. 9—Alloy 24, 4 wt 
pet Ov, 8 wt pct Cr. 
Quenched from 
800°C. Phases pres- 
ent are a _ (white 
areas) and a mixture 
of a and y phases 
(dark). X500. 


tation of the a phase from the B was not sluggish. 
In fact, in some alloys quenched from 1400°C at 
relatively slow quenching rates, some a precipitated 
from the 8 during quenching. This was especially 
so when there was some primary a present. 

Alloys 27, 28, 29, 31, and 32, close to the Ti-O 
side, were extremely brittle. They often cracked 
extensively during mounting in bakelite for micro- 
scopic examination, suggesting that alloys near the 
Ti-Cr side might be embrittled if this a phase pre- 
cipitated at the grain boundaries. 

Extended Region of the Ti-Cr-O System: To ex- 
tend the above results and fix the various phase 
boundaries, the study was extended, in a more lim- 
ited way, to alloys containing up to 50 atomic pct O, 
(25 wt pct) and 60 atomic pct Cr (62 wt pct). Fig. 
10 shows the 1200°C isothermal section, which in- 
cludes the phase boundaries determined in Fig. 3. 
Atomic percents are used in this figure and in micro- 
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Fig. 10—1200°C isothermal section of the extended region of the 
Ti-Cr-O system. 
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Fig. 11—Alloy 33, 5.9 atomic pct Oz, 22.5 


atomic pct Cr. Quenched from 1200°C. 
a in a B matrix. X150. 


Fig. 12—Alloy 34, 5.9 atomic 
atomic pct Cr. Quenched from 1200°C. 
Phases present are a, 8, and y. The 


Fig. 13—Alloy 48, 
atomic pct Cr. Quenched from 1200°C. 
Phases present are a and + (white areas). 


pct 


smooth darker gray phase is a, the phase X750. 
with scratches is 8, and the white phase 
is y. Note that 8 grains are clearly de- 
lineated by a dark-etching grain boundary. 


X500. 


graphs representing alloys from the extended region 
since this method expands the oxygen axis. Dashed 
lines are utilized in the extended ternary regions 
since the accuracy in drawing the positions of the 
phase boundaries is not exact. 

Ternary Phase—Epsilon: The results of X-ray 
analysis revealed the existence of a ternary phase, 
Ti,Cr,O, and was named the e phase. The structure 
is of the same type as a group of titanium com- 
pounds reported by Karlsson” and Rostoker,” being 
of the type Ti,X,0, or Ti,X,O, X being one of the 
transition elements Cu, Ni, Co, Fe, and Mn. The 
structure of this group of compounds is of the type 
Fe,W;C found in high speed steel. Ti,Cr,O has a 
face-centered cubic lattice with 112 atoms per unit 
cell, based on a measured density of 5.82 grams per 
ee (alloy 37, 14.3 O.-42.9 Cr). Table II lists the dif- 
fraction data for this compound, whose lattice con- 
stant a, was calculated to be 11.30A. 

Alloys containing the « phase at lower tempera- 
tures were free of it after a 1400°C treatment. In 
addition, since the as-cast alloy did not show the e« 
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phase, it appears that « phase is stable only up to 
about 1300°C. 

Ternary Phase—Eta: Another ternary phase was 
found and was named the 7 phase. Table II lists the 
lines from the X-ray pattern of this phase. These 
lines could not be fitted to a cubic or hexagonal 
lattice; however, it was possible to index them on a 
Hull-Davey chart for the tetragonal system. The 
lattice parameter thus calculated was: a, = 13.14A, 
c, = 11.20A, c/a = 0.852. The observed and calcu- 
lated d values are also listed in Table II and they 
are in fairly good agreement. No further studies of 
the intensities of the X-ray lines and the possible 
atomic arrangements were made. From the phase 
diagram the stoichiometric composition of the 7 
phase should be in the vicinity of Ti,Cr,O. Calcu- 
lations were made for a number of possible ternary 
compounds in this vicinity. Their densities were 
obtained by extrapolating the values of density 
measurements of alloys 44, 45, 49, 50, and 51. The 
most probable composition calculated for this com- 
pound was Ti,Cr,O. The calculation gave a unit cell 
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Fig. 15—Alloy 37, 14.3 atomic pct Os, 42.9 
atomic pct Cr. Quenched from 1200°C. 
a particles in e matrix. X500. 


of 144 atoms and a calculated density of 5.71 grams 
per cc, whereas the density extrapolated for this 
composition was 5.74 grams per cc. Although this 
tentatively identified structure appeared correct, 
further work needs to be done for the complete de- 
termination of this structure. While the y phase, 
like the « phase, was not formed directly from the 
liquid, it was found to be stable at 1400°C. 

1200°C Isothermal Section of Extended Region: 
The isothermal section at 1200°C is shown in Fig. 
10. Fig. 11 shows the microstructure of alloy 33 
(5.9 O.-22.5 Cr) in the two-phase field a + 8. Next 
to this two-phase field there exists a large three- 
phase field, a + 6 + y. Fig. 12 is an example of 
alloy 34 (5.9 O.-31.9 Cr) in this three-phase field. 
This particular specimen was polished only through 
the No. 1 wheel (canvas cloth and 600 mesh alundum 
powder) to leave scratches on the surfaces of the 8 
phase in order to differentiate it from a. Fig. 13 
shows the microstructure of alloy 48 (11.0 O.-32.0 
Cr) in the long and narrow a + y field. 

Recently, the existence of a high temperature y 
phase above 1300°C in the binary Ti-Cr system was 
reported.” ‘ The transformation rate from one phase 
to the other was found to be sluggish and alloys 
annealed at temperatures below 1300°C still showed 
the existence of the high temperature y phase in the 
X-ray pattern. This was also observed in the ter- 
nary system. Alloys containing the y phase in this 
region often showed the high temperature phase to- 
gether with the low temperature phase; however, 
the former gradually decreased in amount with in- 
creasing time of annealing. 

It is interesting that though the « and 7 phases are 
the only two ternary phases found in the region of 
study, they are very close together. Fig. 14a is 
the X-ray spectrometer pattern of alloy 37 (14.3 
O.-42.9 Cr). It shows weak a lines and the alloy 
was actually in the a + « two-phase field. Fig. 15 
shows its microstructure, which consists of small 
particles of a in a matrix of the « phase. The a looks 
bluish gray while the e phase always etches rough. 
The a particles can be identified also with polarized 
light. Although alloy 37 had the stoichiometric com- 
position of Ti,Cr,O, it did not show a single phase. 
This could be attributed either to a lack of equi- 
librium or to a defect lattice structure. 

Fig. 14b is the X-ray spectrometer pattern of 
alloy 54 (16.0 O.-32.5 Cr) in the two-phase region 
of a + 7. The microstructure of alloy 54 is shown 
in Fig. 16. The a phase again shows a dark bluish- 
gray color, but the 7 phase, unlike the « phase, 
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Fig. 16—Alloy 54, 16 atomic pct Oz, 32.5 
atomic pct Cr. Quenched from 1200°C. 
a particles in matrix of » phase. X500. 


Fig. 17—Alloy 49, 10 atomic pct Oz, 40 
atomic pct Cr. Quenched from 1200°C. 
Three phases present, identified by X-ray 
as being a + y + x. X500. 


etches clean. Fig. 17 shows the microstructure of 
alloy 49 (10.0 O.-40.0 Cr) which is in the three- 
phase field a + y +n. 

The microstructure of alloy 39 (29.5 O.-20.0 Cr) 
in the three-phase field a + TiO + « is shown in 
Fig. 18. The banded structure looks very much like 
twins but is actually composed of two phases, a and 
TiO. This same type of structure was also observed 
in the binary Ti-O system.” It did not spherodize 
on long time annealing but only coarsened. This 
type of structure was first found by Smith” in the 
Cu-Si system where the two phases involved are 
also of face-centered cubic and hexagonal close- 
packed structures. The existence of this banded 
structure in these two binary systems was explained 
by Smith” and Bumps et al.” as being due to the 
good match of the octahedral plane of the face-cen- 
tered cubic phase with the basal plane of the hex- 
agonal close-packed phase. The low interfacial en- 
ergy between these two phases undoubtedly con- 
tributes to the unusual stability of this banded 
structure. 

The three-phase fields, « + y + $, and TiO + e« + 
8, were roughly outlined by means of X-ray data 
from the alloys available. Dotted lines were drawn 
for these phase fields, and further work was not 
attempted since the study of this region was beyond 
the planned scope. 

As mentioned before in the section on alloy prep- 
aration, two distinct layers were found in the ingots 
of alloys 55 (20.0 O, — 46.0 Cr), 56 (20.0 O, — 60.0 
Cr), and 60 (30.0 O,. — 30.0 Cr) and could not be 
eliminated by remelting or heat treatment. The 
upper layer was golden in color and was identified 


Fig. 18—Alloy 39, 30 atomic pct Oz, 20 
atomic pct Cr. Quenched from 1200°C. 
e and banded structure of a + TiO. X500. 
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Fig. 20—Vertical section at 2 wt pct Oz, in the Ti-Cr-O system. 


by X-ray investigation to be the TiO phase. The 
lower layer contained the 6 phase. This leads to the 
belief that there must be liquid immiscibility in the 
region containing these alloys. If this is true, then 
some method other than the are melting method 
will be needed to avoid layering. 

Vertical Sections of 1 and 2 Wt Pct O,: With the 
data from the available alloys and the phase boun- 
daries extrapolated from the isothermal sections, 
two vertical sections were drawn and are shown in 
Figs. 19 and 20. 

From these two diagrams it is evident that a small 
amount of oxygen has a great influence upon binary 
Ti-Cr alloys. The 8, and a + £, phase boundary 
rises rapidly with the addition of oxygen. The 
solidus rises only gradually as the oxygen content 
increases. Both of these two vertical sections show 
a large area of the three-phase field a + 6 + ¥. 


Summary 

The titanium-rich corner of the Ti-Cr-O system 
has been studied in detail within the limits of 10 
wt pct O, and 20 wt pct Cr. Four isothermal sections 
at 1400°, 1200°, 1000°, and 800°C were completed. 

The a phase at the Ti-O side was found to be ex- 
tremely brittle. The 6 phase near the titanium cor- 
ner was not retained by quenching and instead an 
acicular a structure was formed. The 6 phase field 
decreases rapidly with decreasing temperature. 

The region extending to about 25 wt pct O, (50 
atomic pct) and 62 wt pct Cr (60 atomic pct) has 
also been studied. An isothermal section at 1200°C 
is presented. 

Two ternary phases were found. The first one, 
designated « phase, corresponds to Ti,Cr,O and had 
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a face-centered cubic structure of the Fe,W.C type. 
The lattice constant was found to be a, = 11.30A, 
and the unit cell contains 112 atoms. The second 
ternary phase, designated » phase, had a more com- 
plicated structure. It was tentatively identified as 
tetragonal. The lattice constants measured were a, 
= 13.14A, c, = 11.20A, and c/a = 0.852. The suggest- 
ed formula was Ti,Cr,O and on the basis of density 
measurements it contains 144 atoms per unit cell. 
Neither of the ternary phases formed directly from 
the liquid phase. The « phase was stable only below a 
temperature which is between 1300° and 1400°C, 
while the 7 phase existed up to about 1400°C. 

Two vertical sections of 1 and 2 wt pct O. were 
constructed. They showed that a small amount of 
oxygen has a great influence upon the binary Ti-Cr 
alloys. 
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Uranium-Titanium Alloy System 


by Murray C. Udy and Francis W. Boulger 


N incomplete phase diagram for the U-Ti sys- 

tem was determined earlier,’ and more recently, 
a tentative diagram was presented for the uranium- 
rich end of the system.’ In the present re-examin- 
ation of the whole system of U-Ti alloys, high 
purity materials were used. 

Melting stock for the alloys was high purity 
uranium, containing about 0.09 pct C as the only 
appreciable impurity, and high purity iodide-process 
titanium purchased from New Jersey Zinc Co. Both 
metals were cold rolled to about 1/6 in. thickness, 
sheared to about 14 in. squares, and cleaned by pick- 
ling. The alloys were arc melted under a helium 
atmosphere in a water-cooled copper crucible. A 
thoriated-tungsten electrode was used. The furnace 
chamber was evacuated, then flushed with helium, 
prior to each melting. It was finally filled with stag- 
nant helium at one atmosphere pressure. 

Each alloy was remelted three times after the 
original melting, to insure homogeneity. The alloy 
button was turned bottom side up before each re- 
melting operation. Some 22 alloys were examined. 
Their compositions were spaced at appropriate in- 
tervals between 100 pct Ti and 100 pct U. Analyses 
were made on chips taken after fabrication. The 
major contaminant was carbon, which varied from 
0.03 to 0.08 pet. It appeared in the microstructure 
as titanium carbide. Alloy compositions were calcu- 
lated to a carbon-free basis for consideration on the 
diagram. 

Tungsten and copper, possible contaminants from 
the melting operation, were generally less than 100 
parts per million each. 


Fabrication 


All alloys were forged and rolled to bars approxi- 
mately % in. square. They were clad either in SAE 
1020 steel or in a 5 pet Cr-3 pct Al-Ti-base alloy, 
depending on the fabrication temperature. A tem- 
perature of 1800°F (980°C) was used for alloys 
near the compound composition. This necessitated 
using the titanium-base alloy, since iron reacts with 
titanium at this temperature, producing a low melt- 
ing alloy. Other alloys were fabricated at 1450°F 
(790°C), using steel jackets. No iron-titanium re- 
action occurred at this temperature. The jackets 
were welded in place in an argon atmosphere. Those 
alloys sheathed in steel were declad and then reclad 
between rolling and forging operations. On the 
other hand, those clad with the titanium alloy were 
cut to a roughly rectangular shape prior to clading 
and were then carried through both the forging and 
rolling operations without opening. Those alloys 
near the compound composition were found to be 
eracked when the clading was removed. The 
cracked materials had been plastically deformed, 
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however, and at least some of the cracking had oc- 
curred during cooling. 


Heat Treatment 

The rolled bars, after being declad and shaped to 
remove surface contamination, were all given an 
homogenizing treatment of 160 hr at 2000°F. (Sam- 
ples were taken for analysis following the declading 
and shaping operations.) All were heat treated at 
the same time in one furnace, but each was sealed 
in a purified argon atmosphere in an individual 
Vycor glass tube. Argon pressure was such that it 
was approximately atmospheric at temperature. 
One end of each tube contained titanium chips and 
this end was heated to 1200°F (650°C) for 10 min 
prior to the heat treatment. This purged the atmos- 
phere of residual reactive gases. The balance of 
the tube was warmed during the purge to liberate 
adsorbed moisture and gases, which also reacted 
with the hot chips. The bars were furnace cooled 
from the homogenization treatment. 

Specimens of each alloy were water quenched 
after 2 hr heating at 1000°, 1200°, 1400°, 1600°, 
1800°, and 2000°F (540°, 650°, 760°, 870°, 980°, 
and 1095°C). In addition, some were treated at in- 
termediate temperatures of 1300°, 1500°, and 1700°F 
Specimens, about 4 in. cubes, were cut from the 
bars, sealed in individual Vycor tubes, and heat 
treated as described. All specimens heat treated at 
the same temperature were processed together. 
Samples were quenched by breaking the Vycor tube 
rapidly under water. 


Metallographic Examination 

Specimens were mounted in bakelite and ground 
wet on 180 grit paper held on a 1750 rpm disk. They 
were then ground wet by hand, using 240, 400, and 
600 grit papers. The rough grinding was continued 
long enough to get well below the surface. Speci- 
mens were mounted separately because of the vari- 
ation in the rate of etching between alloys. The 
specimens were polished with rouge on a 4 in., 
1725 rpm wheel covered with Miracloth. 

Alloys on the titanium side of the compound com- 
position were etched with a solution of 2 pet hydro- 
fluoric acid in water saturated with oxalic acid. A 
few crystals of ferric nitrate were added as a bright- 
ener. Specimens were immersed 5 sec, polished to 
remove the etch, then re-etched. With the higher tita- 
nium alloys, it was often necessary to start the etch 
on the polishing wheel, because of the formation of 
a passive film. In some instances, a plain 2 pet hy- 
drofluoric etch was satisfactory. 

For the alloys on the uranium side of the com- 
pound, a distinction between the compound and the 
uranium phase developed after standing a short 
time in air. This could be hastened by the appli- 
cation of heat, such as obtained by placing the speci- 
men on a radiator. A deep etch was necessary to 
develop details in the uranium-rich phase, such as 
the Widmanstaetten pattern sometimes obtained by 
quenching y uranium. A 2 pct hydrofluoric acid 
solution was used for this deep etching. 
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Fig. 1—100 pct Ti, homogenized 160 hr Fig. 2—70 wt pct, 92.05 atomic pct Ti, ig. 3—5I. 
ae 2000°F (1095°C) and slow cooled. quenched after 2 hr at 1600°F (870°C). homogenized 160 hr at 2000°F (1095°C) 
Large grained « titanium. X500. Widmanstaetten a titanium which had and slow cooled. Primary a titanium plus 
been titanium at temperature. X500.  -titanium- d. X500. 


Fig. 4—51.4 wt pct, 84 atomic pct Ti, Fig. 5—31.5 wt pct, 69.4 atomic pct Ti, 
quenched after 2 hr at 2000°F (1095°C). quenched after 2 hr at 1400°F (760°C). homogenized 160 hr at 2000°F (1095°C) 
8 titanium deep etched to show grain 8 titanium with residual compound in and slow cooled. Compound plus com- 
boundaries. X500. grain boundaries and some in the rem-  pound-a-titanium eutectoid. X500. 
nants of the eutectoid. This is close to 
the eutectoid composition. X100. 


Specimens were examined at 100, 500, and some- 2—f titanium—high temperature body- 
times 2000, magnifications. In most instances, pic- centered phase. 
tures were taken for record purposes. Figs. 1 through 3—Compound based on U,Ti—hexagonal phase, 
9 show typical structures. a, = 4.817A, c, = 2.844A. 
X-Ray Examination 4—a uranium—low temperature phase. 


To aid in the interpretation of microstructure, 


X-ray diffraction methods were used to identify 


Table |. Liquidus Temperatures of U-Ti Alloys 
phases. The best diffraction data were obtained 


with an X-ray spectrometer, using filtered copper 


Uranium, Pct Liquidus, °C 
radiation. The majority of the X-ray data were Specimen Wt Atomic (Corrected) 
obtained from the polished and etched samples used 
for metallographic study. Because many of the sam- Uranium 100 100 - wee aE a 
ples were very coarse grained, it was necessary to 22 96.4 84.3 1230 + 20 
mount the specimen on a goniometer and oscillate 
the angle of incidence of the X-ray beam upon the 9 oa 62.4 1435 = 20 
sample in order to obtain all the reflections possible 6 78.7 42.6 1338 + 30 
: 20 68.5 30.6 1555 + 20 
from the various phases. 33 60.6 23.7 1615 = 20 
The following phases were identified: = nee 16.0 1625 + 20 
titanium—low temperature hexagonal 16 0.9 
phase. Iodide Ti 0 0 1725 + 25 
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Fig. 7—10.8 wt pct, 37.6 atomic pct Ti, 
quenched after 2 hr at 1200°F (650°C). 
Essentially all compound. X100. 


Z 


X500. 


do—y uranium—high temperature phase. 
In no case was 8 uranium identified. 


Determination of Liquidus Temperatures 


Liquidus temperatures, for 12 of the alloys, were 
determined optically by observing the tempera- 
ture at which the center of a ¥%x’%&x' in. specimen 
melted. An attempt was also made to determine the 
solidus, but in most cases accuracy was impossible. 
The specimens were supported on the edge of a strip 
of thin tantalum sheet bent to triangular shape. The 
determinations were conducted in an induction- 
heated, argon-atmosphere furnace. The readings 
were corrected by observing the melting tempera- 
tures of substances of known melting point. Results 
are given in Table I. 


Uranium-Titanium Diagram 


Fig. 10 is the phase diagram of the U-Ti system, 
based principally on the present work. The points 
indicate the phases believed to exist at temperatures 
based on the metallographic and X-ray examina- 
tions. 

Since no specimens were examined in the region 
where a and 8 uranium should be stable, the results 
of Buzzard, Liss, and Fickle’ were used for the com- 
position of the eutectoid between § uranium and 
the compound and for the composition of the peri- 
tectoid involving a uranium and the compound. No 
solid-solution phase, such as labeled “delta” by 
Buzzard et al.,° was identified metallographically 
or by X-ray. Instead, complete solid solubility be- 
tween £8 titanium and y uranium is indicated. At 
about 1635°F (890°C), the compound U.Ti decom- 
poses into 6 titanium plus y uranium solid solution. 
This temperature has been established by thermal 
as well as metallographic means. 

The higher melting points observed in the ura- 
nium-rich end of the system in the previous study’ 
and in the work by Buzzard et al.’ were not verified. 
It is believed that the high values observed earlier 
on samples melted in beryllia may have resulted 
from the same type of film that obscured the true 
melting point of uranium for so long. 

On the titanium side of the diagram, liquidus and 
solidus determinations of the previous work* with 
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Fig. 8—7.5 wt pct, 28.7 atomic pct Ti, 
homogenized at 2000°F (1095°C) and 


slow cooled. Compound and a@ uranium. 


Fig. 9—2.0 wt pct, 9.2 atomic pct Ti, 
quenched after 2 hr at 1400°F (760°C). 
Widmanstaetten a uranium and com- 
pound. X500. 


less pure material are in good agreement with pres- 
ent observations. They are shown in Fig. 10 as 
triangles. 

The temperatures of the eutectoids between a ura- 
nium and the compound, and between 6 uranium 
and the compound and the temperature of the peri- 
tectoid involving a uranium and the compound are 
those determined in the earlier work by dilatometric 
and thermal means.’ The structure of the compound 
confirms that determined by X-ray in the earlier 
work by W. J. Tucker, of Knolls Atomic Power 
Laboratory.* 

The complete solid solubility between y uranium 
and § titanium is not unique. A similar condition 
exists in the Ti-Cr, Ti-Mo, and Ti-Cb systems. In 
the case of uranium, 50 wt pct or 18 atomic pct is 
needed to stabilize § titanium on quenching. Other- 
wise, a Widmanstaetten a titanium structure is ob- 
tained. On the uranium side, 3 wt pct Ti, or 14 
atomic pct is needed to stabilize y uranium on 
quenching. Otherwise, a Widmanstaetten a uranium 
structure is obtained. 

The intermediate 8 uranium phase was not ob- 
served in any of the structures. This seems to indi- 
cate that titanium does not stabilize this structure. 
However, no concentrated effort was made to study 
this region of the diagram. One specimen quenched 
from the supposed £ titanium plus compound field 
showed a Widmanstaetten a uranium structure. 

Weight Per Cent Titanium 


40 50 60 7080 100 


10 20 30 
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Temperature, C 
Temperature, C 
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Fig. 10—Uranium-titanium constitution diagram. 
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Technical Note 


Heat Treatment of Titanium Generalized in Terms of Beta Prime 


by Leonard D. Jaffe 


HE data recently published*® on heat treatment 

of titanium alloys have not been readily sys- 
tematized into an overall picture. When the 6 
titanium phase transforms isothermally at low tem- 
peratures, the hardness follows a typical age-hard- 
ening pattern, going through a peak as schematized 
by the “hardness” vs ‘“‘time of isothermal transform- 
ation” coordinates of Fig. 1. As the temperature is 
raised, the peak will decrease in height and occur 
at shorter times; slowing must however take place as 
the 8 transus is approached. 

The brittle microconstituent in the region of peak 
hardness has been termed £’. Its structure is still 
undetermined but it is clearly a transition stage 
from soft 8 to the 6 + a that is found at the right of 
the peak. 

On continuous cooling, high cooling rates corres- 
pond to short times on Fig. 1; abscissa labeling has 
been added accordingly. Extremely rapid cooling 
will retain soft 8; very slow cooling will precipitate 
soft a; intermediate rates give hard £’. Increasing 
distance from the water-quenched end of a Jominy 
hardenability bar corresponds to slower cooling 
(right on Fig. 1), but the range of cooling rates 
covered by a Jominy bar is only a small portion of 
that shown in the figure. 

The £-stabilizing alloying elements retard the 
transformation process, moving the material to the 
left on Fig. 1. A lean alloy is harder water-quenched 
(f’) than air-cooled (8 +a); a rich alloy is harder 
air-cooled (f’) than water-quenched (8). Examples 
of the position of various compositions with respect 
to the curve, based on limited data in the literature, 
are given at the top of the figure. 

Oxygen and carbon accelerate the transformation 
process, moving the material to the right on Fig. 1. 

If an alloy quenched quickly enough to retain 
soft 8 is reheated below the 8 transus (tempered), 
it ages, going through a hardness maximum as time 
increases (moving right on Fig. 1). Material which 
after cooling from the 6 range lies on or right of the 
hardness peak, will move still further right on 
tempering, and so soften. 

Since the rate of the tempering (aging) reaction 
increases with temperature, the figure also may be 
used to represent the variation in properties with 
tempering temperature, at short tempering times. 

The simple picture given here neglects martensite 
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Behavior of Alloys cf Commercial Purity, Water quenched (x) and Air cooled (o) 
from the Beta Range in small sections 


x x1/2Mn0 x Unolloyed o 
o x4Mn ° x 7Al ° 
x x3Cr ° 
xIlMo o 7Cr ° 
x Wer o x2V ° 
x5 V ° 5 Fe ° 
4Mn4Alo 
x 5Cr 3Al x2Cr2Al o 
x4Cr2Al o 
2Alo0 
xlOMo2 Al ° 
6Mo2Alo x2Fe2Alo 
x2V 2Alo 
x 6V2Al o x2V4Al 0 
lx3cr o 


Hardness 
Brittleness —— 


Increasing % —> 


Time of Isothermal Transformation 
<— Cooling Rate from Beta Range 
Jominy Distance 
Alloy Content 
Oxygen and Carbon Content 
Tempering Time 
Tempering Temperature (short time) ——~ 


_ 


Fig. 1—Effect of variables upon properties of alloys first held in 
B range, schematic. 


transformation, as well as differences between de- 
composition products of 8 formed by direct isother- 
mal transformation and those formed by quenching 
and tempering. It may nevertheless be of use as a 
guide for practical heat treatment and for further 
research. 
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Aging Characteristics of Nickel-Chromium Alloys 


Hardened with Titanium and Aluminum 


by Rolf Nordheim and Nicholas J. Grant 


An extensive study was made of the aging characteristics of 
alloys based on the 80 pct Ni-20 pct Cr composition hardened with 
aluminum and/or titanium, each up to 4 pct. Aging was followed 
by means of hardness and hot electrical resistance measurements 
as well as by X-ray and microscopy. Stress rupture tests at 1500°F 
were utilized as a check on the predicted behavior. 


HE titanium and aluminum hardened Ni-Cr al- 

loys, exemplified by Nimonic 80 and Inconel X, 
constitute one of the more important groups of 
alloys developed to meet the demand for materials 
retaining their strength at elevated temperatures. 
For service in the temperature range 1200° to 1500°F, 
these alloys offer high creep resistance. With in- 
creasing service temperature, however, the strength 
of the simpler Ni-Cr base alloys falls off rapidly so 
that above 1500°F there is a significant loss of 
strength. 

The present investigation was undertaken with 
the hope that a better understanding of the factors 
controlling the precipitation hardening of these al- 
loys would make it possible to increase the useful 
service temperature range. Primarily this investi- 
gation involved the study of the effects of titanium 
and aluminum on the hardening and the subsequent 
softening at elevated temperatures. The titanium and 
aluminum contents were each varied between 0 and 
4 pet by weight at a constant nickel to chromium 
weight ratio of about 4:1. (Except when otherwise 
stated, all compositions are expressed on a weight 
basis.) The major part of the investigation was con- 
fined to alloys with less than 0.06 pct C. 

Recently several papers dealing with the identity 
of the microconstituents in the titanium and alu- 
minum hardened Ni-Cr alloys have been published. 
Using X-ray analysis of the residues from anodic 
dissolution, Rosenbaum’ was only able to identify 
carbides and nitrides in Nimonic 80 and Inconel X. 
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However, since Rosenbaum worked with alloys in 
the hot rolled rather than in the aged condition, his 
results are inconclusive. Recently Hignett® reported 
that the hardening of Nimonic 80 was due to the 
controlled precipitation of Ni,(TiAl) having the 
cubic Ni,Al structure. Taylor and Floyd*®”® published 
the results of an investigation of the nickel-rich 
corner of the Ni-Cr-Ti, Ni-Cr-Al, and Ni-Ti-Al sys- 
tems. In the Ni-Ti and the Ni-Al systems the hex- 
agonal Ni,Ti phase, 7, and the cubic Ni,Al phase, y’, 
respectively, exist in equilibrium with the nickel- 
rich solid solution. The interatomic distances in the 
basal plane of Ni,Ti and the octahedral planes of the 
matrix are almost equal, thus explaining the Wid- 
manstaetten type structure formed when Ni,Ti pre- 
cipitates from solid solution. When Ni,Al1 precipitates 
from solid solution, it appears usually in globular 
form, often dispersed along rows corresponding to 
definite crystallographic directions. The y and y’ 
phases are also the only intermetallic compounds 
which occur in the nickel ternary alloys with up to 
Cr and! 10) pet or Als 
found that Ni,Ti takes practically no nickel, chro- 
mium, or aluminum into solution. Ni,A1, on the other 
hand, dissolves a considerable amount of chromium 
and titanium and some nickel. Up to three out of 
every five aluminum atoms could be replaced by 
titanium in Ni,Al. This substitution caused a slight 
increase (less than 1 pct) in the lattice parameter. 

With respect to the effect of variation in the tita- 
nium and aluminum contents on the high tempera- 
ture strength of Nimonic 80 type alloys, Pfeil, Allen, 
and Conway’* reported that an 80 pct Ni-20 pct Cr 
alloy containing 0.20 to 0.30 pct Al had the highest 
creep resistance when the titanium content was kept 
between 1.65 and 2.75 pct. 


Experimental Procedure 
The materials used for this investigation were 
electrolytic nickel, electrolytic or low carbon chro- 
mium, sponge titanium and 2S aluminum. The alloys 
were melted in an indirect carbon are furnace under 
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Fig. I—Alloy 684. 3.2 pct Al, aged 430 hr 
at 1650°F. Etchant A. X500. 
a slightly oxidizing atmosphere, the weight of the 
heats being approximately 2 lb. 

The results of chemical analysis for titanium, alu- 
minum, and carbon are given in Table I. It was 
found that the chromium recovery was 98 to 99 pct. 
One alloy was analyzed for iron, manganese, and 
silicon with the following results: 0.67 pct Fe, 0.04 
pet Mn, and 0.31 pct Si. 

All the heats used for the study of the precipita- 
tion processes were poured into silica precision cast- 
ing investment molds giving bars of % and % in. 
diameter. These bars were homogenized for 45 hr 
at 2170°F, which resulted in an average grain size 
of about 1/16 in. The subsequent heat treatments 
included a 4 hr solution treatment at 2000°F, fol- 
lowed by water quenching and then aging at tem- 
peratures ranging from 1250° to 1800°F. The atmos- 
phere was purified helium for all the heat treat- 
ments at and above 1650°F and at 1450° and 1550°F 
for periods of time longer than 20 hr. 

The precipitation processes were followed by 
metallographic techniques, Rockwell hardness meas- 
urements, and electrical resistance measurements at 
temperature. Disks 3/16 in. thick were cut from the 
3, in. diameter bars and used for both the hardness 
readings and the metallographic examinations. These 
samples were water quenched from the aging tem- 
perature. The reported hardness values represent 


Table |. Titanium, Aluminum, and Carbon Contents 
of the Experimental Alloys 


Weight Percent Atomic Percent 


Alloy No. Ti Al Cc Ti Al 


Alloys for Precipitation Studies 
649 Bal 


2 5 0.03 2.4 1.0 
653 0 0.9 0.024 0 1.9 
654 0.9 0.5 0.034 1.0 1.0 
661 2.2 0.9 0.03 2.6 1.9 
662 2.2 0 0.06 2.6 0 
684 0.05 3.2 0.03 0.05 6.5 
688 3.2 0.8 0.02 3.7 3) 
689 2.2 1.4 0.025 2.6 2.8 
690 2.3 | 0.068 4.3 
692 oie! 0 0.066 4.4 0 
854 1.0 0.7 0.027 1.2 1.5 
855 3.0 0.5 0.022 3.0 1.0 
982 0 2.8 0.01 0 5.7 

Alloys for Stress Rupture Tests 

930 2.0 0.9 0.012 2.4 1.9 
932 2.3 15 0.011 2.7 od 
934 3.2 0 0.016 3.7 0 
1027* 0 3.8 0.04 0 7.8 
1028* 0 3.9 0.027 0 8.0 
1043* 3.3 1.0 0.037 3.8 2.1 


* Alloys deoxidized with 0.2 pct Ca-Si. 
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the average of three or four readings and in prac- 
tically no case differed by more than three units. 

For metallographic examination the samples were 
mechanically polished and etched anodically (3 to 4 
volts) in one of the following reagents: etchant A— 
aqueous solution of 10 pct glycerine and 5 pct hydro- 
fluoric acid for 5 to 10 sec, etchant B—aqueous solu- 
tion of 10 pct oxalic acid for 5 sec, etchant C— 
aqueous solution of 5 pet sodium hydroxide for 15 
to 30 sec. 

Etchant A was generally used to reveal the struc- 
ture of the aged samples. The effect of this etchant 
was to dissolve the matrix around the precipitated 
particles. No staining was observed when the etch- 
ing period was limited to 10 sec. Since etchant A did 
not successfully develop the grain boundaries of 
alloys quenched from above the saturation tempera- 
ture, etchant B was used to reveal the structure 
after solution treatment. Etchant C was occasionally 
used for Ni-Cr-Ti alloys. Etching with this reagent 
stained the matrix, but left the precipitated particles 
unattacked. 

The 3/16 in. diameter bars were used for the elec- 
trical resistance measurements. Nickel wire, spot- 
welded to the specimen, served as current and poten- 
tial leads. With a Kelvin double bridge, changes 
corresponding to 0.1 pct of the gage resistance could 
be detected. The temperature was measured with a 
chromel-alumel thermocouple attached to the speci- 
men. The heat treatments were done in furnaces 
having a temperature fluctuation not exceeding 
+2°F. The temperature variation along the speci- 
men was less than 2°F. After the specimen had been 
placed in the furnace, the aging period was timed 
from the moment the thermocouple reached the 
temperature chosen for the heat treatment. This 
usually occurred within 3 or 4 min. 

For each alloy the same specimen was used for 
all the aging treatments. After each run the speci- 
mens were given a 4 hr solution treatment at 2000°F 
and water quenched. Since the room temperature 
resistance after such a 2000°F water quench re- 
mained constant within +0.3 pct during the course 
of the runs, it was concluded that an insignificant 
amount of chromium had been lost during the re- 
peated solution and aging treatments. 

Identification of the phases which precipitated 
during aging was done by X-ray analysis of solid 
samples. Disks used for this examination were cold 
worked after solution treatment, recrystallized at 
2000°F, and aged for 500 hr at 1450°F. These aged 
samples were mechanically polished and etched 
anodically with etchant A for 5 to 10 sec. This left 
the precipitated particles standing out in relief. 

On the basis of the precipitation studies some 
alloys were prepared for stress rupture tests. The 
heats for these tests were poured in 1 in. diameter 
graphite molds. A Ca-Si alloy of 0.2 pet was added 
to some of the heats to facilitate the forging opera- 
tion. For the same purpose all the ingots were homo- 
genized for 24 hr at 2170°F. The ingots were forged 
at 2200° to 2000°F to bars of 34 in. diameter. From 
these, 4% in. diameter, 1 in. gage length test bars 
were machined. The bars were solution treated at 
2000°F and aged at temperatures ranging from 1300° 
to 1500°F. They were tested at 1500°F. 


Results and Discussion 


Structural Characteristics of the Microconstituents: 
In alloys having additions of aluminum only, aging 
resulted in the precipitation of a finely dispersed 
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phase. Fig. 1 shows that this phase occurred to a 
great extent as globular particles, but there was also 
evidence of preferential growth of some of the pre- 
cipitate along certain lattice planes in the matrix. 
It was determined from observations of aged struc- 
tures that about two-thirds of the aluminum atoms 
could be replaced by titanium without any appre- 
ciable change in the microstructure, confirming the 
observations of Floyd and Taylor.’ 

In Fig. 2 are shown, using atomic percentages, the 
compositions of the alloys used for the aging studies. 
For all the quaternary alloys represented by this 
chart, precipitation produced a microstructure sim- 
ilar to that of Fig. 1. (Alloy 855, having a titanium 
to aluminum atomic ratio of about 4:1, also con- 
tained a small amount of the acicular phase which 
precipitated in Ni-Cr-Ti alloys; see below.) The 
X-ray patterns of the alloys for which the micro- 
structure showed the precipitation of the finely dis- 
persed phase were all similar and revealed in addi- 
tion to the pattern of the matrix, the presence of a 
second constituent which was identified as Ni,Al. The 
Bravais lattice of this constituent is face-centered 
cubic,’ with the aluminum and nickel atoms occupy- 
ing the cube corners and faces, respectively. It was 
found that the lattice parameter of this second phase 
increased with the titanium to aluminum ratio of 
the alloys as shown in Table II. This indicates that 
in the alloys containing both aluminum and tita- 
nium, titanium, which has a larger atomic radius 
than aluminum, had replaced some of the aluminum 
atoms in Ni,Al. 

In alloys containing titanium only, aging resulted 
in the precipitation of a needle-like phase which 
formed a well-defined Widmanstaetten type struc- 
ture, Fig. 3. This phase was identified as being the 
hexagonal close-packed Ni,Ti compound. Comparison 
of Figs. 1 and 3 shows that for similar heat treat- 
ments the Ni,Ti particles grew to a larger size than 
the Ni,Al particles. 

These results agree well with those of Taylor and 
Floyd, particularly with respect to the existence of 
the intermetallic compounds Ni;,;Al and Ni,Ti and 
their respective homogeneity ranges. However, the 
solubilities for titanium and aluminum in an 80 pct 
Ni-20 pct Cr alloy, as observed in the present work, 
were lower than those reported by Taylor and Floyd. 
The higher solubilities found by these investigators 
may be due to the higher purity of their alloys. 
Included in Fig. 2 are the tentative saturation tem- 
peratures based on metallographic examinations. 

In the following presentation the two phases Ni,Al 
and Ni,Ti will be referred to as y’ and 7», respec- 
tively, in conformity with the notation used by 
Taylor and Floyd. 

Precipitation of y’: Figs. 4 to 6 show the micro- 
structural changes during aging of an alloy with 2.2 
pet Ti and 0.9 pct Al (alloy 661). The composition 
of this alloy is close to that of the early variation of 
Nimonic 80. (For comparison, for each micrograph 
the corresponding Rockwell B hardness is listed.) 

After aging for 1 and 20 hr at 1250°F, Fig. 5a 
and b, there was evidence of recrystallization along 
the grain boundaries, probably as a consequence of 
the plastic strains caused by the precipitation stresses, 
resulting in what appears to be grain boundary 
migration. This kind of recrystallization was ob- 
served quite frequently in the alloys containing tita- 
nium, but never in alloys without titanium addi- 
tions. This observation supports the other data that 
the stresses associated with the precipitation of y’ 
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Fig. 2—Composition of low carbon alloys used for aging studies. 
Numbers appearing above the circles indicate the respective alloy 
numbers. The dotted lines are tentative saturation temperatures 
based on the microstructural appearances after aging. 


are increased by substitution of titanium for alu- 
minum in Ni,Al, as shown by the lattice parameter 
data presented in Table II. The difference between 
the lattice parameter of the matrix and the y’ phase, 
and thus the misfit between the lattices of the two 
phases, increased with the substitution of titanium 
for aluminum. After aging 480 hr at 1250°F there 
was evidence of heavy, although submicroscopic, pre- 
cipitation along the grain boundaries and within the 
grains, Fig. 5c. The finely dispersed dark spots in 
the grains are due to the etch attack, around each 
precipitated particle. During aging at 1450°F for 540 
hr, growth to particles visible at X500 had occurred 
along the grain boundaries but growth of the par- 
ticles within the grains was limited, see Fig. 6d. 
Aging at 1650°F for increasing periods of time 
caused no significant changes in the microstructure, 
indicating that the saturation temperature had been 
exceeded almost immediately. 

Comparison of the microstructural changes during 
aging of alloys 684 (3.2 pct Al) and 688 (3.2 pct Ti, 
0.8 pet Al) showed that by replacing aluminum with 
titanium the rate of growth of the precipitate was 
decreased. 

Although the hardness and electrical resistance 
changes during aging were qualitatively similar 
irrespective of the titanium to aluminum ratio of 
the alloys, Figs. 7 and 8 show that the substitution 
of titanium for aluminum did modify the time- 
temperature relationships for the changes notice- 
ably: the hardness for a given time at temperature 
was higher and the initial increase in electrical re- 
sistance was more marked in the alloys containing 
both titanium and aluminum as compared to the 


Table Il. Lattice Parameter of the Phases in Alloys Containing 
Aluminum With or Without Titanium. Alloys Aged 500 Hr at 1450°F 


Lattice Parameter 


Alloy No. Composition Matrix Second Phase 
684 3.2% Al 3.57 kX 3.575 kX 
690 2.3% Ti; 2.1% Al 3.57 kX 3.59 kX 
688 3.2% Ti; 0.8% Al 3.57 kX 3.60 kX 
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Fig. 3—Alloy 692. 3.7 pct Ti, aged Fig. 4—Alloy 661. 2.2 pct Ti, 0.9 pet 
430 hr at 1650°F. Etchant C. X500. Al, solution treated at 2000°F. Et- 
chant B. 65R,. X500. 


a—Aged 1 hr at 1250°F. R,, 80. b—Aged 20 hr at 
Etchant A. X500. 


1250°F. R,, 90. c—Aged 480 hr at 1250°F. R,, 102. 


Fig. 5—Alloy 661. 2.2 pct Ti, 0.9 pct Al. 


Fig. 6—Alloy 661. 2.2 pct Ti, 0.9 pct Al. Etchant A. X500. 


a (left)—Aged 18 min at 1450°F. R,, 87. 

b (center)—Aged 4 hr at 1450°F. R,, 88. 

c (upper, right)—Aged 18 hr at 1450°F. R,, 87. 
d (lower right)—Aged 540 hr at 1450°F. R,, 88. 


titanium-free alloys. This latter effect was probably 
due primarily to the greater stresses associated with 
the precipitation of y’ in the alloys having aluminum 


partly replaced by titanium. 
Close examination of Figs. 2 and 7 clearly shows 


the role of the two important factors (first, the com- 
bined atomic percentage of titanium and aluminum 
TRANSACTIONS AIME 
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Fig. 7—Change in the hardness of alloys 649, 661, 689, 855, 633, 
and 690 during aging at 1250° to 1650°F. X represents the 
hardness for solution treated structure. 


on the saturation temperature, and second, the sub- 
stitution of titanium for aluminum on the rate of 
overaging) on the hardness curves of the various 
alloys as a function of time at temperature. As the 
total aluminum plus titanium content increases, in 
the order of alloys 649, 661, 855, 689, 688, and 690, 
the hardness at each temperature is higher and over- 
aging (as measured by hardness) occurs progres- 
sively more slowly. The curves in Fig. 7 are based 
on many points at each temperature; the points were 
omitted for the sake of clarity. The deviation of 
points (average of at least three readings) was less 
than 2 hardness numbers from the curves shown. 

Alloys 661 (2.2 pet Ti, 0.9 pct Al) and 855 (3.0 pct 
Ti, 0.5 pet Al) have about the same total atomic 
percentage of the two elements and have about the 
same saturation temperatures (see Fig. 2). Fig. 7 
shows, however, that the increased titanium content 
is more significant in imparting hardness at the 
higher temperatures than is aluminum. This is prob- 
ably due to the decreased rate of growth of the pre- 
cipitate caused by the replacement of some of the 
aluminum by titanium. 

Typical electrical resistance curves (at tempera- 
ture) are shown in Fig. 8. They indicate a similar 
behavior to that shown by the hardness curves but 
were more difficult to interpret. Such resistance 
curves were used to confirm the hardness data for 
all the alloys and served as a simple check; how- 
ever, they were not entirely useful by themselves, 
without supporting data of other types. 

Reference to Fig. 7 shows that the hardness of 
alloy 661 (2.2 pet Ti, 0.9 pct Al) did not change 
during aging at 1650°F. This is in agreement with 
the results of the microstructural examinations, dis- 
cussed previously, which indicated that 1650°F is 
above the saturation temperature for alloy 661. 

On the basis of the hardness curves for alloy 661 
and the tentative saturation temperatures shown in 
Fig. 2, it can be seen why the strength of the early 
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Nimonic 80 variation (2.0 to 2.5 pet Ti, 0.7 to 1.0 
pet Al) dropped so sharply when the service tem- 
perature was increased to 1500°F, or higher. To in- 
crease the useful service temperature of the Nimonic 
80 type alloys the total solute content should be in- 
creased according to the increase in solubility with 
temperature. 

Precipitation of n: Fig. 9 shows the course of pre- 
cipitation of 7 from alloy 692 (3.7 pct Ti) at 1450°F. 
After aging 540 hr, the needlelike particles could 
clearly be resolved at a magnification of X500. Dur- 
ing aging at 1650°F, however, the particles grew 
within a few hours to a size visible under an optical 
microscope. Fig. 3 shows the microstructure after 
aging 430 hr at 1650°F. 

Precipitation of 7 in alloy 692 was characterized 
by a noticeable incubation period for the changes in 
hardness and electrical resistance, Fig. 10. (At 
1650°F the hardness readings were scattered ran- 
domly around 75 Rockwell B.) Such an incubation 
period was not observed during precipitation of y 
from alloys having a saturation temperature ap- 
proximately equal to that for alloy 692. (Compare, 
for example, Fig. 10 with the hardness and electrical 
resistance curves for alloy 661, Figs. 7 and 8.) This 
difference in the hardness and resistivity changes of 
the two types of alloys might be explained by con- 
sideration of the precipitation processes for the y’ 
and the 7 phases. Whereas the nucleation of y’ in- 
volves only a segregation and an ordering of the 
titanium and aluminum atoms, the formation of a 
nucleus of 7 requires in addition a restacking of the 
close-packed layers from the face-centered cubic to 
the hexagonal arrangement. Furthermore, as was 
shown by Taylor and Floyd,** » dissolves practically 
no chromium and nickel, whereas y’ dissolves a con- 
siderable portion of chromium and some nickel. 
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Fig. 8—Change in the electrical resistance at temperature of 
alloys 661, 684, and 688 during aging at 1250° to 1650°F. 
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Fig. 10—Change in the hardness and the electrical resistance of 
alloy 692 (3.7 pct Ti) during aging at 1250° to 1650°F. X repre- 
sents the hardness after solution treatment. 


Thus, for the formation of » the composition re- 
quirements are more strict than for the precipitation 
of y’. It is expected therefore that the nucleation of 
n is a slow process compared with that of y’, and 
when a nucleus of y is formed, further depletion of 
the neighborhood matrix will take place more easily 
by growth of this nucleus than by formation of new 
ones. As a result, the number of » particles formed 
during the early part of the aging treatment was 
relatively small, and the interparticle distance large. 
Consequently, the associated changes in hardness 
and electrical resistance were small, or not at all 
noticeable. As the aging period increased, the num- 
ber of precipitated particles increased, which de- 
creased their spacing. Ultimately, increases in both 
hardness and resistance were observed. 

Stress Rupture Tests: Fig. 11 is a log-log plot of 
stress vs rupture life at 1500°F for some wrought 
alloys with compositions similar to those alloys dis- 
cussed in the previous sections. Before testing, the 
rupture bars were solution treated for 8 hr at 
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For the alloys hardened by precipitation of y’ the 
fracture was a combination of transcrystalline and 
intercrystalline at the higher stress levels and 


Table III. Elongation at Rupture for Alloys Tested at 1500°F 
Alloy Alloy Alloy 
930 932 Alloy Alloy Alloy 1043 
2.0% Ti, 2.3% Ti, 934 1027 1028 3.3% Ti, 
Stress 0.9% Al 1.5%Al 3.2% Ti 3.8% Al 3.9% Al 1.0% Al 
Solution Treated 8 Hr at 2000°F and Aged 16 Hr at 1300°F 
45,000 4.0 18.0 1.0 
35,000 6.0 2.0 17.5 9.5 1.0 
30,000 35.0 
25,000 9.0 
22,000 1.0 
20,000 6.0 3.0 23.5 2.0 3.0 
13,000 25.0 
Solution Treated 4 Hr at 2000°F and Aged 20 Hr at 1450°F 
60,000 3.5 
45,000 15.5 5.0 
35,000 8.5 1.0 
22,500 1.0 
20,000 2.0 2.0 
Solution Treated 4 Hr at 2000°F and Aged 20 Hr at 1560°F 
60,000 
45,000 50 
35,000 2.0 
20,000 3.0 
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Fig. 12—Stress ys minimum creep rate for alloys with the following 
combinations of solution and aging treatments: Solution treated 
8 hr at 2000°F (air cooled) and aged 16 hr at 1300°F; solution 
treated 4 hr at 2000°F (water quenched) and aged 20 hr at 
1450°F; solution treated 4 hr at 2000°F (water quenched) and 


aged 20 hr at 1560°F. Test temperature 1500°F. 


mainly intercrystalline at 20,000 psi or lower. The 
curves for alloys 1027 (3.8 pet Al), 1028 (3.9 pct 
Al), and 1043 (3.3 pet Ti, 1.0 pet Al) confirm the 
observations that were made regarding the increased 
strengthening effect obtained by replacing alumi- 
num in part by titanium. Such substitution also de- 
creased the creep rate (Fig. 12), the elongation at 
rupture (Table III), and the tendency to transcrys- 
talline fracture. Fig. 11 also demonstrates the effect 
of an increase in the solute content of the alloys. 
Compare the progressively improved rupture 
strengths of alloys 930 (2.0 pct Ti, 0.9 pet Al), 932 
(2.5 pct Al), and 1043, (3.3 pet, 120) pct 

The rupture lives obtained during these tests are 
somewhat lower than expected from data published 
for commercial alloys. For a Nimonic 80 alloy with 
2.5 pct Ti and 0.8 pct Al, the 100 hr rupture strength 
at 1500°F was 21,000 psi,® and higher values have 
been reported for alloys with higher solute content. 
It was thought that the lower strength observed 
during the present investigations was in part due to 
the large grains which occasionally occurred in the 
structure, Fig. 13. In an attempt to reduce the 
amount of abnormal grain growth taking place dur- 
ing the solution treatment, a series of test bars were 
solution treated for only 4 hr. These bars were 
water quenched from the solution temperature 
(2000°F). Furthermore, to produce, if possible, a 
more stable structure the aging temperature was in- 
creased to 1450°F, the aging period being 20 hr. 
The results of stress rupture tests of alloys 1027 
(3.8 pet Al) and 1043 (3.3 pct Ti, 1.0 pct Al) heat 
treated in this manner, are reproduced in Figs. 12 
and 14. Whereas the change in heat treatment had 
no effect on the rupture and creep strengths of alloy 
1027, which contains only aluminum, it increased 
significantly the rupture strength from 21,000 to 
25,000 psi for 100 hr at 1500°F, and decreased the 
creep rate of alloy 1043. For alloy 1043 the 
4 hr-2000°F solution treatment, 20 hr-1450°F aging 
treatment also resulted in greater rupture elonga- 
tion at the higher stress levels, Table III. Similar 
changes were observed for alloy 661 (2.0 pct Ti, 
0.9 pet Al). 
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This change in the rupture characteristics of alloy 
661 and 1043 cannot be a grain size effect because 
the grain size range and the grain size distributions 
after the two different combinations of solution and 
aging treatments were practically the same. Most 
probably the improvement in rupture strength is 
related to the increased aging temperature. The 
1300°F aging treatment might have strengthened 
the grains to such an extent that stress concentra- 
tions could not be released by local deformation 
within the grains. This would cause early rupture 
with little elongation. On the other hand, aging at 
1450°F might probably result in a somewhat softer 
(see Fig. 7), less critically strained structure capa- 
ble of some deformation, as evidenced by the higher 
creep rate in spite of the longer rupture life. 

To determine the effect of a further increase in the 
aging temperature for alloy 1043, one series of test 
bars was aged at 1560°F for 20 hr after a 4 hr solu- 
tion treatment. Compared with the 1450°F aging 
treatment, the 1560°F treatment gave the same high 
rupture strength, but a higher creep rate and rup- 
ture elongation (see Fig. 12 and Table III). This 
again is in line with the concept of a less critically 
strained structure. 

In Figs. 11 and 12 are also plotted the rupture and 
creep strengths of alloy 934 (3.2 pct Ti) which was 


Fig. 13—Alloy 1043. 3.3 pct Ti, 1.0 pct 
Al. Solution treated 8 hr at 2000°F (air 
cooled) and aged 16 hr at 1300°F (air 


cooled). Fracture zone of rupture bar tested 
at 1500°F and 45,000 psi. Etchant A. X75. 


STRESS IN 1000 PSI 


20} — 
O ALLOY 1027—O% Ti; 3.8% A1l,0.04 %C 
ALLOY 1043 —3.3%Ti ; 1.0% Al,0.04%C 


{ 
10 102 103 
RUPTURE LIFE IN HRS. 


Fig. 14—-Stress ys rupture life for alloys solution treated 4 hr at 
2000°F (water quenched) and aged 20 hr at 1450°F. Test tem- 
perature 1500°F. 


FEBRUARY 1954, JOURNAL OF METALS—217 


50 
45 ° 
40 
\ Va 
1 
‘ 3 a 
bd 4 
| | | 
60 Q 
2 
45 
1043 
1027 
35 9° 
30 = 
° 


‘le 
a—Fracture zone of rupture bar tested 
directly at 1500°F and 20,000 psi. 1.2 


hr rupture life and 23.5 pct elongation. 
X150. 


Fig. 15—Alloy 934. 3.2 pct Ti. Solution 


b—Fracture zone of rupture bar tested 
at 1500°F and 9000 psi for 431 hr with- 


out fracture. 1.1 hr at 20,000 psi to 
fracture. Total elongation, 6.5 pct. X250. 


treated 8 hr at 2000°F (air cooled) and 


aged 16 hr at 1300°F (air cooled). Etchant A. 


hardened by precipitation of 7. The high tempera- 
ture short time strength of this alloy was much 
lower than that for any of the alloys hardened by y’, 
probably because of the lower rate of nucleation of 7. 

Fig. 11 shows, however, that a specimen tested at 
9000 psi lasted considerably longer than that ex- 
pected from the extrapolation of the short time data. 
Presumably appreciable further precipitation oc- 
curred during the rupture test and resulted in an in- 
crease in the strength of this alloy (cf., Fig. 10 
which shows that the hardness of alloy 692, 3.7 pct 
Ti, was still increasing even after 540 hr at 1450°F). 
After 431 hr at 9000 psi (the specimen was unbroken) 
with a total creep strain of 6 pct, the stress was in- 
creased to 20,000 psi. Without much further elonga- 
tion, the specimen broke after 1.1 hr. The total 
elongation was 6.5 pct compared with 23.5 pct for a 
bar stressed directly at 20,000 psi. Fig. 15a and b 
shows the fracture zones for these two test bars. 
The heavy precipitation which had occurred during 
the 431 hr exposure at 9000 psi was evidently suffi- 
cient to prevent any marked deformation when the 
stress later was raised to 20,000 psi. Note the pres- 
ence of the intergranular cracking in Fig. 15b. 


Conclusions 

The present investigation has confirmed the state- 
ment by Hignett’ that the titanium and aluminum 
hardened Ni-Cr alloys of the Nimonic 80 type owe 
their high strength to the precipitation of an inter- 
metallic compound based on the cubic Ni;Al phase, 
y, but with aluminum partly replaced by titanium. 
This substitution, which increases the misfit between 
the lattices of the y’ phase and the matrix, raises the 
creep and rupture strength of the alloys. This in- 
crease in strength was accompanied by a relatively 
large decrease in ductility. It was found, however, 
that by raising the aging temperature of the high 
titanium alloys their ductility can be improved 
without any loss or even with a gain in rupture 
strength. Substitution of titanium for aluminum 
appears to decrease the rate of growth and coales- 
cense of y’, resulting in stronger alloys. 

When the titanium to aluminum ratio of the alloys 
is increased beyond the solubility limit for titanium 
in Ni,Al, the hexagonal Ni,Ti phase, y, starts to pre- 
cipitate. The precipitation rate of 7 is slow, as indi- 
cated by hardness; therefore the increase in strength 
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due to precipitation of this phase occurs very slowly 
and may not be achieved at all in short time or in- 
termediate length tests. 

To raise the useful service temperature for the 
Ni-Cr type alloys, it is suggested that the titanium 
to aluminum ratio be increased toward the end of 
the homogeneity range for y’, and the sum of the 
titanium and aluminum contents should be increased 
within the limits permitted by fabrication or proc- 
essing. 
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A Cursory Investigation of Intermediate Phases in the Systems 
Ti-Zn, Ti-Hg, Zr-Zn, Zr-Cd, and Zr-Hg by X-Ray Powder 
Diffraction Methods 


by Paul Pietrokowsky 


Intermediate phases in the binary metal alloy systems Ti-Zn, 
Ti-Hg, Zr-Zn, Zr-Cd, and Zr-Hg have been investigated by X-ray 
powder diffraction methods. Gamma-Ti;Hg and Zr3Hg have a beta 
tungsten structure; TiHg and ZrHg are analogous to ordered AuCu 
(L 19 type); delta-Ti;Hg and ZrHg3 are isomorphous with ordered 
AuCuz (L 1. type); ZrZn» is face-centered cubic (C 15 type); TiZns 
crystallizes in a C 14 type structure; and Zrq_, Cd. occurs in cubic 
and tetragonal modifications in which a random distribution of 
atoms exists. Additional information for the intermediate phase 


TiZn; is presented. 


| Bee physical metallurgy of titanium and zir- 
conium when alloyed with elements in subgroup 
II-B of the periodic table has received compara- 
tively little attention in the literature. Laves and 
Wallbaum’ reported the existence of several inter- 
mediate phases in the system Ti-Zn. They identified 
TiZn as a CsCl (B 2) structure and described TiZn, 
as an ordered Cu,;Au (L 1, type) crystal structure. 
Gebhardt’ investigated very limited zinc-rich regions 
in the systems Ti-Zn and Zr-Zn. Phase relationships 
in these partial constitution diagrams were deduced 
from the results of thermal analysis and metal- 
lography, X-ray results being inconclusive. The first 
zine-rich intermediate phase in either system was 
not identified. More recently, Anderson, Boyle, and 
Ramsey’ have had occasion to refer to a partial 
Ti-Zn phase diagram (unpublished data) covering 
the region 0 to 10 atomic pct Ti, wherein two 
intermediate phases corresponding approximately 
to TiZn,, and TiZn,, were indicated. 

The metals used in this investigation and typical 
analyses as determined by the suppliers are given 
in Table I. The iodide-process zirconium which was 
used was not hafnium free. 


Experimental Methods 


Alloy Preparation: The relative ease with which 
titanium and zirconium combine with other elements 
places extensive restrictions on the methods by 
which alloying can be achieved. The direct current 
electric arc melting procedure was found to be un- 
satisfactory for preparing these binary alloys and 
for this reason solid state diffusion methods were 
utilized. 

The iodide process titanium and zirconium rods 
were filed by hand. Fines were subjected to a mag- 
netic separation and classified as to size as either 
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Table |. Materials Used 


Metal Supplier Analysis 

Zn J.T. Baker Chemical Co. As 1x10-6 pct 
Pb 3x10-4 pet 
Fe 3x10-3 pet 

Cd J. T. Baker Chemical Co. Cu 5x10-3 pct 
Pb 1x10-2 pet 
Fe 2x10-8 pct 

Hg Braun Corp. Triple distilled 

Ti New Jersey Zinc Co. Mn 6.5x10-3 pct 
Fe 2.2x10-3 pct 
Cu 1.5x10-3 pet 
Pb 4.2x10-8 pct 


finer than 200 mesh or coarser than 200 but finer 
than 80 mesh. Powder mixtures of various binary 
combinations of titanium and zirconium with zinc 
and cadmium were compacted in a 12 mm diameter 
die and then placed in Vycor or quartz vials which 
were evacuated and sealed. The mercury alloys were 
prepared in a similar manner; the proper weight of 
liquid mercury being placed in a vial with minus 
200 mesh titanium or zirconium. These ampoules 
were then heat treated at various temperatures and 
times depending on the characteristics of the par- 
ticular alloy system. Upon completion of the heat 
treatment the ampoules were cooled rapidly and the 
specimens weighed. The loss in weight varied from 
1 to 3 pet (except as noted in the text) and for this 
reason the calculated compositions were accepted as 
a fair measure of the actual alloy compositions. 

X-Ray Diffraction Techniques: Powder diffraction 
experiments were conducted at room temperature 
with a 143.2 mm Debye-Scherrer X-ray camera in 
which the film was placed in the Straumanis arrange- 
ment. When copper radiation was used, a nickel 
filter was employed, and for the cobalt target a filter 
of iron oxide was used. In both cases, the £ filter 
was placed between the X-ray target and the powder 
specimen which was mounted on a glass fiber. 

The lack of information based on optical metal- 
lography placed reliance on the results obtained 
from the X-ray experiments for determination of 
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Table II. Lattice Constants, Interatomic Distances, and Atomic Table III. X-Ray Powder Diffraction Data for ZrZn,. Copper 
Volumes for Titanium, Zirconium, Zinc, Cadmium, and Mercury Radiation. 
Lattice Interatomic Atomic Refer- d,A hkl I (Obs.)* I (Cale.)+ 
Constants, Distances, Volume, ence 
A’ 
2.63 220 s 390 
2.23 311 vs 
itl a = 2.9503 2.8955 17.65 12 2.13 222 ms 
c = 4.6832 2.9503 400 
1.428 511-333 297 
Zr a = 3.2321 + 0.0001 3.1790 23.29 13 1.308 40 s 238 
c = 5.1475 + 0.0004 Siok 1.168 620 mai 56 
c/a = 1.592 1.127 533 sou 10: 
Zn a = 2.6595 + 0.0001 2.6595 15.12 14 
c = 4.9369 0.0001 2.9070 0.9624 731-553 243 
c/a = 1,856 0.9244 00 wai i 
Cd a = 2.9731 + 0.0001 2.9731 21.46 14 0.8718 822-660 mai 
c = 5.6069 + 0.0005 3.287 0.8541 555—751 Sai 188 
c/a = 1.886 0.8482 662 mai 98 
0.7885 664 Sai 100 
Hg (hie Abs.) 2.999 PPA 8,15 0.7752 931 755 
a = 70° 31.7 


* Explanation in text. 


the intermediate phases. When the Debye-Scherrer 
X-ray powder technique is employed only a rela- 
tively small volume of diffracting material is irra- 
diated, hence questions may arise as to whether the 
small sample which has been examined is repre- 
sentative of the alloy in bulk. For this reason, when- 
ever possible, a Geiger counter spectrometer employ- 
ing a divergent beam was used in conjunction with 
the powder rod method. The source of X-rays for 
the spectrometer was a line focus which, together 
with the slit system, resulted in an irradiated area, 
dependent upon the Bragg angle, approximately 
11 by 6 mm. 


Calculations 


Lattice Parameters: In this investigation, the least- 
squares method was used to determine unit cell 
dimensions, since it yields less biased values for the 
parameters and in addition permits the probable 
error in these measurements to be calculated. The 
weighted observational equation for the i™ reflection 
of a tetragonal crystal can be written 


sin’ 0, =\/w. B, Bi 
[1] 


B. = 17; »} is the wavelength of the characteristic 
radiation; D is a proportionality constant; 6; = 6;(@); 
Ww, = w,/cos 6, = weight function. 

The function 6,(@), which was used, is that sug- 
gested by the investigation of Nelson and Riley* for 
cubic crystals; this graphical method of analysis was 
extended to nonisometric systems of crystals by 
Taylor and Floyd.” An auxiliary weight function, 
w,’, was assigned integral values, 1, 2, 3, or 4, de- 
pending upon the quality of the diffracted maxima. 
Factors which would influence the reliability of the 
measurements, such as very low intensity, line 
broadening produced by a near coincidence of re- 
flections, and line broadening prior to Ka,, Ka, doublet 
resolution, were considered in assigning values to 
this function. Normal equations were written in the 
usual manner. Methods for solving these equations 
are discussed by Whittaker and Robinson.* When the 
determinant form is used the standard errors may 
be calculated from the residuals and coefficients of 
the determinant. Errors so determined reflect upon 
the accuracy of the data and do not include those 
uncertainties which are imposed by the variation in 
specimen temperature during an X-ray exposure and 


220—JOURNAL OF METALS, FEBRUARY 1954 


* vs, very strong; s, strong; ms, medium strong; m, medium; wm, 
weak medium; w, weak; and vw, very weak. Miller and Miller- 
Bravais indices without a subscript refer to unresolved Kai, Kaz 
doublets; subscript ai2 represents the coincidence of a Kai reflection 
with the Kaz from a plane of larger interplanar spacing. Letter 
“A” was used to indicate that an absorption correction would be 
necessary before the particular calculated intensity could be com- 
pared with adjacent maxima. 

+ To conserve space, calculated intensities too weak to be ob- 
served were omitted, except as discussed in the text. 


chemical impurities. The accuracy obtained from 
the least-squares analysis varied from approximately 
1 part in 50,000 to 1 part in 300. The high precision 
which was obtained may not be too significant al- 
though it does indicate that the experimental and 
analytical procedures used are capable of accurate 
results. 

Wavelengths which were used for calculations are 
those suggested by Lonsdale." 

Intensities: Calculated intensities for the diffrac- 
tion maxima corresponding to the crystal structures 
were obtained by application of the following 
expression for the intensity of a Debye-Scherrer 
powder photograph maxima: 


Intensity (hkl) = constant |F (hkl) 


*p 
1 + 20 


sin’ @ cos 


[2] 


where F (hkl) is the structure factor; p is the multi- 
plicity of (hkl); and (1 + cos* 20)/(sin* @ cos 6) is 
the Lorentz and polarization factor. 

Temperature and absorption factors have been 
omitted from Eq. 2. The former is a decreasing 
exponential function and the latter an increasing 
exponential function. For the structures which were 
considered in this paper, these factors would tend to 
nullify one another, although the absorption would 
exert more influence upon the intensity. 

Unit Cell Content: For unit cells of moderate size, 
with which this investigation was concerned, an 
approximate value for the density of an alloy is 
sufficient to establish the number of atoms which 
are present in the unit cell. Values of atomic vol- 
umes which were used for calculations are given in 
Table II. The volume per atom given for mercury 
represents an approximate volume based on the 


Table IV. Interatomic Distances for ZrZn, 


Atom 


Neighbors Distance, A 
Zn (d) 6 Zn (d) 2.61 
Zr (a) “12 Zr (a) 3.07 
Zn (d) 4 Zr (d) 3.20 
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extrapolation of unit cell volumes in the system 
Cd-Hg which have been summarized.’ It is the 
average of atomic volumes of the cadmium-rich 
hexagonal phase and mercury-rich tetragonal phase 
when extrapolated to 100 pct Hg. 


Results 
System Zr-Zn: An intermediate phase in this 
binary system was found close (65 atomic pet Zn) 
to the stoichiometric ratio expressed by the formula 
ZrZn,. X-ray diffraction maxima of powder samples 
of this phase were indexed as a face-centered cubic 
lattice; a = 7.3958 + 0.0003A. 
A survey of the indexing presented in Table III 
indicates the following systematic reflections: 


(hkl) with (h +k), (k +1) = 2n 
(hkO) with (h + k) = 4n. 


From these observations, one is led to the space 
group O', — Fd3m, which has all the symmetry ele- 
ments required by the data. The number of atoms 
in the unit cell is 8 zirconium and 16 zinc. The zir- 
conium atoms can be placed in the eight-fold posi- 
tions (a) or (b) of space group Fd3m. Similarly, the 
16 zinc atoms may be placed in either (c) or (d). A 
solution based on 8 zirconium in (a) and 16 zinc in 
(c) or 8 zirconium in (b) and 16 zinc in (d) cannot 
be accepted, because the zirconium to zinc inter- 
atomic distances would be unreasonably small. A 
packing of atoms involving either 8 zirconium in 
(a) and 16 zinc in (d) or 8 zirconium in (b) and 16 
zine in (c) is acceptable. The former mode of pack- 
ing differs from the latter by a translation of the 
origin from (000) to (424%%). Intensities were cal- 
culated with the unit cell content distributed as 
follows: 


000; 044%; + 
8 Zr in (a): 000; 4%4%; 
16 Zn in (d): 748; 185848; 8%. 


Results of the intensity calculations are in order 
except for the single reflection from (800) and the 
coincidence of reflections from (822) and (660). It 
is apparent that the effect of absorption must be 
considered in comparing these intensities since an 
appreciable difference in sin @/\ for these spectra 
does exist. Table IV gives the interatomic distances 
for ZrZn,. 

System Ti-Zn: Although the crystal structure of 
the zinc-rich compound, TiZn,, of this system has 
been reported,’ no data concerning this structure are 


Table V. X-Ray Powder Diffraction Data for TiZn,. Copper 


Radiation. 
d,A hkl I (Obs.)* 
3.93 100 Ww 
2.79 110 w 
2.26 vs 
1.96 200 Ss 
1.75 210 Ww 
1.60 211 w 
1.388 220 s 
1.312 300-221 
1.235 31 w 
1.184 311 s 
1.134 222 mai 
0.9823 400 mai 
0.9024 331 vsa1 
0.8790 420 Sai 
0.8026 422 vsai 


Table VI. Interatomic Distances for TiZn, 


Atom Neighbors Distance, A 
Zn (c) 8 Zn (c) 2.78 
Zn (c) 2.78 
Ti (a) 6 Ti (a) 3.93 


given except the lattice dimensions, and packing 
considerations indicate that it is not possible to 
place one titanium atom and three zine atoms into 
the reported unit cell. For these reasons, a brief 
description of TiZn, is included here. The indexing 
for the phase is given in Table V. Observed X-ray 
reflections may be indexed on a primitive cubic 
lattice; a = 3.9322 + 0.0003A. 

If it is assumed that this intermediate phase 
possesses the crystal structure of ordered AuCu, 
(L 1, type), then the atoms occupy the following 
positions of O', — Pm3m: 


3 Zn in (c): 04%; %0%;%%0. 


The interatomic distances for TiZn, are given in 
Table VI. 

A second phase, TiZn., was found to exist at its 
ideal composition. An X-ray diffraction photograph 
made with cobalt radiation was indexed on a hex- 
0.002A. 

The unit cell was calculated to contain 11.9 (i.e., 
12) metal atoms, assuming additivity of atomic 
volumes. The indexing for this intermediate phase, 
which is given in Table VII, suggests the following 
systematic reflections are present: (hhl) with 1 = 2n. 

In the hexagonal system, the space group of highest 
symmetry consistent with these data is D*,, 
P6,/mme. Since it had already been determined 
that ZrZn, formed an MgCu, (C 15 type) structure, 
the possibility that TiZn, might be similar to MgZn, 
or MgNi, was considered. Friauf’ regarded D‘,, as 
the most probable space group for the crystal struc- 
ture of MgZn,. Intensity calculations for this two 


Table VII. X-Ray Powder Diffraction Data for TiZn,. Cobalt 


Radiation. 

d, A hk.l I (Obs.)* I (Cale.)+ 
4.38 10.0 m 255 
4.08 00.2 w 119 
3.85 10.1 w 136 
2.54 11.0 w 189 
PRED 10.3 ms 556 
20.0 Vw 89 
vs 996 
2.12 20.1 vs 1000 
2.04 00.4 w 225 
1.93 20.2 m 321 
1.85 10.4 w 152 
20.3 w 
1.66 21.0 vw 29 

— 30.0 — 29 
1.419 Dales m 206 
1.379 30.2 m 218 

— 00.6 37 
20.5 ms 280 
1.291 21.4 wm 86 
1.270 22.0 ms 263 
1.159 20.6 mai 123 
1.090 40.1 mai 111 
1.079 22.4 msai 189 
1.061 40.2 WB 45 
1.045 31.4 wr 49 
0.9464 32.3 mai 78 
0.9347 41.2 vsai 177 
0.9300 22.6 msai 91 
0.9131 40.5 Sai 140 


* See footnote to Table II. 


*+ See footnotes to Table III. 
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Table VIII. Interatomic Distances for TiZn, Table X. Interatomic Distances for Zrg_.)Cd 2) 
Atom Neighbors Distance, A Atom Neighbors Distance, A 
Zn (h) 2 Zn (h) 2.48 Cubic 

Znt (a) 6 (h) 2.53 Zr, Cd (a) 12 Cd (a) 3.10 

TG) 3 Zn1 (a) 2.96 Zr, Cd (a) 6 Zr,Cd (a) 4.38 
Ti (f) By (f) 3.10 
Tetragona 

Ze: Cd (a) 8 Zr,Cd (a) 3.08 

Zr, Cd (a) 4 Zr; Cd (a) 3.12 


parameter structure were made with atoms being 
located as follows: 


4-Tiin (f): 1/3°2/3 2; 2/3 1/3 252/38 1/3 % +z; 
1/3 2/3 % — z;z = 1/16 

2 Zn, in (a): 000; 001% 

6 Zny in (h): Va; Va; xx Va; x 2x 


The ideal parameters which have been used con- 
stitute a good trial structure as the calculated rela- 
tive intensities indicate (see Table VII). The absence 
of (30.0) and (00.6), which calculate to be very 
weak reflections, suggests that parameter refinement 
may be necessary for this structure. Calculated in- 
tensity for the (00.6) decreases if z is reduced; the 
intensity of (30.0), however, will decrease in value 
with either a positive or negative displacement of x 
from the trial position. What is necessary here is a 
refinement that will include all the observed data 
and (hk.l) which are susceptible to small variations 
in z and x. The interatomic distances for TiZn, are 
given in Table VIII. 

System Zr-Cd: Subsequent to heat treatment at 
700°F (371°C) for four days, the zirconium-rich 
alloys indicated that mixtures of a or a’ zirconium 
(A 3 type) and a cubic phase were present. With 
increasing cadmium content, but not more than 67 
atomic pct Cd, an increase in the relative proportion 
of the cubic phase resulted. An alloy containing 60 
atomic pct Cd gave very strong diffraction lines cor- 
responding to the Cu (A 1 type) structure. There 
was only one diffraction maximum which could be 
related to hexagonal close-packed zirconium and 
that was a very weak reflection from (10.1). Indexed 
reflections corresponded to a face-centered cubic 
lattice: a = 4.3768 + 0.0006A. 


Table IX. X-Ray Powder Diffraction Data for Cadmium-Rich Zr-Cd 
Intermediate Phases. Copper Radiation. 


Cubic Phase Tetragonal Phase 


d,A hkl hkl HKL I (Obs.)* 
2.52 111 111 101 vs 
2.19 200 200 110 s 
2.14 002 002 Ww 
1.56 202 112 w 
1.54 220 220 200 Ss 
1.326 131 211 vs 
1.317 113 
1.301 113 103 m 
1,262 222 222 202 vs 
1.102 400 220 Ww 
1.093 400 w 
1.074 004 004 vw 
1.011 331 301 wai 
1.004 331 Saiz 
1.000 313 213 wai 
0.9872 420 310 mai 
0.9829 402 222 wat 
0.9791 420 Maie2 
0.9665 204 114 mai 
0.8982 422 312 mai 
0.8913 422 Sai 
0.8859 224 204 wai 
0.8493 151 321 mai 
0.8421 115-333 333 303 Sai 
0.8291 115 105 wai 
0.7812 440 400 wai 


* See footnote to Table III. 
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Data obtained from alloys containing 67, 75, and 
80 atomic pct Cd indicated that two phases were 
present, the cubic phase described in the previous 
paragraph and a second phase whose lines appeared 
to be split from this cubic phase. Diffraction pat- 
terns of the second phase could be fitted to a tetrag- 
onal unit cell. Choice of the axial ratio was made 
by consideration of the intensities of the split lines 
relative to the index of the corresponding cubic line. 
Calculated values of (1/d)* were in good agree- 
ment with the observed data. In Table IX the in- 
dices hkl refer to a four atom tetragonal unit cell, 
for comparison with the four atom cubic unit cell. 
The indices HKL which were obtained by the lattice 
transformation described in the next section on Ti- 
Hg refer to a body-centered tetragonal unit cell 
containing two atoms: a = 4.4184 + 0.0004A; c = 
4.3008 + 0.0006A. 

After 47 days of heat treatment at 700°F (371°C), 
there was no evidence of the tetragonal intermedi- 
ate phase in the 67 atomic pct Cd alloy. Binary 
mixtures containing more than 67 atomic pct Cd 
lost considerable quantities of cadmium during heat 
treatment. Lattice constant measurements of the 
cubic phase showed no change. 

The cubic and tetragonal unit cells which have 
been described each contain four atoms. Intensity 
data which are given in Table IX may arise from 
either of two situations: 1—a random distribution 
of zirconium and cadmium among all available sites, 
or 2—the location of each chemical species of atoms 


Table XI. X-Ray Powder Diffraction Data for TiHg. Copper 


Radiation. 
d,A hkl HKL I (Obs.)* I (Calc.)¥ 
4.04 001 001 s 380 
3.00 110 100 s 372 
2.41 atte} 101 vs 1000 
200 110 s 
2.021 002 002 ms 153 
1.879 201 s 201 
1.676 112 102 ms 137 
1.503 220 200 ms 121 
1.463 202 112 s 218 
1.419 21 201 m 80 
1.346 310—003 210—003 m 84 
1.276 211 Ss 275 
1.227 113 103 ms 120 
1.206 222 202 ms a fal} 
1.138 203 113 m ayf 
1.119 312 212 ms 76 
1.062 400 220 m 42 
1.028 401 221 m 33 
1.004 223-330 203-300 m 47 
0.9728 331 1 msai Uf 
0.9516 313—420 213-310 Sai 234 
0.9408 402 22 msai 76 
0.9257 421 311 Mai 67 
0.9126 204 114 msai 718 
0.8978 332 302 wai 35 
0.8611 422 S12 Sai 180 
0.8393 224 204 mai 102 
0.8348 510—403 320-223 Mai 90 
0.8172 511 321 Sai 236 
0.8079 005-314 005-214 139 
0.8046 333 303 msai 142 
0.7807 115 105 vsai 354 
0.7775 423 313 vsai 415 


*+ See footnotes to Table III. 
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Table XII. Interatomic Distances for TiHg 


Atom Neighbors Distance, A 
Ti (d) 8 Hg (a) 2.93 
Ti (d) 4Ti (d) 3.01 
Hg (a) 4 Hg (a) 3.01 


in a set of crystallographically equivalent positions. 
The latter configuration of atoms is possible if the 
reflections from planes of mixed indices are too 
weak to be detected by the X-ray methods em- 
ployed. In the case of TiZn, weak lines are observed 
from planes with mixed indices; these intensities 
are proportional to |fri — fzn|*. The choice between 
the two situations rests on the absolute value of the 
difference in scattering factors of zirconium and 
cadmium as compared to titanium and zinc. Tab- 
ulated values of the Thomas-Fermi scattering fac- 
tors,” in the direction of the incident beam, indicate 
a difference in scattering of eight electrons for the 
elements in each pair of binary systems being con- 
sidered. As sin 6/d increases this difference de- 
creases, and at sin @/d equal to 0.3, the absolute 
value of the difference in scattering of zirconium 
and cadmium atoms is 0.4 electron greater than the 
corresponding difference for zinc and titanium. A 
further correction is necessary when the incident 
radiation \ is in the neighborhood of an absorption 
edge, Ax, of an element being irradiated. Correc- 
tions for dispersion by K electrons were calculated 
with the formulae of Honl.” The general expression 
for a dispersion correction is a complex quantity 
which is independent of sin @/. For specimens con- 
taining zinc, zirconium, and cadmium which are ex- 
amined with copper X-radiation, \/\x is greater 
than unity and therefore the imaginary component 
of this correction is zero. The imaginary component 
calculated for titanium was so small that it was 
neglected. The real components of this correction 
were calculated and indicated that zirconium and 
cadmium showed a greater difference in scattering 
factors for all values of sin 6/\. It is for these rea- 
sons that the cadmium-rich Zr-Cd crystal struc- 
tures which have been reported are considered a 
random mixture of atoms in all available crystal- 
lographic sites. It is not possible, from available 


Table XIII. X-Ray Powder Diffraction Data for Delta-Ti,Hg. 
Copper Radiation. 


d,A hkl I (Obs.)* I (Cale.)# 
4.16 100 s 594 
2.95 110 s 517 
2.40 111 vs 1000 
2.07 200 s 470 
1.85 210 ms 283 
1.69 211 ms 213 
1.470 220 s 301 
1.386 300-221 m 141 
1.317 310 wm 94 
1.255 311 s 360 
1.199 222 wm 103 
1.153 320 Ww 63 
321 m 114 
1.041 400 wai 54 
1.009 410-322 wmai 96 
0.9807 411-330 wmai 72 
0.9550 331 Sai 205 
0.9309 420 Sai 208 
0.9086 421 wmai 99 
0.8880 332 wai 52 
0.8504 422 Sai 254 
0.8331 500—430 wai 84 
0.8172 510-431 msai 227 
0.8016 511-333 vsai 519 


*+ See footnotes to Table III. 
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evidence, to assign a chemical formula of simple 
stoichiometric ratio to these intermediate phases. 
Until this point becomes clarified, the notation 
With x>0.60 is suggested. The inter- 
atomic distances are given in Table X. 

System Ti-Hg: Mercury-rich alloys of titanium 
were in either a liquid or mushy state. A 60 atomic 
pet Ti alloy, which had been heat treated at 1200°F 
(649°C), was solid and stable when in the evacu- 
ated ampoule. Immediately after the ampoule was 
opened, Debye-Scherrer photographs and X-ray 
spectrometer recordings were made and the diffrac- 
tion data indexed in the tetragonal system. After 
several days, liquid mercury began to separate from 
this alloy; this was accompanied by a pronounced 
decrease in the resolution of spectrometer lines: 
0.949. 

Atomic volume and packing considerations indi- 
cate that four atoms are present in the unit cell 
which has been described. Under these circum- 
stances, it is not unreasonable to assume an ideal 
composition of this intermediate phase to be TiHg 
for purposes of calculation and discussion. The 
unit cell contents were placed in the special posi- 
tions of space group D*,, — C4/mmm as indicated: 


1 Hg; in (a): 000 
1 in (c): %%0 
2 Ti in (e): 04%; 


Calculated intensities for this crystal structure 
are given in Table XI. If the vector triple aia.as, 
which defines the four atom unit cell, is associated 
with the indices hkl, it is possible, by a simple 
transformation, to select a two-atom unit cell with 
a vector triple A,A.A,; and indices HKL. 


H=(h+k)/2 K=(h—k)/2 


The transformed cell can be described formally 
with the notation for space group D's, — P4/mmm: 


1 Hg in (a): 000 
1 Ti in (d): 


a= 3.009 + 0.001A c= 4.041+0.001A c/a = 1.343. 


The interatomic distances for TiHg are given in 
Table XII. 

In the titanium-rich region of this binary system, 
two intermediate phases, each containing approxi- 
mately 75 atomic pct Ti, were found to exist. The 
phase which was stable between 1000° and 1400°F 
(538° and 760°C) has been designated y Ti,Hg. At 
1500°F (816°C), the stable phase is 6 Ti,Hg. Powder 
diffraction lines of the phase 6 Ti;Hg were indexed 
in the cubic system: a = 4.1654 + 0.0004A. 

The unit cell so defined must contain four atoms. 
Experimental measurements yield an atomic vol- 
ume of 18.07A°® per atom, as compared to 18.84A° 
per atom when an additive density relationship is 
assumed. Indexed reflections presented in Table 
XIII indicate that the lattice is primitive and no 
systematic extinctions are present. Contents of the 


Table XIV. Interatomic Distances for Delta-Ti,Hg 


Atom Neighbors Distance, A 
Ti 4c) 8 2.95 
Tia Ce) 4 Hg (a) 2.95 
Hg (a) 6 Hg (a) 4.17 
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Table XV. X-Ray Powder Diffraction Data for Gamma-Ti,Hg. 
Copper Radiation. 


d, A hkl I (Obs.)* I (Cale.)+ 
3.645 110 s 844 
2.576 200 ms 476 
2.310 210 m 207 
2.111 211 vs 1000 
1.825 220 wm 131 
1.634 310 m 185 
1.434 320 wai 38 
1.383 321 vsai 517 
1.296 400 mat 96 
1.222 411-330 msai 106 
1.158 0 sai 148 
1.132 421 mai 35 
1.105 332 Sai 132 
1.058 422 mat 49 
1.017 510—431 Sai 142 
0.9629 520—432 wai 39 
0.9464 521 vsai 218 
0.9167 440 mat 102 
0.8894 530—433 msai 98 
0.8644 600—442 Sa 148 
0.8527 10 Vvwai 16 
0.8416 611-532 vsa1 430 
0.8204 620 mai 71 
0.8006 541 Sai 188 
0.7823 622 wmai 38 
0.7736 542-630 317 


*+ See footnotes to Table III. 


unit cell were placed in the following positions of 
O*, — Pm3m: 


3 Ti in (c): 0%%; %0%; %%0 
1 Hg in (a): 000 


The interatomic distances for § Ti,Hg are given 
in Table XIV. 

Powder patterns of y Ti,Hg, made with filtered 
copper radiation, were also indexed in the cubic 
system: a = 5.1888 + 0.0001A. 

A comparison of the relative volumes of 6 Ti,Hg 
and y Ti,Hg indicates that the larger unit cell of 
y Ti,sHg contains six titanium atoms and two mer- 


Table XVI. Interatomic Distances for Gamma-Ti,Hg 


Table XVIII. Interatomic Distances for Zr,Hg 
Atom Neighbors Distance, A 
Zr (dad) 2Zr (d) 2.78 
Zr (d) 2 Hg (a) 3.11 
Zr (d) 8 Zr (d) 3.40 


cury atoms. Indices assigned to diffraction maxima 
from this phase (Table XV) show that reflections 
from (hhl) occur only if | = 2n. Two space groups 
which would explain this systematic reflection are 
O?, — Pm3n and I; — P43n. Since the present study 
is concerned with two-fold and six-fold equivalent 
positions, it is necessary to consider only one of 
these space groups, the other being identical for 
these positions. Mercury atoms, of which there are 
two, must be in (a). If the six titanium atoms were 
placed in (b), general reflections with one index 
odd would be extinct and this is not consistent with 
the data. The titanium atoms could be placed in 
either 6(c) or 6(d), since these positions differ only 
by a translation of the origin. 


2 Hg in (a): 000; 4%% 
AN 
140%; %%0; 044%; %%0; 


Special conditions of extinction for (d) would 
explain the absence of reflections from (410), (430), 
and (531), since the mercury atoms do not contrib- 
ute to maxima for which h + k + 1 ¥ 2n. Al- 
though the unit cell content might be placed into 
the space group of highest symmetry, O*, — Pm3n 
in this particular case, the observed intensities 
could be equally well explained if the eight atoms 


were arranged in T’, — Pm3 as follows: 

1 Hg in (b): 

6 Ti in (g): 2x40; 0x14; %0x; 1140; 0714; 


with 0.235<x<0.250. 


Atom Neighbors Distance, A 
Table XIX. X-Ray Powder Diffraction Data for ZrHg. Copper 
Ti (d) 2 Hg (a) 2.90 
Ti (d) 8 Ti (d) 3.18 
d,A hkl HKL I (Obs.)* I (Cale.)¥ 
Table XVII. X-Ray Powder Diffraction Data for Zr,Hg. Copper 
Radiation’ 4.19 001 001 vw A 
adiatio 3.15 110 100 w 104 
101 vs 1000 
d,A hkl I (Obs.)* I (Cale.)+ 344 
; 002 002 m 142 
1.96 201 111 w 66 
3.95 110 m 275 1.74 112 102 w 45 
2.79 200 ms 443 1.57 220 200 Ww dial 
2.50 210 s 528 1.52 202 112 m 201 
2.27 211 vs 1000 1.331 311 211 s 260 
1.96 220 w 43 ney fe 113 103 ms 111 
1.76 310 w 63 1.254 222 202 msg 108 
1.54 320 m 110 1.110 400 220 we 38 
1.485 321 s 511 1.044 004—223 004—203 WEB 31 
1.391 400 m 134 1.013 331 1 WR 62 
1.311 330-411 w 38 0.9895 114-313 104-213 SB 135 
1.243 420 mp 142 0.9812 402 2 mp 62 
1.213 421 mp 99 0.9449 204 114 mp 62 
1.185 332 mp 122 0.8975 422 312 msp 62 
1.133 422 vw 16 0.8901 224 204 msp 69 
1.089 431-510 wm 44 0.8541 511 321 SB 149 
i 102 314-333 214-303 SB 108 
Sa 175 115-423 105— 
0.9540 530-433 wai 26 
0.9270 442-600 msa1 109 *+ See footnotes to Table III. 
0.9143 10 wai 33 
532-611 270 
vw 
0'8581 at Table XX. Interatomic Distances for ZrHg 
630—542 mai 133 
9 vs 
0.8024 444 ana qe Atom Neighbors Distance, A 
0.7866 _ 710—550—543 Sai 124 
205 
4 Zr (d) 
+ See footnotes to Table III. Hg (a) 4 He (a) ete 
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Table XXI. X-Ray Powder Diffraction Data for ZrHg,. Copper 


Radiation 
d,A hkl I (Obs.)* 
4.42 100 m 
3.10 110 m 
2.53 al vs 
2.18 200 s 
1.95 210 wm 
1.78 211 wm 
1.54 220 s 
1.457 300-221 w 
1.381 310 w 
1.316 311 vs 
1.261 222 Ss 
1.209 320 vw 
1.167 321 wat 
1.091 400 mat 
1.059 410-322 wai 
1.030 411-330 wai 
1.001 331 Sai 
0.9764 420 Sai 
0.9310 332 
0.8916 422 Sa 
0.8727 500—430 
0.8567 510-431 wai 
0.8403 511-333 vsai 
0.8106 432520 wai 
0.7971 521 sai 


* See footnote to Table III. 


Table XXII. Interatomic Distances for ZrHg, 


Atom Neighbors Distance, A 
(ce) 4 Zr (a) 3.09 
Zr (a) 6 Zr (a) 4.37 


It is clear that additional experimental evidence 
such as the Laue symmetry or diffraction spectra 
from planes in which }(h* + k* + 1’) >45 are neces- 
sary before a choice of space groups can be made. 
Intensity calculations in Table XV were made with 
xz = 0.250. The interatomic distances for y Ti,Hg 
are given in Table XVI. 

System Zr-Hg: Several of the intermediate 
phases which occur in the system Zr-Hg are iso- 
morphous with Ti-Hg alloys which have been de- 
scribed. The zirconium-rich phase, Zr;,Hg, is related 
to y Ti,sHg. Since the method of deducing this struc- 
ture and the uncertainty in the choice of space 
group has already been discussed, a description of 
Zr,Hg will be given without further comment. a = 
5.5581 + 0.0002A. 

The eight atoms in the unit cell are located as 
follows: 


The arrangement of atoms, with x = 0.250, was 
used to calculate the intensities which are displayed 
in Table XVII. The interatomic distances for Zr,Hg 
are given in Table XVIII. 

Alloys containing 50 atomic pct Hg gave rela- 
tively poor diffraction photographs, especially in the 
region of small interplanar spacings. There were, 
however, sufficient data to relate ZrHg (see Table 
XIX) to isomorphous TiHg. In computing the lat- 
tice parameters, the weight functions were set equal 
to unity for all reflections and the function 6,(@) 
placed equal to zero. a = 3.15 + 0.01A;c = 4.17 = 
== 

The interatomic distances for ZrHg are given in 
Table XX. 

Mercury-rich alloys in this system decomposed 
within several hours after the evacuated ampoules 
had been opened. Diffraction photographs which 
were made immediately after the alloys were ex- 
posed to atmospheric pressure showed only one 
intermediate phase between ZrHg and mercury. 
Maxima from a cubic mercury-rich phase were 
readily indexed (see Table XXI). a = 4.3652 + 
0.0008A. 

The ideal composition for this phase is repre- 
sented by the chemical formula ZrHg;. The follow- 


ing positions of space group O', — Pm3m were 
utilized: 

3 Hg in (c): 0%%; 20%; 220. 


The interatomic distances for ZrHg, are given in 
Table XXII. 


Conclusions 

Phase relationships in the systems Ti-Zn, Ti-Heg, 
Zr-Zn, Zr-Cd, and Zr-Hg have been studied. Sev- 
eral intermediate phases have been established and 
their crystal structures determined by X-ray pow- 
der diffraction methods. Table XXIII gives a sum- 
mary of the structures and atomic volumes. 

ZrZn, is a face-centered cubic C 15 type structure. 
The previously reported structure for TiZn, has 
been confirmed. Intensity calculations indicate that 
the ideal position parameters for MgZn, (C 14 type) 
present a reasonable trial structure for TiZn,. A 
random distribution of atoms characterizes the face- 
centered cubic and body-centered tetragonal phases 
which have been designated Zra_»Cd.. TiHg and 
ZrHg crystallize in the ordered AuCu (L 1,) struc- 
ture. Gamma-Ti,Hg and Zr,Hg are isomorphous 
with 8 tungsten. At high temperatures the stable 


2 Hg in 000; 2%% < 5 = titanium-rich Ti-Hg intermediate phase is 8 Ti,Hg, 
6 Zr in x40; %0x; which is analogous to the ordered AuCu, (L 1.) 
Table XXIII. Summary of Crystal Structures and Atomic Volumes 
Unit Cell Atomic 
Parameters, Volume, 
Phase A As Space Group Structure Type 
ZrZne2 a = 7.3958 + 0.0003 16.856 + 0.0 O%} — Fd3m MgCupe (C 15) 
TiZns3 a = 3.9322 + 0.0003 15.200 + 0.0 Ol, — Pm3m AuCus (L 1») 
TiZno a = 5.064 + 0.002 15.20 = 0.02 Dien — P63/mme MgZnz (C 14) 
c = 8.210 + 0.002 
Zra-a)Cd 2) a = 4.3768 + 0.0006 20.961 + 0.009 O%, — Fm3m Random distribution 
of atoms 
Zr a = 3.1243 + 0.0004 20.990 + 0.009 — 14/mmm Random distribution 
c = 4.3008 + 0 0006 of atoms 
TiHg a = 3.009 + 0.001 18.30 + 0.01 Digyn — P4/mmm AuCu (L lo) 
c = 4.041 + 0.001 
Delta-TisHg a = 4.1654 + 0.0004 18.068 + 0.005 O}% — Pm3m AuCuz (L 1) 
Gamma-TisHg a = 5.1888 + 0.0001 17.463 + 0.001 O3), or T1, Beta tungsten 
ZrsaHg a = 5.5583 + 0.0002 21.465 + 0.002 O%), or Tp Beta tungsten 
ZrHg 0,08 20.6+0.1 Dig, — P4/mmm AuCu (L lo) 
e= 4170.01 
ZrHgs a = 4.3652 + 0.0008 20.79 + 0.01 — Pm3m AuCus (L 12) 
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crystal structure. ZrHg, is isomorphous with 6 
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Technical Note 


Observations on Elevated-Temperature Tensile Deformation 


by R. W. Guard, J. H. Keeler, and S. F. Reiter 


URING the last several years the authors have 

been conducting tests on a tensile machine that 
autographically records load-elongation data. In cer- 
tain tests at elevated temperatures on face-centered 
cubic, hexagonal close-packed, and body-centered 
cubic materials (binary alloys of nickel, zirconium, 
and iron), the load-elongation curve as shown in 
Fig. 1 reaches a maximum load (Pmax.) at relatively 
small amounts of strain and a large amount of elon- 
gation occurs subsequently with a continuously de- 
creasing load, until finally localized necking and 
fracture take place. This early maximum load be- 
havior has been found without the accompanying 
evidence of localized necking as has been assumed 
by some, or of evidence of cracking as observed by 
others. This behavior has also been observed by 
Nadai and Manjoine’ whose results are in good 
agreement with ours. The prior strain, strain rate, 
test temperature, and crystal structure affect the 
observations. 

The influence of prior strain was observed in tests 
on unalloyed zirconium at 300°C in which specimens 
containing large amounts of prior strain (cold work) 
exhibited the type of curve shown in Fig. 1. No 
localized necking was observed after strain as much 
as that of point B. Annealed and recrystallized 
specimens of the same material showed a load-elon- 
gation curve with maximum load occurring after 
considerable strain hardening and at the beginning 
of localized necking. Interrupted tests (Fig. 2) show 
no loss in strength because of recovery or recrys- 
tallization during an interval at temperature with- 
out load. Recovery under stress such as found by 


R. W. GUARD, Junior Member AIME, and J. H. KEELER, Mem- 
ber AIME, are associated with the Research Laboratory, General 
Electric Co., Schenectady, and S. F. REITER, Junior Member AIME, 
formerly with General Electric Co., is now Technical Manager, 
Rome Fastener Corp., New Haven, Conn. 

TN 205E. Manuscript, October 23, 1953. 


226—JOURNAL OF METALS, FEBRUARY 1954 


60- 


-3 


10 
> 


x 


FRACTURE 


20 


NOMINAL STRESS - PSI 


(@) 4 
(0) 0. | 0.2 


ELONGATION — INCHES/INCH 


Fig. 1—Characteristic early P,,,. tensile curve. 
300°C on severely cold worked zirconium.) 


(Test at 


Wood and Suiter* in aluminum is now being investi- 
gated as one possible explanation. 

The strain rate is a contributing variable as shown 
in Fig. 3, a test on high purity nickel. Here the 
strain rate was decreased by a factor of ten during 
a test in which the maximum load was reached at a 
small strain. The slope of the true stress-true strain 
curve was positive with the more rapid strain rate 
and negative with the slower strain rate. 

In many binary ferrites an added effect of tem- 
perature has been observed. Fig. 4 shows the load- 
elongation plots for a binary ferritic alloy contain- 
ing 2 pct Mo. The slope of the small portion of the . 
stress-strain curve obtained at a strain rate of 0.01 
min™ changes sign from negative to positive on going © 
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Fig. 2—Test showing absence of recovery in early P,,,, test. (Test 


at 300°C on severely cold worked zirconium at a strain rate of 
0.09 min.) 


from 650° to 870°C, whereas the slope of the major 
part of the curve obtained at a strain rate of 0.1 
min” remained negative throughout. The reasons 
for this behavior have not been clarified at present. 

The effect of crystal structure on the characteris- 
tics of the tensile curve is illustrated in Fig. 5. At 


0977'7MIN 087 "MIN. 


TRUE STRESS X 10° 
T 


fe) 02 .04 .06 .08 10 A2 16 


TRUE PLASTIC STRAIN—> 


Fig. 3—High purity nickel annealed 1 hr at 500°C. Test at 650°C 
showing effect of change in strain rate on slope of flow curve. 


body-centered cubic, while at 980°C, the 2 pct alloy 
is body-centered cubic and the 1 pct alloy is within 
the y loop and face-centered cubic. The shapes of 
the load-elongation curves for the three body-cen- 


870°C, both the 1 and 2 pct molybdenum ferrites are tered cubic materials are quite similar. However, 
20 T T T T T T jf 
0.1 
0.1 MIN, 

15 
° 0.01 MIN 
oO 
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| 
ep) 
joes 
4 
= =! 
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0.01 MIN! 
fo) 1 ! al 
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Fig. 4—Effect of strain rate and temperature on the slope of the load-elongation curve in a 2 pct Mo-98 pct Fe alloy. 
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Fig. 5—Effect of composition and crystal structure on the shape of 
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load-elongation curves. Samples elongated at 0.1 min”. 
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the face-centered cubic material displays a dis- 
tinctly different type curve. 

The characteristics of the “early Pax.’ tensile 
curve are dependent upon the strain rate, the test 
temperature, and the material under consideration. 
The general features of the behavior are similar in 
the materials so far investigated, but the details are 
dependent upon the material. 
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System Titanium-Manganese-Molybdenum 


by R. P. Elliott, B. W. Levinger, and W. Rostoker 


Phase equilibria in the Ti-Mn-Mo system have been investigated 
in the composition range 100 to 60 pct Ti and in the temperature 
range 550° to 1150°C. Three out of ten isothermal sections are 
presented as well as seven vertical sections, projections of the beta 
space and the surface of incipient melting. 


STUDY of the system Ti-Mn-Mo was under- 

taken as part of a program to aid in the develop- 
ment of titanium-base phase equilibrium diagrams 
of potential technical importance to alloy develop- 
ment. The scope of the investigation included the 
composition range 100 to 60 wt pct Ti (all composi- 
tions refer to weight percentages) and the tempera- 
ture range 550° to 1150°C. A surface of incipient 
melting was constructed from measurements of a 
large number of alloys. 

In the binary system Ti-Mo,' the high temperature 
modification of titanium generally spoken of as the 
8 phase is stabilized to successively lower tempera- 
tures with increasing alloy content. There are no 
known intermediate phases, and complete miscibility 
exists between body-centered cubic titanium and 
molybdenum. The a@ solid solution is limited to less 
than 0.8 pct Mo at temperatures between 885° and 
600°C. 

An equilibrium diagram for the binary system 
Ti-Mn has been published.” Manganese behaves as 
a 6 stabilizer but undergoes a eutectoid transforma- 
tion at about 20 pet Mn and 550°C to a plus an inter- 
mediate phase. The structure of this phase has been 
found to be isomorphous with the o phase FeCr.* 
Accordingly, the phase is assigned the formula TiMn, 
although its actual location on the composition scale 
has not been determined and may well be not exactly 
at the equiatomic composition. In disagreement with 
ref. 2, the origin of the TiMn phase has been shown‘ 
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to be a peritectoid transformation at a temperature 
between 900° and 1000°C. A second intermediate 
phase occurs at the atomic proportions TiMn,. The 
structure of this phase was originally established by 
Wallbaum’ as having a hexagonal lattice (C 14 type, 
12 atoms per unit cell) isomorphous with MgZn,. In 
this work, the structure determination was confirmed 
and lattice parameters determined to be: a = 4.815 
TOS (6 == Lox. 

Because of the extensive range of the 6 phase, the 
ternary system was suited to the determination of 
the phase boundaries by the parametric method of 
Andersen and Jette.” During the course of the in- 
vestigation, this method was found applicable only 
to the B/a+f8 boundaries but not to 6/8+ com- 
pound boundaries. Metallographic methods were 
used alternatively for delineating these phase 
boundaries. 


Preparation and Treatment of Alloys 


Over 70 alloys were prepared for the study of this 
system. Ten gram alloy buttons were arc melted in 
a nonconsumable electrode furnace using inert at- 
mosphere protection, and a water cooled copper 
crucible. The construction and operation of this 
type of melting unit has been described.” To insure 
complete solution of alloy additions, especially mo- 
lybdenum, the buttons were remelted alternately 
on top or bottom as many as five times. This was 
accomplished by a suitable mechanism for “flipping” 
the ingots over. 

It was very difficult to obtain homogeneous melts 
in the region of less than 75 pct Ti because of the 
very high melting point of molybdenum and Ti-Mo 
master alloys and the comparatively low boiling 
point of manganese. Thus, the are conditions for ~ 
insuring complete solution of molybdenum were in- 
compatible with the prevention of heavy losses of 
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COMPOSITION CORRECTED BY: 


oO WEIGHT LOSS 
@ CHEMICALLY ANALYZED 


Fig. 1—Compositions of alloys for study of the system Ti-Mn-Mo. 


40 40 


Fig. 2—Isoparametric projection of the parametric surface for the 
B phase. 


Fig. 3—Isothermal section at 550°C. 
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manganese by volatilization. Accordingly, it was 
not possible to prepare alloys to predetermined 
compositions, the approximate uncertainty being 
directly related to the molybdenum content. 

Iodide titanium (~99.97 pct Ti) was used as an 
alloy base. An especially high quality manganese 
(~99.9 pet Mn) was obtained from the National 
Research Corp. Molybdenum sheet (0.003 in.) of 
99.9 pct purity was used. 

Charges were weighed to the nearest milligram 
and the resultant ingot reweighed to the same ac- 
curacy. Average weight losses for iodide titanium 
melts were of the order of 0.02 grams. By careful 
standardization with chemical analyses, it was found 
possible for alloys containing less than 20 pct total 
alloy content to use weight losses to correct nominal 
analyses by assigning all weight losses above 0.02 
grams to manganese. Above 20 pct alloy content all 


B + COMPOUND 


Fig. 4—Isothermal section at 600°C. 


alloys were chemically analyzed. Adjusted chemi- 
cal compositions of all alloys are shown in Fig. 1. 

Specimens heat treated below 1100°C were en- 
closed in Vycor bulbs. For temperatures in excess 
of 1100°C, quartz bulbs were used. Partial pres- 
sures of argon prevented collapse of the bulbs at 
temperatures above 950°C. Bulbs were simply 
evacuated at lower temperatures. Heat treatments 
were conducted in resistance element tube furnaces 
with temperature control of + 3°C. 

All as-melted alloys were given a preliminary 
homogenization anneal at 1000°C for 24 hr. Homo- 
genized buttons were broken or cut to provide suf- 
ficient specimens for subsequent equilibrium anneals. 
Time schedules for equilibrium anneals are given in 
Table I. 


Examination of Alloys and Analyses of Data 
Lattice parameters of the 8 phase were obtained 
from back-reflection patterns using filtered charac- 
teristic copper radiation (Cu Ka, = 1.5374 kX units). 
Suitable powder specimens were prepared by filing 
or crushing annealed alloys and screening through 


Table |. Annealing Schedules for Attainment of Equilibrium 


Temperature, °C Time, Hr 
550 720 
650 260 
750 110 
850 56 
950 33 
1050 19 
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Fig. 8—Vertical section at 90 pct Ti. 


200 mesh. Annealing was performed by sealing in 
small Vycor tubes and heat treating for about 10 
min at the temperature at which the original speci- 
men was annealed. The powder capsule was then 
vigorously quenched but not broken. Lattice para- 
meters of samples quenched from a 300° range of 
temperature in the £ field were identical. From this, 
it could be concluded that this method of quenching 
was sufficiently rapid to prevent detectable aniso- 
thermal transformation. 

In conjunction with published data for parameters 
of the Ti-Mo' and Ti-Mn’ binary systems, lattice 
parameters of the @ phase as-quenched from the 
single-phase field were used to construct the para- 
metric surface shown in Fig. 2. The graphical 
method of Andersen and Jette’ for the construction 
of the projection of the parametric surface is partic- 
ularly adaptable to selections of alloy compositions 
wherein the proportion of one component is held 
constant. Much of the convenience of construction is 
lost if it is not possible to prepare alloys along pre- 
determined directions within the composition tri- 
angle. Because of the volatility of manganese, this 
proved to be the case for the system under discus- 
sion. The projection of the parametric surface can, 
however, be constructed by somewhat more labori- 


ous means. 
800 T 
80%Ti 
700 B 
~ 
~ 
S00 a 
COMPOUND 
| a+ 8+ COMPOUNDS 
400 
5 10 15 20 
PERCENT MOLYBDENUM 
Fig. 7—Locus of the eutectoid temperature, based on extrapolations. Fig. 9—Vertical section at 80 pct Ti. 
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Fig. 12—Vertical section at 10 pct Mn. 
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If the resultant compositions of the alloys pre- 
pared are plotted, then by inspection, straight lines 
can be drawn to intersect three or more compo- 
sitions. If the parametric surface is continuous, then 
the trace of the surface on a vertical plane whose 
abscissa is colinear with the composition line will 
be a smooth curve. This curve will permit inter- 
polation of the compositions, giving equal parameter 
values for the isoparametric plot. In practice, one 
of two intersecting traces of the parametric surface 
may be used to improve the accuracy of construc- 
tion of the other. By repeated use of such construc- 
tions, a satisfactory projection of the parametric 
surface can be obtained. 

The 8/a+ boundaries were established by the 
use of the parametric surface and by directing the 
tie-lines from the titanium corner of the composition 
triangle. Since the solubility range of a is extremely 
small, this approximation introduces no significant 
error. 

For a number of reasons it was not possible to use 
the parametric method to establish the 6/8+ com- 
pound boundary. In the first place, with increasing 
manganese content, the diffuse background of dif- 
fraction patterns increased. This made the distinc- 
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Fig. 13—Vertical section at 5 pct Mo. 


tion between TiMn and TiMn, as the compound 
extremely difficult. Secondly, since the actual com- 
position location of TiMn was unknown, it was not 
possible to establish the direction of the tie-lines. 
The £/8+ compound boundaries were constructed 
from metallographic studies. Again, by this method, 
it was not possible to distinguish consistently be- 
tween TiMn and TiMn,. Accordingly, it is felt that 
the definition of more than the boundary of the 6 
field was likely to be inaccurate. 

It is generally very difficult to measure the liquid- 
us and solidus temperatures of refractory metal 
systems by thermal arrest methods. An approxi- 
mation of the solidus temperature is achieved by the 
use of incipient melting techniques. In principle, 
sharp corners of small specimens are observed to 
round or collapse on heating to a temperature above 
the solidus at which sufficient liquid has formed to 
destroy the ability of the specimen to retain its ex- 
ternal shape. When this observation is made with 
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Fig. 14—Vertical section at 10 pct Mo. 


an optical pyrometer, the temperature at which 
incipient melting occurs can be measured concur- 
rently. Specimens are suspended on a tungsten wire 
in a high temperature vacuum induction furnace. 
The design and operation of this unit have been 
described.’ The incipient melting procedure was 
calibrated against a selection of pure metals with 
sufficiently diverse melting points that the correc- 
tion curve covered the whole range encountered in 
the alloys under study. Thus, all corrections were 
based on interpolations. 


Discussion of Phase Equilibria 
Between 550° and 1150°C the ternary equilibria 
is dominated by the 6 space. Since the eutectoid 
transformation in the binary Ti-Mn system occurs 
below 550°C, it cannot be expected to appear in the 
ternary system in the temperature range under 
study. 
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Fig. 15—Surface of incipient melting. 
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Isothermal sections were constructed at 50°C in- 
tervals between 550° and 850°C, inclusive, and at 
100°C intervals between 850° and 1150°C, inclusive. 
Because of the insuppressible transformation B> a’ 
on quenching alloys of low manganese and molyb- 
denum content, it was necessary to determine the 
B/a+f boundaries at 800° and 850°C by metallo- 
graphic methods. Isothermal sections with support- 
ing data for the 550°, 600°, and 650°C levels are 
shown in Figs. 3, 4, and 5. Fig. 6 presents a contour 
plan of the B/a+ and compound surfaces. 
Based on extrapolations of vertical section construc- 
tions the probable course of the eutectoid depression 
is presented in Fig. 7. 

Experimentally determined isothermal sections 
have been used to construct vertical sections along 
selected directions in the composition triangle. These 
in turn have been used to adjust the boundaries in 
the isothermal sections within the latitude permitted 
by the data. By such repeated constructions all of 
the experimental data are used to define the phase 
boundary surfaces. Phase boundaries in Figs. 3, 4, 
and 5 have been adjusted in this fashion. Vertical 
sections at 90, 80, and 70 pct Ti; 5 and 10 pct Mn; 
and 5 and 10 pet Mo are shown in Figs. 8 to 14, 
inclusive. 

The incipient melting measurements for 30 alloys 
were used to construct the projection of the surface 
of incipient melting shown in Fig. 15. The method 
of construction was exactly the same as used to con- 
struct the parametric surface. It is hkely that alloys 
on the high manganese side gave somewhat higher 
melting points because manganese was observed to 
be volatilizing from the surface of these specimens 
during the incipient melting experiments. 


Summary 

1—The ternary equilibria of the Ti-Mn-Mo sys- 
tem have been investigated in the composition range 
100 to 60 pet Ti and over the temperature range 

2—The bounding surfaces B/a+ and B/8B+ com- 
pound have been determined in this region. 

3—A surface of incipient melting has been con- 
structed. 

4—The lattice parameters of the 6 phase have 
been used to construct a parametric surface. 
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Constitution and Properties of Ag-Cu-Zn Brazing Alloys 


by Karl M. Weigert 


The position of the three-phase field between the alpha and the 
beta phases was established. The exact location differs from previ- 
ous assumptions. The extremely high strength and hardness values 
were found near the phase boundaries of the ternary compositions. 


N 1929, Ueno’ investigated vertical sections of the 

Ag-Cu-Zn diagram at constant silver and zinc 
values. From the evaluation of cooling curves and 
microscopic studies, he concluded that there was no 
evidence of a three-phase field in the solid state 
between the a and £ fields. The failure to find evi- 
dence for this field was due to the fact that it exists 
only in a very narrow range of compositions and 
requires special methods of heat treatment to estab- 
lish phase equilibrium. 

In a later publication on the same subject Keinert* 
rearranged Ueno’s diagrams to conform with the 
basic phase rules. The existence of a three-phase 
field was postulated in the solid state between the a 
phases and the homogeneous 8 phase between the 
Cu-Zn and the Ag-Zn binary border systems. The 
approximate location was based on a few micro- 
scopic observations of the structure and it was 
pointed out that the exact position could be deter- 
mined only by a larger number of experiments. 

In the twenty years following these investigations 
alloys of Ag-Cu-Zn have become of general interest 
due to various technical applications, principally for 
brazing. In the course of an overall investigation of 
the physical properties of ternary Ag-Cu-Zn alloys 
the author found extremely high values of hardness 
and strength in alloys of compositions between the 
a and the £8 fields. The exact location of the inter- 
mediate phase fields was established by the evalu- 
ation of more than a hundred cooling curves and 
microscopic mountings. 


Experimental Procedures 
Preparation of Test Samples: At the beginning of 
the investigation samples were chillcast into % in. 
diameter iron molds to determine hardness, strength, 
and the mechanism of primary crystallization. These 
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Fig. 1—30 pct Ag-40 pct Cu-30 pct Zn alloy heat treated at 
600°C for 10 hr. X300. 


Fig. 2—Horizontal section through the Ag-Cu-Zn diagram at 600°F. 
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The preparation of test samples for studies at dif- Fig 3b—Vertical section through the Ag-Cu-Zn diagram at 
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Fig. 3e—Vertical section through the Ag-Cu-Zn diagram at 
50 wt pct Ag. 


the following manner: In cylindrical brass pieces 1 
in. diameter and 1% in. high, up to 15 holes were 
drilled lengthwise down to within % in. of the 
bottom. Precast sample pieces of varying compo- 
sitions were inserted into the holes, reaching almost 
to the top. After applying flux, the whole block was 
heated until the samples were melted down and 
then was air cooled slowly so that large crystals 
would form. Then sections of the block were cut off, 
after polishing and examining the structure. The 
remainder could be heat treated at various temper- 
atures and eventually more sections could be put 
aside. Among the advantages of this procedure are 
the following: 

No special mounting equipment is required. Many 
samples, representing a whole section of a diagram 
can be processed simultaneously, assuring the same 
kind of heat treatment. Changes in the structure 
can be examined from time to time, and the heat 
treatment can be interrupted when equilibrium has 
been established. The etching of alloys mounted in 
_ metals is much faster, due to local potentials. Relia- 
ble hardness tests can be conducted on the surface. 

Identification of Phases: Conventional etching 
solutions were used, e.g., 10 pet ammonium persul- 
phate with occasional additions of potassium cya- 
nide, ammonia and hydrogen peroxide. The identi- 
fication of the a phase near the copper side was very 
easy. Good phase contrast for the 8 phase against 
the primary copper crystallization and the silver- 
rich eutectic could be achieved by the use of ferric 
chloride and cuprous ammonium chloride solutions. 
The primary £8 crystals on the silver-rich side were 
somewhat difficult to etch. The grain boundaries 
could be brought out with nital solutions. The struc- 
tures of the a and £# fields have been reported. 
Therefore only a typical example of the structure of 
the three-phase field is shown, Fig. 1. At a compo- 
sition of 30 pet Ag-40 pct Cu-30 pct Zn, the primary 
crystallization consists of large copper dendrides. At 
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Fig. 3f—Vertical section through the Ag-Cu-Zn diagram at 
60 wt pct Ag. 


1235°F the melt reacts with the copper-rich a crys- 
tals in a peritectic four-phase reaction to form a 
silver-rich phase and some £ crystals. The color of 
the copper crystals is light brown and the silver-rich 
phase remains white. The 6 phase varies consider- 
ably in color from yellow to very dark brown. The 
elongated 6 crystals can be easily distinguished from 
the rather round a copper dendrides. 

All the alloys were reheated for 5 hr at 1200°F 
and quenched in water. In order to observe the 
phase formation at lower temperatures the samples 
were aged up to 100 hr at 600°F, until phase equi- 
librium was established. 

Location of Phase Fields—Horizontal Sections: 
The horizontal section at 600°F is comparable to the 
one proposed by Keinert’ at a low temperature, Fig. 
2. The positions of the corner points of the three- 
phase triangle are given in Table I. 

The relocation of the three-phase field toward 
higher zinc values conforms with the findings of 
high values of strength and hardness of alloys with 
compositions located in the range of the intermedi- 
ate phases between the a and £ fields. This will be 
shown in the investigation of physical properties. 

Vertical Sections: The vertical sections of the 
ternary diagram were re-examined and the bound- 
aries of the liquid and partly liquid phases located 


Table |. Position of Corner Points in Three-Phase Triangle 


Copper Silver Beta 
Side, Side, Side, 
A, Wt Pet B, Wt Pct C, Wt Pct 
Author 
g 3 77 20 
Cu 65 3 46 
Zn 32 20 34 
Keinert 
g 3 80 49 
Cu 68 3 22 
Zn 29 U7 29 
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Fig. 4a—Brinell hardness number of the as-cast alloys. 
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Fig. 4e—Density of the as-cast alloys. 
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Fig. 4b—Tensile strength of the as-cast alloys. 
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Fig. 4d—Elongation of the as-cast alloys. 


by evaluating conventional cooling curves taken 
with a Leeds and Northrup micromax recorder. The 
location of the solid phase boundaries was found 
from microscopical structure determinations. The 
results have been compiled in Fig. 3a to f. 

10 pet Silver Section, Fig. 3a: The liquidus re- 
sembles the Cu-Zn diagram at slightly lower tem- 
peratures. Three narrow three-phase fields were 
identified: 

1—The Cu + Ag + L field extending from the 
eutectic point “E” at 0.0 wt pct Zn (779°C) to the 
solidus four-phase plane “S” at 36 wt pct Zn 
(680°C). 

2—The Cu + 6 + L field extending from the 
peritectic point “P” at 40 wt pct Zn (850°C) to the 
solidus four-phase plane at 36 wt pct Zn (680°C). 

3—The Cu + Ag + 8 field extending from the 
four-phase plane at 36 wt pct Zn (680°C) to lower 
temperatures. 

The locations of the solid and liquid two-phase 
fields were corrected and details worked out near 
the peritectic point “P.” The melting range ASTM 
grade No. 1 (ref. 3) checks with the diagram. 
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20 Pct Silver Section, Fig. 3b: The diagram is 
similar to the 10 pct section. It can be seen that 
“P,” the origin of the peritectic reaction, shifts to 
the higher zinc values. The melting range data of 
the alloy ASTM grade No. 2 (ref. 3) are also in 
good agreement with the diagram. 

30, 40, and 50 Pct Silver Sections, Fig. 3c, d, and 
e: Details of the shifting of the peritectic point 
“P” and the narrowing of the distance between this 
point and the four-phase plane can be seen in the 
diagrams. This is also in agreement with the ASTM 
grade alloys No. 11, 12, 4, and 5. 

60 Pct Silver Section, Fig. 3f: The four-phase 
plane reaches a temperature as low as 650°C and 
the distance between this plane and the peritectic 
point “P” is only 10°C. The fact that the liquidus 
goes through a minimum has sometimes been mis- 
interpreted as the existence of a ternary eutectic 
point.* 


Selection of ASTM Grade Brazing Alloys: A 
glance at the position of the ASTM grade alloys in 
the phase diagrams reveals common features which 
are too obvious to be accidental. Grades 1, 2, 4, 5, 
11, and 12 show high strength and a narrow melting 
range. The grades 5, 6, 7, 8, and 13 offer high duc- 
tility combined with limited fluidity, desirable fea- 
tures in certain brazing operations. A description 
of the brazing properties of the alloys will be pub- 
lished elsewhere.” 


Physical Properties of the Ternary Alloys 


Brinell Hardness of Cast Samples, Fig. 4a: Hard- 
ness values were determined on the chill-cast sam- 
ples on a superficial Rockwell tester and converted 
by a conventional scale to Brinell hardness num- 
bers. Superficial hardness measurements are pref- 
erably used on small precious metal pieces to simu- 
late casting conditions prevailing in joints of 0.005 
to 0.010 in. thickness. No difference in hardness 
values could be found on the outside or inside of 
castings up to 1 in. in diameter. 

It would be out of the scope of the investigation 
to explain the small discrepancies in the conversion 
of Rockwell to BHN values. It simply amounts to 
the question of whether or not the increase in depth 
corresponds to the increase of the diameter of the 
indentation. Also the BHN values of different cast 
samples might vary from 5 to 10 points. The Rock- 
well readings were checked against a calibration 
curve measuring the diameter of the indentation on 
a microscope scale corresponding to the evaluation 
of the Brinell method. There were no disturbing 
embossing or springback effects noticeable. 

The hardness of the alloys in the a field varies 
between 100 to 150 BHN, increasing with the zinc 
content. The 8 phase reaches hardness values of 
200 to 300 BHN. A maximum of hardness at high 
silver content occurs at the composition 55 wt pct 
Ag-30 wt pet Zn-15 wt pct Cu. Another maximum 
in the brittle y field lies outside of the scope of this 
investigation. 


Tensile Strength of the Alloys, Fig. 4b: Rods of 
5 in. length and 0.25 in. diameter were used to de- 
termine the tensile strength of the alloys. Some 
difficulty was encountered in the vicinity of the 
ternary compositions due to slipping and mashing 
of the ends of the extremely hard rods. The tensile 
strength of 30,000 to 60,000 psi in the a field is in 
agreement with data previously reported.’ For the 
compositions of 25 to 30 wt pct Ag, 35 to 45 wt pct 
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Fig. 5—Compositions of samples investigated. 


Cu, and 32 to 35 wt pct Zn, the tensile strength 
reaches its maximum and was found to vary be- 
tween 80,000 to 100,000 psi. The average accuracy 
of the test was of the order of 10 to 20 pct. 

Shear Strength Tests on the 0.25 In. Rods, Fig. 4c: 
The distribution of shear strength values over the 
ternary system was found to be similar to the one 
of the tensile strength. The shear strength is in 
most cases about one-half of the tensile strength. 
The rods were sheared off by the motion of a plate 
sliding between two plates on’ the outside, moving 
in opposite directions, a method used for testing 
rivets. 

Elongation of Rods, Fig. 4d: The high elongation 
values in the a field are an indication for good cold 
workability. Elongation (2 in. gage length) and 
cold workability decrease rapidly toward the B 
phase field. 

Density of the Ternary System, Fig. 4e: A density 
diagram ends the list of physical properties. Suffi- 
cient literature information was available to plot 
this chart. 

Compositions of the samples investigated are 
plotted in Fig. 5. 
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System Zirconium-Oxygen 


by R. F. Domagala and D. J. McPherson 


lodide zirconium was combined with calculated amounts of ZrO, 
or master alloys and arc-melted. Annealing treatments were carried 
out at 21 temperature levels. Metallographic examination of the 
heat treated specimens permitted construction of the binary phase 
diagram from zirconium to ZrOs. Oxygen additions to zirconium 
raise the transformation temperature as well as the melting point. 
Features of the diagram include the peritectic formation of beta, 
the formation of alpha directly from the melt, an intermediate phase 
ZrO, with a range of homogeneity, and a eutectic between alpha 


and ZrQ.. 


| Paget relationships in the Zr-O system were de- 
termined in the range 0 to 66.7 atomic pct O 
(ZrO.). Arc-melted alloys were annealed at tem- 
perature levels between 600° and 2000°C. Deter- 
mination of the phase boundaries was accomplished 
by metallographic evaluation of specimens quenched 
from the various temperatures. Incipient melting 
techniques were used to determine solidus curves, 
and X-ray diffraction work was employed to study 
the lattice parameters of the a solid solution and the 
phase ZrO,. 
Experimental Procedures 

Westinghouse “Grade 1” iodide zirconium crystal 
bar (approximately 99.8 pct pure) was employed 
for the investigation. This material is substantially 
free of the impurity inclusions characteristic of most 
zirconium metal. Previous work has shown it to be 
the most satisfactory grade for phase diagram 
studies. 

The zirconium crystal bar, as-received, was coated 
with corrosion product from autoclave tests by which 
its grade designation is determined. The bars were 
sand blasted lightly, pickled for 1 min in a 20 pct 
HNO,-5 pet HF aqueous solution, rinsed in water 
and acetone, and dried. The bars were rolled to 
about 1/32 in. strip, cut into 10 in. lengths, and 
pickled again. The material was sheared to approxi- 
mately % in. squares, cleaned with acetone, and 
stored for use. 

Two pounds of specially prepared “chemically 
pure,” and 100 grams of spectrographic grade ZrO, 
were obtained for the preparation of alloys. The 
“Specpure” ZrO, was obtained from Johnson, Mat- 
they Co., Ltd., and Titanium Alloy Manufacturing 
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Table |. Analyses of Zirconium Dioxide 


Specially Specially 
Prepared C.P. Prepared C.P. 

Impurity (Powder), PPM Impurity (Powder), PPM 

AlzOz 40 MgO 500 

B2Os 3 MnOz 0.2 

BaO 10 NazO 10 

CaO 100 100 

Cr2Oz 0.5 PbO 

CuO 30 SiOg 25 

200 5 

20,000 SrO 10 

K20 100 


The spectrographic analysis of the “Specpure” ZrO2 showed the 
sensitive lines of hafnium, silicon, calcium, copper, and iron to be 
faintly or barely visible with no other lines observed. 


Div. of National Lead Co. supplied the other grade 
of oxide. The “chemically pure” material (hence- 
forth referred to as C.P. ZrO.) was used for the 
preparation of all alloys employed in the determi- 
nation of phase relationships. A limited number of 
alloys were prepared with the ‘“Specpure” oxide to 
recheck certain phase boundaries. Analyses of the 
two grades of oxide are given in Table I. 

The C.P. ZrO, was received in powder form, not 
suitable for arc melting. Therefore, this material 
was compressed to wafers 1 in. in diameter and 
about 4% in. thick. These were segmented and stored 
for use. The “Specpure” material, in the form of 
small granules, was suitable for use in the as- 
received condition. 

A nonconsumable electrode arc-melting furnace 
was used to prepare alloys. A water-cooled copper 
crucible and tungsten-tipped electrode were em- 
ployed. The material was placed in the crucible 
and rapidly melted under a protective atmosphere 
of helium gas by striking the are on a tungsten 
stud and directing it upon the charge material. De- 
tails of operation, including drawings of this type 
furnace, have been published. 
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Two 75 gram master alloy ingots containing 15 
pet O and three containing 20 pet O were prepared 
by are melting calculated amounts of compressed, 
C.P. ZrO, powder with zirconium. The ingots were 
melted, inverted, and. remelted twice without open- 
ing the furnace. The ingots having a given oxygen 
content were then broken, combined, divided into 
75 gram lots, and remelted. This process of break- 
ing and combining ingots was repeated once more. 
After the third melting operation, macroexamina- 
tion and microexamination of the ingots showed 
them to be completely homogeneous. The ingots 
were then crushed and screened; particles of —4 
+20 mesh were reserved for alloy charging. The 
reason for using master alloys was twofold. First, 
the necessity of handling fragile compacts of ZrO, 
powder for every alloy was precluded. Second, the 
melting times and power levels necessary to pro- 
duce completely homogeneous ingots were reduced. 

For the phase diagram study, 20 gram ingots were 
made by combining carefully weighed amounts of 
master alloy with zirconium and arc melting. Alloys 
containing up to 5.5 pct O were prepared using the 
15 pct master alloy, while the 20 pct master alloy 
was employed for alloys containing from 6.0 to 12.5 
pet O. Alloys of higher oxygen content were made 
directly from compressed ZrO, powder and zirconi- 
um. All of the alloys were melted a total of four or 
five times. 

A set of alloys was also made utilizing “Specpure”’ 
ZrO,. For this work a master alloy containing 5 pct 
O was first prepared following the technique out- 
lined above. 

Before the regular isothermal annealing treat- 
ments were carried out, certain alloys were homo- 
genized and cold worked to hasten the approach to 
equilibrium during the anneals. Specimens suitable 
for use were then prepared by sawing (for only the 
very dilute oxygen alloys), or breaking the ingots. 

Samples were sealed in either Vycor or quartz 
bulbs for isothermal annealing treatments up to 
1500°C. Anneals up to this temperature were car- 
ried out in resistance-type, porcelain tube furnaces 
having a temperature control of +3°C. Specimens 
were quenched at the conclusion of an anneal by 
rapidly withdrawing the bulb from the furnace and 
breaking it under water. 

Inasmuch as oxygen additions to zirconium raise 
its melting point as well as its transformation point, 
important phase boundaries had to be delineated 
at temperatures well above the maximum operating 
temperatures of the porcelain tube furnaces. The 
vacuum resistance furnace constructed for these an- 
neals is shown in cross section in Fig. 1. Funda- 
mentally, the furnace is a modification of a unit 
designed by McRitchie and Ault.’ The heater ele- 
ment is a split cylinder of 0.005 in. thick molybde- 
num sheet, held in place by removable copper con- 
tacts (Items No. 6, 12 and 18 in Fig. 1). The top 
and bottom of the furnace are at different electrical 
potentials, and are insulated by an “O” ring (No. 
17, Fig. 1). This ring also serves as a vacuum seal. 
The top and bottom covers are held in place by an 
interrupted thread arrangement and clamping de- 
vice, respectively. “O” rings are provided to make 
these seals vacuum tight. 

Four cylindrical radiation shields within the fur- 
nace increase the maximum operating temperature. 
The shields are formed from 0.005 in. thick sheet; 
the innermost being tantalum, while the remaining 
three are molybdenum. Specimen-supporting tung- 
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Fig. 1—High temperature vacuum resistance furnace. 


sten wires are hung axially in the furnace from a 
fork attached to a horizontal, off-center shaft (No. 
4, Fig. 1). Quenching is accomplished by rotating 
the shaft, thus allowing the specimens and wire to 
fall into the bottom chamber. The brass shell and 
the copper contacts are cooled by water flowing 
through %4 in. copper tubing and water chambers, 
respectively. Sight ports at the top and side of the 
furnace permit observation of the specimen temper- 
ature during heating. 

Power is supplied to the heater through bus bars 
attached to the top and bottom portions of the fur- 
nace. A 13 kw Powerstat, operating off a 220 v line, 
controls the power supplied to a 15 kw step-down 
transformer. The transformer transmits current to 
the furnace at 0 to 10 v. The furnace is evacuated 
to a pressure below 0.1 micron, (1x10“* mm of Hg). 
Prior to annealing runs, a correlation of optically 
measured vs true temperatures was made. The opti- 
cally measured melting points of nickel and plati- 
num were plotted against the accepted values. The 
melting point of zirconium was then determined on 
a basis of the calibration curve and was found to 
average 1845°C, about 7°C lower than the average 
value previously determined in a vacuum induction 
furnace, but within the estimated range of experi- 
mental accuracy. 

Anneals were conducted by suspending the sam- 
ples in the center of the furnace and slowly heating 
to temperature. Although very rapid heating rates 
were possible, the specimens were brought to tem- 
perature in about 15 min. The desired annealing 
temperature was maintained for 5 to 10 min, and 
then the specimens were dropped to the bottom of 
the furnace and the power was shut off simultane- 
ously. Temperature control during annealing treat- 
ments was + 10°C. 


FEBRUARY 1954, JOURNAL OF METALS—239 


j=. _ 2 
° 
— 
| 
| 
| 
15 
N 
NORA 


ATOMIC PERCENT OXYGEN 
024 6 8 10 i2 I4 16 18 20 22 24 26 28 30 
T 


T T T T T T 
O= ONE PHASE 
2200} +,x = TWO PHASES fe 44000 
4= MELTING L+a 
2100F 1900 _13800 
1.25 1975 
\ 13600 
5.5) 3400 
oO 3.75 675 43200 
4 
+3000 
a o 4 
2800 w 
ul | <q2600 
=! 
4 2400 < 
a 
° ° 2200 
a 
° ° 2000 
° ° x4 
2 1800 
° ° OF 
1600 
fo) ° x 
1400 
fa) 4 
1200 
1 1 1 1 1 1000 
fe) | 2 3 4 5 6 7 


WEIGHT PERCENT OXYGEN 


Fig. 2—Expanded diagram of the zirconium-rich region of the 
Zr-O system. 


The vacuum induction furnace used to aid in out- 
lining the solidus curves for this system has been 
described. Specimens supported on tungsten wires 
are rapidly heated until visible melting occurs; then 
samples of the same alloy content are quenched 
from successively lower temperatures. By metallo- 
graphic evaluation of the resulting structures, the 
solidus curve is determined. 

The method employed for determination of oxy- 
gen in zirconium was substantially that of Read and 
Zopatti.2 Hydrogen chloride gas freshly generated 
by reacting sulphuric acid and sodium chloride is 
dried, purified, and passed over the alloy. The zir- 
conium is volatilized as a chloride and carried away 
in a stream of helium gas. The oxygen in the alloy 


remains, combined with zirconium as ZrO,. The 
Table Il. Summary of C.P. Zr-O Alloys 
Intended Analyzed Intended Analyzed 
Oxygen, Oxygen, Oxygen, Oxygen, 
Wt Pet Wt Pct Wt Pct Wt Pct 
Zr 0.027 6.5 
0.1 7.0 7.0 
0.2 0.31 7.5 
0.3 8.0 8.0 
0.4 0.47 8.5 
0.5 9.0 9.0 
0.6 0.62 9.5 
0.7 10.0 9.9 
0.8 0.89 10.5 
0.9 11.0 10.9 
1.0 1.0 11.5 
1.25 12.0 12.0 
1.5 12.5 
1.75 13.0 13.2 
2.0 13.5 
2.25 14.0 14.2 
2.5 14.5 
2.75 15 15.2 
3.0 3.2 16 16.4 
3.25 17 
3.5 18 
3.75 19 cay 
4.0 4.2 20 
4.25 21 
4.5 22 
4.75 23 
5.0 5.4 24 
5.5 25 
6.0 6.2 25.9 


reaction is carried out at 400° to 600°C in platinum 
crucibles. ; 

The accuracy of analysis by this method is be- 
lieved to be good. Checks made on an alloy of a 
given oxygen content always yielded the same re- 
sults, and in every case agreement with nominal 
compositions was excellent. 


Results and Discussion 

Fifty-six alloys based on C.P. ZrO, were prepared 
for the study of phase relationships in this system. 
A complete tabulation of these alloys, with analyses, 
is given in Table II. Similar data for alloys based 
on “Specpure” ZrO, are presented in Table III. All 
compositions were not prepared with the higher 
purity oxide due to the limited quantity available. 
Alloys containing 0 to 7.5 pet O were homogenized 
at 1200°C for 48 hr prior to annealing treatments. 
Alloys were cold rolled before annealing when pos- 
sible. The amount of reduction accomplished de- 
creased from 70 pct for the 0.1 pct O alloy to 3 pct 
for the 0.8 pct O alloy. It was not possible to cold 
work alloys containing more than 0.8 pct O. 

The results of analyses illustrate that the ana- 
lyzed compositions were in excellent agreement 
with the intended compositions. Within the accu- 
racy of the analytical techniques employed, it can 
be said that the nominal compositions are correct to 
within + 0.1 pct O in the dilute alloy region and 
well within +0.5 pct O in the oxygen-rich alloys. 
Weight loss measurements made on many of the 
ingots after arc melting also indicated that the true 
compositions must be very close to the intended 
compositions. 

The phase diagram has been constructed on a 
basis of the intended oxygen contents of the alloys. 
The accuracy of phase boundary delineations, there- 
fore, is at least as good as the accuracy of compo- 
sitions given in Tables II and III. 

In order to determine times necessary to approach 
equilibrium during isothermal annealing, prelimi- 
nary treatments were made. Alloys containing 0.3, 
2, 4, 7, and 10 wt pct O were annealed for three 
different times at 800°, 1000°, and 1200°C. Metallo- 
graphic examination of these samples showed no 
change in the relative amounts of phases after 150, 
75, and 15 hr at 800°, 1000°, and 1200°C, respec- 
tively. These data were extrapolated to determine 
appropriate annealing times at all temperature 
levels employed for this study. 

Anneals of alloys based on C.P. ZrO, were carried 
out at 21 temperature levels between 605° and 
2000°C. Table IV presents a tabulation of the tem- 
peratures and times of annealing together with the 
number of specimen compositions treated at each 
temperature. A control sample of unalloyed zir- 
conium was included with each annealing treatment 
from 605° to 1800°C. 


Table Ill. Summary of “Specpure” Zr-O Alloys 


Intended 


Analyzed Intended Analyzed 
Oxygen, Oxygen, Oxygen, Oxygen, 
Wt Pct Wt Pet Wt Pct Wt Pct 
0.1 0.8 
0.2 0.26 0.9 te 
0.3 1.0 1.0 
0.44 
2.0 
0.6 0.67 2.5 
0.7 3.0 3.0 
ZrO2z 25.8 
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Partial diagrams of the Zr-O binary system, based 
on weight percent, are presented in Figs. 2 and 3. 
The former figure is an expanded diagram of the 
zirconium-rich region, while the latter presents the 
phase relationships up to ZrO,. These are docu- 
mented with most of the metallographic data points 
necessary for construction of the diagram. 

Metallographic evidence substantiating the place- 
ment of various phase boundaries and temperature 
horizontals is presented in the following micro- 
graphs.* Figs. 4 and 5 show a transformed 8 and an 

* The composition values given in the discussion of structures 

refer to weight percent. The etchant employed was 20 pct HF, 20 
pet in glycerine. 
a + transformed £ structure observed in 0.3 and 0.4 
pet O alloys, respectively, quenched from 1100°C. 
The positioning of the a + 8/a boundary at the 
same level was based on the a + £8 and a structures 
found in alloys containing 1.75 and 2.25 pct O, Figs. 
6 and 7, respectively, also quenched from 1100°C. 
Figs. 8 and 9 show 100 pct a and a + ZrO, structures 
of specimens containing 6.0 and 7.0 pct O, respec- 
tively, quenched from the same temperature. 

Micrographs of specimens quenched from 1600°C 
are presented next. An alloy containing 1.0 pct O 
(Fig. 10) is seen to be transformed £, while at 1.5 
pet O (Fig. 11) an a + transformed 8 structure is 
observed. Samples containing 3.0 and 3.5 pct O are 
shown in Figs. 12 and 13. The 3 pct composition is 
mostly a phase with “bars” of residual transformed 
8, while at 3.5 pct O the structure is 100 pct a. The 
a/a + ZrO, boundary is positioned at 1600°C by the 
micrographs of Figs. 14 and 15, 6.5 and 7.0 pet O 
alloys, respectively. The former is all a while the 
latter is two phase, a + ZrO,. 

It was interesting to note that the retained 6 
structure was not observed in any alloy, regardless 
of its thermal history. 

Due to the slightly slower cooling rate of samples 
quenched from very high temperatures in the vacu- 
um resistance furnace, some difficulty was encoun- 
tered in the interpretation of microstructures across 
the B/a + $8 boundary. The resulting coarseness of 
the 8 transformation product made it difficult to 
distinguish all-8 structures from those containing 
some isothermal a. The difficulty was limited to this 
single high temperature region, and with the help 
of other data, the boundary placement is believed 
accurate to at least + 0.25 pct O. 


Table IV. Annealing Schedule of C.P. Zr-O Alloys 


Tempera- Time No. of Compo- 
ture, °C Hr sitions Treated 

2000 is 9 
1950 of 6 
1930 ba 3 
1920 0.1 1 
1910 3 
1885 0.1 20 
1800 0.1 18 
1700 0.1 20 
1600 0.1 21 
1500 0.25 40 
1398 1 44 
1308 5 19 
1204 16 33 
1100 40 32 
1003 70 30 

947 90 32 

898 100 30 

849 125 33 

800 150 24 

700 305 28 

605 500 25 


* Held at temperature until visible melting was observed. 
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Fig. 3—Partial diagram of the Zr-O system. 


The B/a + B and a + £/a boundaries were 
checked by examining “Specpure” alloys annealed 
and quenched from 1000°, 1200°, and 1400°C. Struc- 
tures identical to those found in the C.P. alloys were 
observed in every case. Because of this agreement, 
no additional checks were made on boundaries de- 
lineated with alloys based on C.P. ZrO.. 

The location of boundaries in the dilute alloy 
region in the vicinity of the solidus is shown by the 
microstructures of the next series of samples. Fig. 
16 shows a 1.25 pet O sample quenched from 1885°C. 
Transformed £6 phase plus signs of melting are evi- 
dent here. A 1.75 pct O alloy, annealed at the same 
level, is 100 pet transformed 8 with no signs of melt- 
ing, Fig. 17. A 2.25 pet O alloy also annealed at 
1885°C, Fig. 18, consists of two phases, a + trans- 
formed Bf. 

The placement of the peritectic temperature is 
supported by the structures of Figs. 19 and 20. In 
both figures a 3 pct alloy is shown. Fig. 19 illustrates 
the a + 6 structures found at this composition when 
quenched from 1930°C, while the following figure 
shows the indications of melting observed when the 
specimen is quenched from 1950°C. 

Figs. 21 and 22 show structures observed in alloys 
containing 1.0 and 1.5 pet O, respectively. The for- 
mer sample was quenched from 1930°C; £8 plus signs 
of melting are evident. The latter alloy was 
quenched from 1960°C; here primary dendrites of 
a have appeared on re-solidification. These struc- 
tures position the composition of the peritectic liquid 
between 1.0 and 1.5 pet O and also add supporting 
evidence to the placement of the temperature of the 
peritectic reaction. 

The maximum extent of the a + £ field and the 
composition of a solid solution which enters into the 
peritectic reaction are confirmed by the microstruc- 
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Fig. 4—0.3 pct O alloy quenched from 1100°C. 
Transformed 8 solid solution. Etched. X250. 
X250. 


Fig. 7—2.25 pct O alloy quenched from 
1100°C. A veined all a structure. Etched. 
Polarized light. X250. 


AS 


Fig. 5—0.4 pct O alloy 
Isothermal a plus transformed £. Etched. 


= 


\ 


quenched from 1100°C. Fig. 6—1.75 pct O alloy quenched from 


1100°C. «@ plus last traces of transformed f. 
Etched. X250. 


Fig. 8—6.0 pct O alloy quenched from Fig. 9—7.0 pct O alloy quenched from 
1100°C. An all @ structure. Etched. X500. 


1100°C. A two-phase, a + ZrO, structure. 
Unetched. X500. 


Fig. 10—1.0 pct O alloy quenched from Fig. 11—1.5 pct O alloy quenched from Fig. 12—3.0 pct O alloy quenched from 


1600°C. Coarse transformed 6. Etched. X250. 
Etched. X250. 


tures of a 4.0 pct O alloy shown in Figs. 23 and 24. 
Fig. 23 is the microstructure of this alloy quenched 
from 1950°C; an « structure is present. Signs of 
melting in the a are seen in this alloy when 
quenched from 2000°C, Fig. 24. 

The maximum at 5.5 pct O and 1975°C is verified 
by the sequence of structures in Figs. 25 to 28. Fig. 
25 is a 5 pet O alloy quenched from 1950°C, while 
Fig. 26 shows the same alloy quenched from 2000°C. 
The former is 100 pct a, while the latter has signs of 
melting in addition to the a phase. The structures of 
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1600°C. Transformed £8 plus isothermal a. 


1600°C. plus “bars” of transformed 
Etched. X200. 


Figs. 27 and 28 show a 6.5 pct O alloy quenched 
from 1885° and 1950°C, respectively. The presence 
of all a and @ plus signs of melting, respectively, 
serves to position the solidus curve at another com- 
position. 

Fig. 29 shows the eutectic structure of an as-cast 
alloy containing 11.0 pct O. The structures of Figs. 
30 and 31 show a 15.0 pct O alloy quenched from 
1885° and 1990°C, respectively. The latter shows the * 
appearance of melting characterized by the spheroi- 
dization of the a entrapped in the ZrO, dendrites, 
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Fig. 13—3.5 pct O alloy quenched from Fig. 14—6.5 pct O alloy quenched from Fig. 15—7.0 pct O alloy quenched from 
1600°C. a@ plus particles of ZrO,. Unetched. 
X250. 


1600°C. 100 pct a Unetched. Polarized 1600°C. 100 pct a. 
light. X250. light. X250. 


Fig. 16—1.25 pct O alloy quenched from 
1885°C. Transformed 6 plus signs of melt- 
ing. Compare with the normal transformed 8 
structure of Fig. 17. Etched. X250. 


Etched. X250. 


and the general loss of shape of the dendrites. The 
former structure characterizes the appearance of 
unmelted, hypereutectic alloys. 

The nonexistence of a phase ZrO (14.9 wt pct, 
50 atomic pet O) is confirmed by the micrographs 
of the 15 pct O alloys described above at high tem- 
peratures and at lower levels by Fig. 32. A 15 pct 
O alloy is shown quenched from 700°C. Only the 
phases a and ZrO, are seen, which refutes the possi- 
ble peritectoid formation of ZrO. In the course of 
the investigation, no single piece of evidence was 
found which could be construed as evidence for the 
existence of ZrO. 

A series of four micrographs illustrating the mis- 
cibility range of ZrO, is shown in Figs. 33 to 36. Fig. 
33 is a 23 pct O alloy annealed and quenched from 
1885°C. At this composition, a two phase a + ZrO, 
structure is seen. The a at the grain boundaries is 
isothermal, while the a striations within the grains 
appear to be the result of an unsuppressible rejec- 
tion on cooling. At 24 pct O, and 1885°C (Fig. 34), 
ZrO, may be seen with only anisothermal a stri- 
ations as before. The decrease in the miscibility 
range with decreasing temperature is illustrated in 
the structure of Fig. 35, a 25 pct O alloy quenched 
from 700°C. The two phases a +ZrO, are present, 
as in the 23 pct O alloy quenched from 1885°C. 
There is a notable decrease in the number of stri- 
ations at this composition. Fig. 36 is a 26 pct O alloy 
(stoichiometric ZrO.). This sample had been treated 
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Unetched. 


Polarized 


Fig. 17—1.75 pct O alloy quenched from Fig. 18—2.25 pct O alloy quenched from 
1885°C. 100 pct transformed 8. No melting. 


1885°C. Two phases, a plus transformed £. 
Etched. X250. 


at 1885°C and the striation-free single-phase ZrO, 
is present. The absence of markings in stoichio- 
metric ZrO., quenched from all temperatures, fur- 
ther supports the decreasing miscibility range of the 
phase and precludes the possible association of the 
markings with polymorphy in ZrO.,. 

In addition to the data points obtained from the 
high temperature heat treatments for positioning the 
solidus line, limited additional data from quenches 
in the incipient melting furnace generally confirmed 
the curve. Table V is a summary of the data ob- 
tained in this way. Most of the information given 
here was plotted on the diagrams. 

To investigate the possible change in composition 
of alloys treated at high temperatures in the vacuum 


Table Y. Incipient Melting Data 


Alloy 
Compositions, Melting No Melt- 
Wt Pct O Observed, °C ing, °C 

Zr 1850 
1.0 1855 1830 
1.5 1960 
2.0 1930 1900 
3.0 1950 
3.5 1930 1855 
4.5 1955 1885 

11.5 1990 

15 1920 

18 2310 (visible melting) 

21 2390 (visible melting) 
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Fig. 19—3.0 pct O alloy quenched from Fig. 20—3.0 pct O alloy quenched from Fig. 21—1.0 pct O alloy quenched from 
1930°C. An « plus transformed f structure. 1950°C in the incipient melting furnace. 1930°C. § plus signs of melting. No a 


Compare with Fig. 20. Etched. X250. Signs of melting in the a + £ structure. dendrites formed in the melted regions. Com- 
Etched. X250. pare with Fig. 22. Etched. X150. 


Fig. 22—1.5 pct O alloy quenched from Fig. 23—4.0 pct O alloy quenched from Fig. 24—4.0 pct O alloy quenched from 
1960°C in the incipient melting furnace. 8 1950°C. An all @ structure with no signs of 2000°C. a@ plus signs of melting. Etched. 
plus signs of melting. At this composition a melting. Compare with Fig. 24. Unetched. X150. 

dendrites formed on solidification of the Polarized light. X150. 

melted regions. Unetched. Polarized light. 


~ 


Fig. 25—5.0 pct O alloy quenched from Fig. 26—5.0 pct O alloy quenched from Fig. 27—6.5 pct O alloy quenched from 
1950°C. An all a structure. Unetched. 2000°C. a plus signs of melting. Unetched. 1885°C. 100 pct a. Unetched. Polarized 


Polarized light. X250. Polarized light. X200. light. X250. 
furnaces, four samples were selected, heated to just Alloys for the study were annealed at and quenched 
below the solidus, and quenched. Analyses were from 1000°C. The unit cell is expanded by an aver- 
obtained for the oxygen concentration and the age value of 0.0016 kX per atomic pct oxygen in the 
values were found to fall within + 0.1 pct O of the “C” direction and by only about 0.0004 kX per 
original analyses. The samples chosen for this study atomic pct oxygen in the “a” direction. The expan- 
nominally contained 3.0, 5.0, 8.0, and 15.0 pct O. sion in the “C” direction compares to 0.0043 kX in 
The variation of lattice parameters of the a phase the analogous a solid solution of the Ti-O system,* 
with oxygen content was determined from 16 alloys so it is evident that of the two, the zirconium lattice 
containing 0 to 33 atomic pct O (0 to 8 wt pct). can much more easily accommodate the interstitial 
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Fig. 28—6.5 pct O alloy quenched from | 
1950°C. a plus signs of melting. White 
areas are yoids in this very brittle alloy. 
Unetched. Polarized light. X200. 


Fig. 31—15.0 pct fe) alloy quenched from 
1920°C. The same phases as in the previ- 
ous figure, but the change in appearance is 
characteristic of the slightly melted struc- 
ture. 


700°C. 


1885°C. Only striated ZrO, is present here. 
There is no isothermal a. Unetched. X250. 


solution of oxygen. Complete results and details of 
the lattice parameter study are available in ref. 5. 


Comparisons with Former Results 


The data available in unclassified literature for 
comparison with the present work were limited. 
De Boer and Fast’ proved that the a > £ transfor- 
mation temperature is raised by the addition of 
oxygen. Cubicciotti’ presented a “melting point- 
composition diagram” for the system which is in 
disagreement with the present work. Cubicciotti’s 
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“Fig. 29—As- cast 0 pet O The 
ZrO, eutectic. Unetched. X250. 


“Fig. 32—15.0 pct O alloy Raenthed from Fig. 
a + ZrO,. This figure as well as 
Figs. 30 and 31 deny the existence of a 
phase ZrO. Unetched. X250. a. Unetched. X250. 


Fig. 3525 pet O alloys quenched from 
700°C. The two-phase a + ZrO, structure 
as in Fig. 33. Notice the lesser number of 
striations in the ZrO, grains. Unetched. X250. 


Fig. 30—15.0 pct 0 Suenched from 
1885°C. At this temperature there is no in- 
dication of melting in the a + ZrO, struc- 
ture. Unetched. X250. 


33—23 pct O alloy quenched from 
1885°C. Striated ZrO, plus a small amount 


of isothermal a. The striations are rejected 


Fig. 36—26 pct O alloy (stoichiometric ZrO,) 
quenched from 1885°C. The single-phase 
ZrO, structure is seen with no striations as 
in Figs. 33, 34, and 35. Unetched. X250. 


data were obtained by optically measuring the tem- 
perature at which wire samples visibly melted. His 
alloys were prepared by allowing oxygen to react 
with iodide zirconium wire, followed in some cases 
by an annealing treatment to allow diffusion and 
homogenization. The curve presented showed a 
steady increase in visual melting temperature with 
the addition of oxygen, from zirconium to ZrO,. 
The existence of the a-ZrO, eutectic immediately 
refutes this type of relationship. A slight leveling 
off in the curve was found by Cubicciotti at about 
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2475°C and approximately 18 to 23 wt pet O (55 to 
63 atomic pct). 

Due to the technique of alloy formation it is 
unfortunate that alloy homogeneity, over the com- 
position range studied, was not documented by 
metallographic evidence in Cubiccotti’s work. The 
visual method of melting point determination can 
also produce spurious results. In the present investi- 
gation it was found that an alloy rich in oxygen 
(greater than about 6 pct) could be heated consid- 
erably above the solidus before any outward visible 
signs of melting were detected. These factors indi- 
cate that if a thin oxide coat or an oxygen-rich 
layer were present on the wire specimens, Cubic- 
ciotti’s melting point data would tend to be quite 
high, as was the case when compared with the pres- 
ent work. 

Although disagreement on the solidus curve ex- 
ists, several points of agreement were found. The 
maximum solubility of zirconium in ZrO, found in 
the present investigation coincides with that re- 
ported by Cubicciotti, and further, no evidence for 
the existence of a phase ZrO was found in either 
work. 

The maximum solubility of oxygen in a zirconium 
was found to agree with semiquantitative data pre- 
sented by several authors.” * 

The presence of a eutectic in the system has 
never been reported by previous investigators. 

One important feature of the diagram, the melt- 
ing point of ZrO., was not determined in the present 
work. The value presented, 2700°C, is an average 
of the values found in the literature.“ 

According to the literature” *™ there are two or 
more polymorphic forms of ZrO.,; there is, however, 
considerable disagreement on the number of trans- 
formations and the temperatures at which they 
occur. It was considered of interest in the present 
investigation to determine whether or not any high 
temperature modification of ZrO, could be retained 
by quenching to room temperature. X-ray powder 
patterns were made with as-received and arc-cast 
C.P. and “Specpure” ZrO,. In addition, samples of 
“Specpure” ZrO, were heated and quenched from 
900°, 1210°, 1745°, and 2315°C. The monoclinic 
modification, corresponding to that listed in the 
Hanawalt Tables,“ was invariably found. The re- 
sults of this brief study do not preclude the possible 
existence of allotropes of ZrO., but indicate that the 
problem must be resolved by dynamic techniques. 


Summary 


Metallographic analysis of as-cast and annealed 
samples of arc-melted alloys yielded the partial 
Zr-O binary phase diagram. 

Important features of the diagram include: 

1—8 solid solution forms by the peritectic reac- 
tion liquid (1.25 wt pct, 7 atomic pct O) + a (3.75 wt 
pet, 18 atomic pet O) > £B solid solution (2 wt pct, 
10:5 atomic pet O), at 1940° = 20°C. 

2—Oxygen stabilizes a zirconium, raising the 
transformation temperature and yielding an open 
maximum melting point for the a solid solution. 
The maximum occurs at 1975° + 25°C and 5.5 wt 
pet O (25 atomic pct). 

3—The maximum solubility of oxygen in £ zir- 
conium is 2 wt pct (10.5 atomic pct) at the temper- 
ature of the peritectic reaction, decreasing to zero 
at the transformation temperature, 862°C. 

4—The a modification of zirconium can dissolve 
up to 6.75 wt pct O (29 atomic pct) and the a/a + 
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ZrO, solubility boundary is a vertical line at that 
composition. 

5A eutectic occurs at 1900° + 20°C and 11 wt 
pet O (43.5 atomic pct), whereby liquid (11 wt pct, 
43.5 atomic pect O) > a solid solution (6.75 wt pct, 
29 atomic pet O) + ZrO, solid solution (23 wt pct, 
63 atomic pct O). 

6—The intermediate phase ZrO, which melts with 
an open maximum at 2700°C has a range of homo- 
geneity on the zirconium side of the stoichiometric 
composition (25.97 wt pct, 66.67 atomic pct O), 
changing from 23 wt pct O (63 atomic pct) at the 
eutectic temperature, 1900°C, to 25 wt pet O (65.5 
atomic pet) at 700°C. 

7—There are no additional singular phases be- 
tween zirconium and ZrO.. 

The characteristic compositions presented above 
are believed to be accurate to + 0.25 wt pct O except 
for the a/a + ZrO, boundary and the solubility 
range of ZrO., which are within + 0.5 wt pct O of 
the equilibrium value. 
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High Temperature Strength of Wrought Aluminum 


Powder Products 


by Eric Gregory and Nicholas J. Grant 


The creep rupture properties of wrought aluminum powder prod- 
ucts made from five grades of sintered aluminum powder were in- 
vestigated at temperatures from 400° to 900°F for rupture times up 
to 1000 hr. The effect of stress concentrations on materials of this 
type was investigated by means of notched creep rupture tests. A 
tentative correlation was obtained between the creep rupture prop- 
erties and the structure as revealed by electron micrographs. 


re papers have been published recently 
concerning the production and properties of 
wrought aluminum powder products and their pos- 
sible high temperature applications. Most of the 
published work in this field has come from abroad, 
notably Switzerland, and articles by Irmann and his 
colleagues were summarized in English recently.’” 

Most of the papers published by Dr. Irmann are 
principally concerned with the retention of prop- 
erties (by a product which is produced from ex- 
tremely fine flake powder and is subsequently hot 
extruded) after heating to high temperature for 
prolonged times. The powder may be in atomized 
or flake form, and during hot working the applied 
pressure is reported to plastically deform the alumi- 
num powder, thus breaking the oxide skin and 
welding the particles together. Irmann attributes 
the remarkable properties to the dispersion of oxide 
inclusions. Specifically, the product described by 
Irmann is one labeled SAP (Sintered Aluminum 
Powder) in which the initial flake powder is so fine 
that at least 50 pct of the flakes have one dimension 
of 2 microns or less. The composition of the starting 
aluminum shows in percent, Fe, 0.18; Si, 0.19; Zn, 
0.06; Ti, 0.03; Cu, Mn, Mg, all nil; balance Al, ap- 
proximately 99.5 pct. 

Aluminum is not the only material that has been 
found to have increased resistance to deformation 
at elevated temperatures when produced by powder 
metallurgy. It has been reported by Middleton, 
Pfeil, and Rhodes’ that platinum has a higher recrys- 
tallization temperature when produced by powder 
metallurgy and exhibits peculiar properties, many 
of which are similar to those of the aluminum pow- 
der products. Difficulties were encountered in ex- 
plaining the reason for the strengthening in the case 
of platinum since the existence of the oxide is 
doubtful. The authors attributed the special prop- 
erties to “a small amount of suitably dispersed 
porosity.”’ This theory was supported by von Zeer- 
leder* in the discussion to the paper, and the 
similarity between this method of hardening and 
that suggested by Rohner in his theory of age hard- 
ening was pointed out. 

R. de Fleury’ attempted to explain some of the 
properties in terms of the modulus of elasticity and 
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Table |. Room Temperature Properties 


Distance 
Between Particles** 

Cen- Sur- 

Oxide Tensile Yield Elonga- ter to face to 

Mate- Content, Strength, Strength, tion, Center, Surface, 

rial Wt Pct Psi Psi Pet Microns Microns 
M255* 0.5- 1 22,600 17,600 22 2.77 
M293* 1- 3 27,200 17,400 25 a5 1.07 
M257* 6- 8 35,800 24,600 16 0.85 0.71 
M276* 15-17 53,300 35,800 4 0.65 0.39 
SAP 10-14 50,000 32,800 8 0.54 0.35 


* Mechanical data from Alcoa. 
** See section on electron microscopy. 


elastic limit of alumina and aluminum while von 
Zeerleder examined the relationship between the 
yield strength and the reciprocal of the powder 
particle size. 

Boenisch and Widerholt® dealt mainly with the 
corrosion resistance of the powder aluminum ma- 
terial and compared it with other aluminum alloys. 
The diffusion rates of other metals in SAP and pure 
aluminum have been compared by Seith and Loép- 
mann.’ They showed that the alloying metals diffuse 
particularly quickly in SAP possibly due to the very 
fine grain size. The properties of the Alcoa prod- 
ucts were given by Lyle.* The creep rupture prop- 
erties of SAP and two of the Alcoa experimental 
powder products were compared by Gregory and 
Grant’ and it was shown that these products are 
vastly stronger at 900°F than are the best cast and 
wrought alloys at 600°F. Since the publication of 
these data, the authors have investigated two fur- 
ther aluminum powder products and it is the object 
of this paper to show how the high temperature 
creep rupture properties of the five materials vary 
with oxide content and with the structure as re- 
vealed by electron microscopy. 


Materials 

One of the five products, SAP, a sintered alumi- 
num product, was supplied by the Societe Anonyme 
pour l’Industrie de l’Aluminium, Neuhausen a/RHF, 
Switzerland, through Dr. R. Irmann, while the 
others, M276, M257, M293, and M255 were supplied 
by the Aluminum Company of America as experi- 
mental powder metallurgical products. M255 and 
M293 were made from coarse and fine atomized 
powders, respectively. The other materials were 
made from flake powders with significant differ- 
ences in oxide content. The details of the type of 
powders used in the manufacture of these materials 
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Fig. 1—Log stress ys log rupture time plots for the five alloys at 
400°F. Note instability break in curve for alloy M255. 
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Fig. 2—Log stress vs log rupture time plot for the five alloys at 
600°F. Note instability break in curve for alloy M255. 


together with the room temperature, short time 
tensile data are given in Table I. 


Stress Rupture Data 

These different materials gave a wide range of 
high temperature strength and ductility values and 
the stress rupture curves at 400°, 600°, and 900°F 
are shown in Figs. 1, 2, and 3, respectively. The 
small slopes and absence of breaks up to 900°F in 
the log stress vs log rupture life curves for SAP, 
M276, and M257 indicate their structural stability 
by retention of their properties with time at tem- 
perature. Fig. 3 shows for comparison the stress 
rupture properties at 600°F of alloy XF 18S-T61, 
possibly the strongest of the wrought aluminum 
high temperature alloys. In order to illustrate the 
data collectively, stress to rupture was plotted” in 
Fig. 4 against the parameter T(20 + log t) where T 
is the temperature in degrees absolute; t, is the 
rupture time in hours; and 20 was selected arbitra- 
rily as the constant. The curves for M255 and M293 
show a downward break, confirming the existence 
of the instabilities in Figs. 1 to 3, due possibly to 
change in grain size or to stress relief. 

The curve for SAP is unusual since there is an 
upward break based on the 900°F data, which is not 
predicted by the 400° and 600°F data. Accordingly, 
the curve beyond 600°F is drawn dotted since there 
is a possibility that there may have been a change 
in the oxide content or oxide particle spacing of the 
bar stock used for the tests at 600° compared to 
900°F. 

Interestingly, the curve for M276 has a much 
steeper gradient than M257, and appears to become 
weaker at longer times and higher temperatures, a 
result which is in agreement with data on the varia- 
tion of tensile and yield strengths with temperature 
as reported by Lyle.® 

In studying Figs. 1 to 4 it should be kept in mind 
that these data are not presented merely to show 
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STRESS (LBS. PER SO. IN.) 


STRESS (LBS PER SQ. IN) 


which of these products is the strongest at high tem- 
peratures. Of greater significance is the fact that 
they represent a series of aluminum-aluminum oxide 
alloys in which the strength is increased as a function 
of the oxide content, and in which the ductility (see 
Table I), the impact and fatigue properties, the con- 
ductivity, and other properties vary accordingly.” 
Such combinations of metal and oxide, therefore, 
provide a continuous series of alloys useful for a 
wide range of applications both at high and low 
temperatures. 


Notched Stress Rupture Results 

In order to determine the effect of stress concen- 
trations on these materials, notched creep rupture 
specimens were made of alloys M293 and M276, 
selected as being representative of low strength- 
high ductility and high strength-low ductility mate- 
rials, respectively. 

As the amount of these materials did not permit 
an investigation of the effects of notch geometry, it 
was decided to standardize the tests using a speci- 
men of the type shown in Fig. 5. The dimensions of 
this specimen were based on the data and sugges- 
tions put forward by Hull, Humm, and Scott.” 

The stress-rupture curves obtained from the 
notched alloys are compared with those from the 
normal unnotched rupture specimens in Figs. 6 and 7. 

The introduction of a notch into a material can, by 
causing a system of triaxial stress in its neighbor- 
hood, increase the apparent strength. For this to 
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Alloy XF 18S-T61 at 600°F is shown for comparison with the wrought 
powder products. 
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happen, however, the material must have sufficient 
ductility to accommodate the stress concentration 
caused by the presence of the notch. The amount of 
ductility required in the normal stress rupture bar 
varies according to the notch geometry. The duc- 
tility of the M293 was far greater under the same 
conditions of stress and temperature than that of 
M276. In both these materials the elongation de- 
creased with increasing temperature and with in- 
creasing time at a given temperature, as is shown 
by the percentage of elongation values noted next to 
each unnotched creep rupture test point in Figs. 6 
and 7. As expected, the effect of a notch of the type 
shown in Fig. 5 was far less deleterious to alloy 
M293 than to M276. At 400°F, M293 sustained 
higher stresses for a given rupture life in the 
notched condition up to about 500 hr, whereas in 
M276 this was only true up to about 3 hr. The cor- 
responding figures at 600°F were 1 hr and 0.1 hr. 
It will be seen that when the elongation of the nor- 
mal rupture specimen of M293 falls below about 10 
pct at both 400° and 600°F, the apparent increase in 
strength no longer occurred. The corresponding 
elongation value for M276 was somewhat lower, 
about 5 pct. 

The scatter of the rupture life values among those 
specimens having sufficient ductility to result in an 
increased rupture life in the presence of a notch ap- 
pears to be far less than that when notch embrittle- 
ment occurred. 


Identification of the Disperse Phase 

Since examination of an electropolished and 
etched specimen of these materials with X-rays did 
not reveal the lines of the disperse phase clearly, ex- 
traction of the particles was carried out using an 
HCl solution. X-ray examination of this extract 
showed the phase to be 7 Al.O;. This was later con- 
firmed by careful electron diffraction of the electro- 
polished and etched solid material. Control experi- 
ments were carried out on pure aluminum to make 
certain that the pattern observed by electron dif- 
fraction was not oxide formed on the samples due to 
the polishing and etching treatment. 

The y aluminum pattern was observed on the 
wrought powder specimens both after electropolish- 
ing and electropolishing and etching in dry gaseous 


Metallographic Examination and Structure 
Relationships 

In determining the metallography of the materi- 
als, difficulties were encountered due to the very 
fine dispersion of the hard oxide phase which, 
during polishing, tended to be removed or covered 
up with flowed matrix metal. The method finally 
adopted was to put the alloys through the usual 
stages of polishing and to follow the finest wheel 
with a brief electropolish in a perchloric acid-acetic 
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anhydride mixture. The function of the electro- 
polish was to remove a very thin layer of distorted 
metal and the fine scratches probably caused by 
the tearing out of oxide. The electropolishing was 
not carried on for a time sufficient to cause pitting. 
Etching of the alloys, on the other hand, generally 
led to pitting, however for most purposes a structure 
was revealed sufficiently clearly after electropolish- 
ing. Figs. 8a, b, c, show micrographs of unetched 
transverse sections of three of the materials in the 
as-received state, at X2000. Owing to the extreme 
fineness of the structures of these alloys this magni- 
fication was not sufficient to give useful information. 
Electron micrographs, however, did reveal a more 
clearly defined structure. Paralodion negative rep- 
licas of the unetched material were rotary shadowed 
with chromium to increase the contrast and still 
maintain a fairly accurate representation of the size 
and shape of the particles revealed. 

Owing to the difficulty of etching without pitting 
it is, as yet, not possible to outline clearly the grain 
boundaries in the as-received material and the mic- 
rographs and electron micrographs are on the un- 
etched material. The grain size is presumed to be 
exceedingly small. 

Electron micrographs at X20,000 are shown in 
Figs. 9 to 13 for the five alloys. There is, as yet, 
some doubt concerning the interpretation of these 
structures and the ideas expressed here must there- 
fore be considered to be tentative. 

The white areas in the electron photographs are 
thought to be oxide platelets, and as can be seen in 
the micrographs they increase in number as the 
oxide content increases. The area of the white 
regions is in all cases in excess of that predicted by 
the chemical analysis of the oxide (Table I). There 
are two possible reasons for this. First, because the 
oxide exists in thin flakes, those particles not on 
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Fig. 6—Notch stress-rupture tests for alloy M293 at 400° and 600°F 
compared with unnotched tests. 
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Fig. 7—Notch stress-rupture tests for alloy M276 at 400° and 600°F 
compared with unnotched tests. 
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a—M255. 


b—M257. 


Fig. 8—Optical microscopic micrographs of unetched specimens. X2000. Area reduced approximately 50 pct for reproduction. 


edge to the cross section yield a fictitiously high 
area. Second, the electropolished surface is not per- 
fectly plane, and, owing to a relief effect during 
polishing, a volume of the specimen is represented 
instead of a plane cross section. Theoretical pre- 
dictions of the thickness of the oxide films suggest a 
value from 50 to 100A units in some cases. Such a 
dimension would not be revealed by the techniques 
employed here if the oxide were on-edge to the 
cross section. However, other orientations would be 
expected to be revealed in view of the considerably 
larger area of the flakes. 


Fig. 9—Electron micrograph of SAP. White Fig. 10—Electron 


micrograph of M276. Fig. 


Because of the uncertainty in the interpretation of 
these structures, the proposed relationships, below, 
must be somewhat tentative. The rather good re- 
lationship observed between the measured spacing 
between these white areas and the tensile strength 
and rupture life, on the other hand, lend confidence 
in the observations and assumptions. 

Recently there have been several studies of the 
effect of hard phase dispersions on the plastic prop- 
erties of alloys. Gensamer and his colleagues” re- 
ported the effect of carbide spacing in pearlite on 
the plastic properties of steels. Their data showed a 


11—Electron micrograph of M257. 
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micrograph of M255. Fig. 14—Electron micrograph of M276 show- 


Fig. 12—Electron micrograph of M293. Note Fig. 
pitting around oxide particles. X20,000. X20,000. Area reduced approximately 50 ing large oxide particles and segregation 
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production. Compare with Fig. 10. X20,000. Area re- 
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tion. 
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c—SAP. 


linear relationship between the logarithm of the 
mean ferrite path and the stress at definite strain. 

Orowan™ has considered the particles as barriers 
preventing the movement of dislocations and pre- 
dicted that the yield strength of a material contain- 
ing uniformly distributed particles should be in- 
versely proportional to the mean free path in the 
matrix. 

Other relationships between strength and struc- 
ture have been proposed and discussed by Unkel,” 
by Shaw et al.,” and by Fisher, Hart, and Pry.” 

The present data on the wrought aluminum pow- 
der products do not allow a strict choice to be made 
among the several different theories for several 
reasons in addition to the question regarding inter- 
pretation of the electron micrographs. Specifically, 
values of the stress for a fixed strain were not ob- 
tained since these tests were creep rupture rather 
than tensile tests. Furthermore, in any search for 
a relationship between strength and structure, it is 
necessary that the materials undergo deformation 
according to a fixed mechanism. In these tests 
where the temperature varied from room tempera- 
ture to 900°F, it is unlikely that a common deforma- 
tion mechanism was prevalent as is evidenced by 
the breaks in the log-log plots of stress vs rupture 
life in Figs. 1 to 3 and by the changes in slope noted 
in Fig. 4. 

To attain the best possible relationship, however, 
a rupture time of 0.01 hr was selected and the stress 
for fracture in this time was then the strength vari- 
able. This 0.01 hr rupture time is not significantly 
different from the short time hot tensile strength. 

Finally, as will be noted below, there is some evi- 
dence that the matrix is likely to be in a strained 
state of variable magnitude because of the finely 
dispersed second phase which interferes with re- 
covery and recrystallization. 

By selecting a number of representative electron 
micrographs it was possible to determine a figure 
for the average separation among the particles of 
the second phase. 

In this way surface to surface spacings and cen- 
ter to center spacings were measured and are shown 
in Table I. A large number of micrographs were 
not utilized for these determinations when it was 
noted that the difference between two micrographs 
was very small. Possibly the largest error would be 
due to areas in which oxide segregation or depletion 
may have occurred, and which may have had an 
effect on the rupture life. The fact that certain of 
the materials have a wider range of particle sizes 
also influences the results. Such a nonuniform 
structure is clearly shown in alloy M276 at X20,000 
in Fig. 14. Large segregated areas are noted and are 
probably instrumental in the apparent anomalies in 
the behavior of this alloy (see Figs. 1 to 4). 

Both surface to surface and center to center spac- 
ings were plotted against strength but it is believed 
that the former is the more significant value barring 
a condition where fracture may originate in an Ox- 
ide plate due to its size. The surface to surface plots 
appeared to give less scatter of values and were 
alone used in the relationships shown below. 

The room temperature tensile strength and the 
stress to rupture in 0.01 hr at 400° to 900°F were 
plotted against oxide content in Fig. 15. The values 
of oxide are only aproximate and were obtained by 
averaging the chemical values in Table I. On theo- 
retical grounds it seems improbable that there is a 
simple relationship between total oxide content and 
strength unless the size of the oxide platelets can be 
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Fig. 15—Stress vs weight percent of oxide (by chemical analyses) 
for room temperature tensile strength and 0.01 hr rupture life at 


400°, 600°, and 900°F. 


presumed to be the same in all materials, which it 
is not. The values of strength for M276 appear to be 
low at 400° and 600°F, but this is probably due to 
deviations caused by coarse oxide areas and seg- 
regation. 

A plot of stress vs 1/d, Fig. 16, shows that the 
strengthening effect of the oxide phase is greatest at 
the lower temperatures, for short time tests, and has 
little effect at 900°F. However, it must be remem- 
bered that the comparison is made for a 0.01 hr rup- 
ture time, a time which is for all the alloys prior to 
the break in the strength curves of Figs. 1 to 4. If 
longer rupture times are selected, 1000 hr, for ex- 
ample, then the relationship shown in Figs. 16 to 18. 
would no longer be valid because of more than one 
operative deformation mechanism, but the value of 
the oxide strengthening would be noted in a more 
realistic manner (see Figs. 1 to 3). Fig. 16 shows 
good straight line relationships for all test tempera- 
tures. 

A plot of log stress vs log spacing, Fig. 17, yields 
relatively good straight lines at the higher tempera- 
tures but is not straight at room temperature. 

Fig. 18 shows the relationship between stress and 
log spacing, straight lines being achieved essentially 
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at 600° and 900°F but not at room temperature and 
400°F. 

The validity of extrapolation is somewhat doubt- 
ful, but it would appear that the room temperature 
tensile data predict a strength for the pure matrix 
material equal to that of hardened aluminum. This 
may not be unexpected since the wrought powder 
materials have an excess phase dispersion which 
hinders recovery and recrystallization in the matrix. 
The 600° and 900°F curves predict a value for the 
0.01 hr rupture life of the pure material which is 
more nearly equal to that of the fully annealed ma- 
trix material tested at room temperature rather 
than for the same material tested at 600° and 900°F. 

While no attempt will be made to make a choice 
among the structure-stress relationships illustrated, 
it will be seen that for approximate practical pre- 
dictions of strength at a given temperature and 
short time rupture life, the 1/d plot may be most 
convenient. 

Aside from efforts to obtain a fundamental rela- 
tionship between structure and strength properties, 
a more realistic measure of the high temperature 
creep rupture strength contribution of the finely 
dispersed insoluble oxide phase can be obtained 
by comparing the various alloys at 100, 1000, or 
10,000 hr rupture life. 


Summary 
It is shown that a super-fine dispersion of an ox- 
ide phase in a pure aluminum matrix, where the 
particle spacing is of the order 0.35 to 2 microns, 
results in extreme strengthening. The largest bene- 
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Fig. 18—Stress ys log oxide spacing for room temperature tensile 
strength and 0.01 hr rupture life at 400°, 600°, and 900°F. 
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fits are derived at long times at high temperatures 
since the alloys with the higher oxide content are 
extremely stable and do not lose strength due to a 
change in the structure. 

An effort has been made to see if the strengthening 
can be related to one or more of the current theories 
on strengthening by a disperse phase, the best rela- 
tionship being shown, for short time tests, by a plot 
of stress (for 0.01 hr rupture time) vs the reciprocal 
of the particle spacing. 
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The Sigma Phase in Binary Alloys 


by Peter Greenfield and Paul A. Beck 


HE o phase is a hard and extremely brittle ma- 

terial with a tetragonal crystal structure, con- 
taining 30 atoms per unit cell.’ It occurs in many 
binary and ternary alloys of the transition elements. 
The existence of twelve o phases has been reported 
in binary alloys of metals from the group vanadium, 
chromium, molybdenum, and tungsten with metals 
from the group manganese, iron, cobalt, and nickel. 
It is a characteristic fact that the composition of the 
o phases in the various binary systems is not the 
same. Rather, there is a gradual shift in composi- 
tion, for instance in the series of chromium o phases, 
approximately as follows: CrMn,;, FeCr, Cr,Co,. In 
recent years several ideas have been put forward to 
account for this variability of composition. 

Sully’ proposed that o was a type of electron com- 
pound, characterized by 1.7 electrons per atom in 
excess of the number required to fill the Pauling 
atomic orbitals. These excess electrons were sup- 
posed to just fill the first Brillouin zone of the o 
structure. However, later work indicated that the 
phase is ferromagnetic at low temperatures, so that 
o is unlikely to be a full zone compound.* 

Another proposal,* which is also based on the 
structure of the transition elements advanced by 
Pauling, and in fact leads to essentially the same o 
compositions as Sully’s theory, suggests that the o 
phase is characterized by a constant number of 
electron vacancies per atom. The electron vacancy 
numbers N, used were originally the same as those 
in the Pauling theory, but were later modified em- 
pirically® in order to bring about better agreement 
with data for the » phase in certain ternary systems. 
For alloys, N, was calculated on the assumption of 
simple additivity from the electron vacancy num- 
bers of the components, as follows: N, = 4.66 (Mo 
V) +.3:2 (Mn) + 2.2. (Fe) + 1.71 (Co) + 
1.6 (Ni). On this basis a reasonably constant value 
of N, = 3.4 was obtained for all of the binary o 
phases and a fairly constant value of N, = 3.1 for 


the various p phases. 
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More recently, Bloom and Grant’ pointed out that 
a similar correlation with the total number of 3d 
and 4s electrons per atom is also fairly well fulfilled 
and concluded that no reference need be made to 
the Pauling theory. This proposal does not lead to 
the same binary o compositions as the one described 
above, so that the relative merits of the two pro- 
posals may be determined on the basis of direct com- 
parison with experimental composition data. The 
purpose of the present paper is to provide such a 
comparison. Since the experimental data for the 
composition ranges of several of the known o phases 
were rather incomplete, it was decided to carry out 
new experimental determinations for many of the 
binary systems. 


Experimental Procedure 


The alloys were prepared by induction melting in 
recrystallized alumina crucibles, either in vacuum or 
in helium atmospheres. Some aluminum was picked 
up from the crucibles in the alloys of high vanadium 
content, but this was minimized by keeping the 
alloys in the molten state for as short a time as pos- 
sible. The maximum aluminum impurity was 0.13 wt 
pct by chemical analysis, in an alloy containing over 
50 wt pet V. In general, the as-melted compositions 
agreed accurately with those obtained by chemical 
analysis. In the case of manganese, however, losses 
inevitably occurred; consequently all manganese 
alloys were analyzed. 

Specimens of all alloys were annealed at tem- 
peratures ranging from 1000° to 1300°C in an atmos- 
phere of purified 92 pct helium and 8 pct hydrogen 
mixture. All manganese alloys were sealed in quartz 
tubes under vacuum before annealing. The specimens 
were held at temperature for between four and eight 
days before being quenched into cold water. Alloys 
were prepared for microscopic examination by me- 
chanical polishing, usually followed by electrolytic 
etching. 

X-ray diffraction specimens were prepared by 
crushing the homogenized alloys, and by reanneal- 
ing the obtained powders in evacuated quartz tubes 
for a few hours at the temperature of the lump 
anneal. X-ray diffraction patterns were made with 
unfiltered chromium radiation, using an asymmet- 
rical focusing camera of high dispersion. Using micro- 
scopic and X-ray techniques jointly, the accuracy 
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Table |. Composition Range and Mean Composition 
of Various Binary Sigma Phases 


Mean 
Tempera- Range, Composition, 
System ture, °C Atomic Pct Atomic Pct 
V-Ni 1200 55-68.5 V 61.5 V 
V-Co 1200 44.4-53.1 V 48.8 V 
V-Fe 1075 39-54.5 V 47 V 
V-Mn 1000 13.4-24.5 V 
Cr-Fe 600 43-49 Cr 46 Cr 
Cr-Co 1200 58.6-63 Cr 60.8 Cr 
Cr-Mn 1000 16-24 Cr 20) 1er 
Mo-Fe 1300 50 Mo (less than 4% 50 Mo 
pet wide) 
Mo-Co 1300 60.5 Mo (less than 60.5 Mo 
Yo pet wide) 


of location of the phase boundaries is estimated at 
better than +1 pct of any component. 


Results 

Vanadium-Nickel: This system has been inves- 
tigated by Pearson and Hume-Rothery’ in the region 
0 to 60 atomic pct V and they found that the o field 
extended from 55 to more than 65 atomic pct V, 
at 1200°C. The vanadium-rich boundary was not 
located. 

As the nickel-rich boundary had already been 
accurately determined, the present work was con- 
centrated on the vanadium-rich end. This boundary 
was located at 1200°C by an alloy containing 68.2 
atomic pct V, which was homogeneous o, and an 
alloy containing 69.3 atomic pct V, which was two- 
phase. As this latter alloy contained an appreciable 
amount of a second phase, it is estimated that the o 
range is between 55 and 68.5 atomic pct V at 1200°C. 

Vanadium-Cobalt: There is no published work on 
the precise limits of the o phase region in this sys- 
tem. Duwez and Baen*® have shown that an alloy of 
the equiatomic composition lies in the homogeneous 
a field, but little else is known. 

Examination of a series of alloys at 1200°C shows 
that the o field boundaries are located between 52.6 
and 53.6 atomic pct V at the vanadium-rich end, 
and between 43.6 and 44.7 atomic pet V at the 
cobalt-rich end. The estimated o range is therefore 
between 44.4 and 53.1 atomic pct V at 1200°C. 

Vanadium-Iron: The diagram published by Wever 
and Jellinghaus’ suggests a lower limit of just over 
30 wt pct V and a wide range of homogeneity up 
to about 58 wt pct V for the o phase, but these limits 
were determined from slow-cooled, unannealed 
alloys only. The more recent work of Martens and 
Duwez” shows that o extends from 37 to 57 atomic 
joe, 

The present work shows that the o phase bound- 
aries are located between 38.2 and 40.2 atomic pct V 
at the iron-rich end, and between 53.7 and 55.3 
atomic pct V at the vanadium-rich end, for an an- 
nealing temperature of 1075°C. The o phase field, 
therefore, ranges from about 39 to 54.5 atomic pet V 
at 1075°C. At higher temperatures, the phase ap- 
pears to narrow rapidly. 

Vanadium-Manganese: Pearson, Christian, and 
Hume-Rothery” first observed o in this system, 
though no attempt was made to define its limits. An 
alloy containing 24.3 atomic pct V was observed to 
give a o X-ray pattern though the microstructure 
was nonhomogeneous. 

The present work defines the o boundaries at 
1000°C. Alloys containing 13.9 and 24.0 atomic pet 
V were homogeneous o, while alloys with 25.5 and 
12.9 atomic pct V contained a small amount of sec- 
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ond phase. The o field is therefore located between 
13.4 and 24.5 atomic pct V at 1000°C. 

Chromium-Iron: This diagram has been accurately 
determined by Cook and Jones.” The o phase is 
shown to exist between 43 and 49 atomic pct Cr at 
600°C. 

Chromium-Cobalt: The o limits in this system 
have been recently determined.* The phase was found 
to exist between 58.6 and 63 atomic pct Cr at 1200°C. 

Chromium-Manganese: This system has been 
examined by Pearson and Hume-Rothery™ and by 
Zwicker" with reasonable agreement in the o region. 

In the present work, alloys were annealed at 
1000°C, and the results showed that the manganese- 
rich boundary lies between 15.7 and 16.7 atomic pct 
Cr, and the chromium-rich boundary between 23.5 
and 24.5 atomic pct Cr. The o phase exists, there- 
fore, between 16 and 24 atomic pct Cr at 1000°C, in 
agreement with Hume-Rothery and Zwicker. 

Molybdenum-Iron: Goldschmidt” first reported 
that the phase based on FeMo has the o structure. It 
is stable only above 1180°C, and begins to melt at 
1540°C. 

In the present work, a series of specimens an- 
nealed at 1300°C showed that alloys containing 46.7 
and 48.7 atomic pct Mo consisted of the o + p phases. 
An alloy containing 49.8 atomic pct Mo was homo- 
geneous o, while another alloy with 50.8 atomic pct 
Mo contained an appreciable amount of a molybden- 
um-rich phase. Theo phase field at 1300°C is there- 
fore extremely narrow, existing around the FeMo 
composition. 

Molybdenum-Cobalt: Goldschmidt” first reported 
this o phase at the composition Co.Mo,, but it is 
stable only at high temperatures. 

Alloys were annealed for a period of 10 days at 
1300°C. Results showed that alloys containing 61 
and 62 atomic pct Mo contained a molybdenum- 
rich second phase, while a specimen with 60 atomic 
pct Mo was almost homogeneous, except for a trace 
of the » phase. The o range is therefore very nar- 
row, existing around 60.5 atomic pct Mo. 

Molybdenum-Manganese: A o phase was reported 
in this system by Kasper, Decker, and Belanger,” 
but no composition was mentioned. 

In the present work, alloys ranging from 0 to 35 
wt pct Mo were melted, and investigated as- 
quenched from 1000°C. At this temperature, a 
phase which has the typical microstructure of the o 
phase, with numerous cracks, was found to extend 
from about 12 to 20 atomic pet Mo. However, X-ray 


Table II. Deviations of Experimental Mean Compositions 
of Sigma Phases from Those Calculated from Eq. 1 


Devi- 
ation in 
Experi- Calculated 
mental Calcu- and Ex- 
Mean lated Mean perimental 
Compo- Compo- Mean Com- 
Sys- sition, Mean sition from position, 
tem Atomic Pct Ne Ne = 6.93 Atomic Pct 
V-Ni 61.5 V 6.92 61.6 V 
V-Co 50 V 7.0 51.7 V 
V-Fe 47 V 6.58 35.6 V 11.4 
V-Mn 19 V 6.62 
Cr-Fe 46 Cr 7.08 Cr 
Cr-Co 60.8 Cr 7.18 69.0 Cr 8.2 
Cr-Mn 20 Cr 6.8 7.0 Cr 13.0 
Mo-Fe 50 Mo 7.0 53.5 Mo 3.5 
Mo-Co 60.5 Mo 717 69 Mo 8.5 
Average Standard 
Ne = 6.93 deviation 
= 9.1 pet 
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Table Ill. Deviations of Experimental Mean Compositions of Sigma 
and Mu Phases from Those Caiculated from Eq. 2 


Devi- 
ation 
in Calcu- 
lated and 
Experi- 
Calcu- mental 
Experimental lated Mean Mean 
4 Mean Com- Compo- Com- 
ys- position, Mean sitionirom position, 
tem Phase Atomic Pct Nv Ny = 3.41 Atomic Pct 
V-Ni o 61.5 V 3.50 59.1V 2.4 
V-Co o 50 V 3.18 57.6 V 7.6 
V-Fe o 3.31 49.2 V 2.2 
V-Mn o LOR: 3.48 14.4 V 4.6 
Cr-Fe or 467 Cr 3.33 49.2 Cr 3.2 
Cr-Co o 60.8 Cr 3.51 57,6.Cr 3.2 
Cr-Mn o 20RCr 3.49 14.4 Cr 5.6 
Mo-Fe o 50 Mo 3.43 49.2 Mo 0.8 
Mo-Co Gc 60.5 Mo 3.01 57.6 Mo 2.9 
Average Standard 
Ny = 3.41 deviation 
= 4: 
Calcu- 
lated Mean 
Compo- 
sition from 
Ny = 3.12 
Co-Mo 46 3.07 47.8 1.8 
Co-W Me 46 W21 3.07 47.8 1.8 
Fe-Mo 40 Mo?2 3.18 37.4 2.6 
Fe-W 7 40 W22 3.18 37.4 2.6 
Average Standard 
Ny = deviation 
='2.2 pct 


diffraction powder photographs taken at room tem- 
perature, and back-refiection Laue patterns using 
the actual microscopic specimen, showed that this 
phase does not have the o structure. Further work 
on this system is being carried out at higher tem- 
peratures. 

Tungsten-Cobalt and Tungsten-Iron: Gold- 
schmidt” reported that high temperature o phases 
are stable in both of these systems, but no composi- 
tion limits were mentioned. No alloys in these sys- 
tems have been examined in the present work. 

Columbium and Tantalum Systems: A brief ex- 
amination of compounds reported in the systems of 
columbium and tantalum with manganese, iron, co- 
balt, and nickel did not indicate the formation of the 
o phase in any of these systems. Instead, Laves 
phases were found at the compositions CbMn,, 
TaMn., CbFe, (MgZn, type) and at TaCo, and CbCo, 
(MgCu, type) .* * 

The data on the known binary o phases are sum- 
marized in Table I. 


Discussion 
In one of the correlations discussed earlier in this 
paper, the composition of o phases is characterized 
by a constant number of 3d + 4s electrons per atom. 
This number is calculated as follows: 


N, = 5(V) + 6(Cr) + 6(Mo) + 7(Mn) 
9(Co) 10(Ni), [1] 


where the bracketed chemical symbols represent the 
atomic fractions of the corresponding elements in 
the alloy. 

In the other proposed correlation, the o phase 
composition is characterized by a constant number 
of 3d electron vacancies per atom, this number be- 
ing calculated from the following formula: 


N, =4.66 (Mo + Cr + V) + 3.2(Mn) 
42.2(Fe) + 1.71(Co) + 1.6(Ni). [2] 


The values used here for manganese, iron, and 
nickel are not those of the Pauling theory. They are 
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modified to some extent in order to fit better the 
experimental composition data for both the o and p 
phases. A lower value for manganese (in place of 
3.66 in the Pauling theory) may be qualitatively 
justified on the basis of other known facts. As was 
noted by Hume-Rothery, Irving, and Williams,” 
manganese has an abnormally low melting point 
and a high compressibility, suggesting that the co- 
hesive strength may be abnormally low. It is quite 
likely, therefore that, in the case of manganese, the 
bonding orbitals contain fewer electrons than the 
maximum permissible of 5.78 and, consequently, the 
atomic orbitals may well contain fewer vacancies 
than the theoretical number of N, = 3.66. The 
changes for iron and nickel may be considered en- 
tirely empirical and justified mainly by the fact 
that they allow the treatment of certain ternary pz 
phase solid solutions in addition to that of the o 
phase.® 

If the » phase is left out of consideration, the cor- 
relation for binary o phases alone can be satisfactor- 
ily handled by using the Pauling vacancy numbers 
for all elements, except two. As shown above, the 
change for manganese may be qualitatively justi- 
fied on the basis of other properties. The other case 
is that of vanadium, where the 5.78 bonding orbitals 
are not completely filled. As the atomic orbitals 
first fill with unpaired electrons, the latter represent 
the state of lowest free energy. For nickel and co- 
balt some pairing must take place, and it has been 
observed” that the ferromagnetic electrons in these 
metals are part of a relatively unstable group, 
which is readily changed in alloying. When these 
elements are alloyed with vanadium, the paired 
atomic electrons, which have relatively higher en- 
ergy, may be assumed to help fill the 0.78 vacant 
bonding orbitals of vanadium. The effective N, 
value for vanadium, when alloyed with nickel or 
cobalt, may therefore be 5.66. On the other hand, 
when alloyed with iron or manganese, which have 
no paired electrons in their atomic orbitals, vanad- 
ium may be assumed to have the conventional N, 
value of 4.88. This would give 


N, = 5.66(V when with Ni or Co) + 
4.88(V when with Mn or Fe) + 
4.66(Cr + Mo) + 3.3(Mn) + 2.66(Fe) 
+ 1.71(Co) + 0.61(Ni). [3] 


In the following, the relative merits of the two 
correlations (with constant total number of 3d and 


Table IV. Deviations of Experimental Mean Compositions 
of Sigma Phases from Those Calculated from Eq. 3 


Devi- 
ation in 
Experi- Calculated 
mental Calcu- and Ex- 
Mean lated Mean perimental 
Compo- Compo- Mean Com- 
Sys- sition, Mean sition from position, 
tem Atomic Pct Ny Ny = 3.61 Atomic Pct 
V-Ni 61.5 V 3.69 59.4 V Ai | 
V-Co 3.68 48.1V 1.9 
V-Fe 47 V 3.70 42.8 V 4.2 
V-Mn Vi 3.60 19.6 V 0.6 
Cr-Fe 46 Cr 3.58 47.5 Cr 15 
Cr-Co 60.8 Cr 3.51 644 Cr 3.6 
Cr-Mn 2) Cr 3.57 22.8 Cr 2.8 
Mo-Fe 50 Mo 3.66 47.5 Mo 2.5 
Mo-Co 60.5 Mo 3.54 64.4 Mo 3.9 
Average Standard 
= 3.61 deviation 
= 2.8 pet 
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Table V. Atomic Sizes of Transition Elements 


Element 


Vv Cr Mn Fe Co Ni 

Interatomic 

distances 2.63 2.49 re 2.5 2.5 2.49 
Goldschmidt 

atomic diameter 2.71 2.57 ? 2.5 2.5 2.49 
Element Cb Mo Pa Ta Ww Pt 
Interatomic 

distances 2.85 2.72 2.745 2.85 2:73 2.769 


Goldschmidt 
atomic diameter 2.94 2.80 2.745 2.94 2.82 2.769 


4s electrons on the one hand and with constant 
number of 3d electron vacancies on the other) are 
compared on the basis of the composition data listed 
above, and using Eqs. 1, 2, and 3. From the values 
of the mean concentration for each of the binary o 
phase fields, as shown in Table I, mean values of 
N, can be obtained from Eq. 1. From these, an aver- 
age value of N, = 6.93 may be obtained for all o 
phases.* This average value of N, can be used to ob- 


* Bloom and Granté suggested that the o phase is characterized 
by a value of Ne = 7. Tne fractional value here used should be 
more accurate, and its use should make the comparison more fa- 
vorable for their proposal. 


tain values of the calculated mean concentration for 
each particular o phase, and these can be compared 
with the experimental values. The results are 
shown in Table II. Similar results for Eqs. 2 and 3 
are shown in Tables III and IV, respectively. 

From the results it can be seen that the deviation 
between the calculated and experimental o com- 
positions is much less in the case of the electron 
vacancy correlation represented by Eqs. 2 and 3. 
The maximum deviation on the basis of Eq. 2 is 
7.6 pet (vanadium-cobalt) and the standard devia- 
tion is 4.1 pet. The maximum deviation on the basis 
of Eq. 3 is 4.2 pet (vanadium-iron) and the stand- 
ard deviation is 2.8 pct. The difference between 
calculated and experimental o compositions is more 
marked for the correlation involving a constant 
total number of electrons per atom, as represented 
by Eq. 1. In this case a deviation of as much as 15.5 
pet occurs for the vanadium-manganese system and 
the standard deviation is as high as 9.1 pet. It may 
be concluded, therefore, that the constant electron 
vacancy number is a more satisfactory criterion for 
the formation of the o phase than the attainment of 
a constant total number of electrons per atom.t+ 


+ After completion of the manuscript, a private communication 
was received from Decker, Waterstrat, and Kasper” to the effect 
that the Mn-Mo o phase has a narrow composition range at about 
60 atomic pet Mn. This composition would exclude the correlation 
according to Eq. 1, and it could be reconciled with the correlation 
with the number of electron vacancies only if suitable assumptions 
are made, Similarly, a Ti-Mn phase at about 50 atomic pect Mn with 
a o-like X-ray diffraction pattern was just reported by Elliott and 
Rostoker.24 However, since at least three of the strongest diffraction 
lines characteristic of ¢ are missing, the interpretation of this phase 
as o may be doubted. 


Duwez and Baen* suggested that the difference in 
atomic sizes between the two components in a bin- 
ary o phase is limited to 8 pct. They stated that the 
formation of o phases in alloys of tungsten with 
iron, cobalt, and nickel is prevented by this con- 
dition. Subsequent work by Goldschmidt” proved 
that tungsten does form binary o phases with iron 
and cobalt, and that, therefore, Duwez and Baen’s 
condition is not acceptable in the form originally 
proposed at a time when the data were insufficient. 
Nevertheless, the basic idea of those investigators 
that relative atomic sizes do play a role in deter- 
mining the stability of the o phase, appears to be 
supported by the data now available. 
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It is clear from Table I that the o phases formed 
with vanadium have wider homogeneity ranges 
than the corresponding phases formed with chrom- 
ium. It may well be that a certain difference in 
atomic sizes tends to make the o phase more stable. 
Thus o forms in the vanadium-nickel system, but 
not in chromium-nickel. It is significant that when 
a certain amount of chromium in the chromium- 
nickel system is replaced by molybdenum* or tung- 
sten,” a ternary o phase forms. The effect of molyb- 
denum or tungsten is probably to increase the aver- 
age size differences between atoms. Similarly, when 
molybdenum is added to any of the chromium-iron,” 
chromium-cobalt,” or vanadium-cobalt” binary o 
phases, the phase field rapidly widens in the ternary 
system. On the other hand, when an element which 
will not effectively increase the difference in atomic 
sizes is added to these binary phases, the ternary 
fields often form narrow, elongated areas following 
lines of constant N,.*¢ 


+ An exception to this is the ternary Fe-Cr-Co o field, which also 
shows considerable widening.* i 


When the difference in atomic sizes is increased 
still more, as in the case of the binary o phases of 
molybdenum and tungsten with iron and cobalt, the 
resulting o phases are comparatively unstable, hav- 
ing narrow homogeneity ranges and decomposing at 
low temperatures.§ 


§It should be noted, however, that such considerations do not 
adequately explain the rather large differences in regard to o for- 
mation between the systems Cr-Fe (g stable up to 825°C only), Cr- 
Co (o stable up to 1310°C), and Cr-Ni (no g phase). 


It is significant that when the difference in 
atomic sizes becomes still larger than for molybde- 
num and tungsten, as in the case of columbium and 
tantalum with iron, cobalt, and nickel, no o phases 
form at all, and Laves phases form instead. This 
leads to the prediction that o may form when 
columbium and tantalum are alloyed with rutheni- 
um, rhodium, and palladium, and that the composi- 
tion ranges of the binary o phases formed in alloys 
of the transition elements of the first long period 
may be considerably expanded in the corresponding 
ternary systems with tantalum and columbium (al- 
though the solubility of tantalum and columbium in 
these o phases may be insufficient to show the 
effect). Another interesting question in this con- 
nection is whether or not the o phase forms in 
binary alloys of chromium or vanadium with palla- 
dium or platinum. In these alloys the difference in 
atomic sizes is reversed in comparison with the o 
phases so far investigated, in that of the two par- 
ticipating atoms the one with the larger d-shell 
electron vacancy number has the smaller size. It is 
planned to investigate these questions experimen- 
tally in the near future. 


Conclusions 


Of the two alternative criteria suggested for de- 
scribing the composition of « phases, the one based 
on d-shell electron vacancy numbers fits the data 
considerably better than the one based on the total 
number of d and s electrons. An important condi- 
tion for the formation of the o phase is then the 
attainment of constant electron vacancy number per 
atom of approximately 3.4 to 3.6. 

Consideration of the temperature and composi- 
tion ranges of stability of various o phases suggests 
that the relative atomic sizes of the alloy compo- — 
nents may also significantly affect « formation. I+ 
appears likely that an intermediate difference in 
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atomic sizes is favorable, while too great difference 
restricts or even interdicts o formation. 
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Annealing of a Cold Rolled Aluminum Single Crystal 


by A. H. Lutts and P. A. Beck 


i the classical picture of recrystallization the 
growth of strain-free grains at the expense of a 
strained and work hardened matrix is responsible 
for the softening of cold worked metals on anneal- 
ing. It has been commonly assumed that the release 
of the stored energy of cold work, softening, and re- 
orientation take place simultaneously, as the high 
angle boundaries of the new recrystallized grains 
sweep over the cold worked matrix. 

However, recent evidence indicates” * that, at least 
in some cases, considerable or even complete soften- 
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ing may take place essentially without reorientation 
(1.e., without the migration of ordinary high angle 
grain boundaries, or “recrystallization”’) and the re- 
lease of most of the stored energy of cold work may 
precede softening. These cases suggest that the 
property changes, taking place during the anneal- 
ing of cold worked metals, may be associated with 
various distinct processes. The study of such situ- 
ations is of considerable interest, since quantitative 
data are still scarce. 

In the present work, isothermal softening curves 
were determined for a heavily rolled aluminum 
single crystal, under such conditions that no “re- 
crystallization” occurred until after complete soften- 
ing. The hardness data were correlated with X-ray 
diffraction pinhole patterns in order to detect any 
reorientation that may occur and with measure- 
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Fig. 1—Isothermal softening and recovery of line broadening at 
350°C of pure aluminum single crystal rolled in the (110) [112] 
orientation at room temperature to 80 pct reduction. The micro- 
hardness (DPHN) values are averages of five readings with 200 
gram load. The line broadening index (B) is defined as the ratio 
in percent of the intensity minimum measured between the two 
lines of the Cu Ka doublet, and of the intensity maximum of the 
Cu Ka: peak, both corrected for background intensity. 


ments of X-ray diffraction line broadening. The 
various data were obtained with the same set of 
specimens, cut from a single crystal and annealed 
to various periods of time. The hardness measure- 
ments and the pinhole patterns were repeated with 
three sets of specimens originating from three dif- 
ferent single crystals; all results were in good agree- 
ment. 


Experimental Procedure 


Single crystals of high purity aluminum,* approxi- 


*Impurities in weight percent: Si 0.0009, Fe 0.0014, Cu 0.0018, 
Mg 0.0004, Ca <0.0002, and Na <0.0005. 


mately 0.1x1x6 in., were prepared by solidification 
according to Noggle’s® procedure, oriented with (110) 
parallel to the large faces and [112] in the length 
direction, to an accuracy of about 1°. These crys- 
tals were rolled at room temperature to 80 pct R.A. 
in approximately 15 passes, with (110) in the rolling 
plane and [112] in the rolling direction. Confirming 
the findings of Barrett and Steadman* and of Liu 
and Hibbard’ with copper, the rolled single crystals 
preserved their original orientation, showing re- 
markably little scatter. It was found that specimens 
cut from these rolled crystals could be annealed ex- 
tensively without causing recrystallization to occur, 
provided that the cutting and all handling was done 
with great care and the cut edges of the specimens, 
as well as their rolled surfaces, were removed by 
etching. In these experiments the specimens, rolled 
to a thickness of 0.020 in., were etched on both sides 
prior to annealing until a thickness of about 0.010 in. 
was reached. 


Results 


Fig. 1 shows (curve DPHN) the microhardness 
values (averages of five readings with the Tukon 
Microhardness Tester, using a Vickers Diamond 
Pyramid indenter and 200 gram load) for a series 
of specimens cut from the same rolled crystal, as a 
function of the annealing time (in salt bath) at 
350°C. The kinetics of the isothermal softening 
might suggest that the mechanism was recrystalli- 
zation. However, pinhole transmission patterns 
(taken with unfiltered copper radiation at 48 kv, 
specimen to film distance 5 cm, collimator length 
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Fig. 2—Transmission 
pinhole pattern for 
the aluminum crystal 
as rolled. Unfiltered 
copper radiation at 
48 ky, specimen to 
film distance 5 cm, 
collimator diameter 
0.040 in., length 3 
in., integrating by 
parallel displacement 
of the specimen. 


Fig. 3—Transmission 
pinhole pattern for 
the aluminum crystal 
annealed 1300 sec at 
350°C after rolling. 
Conditions same as 
for Fig. 2. 


Fig. 4—Transmission 
pinhole pattern for 
the aluminum crystal 
annealed 1600 sec at 
350°C after rolling. 
Conditions same as 
for Fig. 2. 
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Fig. 5—Diffracted X-ray intensity as a function of Bragg angle 
for aluminum crystal as rolled. Unfiltered copper radiation, 
reflection from (220) plane. Receiving slit width 0.02° of arc. 


3 in., pinhole diameter 0.040 in., using an integrat- 
ing mechanism to cover a larger part of the speci- 
men volume) of all specimens up to 1300 sec anneal- 
ing period indicated no trace of reorientation. The 
pattern taken immediately after rolling (Fig. 2) 
was identical with the pinhole pattern (Fig. 3) of 
the specimen annealed for 1300 sec and completely 
soft. In preliminary experiments, the same results 
were obtained with two sets of similar specimens 
from another crystal, indicating good reproduci- 
bility of this behavior. The specimen annealed for 
1600 sec partially recrystallized (Fig. 4), without 
further softening. No attempt was made to ascer- 
tain whether or not it would have been possible to 
anneal for this length of time without recrystalliza- 
tion, by using even more careful techniques. 

Line broadening measurements were made with 
the same set of specimens, very carefully reproduc- 
ing the alignment of each specimen with respect to 
the goniometer axis of the General Electric XRD-3 
diffractometer used. The intensity of the beam dif- 
fracted by the (220) plane was measured point by 
point (slit width of 0.02° arc) as a function of 26 
by means of a GM counter and scaler. Fig. 5 shows 
the reflection of the Cu Ka doublet by the rolled 
specimen (within approximately 5 hr after rolling, 
stored at room temperature). Similar data for the 
specimen annealed 100 sec are shown in Fig. 6. The 
separation of the Cu Ka doublet was used as an 
index of line broadening, as suggested by Van Arkel 
andepurcers” "(law — (where 
Imin. iS the intensity minimum measured between the 
two lines, Imax. is the intensity of the Ka, peak and 
I, is the background intensity measured at a 20 
value 2° higher than that of the Ka, peak). The 
results are shown in Fig. 1 (curve B). It is seen 
that the recovery of line broadening is essentially 
complete after 200 sec of annealing, when the hard- 
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ness drop is only a small fraction of the total 
(curve DPHN). If the line breadth is plotted in- 
stead of the index B, the results are very similar, 
but the accuracy is smaller, so that the points show 
somewhat more scatter. In this connection, it is 
interesting to note that the line breadth values 
measured in the present work are somewhat less 
than one half of those reported by Williamson and 
Hall.* For instance, the breadth of the Cu Ka, line 
reflected by (220) of annealed pure aluminum is 
given by those investigators as 12 min of arc. As 
seen in Fig. 6, the present work results in a breadth 
at half the maximum intensity for the same line of 
about 5.8 min of are. Presumably, the difference 
must be ascribed to smaller instrumental broaden- 
ing in the present work. 


Discussion 


The results prove that under conditions where 
recrystallization, that is, the growth of new grains 
of a different orientation, is prevented, complete 
softening (to the hardness level of soft-annealed 
polycrystalline material) of a heavily rolled alumi- 
num crystal may nevertheless take place by a differ- 
ent mechanism, not involving reorientation.+ Since 


a A similar observation with a Si-Fe crystal was mentioned in a 
discussion by Dunn.? 


even the extent of the asterism in the pinhole pat- 
terns remains unchanged, it is clear that not only 
the principal orientation, but also the (relatively 
small) orientation scatter of the rolled crystal is 
essentially retained during softening. In view of 
information available from other work,’ it seems 
likely that the mechanisms of softening without re- 
orientation in a heavily deformed metal are recovery 
and subgrain growth (the latter being presumably 
identical with the process designated by Crussard as 
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Fig. 6—Diffracted X-ray intensity as a function of Bragg angle 
for aluminum crystal, annealed 100 sec at 350°C after rolling. 
Unfiltered copper radiation, reflection from (220) plane. Re- 
ceiving slit width 0.02° of arc. 
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“recrystallization in situ”). Work is now under way 
to check this point. 

The disappearance of line broadening in the be- 
ginning phase of annealing of cold drawn tungsten 
wire was shown qualitatively in the early work of 
Goeler and Sachs.” Van Arkel and Burgers* found 
that line sharpening on annealing, at least in thori- 
ated tungsten wire, distinctly precedes recrystalliza- 
tion. In a recent paper, Williamson and Hall* as- 
cribed the process to recovery in aluminum and 
tungsten filings. However, the correlation of line 
sharpening with recovery and the lack of correla- 
tion with softening or recrystallization has not been 
convincingly demonstrated. Indeed, Averbach” in- 
dicated that the disappearance of line broadening 
on annealing of brass filings is a result of recrys- 
tallization. The present work demonstrates an ex- 
ample where not only the rate but also the kinetics 
of line sharpening is quite distinct from that of at 
least an important part of softening. Also, in the 
present case, the separation of line sharpening from 
“recrystallization” involving reorientation is more 
complete than in previously reported investigations. 
The experimental results on the kinetics of line 
sharpening (see curve B, Fig. 1) suggest strongly 
that the process is recovery, rather than one pro- 
gressing by nucleation and the migration of inter- 
faces. As found by Drouard, Washburn, and 
Parker,“ isothermal recovery of work hardening 
takes place at a rate that is highest initially and 
then decreases. Borelius, Berglund, and Sjoberg” 
found the same kinetics for the low temperature 
release of the stored energy of cold work, and 
Eggleston” obtained similar kinetics for the low 
temperature recovery of the electrical resistivity. In 
contrast to these recovery processes, which do not 
involve interfaces, it is typical for the kinetics of 
recrystallization, and for that of any process which 
may be described in terms of nucleation and inter- 
face migration,“ that the rate at first increases, then 
it passes through a maximum and finally decreases. 

As shown in the case investigated, line sharpen- 
ing goes to practical completion in an annealing 
period less than one-sixth of that necessary for 
softening. The present results indicate that the 
imperfections responsible for line broadening may 
account, at most, for a small fraction of the total 
work hardening. Whether or not in this case some 
of the line broadening is due to lattice strain is not 
yet known. But it is clear that a large part of the 
work hardening is retained after annealing treat- 
ments where the material is certainly strain free, 
as far as can be determined from the line broaden- 
ing measurements. 

On the basis of their recovery characteristics, the 
lattice imperfections responsible for line broaden- 
ing may be clearly separated from the imperfec- 
tions, also introduced by cold working, which ac- 
count for the lattice disorientations causing Laue 
asterism. The present experimental observations 
appear to be consistent with the view that asterism, 
as well as a considerable part of the work harden- 
ing, are associated with the breaking up of the 
metal crystals during cold working into slightly dis- 
oriented domains, or subgrains, while line broaden- 
ing may be caused by lattice imperfections within 
the individual subgrains. On this view, then, it 
would follow that the interlocking system of sub- 
boundaries is considerably more resistant to anneal- 
ing than the imperfections dispersed inside the 
subgrains. 
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Conclusions 


1—It is possible to attain complete softening in a 
heavily rolled aluminum crystal without any “Te- 
crystallization” involving the migration of high 
angle boundaries. 

2-The isothermal X-ray line sharpening of a 
heavily rolled aluminum crystal may be shown, 
under suitable conditions, to proceed much faster 
than and to follow kinetics quite distinct from that 
of at least an important part of softening and of 
“recrystallization” involving lattice reorientation. 
The kinetics of line sharpening are similar to that 
of various known recovery processes, which proceed 
without interface migration. 

3—In view of the significant differences in an- 
nealing behavior, it appears that the crystal imper- 
fections which account for line broadening in 
aluminum are distinctly different from those re- 
sponsible for the major part of work hardening. 
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An Investigation of the Systems Formed By 


Chromium, Molybdenum, and Nickel 


by David S. Bloom and Nicholas J. Grant 


An investigation of the Cr-Mo-Ni ternary system and attendant 
binaries has been completed. Some changes in the binary diagrams 
are shown to be necessary. The 1250°C section of the ternary and 
the liquidus surface have been delineated. A system of invariant 
reactions existing above 1250°C has been suggested. 


ECAUSE chromium, molybdenum, and nickel 

are important not only as bases for alloying sys- 
tems but also as major alloying additions for other 
refractory metals, a study of the phase diagrams is 
of great interest and importance. In addition there 
are interesting features of theoretical value, a num- 
ber of which are of prime consideration in this 
work. The major aim was to determine the ternary 
phase diagram of these metals at and above 1250°C, 
with sufficient attention given to lower tempera- 
tures to permit an understanding of the conditions 
existing at 1250°C and above. 

To understand ternary systems it is essential that 
accurate information concerning the binary systems 
be available, which in turn presupposes thorough 
knowledge of the constituent elements. On the basis 
of this investigation not only were significant in- 
accuracies indicated in the binary systems but much 
consideration had to be given to one of the elements, 
that is, chromium. 

The observation has been made that chromium 
undergoes a crystal transformation at a temperature 
near its melting point. Much of the experimental 
data leading to the detection of this transformation 
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and the effects of this hypothesis on the form of the 
Cr-Ni phase diagram have already been reported” ” 
and will not be repeated here. 

The experimental methods employed in the in- 
vestigation have also been covered.** The purity of 
the molybdenum utilized in this work showed by 
qualitative spectrographic analysis that chromium, 
copper, iron, silicon, and tungsten were present in 
quantities of 0.1 to 0.001 wt pct. 

During the course of the investigation more than 
100 melts were made, weighing from 150 to 200 
grams each. Each of these melts was sectioned for 
chemical analysis and for specimens for examina- 
tion in the as-cast and various heat-treated condi- 
tions by X-ray and metallographic means. 

All X-ray diffraction patterns reproduced here 
were made using chromium Koa radiation although 
iron and copper targets were used on occasions dur- 
ing the investigation. 


Experimental Results 


Mo-Ni-System: The most recent comprehensive 
investigation of the Mo-Ni system was made by 
Ellinger* in 1942; the diagram as shown in the 
American Society for Metals Handbook is based on 
his work. The work done on the system in this in- 
vestigation substantiated the general form of the 
diagram although some differences were observed. 
These are indicated by a comparison of Ellinger’s 
diagram and Fig. 1, the latter showing the results of 
pertinent thermal analyses made in this research. It 
can be seen in Fig. 1 that the eutectic composition is 
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Fig. 1—Central region of Mo-Ni diagram based on thermal anal- 
ysis data. 


indicated to be approximately 57.5 pct Ni-42.5 pct 
Mo; this differs from Ellinger’s value of about 54 pct 
Ni-46 pct Mo. Concomitant with the change in 
eutectic composition, a change in the liquidus curve 
was noted, as shown. 

A second discrepancy was found in the peritectic 
temperature. The temperature as determined by 
thermal analysis is about 1350°C; the temperature 
given by Ellinger was 1370°C. The temperature of 
the eutectic reaction was found to be 1320°C, con- 
firming Ellinger’s results. 

A third difference was found in the liquid com- 
position in equilibrium with the molybdenum sol- 
id solution at the peritectic reaction temperature, 
1350°C. Ellinger gave a value of about 48 pct Ni, 
whereas the best fit from this work is approximately 
joew Nhe 

It is difficult to decide which of the determinations 
is the more accurate. Ellinger made visual observa- 
tions on solid samples as they were being heated, 
while the determinations reported here were devel- 
oped from careful thermal analyses. Neither method 
can be claimed infallible, but it is felt that the 
values of the eutectic composition, the peritectic 
temperature, and the composition of the liquid at 
the peritectic temperature, which have been deter- 
mined here, are more nearly correct than Ellinger’s. 

Recently, in unpublished work, the composition 
limits of the MoNi intermetallic compound have 
been questioned, but from the results observed in 
this research the equiatomic composition is to be in- 
cluded within the composition range, at 1250°C. 

One further observation relative to the Mo-Ni 
system is that small additions of chromium raised 
the formation temperature of the compound Ni,Mo. 
This point was not pursued in detail, but results 
leading to this observation were obtained in the 
pertinent thermal analyses. Presumably the Ni,Mo 
field reaches a maximum temperature within the 
ternary system and then decreases, since the com- 
pound did not make its appearance in the 1250°C 
section of the ternary. 

Cr-Ni System: Most of the results on the Cr-Ni 
system have been published.’ Briefly, the diagram as 
presented showed a eutectoid reaction at about 
1180°C with eutectoid composition of about 65 pct 
Cr-35 pct Ni; the phase above the eutectoid reaction 
was suggested to be a high temperature, face-cen- 
tered cubic form of chromium labeled 6 Cr. In con- 
firmation of this phase diagram and the mechanism 
of transformation in near-eutectoid alloys, one item 
of interest is presented. 
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It has been found that samples of near-eutectoid 
composition can transform from the high tempera- 
ture 8 Cr phase to the low temperature a Cr and 
y Ni by means of an intermediate structure. This 
has been suggested previously.’ It has also been 
noticed that this transformation is strongly strain- 
sensitive. One rather interesting aspect of this 
transformation is revealed in Fig. 2. Fig. 2a shows 
the X-ray diffraction pattern obtained with chrom- 
ium radiation on a 60 pct Cr-40 pct Ni sample as 
quenched from 1250°C. The lines due to the y Ni 
phase are present, plus the lines ascribed to the 6 Cr 
phase. Fig. 2b shows a-pattern from the same sam- 
ple after the surface had been lightly cold worked 
by polishing on fine emery paper. A shift in the 6 
Cr lines can be noticed, while the vy Ni lines have 
almost disappeared as a result of the distortion. 

At this point it becomes necessary to consider the 
movements of lines of the chromium solid-solution 
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Fig. 2—Diffraction patterns from a 60 pct 
Cr-40 pct Ni alloy. Solid sample a—as 
quenched from 1250°C, electrolytically 
polished and etched; b—slightly cold worked 
by polishing; c—after annealing 30 min in 
boiling water; d—after an additional anneal 
of 15 min in lead at 360°C; e—after addi- 
tional anneal of 15 min in lead at 500°C. 
The latter is a composite pattern combin- 
ing the results of two different orientations 
of the specimen. 
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Fig. 3—Constitution diagram of Cr-Mo system from the Metals 
Handbook, ASM. 


phase in Fig. 2 and the structures responsible for 
these lines. The lines in Fig. 2b which are produced 
by the chromium phase no longer fit the pattern of a 
face-centered cubic structure because of the shift- 
ing in opposite directions which they have experi- 
enced. The pattern which they do fit, however, is 
that of a body-centered tetragonal structure; and 
this intermediate, transitional tetragonal structure 
is called a’ Cr. This follows of course because of the 
similarity between the body-centered cubic and 
body-centered tetragonal cells, and because the 
tetragonal structure apparently does collapse into 
the cubic structure under the appropriate condi- 
tions. It has been observed that the two a’ Cr lines 
tend to approach each other (indicating a decreasing 
c/a ratio) and merge to form the a Cr (110) line of 
the normal body-centered cubic phase. In any event, 
as soon as the 6 Cr (200) line, for example, shifts 
(as long as the 8 Cr (111) line shifts a commensur- 
ate amount in the opposite direction), it can no 
longer be called the 8 Cr (200) line but becomes the 
a Cr (110). Similarly, the 8 Cr (111) line becomes 
the a Cr (101) line upon shifting. And these 
a Cr lines ultimately become one a Cr line as the 
structural changes are completed. 

Fig. 2c shows the pattern taken from the same 
surface after the sample had been annealed 30 min 
in boiling water. The only evident changes are the 
re-appearance of the y Ni (111) line and a slight 
shift in the a’ Cr lines. In Fig. 2d, the same sample, 
after being annealed an additional 15 min in molten 
lead at 360°C, shows an interesting development. 
The a Cr (110) line has split off an additional line. 
A similar effect is not noticeable in the (101) line 
mainly because the specimen was oriented so as to 
maximize the (110) line and the effect there. In 
Fig. 2e the split of the line becomes more evident, 
and one leg of the diffraction line has practically 
resumed the 6 Cr (200) position, while the other leg 
is well on its way toward assuming the a Cr (110) 
position. This seemingly indicates that on relatively 
low temperature annealing the intermediate phase 
follows two tendencies: 1—to transform in part to 
the low temperature a Cr form, and 2—to revert to 
the undistorted high temperature 6 Cr form. 

Cr-Mo System: The Cr-Mo system has been con- 
sidered to consist of a complete series of solid solu- 
tions with a minimum in the liquidus curve near the 
chromium end of the system (see Fig. 3, which is 
from the 1948 American Society for Metals Hand- 
book). Since the work on the Cr-Ni system had re- 
vealed that a transformation in pure chromium ex- 


TRANSACTIONS AIME 


isted, it seemed advisable to examine the Cr-Mo 
binary more closely for evidence of the transforma- 
tion in this system. 

The point data from thermal analyses are shown 
in Fig. 4. These results indicated that the minimum 
in the liquidus curve is at a higher temperature and 
at a higher chromium composition than had pre- 
viously been held. The minimum appears to be at 
about 1860°C and at a composition of about 80 wt 
pet Cr. This agrees extremely well with the earlier 
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Fig. 4—Some results of thermal analyses in the Cr-Mo system 

showing the liquidus for the system. Solid-state reaction tem- 

peratures are developed from both heating and cooling curves. 


work of Potter, Putnam, and Grant,*® whose thermal 
analysis data for the liquidus are shown in Fig. 5. 
It will be noted in Fig. 4 that reactions are indi- 
cated in the solid state. A satisfactory explanation 
of these points is not easily advanced. It should be 
noted further that the points shown in Fig. 4 were 
developed from both heating and cooling curves so 
that they cannot be imputed to nonequilibrium 
cooling conditions. Because of the presence of the 
points under the minimum of the liquidus it is diffi- 
cult in this instance to see how these particular 
points can be connected in any way with the solidi- 
fication or melting processes. Though the connection 
is not clear, they are considered to be derived from 
the transformation detected in the pure chromium. 
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Fig. 5—Portion of the Cr-Mo liquidus from Putnam, Potter, and 
Grant.° 
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Fig. 6—1200°C section of the Cr-Mo-Ni system as developed by 
Rideout et al.° 


A phase diagram for the Cr-Mo system which 
conforms to the thermal analyses and includes the 
chromium phase change is not easily constructed, 
nevertheless, it is clear that the Cr-Mo phase dia- 
gram as previously drawn (Fig. 3) cannot be con- 
sidered to be complete or correct. 

While many efforts were made to utilize the data 
to determine the diagram below the liquidus, all of 
them had a number of weaknesses. The data are 
thus presented without interpretation except for the 
drawing in of the liquidus surface showing the min- 
imum in agreement with the liquidus of Potter, 
Putnam, and Grant. 


Cr-Mo-Ni System: The scope of this portion of 
the investigation was to determine the liquidus sur- 
face of the Cr-Mo-Ni system as well as the 1250°C 
section. The examination of the binary systems was 
wider in scope, but only to afford an understanding 
of the conditions existing at 1250°C and above in 
the ternary system. 

1250°C Section: Several previous investigations 
in this system have been made but the most perti- 
nent one is that of Rideout, et al.” The presence in 
this system of the o phase had first been reported by 
Putnam, Grant and Bloom* and also by Rideout et 
al.,, who also reported. another ternary compound. 
This latter compound, of unidentified crystal struc- 
ture, was called the “P” phase. These authors de- 
veloped a portion of the 1200°C section of this sys- 
tem as shown in Fig. 6. The 1250°C section as 
developed in the present investigation is shown in 
Figs. 7 and 8, in weight percent and atomic percent, 
respectively. 

Except for the region adjoining the Cr-Ni system 
the diagrams are fairly similar in outline and 
broadly indicate: 1—that the o phase field dimin- 
ishes with increasing temperature, and 2—that the 
ternary intermetallic compound P moves toward the 
Mo-Ni binary with increasing temperature. There 
are significant differences, however, in the extent of 
the o fields. 

The existence of the P phase was corroborated 
mainly on the basis of X-ray diffraction results, but 
a microstructure, one of many examined, of inter- 
est in this connection is shown. The diffraction 
lines as developed in this work are given in Table I 
in conjunction with the values of Rideout et al. 
(Some of the lines given by them but missing here 
may be £ lines.) These values were obtained from 
powdered specimens of alloys which had been held 


Cr 


Fig. 7—1250°C section of the Cr-Mo-Ni system showing the heats which were used to determine the 


section. Values are in weight percent. 
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Fig. 8—Same 1250°C section as in Fig. 7, but with yalues in atomic percent. 


for over 100 hr at 1250°C before powdering. The 
powders were then sealed in Vycor capsules and 
placed in a furnace at 1250°C, held there for 3 min 
and air cooled. Unfortunately the cooling took about 
30 sec, and since the powder samples did not give 
exactly the same results as the lump samples, the 
method has been outlined. It was concluded that 
the cooling rate was not sufficiently fast for the 
powders to maintain the 1250°C equilibrium struc- 
ture. The main difference was in the indicated loca- 
tion of the P phase; the powder samples indicated 
the P field to be at a slightly higher chromium con- 
tent. 

This shifting of the P phase field with tempera- 
ture is further indicated by the microstructure of 
the as-cast 2 pct Cr-61 pct Mo-37 pct Ni alloy 
shown in Fig. 9. X-ray results show that at 1250°C 
the alloy consisted only of the 6 phase, but the as- 
cast microstructure shows four phases to be present. 
These are identified provisionally as being a solid 


Table |. 26 Values of Lines of P Phase Using Chromium Radiation 
and Vanadium Filter 


Values Values Values Values 

from from Heat 61, from from Heat 61, 
Rideout This Rideout This 

et Investigation et al.6 Investigation 

51.08 50.7 66.72 66.7 

57.10 66.16 67.1 

57.38 57.4 67.70 

58.72 58.2 68.08 68.1 

59.96 68.52 68.65 

62.80 62.85 70.28 

63.4 72.88 

64.6 64.7 73.52 

65.86 65.8 74.14 74.0 

65.94 66.1 77.38 717.4 
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solution Mo in the center of the crosses, P phase 
surrounding the a Mo, 6 phase surrounding the 
P phase, and the matrix which is a eutectic of 6 and 
y Ni. The identification of the P and the 6 phases is 
of course difficult and is based in part on X-ray 
considerations which indicate that both phases are 
present. 

This order of solidification leads to the conclusion 
that at a temperature of 1250°C the P phase extends 
even closer to the Mo-Ni binary. Extrapolating this 
trend to lower temperatures would mean that the P 


Fig. 9—2 pct Cr-61 pct Mo-37 pct Ni alloy as cast. The 
roughened material in the center of the crosses is a Mo sur- 
rounded by the P phase, which is in turn surrounded by the 
5 phase. The matrix is a eutectic consisting of 5 phase and 
y Ni. Electrolytic polish and etch. X750. Area reduced ap- 
proximately 40 pct for reproduction. 
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Fig. 10—o phase parameter as a function of yarying Cr-Mo com- 
position at a constant 30 atomic pct Ni, at 1250°C. 


phase would extend into the ternary system, and 
this is borne out by comparison of the two diagrams 
in Figs. 6 and 7. 

In the central area of the 1250°C section are 
shown the ternary o phase boundaries. From Fig. 7 
it can be seen that the field has a rather long, 
slender shape. When plotted in atomic percent (Fig. 
8) the field orients itself fairly closely along a line 
of constant nickel content, this axis being at about 
32 pet Ni. Thus it can be considered that the nickel 
atoms are present in a proportion of about one- 
third, while the chromium and molybdenum pro- 
portions vary over a rather wide range. This is 
thought to be not without significance, particularly 
since the width of the field at this temperature in 
terms of nickel content is so restricted. 

From theoretical considerations’ there is reason 
to suspect that o phase could form in binary Ni-Cr 
system at a composition near 67 pct Cr-33 atomic 
pet Ni, and this is substantiated by the position 
and shape of the o phase field in the ternary sys- 
tem. Extensive tests over a wide range of composi- 
tions, temperatures and long holding times, how- 
ever, failed to produce o in the binary Cr-Ni alloys. 
Apparently molybdenum has a powerful effect of 
promoting o formation as it is substituted for 
chromium. 

Fig. 10 shows the variation of the average of the d 
values of six of the strongest lines in the o phase 
pattern plotted as a function of chromium and mo- 
lybdenum contents under the assumption that the 
nickel content is constant at 30 atomic pct. There is 
a near-linear relationship indicated, considering the 
scatter of the heats. 

An additional point of interest is that the o phase 
in this system is considered to form directly from 
the liquid through a ternary peritectic reaction; and 
the elongated shape of the field assumes added in- 
terest because of the proximity of the 1250°C sec- 
tion to the peritectic temperature. This will be 
discussed in further detail subsequently. 

The work in the Cr-Ni binary system resulted in 
the acceptance of a eutectoid reaction in this sys- 
tem. This must of course be fitted into the ternary 
system. As was mentioned in the discussion of the 
Cr-Ni binary, the experimental difficulties involved 
in studying the high temperature phase were rather 
formidable. The presence of molybdenum in ap- 
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preciable amounts does not, unfortunately, increase 
the ease with which the high temperature chromium 
phase can be retained. 

From the study of the X-ray results and the per- 
tinent microstructures it can be definitely estab- 
lished that the two-phase field, y Ni plus a Cr, is the 
one which exists at 1250°C and not the alternative 
possibility, « plus 6 Cr. Further, the extent of the 
three-phase field, y Ni plus a Cr plus o, can be laid 
out approximately by reference to the relevant 
alloys; the same applies to the two-phase field, y 
Ni plus a Cr. Unfortunately the fields involving the 
B Cr phase cannot be laid down with accuracy. To 
illustrate this, two sample X-ray patterns are shown 
in Fig. 11 and are compared with a pattern of the 
two lower temperature phases, y Ni and a Cr (Fig. 
lla). Fig. 11b is from a 63.5 pct Cr-3.5 pct Mo-33 
pet Ni alloy; here lines of the y Ni phase and one 
line of the intermediate metastable a Cr phase are 
identified. It is deduced from this that at 1250°C the 
sample had consisted of y Ni plus 6 Cr, and that 
during the quench, or in preparation, the 6 Cr phase 
transformed to the a’ Cr state. Fig. llc is of a 66.5 
pet Cr-3.5 pet Mo-30 pct Ni alloy; the lines present 
here are ascribed to the a Cr and a’ Cr phases. How- 
ever, to conform to other results it is necessary to 
conclude that at 1250°C this sample was mostly 
B Cr, but on cooling, or during preparation, the 8 
Cr phase again had partially decomposed. Though 
these patterns and other similar patterns are not 
entirely satisfactory for delineating the fields at 
1250°C, they do indicate conclusively that there 


a’cr tion 
Ni (200) 


y 


60° 70° 80° 
Fig. 11—a—Diffraction pattern of 60 pet 


Cr-40 pct Ni alloy as quenched from 
1150°C, showing lines due to yy Ni and 
a Cr. b—63.5 pet Cr-3.5 pct Mo-33 pct Ni 
alloy after 21 hr at 1250°C, then quenched 
in water. Surface mechanically polished, 
deeply electrolytically etched; shows lines 
due to y Ni and a’ Cr. c—66.5 pct Cr-4.5 
pct Mo-30 pct Ni alloy after 135 hr, at 
1250°C, then quenched in water. Surface 
same as (b). Shows a Cr and a’ Cr. 
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Fig. 12—Plot of liquidus temperatures and isotherms. 
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Fig. 13—Proposed system of high temperature inyariant plane of the Cr-Mo-Ni system above 1250°C. 
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Fig. 14—Cooling curve of 9 pct Cr-79 pct Mo-12 pct Ni alloy. Time 
increases from right to left. The first change of slope is at about 
2120°C, the second at about 2045°C. 


1900 


does exist another phase at this temperature, lo- 
cated approximately as shown in Figs. 7 and 8. 

The Liquidus Surface: The liquidus surface was 
developed from the liquidus temperatures as deter- 
mined for each alloy by thermal analysis. The 
liquidus temperatures were taken to be the average 
of the cooling and heating values obtained at rather 
slow rates of temperature change. It was deter- 
mined experimentally that for the particular exper- 
imental setup used, a cooling rate of 10°C per min 
would yield data with an accuracy commensurate 
with the accuracy of the W-Mo thermocouple. At 
more rapid cooling rates the accuracy became 
poorer. In actual practice cooling rates of about 5°C 
per min were maintained. 

The liquidus surface as developed is shown in 
Fig. 12. No discontinuities are indicated in the 
isothermal lines, though in actuality some must ex- 
ist. The minimum melting point found was about 
1275°C in what is thought to be a ternary eutectic. 
The composition at this point is about 19 pct Cr- 
34 pct Mo-47 pet Ni. The maximum melting point 
found is that of pure molybdenum. There were no 
ternary compounds detected which melted with 
open maxima. 

System of Invariant Planes: The development of 
the system of invariant planes existing about 
1250°C has been undertaken and a construction 
developed which is at least compatible with all the 
data available. Since extensive work was not at- 
tempted involving reactions occurring between 
1250°C and the liquidus temperatures, the synthe- 
sis must be accepted as somewhat provisional. The 
system as developed is reproduced in Fig. 13. In 
this construction the triangles and quadrilaterals 
representing the invariant planes are to be under- 
stood as being schematic rather than definitive. The 
scheme is reproduced mainly to assist others who 
may contemplate further exploration of the system. 

It will be noted that there is no three-phase field 
coming down on to the invariant plane at 1500°C 
denoting the 3/1 (peritectic) reaction whereby the 
o phase is formed. The phases which would be in 
coexistence in this field are the liquid plus a plus 6 
phases. This field could be considered as originat- 
ing in the Cr-Mo binary system and then moving 
with falling temperatures to the location as shown, 
but the thermal analyses and as-cast microstruc- 
tures did not substantiate such a construction. The 
solution which did present itself, but is not shown 
because the evidence did not seem to warrant such 
a drastic innovation, was that there existed a three- 
phase field, a plus 6 plus liquid, which was based on 
a reaction occurring at very high temperatures in 
the Mo-Ni system. This would necessitate a high 
temperature transformation in molybdenum similar 
to the one which apparently occurs in chromium. In 
support of this hypothesis a cooling curve of an 
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alloy of 9 pet Cr-79 pet Mo-12 pct Ni is shown in 
Fig. 14. The arrest occurring at about 2045°C indi- 
cates a more complicated solidification process than 
is involved in a mere liquidus-solidus type of solidi- 
fication. 

It is because of this indicated solid state change 
in the above alloy and the solid state change indi- 
cated with Cr-Mo binary system that no attempt 
was made to introduce a phase diagram, other than 
the liquidus curve, for the Cr-Mo binary (Fig. 4). 


Summary 


1—The investigation of the Mo-Ni system has re- 
sulted in some changes in the phase diagram in the 
regions of the eutectic and peritectic reactions. 


2—The investigation of the Cr-Ni system has de- 
veloped interesting phenomena concerning the in- 
termediate structure associated with the eutectoid 
reaction. It has been shown that the retained high 
temperature phase can be decomposed by annealing 
or cold working near room temperature. 


3—It has been concluded that the Cr-Mo system 
as presently accepted is incorrect, and while a defi- 
nite revision has not been developed, suggestions 
have been advanced for possible changes of the 
diagram. 


4—The 1250°C section of the Cr-Mo-Ni system 
has been developed, showing the rather interesting 
shape of the o phase field at this temperature. The 
existence of another ternary compound called the P 
phase has been corroborated. 


5—The liquidus surface of the ternary has been 
outlined. 


6—A possible system of invariant planes for the 
ternary system Cr-Mo-Ni is suggested. 
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Solid State Bonding of Aluminum to Nickel 


by S. Storchheim, J. L. Zambrow, and H. H. Hausner 


The solid state bonding of aluminum to nickel was studied as a 
function of temperature, pressure, and time at pressure. The initial 
results indicated that as the reaction conditions were varied, marked 
changes in tensile strength occurred. Plots of the log penetration 
coefficient ys the reciprocal of absolute temperature for various 
isobars were straight lines displaced from each other. 


HE techniques of bonding different metals to 

each other include brazing, welding, welding by 
application of a molten phase, and solid state weld- 
ing without any molten phase present. This last 
technique, the pressing of metals either at room 
temperature or at some temperature below the melt- 
ing point of the metals to be joined, seems to offer 
interesting possibilities for bonding purposes. How- 
ever, this technique has not been completely investi- 
gated, and very little is known about the diffusion 
phenomena which occur during solid state welding. 
Some previous work on the effect of pressure on 
diffusion* was inconclusive. 

This paper is concerned with an investigation re- 
garding the effect that the processing variables, such 
as pressure, temperature, and time at pressure, have 
in solid state bonding. The tests were made with 
aluminum and nickel and special emphasis was 
given to the strength of the bond between these two 
metals and to the intermetallic penetration rate dur- 
ing the bonding process. It seems that the effect of 
pressure on the intermetallic penetration is of par- 
ticular importance for practical purposes and this 
effect was therefore studied in detail. 


Procedure 


Apparatus: The means of solid state bonding used 
for this study was that of the hot-pressing technique. 
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Fig. 1—Hot pressing apparatus. 


This method requires the equipment pictured in Fig. 
1 and involved the following procedure. 

The two metals to be bonded were placed in an 
aquadag lubricated 18-4-1 tool steel die, 16 in. high 
by 1.440 in. ID, between punches of 1.366 in. diam- 
eter made of the same material. A thermocouple 


iF, J. Radavich and R. Smoluchowski: Influence of Pressure on 
Intermetallic Diffusion. Physical Review (1944) 65, pp. 62, 248. 
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Fig. 2—Typical tensile test specimen, actual 
size. 


well was located in the die body 3% in. from the top 
of the die while another well was located centrally 
in the bottom punch 8% in. from the bottom of the 
die. This die assembly-was located in three cylindri- 
cal ceramic heating furnaces placed in tandem. Each 
furnace was individually controlled by a power 
transformer (Variac). The die and furnaces were 
in turn placed in a water-cooled, stainless steel pot 
which could be evacuated. On this was bolted a 
cover containing a centrally located Wilson seal 
with an 18-4-1 ram 1 in. in diameter running 
through it. After sealing, the pot was evacuated by 
a roughing pump to 200 microns pressure, after 
which a diffusion pump was used to bring the pres- 
sure down to 5 to 15 microns. At this pressure the 
furnaces were turned on. As soon as the furnaces 
started to heat up, out-gassing of the entire unit 
raised the pressure to 30 to 400 microns. By the 
time the specimens were at temperature ready to be 
pressed, approximately 30 min, the vacuum pumps 
had re-established the 5 to 15 micron pressure. Once 
the desired temperature was reached, the required 
pressure was applied for a predetermined length of 
time to the 1 in. ram through to the top punch and 
to the specimen. When the time had elapsed for 
keeping the specimen under pressure the pressure 
was released, the energizing coil current turned off, 
and the assembly allowed to cool. After cooling, the 
die was removed from the pot and the specimen was 
ejected. 

Specimen Preparation: Two different types of 
specimens were made for this investigation. One was 
for subsequent tensile test while the other was for 
determination of intermetallic penetration. The spec- 
imens were prepared as follows: 

Tensile Bars: Commercially rolled nickel pieces 
Y in. thick and 1.366 in. in diameter were placed 
between commercial rod of 2-S aluminum ¥% in. 
thick and 1.366 in. diameter. This sandwich in turn 
was Slipped into a 2-S aluminum sleeve 1.344 in. OD 
and 1.370 in. ID. This sleeve lined the couple up and 
prevented the aquadag lubricant from getting in be- 
tween the Al-Ni interfaces. Immediately prior to 
the specimen assembly the nickel was abraded on its 
flat surfaces with 320 grit silicon carbide paper, 
producing clean, smooth surfaces. The aluminum 
was chemically cleaned just before assembly by: 
1—degrease in acetone, 2—distilled water rinse, 3— 
immersion for 3 min in 5 pect NaOH at 70° to 80°C, 
4—distilled water rinse, 5—immersion for 2 min in 
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50 pet HNO, solution at room temperature, and 6— 
distilled water rinse. 

Once the sandwich was hot-pressed and ejected, 
the specimen was machined, such that the aluminum 
sleeve was removed and the nickel and part of the 
aluminum on both sides of it were taken down toa 
diameter of 14% in. The remaining aluminum was 
then threaded, see Fig. 2, and the bar so produced 
was tested for tensile strength. In all instances the 
specimens broke during the test at the Ni-Al inter- 
face and never within the aluminum or nickel. The 
ultimate tensile strength values at times showed 
considerable scatter for a set of given reaction con- 
ditions. Because of this, as many as three to five 
specimens were made for a particular set of con- 
ditions. The trend of the average tensile strengths 
obtained was not as conclusive as was the trend of 
the maximum tensile strengths, the latter values 
being obtained under optimum reaction conditions. 
Therefore, the values of ultimate tensile strength 
given in this report are maximum values. 

Penetration Couples: The preparation of pene- 
tration couples was very similar to that of assem- 
bling the tensile bars; however, molybdenum strips 
38 in. square and 0.001 in. thick were placed at the 
center of the Al-Ni interfaces as the couples were 
being assembled. The molybdenum strips were 
used as inert markers for they did not react with 
either the aluminum or nickel at the reaction con- 
ditions used. In addition, the molybdenum pre- 
vented Al-Ni interaction where it came between the 
aluminum and the nickel. In this manner, therefore, 
the molybdenum acted as reference lines for even- 
tual penetration measurements, i.e., the ‘extent of 
penetration was measured from both sides of the Al- 
Ni interface, as defined by the molybdenum strips, 
up through and to the deepest penetration of the 
Al-Ni intermetallic compounds formed. 

Penetration Measurements and Methods of Calcu- 
lating Penetration Constants: After the assembly 
was hot-pressed and ejected from the die, a quarter- 
pie shaped section was cut from it, mounted, and 
measurements of thirty of the deepest penetrations 
into the aluminum and into the nickel were deter- 
mined microscopically. What was done was to pro- 
ject the image of the Al-Ni interface at 2000X mag- 
nification onto the screen of the metalloscope being 
used and measure the penetrations to the nearest 
64th of an inch. The thirty measurements were 
averaged and this average was then converted to 
centimeters. Once this value was obtained, the pene- 


Fig. 3—Typical penetration couple, actual 
size. 
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tration data were calculated from the following 
formulas: 


P= 


where X is the penetration in cm, t is time in sec- 
onds at temperature and under pressure, and P is 
the penetration coefficient in sq cm per sec. 


In P = In P, —Q/RT 


where P, is a temperature dependent constant, Q is 
the activation energy for penetration in cal per 
gram-atom, R is the universal gas constant, T is the 
absolute temperature of reaction, and In P, is the 
intercept on In axis of In P vs 1/T curve. 


24,000- 

20,000- 
@ 16,000 
= KEY 
2 
Ww V 2 tsi 
12,000b © ll tsi 
=) © 20 tsi 
(2) 
a AT PRESSURE 4 MINS. IN VACUO 
8,000 
= 
= 
=) 

4,000- 
400 450 500 550 600 650 


TEMPERATURE, °C 


Fig. 4—AI-Ni tensile strength ys pressing temperature. 


A typical view of a sectioned penetration couple 
is shown in Fig. 3. 

Results 

Ultimate Tensile Strength: Effect of Pressing 
Temperature: The effect of pressing temperature on 
the ultimate tensile strength of Al-Ni couples was 
first determined. Fig. 4 is a plot of the maximum 
ultimate tensile strength obtained vs varying press- 
ing temperatures. Three curves are shown, each 
representing specimens pressed at different applied 
pressures, namely, 2, 11, and 20 tons per sq in. (tsi). 
In all instances pressure was applied for a period of 
4 min. The curves show an increase in strength 
with increasing temperatures and specifically for the 
11 and 20 tsi pressures; the curves reach a maxi- 
mum, decline, and then indicate a leveling-off period 
at temperatures above approximately 550°C. 

It is observed that as the pressure increases, the 
maximum tensile strength achieved also increases. 
Both the 11 and 20 tsi curves exhibit maximum 
strength at approximately 500°C. (Some work done 
at 5 tsi indicated that maximum tensile strength also 
occurred around 500°C.) Note that the initial rising 
and falling slopes of each curve decrease in rate of 
rise and fall, respectively, as the pressure used de- 
creases. In addition, it is observed that the begin- 
ning of incipient bonding occurs at lower tempera- 
tures as the pressure is increased. 
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Fig. 5—AI-Ni tensile strength ys applied pressure held 4 min. 


Effect of Applied Pressure: Fig. 5 shows the effect 
applied pressure held for 4 min has upon the maxi- 
mum ultimate tensile strength of Al-Ni couples. 
These experiments were carried out at a series of 
isotherms, specifically, 450°, 500°, 550°, and 600°C. 
Incipient bonding was found to occur at 400°C for 
pressures of 11 and 20 tsi. This is not shown on the 
illustration. 

At 450°C tensile strength is seen to increase rap- 
idly while at 500°C the bonding increases even more 
rapidly, and to much higher values for increased 
applied pressure. At 550°C the increase of tensile 
strength with applied pressure is much more gradual 
than at 500°C, and the curve shows a leveling-off 
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Fig. 6—AI-Ni tensile strength ys time at pressure (11 tsi) for 
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Fig. 7—Effect of temperature on Ni-Al penetration. 


portion. At 600°C the tensile strength starts out at 
a moderately high level and then as the pressure in- 
creases to 23.5 tsi it increases slightly. 

Effect of Time at Pressure: Fig. 6 is a plot of the 
maximum ultimate tensile strength vs time at 11 tsi 
pressure for a number of isotherms, namely, 500°, 
550°, and 600°C. All curves exhibited the same 
tendency, that is they rise, reach a maximum, and 
then decline. It can be seen that maximum strengths 
are developed when the specimen is held at pressure 
for approximately 4 min. It can also be seen that 
once again maximum strengths occur at the 500°C 
isotherm. 

Al-Ni Intermetallic Penetration: Effect of Pressing 
Temperature: Fig. 7 is a plot of the log of the pene- 
tration coefficients into aluminum and into nickel 
vs the reciprocal of the absolute pressing tempera- 
ture. These specimens were reacted at various iso- 
bars, namely, 5, 11, and 20 tsi, all held at pressure 
for 2 min. 

The upper three curves are for Al-Ni penetration 
into aluminum while the lower three are for Al-Ni 


Table |. Penetration Constants for Aluminum-Nickel Couples 
Hot-Pressed at Various Temperatures 


5 Tsi 11 Tsi 20 Tsi 
Penetration Penetration Penetration 
Into Into Into 
Ni Al Ni Al Ni Al 


Activation energy, 
Q, cal/gram-atom 


36,500 32,300 41,000 33,000 26,700 
Po, Sq cm per sec 13.0 4.6 58. 5.3 2.7 batt 
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penetration into nickel. (The top three curves are 
considered more accurate than the bottom three 
since the extents of penetrations were more readily 
measured.) Note that the curves are straight lines. 
This shows the penetration data of Al-Ni inter- 
metallics conform to the equation P = P,e*”’ and in 
turn shows the penetration effect is dependent upon 
the diffusion phenomenon. 

In addition, it is seen that the curves are displaced 
from each other, indicating that the isobar used has 
a definite effect upon the penetration rate. Table I 
is a tabulation of the calculated activation energies 
and P, values for the six curves presented. 

The three top curves of Fig. 7 are approximately 
parallel and the activation energies calculated for 
the three curves are about the same. This fact in- 
dicates that the activation energy for the above 
penetration phenomenon is independent of pressure 
applied while penetration is occurring. 

Fig. 8 is based on previously discussed tensile 
strength data and calculated penetration depths. 
Here the relationship between tensile strength and 
penetration is shown. Both curves are similar in 
general appearance in that they rise rapidly, de- 
cline, and then tend to level off. The greatest 
strength was attained when using 20 tsi although the 
decline in strength for this curve was much more 
rapid than for the 11 tsi isobar curve. In addition, 
the final strength of the level-off period, i.e., for 
greater penetrations, was lower for 20 than for 

Effect of Applied Pressure: Fig. 9 shows a plot 
indicating how the penetration coefficients of Al-Ni 
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Fig. 8—Tensile strength vs penetration into aluminum. 


TRANSACTIONS AIME 


4 
6 
5 
4 
3 
2 _ 
{ ny 
9 
8 
6 
4 
© 
4 12 16 20 


intermetallics into aluminum are affected by pres- 
sure. This was done at various isotherms, namely, 
500°, 550°, 575°, and 600°C. All the curves are ob- 
served to be straight lines with increasing slope as 
the temperature increases. It can be seen that the 
penetration rates decrease as the applied pressure 
is increased and that all the curves tend to approach 
a small range of pressures at “0” penetration rate. 

Actual experiments conducted at 500°C at pres- 
sures close to and above that required for ‘‘0”’ pene- 
tration rate confirmed the finding. That is, no inter- 
metallic formation was observed when sufficiently 
high pressure was used, as indicated in Fig. 10. 
Located on this figure are representative metallo- 
graphic pictures of the bond interface. The dark 
zone disappears between 11 and 20 tsi pressures and 
the light colored zone continues to diminish and 
tends to become discontinuous even at higher pres- 
sures. Finally, at 34 tsi no trace of either alloy zone 
can be seen. Unfortunately, it was not possible to 
make tensile tests at all the investigated points be- 
cause, as the pressure increased, exceptionally se- 
vere extrusion of the aluminum occurred in the 
already deformed die, and tensile bars were not 
readily hot-pressed. However, it should be pointed 
out that, with the disappearance of the dark zone, 
tensile strength rose over three times that obtained 
when both zones were present. 

Metallographic Results: Fig. 11 shows the effect of 
temperature and pressure upon the extent of forma- 
tion of intermetallic Ni-Al zone band widths. Fig. 
1la and b represents the effect of temperature. Both 
specimens were pressed at 5 tsi for 2 min, one at 
550°C, the other at 600°C. The zones for the 600°C 
specimen are much thicker than for the 550°C 
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Fig. 9—AI-Ni into aluminum penetration coefficient ys applied 
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Fig. 1la—Unetched diffusion couple, 550°C, 5 tsi, 2 min. X1500. 
Area reduced approximately 25 pct for reproduction. 


specimen. Fig. 1lb and c shows the effect of pres- 
sure on zone thickness. Both specimens were pressed 
at 600°C for 2 min, Fig. 11b at 5 tsi and c. at 20 tsi. 
The zones of the specimen pressed at 5 tsi are much 
thicker than those of the specimen pressed at 20 tsi. 

In most cases the presence of two distinct inter- 
metallic zones was seen, this for unetcned specimen 
preparation. X-ray diffraction study suggests the 
dark zone, blue-gray, next to the nickel to be the 7 
phase, Ni,Al,. The other zone, next to the aluminum 
and light in color, has been tentatively identified by 
etching techniques as the 6 phase, Al,Ni. 

Practical Application of the Data Obtained: Fig. 12 
is a practical application of the penetration informa- 
tion that was obtained. Here is a plot of the time for 
Ni-Al to penetrate through a given nickel thickness 
vs the pressing temperature at 11 tsi applied pres- 
sure. The lower curve is for nickel 4% mil thick, 
while the upper curve is for nickel 4% mil thick. If a 
4 min pressing time is taken, it can be observed that 
the curve for 1% mil thick nickel is intersected at ap- 
proximately 578°C. This means that a nickel film of 
this thickness would be just completely diffused 
through at approximately 578°C at a pressure of 11 
tsi held for 4 min. A specimen was prepared and 
pressed under these conditions. Metallographic in- 
spection showed that the nickel was just completely 
diffused through, which tends to confirm the data 
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Area reduced approximately 25 pct for reproduction. 


X1500. 


Ha 


Fig. 1l1c—Unetched diffusion couple, 600°C, 20 tsi, 2 min. 
Area reduced approximately 25 pct for reproduction. 


X1500. 


obtained. It can be seen that % mil nickel provides 
a much greater factor of safety as far as being pene- 
trated by the Al-Ni intermetallics that form. In a 
like manner the time to penetrate a given aluminum 
thickness at various temperatures can be predicted. 


Conclusion 


It is possible, by use of the data obtained, to pre- 
dict tensile strength and resultant penetrations for 
Al-Ni couples made by the solid state bonding tech- 
nique used. 

Perhaps the most important findings were those of 
the effect pressure had upon tensile strength and 
penetration rates. The fact that embrittling inter- 
metallics can be prevented from forming by use of 
sufficiently high pressures is of paramount impor- 
tance. It is now conceivable to reconsider the evalu- 
ation of the bonding of various metals which pre- 
viously were rejected because of embrittling inter- 
metallics. 

This work has proved both of academic as well as 
of practical importance. Because of its potential 
meaning, a broad fundamenal program is being put 
into effect. This is being done in order to obtain a 
more basic theoretical understanding of the phe- 
nomenon discovered; i.e., the selective formation of 


alloys by proper pressure application during solid 
state bonding. 
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Effect of Stress on the Creep Rates of Polycrystalline 


Aluminum Alloys Under Constant Structure 


by O. D. Sherby, R. Frenkel, J. Nadeau, and John E. Dorn 


A method is shown for the study of the creep rate dependence of 
metals on the applied stress under the condition of constant struc- 
ture. The method was applied to pure aluminum and to dilute 
solid solution alloys of magnesium, copper, germanium, zinc, and 
silver in aluminum. A linear relationship was found to exist be- 
tween the true stress and the logarithm of the creep rate. 


LTHOUGH extensive creep data are now avail- 

able, the fundamentals of the creep phenomena 
are as yet only vaguely understood. Many attempts 
have been made to formulate theories for creep. 
But their agreement with fact has been disappoint- 
ing. It appears that merely pyramiding more of the 
same type of data that is now available will not pro- 
vide the essential aid toward formulating a better 
understanding of the complicated process of creep. 
Perhaps attempts to construct better models for the 
mechanism of creep might have to be tentatively 
abandoned until new types of definitive creep data 
are uncovered. The question therefore arises re- 
garding what type of data might be needed to pro- 
vide the essential knowledge for formulating better 
and more realistic theories of creep. 

Perhaps one source of the failure to uncover an 
adequate theory arises from the fact that practically 
all theories for creep and nearly all analyses of ex- 
perimental data on creep disregard the well-known 
fact that the structure of metals changes during 
creep. For example, it is customary in evaluating the 
effect of stress on the creep rate to correlate the sec- 
ondary creep rate with the applied stress. But, as 
has been demonstrated recently,’ the structures ob- 
tained during secondary creep tend to exhibit de- 
formation banding at high stresses and polygoniza- 
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tion at the lower stresses. Consequently the stress- 
secondary creep rate relationships found in this way 
are not fundamental, inasmuch as they reveal not 
only the effect of stress but also the effect of differ- 
ences in structure on the secondary creep rates. 

It is the purpose of the study reported here to 
isolate the effect of stress alone on the creep rate 
in an attempt to provide new data for possible form- 
ulation of a better theory of creep. In addition an 
attempt will also be made to ascertain how struc- 
ture, temperature, and alloying might affect the 
stress-creep rate relationship. 

The procedure that was adopted was simple: A 
specimen was precrept at a given engineering stress 
o. (initial engineering stress during creep under 
constant load, namely the load divided by the initial 
area of the specimen) and temperature T to a se- 
lected engineering strain, e (engineering strain, 
namely, the instantaneous gage length minus the 
initial gage length divided by the initial gage 
length), at which time the true stress was reduced 
to some lower value of the true stress, o, (the true 
instantaneous stress, namely, the load divided by the 
instantaneous area). The instantaneous true creep 
rate, ¢, (the true strain rate; with «, the true strain, 
namely, the natural logarithm of the instantaneous 
over the initial gage length) following reduction 
of the true stress to o, was then determined. Sec- 
ond, third, etc., tests were conducted under identical 
conditions except the stress was reduced to yet 
lower values, o», o3, yielding yet lower instantaneous 
creep rates, and Inasmuch as the precreep con- 
ditions were identical in each series of tests, the in- 
stantaneous structures obtained immediately after 
reducing the stress were presumed to be identical. 
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CONSTANT STRUCTURES WERE 
OBTAINED BY PRE -CREEP TO 

| AN ENGINEERING STRAIN OF __| 
€ = 0.25 (€=.223) UNDER AN 
INITIAL STRESS OF 3400 PSI AT 
WHICH POINT THE TRUE STRESS _| 
~~} _ WAS DROPPED TO THE 
VALUES INDICATED. 


€ , TRUE CREEP STRAIN 


3125 €=.000168 /Hr. 
TIME - HOURS 
Fig. 1—Typical creep curves for high purity aluminum showing creep 


rate dependence on the stress under constant structure conditions. 


This would not have been true, however, if the 
stresses were raised above the precreep stress be- 
cause changes in structure would probably be intro- 
duced by the rapid additional straining occurring 
when the stress is raised. 

Although the method is simple, certain factors 
need be considered in order to obtain accurate re- 
sults: 1—It might be suspected that creep recovery 
immediately following the reduction in true stress 
might interfere with accurate evaluation of the in- 
stantaneous creep rate. But preliminary studies 
revealed that the coarse grained aluminum alloys 
investigated here did not exhibit any measurable 
creep recovery for the test conditions involved even 
upon complete removal of the stress. 2—If the 
stresses are reduced too much, long times will be 
required to get accurate creep rates. During such 
intervals of time the structure might differ from the 
instantaneous one generated during the precreep 
treatment. Consequently the range of stresses avail- 
able for investigation are limited to those that give 
easily measurable instantaneous strain rates. 3— 
The major objection to the procedure arises from 
the fact that each point for the stress-creep rate 
relationship is obtained from a new specimen. Con- 
sequently sampling variations, which are known to 
be quite great for creep, are expected. 
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Fig. 2—Effect of true stress on the true creep rate at constant 
structure for high purity aluminum. 
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The solid solution aluminum alloys listed in Table 
I were used in the present investigation. Sheets of 
these alloys were homogenized, cold rolled from 
0.100 to 0.070 in. in thickness and then recrystallized 
to about the same grain size. The creep specimens 
were selected with their tensile axes in the rolling 
direction. All creep tests were conducted under con- 
stant load conditions. The strain was measured to 
+0.0001 and the initial creep stress was measured 
to +20 psi. 

Results 


Effect of Structure on the Stress-Creep Rate Re- 
lationship for Aluminum: A typical example of one 
series of tests on high purity aluminum is shown in 
Fig. 1. Each specimen was precrept under constant 


load to an engineering strain of 25 pct at an initial 


stress of o, = 3400 psi. When an engineering strain 
of 25 pct was reached the load was reduced to give 
new reduced true stresses of 4000 psi, 3750 psi, etc., 
and the instantaneous true creep rates were meas- 
ured as shown in the figure. Although difficulties 
were anticipated in determining the instantaneous 


Table |. Chemical Analyses and Grain Size of Alloys 


Alloy- Grain Size Chemical Analyses, 
ing Diam- Wt Pct Impurities 
Ele- Atomic eter, 
ment Pet Mm Si Fe Cu Mg Mn 
Al (99.987%) 0.21 0.003 0.003 0.006 0.001 
Mg 0.554 0.25 0.003 6.003 0.007 
1.097 0.28 0.004 0.004 0.007 
1.617 0.26 0.003 0.004 0.006 
Co 0.101 0.29 0.003 0.003 0.0006 0.001 
0.232 0.30 0.003 0.004 0.0006 0.001 
Zn 0.755 0.26 0.004 0.005 0.006 0.001 
1.616 0.26 0.003 0.005 0.007 0.001 
Ge 0.082 0.27 0.003 0.005 0.007 0.001 
0.145 0.26 0.003 0.006 0.007 0.001 
Ag 90.100 0.29 0.003 0.005 0.007 0.001 
0.194 0.29 0.003 0.006 0.007 0.001 


creep rate immediately after reducing the stress, all 
of the creep curves exhibited rather good straight 
lines over the initial intervals of creep following 
reduction of the stress. Consequently fairly reliable 
initial creep rates could be obtained for the various 
reduced stresses. Only negligible transient effects 
were noted in these experiments. 

The dependence of the true instantaneous creep 
rate on the true instantaneous stress for the struc- 
ture developed for a strain e of 25 pct at 422°K 
under a stress of «, = 3400 psi is shown by the upper- 
most curve of Fig. 2. These data suggest that for 
this structure 


= [1] 


where K’ is a constant and 1/B is the slope of the 
uppermost curve in Fig. 2. But since the creep rate 
must vanish when the stress is zero, it is possible 
that the stress-creep rate relationship is given by 


é= 5 = K sinh Bo [2] 


-Bo 


since e’ is known to be negligible for the relatively 
high stresses to which this study had to be limited. 
The question now arises as to what effect the 
structural changes that attend creep straining might 
exert on the parameters K and B. The rapidly de- 
celerating creep rate over the primary stage of creep 
suggests that those features of the structure that are 
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Fig. 3—Effect of alloying elements on the parameter 1/B for 
creep. 


most pertinent to creep resistance are changing most 
rapidly in this range. This viewpoint has been con- 
firmed by X-ray and metallographic investigations 
on the structures of metals following creep.” * Con- 
sequently if structure influences the parameters K 
and B this effect should be found over the primary 
range of creep. Therefore additional series of tests 
were made at precreep strains of e = 0.09 and 0.15 
for the same conditions of temperature (422°K) 
and initial stress (o. = 3400 psi) as used previously 
for the tests precrept to e = 0.25. Whereas e = 0.25 
refers to the beginning of tertiary creep, e = 0.15 
refers to the beginning of secondary creep and e = 
0.09 to about the middle of the primary stage of 
creep. As shown by the three upper curves of Fig. 2, 
the slope of the stress vs logarithm of the strain rate 
relationship is independent of the precreep strain 
and therefore of the structure developed during 
creep of annealed aluminum. On the other hand, K 
is found to be structure-sensitive, decreasing with 
increasing precreep strains analogous to the de- 
crease in creep rate with strains for constant true 
stress-constant temperature creep tests. 

In an effort to ascertain whether the precreep 
stress influences B, the stress-creep rate curve was 
obtained following prestrain of e = 0.035 at 2800 psi 
and 422°K as shown by the fourth curve of Fig. 2. 
The first four curves illustrate that B of Eq. 2 is 
practically constant, independent of the various 
structures that are developed over ranges of pre- 
creep conditions. 

The factor B, which has been shown to be inde- 
pendent of structure, might depend on the creep 
temperature. In order to test this point two series of 
tests were conducted at 530°K at precreep stresses 
of c, = 2000 psi. As shown by the two lowest curves 
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of Fig. 2, B also appears to be independent of the test 
temperature. 

Effect of Alloying: The effect of alloying on B was 
evaluated by the procedures previously described 
for pure aluminum for the various alloys identified 
in Table I. The data of Fig. 3 reveal that 1/B in- 
creases almost lnearly with the atomic percentage 
of the solute element. Furthermore those elements 
that were previously shown to have the greatest 
effect on solid solution strengthening at low tem- 
peratures’ also appear to exhibit the greatest effect 
on inhibiting creep insofar as they exhibit the great- 
est value of 1/B. The correlation between the ten- 
sile deformation strength at 5 pct strain at 194°K 
and 1/B for creep is shown in Fig. 4. Perhaps this 
correlation arises from the fact that 1/B as well as 
low temperature solid solution strengthening are 
both dependent on the strain-energy interactions 
and electronic interactions between solute atoms and 
dislocations. 


Discussion 


Most current theories for creep are predicated on 
the hypothesis that creep arises primarily from ther- 
mal activation of dislocations over a free energy 
barrier under the simultaneous action of an applied 
stress." A typical example of the formal develop- 
ment of such models for creep suggests that the 
creep rate € is given by 


2kT 


L3] 


where \ is the displacement of a dislocation per 
activation (assumed to be the lattice spacing in the 
direction of slip); N is the number of active edge 
dislocations per sq cm; k is Boltzmann’s constant; h 
is Planck’s constant; T is the absolute temperature; 
AS is the entropy of activation; AH is the enthalpy 
of activation; A is the projected area of a dislocation 
on the slip plane; and oa is the applied stress. 

Other theories for creep” * are based on the hy- 
pothesis that creep occurs when the localized stress 
over some arbitrary volume V exceeds an assumed 
yield strength o,. At high temperatures thermal 
fluctuations contribute to the local stress. The strain 
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Fig. 4—Correlation between 1/B for the yarious solid solution 
alloys and the flow strength at 194°K. 
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Fig. 5—Constant load creep tests for high purity aluminum.* 


energy that must be supplied by thermal fiuctua- 
tions when the applied stress is o is then 


V, 


2G 


where G is the shear modulus of elasticity. Conse- 
quently the creep rate is thought to be given by 


¥ 


é=constante [4] 


| | | | TEMPERATUR 
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Both of these popular theories for creep demand 
that the stress enter the creep rate relationship as 
stress (or some function of the stress) divided by the 


absolute temperature. 


facts. 


The question arises as to 
whether these theoretical deductions agree with the 


Recent investigations’ have shown that the struc- 
ture developed during high temperature creep under 
a given stress o, depends only on the temperature- 
compensated time 6 = te“*”/"" where t is the actual 
time, AH is the activation energy for creep, R is the 
gas constant, and T is the absolute temperature. Be- 
cause the X-ray, metallographic, and mechanical 
testing techniques used to verify this conclusion 
have already been reported’ they will not be re- 
peated here. Since the structure depends on the 
temperature-compensated time it is not unantici- 
pated that the creep strain was also found to be re- 
lated to 9 in accordance with the equation 


e =f (6, o) [5] 


as shown by the typical example given in Fig. 5. 
Extensive original research as well as reanalyses 
of data in the literature have verified the general 
validity of Eq. 5 for high temperature creep of non- 
precipitation hardening alloy systems.’ The activa- 
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tion energies obtained by these analyses were founda 
to be a fundamental property of the metal, being 
independent of the stress, temperature, grain size, 
structural changes occurring during creep, cold 
work or minor variations in composition. In fact the 
values of AH obtained from extant creep data for 
pure metals were found to equal the activation ener- 
gies for self-diffusion. 

Upon differentiating Eq. 5 with respect to time the 
creep rate is given by 


[6] 


A preliminary check on the validity of Eq. 6 was 
obtained by its evaluation at the secondary stage of 


creep, where 


But according to Eq. 5, or as shown by the data of 
Fig. 5, the value of @, is only a function of the creep 
stress o,. Consequently 


Z = = D(a.) [8] 


where Z is the well-known Zener-Hollomon para- 
meter.” The validity of this relationship is con- 
firmed by the typical example shown in Fig. 6. This 
relationship has also been extensively verified.* 
The evidence contradicting the validity of the 
two popular theories for creep as expressed by Eqs. 
3 and 4 is therefore quite emphatic. The «-@ relation 
and the Z parameter (as revealed by the evidence 
supporting the validity of Eqs. 5 and 8) are not 
functions of stress divided by temperature. Further- 
more, as shown by the data reported here, B of Eq. 2 
is independent of the temperature. The experi- 
mentally verifiable expression for the creep rate can 
now be obtained by combining Eqs. 2 and 6 to give 


[9] 


where AH and B are constants that depend on the 
metal. All effects of structural changes during creep 
are contained in the S parameter. And in view of 
the validity of Eq. 5, S depends on @ and o,. There- 
fore Eq. 9 is not a mechanical equation of state. Each 
new history of creep results in its unique value of S. 

Early in the history of creep Andrade" revealed 
that the creep curve could be considered as the 
superposition of two curves. This fact suggested the 
possible existence of two mechanisms of creep, 
namely quasi-viscous and transient creep. Recent 
investigations by McLean on polycrystalline aggre- 
gates” have shown that grain boundary shearing 
and motion of dislocations account for all of the 
macroscopically measured creep. Consequently sin- 
gle crystals appear to creep by slip alone. Since 
single crystals also exhibit the so-called transient 
and quasi-viscous creep,” “ the postulate that two 
mechanisms for creep exist will have to be aban- 
doned. Apparently the changes in structure that 
attend creep are responsible for the decreasing creep 
rate over the primary stage of creep. 

McLean’s observations that the total creep strain 
of polycrystalline aggregates results from the sum 
of the contributions of dislocation motion and grain 
boundary shearing suggest that the creep rate equa- 
tion should contain two additive terms. But for the 
coarse grained aluminum and the range of stresses 
that was investigated here, grain boundary shearing 
contributes only a few percent to the total creep 
strain.” Therefore the single term relationship given 
by Eq. 9 can yet be valid for the creep of polycrys- 
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talline aggregates over appropriate ranges of grain 
size and stress. Furthermore the activation energy 
for grain boundary relaxation of aluminum is equal 
to that for creep and self-diffusion.” * And recent 
studies” have also shown that the extent of grain 
boundary shearing in polycrystalline aggregates is 
a function of the same @ parameter as obtained for 
the total creep strain. This coincidence of the acti- 
vation energies for slip and grain boundary shearing 
permits the use of single functional terms in Eqs. 5 
and 6 for the total creep strain and the total creep 
rate of polycrystalline aggregates. 

A satisfactorily detailed theory of creep cannot 
yet be formulated until more complete evidence is 
available on the kinds of structures that might influ- 
ence the creep rate and their quantitative effect on 
the parameter S. Nevertheless the fundamentals for 
formulating the major structural units of a satis- 
factory model of creep are now believed to be 
known. The popular models for creep based on 
thermal activation of dislocations over free energy 
barriers might have to be discarded for creep at 
elevated temperatures because they predict that the 
creep rate is a function of stress divided by temper- 
ature, whereas the facts suggest that the creep rate 
is proportional to the hyperbolic sine of a constant 
times the stress. Obviously the free energy of acti- 
vation for the rate-controlling process for creep is 
independent of the stress. Since the AH for creep is 
equal to the activation energy for self-diffusion, the 
rate-controlling mechanism for creep is probably a 
self-diffusion process. 

One possible process for creep” is as follows: 
Under the action of an applied stress a dislocation 
moves up to a barrier which it cannot surmount. 
This barrier might arise from a number of struc- 
tural factors such as grain boundaries, or disloca- 
tions trapped in block boundaries, ete. Both the 
barrier and the stopped dislocation might be modi- 
fied by the diffusion of holes resulting in a decrease 
of their mutual interactions. As this process con- 
tinues the strength of the barrier decreases to the 
value of the applied stress and thereupon releases 
the dislocation which then migrates to the next bar- 
rier. The distance of migration depends on the con- 
centration of barriers which in turn increases with 
creep straining. Consequently the S-term of Eq. 9 
is structure sensitive. Analysis reveals” that the 
B-term of Eq. 9 arises from the distribution of the 
fraction of the barriers having strengths o* to o* + 
do*. In order that B be independent of structure 
the reasonable assumption must be made that the 
distribution of the barrier strengths is independent 
of creep straining and depends only on the type of 
alloy under consideration. This theory also satisfies 
the requirement that the activation energy for creep 
equals that for self-diffusion. 


Conclusions 


1—A method was developed for determining the 
effect of stress on the creep rate of metals at con- 
stant structures. 


2—The equation for the creep rate was found to 


be 
é= Se*””** sinh Bo 


where AH and B are independent of the creep struc- 
ture and S is a parameter that depends on structure. 


3—-The value of 1/B increases almost linearly 
with the atomic percentage of solute atoms. Fur- 
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thermore 1/B is a function of low temperature solid 
solution strengthening. 
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Plasticity of Molybdenum Single Crystals 


At High Temperatures 


by R. Maddin and N. K. Chen 


Singie crystals of molybdenum were ex- 
tended at temperatures from 1300° to 
2500°C. It was found that with increasing 
temperatures, the yield becomes more 
pronounced and the number of slip bands 


for equal 


amounts of elongation de- 


creases. Slip at high temperatures frag- 


ments the structure. 


THER than the investigations on sodium and 

potassium by Andrade and Tsien,’ the re- 
searches of Steijn and Brick’ on a iron single crys- 
tals at low temperatures are about the only 
studies of the influence of temperature on glide of 
body-centered cubic single crystals. The effect of 
test temperature on glide has been rather widely 
investigated with hexagonal crystals’ and less 
widely with face-centered cubic crystals.* As a re- 
sult of these studies it can be said that, in general, 
the onset of plastic flow as measured by the initial 
rate of strain hardening becomes more abrupt with 
increasing temperature, and the value of the yield 
decreases with increasing temperature. Strain 
hardening, however, is markedly affected by 
changes in temperature except at very low and 
very high temperatures where the strain harden- 
ing rate becames constant. 

In the present investigation it is shown that 
temperature affects the glide of molybdenum sin- 
gle crystals in much the same manner as crystals 
of other classes, i.e., for comparable strains the 
number of slip bands decreases with increasing 
temperature; shear along the slip bands increases 
with increasing temperature; the yield becomes 
more pronounced with increasing temperature of 
test; and the strain hardening approaches a con- 
stant at very high temperatures. In addition, it is 
shown that, in agreement with the work of Tsien 
and Chow,’ slip occurs on {110} planes in <111> 
directions. It is further shown that slip at high 
temperatures fragments the structure into either 
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irregular sized cells or bent atomic planes which 
are roughly aligned in crystallographic directions. 


Experimental Procedure 


Single crystals 3 mm in diameter by about 25 mm 
long were prepared using the technique previously 
described.° 

The furnace in which the crystals were grown 
served as the extension apparatus for the tension 
tests. It consisted of a 4 in. water-cooled brass tube 
20 in. long which was continuously evacuated at 
the bottom. Two water-cooled copper electrodes 
held the specimen by means of spherical collets 
secured in place in the electrodes by set screws. 
These electrodes served also to transmit power and 
stress to the specimen. The lower electrode was 
clamped to a stand, while the upper electrode was 
fastened to one side of a lever arm flexibly sup- 
ported at the top through a slightly offset pinion. A 
metal bellows operating elastically was attached to 
the upper electrode to affect a vacuum seal and allow 
freedom of motion. The level of the arm was adjusted 
by rotating a graduated nut. Rotation of the elec- 
trode was prevented by a key fitted into a groove. 
After the specimen was mounted and the vacuum 
secured, the lever arm was adjusted so that the 
bellows was at its relaxed position. This insured 
that the total weight of the specimen, the upper | 
electrode, and the downpull of the vacuum were 
balanced by the horizontal beam. Since the speci- 
men was heated by its own resistance, expansion 
of the specimen proceeded freely by this arrange- 
ment. During the time of heating the specimen, the 
beam was maintained in a horizontal position by 
turning the nut at the top. By graduating the 
lever arm and using a known dead weight on the © 
lever arm to supply a tensile stress, the graduated 
nut could be read to 0.0001 in. extension. Since 
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Fig. 1—Stress-strain curves for crystals extended at 1300°, 1500°, 
1800°, 2000°, 2300°, and 2500°C. 


the assembly acted in conjunction with an exten- 
sion bellows, the absolute stress and strain were 
not known with certainty. However, the compari- 
son of the stress-strain measurements for exten- 
sion of crystals at different temperatures could be 
taken as real since the error introduced through 
the flexible bellows could be taken as constant for 
all crystals investigated. 

The average integrated temperature of the spec- 
imen was measured from the change in its resis- 
tance with temperature based on a previous corre- 


40 
20 ° 
500 70001500. 2000 2808 


TEMPERATURE- °C 


Fig. 2—Plot of the slope of the stress-strain curves do/de ys tem- 
perature. 
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lation.” ® At the desired average temperature, the 
current through and the voltage across the specimen 
were held constant during the extension. It should 
be emphasized that the “average’’ temperature re- 
ferred to herein may vary as much as +200°C. 

Before load was applied, the current through 
and the voltage across the specimen were observed. 
Load was applied only after a constant resistance 
was obtained. All tests were conducted for values 
of elongation of 10 pct or less to avoid necking 
which would produce hot spots in the crystals. 
Since close tolerance was maintained between the 
upper electrode and its housing, a certain amount 
of axiality was assured. Tests in the elastic region 
at 1500°C gave reproducible curves. 

The orientation of the crystals used were deter- 
mined by the back-reflection Laue method and re- 
ferred to a reference scratch at one of the ends of 


Oil 


10l 


Fig. 3—Stereographic projection showing the initial and, in some 
cases, the final orientation of the crystals extended. 


the specimen. The reference scratch was also used 
for later metallographic and X-ray examinations. 


Results 

Stress-Strain: The results of tensile tests at the 
integrated average temperatures 1300°, 1500°, 1800°, 
2000°, 2300°, and 2500°C are shown in Table I and 
Fig. 1. The curves of Fig. 1 are plotted as unresolved 
stress vs strain. The orientation difference factor of 
all the crystals investigated is quite small if resolution 
of the stresses is made on the (101) [111] system. 
(The ratio of the maximum to the minimum resolu- 
tion factor is only 1.08, Fig. 3.) It can be seen (Fig. 1) 
that the yield becomes more pronounced with in- 


Table |. Results of Tensile Tests 


Approximate Stress do 

Speci- Tem- at Yield, _— 
men No perature, °C Kg per Mm2 de (5-7%) 

MR-6 20° ~5 91.2 
Mo-57 1300 1.48 23 
Mo-52 1500 1.08 10 
Mo-570 1800 0.54 5 
Mo-132 2000 0.44 0 
Mo-172 2300 0.36 0 
Mo-159 2500 0.22 0 
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a—1800°C, at a position parallel to the b—1800°C, rotated 7 
reference mark. tion shown in a. 


d—2000°C, rotated 90° clockwise from posi- 


tion shown in c. erence mark. 


0° clockwise from posi- | c—2000°C, at a position 45° from the ref- 


e—2300°C, at a position 22° from the ref- 


erence mark. 


we 


f—2300°C, rotated 168° from _ position 


shown in e. 


Fig. 4—Appearance of slip bands at 1800°, 2000°, and 2300°C. Stress axis is horizontal. X200. Area reduced approximately 50 pct for 


reproduction. 


creasing temperature. The magnitude of the yield 
shows a 22 fold decrease with a temperature change 
of approximately 2500°C. These results can be com- 
pared with data for other metal single crystals shown 
in Table II. The ratio of the flow stress at various 
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fo} 
= 
fo} 
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= 
2 
z 

10 
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Fig. 5—Plot of log of the number of slip bands per centimeter 
vs the log of the temperature. 
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temperatures seems to approach a constant value 
for equal temperature increments. The data in 
Table II relate, for the most part, to the resolved 
shear stress values. For aluminum there may be an 
orientation factor which is not known; for molyb- 
denum, the orientation resolution factor is, again, 
quite small and the ratio of the flow stresses would 
eliminate the need for the resolution. 

The stress necessary to continue glide is mark- 
edly affected by temperature. In column 4, Table I, 
the slope of the stress-strain curves at 4 pct elon- 
gation is listed for the various tensile tests. The 
hardening coefficient (the slope of the stress-strain 
curve at 5 to 7 pct elongation) goes from zero near 
the melting point to about 91.2 kg per sq mm at 20°C. 
This is in agreement with results on other metal 
crystals. For example, the hardening coefficient for 
magnesium changes 400 fold within a temperature 
range of 485°C.’ In the case of hexagonal metal crys- 
tals and one face-centered cubic metal (aluminum), 
the dependence of strain hardening on temperature is 
most marked at intermediate temperatures; the strain 
hardening coefficient becomes approximately con- 
stant near absolute zero and the melting point.® § 
In the present case of molybdenum, this also ap- 
pears to be true, at least at high temperatures, as 
may be seen in Fig. 2 for temperatures from 20°° to 
2500-6; 

Slip Elements: The initial and, in some cases, the | 
final orientation for the specimens investigated are 
shown in Fig. 3. Since the slip elements (the slip 
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d—After deformation at 1500°C. 


Fig. 6—X-ray photograms before and after deformation. 


plane and direction) for molybdenum at high tem- 
peratures were determined by Tsien and Chow’ for 
seven crystals at 1000°C to be (101) [111], further 
emphasis on determination of elements was con- 
sidered unnecessary. However, the slip direction 
was checked in two cases (Mo-57 and Mo-132, Fig. 
3) to be [111] and the slip plane was checked in two 
cases (Mo-172 and Mo-159) to be (101). — 

With increasing temperature, the number of slip 
bands decreases and the shear along glide planes 


Table II.° Relation of Yield Stress with Temperature for 
Different Metals 


Yield, 
Tempera- Gram per Ymax./ 
Metal ture, °C Mm? Ymin. 
—250 
Cd —— 580 3.8 
330 20* 
—250 140* 
Zn 530 4 
280 60* 
—230 
Mg 530 2.5 
300 76* 
0 230* 
Bi — 250 20 
250 100* 
—185 1800 
Al 785 9 
600 200 
20RT ~50009 
Mo 2500 22 
2500 220 


* Resolved shear stress values. 
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b—After deformation at 1300°C. 


e—Before deformation at 2000°C. 
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f—After deformation at 2000°C. 


increases. This is illustrated in Fig. 4 which shows 
the appearance of slip bands at different positions 
around the specimens for tensile tests at 1800°, 2000°, 
and 2300°C for elongations of 7, 5, and 5 pct respec- 
tively. Although there still is present the forking of 
bands characteristic of the slip bands on body-cen- 
tered cubic metals at room temperature, the bands 
are, in general, quite straight. A plot of the log of 
the number of slip bands per centimeter vs the log 
of temperature is shown in Fig. 5. Since the orien- 
tation resolution factor for all specimens is similar, 
no attempt has been made to calculate shear. Never- 
theless, there may be a “shear” factor which might 
affect the results shown in Fig. 5. If this curve is 
assumed to continue along the same line, there 
should be about 100,000 bands per centimeter (or 
0.01 micron apart) at room temperature for a crys- 
tal extended a comparable amount, i.e., 5 to 7 pct. 
It has been shown previously® that slip markings at 
room temperature appear as striae which cannot be 
resolved with the light microscope. Consequently, 
the spacing between slip bands at room temperature 
cannot be measured in order to check the value of 
100,000 bands per centimeter at 5 pct elongation. 
X-Ray: The X-ray reflections before and after 
deformation are shown in Fig. 6 for crystals ex- 
tended at 1300°, 1500°, and 2000°C. It is apparent 
that the deformation at elevated temperatures frag- 
ments the structure. This becomes more apparent 
from the Laue photograms in Fig. 7 which were 
taken at different positions around the specimen 
axis of Mo-57 extended at 1300°C. Careful examin- 
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mark. 


d-—Rotated 120° clockwise from reference 
mark. mark. 


b—Rotated 60° clockwise from reference 


e—Rotated 150° clockwise from reference 


* 
hey” } 


c—Rotated 90° clockwise from reference 
mark. 


f—Rotated 180° clockwise from reference 
mark. 


Fig. 7—X-ray photograms at different positions around the specimen axis of M-57 extended at 1300°C. 


ation of the photograms indicates that there is a 
crystallographic order to this fragmentation since 
the spots are aligned in certain positions. 


Summary 


In the extension of molybdenum single crystals at 
high temperatures, it has been found that: 

1—The number of slip bands at approximately 
equal amounts of elongation decreases with increas- 
ing temperature and the shear along the bands in- 
creases with increasing temperature. 

2—The yield becomes more pronounced with in- 
creasing temperature of the tensile test. The strain 
hardening coefficient is greatly affected by tempera- 
tures up to about 2000°C; above this temperature 
it approaches zero. 

3—Slip occurs on {110} plane in <111> direc- 
tions. 

4—-Slip at high temperatures fragments the struc- 
ture; however it is difficult to determine whether the 
fragmentation results from the formation of irregu- 
larly sized cells or polygonized bent atomic planes or 
both. 
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A Study of the Effect of Carbon Content on the Structure 


And Properties of Sintered WC-Co Alloys 


by Joseph Gurland 


The effects of variations of carbon content on the constitution 
and properties of sintered WC-Co alloys were studied. The grain 
growth of tungsten carbide during sintering was measured and it 
was shown that it takes place mainly by solution and reprecipitation 
of the carbide in and from the binder at the sintering temperature. 
It was found that the decomposition of W:Co3C by carburization 
during sintering is responsible for the formation of very large grains. 


HE properties of sintered WC-Co alloys are crit- 

ically dependent upon their final composition and 
structure. Slight changes of cobalt and carbon con- 
tents and small variations of grain size result in 
marked changes of mechanical properties and per- 
formance of products. Previous investigators have 
studied the microstructure as a function of composi- 
tion* and have dealt with the influence of cobalt 
upon properties.” The present work is concerned 
with the effect of carbon content upon constitution, 
microstructure, and grain growth during sintering, 


as well as upon the physical properties of sintered 


compacts. 


Phase Boundaries at the Sintering Temperature 


The WC-Co section through the ternary diagram 
W-Co-C has been studied by Wyman and Kelley,* 
Takeda,® Sandford and Trent,* and Rautala and 
Norton.’? Two phases, namely WC and a cobalt-rich 
solid solution (8), appear in the sintered structure 
if the carbon composition corresponds very nearly 
to the theoretical carbon content of WC (6.12 pct C). 
But small deviations from the ideal carbon content 
will bring about the occurrence of either graphite 
or the double carbide W,;Co;C (7). The 7 phase was 
long believed to be metastable, this conclusion being 
based mainly on the work of Takeda. More recent 
studies have shown that it is a stable phase of the 
ternary system,” ° but the actual phase boundaries 
have not been established and there has been some 
discussion as to whether or not the 7 phase occurs 
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Table |. Impurities in Sintered WC-Co Alloy 


Fe — 0.20 pct Ti — 0.007 pct 
Mo — 0.023 pct Si — Trace 
S — 0.013 pct Sn — Trace 


Ta — 0.01 pct 


at some stage of sintering in the fully carburized 
alloys.’ In view of this uncertainty it was thought 
advisable to undertake an investigation of the phases 
present during the sintering of WC-Co alloys. 

Commercially available tungsten, cobalt, and car- 
bon powders were used in the present study. A 
typical analysis of impurities in a sintered compact 
is reported in Table I. The desired carbon composi- 
tions were attained by varying the amount of carbon 
added to the tungsten during carburization and con- 
trolling the composition during sintering by packing 
the compacts into beds of mixed alundum-carbon 
powders of suitably selected ratios. The alloys were 
sintered in a hydrogen tube furnace at 1400°C, then 
brought to equilibrium at the temperature under 
investigation and quenched in water. The high tem- 
perature phases were identified by metallographic 
and X-ray diffraction techniques. The samples were 
etched with a 10 pct solution of alkaline potassium 
ferricyanide. 

The phase boundaries, established by metallo- 
graphic examination, are shown in Fig. 1, which is 
a vertical section through the ternary diagram at 
16 pct Co. The temperatures of the invariant planes 
at 1298° and 1357°C were established by Rautala and 
Norton. The vertical section shows that the three- 
phase field, WC + 7» + L, extends into the two-phase 
field, WC + L, but does not include the stoichiometric 
composition of WC. In practice this means that the 7 
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Fig. 1—Vertical section through ternary diagram W-Co-C at 16 pct 
Co. 


phase will form during sintering, and will be present 
at room temperature if the tungsten carbide contains 
less than 6.00 pet C. If the carbon content of WC 
is between 6.00 and 6.06 pct, the » phase will occur 
in the equilibrium structure within a narrow tem- 


Fig. 2—84 pct WC-16 pct Co alloy. 6.04 
pct C in WC. Slowly cooled from 1370°C. 
X1500. 


esult of 
carburizing a sintered alloy (84 pct WC- 
16 pet Co). X1500. 
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Fig. 3—Same alloy as Fig. 2. Quenched 
from 1370°C. X1500. 


perature range and can be maintained at room tem- 
perature only by rapid cooling. Figs. 2 and 3 illus- 
trate the difference in the appearance of the micro- 
structure of two samples of 6.04 pct C cooled at 
different rates from 1370°C. The black 7» phase ap- 
pears in the quenched specimen but not in the slowly 
cooled sample. If higher sintering temperatures are 
used, the » phase will precipitate during cooling 
through the critical temperature range and will de- 
compose at lower temperatures if the cooling rate is 
slow enough. If, however, the sample is quenched 
from the critical temperature range, the double car- 
bide will appear as a dark network around the car- 
bide grains (Fig. 4). 


Microstructure and Properties 


Metallographic examination of slowly cooled sam- 
ples indicates that in practice the composition range 
which will produce normal two-phase alloys of WC 
and Co at room temperature extends from 6.00 to 
6.10 pet C in WC. Graphite or W,Co,C will appear 
in the microstructure if the carbon content falls out- 
side this range. The microstructures of Figs. 5 and 6 
are a result of carburizing and decarburizing a 
normal sample by a similar amount, as measured by 
the change of carbon content in weight percent. The 
initial carbon content of WC in the alloy was 6.08 
pet; one sample was carburized to 6.40 pct (Fig. 5); 
the other was decarburized to 5.72 pect C in WC (Fig. 
6). Whereas the particles of graphite are small and 
well dispersed, the double carbide is concentrated in 
patches and displaces a considerable area of the 
binder phase. On continued decarburization at high 


Fig. 4—Same alloy as Fig. 2. Slowly cooled 
from 1540°C and quenched from 1370°C. 
X1500. 


Fig. 6—W,.Co,C formed as a 
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decarburizing a sintered alloy (84 pct X125. 
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temperatures, the 7 phase tends to grow into large 
regular grains such as shown in Fig. 7. 

The effect of carbon content on the strength and 
hardness of an alloy of 84 pct WC-16 pct Co is 
plotted in Fig. 8. Graphite moderately decreases the 
strength and hardness. The double carbide brings 
about a drastic reduction of transverse strength. The 
hardness is reported as Rockwell A (60 kg load). 
The transverse rupture strength was determined by 
loading at the center of a 9/16 in. span. Each point 
represents the average of at least three measure- 
ments. 


Grain Growth 


The grain size of the tungsten carbide constituent 
of sintered alloys is controlled in practice by the 
adjustment of a number of process variables extend- 
ing back to the ore,° but it is finally determined by 
the extent of grain growth taking place during the 
sintering operation. Three mechanisms have been 
proposed for the increase of grain size during sinter- 
ing: 1—solution and reprecipitation of tungsten car- 
bide in and from the binder during the heating and 
cooling cycle,*® 2-—transfer of carbide from small to 
large grains by diffusion through the liquid binder 
at the sintering temperature,’ and 3—coalescence of 
adjacent tungsten carbide grains.” 

The last theory was first advanced to account for 
the occasional appearance of very large grains in 
localized areas of the microstructure. 

In order to distinguish among these possibilities, 
a brief quantitative survey of grain growth during 
sintering was undertaken. The grain size of the sin- 
tered compacts was determined by a method of 
linear and planar sampling derived independently 
by a number of workers, among them F. N. Rhines, 
from whom the method was first obtained.* The un- 
derlying principles have been discussed by Smith 
and Guttman.’ Both the number of dispersed grains 
per unit volume and their total surface area are 
derived from linear and planar grain counts on a 
metallographically prepared surface by the follow- 
ing relations: 


[1] 
S = 4N,r [2] 


where N, is the number of grains in a volume 7”; 
N, is the number of grains along a line of length 7; 
N, is the number of grains within an area r?; and 
S is the total surface area of grains in volume 7”. 
An average diameter was calculated, assuming 
spherical grains. The last requirement is, of course, 
not satisfied by the angular tungsten carbide grains, 
but it was assumed that the error introduced by the 
shape factor is smaller than the reproducibility of 
the method, which is + 5 pct. Approximately 1000 
grains were counted on one field, at X1500, for each 
sample. The particle size of tungsten carbide pow- 
der was obtained by the same method from copper- 
infiltrated compacts or from powders mounted in 
bakelite. These measurements agreed, within 10 pct, 
with results from permeability measurements 
(Fisher Sub-Sieve Sizer) on the same powders. 
For the purpose of evaluating the change of par- 
ticle size distribution with sintering time, the grains 
on the polished surface of sintered compacts were 
classified into size ranges according to their largest 
visible dimension. This information was converted 
to particle size distribution by the statistical treat- 
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Fig. 8—Effect of carbon content of WC on strength and hardness 
of 84 pct WC-16 pct Co alloy. 


ment of Scheil.” The distribution is reported on the 
basis of frequency. 

1—Grain Growth in Two-Phase Alloys of Normal 
Carbon Content: The grain growth of normal WC- 
Co alloys was determined for a number of composi- 
tions, sintering temperatures, and sintering times. 
The effects of cobalt composition and temperature 
on final grain size are shown in Fig. 9. The effects 
of sintering time and initial particle size on final grain 
size are presented in Fig. 10. The grain growth was 
also found to be a function of the initial particle size 
distribution of the powder, as illustrated in Table II. 
The change of grain size distribution with sintering 
times is shown by the curves of Fig. 11. 

On prolonged sintering, the tungsten carbide 
grains take on characteristic angular shapes. A plot 
of the frequency of angular measurements on the 
polished surface vs the angle (Fig. 12) has a decided 
maximum at 90°, indicating that the grains tend 
toward rectangular shapes. The major fraction of 
the measured values on the polished surface is as- 
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Fig. 9—Grain growth during sintering (1 hr at temperature). 
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Fig. 10 —Grain growth at 
1400°C of 84 pct WC-16 
pct Co alloys from fine and 
coarse WC powders. 
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Fig. 11—Change of grain size distribution with sintering time at 
1400°C. 


sumed to correspond to the preferred range of the 
actual grain angles.” Approximately 1000 carbide 
grains were measured after sintering 100 hr at 
1400°C. 

2—Effect of Carbon Content on Grain Growth: 
The rate of grain growth increases with the carbon 
content of the alloys Three batches of tungsten car- 
bide of 5.84, 6.04, and 6.14 pct C were mixed with 
16 pct Co and sintered at 1400°C. The carbide pow- 
ders were all initially of the same average diameter 
(1.33 micron). The grain size during sintering in- 
creased as shown in Fig. 13. 


Table Il. Effect of Particle Size Distribution of WC Powder on 
Grain Growth During Sintering (1 Hr at 1400°C) 


Average Par- Particle Size Distribution* Average Grain 


ticle Diameter, by Weight, Microns, Before Diameter 
Microns, Be- Sintering After Sin- 
fore Sintering 0-1 1-3 3-10 tering, Microns 
2.5 42 49 9 2.4 
2.4 44 47 9 2.7 
2.4 30 54 16 3.3 
2.5 31 54 15 3.1 


* Particle size distribution of carbide powder determined by sedi- 
mentation technique. 
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3—Effect of a Change of Carbon Composition 
During Sintering: An increase of carbon content 
during sintering of a sample of normal composition 
also results in a larger grain size. For example, 
three compacts of normal carbon content, and 2.5 
microns initial particle size, were sintered under 
carburizing, neutral, and decarburizing conditions. 
The grain sizes, after 8 hr sintering, were respec- 
tively 3.9, 3.7, and 2.8 microns. After these sinter- 
ing treatments, the carburized sample had increased 
in carbon composition from 6.08 to 6.58 pet, whereas 
the decarburized sample had a final carbon content 

A distinct effect was noticed when the alloy was 
initially deficient in carbon but carburized during 
sintering. Such conditions lead to the appearance of 
scattered large grains superimposed upon a more 
uniform and smaller grain structure. An extreme 
example of this effect is shown in Fig. 14, which il- 
lustrates the large grains formed by sintering a 
carbon-deficient alloy for 100 hr at 1400°, during 
which time the carbon content of the tungsten car- 
bide increased from 6.03 to 6.30 pet. That this effect 
is dependent upon the rate of carburization is shown 
in Figs. 15 to 19. The carbon diffusion gradient from 
the surface to the interior of the compacts was va- 
ried by adjusting the composition of the packing 
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Fig. 12—Distribution of WC grain angles after 100 hr at 1400°C. 
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material. The number and size of the large grains 
increase with the carbon content of the packing 
material until the nonuniform grain growth is most 
pronounced with a 50 pct alundum-50 pct carbon 
mixture. Greater percentages of carbon bring about 
a reduction in the extent of nonuniform grain 
growth. The micrographs of Figs. 15 to 19 show in- 
creasing amounts of graphitic carbon as the carbon 
concentration in the packing material is raised. This 
nonuniform grain growth was only observed if the 
alloy composition was initially within the ternary 
field, WC + » + L. The large grains were not pro- 


duced by carburizing an alloy of normal carbon 
content 


Discussion of Results 

Although the 7 phase will not appear in fully car- 
burized alloys, the location of the phase boundaries 
accounts for the decomposition of » on cooling ob- 
served by Takeda, if it is assumed that his composi- 
tions were slightly carbon deficient. 

In agreement with industrial practice, it was 
found that the best properties are produced if the 
carbon content is as near as possible to that corre- 
sponding to a fully carburized WC. Even small 
deviations from the optimum carbon content strong- 
ly affect the physical properties because of the pres- 
ence of undesirable phases in the microstructure. 
The effect of the double carbide W,Co,C is much 
more marked than that of graphite. The particles 
of graphite are small and relatively isolated, but a 
deficiency of carbon brings about the precipitation 


Fig. 
100 hr sintering. X600. 
at 1400°C. 
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Fig. 13—Grain growth as a function of carbon content. 


of W and Co as W;Co,C, which not only reduces the 
effective contribution of WC to the strength, but also 
embrittles the structure by replacing the binder 
with a brittle skeleton of 7. The hardness of the 
double carbide is intermediate between that of WC 
and binder, it increases the hardness of the alloy 
only if it is present in small amounts and is well 


dispersed. 
& 


Fig. 15—84 pct WC-16 pct Co alloy of Fig. 16—Same alloy and sintering condi- 


initially 5.84 pct C in WC. Sintered 3 hr 
Packing material: 90 pct 


tions as Fig. 15. Packing material: 75 
pct alundum-25 pct C. X1500. 


alundum-10 pct C. X1500. 
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Fig. 17—Same alloy and sintering condi- 
tions as Fig. 15. Packing material: 50 
pet alundum-50 pct C. X1500. 


tions as Fig. 15. 
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Fig. 18—Same alloy and sintering condi- 


Packing material: 25 
pet alundum-75 pct C. X1500. 


Fig. 19—Same alloy and sintering condi- 


tions as Fig. 15. Packing material: 10 
pet alundum-90 pct C. X1500. 
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The grain size of tungsten carbide increases with 
sintering time, although the rate of increase slows 
down after prolonged sintering periods. The in- 
crease of average grain size on short time sintering 
(10 min) is so small that it falls within the experi- 
mental error (0.2 micron). The major part of the 
grain growth during sintering must therefore take 
place at the sintering temperature and not during 
the heating and cooling cycles. The increase of grain 
size as a result of solution of WC in the binder on 
heating, followed by subsequent precipitation on 
cooling, is estimated to be less than 0.1 micron for 
grains of 2.0 microns average diameter in an alloy 
of 84 pct WC-16 pct Co. This assumes that the car- 
bide dissolves only from the smallest grain fraction 
and that precipitation occurs only on the largest 
grains. 

The grain growth at temperature takes place 
mainly through the disappearance of the fine grains 
and the increase in number and size of the large 
ones. This process is accelerated by higher tempera- 
tures, greater binder contents, and smaller grain 
size. It is also influenced by the original particle size 
distribution of the powder, the most nonuniform 
powders showing the greatest increase of average 
grain size during sintering. With increased sintering 
times, the carbide grains tend to form rectangular 
parallelopipeds. The interfacial energy between 
tungsten carbide and binder is expected to be a 
function of surface orientation since hexagonal crys- 
tals are strongly anisotropic and certain crystallo- 
graphic planes may be favored to form the grain 
surfaces. In the case of tungsten carbide, grain 
growth results in a decrease of interfacial energy 
not only by reduction of interfacial area, but also 
by the formation of low energy habit planes at the 
liquid-solid boundary. 

In general, the rate of grain growth increases with 
carbon content. The smaller grain size of low car- 
bon compositions may be caused by a reduction of 
the amount of liquid binder, which accompanies the 
formation of the double carbide, W;Co,C. But the 
phase may also act as a grain growth inhibitor, es- 
pecially since it forms preferentially at the carbide- 
binder interface. 

The nonuniform grain growth seems to be defi- 
nitely associated with the elimination of the 7 phase 
by carburization. The growth of the large grains 
may be visualized by assuming that the reaction 


W,Co,C + 2C > 3WC + 3Co 


takes place at a few preferred locations in the 
microstructure, where the WC grains will start to 
grow preferentially at the expense of the disappear- 
ing double carbide. About 15 pct of the WC present 
takes part in the formation and decomposition of the 
double carbide in the alloy composition under dis- 
cussion. The process is favored by a slow rate of 
carburization because the deposition of WC will oc- 
cur in place if the composition changes drastically. 

It is probable that the mechanism demonstrated 
above is not the only one which can bring about the 
formation of large grains. Other factors, such .as 
impurities, trace elements, and temperature varia- 
tions, may locally alter the liquid-solid interfacial 
equilibrium and result in nonuniform grain growth. 
Sometimes two or more grains show extensive areas 
of contact. Such grain boundaries must be of low 
interfacial energy so as not to be dissolved by the 
binder. This suggests that the crystallographic 
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orientation of the adjacent grains are related by 
having nearly parallel or twinned orientations. Such 
relations have been observed with inorganic crystals 
and are brought about by either coalescence of 
existing grains of parallel or twinned orientations” 
or by the growth of crystals of twinned orientation 
from a common seed.” Unfortunately, the tungsten 
carbide grains are so small that orientation meas- 
urements on individual grains by X-rays are not 
possible. 
Summary 


1—A re-examination of the phase diagram in the 
sintering range indicates that the double carbide 
appears as a stable phase, in a narrow temperature 
range, during the sintering of slightly carbon-de- 
ficient WC-Co alloys. 

2—The carbon content of WC-Co alloys very 
strongly influences the properties of sintered com- 
pacts. A deficiency of carbon will affect the prop- 
erties much more drastically than an excess of 
carbon because of the formation of the double car- 
bide W.Co.,C. The 7 carbide reduces the strength by 
displacing the binder from the sintered structure. 


3—The grain size of WC in the sintered structure 
increases with sintering time, sintering temperature, 
amount of binder, carbon content, and inhomo- 
geneity of particle size distribution. The rate of 
grain growth decreases with larger initial grain size 
of the carbide powder. 


4—The major part of grain growth takes place 
isothermally and is characterized by the disappear- 
ance of the smallest grains of WC and the increase 
in number and size of the largest ones. 


5—Carburization of a carbon-deficient alloy dur- 
ing sintering results in nonuniform grain growth. 
This is associated with the disappearance of the 7 
phase. 
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Orientation Relationships in Cast Germanium 


by W. C. Ellis and Jacqueline Fageant 


All major regions in a progressively solidified germanium ingot 
were related through successive orders of octahedral twinning. The 
occurrence of lineage structure and the generation and survival of 


orientations are discussed. 


HEN metals solidify in a temperature gradient 

a preferred orientation, or casting texture, 
usually develops. For example, in face-centered and 
body-centered cubic metals, most of the solidifying 
crystals have a cube axis, <100>, aligned approxi- 
mately in the freezing direction.’ In the solidifica- 
tion of diamond cubic metals this is not the case, 
since there is a natural tendency to form twin orien- 
tations.” ° In this paper, twinning relationships in 
cast germanium are described; some conclusions 
with respect to nucleation and survival of new ori- 
entations are discussed. 

In the first experiment, an ingot of high purity 
germanium, %4 in. in diameter and 1% in. in length, 
was formed by progressive solidification® from the 
bottom. The ingot was cut into 21 slices, each cir- 
cular and about 0.030 in. thick. The top surface of 
each slice was polished and etched to reveal the 
regions of different orientations. Orientations were 
determined by the Laue X-ray back-reflection 
method. The uncertainty in the determined orienta- 
tion relationships was 1° or 2° when separate slices 
and films were involved. Frequently, however, ad- 
vantage was taken of illuminating across a bound- 
ary when the patterns of the two orientations were 
recorded on the same film. The uncertainty then 
was less than 1°. Often the twin relation was evi- 
dent from common zones or individual reflections. 
Twin relationships were recognized through com- 
parison of the values of the nine angles between 
cube poles of the two orientations with those cal- 
culated for successive orders of octahedral twinning. 

The birth and survival of each region can be re- 
constructed by visual examination of the etched 
slices shown in Fig. 1. In slice 21, where solidifica- 
tion began, many regions are present; these regions 
were found to be twin-related. Solidification ap- 
pears to have started from one nucleus formed prob- 
ably at the wall of the crucible.* Subsequent ori- 


* The assumption is made that the observed twinning occurred 
during the solidification process rather than by subsequent trans- 
formation or recrystallization in the solid. There is substantial evi- 
dence in support of this assumption. Structural transformations have 
not been reported in solid germanium. E. S. Greiner in unpublished 
work has not found evidence, in careful thermal analyses, of 
transformations in the solid near to the melting point and for 
temperatures down to 500°C. Long annealing near the melting 
point by E. S. Greiner and these authors has not induced recrys- 
tallization in plastically deformed germanium other than that 
which may be described as polygonization. There remains a possi- 
bility that the twinning occurred in the cooling solid; but the dis- 
cussion of nucleation and survival given applies substantially to this 


case as well. 


entations were developed by nucleation on existing 
solid surfaces, and only in the twin relationship. 
This is an example of a general process of nucleation 
on a surface of existing solid and may be descrip- 
tively termed oriented nucleation.; In germanium, 


7 The term, oriented nucleation, has been used in connection 
with recrystallization® where the nucleus of a new orientation bears 
a unique relationship to a prior orientation. 


and other diamond cubic substances, the orienting 
habit is that of twinning on an octahedral plane.” * 

The prevalence of straight traces in the polished 
surfaces of succeeding slices (Fig. 1) suggests that 
the twinning observed in the first slice persisted 
throughout solidification. This was confirmed by 
X-ray determinations. The schematic diagram of 
Fig. 2 shows the twinning relationships of the major 
regions throughout the ingot. Since all observed 
relationships are describable as twinning, it is rea- 
sonable to conclude that no random nucleation oc- 
curred in the freezing of the ingot. An alternative 
possibility would be that nucleation of a random na- 
ture occurred, but only those nuclei in twin orienta- 
tions survived in subsequent growth. This is unlikely 
for there would be as good a reason for the growth 
of randomly oriented nuclei as for the growth of the 
many different orientations present after several 
orders of twinning. The many twin components 
contain a wide distribution of orientations, and did 
grow. In fact, they are the only ones found in the 
solid. 

The conditions of solidification of this ingot were 
such as to discourage nucleation of crystals wholly 
in the liquid. The rate of solidification was 0.125 in. 
per min. This slow rate of heat removal afforded but 
small opportunity for supercooling within the liquid 
—a condition needed to provide enough decrease in 
free energy for such nucleation. 

When nucleation occurs on an existing solid sur- 
face, the interfacial energy between the existing 
and forming regions is important in determining the 
new stable orientation. The new orientation is ex- 
pected to be one which minimizes this energy. In 
the diamond cubic structure, the interface for the 
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Fig. 1—Etched slices cut from a progressively frozen germanium ingot. Freezing began with slice 21. 


twinned orientation is one of low energy.” A new 
layer of atoms on a {111} face sees little energetic 
difference between positions continuing the existing 
orientation and those initiating a twin relationship. 

The interesting features of survival shown in Figs. 
1 and 2 can be understood when the conditions of 
freezing and the orientations of adjacent regions are 
taken into account. Theuerer and Scaff' have shown 
by electrical measurements and by decanting a 
crucible containing a partially solidified ingot (frozen 
in the same thermal conditions as the ingot in this 
study) that the solid-liquid interface at the begin- 
ning of freezing is sharply concave upward. The 
growth direction, as inferred from the columnar 
structure shown by them, is normal to the freezing 
interface. In the present experiment, then, solidi- 
fication originating near the periphery of the crucible 
proceeded rapidly toward the axis of the ingot, 
while the growth of material originating on the 
axis lagged that of the converging array. This fol- 
lows from examination of the series of slices in Fig. 
1. Orientations with axially directed growth failed 
to survive; the peripheral array converged at the 
ingot axis. The convergence was complete at about 
slice 10 when half of the ingot had solidified. To 
summarize, two of the conditions determining sur- 
vival are the shape and the symmetry of the iso- 
thermal surfaces in the freezing system. 

A third important condition in determining sur- 
vival is simply that once a twin composition plane is 
formed, it is preserved as further solid is added from 
the liquid. In Figs. 1 and 2 freezing progressed from 
slice 13 to slice 7, the twin boundary between B and 
G persisted, but moved toward the top of the pic- 
ture in each succeeding slice until it disappeared in 
slice 7. The reason for the final disappearance of 
the twin plane lies in its orientation with respect 
to the ingot axis. The plane, viewed along the 
axis in the growth direction, is inclined by 22° 
away from the axis and toward a 12 o’clock position 
(when the ingot slice is considered a clock face). 
This information comes from the stereographic pro- 
jections (not shown) for the orientations of B and 
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G. With these orientations the interface simply 
grew out of the ingot. The twinning composition 
plane was preserved without lateral shift. This 
preservation is further supported by the constant 
width of thin twin components during the progress 
of solidification to be observed in Fig. 1. It can be 
generalized that twin interfaces once formed, do not 
shift laterallyt and only disappear by growing out 


t The preservation of the twin interface has been observed by 
Burke’ in grain growth of q@ brass. 


of the ingot, or by interference with other growing 
regions due to the convergence at the axis discussed 
earlier. 

The preservation of interfaces was not limited to 
first-order twins: mirror planes that are physical 
junctures between higher order twinned regions are 
present in slices 9 and 7. The juncture plane be- 
tween third-order twins P and D was preserved in 
these slices and disappeared in slice 6 as shown in 
Figs. 1 and 2. The evidence that this juncture is 
planar is the persistence of straight traces of the 
interface on successive ingot slices. The indices are 
(525) and since the plane is inclined 22° toward 
9:30 o’clock, D grew at the expense of P. 

Interfaces between high-order twins contain a 
large proportion of atoms common to the lattices 
of the adjacent regions.’ It is suggested that they are 
of low energy as is the twin composition plane, and 
the crystal finds an inadequate motivation for a 
lateral shift or a disappearance of such an interface. 
To do other than continue the mirror interface 
would require the creation of new surfaces at a 
greater cost in energy. A consequence of the pres- 
ervation of a twin interface or juncture is the se- 
lection of one of the bounding regions to survive in 
progressive freezing of an ingot. If the interface of 
low energy is parallel to the ingot axis, both re- 
gions survive. 

Although no casting texture was observed in the 
sense of a preferred crystal direction aligned along 
the freezing axis, there is at least one direction of 
low Miller indices common to the observed several 
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Fig. 2—Twin relationships in an ingot of germanium. 


orders of twinning. For example, regions V, H, G, 
B, and D in slice 6 (Fig. 2) make up most of the 
section and have a common<113> crystallographic 
direction. The direction <113> is inclined about 
45° away from the ingot axis toward 8 o’clock. No 
Significance has been attached to this common 
direction. 

New regions with orientations but 1° or 2° dif- 
ferent from that of the parent region may form. The 
resulting lineage structure’ is illustrated in Fig. 1. 
Region B was reasonably perfect at slice 12. At 
slice 11, however, a new orientation differing only 
2° from B developed near the center. Upon further 
solidification, region B developed many additional 
small volumes of slightly differing orientations 
until it was replaced by orientation V growing in 
from the side. It is reasonable to conclude that the 
development of lineage retarded the growth of 
region B to permit region V and its twin H to take 
over in further solidification. The V-H region 
stopped growing laterally when it reached the 
more perfect part of crystal B. This portion still 
exists in slices 5 and 4 and presumably disappeared 
only because the ingot began to crown, reducing 
its cross section. 

The nucleation of the lineage orientations is 
obscure: the orientation relationships among the 
regions in this and other cases, can be described 
by rotations but not always about an axis of small 
rational indices. Rotations have been observed 
about <110>, <112>, <113>, and also about an 
axis normal to the solidification interface. Teght- 
soonian and Chalmers” have reported such struc- 
tures in the solidification of tin and have offered 
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an explanation in terms of the collection of vacan- 
cies to form dislocations. No final conclusions with 
respect to germanium can be drawn from the evi- 
dence thus far found. 

A second experiment was performed in which an 
ingot was prepared by progressive solidification in 
a crucible designed to cause freezing, and therefore 
initial nucleation, in two physically separated loca- 
tions. This was accomplished by providing the 
crucible cavity with two cylindrical extensions in 
its bottom so as to produce the ingot with legs 
shown in Fig. 3. Freezing proceeded from the bot- 
tom to the top, as in the first ingot, so that solid was 
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Fig. 3—Orientation relationships in an ingot in which nucleation 
occurred simultaneously in the two legs. Approximately full size. 
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nucleated nearly simultaneously in each leg before 
a bridge of solid formed in the main cavity. 

The etching of the ingot revealed an irregular 
trace, labeled T, extending from the bottom of the 
larger section of the ingot to the last point to freeze 
at the top. A similar trace was found on the op- 
posite side of the ingot. This suggests that the re- 
gions separated by the interface are not twin- 
related, and that the interface is the juncture of 
two main regions, each nucleated in one of the two 
legs. Further evidence was obtained by X-ray dif- 
fraction. The orientations of the etch-delineated 
regions were determined beginning at the base of 
each leg where freezing started. The _ specific 
locations and corresponding orientation relation- 
ships are depicted in Fig. 3. Twin-related domains 
exist throughout each leg and into the main ingot 
up to the irregular interface. Across this inter- 
face in two locations, (A to B) and (A to F), the 
orientation difference is not that of twin-related 
regions within four orders. Since this ingot is 
structurally simple with large regions of single 
orientation and but few orders of twinning, the 
finding further suggests that the two main regions 
are not twin-related. 

Summary 

All major regions in a progressively solidified 
ingot of germanium were related through succes- 
sive orders of octahedral twinning. It is suggested 
that the entire ingot grew from one nucleus formed 
in initial freezing; all subsequent orientations orig- 
inated through nucleation on the surface of exist- 
ing solid. The new orientations are either twin- 
related or differ from a parent by only small angles 
of 1° to 2° or less. This special type of oriented 
nucleation does not lead to a casting texture. 


In the growth of the ingot, survival of orienta- 
tions was conditioned in part by the shape and 
symmetry of the solid-liquid interface. Twin com- 
position planes and mirror composition planes of 
higher orders of twinning were preserved. This 
was another important factor in determining sur- 
vival. 
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Redistribution of Solutes by Formation and Solidification 
Of a Molten Zone 


by W. G. Pfann 


Formation and slow solidification of a molten zone in a homo- 
geneous ingot produces a discontinuity in solute concentration at 
the boundary of the zone and a gradient of concentration within 
the zone. By using two solutes, one a donor, the other an acceptor, 
step or graded pn barriers can be produced. 


XPLOITATION of the difference in concentra- 

tion between a molten solution and the solid 
which freezes from it is continued in this paper. The 
normal segregation which results from this differ- 
ence has been used for purification’ * and for pn 
barrier-formation in semiconductors.” * By means of 
traveling molten zones this difference has been used 
to effect multistage separations and to eliminate 
segregation in ingots.” ° It will be shown here that 
by means of stationary molten zones this difference 
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can be used to produce discontinuities in concentra- 
tion. In particular it will be shown that a pn or npn 
barrier can be made by the simple act of melting 
and refreezing a portion of a block of semiconductor, 
provided that the block contains proper concentra- 
tions of a donor and an acceptor in solid solution. 


Assumptions 


The operation of melting and slow refreezing will 
be called remelting and the interface between liquid 
and solid at the start of refreezing will be called the 
remelt boundary. While remelting may be done for 
various shapes of starting crystal and remelt zone it 
will be assumed that the remelt zone is cylindrical, 
its length being measured in the direction of freez- 
ing, which is normal to the remelt boundary, and 
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Fig. 1—Concentration of a single solute as a function of dis- 
tance from remelt boundary. Remelting produces a step in 
concentration at the remelt boundary and a gradient in con- 
centration in the remelt zone. 


that the remelt boundary is planar, as in Fig. 1. The 
assumed conditions of freezing are: 1—diffusion in 
the solid is negligible; 2—diffusion (or mixing) in 
the liquid is complete, i.e., concentration in the 
liquid is uniform; 3—the distribution coefficient, k, 
defined as the ratio of the solute concentration in 
the freezing solid to that in the liquid is constant. 
Where electrical conductivity is discussed, it will be 
assumed to be proportional to the concentration of 
excess donors or acceptors. It will be assumed also 
that solute concentrations are in atomic units and 
that each solute atom contributes one carrier of elec- 
trical charge. 


Simple Remelting with One Solute 


In a block of material containing a uniform con- 
centration C, of solute, melt a zone of length 1, and 
freeze it back slowly, as in Fig. 1. Under the assumed 
conditions of freezing, the solute concentration in 
the first solid to form, at the remelt boundary, will 
be kC, and the solute concentration, C, in the re- 
mainder of the remelt zone after freezing will be 
given by the normal freezing equation’ 


[1] 


where g is the fraction of the remelt layer which has 
solidified. Thus, as shown in Fig. 1, remelting pro- 
duces a discontinuity in concentration, of magnitude 
C,(1—k) at the remelt boundary and a gradient of 
concentration in the remelt layer. If k differs appre- 
ciably from unity, large percentage changes in con- 
centration can be produced at the remelt boundary. 

It is important in practice to consider the effect 
of diffusion in the solid during remelting, partic- 
ularly in the period just before freezing begins. For 
k < 1 solute will tend to diffuse to the molten zone. 
If the diffusion coefficient, D, is small, but appre- 
ciable, then rounding of the step may occur as indi- 
cated by the dotted curve in Fig. 1. If D is large, 
and sufficient time elapses, the solid and liquid will 
attain concentrations C, and C,/k, respectively. C, 
can be determined readily from a solute balance if 
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the volumes of liquid, V,, and solid, V,, are known, 
as follows: 


Cc 
C.(Vi + V,). = + Vie 


(Even though a temperature gradient must exist, it 
is assumed to be small). If k is very small, most of 
the solute will eventually diffuse into the molten 
zone. 


Formation of p-n Barriers by Simple Remelting 
with Two Solutes 


Conditions for Barrier Formation: Consider a 
block of semiconductor containing uniform con- 
centrations C,, and C,. of solutes, one of which is a 
donor, the other an acceptor. Let C,, be greater than 
Cy. and let k, be greater than k,. Upon remelting, a 
pn barrier may or may not form at the remelt 
boundary, depending on the k’s and the C,’s. A 
barrier will form if k.Cyw» > kiCu, which condition 
will be achieved only if 


ky 
Ca > Cer > Gor [2] 


Since Cy > Cy, the original material must be of 
conductivity type 1 and the material just inside the 
remelt boundary must be of type 2. Since there 
was an excess of solute 1 throughout the original 
material and since a deficit of solute 1 exists in the 
first-to-freeze portion of the remelt zone, the con- 
ductivity must revert to type 1 during the freezing 
of the remainder of the remelt zone. Hence, if the 
conditions of Eq. 2 are met, remelting produces two 
pn barriers, a ‘“‘step” barrier at the remelt bound- 
ary and a “graded” barrier in the remelt layer. 
Fig. 2 illustrates their formation schematically. A 
unique and most significant feature of remelting is 
that the concentrations which freeze out at the re- 
melt boundary are independent of the volume of 
the remelt zone. Thus step barriers of various 
shapes and sizes but of similar properties can be 
made from a given starting material by the simple 
steps of melting and slow refreezing. 

Electrical Conductivities at the Step Barrier: The 
electrical conductivities, o, and o,, at the step bar- 
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Fig. 2—Concentrations of two solutes, one a donor, the other 
an acceptor, after simple remelting. Remelting produces a 
step pn barrier at the remelt boundary and a graded pn bar- 
rier in the remelt zone. 
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Fig. 3—Radioautograph of a longitudinal section through the 
remelt zone of a germanium ingot containing radioactive 
antimony. 


rier will be proportional to the difference concen- 
trations (Cy —'C,,) and (k.C. = on the un- 
melted and remelted sides of the remelt boundary, 
respectively, and are given by 


on, = (Ce Cos) Cpa [3] 


where the y»’s are mobilities, e is the electronic 
charge, and subscripts a and b refer to the unmelt- 
ed and remelted sides of the barrier, respectively. 
Solving Eqs. 3 and 4 for C,, and C,, to find the re- 
quired initial concentrations to produce desired con- 
ductivities o, and o, at the step barrier gives 


1 | koa oy | [5] 
e(k, — k,) [a My 

1 oy | [6] 
e(k, — k,) Pa My 


While Eqs. 5 and 6 show that, in principle, any de- 
sired conductivities can be obtained for a given set 
of k’s, in practice the solid solubilities of the com- 
ponents will be a limitation. Also, if both k’s are 
small compared to unity it will not be practical to 
have o, > a,, as this would require that Cy, and Cy 
be large and very nearly equal and hence the con- 
trol of co, would be poor. For germanium a sufficient 
range of k’s is available for both donors and accep- 
tors’ to permit n to p or p to n conversions at the 
remelt boundary. 

Location and Concentration Gradient of the 
Graded Barrier: It is assumed that the remelt 
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Fig. 4—Current-voltage characteristics of a step barrier and 
a graded barrier produced by simple remelting of a germanium 
ingot containing gallium and antimony. 
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zone solidifies by normal freezing and that another 
pn barrier is formed in it by differential segrega- 
tion. Equations for the location and concentra- 
tion gradient of such a barrier have already been 
derived.‘ The location, in terms of g,, the fraction 
solidified, is given by 


Jon ba/Te = 
where T = [8] 


The concentration gradient, d(AC)/dl, is given by 
(ky —2) 
d(AC) (ki — kz) [9] 
dl 

Hence, with the concentrations and k’s of the 
solutes in the starting material and the length of 
the remelt zone known, the conductivities on either 
side of the step barrier and the location and con- 
centration gradient of the segregation barrier can 
be computed. 


Remelting with Additions 

Many of the advantages of simple remelting will 
be retained, and others can be gained, if the addi- 
tion to the remelt zone of solutes not present in the 
original material is permitted. Thus, whereas in 
simple remelting the concentrations in the remelt 
zone are entirely determined by those in the orig- 
inal block, in remelting with additions they are 
largely independent of those in the original block. 
One method of addition is to place solute on the 
surface of the block and subsequently to permit it 
to dissolve in the remelt zone when the latter is 
formed. Upon refreezing, the concentrations at the 
remelt boundary will be the sum of: those arising 
from simple remelting, which are independent of 
the volume of the remelt zone; and the concentra- 
tions of added solutes, which vary inversely with 
the volume of the remelt zone. Advantages of re- 
melting with additions as compared with simple 
remelting are that greater control over the concen- 
trations at the step barrier and the location of the 
graded barrier can be had. 


Experimental Results 


The redistribution of a single solute by remelting 
is rather strikingly illustrated by the following ex- 
periment. In a long ingot, containing a uniform 
distribution of solute, produce a stationary molten 
zone and then, by gradually reducing the tempera- 
ture, cause the zone to freeze progressively from 
both ends toward the middle. The redistribution 
of radioactive antimony in a germanium ingot by 
this process, which will be named ingot-remelting, 
is shown in Fig. 3, which is a radioautograph of a 
longitudinal section through the remelt zone. The 
concentration of antimony is indicated by intensity, 
the lighter regions being richer in antimony. The 
sharp decrease in concentration at each remelt 
boundary and the increase in concentration in the 
last regions to freeze, at the center of the remelt 
zone, are quite apparent. The value of k for anti- 
mony in germanium is about 0.004. 

Step and graded pn barriers have been made by 
ingot remelting of single crystal germanium using 
as solutes: gallium, an acceptor for which k is about 
0.1, and antimony, a donor. These solutes corre- 
spond to solutes 2 and 1 respectively, in Veiehs By 
Typical current-voltage curves for a step barrier 
and a graded barrier made from the same remelt 
zone are shown in Fig. 4. These exhibit certain 
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b—Slice remelting. X10. 


Fig. 5—Cross sections showing remelt zones. Etching reveals the 
step barriers and thereby delineates the remelt zones. 


typical characteristics which are in accord with pn 
barrier theory’ and the known solute concentrations 
in the remelt zone, namely, that the saturation cur- 
rent and forward resistance are lower for the step 
barrier, and that the saturation extends to much 
higher reverse voltage for the graded barrier. The 
value of the saturation current for the step barrier 
agrees well with that computed from the measured 
conductivities and life-times, indicating that the 
barrier approximates an ideal step. The capacitance 
of the graded barrier agrees in order of magnitude 
with that computed from the calculated concentra- 
tion gradient and varies quite accurately as the 1/3 
power of the applied voltage, in accord with theory. 
The cross-sectional areas of the barriers of Fig. 4 
are about 0.01 sq cm. 

Step and graded barriers have also been produced 
in germanium by techniques of slice remelting and 
spot remelting. In slice remelting a slice of the 
order of 1x1x0.2 cm in dimensions is heated in a 
temperature gradient so as to produce a remelt 
boundary essentially parallel to the large faces. By 
lowering the temperature the solid-liquid interface 
is caused to advance in a direction normal to the 
large faces, producing a normal segregation of sol- 
utes in the remelt zone. (A heating technique of 
this general nature, used to produce pn barriers by 
a principle differing from that discussed here, has 
been described briefly elsewhere.’) 

In spot remelting a small hemispherical remelt 
zone is produced by heating a very small spot at the 
surface of a block or slice and back-freezing is 
made to occur in a radial direction by lowering the 
temperature. For a hemispherical remelt zone, the 
length of the intermediate region, Ip, is ln = T — 
Tyn, Where 7, is the radius of the remelt zone at the 
start of refreezing and 7,, is the radius of the graded 
barrier. It is readily shown that 


Properties of pn barriers produced by slice and 
spot remelting were comparable to those shown in 
Fig. 4. Cross sections of slice and spot remelts ap- 
pear in Fig. 5, the boundaries appearing therein 
being step barriers revealed by etching. 
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By suitable control of experimental conditions, 
by simple remelting, npn transistors have been pro- 
duced in which a, the current multiplication factor, 
has been greater than 0.9 and collector resistance 
has been greater than one megohm. 


Summary and Discussion 

The formation and slow solidification of a molten 
zone in a homogeneous ingot results in a step in 
solute concentration at the remelt boundary and a 
gradient in concentration in the remelt zone. On the 
basis of simplifying assumptions the magnitudes of 
the step and the gradient have been expressed an- 
alytically. The magnitude of the step has been 
shown to be independent of the volume of the zone. 

By using two solutes having unequal distribution 
coefficients, and properly chosen initial concentra- 
tions, remelting can produce step, graded, or npn 
barriers in a variety of shapes and sizes. Experi- 
mental results confirm simple theory for such bar- 
rlers. 

The remelt technique can have other applications. 
For example, it provides a means of producing a 
diffusion couple for the determination of diffusion 
constants. The crystal structure across such a couple 
would be essentially continuous, since the unmelted 
portion serves as a seed, and, in contrast to tech- 
niques such as welding, a minimum of faults would 
be produced at the junction. In general it provides a 
simple means of altering in discrete regions, such as 
surface layers, a composition-sensitive property of a 
substance. While this paper has been confined to 
starting materials of homogeneous composition and 
a particular direction of freezing of the remelt zone, 
such restrictions are unnecessary. Moreover, an ad- 
ditional degree of control of the concentrations in 
the remelt zone can be had by adding solutes before 
or during the remelt process. 
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Hydrogen Embrittlement of Steels 


by Jack T. Brown and William M. Baldwin, Jr. 


The effect of hydrogen on the ductility, «, of SAE 1020 steel at 
strain rates, ¢, from 0.05 in. per in. per min to 19,000 in. per in. per 
min and at temperature, T, from +150° to —320°F was deter- 
mined. The ductility surface of the embrittled steel reveals two 


domains: one in which (de/de)7 >0, (de/0T) 


<0, and the other in 


which (d¢/dé)r >0, (de/dT). >0. The usual “explanations” of hydro- 


€ 


gen embrittlement are in accord with the first of these domains 


only. 


HE purpose of this investigation was a fuller 
characterization of the effects of varying tem- 
perature and strain rate on the fracture strain of 
hydrogen-charged steel. To be sure, it is known that 
low and high temperatures remove the embrittle- 
ment that hydrogen confers upon steels at room 
temperature,‘ see Fig. la and b, and that high 
strain rates have a similar effect,“ see Fig. 2a, b, 
and c. However, the general effect of these two test- 
ing conditions on the fracture ductility of hydrogen- 
charged steels is not known, i.e., the three-dimen- 
sional graphical representation of fracture ductility 
as a function of temperature and strain rate is not 
known—only two traverses of the graph are avail- 
able. The need for such a graph is not pedantic. To 
demonstrate this point, Fig. 3a, b, and c shows three 
of many three-dimensional graphs, all possible on 
the basis of the two traverses at hand. The impor- 
tant point (as will be developed in the Discussion) 
is that each of them would indicate a different basic 
mechanism for hydrogen embrittlement. 
It will be noted that the four types of ductility 
surfaces in Fig. 3a, b, and c may be characterized as 


follows: 
Type a >0, <0 
Type b <0, oT >0 
Type c <0, aT <0 
( de ) ( de ) 
Type d >0, >0 


Material and Procedure 

Tensile tests were made at various temperatures 
and strain rates on a commercial grade of % in. 
round SAE 1020 steel in both a virgin state and as 
charged with hydrogen. The steel was spheroidized 
at 1250°F for 168 hr to give the unembrittled steel 
the lowest possible transition temperature. 

The steel was charged cathodically with hydrogen 
as follows: The specimen was attached to a 6 in. 
steel wire, degreased for 5 min in trichlorethylene, 
rinsed with water, and fixed in a plastic top in the 
center of a cylindrical platinum mesh anode. The 
assembly was placed in a 1000 milliliter beaker 
containing an electrolyte of 900 milliliters of 4 pct 
sulphuric acid and 10 milliliters of poison (2 grams 
of yellow phosphorous dissolved in 40 milliliters of 
carbon disulphide). A current density of 1 amp per 
sq in. was used which developed a 4 v drop across 
the two electrodes. All electrolysis was carried on 
at room temperature. 
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Temperatures for tensile tests were obtained by 
immersing the specimens in baths of water (+7 0° to 
+150°F), mixtures of liquid nitrogen and isopen- 
tane (+70° to —240°F), and boiling nitrogen 
(—240° to —320°F). 

Specimens were tested in tension at strain rates 
of 0.05, 10, 100, 5000, and 19,000 in. per in. per min. 
The 0.05 and 10 in. per in. per min strain rates were 
obtained on a 10,000 lb Riehle tensile testing ma- 
chine, the 100 in. per in. per min rate on a hy- 
draulic-type draw bench with a special fixture, and 
the 500 and 19,000 in. per in. per min rates on a 
drop hammer. 

The fracture ductility of hydrogen-charged steel 
at room temperature and normal testing strain rates 
(~0.05 in. per in. per min) is a function of electro- 
lyzing time, dropping to a value that remains con- 
stant after a critical time.’** Under the conditions of 


*The hydrogen content of the steel continues to increase with 
charging time even after the ductility has leveled off to its satu- 
rated value.7 


this research the saturated loss in ductility occurred 
at approximately 30 min, see Fig. 4, and a 60 min 
charging time was taken as standard for all subse- 
quent tests. 

After charging the steel with hydrogen, the sur- 
face was covered with blisters. These have been de- 
scribed by Seabrook, Grant, and Carney.” The orig- 
inal diameter of the specimen was not reduced by 
acid attack, even after 91 hr. 


Results 


The ductility of both uncharged and charged 
specimens is given as a function of strain rate in 
Fig. 5, and as a function of temperature at four dif- 
ferent strain rates in Fig. 6. These results are as- 
sembled into a three-dimensional graph in Fig. 7. 
It is seen that the locus of the minima in the duc- 
tility curves of the charged steels divides the duc- 
tility surface into two domains. At temperatures 
below the minima, 

) >0 


de ) ( de 
<0 
( at Jé <0 and 
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Fig. 1l—Fracture 
strain as a function 
of testing tempera- 
ture in steel. 
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(cf. for example, lines i and ii in Fig. 7); at tem- 
peratures above the minima, 
) 


( Je ) a A ( de 
an 

oT 

(cf. for example, lines iii and iv in Fig. 7). These 

domains correspond to surfaces of types a and d, re- 


spectively, and the assembly corresponds to the pro- 
totype given in Fig. 3c. 


Discussion 

Of the two types of ductility surfaces which char- 
acterize hydrogen embrittlement only the type a 
surface has been rationalized. Zapffe and Sims* and 
‘Zapffe® picture hydrogen embrittlement to result 
from the precipitation of hydrogen in “substructure 
disjunctions” or ‘‘voids” at pressures sufficient to 
force the metal asunder. Straining is presumed to 
enlarge the imperfections, thus reducing the hydro- 
gen pressure. Further precipitation of hydrogen is 
required to maintain or develop a disruptive pres- 
sure. With these premises, Zapffe proceeds to two 
conclusions: “If the rate of strain is increased... 
until the rate of decrease in Pu, exceeds the rate of 
restoration through further precipitation of H, the 
apparent embrittlement should decrease.” This pre- 
diction states that 

de 
(2 
de 


“The effect of temperature has an obviously sim- 
ilar relationship since the pressure of a gas phase 
likewise decreases with decreasing temperature. 
Thus there will be a critical temperature, also a 
critical rate of cooling, for any given set of condi- 
tions, such that the critical embrittlement pressure 
Pu, is decreased more rapidly than it is replenished 
by precipitating H, and embrittlement is observed 
to decrease.”’ This states that 
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These two conditions are those characterizing a duc- 
tility surface of type a. 

Petch and Stables* extend Orowan’s rationaliza- 
tion of the delayed fracture of glass to the case of 
hydrogen embrittlement. They point out that if 
hydrogen gas is adsorbed on the internal surface of 
microcracks, the critical stress for extension of the 
crack in the Griffith relationship is lowered. ‘The 
extension of a crack under stress will take place in 
steps which occur when hydrogen solute atoms ar- 
rive at its edge in the course of diffusion.” Since 
the proposed embrittling mechanism is diffusion- 
controlled, the authors point out that at high strain 
rates the metal should be ductile and adduced the 
data of Fig. 2c to support their conclusion. Again, 
this mechanism requires that 


de 
( ) >0. 
de T 


Although the authors made no statement regarding 
the effects of temperature it follows that if the ar- 
rival of the hydrogen to the microcracks is diffu- 
sion-controlled, and since the diffusion rate de- 
creases with decreasing temperature, then decreas- 
ing the test temperature at constant strain rate 
should increase the ductility, i.e., 
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FRACTURE 
STRAIN 


Fig. 3a—Possible construction of sheets type a and b. Dark lines 
indicate known traverses. 
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Fig. 3b—Possible construction of sheets type c and d. Dark lines 
indicate known traverses. 
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Fig. 3c—Possible construction of sheets type a and d. Dark lines 
indicate known traverses. This was actually how hydrogen em- 
brittlement was observed to behave. 
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It is seen that the mechanism proposed by Petch and 
Stables, like Zapffe and Sims, corresponds to a duc- 
tility surface of type a. 

Both these mechanisms are variations on a theme: 
hydrogen embrittlement is presumed to depend 
upon the competition of two rates, the one being the 
rate of straining of the metal, the second being the 
rate of the embrittling controlling process (diffusion 
or precipitation), the latter rate being presumed to 
increase with increasing temperature. If the first 
rate predominates the metal is ductile, if the latter 
predominates the metal is brittle. 

Surfaces of types b, c, and d can be rationalized 
by extension of the competitive rate hypothesis. If 
competition exists between the rate of straining and 
the rate of some process which renders the metal 
ductile, the latter rate being presumed to increase 
with increasing temperature, a surface of type b 
will result. The behavior of an overaging alloy on 
deformation illustrates this situation. Here over- 
aging is a process that renders the alloy more duc- 
tile; its rate increases with increasing temperature. 
The ductility of such alloys as a function of strain 
rate and temperature yields a surface of type b (cf., 
for example, Fig. 10 of ref. 9). At constant strain 
rate, the ductility increases with increasing tem- 
perature because the rate of overaging increases 
with increasing temperature. At constant tempera- 
ture, the ductility decreases with increasing strain 
rate, since the benign effect of the overaging process 
is outstripped. Another example is the case of a 
hydrogen-charged steel in the process of degassing, 
since the degassification is a process rendering the 
metal ductile and its rate increases with increasing 
temperature.”“**" The increase in ductility of 
charged steel at temperatures above the minimum 
has been attributed to degassing,’ but such an ex- 
planation should not be indiscriminately put for- 
ward for such curves. The data in the present re- 
search represent a case in point, for the increase in 
ductility at temperatures above the minimum in 
Fig. 6, form a d surface and not the b surface that 
would be required, if degassing were the real ex- 
planation. A description of hydrogen embrittle- 


7 The authors have no doubt that degassing is a factor in the 
hydrogen embrittlement of steels and suggest that a full charac- 
terization of the ductility surface of a charged steel would involve 
three domains instead of two, arranged in the manner of Fig. 8. 
Bastien and Azou’s curve of Fig. 2b is quite probably a traverse 
across the type a and b or d and b surfaces of Fig. 8. 


ment based on the drag of a Cottrell atmosphere of 
hydrogen atoms on dislocations interfering with 
“normal” straining and leading to premature or 
brittle fractures also falls in this same class of theo- 
ries and predicts a type b surface. In this case even 
though the drag of the Cottrell atmosphere itself is 
embrittling it is not the rate process that is pertinent 
to the problem. What is pertinent is the diffusion 
of the hydrogen which as it increases with increas- 
ing temperature decreases the drag and renders the 
metal more ductile, i.e., (de/0T) . > 0. Conversely at 


constant temperature, the diffusion rate cannot keep 
pace with an increased strain rate, thus increasing 
the drag and embrittling the metal, i.e., (de/dé) 7 < 0. 

To extend the competitive rate hypothesis to de- 
scribe surfaces of type c and d, the nature of tem- 
perature-sensitive process must be changed from 
one which increases with temperature to one that 
decreases with temperature. Such rates are found in 
super-cooled reactions such as the isothermal aus- 
tenite-pearlite reaction at temperatures above the 
pearlite nose. If the temperature-sensitive process 
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Fig. 4—Fracture strain of spheroidized SAE 1020 steel as a 
function of hydrogen charging time. Note accelerating effect 
of poison in electrolyte as well as gentle upswing of curves 
at long times. 


renders the metal ductile, a ductility surface of type 
c results A type d surface results if the process is 
embrittling, since at constant strain rate an increase 
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Fig. 5—Fracture strain as a function of 
strain rate in a charged and uncharged, 
spheroidized SAE 1020 steel at room 
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Fig. 6—Fracture strain of spheroidized 1020 steel with and without 
hydrogen embrittlement as a function of test temperature and 
strain rate. The two curyes join at points A. A minimum in the 
curyes exists at points B. 
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Fig. 7—Fracture strain of spheroidized SAE 1020 steel with and 
without hydrogen embrittlement as a function of temperature 
and strain rate. 


in temperature decreases the rate of the embrittling 
process and thus increases the ductility, i.e., 


while at constant temperature an increase in strain 
rate increases the ductility for the same reasons that 
it did in the case of the type a surface. 

Undoubtedly there is significance in the fact that 
the two surfaces described by the present experi- 
mental results (types a and d) if they are to be 
rationalized by competitive rate mechanisms, have 
one feature in common; in competition with the 
strain rate is a rate of an embrittling process irre- 
spective of whether the rate increases or decreases 
with temperature. Since an embrittling process is 
common to both ductility surfaces, types a and d, it 
may be the same physical reaction in both cases. 

A physical reaction which increases in rate with 
increasing temperature at low temperatures and de- 
creases in rate with increasing temperature at high 
temperatures is not uncommon in the general realm 
of kinetics. The logarithm of the rate of such re- 
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Fig. 8—Proposed full characterization of hydrogen embrittlement. 
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Fig. 9—A plot of temperatures at which ductility of charged 
steels returns to the ductility curve of uncharged steels as a 
function of strain rate. The circles plotted here are the 
points A of Fig. 6. Points in parentheses are extrapolated 
from Fig. 6. The crosses are the points B of Fig. 6, i.e., the 
temperatures and strain rates at which a minimum in the 
ductility curves occurred. The diffusion coefficient of hydro- 
gen in a iron is plotted to the upper scale. 


actions when plotted against the reciprocal of the 
absolute temperature appears as c curves—exem- 
plified by the rate of growth curve of pearlite, or 
scaling rate curves in surface oxidation studies. 
The shape of these overall rate curves is usually 
the product of two main factors. The first is a driv- 
ing force (such as free energy) which is zero at an 
equilibrium temperature and which increases as re- 
action temperature is lowered from this point; the 
second is a mobility factor (such as diffusion or 
conductivity) which is generally of the form 


D = 


such that the upper arm of the c curve approaches 
the equilibrium temperature asymptotically as the 
overall rate goes to zero (or log rate goes to minus 
infinity), and the lower arm of the c curve asymp- 
totically approaches a straight line whose slope ap- 
proximates the slope of the log mobility factor vs 
the reciprocal absolute temperature curve, i.e., —Q/R, 
as temperature goes to zero. 

To obtain an approximation of the present over- 
all rate curve, Fig. 9 is a plot of the temperature (on 
a reciprocal absolute temperature scale) at which 
the ductility of the charged steels returns to the 
ductility curve of the uncharged steels (points a in 
Figs. 5 and 6) as a function of strain rate (on a log 
scale). It is assumed that at these points there is 
some approximately fixed relationship between the 
strain rate and the rate of the embrittling reaction, 
so that the curve of Fig. 9 is an indication of the 
shape of the overall rate curve of the embrittling 
reaction. 

There are two interesting features of the c curve. 
The upper arm of the curve asymptotically ap- 
proaches a limiting temperature, and by analogy 
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with the A, temperature of a pearlite curve, or the 
oxide dissociation temperature on a scaling rate 
curve, this would represent an equilibrium tempera- 
ture above which hydrogen has no embrittling effect 
on steels. The authors know of no change in the 
physical state of iron-hydrogen alloys in this tem- 
perature range which would account for this be- 
havior. The lower arm of the curve asymptotically 
approaches a sloping straight line. Again from the 
classical pattern of such curves it would be inferred 
that the slope of the line should approximate the 
slope of the diffusion coefficient of hydrogen in a 
iron. The diffusion data” are meager and involve 
large extrapolations but a rough parallelism is never- 
theless observed. 

It must be inferred from Fig. 9 that if a competi- 
tive rate mechanism is to explain hydrogen em- 
brittlement, then the rate, 8, of the embrittling 
process must in some measure depend upon strain 
rate, otherwise if 


(€) = (8) 


then the minimum in the ductility curves would re- 
main at a constant temperature which is not the case 
in Fig. 9. 


Conclusions 


1—Hydrogen depresses the ductility of mild steel 
within certain ranges of temperature and strain rate 
only. 
2—Within this brittle range, a plot of the ductility 
vs strain rate and temperature reveals two domains, 
one at low temperatures in which 


(2553 
oT 


and another at high temperatures in which 


T 


3—The first of these domains represents a be- 
havior in accord with any theory—such as that of 
Zapffe and Sims® or Petch and Stables’—which 
basically hypothesizes that the ductility of steels de- 
pends upon two competitive rates: the strain rate 
and a rate of the embrittling reaction which increases 
with increasing temperature, the steel being ductile 
if the former rate predominates, and brittle if the 
latter does. 

4—The second of these domains is not explained 
by theories of this type, nor by the assumption that 
the steels are degassing (though the authors feel 
that a third domain due to degassification of the 
steel in which 


<0 ana 


does exist in certain temperature and strain rate 
ranges). 

5—If the general proposition of two competitive 
rates is to be applied to the second of these domains, 
the rate of the embrittling reaction must decrease 
with increasing temperature. 
_ 6—An approximate curve of the logarithm of the 
rate of the embrittling reaction as a function of the — 
reciprocal of the absolute temperature follows the 
classical pattern of rate curves of reactions that 
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600 


occur spontaneously below an equilibrium tempera- 
ture, i.e., a c curve. 
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Technical Note 


On the Temperature Range of the Martensitic Transformation 


In the Cu-Zn System 


by A. L. Titchener and M. B. Bever 


ROM their investigation of the martensitic 

transformation in Cu-Zn alloys, Greninger and 
Mooradian' concluded that there was no critical 
temperature at which martensite formation began 
in this system. Recent unpublished work by Gen- 
evray’ with two compositions of brass revealed the 
existence of a critical temperature, which is a func- 
tion of composition and stress. In the work reported 
here the temperature range of the martensitic re- 
action was studied as a function of composition in 
high purity Cu-Zn alloys. 

The specimens were about 4 in. long with a di- 
ameter of 1/16 in.; their compositions are given in 
Table I. They were heated under vacuum for 5 min 
at 5° to 10°C below the temperature of incipient 
melting, and quenched into brine at about —10°C. 
Specimens of alloys C, D, E and F were obtained 
with little or no precipitated a phase. Many attempts 
yielded only three usable specimens of alloy B, and 
even these contained appreciable amounts of a. All 
efforts failed to preserve metastable 8 in alloy A 
(containing 38.02 pct Zn and 0.002 pct each of Pb 


and Fe). 
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N SPECIMEN NO.C-I 
39.01% Zn 

COOLING 

-X——X= HEATING 
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0.85 | | | | | 
+20 0 -20 40 60 -80 400 -I140 -160 -180 ~-200 
TEMPERATURE, DEGREES C 


Fig. 1—Relative electrical resistance as a function of temperature 
in a typical experiment. 


The transformation was studied by measuring the 
electrical resistance during continuous cooling and 
heating of each specimen at similar rates. The cool- 
ing media were alcohol with dry ice from room 
temperature to —78°C and a bath of petroleum 
ether and methyl cyclohexane (75:25), cooled by 
liquid nitrogen, from —78° to about —150°C. Read- 
ings were also taken at —195°C in liquid nitrogen. 

Fig. 1 illustrates a typical experiment. The rela- 
tive resistance is obtained by assuming the known 
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Fig. 2—Relative electrical resistance as a function of temperature 
during cooling of alloys B to F. 


or extrapolated resistance of the parent 6 as unity 
at a reference temperature (e.g., —60°C), and ex- 
pressing resistances at other temperatures as frac- 
tions of this reference value. The M, temperature 
is taken at the point where the cooling curve first 
deviates from a straight line. The M, temperature 
is taken at the point where the heating curve diver- 
ges from the cooling curve. Corresponding criteria 
are used for the reverse transformation during heat- 
ing. Since they are fairly sharply defined, M, tem- 
peratures are given to the nearest 0.5°C in Table I. 
The other phenomena, by comparison, are difficult 
to distinguish, and the respective temperatures are 
stated to the nearest 5°C. 

The reversible nature of the transformation’” was 
confirmed, and the hysteresis loops were studied. 
The relative resistance of different samples of a 
given composition is a unique function of temper- 
ature before and after transformation, but not with- 
in the transformation range. Here factors other 
than temperature apparently also enter. Grain size, 
grain orientation, and any a present are the most 
likely variables. 

Because M, and the temperatures for the begin- 
ning and end of the reverse transformation are not 
known precisely, the degree of hysteresis is ex- 
pressed as the temperature difference between de- 


Table I. Composition of Alloys and Transformation Data 


Transformation Temperature, °C 


Composition, Mean 
Pet Cooling Heating Hys- 
teresis, 
Mean Cat 
Alloy Cu Zn* Ms Ms My; Start End Mo.st 
B 61.46 38.54 —110 —10 
—20 —70 — 14.5 
—23 —70 —40 —25 
60.99 39.01 —53.5 —130 2 +20 
— 54.5 9.5 
—55.5 —100 —15 
D 60.74 39.26 —T72.5 —130 —85 —50 
—72.5 9.5 
—72.5 —125 —85 —30 
E 60.49 39.51 —98 —155 —115 —65 
—9 8.5 
—97 —140 ~—110 —70 
F 59.96 40.04 —131.5 —180 —145 
—130.5 —185 —155 —115 


* Zine by difference. Pb and Fe each 0.901 pct in alloys B and 
D, and 0.002 pct in alloys, C, E, and F. 
denotes “50 pet transformation’? point as explained in the 
ext. 
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fined “50 pct transformation” points on cooling and 
heating. These points are the mean of maximum 
and minimum resistance during transformation. 
Such a point, labelled M,.,, is indicated for cooling in 
Fig. 1. The hysteresis (Table I) decreases fairly 
consistently with increasing zinc content. 

When M, temperature is plotted against alloy 
composition, all points fall on a straight line with a 
minor deviation for alloy E. The slope of this line is 
—T7.4°C per 0.1 pct Zn. This marked decrease of M, 
with increasing zinc is consistent with a statement 
of Isaitschew, Kaminsky, and Kurdyumov.* Also a 
graph of M, vs zine content given by Kurdyumov* 
shows a slightly curved line sloping from 0°C at 
38 pct Zn to —200°C at 42 pct Zn with an average 
slope of —5°C per 0.1 pet Zn. The absolute values 
of M, found in the present investigation are com- 
parable with those read from Kurdyumov’s diagram 
at about 38.5 pct Zn, but at higher zinc contents 
the present values are lower than those given by 
Kurdyumov. Data for Cu-Al alloys’ and for some 
binary alloy systems of titanium’ give slopes of M, 
comparable with those reported here. 

The cooling curves for alloys B to F shown in 
Fig. 2 are averages for two or three specimens of 
each composition. Since relative resistances are 
plotted, the resistance-temperature relation of the 
untransformed £, regardless of composition, is de- 
scribed by a single straight line U-X,. The curves 
Xc-Yo, etc., represent the progress of the 
transformation; Y;-Z;, Yc-Zc, etc., refer to the com- 
pletely transformed alloys. Points X;, Xo, etc., corre- 
spond to the M, temperatures of the five compositions. 
The curves exhibit fairly consistent trends. The 
temperature coefficient of resistance of martensite 
differs little from that of the parent 8, as demon- 
strated by the almost equal slopes of UX and YZ. 
That the portions YZ of the curves do not coincide 
presumably reflects an effect of composition on the 
difference between the resistivity of parent @ and 
derived martensite. This difference decreases stead- 
ily as zinc content rises. The differences in slope and 
in general shape of the portions XY of the curves 
express geometrically two facts: the temperature 
difference between M, and M, depends on compo- 
sition, and second, the transformation is affected to 
some extent by factors other than temperature and 
composition. 
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On the Torsional Deformation and Recovery 


Of Single Crystals 


by S. S. Hsu and B. D. Cullity 


The stress distribution at the surface of a twisted cylinder is an- 
alyzed along the boundary of a slip plane of arbitrary orientation 
and this analysis is applied to the torsion of cylindrical crystals of 
magnesium. A criterion for slip is developed and the critical re- 
solved shear stress of magnesium in torsion is found to be 0.038 kg 
per sq mm. The mechanism of torsional deformation in magnesium 
and aluminum is described, as well as the relaxation of a twisted 


crystal at elevated temperatures. 


HERE has been considerable fundamental study 

of the mechanism of slip occurring during de- 
formation in tension and compression but compara- 
tively little attention has been paid to the mechan- 
ism of torsional deformation. This paper is concerned 
with the way in which a single crystal deforms in 
static torsion and with the phenomenon of untwist- 
ing which a twisted crystal undergoes during an- 
nealing. Particular attention is paid to the applica- 
tion of the critical resolved shear stress law to 
torsional deformation. 

Probably the most likely mode of torsional de- 
formation that can be imagined consists of rotation 
of one part of the crystal relative to another on the 
active slip plane. Here the most interesting feature 
is the slip direction. If a cylindrical single crystal is 
twisted about its axis and if, to consider the simplest 
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case, the active slip plane is normal to the specimen 
axis, then the direction of gross slip at any point 
must always be at right angles to the radius drawn 
to that point. It follows that the crystallographic 
direction of slip must be continually changing, in 
sharp contrast to slip in tension which occurs in a 
crystallographically constant direction. 

Extensive investigations of slip in torsion have 
been made by Gough and his associates.’ They made 
torsional fatigue tests on metal single crystals be- 
longing to a number of different crystal systems and 
observed, with a microscope, the appearance of slip 
lines on the surface and of strain markings on the 
transverse cross section of cylindrical specimens. 
They concluded that the critical resolved shear 
stress law was just as valid in torsion as in tension, 
in the sense that slip occurred on that plane and in 
that direction in which the resolved shear stress was 
a maximum. They also established that the oper- 
ative slip planes and directions were the same as in 
tension. They did not, however, measure the critical 
resolved shear stress in torsion nor, in fact, did they 
establish that a critical value of the resolved shear 
stress was necessary for the initiation of slip. Their 
investigations were, moreover, restricted to tor- 
sional fatigue tests which necessarily involve small 
strain amplitudes. 


Wilman,’ studying crystal growth and the abraded 
surfaces of crystals, observed crystal fragments 
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Fig. 1—Torsion machine with specimen in place and strain 
gages mounted on specimen. 


rotated relative to one another and was apparently 
the first to suggest the notion of ‘rotational slip.” 
The connection between rotational slip and slip in 
torsion will be discussed later in this paper. 

Mechanical methods of measuring torsional strain 
were supplemented in the present work by the 
X-ray diffraction method devised by Cullity and 
Julien® for measuring the torsion of a crystal lattice. 
Since this method requires specimens highly trans- 
parent to X-rays, magnesium and aluminum were 
the chief crystals investigated. Magnesium was 
chosen for most of the deformation studies since the 
fact that it normally has only one slip plane simpli- 
fied the interpretation of the results; aluminum was 
used for the recovery (untwisting) experiments in 
order to avoid any oxidation that might occur dur- 
ing the long annealing periods. 


Torsional Deformation 


Procedure: Cylindrical single crystal specimens of 
high purity aluminum and magnesium were used in 
the torsion experiments. They had a reduced center 
section (Fig. 1), % in. in diameter over a 2 in. gage 
length, and large end sections % in. in diameter. 
They were grown from aluminum stated to contain 
0.004 pct total impurities and from magnesium 
stated to contain less than 0.024 pct total impurities. 


Table |. Critical Torque and Rigidity Modulus 


4 D Ug) Te, G, Kg 
Specimen Degrees Mm Kg-Mm per Sq Mm 
Mg-9 30 3.09 2.21 1700 
Mg-1 32 3.03 2.23 1530 
Mg-8 38 Sold! 2.90 1650 
Mg-6 45 3.10 4.06 1690 
Mg-3 52 3.18 7.03 1760 
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The single crystal specimens were prepared by 
the Bridgman method in a split graphite mold, and 
were examined both by X-ray diffraction and by 
macroetching. Only fairly perfect crystals were 
chosen for the experimental work, namely, those 
showing no more than 0.5 degree of disorientation 
as measured by spread of Laue spots. Their orienta- 
tions were determined by the back-reflection Laue 
method. 

Specimens were twisted in the torsion machine 
shown in Fig. 1, which also illustrates the appear- 
ance of a specimen after considerable torsion. The 
lower end of the specimen was fixed tightly into the 
base of the machine and the upper end was clamped 
into a rotatable shaft at the upper part of the ma- 
chine. The specimen was twisted by allowing known 
loads to rotate the shaft through the attached pulley. 
Friction between moving parts of the machine was 
minimized by using ball bearings. The load re- 
quired to overcome the remaining frictional forces 
was determined before each experiment by a blank 
test without the specimen. 

This torsion machine was bolted on the table of a 
disassembled transit and could be rotated freely 
about a vertical axis. Two or four stiff metal wires 
with bent sharp tips were cemented normal to the 
surface of each specimen usually one day before 
testing, along an approximately vertical line, to 
serve as strain gages. The amount of torsional strain 
in terms of angle of twist betwen gages was ob- 
tained by observing the initial and final angular 
positions of the transit table when the tips of the 
gages had been brought into the same vertical ref- 
erence plane. This plane, parallel to the specimen 
axis, was defined by the transit telescope which was 
mounted near the torsion machine and was free to 
rotate only about a horizontal axis. With this ar- 
rangement, an angular displacement of % min of 
arc on the specimen surface could be accurately 
detected. 

The torsion machine was so designed that the 
specimen could be examined by X-rays before, dur- 
ing, or after the deformation process. A General 
Electric CA-7 X-ray tube was used: its fine line 
source permitted patterns to be made either by the 
ordinary Laue or focusing Laue techniques. 

Critical Resolved Shear Stress: Some magnesium 
crystals were given a careful metallographic polish 
in order that any surface markings produced by 
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torsion could be observed. After moderate torsion, 
macroscopically visible slip traces appeared on the 
surface of these specimens and the direction of these 
traces, together with the known orientation of the 
crystal, showed that slip was occurring on the basal 
plane and only on the basal plane, just as in tension.* 


* Pyramidal slip can occur in magnesium in tension at room tem- 
perature under special circumstances,5 but the basal plane is the 
usual slip plane. 


Fig. 2 is typical of the “stress-strain” curves ob- 
tained from magnesium crystals. Actually these 
curves were not plotted in these units but in terms 
of torque T vs the angle of twist in the given gage 
length. The specimen has clearly behaved elas- 
tically up to the critical torque T., which is the 
torque required to start plastic deformation on the 
surface of the crystal. Beyond this point the de- 
formation is plastic. If the specimen is unloaded in 
the plastic region and then reloaded immediately, 
the specimen twists elastically almost up to the 
point of the previous highest torque as shown in 
Fig. 2. If the reloading is delayed, however, the 
yield point on reloading becomes lower. The an- 
alogous effect in tension has been observed for a 
number of metals and is due to recovery at room 
temperature. 

As shown in Table I, the critical*torque T, was 
found to increase as the angle ¢, between the torsion 
(specimen) axis and the slip plane normal, in- 
creased. Table I also lists the radius r of each speci- 
men and the modulus of rigidity G, as calculated 
from the slope of the torque vs the angle of twist 
curve in the elastic region. These results show that 
G is almost completely insensitive to crystal orien- 
tation. 

In order to explain the variation of T, with 4, it is 
necessary to analyze the stresses acting on the slip 
plane. When ¢ is zero, the problem is simple since 
the slip plane then intersects the surface of the 
cylinder in a circle lying in the XY plane of Fig. 3. 
In this case the shear stress acting on the slip plane 
is a maximum at the surface of the cylinder, acts in 
a direction tangential to the circular boundary of 
the slip plane, and is given at any point on the sur- 
face by 


[1] 


where T is the applied torque, and 7 the specimen 
radius. 

In the general case, when ¢ is not zero, the bound- 
ary of the slip plane is an ellipse as shown in Fig. 3. 
Whatever the orientation of the crystal, the slip 
plane normal N can always be brought into the YZ 
plane by a suitable rotation of the specimen about 
its axis. The semiminor axis of the ellipse OA then 
coincides with the X axis and the semimajor axis 
OB lies in the YZ plane. The location of any point P 
on the ellipse can be described, for a given value of 
¢, by the angle 9 between OA and OP’ where P’ is 
the projection of P on the XY plane. In this general 
case, the distribution of shear stress on the slip 
plane is rather complicated. The various stresses 
resulting from the applied torque are evaluated in 
the Appendix, where it is shown that the resultant 
shear stress parallel to the slip plane at a point on 
the specimen surface does not act in a tangential 
direction but at a definite angle to the tangent, ex- 
cept for the special cases of 9 = 0° or 90°. 

At this point a decision must be made as to the 
proper direction in the slip plane in which to resolve 
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Fig. 3—Cylindrical torsion specimen in relation to rec- 
tangular axes X, Y, and Z. 


this resultant stress in order to find the critical re- 
solved shear stress. In a metal having a close- 
packed hexagonal structure like magnesium, there 
are three crystallographically equivalent slip direc- 
tions 60° apart. None of these slip directions need 
be specifically considered, however, since macro- 
scopic slip in torsion occurs in such a way that the 
effect of slip direction is averaged out. Experi- 
mentally, T, measures the onset, not of microscopic 
slip, but of a considerable amount of plastic flow 
and this macroscopic slip must occur predominantly 
in a tangential direction. To accomplish this, slip at 
various points on the surface must proceed, on a 
microscopic scale, in a zig-zag fashion in the three 
crystallographically defined slip directions, and in 
such a way that the gross, macroscopic direction of 
slip is tangential. 

It is therefore assumed that the only effective 
stress acting is 7,, the tangential component of the 
resultant shear stress parallel to the slip plane. As 
shown in the Appendix, this stress is given by 


cos ¢ (1 — cos’6 tan’) 
Tt = To [2] 
\/1 + cos*é tan’s 


This relation is plotted in Fig. 4 for 6 = 0° to 90° 
and for a number of ¢ values, including those par- 
ticular values of ¢ possessed by the crystals which 
were tested. When ¢ = 0°, the tangential shear 
stress 7, is independent of @ but, as ¢ increases, 7, be- 
comes larger at the end of the major axis (@ = 90°) 
than at the end of the minor axis (6 = 0°). At 
¢ = 45°, the shear stress at the end of the minor 
axis becomes zero and then reverses its direction for 
larger values of ¢. 
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For crystals with ¢ between 0° and 45°, 7: is 
everywhere positive and always a maximum at the 
end of the major axis and a minimum at the end of 


the minor axis. Slip must therefore begin at the ends 


of the major axis but it will not be macroscopically 
detectable in a stress-strain test until it has ex- 
tended all around the elliptical perimeter of the slip 
plane. Two extreme criteria might be assumed for 
the occurrence of this macroscopic slip: 1—It occurs 
when 7, at the ends of the major axis becomes equal 
to r,, the critical resolved shear stress. This assump- 
tion implies that slip at the ends of the major axis 
so alters the stress distribution in the unslipped 
region that the stress at various points in the latter 
is successively raised above 7. so that slip can ex- 
tend over the whole perimeter. 2—It occurs when 
r, at the ends of the minor axis becomes equal to 
7.. This implies that slip at all other points on the 
perimeter, at which 7, exceeds r., has no effect on 
the value of 7, at the ends of the minor axis. Neither 
of these extreme criteria seem very reasonable and 
neither leads to a constant value of 7. for various 
values of ¢. An intermediate criterion was therefore 
assumed, namely, that macroscopic slip occurs when 
7, at all points on a fixed fraction of the slip plane 
perimeter has been raised above 7,, the value of this 
fraction and of 7, to be determined from the experi- 
mental data. 

Fig. 5 shows the curves of Fig. 4 replotted in a 
somewhat different form. The ordinate is now 7, 
obtained from Eqs. 1 and 2, and the abscissa is the 
fraction f of one quadrant of the elliptical perimeter 
given by AP/AB in Fig. 3. Within experimental 
error the curves all intersect at 7, = 0.038 kg per sq 
mm and f = 0.68. These particular values are 7,, the 
critical resolved shear stress, and f,, the fixed frac- 
tion of the elliptical perimeter already referred to. 
The quantity (1 — f,) is the fraction of the elliptical 
perimeter in one quadrant on which 7, is greater 
than the critical value 7,. The value of this quantity 
is about one-third, from which it may be concluded 
that microscopic slip extending around one-third of 
the slip plane perimeter provides sufficient slip 
stimulation, in the form of a change in the stress 
distribution in the unslipped region, to cause mac- 
roscopic slip around the whole perimeter. This is 
true even for the two specimens having ¢ equal to 
45° and 52°. 

.For given values of ¢ and @, the exact values of f 
used in plotting Fig. 5 were obtained by elliptic in- 
tegration. When this was done, it was found that f 
was almost equal to 6/90°, for a given value of 4, 
even when ¢ was as large as 60°. 

When ¢ exceeds 45°, some parts of the slip plane 
perimeter are subjected to negative shear stress. 
When a considerable portion of the perimeter is in 
this condition and, in particular, when the maxi- 
mum negative stress is greater numerically than the 
maximum positive stress (¢ > 60°), then it seems 
likely that a condition of elastic instability will re- 
sult and that the specimen will deform in some 
other manner, such as by bending or twinning, 
rather than by torsion. Support for this view is 
given by a specimen with ¢ = 64°, whose deforma- 
tion is discussed in the next section. 

The critical resolved shear stress for magnesium 
in torsion (0.038 kg per sq mm) is roughly half of 
that for magnesium in tension, as determined by 
Bakarian and Mathewson‘ who found 0.0778 kg per 
sq mm for material containing less than 0.02 pet im- 
purities and by Burke and Hibbard® who found 
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Fig. 6—Stereographic projection of magnesium crystal at various stages during torsion. 


0.046 kg per sq mm for material containing less 
than 0.05 pct impurities. To establish that this 
difference between torsion and tension was genuine 
and not due to differences in chemical composition, 
the critical resolved shear stress in tension was re- 
determined in this laboratory on magnesium crys- 
tals prepared in the same way and from the same 
material as the torsion specimens. The average of 
four determinations was 0.066 kg per sq mm. 

Flow Mechanism: Transmission Laue patterns 
were made at intervals during the torsional de- 
formation of magnesium crystals in order to follow 
changes in lattice orientation. Each pattern was 
recorded with the lower end of the crystal rotated 
back to its initial position before deformation; any 
change in lattice orientation shown in these patterns 
was therefore due to deformation alone. The way in 
which the poles of various crystal planes move dur- 
ing torsion is illustrated stereographically in Fig. 6. 

This projection shows that poles move on small 
circles of a stereographic net whose north-south 
axis coincides with the specimen axis, i.e., plane 
normals rotate, not about the slip plane normal, but 
about the axis of torsion. The angular distance 
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which each pole moved on the projection was found 
to be in very good agreement with the measured 
angle of twist of the specimen at the point of in- 
cidence of the X-ray beam. i 

The mechanism of torsional deformation in mag- 
nesium can be visualized as follows. As soon as the 
critical resolved shear stress is exceeded, slip begins 
at the crystal surface on the basal planes. The in- 
terior of the crystal is still only elastically strained, 
however, and acts as a comparatively rigid core. 
This core is surrounded by rings of material which 
have slipped on their basal planes. As torsion pro- 
ceeds, these rings rotate with respect to one another 
but they cannot do so freely, since they are held to 
the rigid core and must, moreover, rotate so that 
their basal planes (and all other planes, for that 
matter) make a constant angle with the torsion axis. 
The result is a tendency for the crystal to separate 
or break apart on its basal planes. 

This behavior is illustrated by the model shown in 
Fig. 7. It is composed of a set of elliptical rings 
surrounding a rigid core so as to form a cylindrical 
rod. These rings are initially in contact on inclined 
planes representing the basal slip planes of a crys- 
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Fig. 7—Model illustrating torsional defor- 
mation. 


tal. When a torque is applied to the surface of the 
upper end of the rod, these rings rotate relative to 
one another as shown by the relative positions of 
the white dots before and after twisting. Since these 
layers are constrained to rotate about the central 
rod, they cannot remain in complete contact on their 
basal planes, as shown in Fig. 7b. 

The greater the angle ¢, the more difficult will 
this kind of rotation become and the greater will be 
the tendency to separation of a crystal on its basal 
planes. This tendency manifests itself in one side of 
the crystal being in tension and the opposite side in 
compression and a real crystal, as opposed to a 
mechanical model, adapts itself to these stresses by 


Fig. 8—Magnesium crystal after 
torsion. 
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bending rather than by separation on its basal 
planes. Fig. 8 shows an example of a magnesium 
crystal bent as a result of torsion: ¢ had a value of 
64° for the specimen shown, which was twisted by 
50° per in. Slip alone seemed to operate, even in 
severely twisted crystals with large values of ¢; 
twinning was not observed macroscopically. 

Is the slip which occurs in torsion the equivalent 
of Wilman’s rotational slip? The answer to this must 
be no it rotational slip is defined as relative rotation 
about the slip plane normal, since such rotation oc- 
curs in torsion only when ¢ =0, i.e., when the tor- 
sion axis coincides with the slip plane normal. Rota- 
tional slip is thus only a special case of torsional slip. 

The torsion of magnesium crystals is not uniform 
along their axes. Measurements of torsional strain 
made in the center of the gage length by an X-ray 
method’ yielded considerably higher strains than 
mechanical measurements based on gages at each 
end of the gage length (the two extreme gages in 


a—Before torsion. 


b—After torsion. 


Fig. 9—Focused Laue reflections from an aluminum crystal. 
Soller slit in primary beam. X1.5. Area reduced approxi- 
mately 40 pct for reproduction. 


Fig. 1). When two other gages were mounted 
closer to the center of the specimen, the X-ray and 
mechanical measurements of strain agreed very 
well, showing that there was a real gradient of 
strain in the specimen. The smaller strain at the 
ends of the gage length are doubtless due to the 
restraint of the adjoining thick sections. 

Some experiments were made with aluminum 
crystals to see how a cubic metal would behave in 
torsion. These experiments are very incomplete: 
the slp plane was not identified, nor was the criti- 
cal resolved shear stress measured. However, it was 
established that lattice plane normals rotate about 
the torsion axis just as they do in magnesium. Some 
X-ray evidence was also obtained for lattice bend- 
ing, probably elastic, in the interior of the crystal. 
However, no appreciable bending of the specimen 
itself was observed and, compared to magnesium, 
the torsional strain in aluminum crystals was found 
to be much more uniform along the specimen axis, 
presumably because aluminum has more available 
slip systems. 
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Julien and Cullity’ compared the elastic torsion 
of quartz with the plastic torsion of aluminum and 
concluded that the latter was extremely nonuniform 
on a fine scale. However, the plastic torsion of alum- 
inum may be surprisingly uniform if the crystal has, 
initially, a high degree of perfection. Fig. 9a is a 
focused Laue reflection, obtained by the method of 
Guinier and Tennevin,’ of a plate-shaped aluminum 
crystal grown by the strain-anneal method: the fine 
focused line to the right of the primary beam spot 
indicates a rather high degree of perfection. Fig. 9b 
shows the same reflection after torsion of 0.19° per 
mm. The striations in this reflection are the result 
of torsion of the crystal and the inclination of the 
striations is a measure of the degree of torsion,’ 
while the fact that the striations are so very straight 
and evenly spaced indicates that the torsion of this 
crystal is extremely uniform. 


Recovery of Torsional Deformation 


The term “recovery” is here used to mean the 
process by which a plastically twisted crystal parti- 
ally relaxes or recovers from its twisted position on 
annealing. Cylindrical crystals of aluminum, about 
¥g in. in diameter and grown by the strain-anneal 
method, were annealed in a salt bath furnace after 
torsional deformation and the untwisting of the lat- 
tice was measured by an X-ray method. The speci- 
men was annealed for a given time, removed for 
X-ray examination, and then returned to the fur- 
nace for further annealing. Guinier and Tennevin* 
have shown that such intermittent annealing pro- 
duces the same effects as continuous annealing. 

Fig. 10a is a typical focused Laue reflection from 
a twisted and annealed aluminum crystal. A Soller 
slit was used in the incident beam and striations in- 
dicating torsion are visible at one end of the reflec- 
tion. (They slope in the opposite direction to those 
in Fig. 9b because of a difference in the direction of 
twist.) The tangent of the angle y between these 
striations and the vertical is proportional to the 
degree of torsion, measured in degree per mm.° 
However, the specimen is highly polygonized in ad- 
dition to being twisted, as evidenced by the fine 
vertical lines crossing the reflection, and these lines 
due to polygonization so obscure the inclined stria- 
tions that a measurement of y is made impossible. 
On the other hand, the angle a between the vertical 
and the diagonal of the whole image, Fig. 10b, is 
readily measurable and it may be shown than tan a 
is directly proportional to tan y. A measurement of 
a thus leads to a value for the degree of torsion in 
arbitrary units. 

Table II shows the results of annealing an alum- 
inum crystal at 600°C for a total period of 404 hr. 
In this table, t’ is the actual annealing time. Poly- 


Table II. Untwisting of Aluminum at 600°C 


Annealing Time, Hr 


t’ t a, Degrees e = tana 
0 — 55 1.43 
1.5 0 54 1.38 
44 42.5 53 1.33 
62 60.5 52 1.28 
81 79.5 51 1.23 
108 106.5 50.5 1.21 
150 148.5 50 1.19 
220 218.5 47.5 1.09 
321 319.5 46 1.04 
404 402.5 45 1.00 
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Fig. 10—Focused Laue reflections from twisted crystals. 


gonization was observed after the first 1.5 hr of 
annealing. In order to formulate the relation be- 
tween torsional strain and time at constant temper- 
ature, the following assumptions were made: 1— 
After 1.5 hr of annealing at 600°C, the specimen 
should be completely polygonized. Any residual 
stress still remaining in the specimen due to pre- 
vious torsion in the crystal becomes the driving 
force for untwisting. The period of 1.5 hr is there- 
fore regarded as a preannealing period as far as 
torsional recovery is concerned and the values of t 
in Table II measure the time of annealing after the 
first 1.5 hr. 2—The untwisting is viscous, i.e., it 
proceeds at a rate proportional to the stress. 3—In 
the absence of an applied torque and after poly- 
gonization is complete, the stress at any time is 
proportional to the strain. 

Making these assumptions and putting tan a = 
e = effective torsional strain in arbitrary units, we 
can write 


de 
dt 


where 7 is the stress and K, and K, are constants. 
Integration of Eq. 3 gives 


[4] 


= Kr = Ke [3] 
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Fig. 11—Relaxation of effective torsional strain wit time at 
600°C for aluminum. 
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The constant K, was evaluated by least squares 
from the data in Table II as 9.16x10~ hr”. Eq. 4 
therefore becomes 


This equation, plotted in Fig. 11, fits the experi- 
mental data fairly well. 

In another experiment an aluminum crystal in the 
form of a rectangular plate was twisted about its 
longitudinal axis and annealed for various periods 
of time at 650°C, which is only some 10°C below 
the melting point. Polygonization occurred rapidly 
and the torsional strain gradually relaxed and, at 
the end of about 50 hr, almost disappeared. Then, 
after 72 hr, the Laue spot was observed to contain a 
set of striations of opposite slope to the initial ones, 
indicating that a part of the crystal had not only 
untwisted completely but had started to twist in the 
opposite direction to the original twist. Leschen’ de- 
scribes this plastic after effect as follows: “In the 
torsion of a rod, for instance, the outer layers are 
under greater stress than the interior portions and 
deform plastically while the interior is still only 
elastically stressed. If the external load is removed, 
the rod partially untwists, but there remains an in- 
ternal distribution of balanced elastic stresses: the 
inner layers have not been entirely relieved of stress 
while the outer portions have been somewhat 
twisted in the opposite, or negative, direction.”’ 


Conclusions 


1—The critical resolved shear stress of mag- 
nesium in torsion is 0.038 kg per sq mm at room 
temperature. 

2—The torsional deformation of both magnesium 
(hexagonal) and aluminum (cubic) is accompanied 
by rotation of lattice planes about the axis of tor- 
sion. As a result, magnesium crystals of particular 
orientations become considerably bent after torsion. 

3—Twisted aluminum crystals untwist at ele- 
vated temperatures at a rate which suggests viscous 
flow. At temperatures near their melting point, 
twisted aluminum crystals can become twisted, at 
least in part, in the opposite direction to the original 
twist. 
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Appendix 

The torsion of a circular cylinder of radius r about 
its axis is considered here with reference to Fig. 3. 
As Wright” has shown, the material of the cylinder 
may be isotropic or anisotropic, with any crystal 
symmetry whatever, without affecting the final re- 
sult. In either case the stress distribution is the 
same. 

At any point P on the elliptical boundary of the 
slip plane, let « be the normal stress (parallel to 
plane normal N), 7 be the shear stress (parallel to 
slip plane), and s be the resultant stress. These 
stresses are evaluated below in a RVZ coordinate 
system, where R is parallel to OP’, V is tangential to 
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the circular cross section at P’, and Z is the axis of 
the cylinder (Fig. 3). 


+ + + + 
Qryzmn + 


where l, m, and n are the cosines of the angles 
which N makes with R, V, and Z, respectively. 1 = 


—sin 6 sin ¢; m = —cos 6 sin ¢; and n = cos ¢. 
Orr = = Try — — — TRZ — 0 

2T 

Tr 


where T is the applied torque. 
Therefore, o = —7, cos @ sin 2¢ 


or — ol = 7, Sin26 sin*¢ cos ¢ 
oy = om = 27, cos sin’¢ cos ¢ 
o, = on = —2r7, cos @ sin ¢ cos’ ¢. 


The components of the resultant stress are: 


== — (corel + tyrkM + ==) 
Sy = —(tavl + ovvm + t2yN) = —7, COS > 
Sz = —(trzl + tyzm + o7zzN) = COS O sin ¢. 


The components of the shear stress are: 


Tr = Sp — Op = —7, Sin 26 sin’d cos d 

ty = Sy —oy = —7,cos¢ (1+ 2cos@sin*¢) [6] 

= =7,coS (1 + 2 cos’). [7] 
Let 7, be the component of the shear stress in the 


slip plane and tangential to its boundary at P, and 
8 be the angle between 7, and the V axis. Then 


T= tz Sin 6 — ty COS 6 [8] 
1 
where 6 = cos~ . [9] 
\/1 + cos*6 tan*¢ 


Eqs. 6 to 9 combine to give 


2 2 
(cos@ tan*¢ — 1) cos ¢ [10] 
\/ (cos’6 tan*$ + 1) 

This expression gives the tangential shear stress 
component acting on the material below the slip 
plane. Eq. 2 refers to 7; above the slip plane and is 
obtained by changing the sign of the above expres- 
sion. 
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TRANSACTIONS AIME 


Application of the ARL Quantometer to Production Control 
In a Steel Mill 


by H. C. Brown 


Sees 1934 the steel industry has been utilizing 
the spectrograph for supplementing wet chemical 
analysis in the production control of electric and 
open hearth furnaces. This means of control made 
great strides during the war years because of the 
general acceptance of the spectrograph and the in- 
creased emphasis that was placed on rapid control 
methods. However, in the post war era, with the 
demand still on increased production, it became 
apparent that a still more rapid and economical 
means of production control was needed. Since the 
spectrograph had been used mostly in the analysis 
of low alloying and residual elements, it also be- 
came apparent that equipment was needed to extend 
the spectrographic technique to the analysis of the 
high alloying elements in stainless steel. 

For these reasons, companies manufacturing spec- 
trographic equipment were prompted to start devel- 
opment work on direct reading instruments. In 
June 1949, the Applied Research Laboratories of 
Glendale, Calif., announced that a direct method of 
spectrochemical analysis for stainless type steels had 
been developed. This paper will describe the use 
of the Applied Research Laboratories Production 
Control Quantometer in the quantitative control of 
stainless, silicon, and plain carbon steels being made 
at the Butler Pennsylvania Div. of the Armco Steel 
Corp. 

The Armco Butler Div. has one 70-ton electric 
furnace and six 150-ton open hearth furnaces. The 
electric furnace is employed in the making of all 
types of stainless steel and the open hearth furnaces 
are used for the production of silicon, wheel, and 
plain carbon steels. The ARL quantometer was pur- 
chased primarily for the purpose of controlling the 
steelmaking in the electric furnace, but its use has 
been extended for the analysis of final tests (ladle 
tests) on a number of different types of stainless, 
silicon, and plain carbon steels. Because of this 
additional work by the quantometer, substantial 
savings in manpower and time have been realized 
by the laboratory. In the analysis of a set of pre- 
liminary tests from the stainless steel furnace, ap- 
proximately 40 min in laboratory time are saved 
due to quantometric analyses. Despite the fact that 
more specialty grades of stainless steel are being 
made in the electric furnace, the average tons per 
hour have been increased since the quantometer 
was put into operation. Specialty grades require 
more furnace time than regular commodity grades 
of stainless steel. 

The installation of the ARL production control 
quantometer was completed on March 13, 1952. By 
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Butler, Pa. 
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May 1, 1952, the instrument was calibrated for 
nickel, chromium, manganese, silicon, and molyb- 
denum, which are the elements necessary for the 
production control of the stainless steel furnace. 
Within the following month, training of personnel 
on the quantometer was achieved and a study of the 
accuracy of the instrument showed that the results 
obtained were sufficiently accurate for control pur- 
poses. Therefore, on June 11, 1952, the quantometer 
was placed on production control for all types of 
stainless steels. Starting September 11, 1952, the 
instrument was gradually placed on ladle analysis 
(final tests) as the analytical curves were refined 
and additional curves were drawn. 

The quantometer has been relatively free of 
breakdowns since placing it on production control. 
The samples from only one stainless steel heat have 
had to be analyzed by wet chemistry because of 
instrument trouble. The previously existing heat- 
time record was also bettered by 15 min on a com- 
modity grade of 18-8 stainless steel. 


Scope of Control 

In general, the quantometer determines all ele- 
ments necessary for the production control of all 
types of stainless steel heats and for the ladle analy- 
sis of various types of stainless steel heats. It is also 
used in reporting final results for silicon, manganese, 
chromium, nickel, molybdenum, tin, copper, and 
aluminum on all silicon steel grades and manganese, 
chromium, nickel, molybdenum, tin, and copper on 
several plain carbon steel grades. 

Table I shows the elements and the concentration 
ranges of these elements in the various types of 
stainless, silicon, and plain carbon steel that are 
determined on the quantometer. A study of the 
results obtained on ladle test samples of stainless 
steel types 410, 430, 430 Ti, 446, 301, 302, 304, 
304L, 305, and 17-7 PH will be discussed. Also in- 
cluded in the study are the results obtained on ladle 
test samples of a number of silicon steels. 


Apparatus 

In order to take full advantage of the potentials 
of the production control quantometer, the unit has 
been placed in an air-conditioned room with rela- 
tive humidity control. The temperature is main- 
tained at 73°+2°F and the humidity at 45+5 pct. 
The air conditioning serves as a precaution to mini- 
mize the amount of adjustment and calibration 
needed during operation. It also reduces contamin- 
ating fumes and dust and thereby lessens the neces- 
sity for maintenance on the equipment. 

The quantometer is composed of three units: the 
high precision multisource unit, the 1.5 meter verti- 
cal spectrometer, and the console. The source unit 
supplies excitation conditions varying from spark- 
like discharges to arc-like discharges. The voltage 
to the source unit is supplied by a motor-generator 
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Table |. Concentration Ranges of Elements Determined by 
Quantometer for Various Types of Steel 


Concen- 

Ele- tration 
ment Type of Steel Range, Pct 
Ni Stainless type 410, 430, 430 Ti, 446 0.05 — 1.25 
Ni Stainless type 301, 302, 304, 304 L, 305,17-7 PH 4.00 —11.00 
Ni Silicon 0.005— 0.50 
Ni Plain carbon 0.005— 1.00 
Cr Stainless type 410, 430, 430 Ti, 446 9.00 —28.00 
Cr Stainless type 301, 302, 304, 304 L, 305, 17-7 

PH; 321,/316 10.00 —20.00 
Cr Silicon 0.005— 0,50 
er Plain carbon 0.005— 0.70 
Mn __— Stainless type 410, 430, 430 Ti, 446 0.05 — 1.00 


Mn Stainless type 301, 302, 304, 304 L, 305, 
17-7 PH 0.05 — 1.50 


Mn Stainless type 309, 321, 316, 310 S, 310 S Ti 0.05 — 2.25 
Mn Silicon 0.005— 0.60 
Mn Plain carbon 0.10 — 0.70 
Si Stainless type 410, 430, 430 Ti, 301, 302, 304, 

446, 304 L, 305, 17-7 PH, 309, 321, 316, 310S, 

310S Ti 0.05 — 1.25 
Si Silicon 0.90 — 5.25 
Cu Stainless type 410, 430,430 Ti, 301, 302, 304, 

304 L, 305, 17-7 PH, 309, 321, 316, 310S, 

310 S Ti, 446 0.10 — 0.60 
Cu Silicon 0.05 — 0.50 
Cu Plain carbon 0.05 — 0.50 
=i Bf Stainless type 430 0.02 — 0.25 
Mo Stainless type 316 1.50 — 3.00 
Mo _— Stainless type 410, 430, 430 Ti, 301, 302, 304, 

446, 304 L, 305, 17-7 PH, 309, 321, 316, 310S, 

310S Ti 0.005— 0.50 
Mo _ Silicon 0.003— 0.050 
Mo Plain carbon 0.003— 0.060 
Al Stainless type 17-7 PH 0.80 — 1.40 
Al Silicon 0.003— 0.35 
Sn Stainless type 410, 430, 430 Ti, 301, 302, 304, 

304 L, 305, 17-7 PH, 309, 321, 316, 310S, 

310 S Ti, 446 0.005— 0.1 
Sn Silicon 0.005— 0.10 
Sn Plain carbon 0.005— 0.1 
Pb Stainless type 410, 430, 430 Ti, 301, 302, 304, 

304 L, 305, 17-7 PH, 309, 321, 316, 310S, 

310 S Ti, 446 0.001— 0.015 


set and is regulated by a Westinghouse SRA-3 Sil- 
verstat regulator. 

The spectrometer is constructed of a box-type 
aluminum weldment, vertically mounted, and con- 
tains the diffraction grating, photomultiplier tubes, 
mirrors, and slit assemblies. The diffraction grating 
installed in this instrument is ruled 24,400 lines per 
inch. The instrument has a dispersion of 6.95A per 
mm and a resolution of 0.54 when using a 0.006 in. 
slit. The primary or entrance slit is 50 microns wide 
and the secondary or exit slit for the element and 
internal standard lines are 150 microns wide. The 
secondary slits are semifixed and can be adjusted so 
that the maximum amount of light will fall on the 
mirrors which in turn directs the light onto the 
photomultiplier tubes. 

The console houses all the necessary high and low 
voltage power supplies, the condensers, the electro- 
meter amplifier, the calibration sensitivity controls 
for all element ranges, the phototube voltage con- 
trols, the switching circuits, and a recording system. 
The condensers store the integrated phototube out- 
put, the amplifier measures the voltage on the con- 
densers, and the recording system records the am- 
plifier response. The recording system gives an 
inked record of all analyses. The calibration sensi- 
tivity controls are used to standardize the recorder 
scale for the particular ranges desired. : 

A calculating machine is used to speed up calcu- 
lations and is especially desirable for preliminary 
analyses where time is an important factor. A 
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Campbell model 406 cut-off machine and two belt 
surfacers are used for sample preparation. 


Sample Preparation 

It has been found that sampling is one of the most 
important factors for accurate quantometric analy- 
sis. Since the spectrometer unit is equipped with a 
Petry stand, the point-to-plane technique of analy- 
sis is employed. A flat sample is used as the positive 
electrode while a 120° carbon is used as the negative 
electrode. A gap distance of 3 mm separates the 
two electrodes. 

The sampling procedure being used is as follows: 


‘the furnace or ladle sample is poured into a round 


cast iron mold, 234 in. deep and 24% in. in diameter 
at the top and 2% in. in diameter at the bottom. 
This sample is water-quenched and a slice approxi- 
mately % in. thick is cut from the bottom of the 
sample with the automatic cut-off machine. The 
final surface of the sample is prepared on a belt sur- 
facer with a 180 grit aluminum oxide belt. The 
polished sample is then sparked approximately % 
in. in from the outside edge. This location is within 
the perpendicular dendritic field where it is be- 
lieved that better reproducibility should be obtained 
as shown by previous work in the Armco Research 
Laboratories. 


Excitation and Line Pairs Used 

Two discharge conditions from the multisource 
unit have been chosen for the analysis of stainless, 
silicon, and plain carbon steels. A spark-like dis- 
charge with multisource settings of 10 microfarads 
capacitance, 90 microhenries inductance, and 5 
ohms resistance is used for the analysis of the alloy- 
ing elements. An arc-like discharge with multi- 
source settings of 40 microfarads capacitance, 550 
microhenries inductance, and 25 ohms resistance is 
used for the analysis of the residual elements. 

The line pairs with the percentage range for 
which they can be calibrated are shown in Table II. 


Standards 

All quantometric analyses are based on standard 
samples. Two standards, in the case of stainless 
steel analyses, are run before each unknown and 
the average deviation of the standards from the 
chemical values is applied to the unknown samples. 
The standard samples were chosen in the following 
manner: test samples covering a broad percentage 
range for all elements were taken from a large 
number of production heats. The samples which 
proved to be most reproducible on the quantometer 
were then carefully chemically analyzed by the 
Armco Research Laboratories and the chemical 
laboratory of the Armco Butler Div. These samples 
were then used to construct standard analytical 
curves and the samples which gave readings that 
fell on or near the curve were used as permanent 
standards. In some cases laboratory heats were 
see for standards, especially the calibration stand- 
ards. 

It might be suggested here that a new quantomet- 
ric laboratory obtain a set of their own standards 
from production heats made in their own plant. It 
is evident that the metallurgical properties of sam- 
ples can vary due to variations in methods of sam- 
pling. These characteristics must be standardized. 


Calculations 
General operation of the quantometer will not be 
discussed since a regular procedure can be formulat- 
ed and standardized by each laboratory. However, 
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methods of calculation in determining the analysis 
of a stainless steel preliminary or ladle sample will 
be explained. First, two standard samples which 
have been accurately analyzed by wet chemical 
methods are sparked at least four times and allowed 
to record each time on the console recorder. The 
average chart reading for each element of the stand- 
ard is converted to percentages from a standard 
working curve. The corrections, which will be ap- 
plied later to the preliminary or ladle sample, are 
then determined by comparison with the previously 
analyzed chemical results. The preliminary or ladle 
sample is then run at a predetermined duodial set- 
ting. The duodial is a control placed on the sensi- 
tivity knob of the internal standard iron channel 
which regulates the exposure time to give a prede- 
termined integrated intensity of the standard iron 
reference line. After the preliminary or ladle sam- 
ple has been sparked once and allowed to record, 
the chart reading of each element to be determined 
is converted to percentages by reading the calibra- 
tion curve for that particular element. The percent- 
ages of the elements are then added along with the 
iron percentage which has been introduced in the 
instrument by the duodial control knob. If the total 
of these percentages is between 98 and 102 pct, the 
sample is then run at least two times on a prelimi- 
nary test and four times on a ladle test, and the 
average chart reading of the individual runs is 
taken for each element. The new chart readings are 
converted to percentages and again added along 
with the iron percentage. The sum of the percent- 
ages is then divided into 100, and the factor obtained 
is applied to the percentage of each element. The 
sum of the calculated percentages should equal 100. 
The corrections, if any, as indicated by the stand- 


Table Il. Element and Internal Standard Iron Lines Used in 
Analysis of Steels 


Element Iron 
Line Line 


Concentration 
Range, Pct 


Stainless Steels 


2270.2 Ni 2714.4 Fe 0.05 — 2.0 
2316.0 Ni 2714.4 Fe 2.0 -—10.0 
2316.0 Ni 2714.4 Fe 9.0 —30.0 
2677.2 Cr 2714.4 Fe 0.5 — 2.0 
2860.9 Cr 2714.4 Fe 2.0 12.0 
2860.9 Cr 2714.4 Fe 10.0 —30.0 
2949.2 x 2 Mn 2714.4 Fe 0.05 — 2.5 
2516.1 Si 2714.4 Fe 0.1 — 2.0 
2516.1 Si 2714.4 Fe 1.0 — 5.0 
3372.8 x 2 Ti 2714.4 Fe 0.1 — 1.0 
3195.0 x 2 Cb 2714.4 Fe 0.2 — 2.0 
2816.2 x 2 Mo 2714.4 Fe 1.0 — 5.0 
3170.3 Mo 4404.7 Fe 0.005— 0.5 
3961.5 Al 2714.4 Fe Or 
3274.0 x 2 Cu 2714.4 Fe 0.1 — 1.0 
2242.6 Cu 2714.4 Fe 0.5 — 3.0 
2833.1 x 2 Pb 4404.7 Fe 0.005— 0.2 
3262.3 Sn 4404.7 Fe 0.005— 0.2 
4008.8 W 4404.7 Fe 0.05 — 0.1 
2496.8x2B 4404.7 Fe 0.001— 0.02 
3414.8 Ni 4404.7 Fe 0.005— 0.5 
3274.0 x 2 Cu 4404.7 Fe 0.005— 0.2 
3412.3 x 2 Co 4404.7 Fe 0.01 — 0.5 
3195.0 x 2 Cb 4404.7 Fe 0.005— 0.4 
3311.2x2: Ta 4404.7 Fe 0.03 — 0.3 
3961.5 Al 4404.7 Fe 0.005— 0.3 
Silicon and Plain Carbon Steels 
2881.6 x 2 Si 3067.2 x 2 Fe 1.0 — 5.0 
2949.2 x 2 Mn 3067.2 x 2 Fe 0.11 — 0.5 
2949.2 x 2 Mn 4404.7 Fe 0.01 — 0.5 
4254.3 Cr 4404.7 Fe 0.005— 0.5 
3414.8 Ni 4404.7 Fe 0.005— 0.5 
3170.3 Mo 4404.7 Fe 0.005— 0.5 
3961.5 Al 4404.7 Fe 0.005— 0.3 
3262.3 Sn 4404.7 Fe 0.005— 0.2 
3274.0 x 2 Cu 4404.7 Fe 0.005— 0.2 
2496.8x2B 4404.7 Fe 0.001— 0.02 
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N=72 
20=+10.090% Ni (single determination) 
20 =+0.045% Ni (four determinations) 


8.52 X = 8.379% Ni 


@ 
nN 
° 
° 
° 


° 


@ 

@ 
T 


(o) 20 30 60 70 
Repeotobility runs, single determination 
Fig. 1—Reproducibility of nickel in type 304 stainless steel. 
N=72 
18.30 - 20=+0.178% Cr (single determinations) 


18.25 20=+0.089% Cr( four determinations) 
: X = 17.9515% Cr 


10 20 30 50 0 70 


40 
Repeotability runs, single determination 


Fig. 2—Reproducibility of chromium in type 304 stainless steel. 


ards that were previously run are now applied to 
the calculated percentages of each element to give 
the final result. 

In the first calculation of the unknown, if the total 
percentage does not fall between 98 and 102 a new 
duodial setting is placed in the instrument, thus 
correcting the iron percentage and making the total 
percentage fall within the specified limits. A curve, 
duodial reading vs percentage iron, has been deter- 
mined so that a new duodial setting can be chosen 
quickly and set in the instrument. Since the stand- 
ards have been run a number of times, duodial set- 
tings have been established and the same duodial 
setting is used each time the standard is run. 


Reproducibility 

To indicate the reproducibility of the quantomet- 
ric procedure, data were obtained on a standard 
sample for a period of approximately one month. 
The sample studied was a type 304 stainless steel. 
This sample was selected from the group of stand- 
ard samples used in stainless steel analyses and is 
therefore representative of the standards used to 
apply the day to day corrections to the unknowns as 
outlined earlier in this report. The sample was 
sparked four times on 18 different occasions for a 
total of 72 individual sparkings. Figs. 1 and 2 show 
the reproducibility data obtained for nickel and 
chromium. Two sigma (2c) was calculated for each 
element and found to be +0.178 pct for chromium 
and +0.090 pct for nickel. If the average of four de- 
terminations are used, which is the number used for 
daily routine analysis, two sigma (2c) for each ele- 
ment would be as follows: chromium, +0.089 pct; 
nickel, +0.045 pct. 

The average concentration (calculated) of the 
elements in the stainless steel sample used for the 
reproducibility studies is as follows: chromium, 
17.95 pct; nickel, 8.38 pct. 

The reproducibility values as determined for any 
one element would include all the factors which 
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Table III. Comparison of Quantometric and Chemical Results 


Concentration Average ‘Average Deviation 
N f ‘Range, Concentration, from Chemleol 
Samples Element Type of Steel Pet Pet Pe 
i i 0.013 
Ni Stainless 410, 430, 430 Ti, 446 0.19 — 0.58 0.33 
oe Ni Stainless 301, 302, 304, 304L, 305, 17-7 PH 7.20 —11.08 oe ee 
133 Cr Stainless 410, 430, 430 Ti, 446 12.48 —24.95 17.19 poe 
70 (Oh9 Stainless 301, 302, 304, 304L, 305, 17-7 PH 16.98 —19.76 18.06 i 
65 Mn Stainless 410, 430, 430 Ti, 446, 301, 302, Piri: 
304, 304L, 305, 17-7 PH feaop 0.26 — 1.42 0.56 " 
Si Stainless 410, 430, 430 Ti, 446, 301, 302, 
ae ’ 304, 304L, 305, 17-7 PH 0.30 — 0.97 0.59 0.015 
Cu Stainless 410, 430, 430 Ti, 446, 301, 302, 
os 304, 304L, 305, 17-7 PH 0.13 — 0.25 0.17 ER 
39 Stainless 430 0.080— 0.22 0.14 
29 Si Silicon 0.95 — 3.47 2.66 z 
Zo Mn Silicon 0.070— 0.28 0.12 0.00 


influenced the quantometric analyses for that ele- 
ment for that run. Some of the factors are operator 
techniques, instrument errors, errors in interpreting 
charts, sample preparation, etc. 


Accuracy 

The accuracy of the quantometric method was 
determined by comparing the routine results ob- 
tained daily on the quantometer with those obtained 
by wet chemical methods. Comparison of analyses 
by both the wet chemical and quantometric methods 
are shown in Table III. These comparisons include 
all the data obtained on ladle test samples of 203 
heats of stainless steel types 410, 430, 430 Ti, 446, 
301, 302, 304, 304 L, 305, and 17-7 PH. Also included 
in the table are results on ladle test samples of 29 
silicon steels. The table shows the number of sam- 
ples from which the comparisons were made, the 
elements determined in the different types of steel, 
the concentration range of each element, the aver- 
age concentration of each element, and the aver- 
age deviation of the quantometric values from those 


50 Nickel range, 7.20 to 11.08% 
45 E 70 determinations, each 
E determination an average 
4oE of 4 shots 
[= 
30 Fig. 3—Quantometric 
ys chemical values 
$25 = for nickel in stain- 
less steel, ladle test 
samples. Stainless 
Die steel types 301, 302, 
304, 304 L, 305, and 
=10 17-7 PH. 
oF 
0) 0.05 O10 ONS O20 025 
Deviation from wet chemical 
percentage of nickel 
100 Chromium range, 12.48to 2495% 
E 203 determinations, each 
90 & determination an average 
i 80 = of 4 shots 
vs chemical values 
for chromium in 
0 SOF stainless steel, ladle 
Cle test samples. Stain- 
Ble less steel types 410, 
Boor 430, 430 Ti, 446, 
301, 302, 304, 304L, 
E 305, and 17-7 PH. 
(0) E | 


Deviation from wet chemical, 
percentage of chromium 
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obtained chemically. The following elements were 
studied for this paper: nickel, chromium, manganese, 
silicon, copper, and titanium. 

Figs. 3 and 4 show a graphical presentation of the 
accuracy obtained for nickel and chromium in the 
stainless steel types. For the elements not shown 
graphically, the following deviations from wet 
chemical values were obtained: 

1—Nickel (types 410, 430, 430 Ti, 446): Only one 
quantometric value varied by more than +0.020 pct 
Ni from the chemical value. 

2—Manganese (all types): Six quantometric val- 
ues deviated by more than +0.030 pct Mn from the 
chemical values. 

3—Silicon (all types): All quantometric values 
except one fell within +0.050 pct Si of the chemical 
values. 

4—Copper (all types): All quantometric values 
fell within +0.020 pct Cu of the chemical values. 

5—Titanium (type 430): All quantometric values 
fell within +0.030 pct Ti of the chemical values. 

The data presented in Table III include errors 
from a number of variables, such as chemical errors, 
instrument errors, excitation errors, segregation 
errors. However, the average deviation obtained 
between the quantometric and chemical determina- 
tions show that the accuracy observed on the quan- 
tometer is sufficient for the instrument to be used 
on routine control. 

Summary 

The use of the ARL production control quan- 
tometer has been discussed for the analysis of stain- 
less, silicon, and plain carbon steels. This instrument 
has afforded a rapid means of analysis for the pro- 
duction control of all types of stainless steel and is 
also being used in the analyses of final tests from a 
number of stainless, silicon, and plain carbon steels. 
Since the installation of the quantometer the labo- 
ratory has realized a substantial savings in man- 
power and time. 

The quantometer has been used successfully by 
the Armco Butler Div. since June 11, 1952. In most 
cases, the accuracy obtained by quantometric means 
compare favorably with that obtained by routine 
wet chemical methods. 
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Distribution of Manganese Between Slag and Metal 


Under Reducing Conditions 


by J. E. Stukel and J. Cocubinsky 


CONSIDERABLE amount of information is 

available on the equilibrium distribution of 
manganese between slag and metal under oxidizing 
conditions. These data have increased our knowl- 
edge of the manganese reactions in the open hearth, 
ladle, and ingot mold. In contrast, there is a paucity 
of data on the slag-metal distribution of manganese 
under reducing conditions. The purpose of the 
present investigation was to study the equilibrium 
distribution of manganese between blast-furnace 
type slags and iron saturated with carbon. 


Experimental Method 

Furnace: The induction furnace used for the ex- 
periments is shown in Fig. 1. A 1 in. pipe, attached 
to the transite cover, was fitted with a window 
through which the charge could be observed. Mate- 
rial could be introduced into the furnace through a 
tee and plug without removing the cover. A graph- 
it cylinder (3 in. ID and 10% in. long), centered 
within the induction coil, was used as a heating 
element. During a test, a zircon plug kept the top 
of the furnace from becoming too hot from heat 
radiation. At the bottom, a graphite block on the 
vertical center line of the furnace and extending 
1% in. into the coil, was used as a support for the 
graphite crucibles containing the melt. The graphite 
crucibles, machined from regular carbon electrode 
stock, had a 25 in. OD with 3/16 in. walls and were 
5% in. long. 

The fumes present in the furnace during the 
early part of a run made optical readings uncertain. 
A noble metal thermocouple was, therefore, adopt- 
ed to measure the temperatures. The arrangement 
used, shown in Fig. 1, allowed the silmanite protec- 
tion tube to be replaced with a minimum effort. 

The thermocouple was calibrated against a 
standard Pt-Pt-Rh thermocouple in a fused quartz 
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Fig. 1—Schematic drawing of the experimental induction furnace. 


protection tube. The latter was inserted in the 
molten iron by removing the glass window on the 
cover. The lower couple was found to be very sen- 
sitive to temperature changes. To insure accurate 
temperature readings, the graphite crucibles were 
made to fit tightly against the silmanite protection 
tube. Further, to avoid contamination of the ther- 
mocouple by carbon, the silmanite tube was 
changed and the calibration procedure was repeated 
at frequent intervals. By using this temperature 
measuring technique, the furnace was easily held 
within +10°C of the desired temperature. 

Because of the small free space in the furnace, no 
attempt was made to control the atmosphere. It 
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Fig. 2—Time required to reach equilibrium. 


was assumed that the CO resulting from the reac- 
tion between the hot graphite and the gaseous de- 
composition products in the charge (CaCO,, HeSolOs; 
MnO.) would be sufficient to reduce the nitrogen 
from the entrapped air to relatively low amounts. 
Further, the CO from the reduction of the silica and 
MnO would exert a slight positive pressure to mini- 
mize air infiltration. 

Determination of Equilibrium Time: Hatch and 
Chipman’ have shown that a considerable amount 
of time is required to reach sulphur equilibrium in 
a system containing carbon-saturated iron and 
blast-furnace type slags. Their data also show that 
an even longer time is required for the silicon equi- 
librium. Because of this, a number of runs were 
made at random temperatures to determine the time 
required to reach manganese equilibrium. 

The synthetic slags were made by mixing 20 
grams of chemically pure MnO, with 70 grams of 
the other slag components; namely, varying 
amounts of chemically pure quality H.SiO;, Al,O,, 
and CaCO;. This mixture was added to a graphite 
crucible together with 500 grams of ingot iron and 
a small amount of graphite turnings. The turnings 
were used to prevent an excessive solution of the 
crucible walls into the molten iron. The timing was 
started as soon as the system appeared molten at 
the desired temperature. 

A metal sample was taken every hour during a 
run by a modification of the Taylor sampler.” A 
¥ in. pipe was fitted with an aspirator on one end 
and a threaded couple on the other end. A 4 in. 
graphite rod, with a % in. hole drilled through it, 
was threaded and screwed into the coupling. Dur- 
ing sampling, the furnace cover was removed and 
the sampling rod was inserted through the hole in 
the zircon plug and into the metal. A solid rod of 
metal about 3 in. long was usually obtained for 
chemical analysis. The cover was replaced as soon 
as the sample was taken. 

The results of these tests are plotted in Fig. 2. 
The scatter in the points, especially during the first 
3 hr of a test, might have been minimized if me- 
chanical stirring had been used. Despite this, the 
plot indicates that equilibrium is reached in about 
4 to 5 hr with slags of varying basicities at tempera- 
tures at 1300°C and higher. Since the manganese 
equilibrium was to be determined only from one 
direction, namely slag to metal, a minimum of 5 hr 
was considered ample time to reach equilibrium 
in all succeeding runs. 

Determination of the Effect of Slag Composition 
and Temperature on Manganese Distribution: In 
order to minimize the effect of segregation, the in- 
got iron weight was reduced to 250 grams. The 
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manganese dioxide addition was decreased a lesser 
extent to have a slightly higher manganese content 
in the metal than in the initial runs. Because the 
escaping gas mixed the slag phase so well, the 
weight of slag (minus MnO.) was increased to 80 
grams. As in the previous runs, the slag compo- 
nents, ingot iron, and graphite turnings were all 
added to the graphite crucible at the start of a test. 
Although the temperatures were recorded every 
15 min, a continual check was made throughout a 
heat. At the end of 5 hr the crucible was taken out 
of the furnace and quickly emptied into a cast iron 
mold. Samples were then prepared for chemical 
analysis. The results are recorded in Table I. 


Experimental Results 


Manganese Equilibrium: Using the convention 
adopted by Basic Open Hearth Steelmaking (AIME, 
1951 edition), the reduction of manganous oxide 
from the slag may be represented by the equation 


MnO + C=Mn + CO. [1] 


The equilibrium constant for this reaction may be 
written 


Ayn Peo 


[2] 
Ac 


In a carbon-saturated system the activity of carbon 
is unity. Despite the possible presence of small 
amounts of nitrogen in the furnace, the CO pressure, 
for simplification, is considered equal to one at- 
mosphere. Since the activities of the manganese 
and manganous oxide are not known, they will be 


Table |. Determination of the Effect of Temperature and Slag 
Composition on the Manganese Distribution under Reducing 


Conditions 
Final 
Tem- Metal Analy- 
pera- sis, Pct Final Slag Analysis, Pct 

Run ture, 
No. °C Mn Si CaO Si0. AlLOs MnO FeO MgO 

1 1448 2.34 0.08 43.44* 39.46 11.77 4.84 0.49 

2 1451 2.25 0.12) 48:76* 40:23 10:51 4:73) 0/77 

3 1451 2.12 0.10 36.26* 40.91 16.88 5.41 0.54 

4 14507 47.46 O72) 75.52) 80126) 

5 1450 28:44 38:53 28:72 0113 

6 1452 2.06 0.06 33.30 43.72 19.62 4.51 0.22 

7 1453 2.01 0.29 34.95 45.60 14.61 4.75 0.28 

8 1449 1.39 0.06 23.40 53.64 15.21 6.08 0.48 

9 1449 1.60 0.31 28.57 48.38 18.24 5.87 0.57 
10 1449 1.24 0.50 19.59 5446 18.63 6.40 0.51 
11 1450 1°49" (0:57, “21°43. 
12 1451 1.24 0.68 24.10 56.26 14.34* 5.11 0.19 
13 1451, 1.51. (0:61, 29:77) 
14A 1449° 0.72 44:81 13:01 1843) 0115 
14B 1450 1.12 0.14 39.96 45.00 13.00 2.64 0.13 
14C 1449 1.80 0.12 42.80 42.50 11.40 3.64 0.31 
14D 1449" 3.95 0:12. 10:36) ONG 
15 1450 1.98 0.29 34.76 45.53 8.19 4.85 0.12 4.41 
16 1450 2.12 0.31 30.74 45.79 S320 OS 
17 1450 2.09 0.23 25.99 45.36 11.82 4.77 0.10 11.11 
18 1449 2.26 0.13 38.10 41.30 11.91 4.24 0.09 5.46 
19 1449 2.34 0.13 27.69 41.02 11.71 5.58 0.13 12.79 
20 1449 2.35 0.07 34.66 41.11 1252 419 0.13 8.07 
it 1449 1.10 042 15.59 58.72 18.22 9.12 0.41 
22 1539 2.55 0.74 29.25 36.44 3129 3.56 0.14 
23 1538 2.56 1.28 4227 4426 12.12 3.24 0.19 
24 1542 2.32 0.47 25.82 35.11 26.40 4.53 -0.30 
25 1539 2.40 0.21 36.16 37.45 25.14 4.58 0.22 
26 1542 2.45 0.18 $1.88 (35:97 3°89" 0118 
28 1539 2.65 0.18 36.59 35.56 2634 3.33 0.15 
29 1538, 2:50," 0°12) 89:72) 8826" 
30 1538 2.52 0.13 4490 38.61 12.54 3.82 0.92 
31A 1537 1.88 0.32 38.04 43.00 15.75 3.06 0.18 
31B 1538 1.35 0.42 38.68 43.50 15.85 1.97 0.19 
Sie 1538 0.91 062 39.10 43.54 1624 1.17 0.20 
31D 1539 4.40 0.24 37.03 41.34 14.88 6.77 0.20 
32 1538 2.00 1.26 26.27 50.50 17.82 5.18 0.18 
33 1539 1.36 1.06 17.14 55.85 19.80 17.22 0.16 


* Obtained by difference. 
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Fig. 3—Effect of the lime-silica ratio and temperature on the 
manganese distribution. 
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Fig. 4—Effect of the manganese concentration on the dis- 
tribution ratio. 


assumed to be proportional to their respective con- 
centrations. With these conditions in mind, the 
equilibrium may be written 
K [% Mn] 

A plot of K’ as a function of the lime-silica ratio 
in the slag for the two temperatures used in this 
study is shown in Fig. 3. The chemically analyzed 
weight percentages were used to calculate the lime- 
silica ratios. At a given temperature, an increase in 
the lime-silica ratio shifts the equilibrium to higher 
manganese concentrations in the metal. This shift 
is quite pronounced until the lime-silica ratio ap- 
proaches 0.8 to 1.0. This change in the manganese 
distribution ratio is, most likely, due to the higher 
manganous oxide activity resulting from the neu- 
tralization of the silica by the lime. Fig. 3 also 
shows that at a given lime-silica ratio, a higher 
temperature decreases the value of kK’ to favor a 
greater manganese recovery. Although the alumina 
in the slags varied from 8.1 to 36.4 pct, it appeared 
to have no significant effect on the manganese dis- 
tribution. Thus, the manganese distribution may be 
described, in the main, by the lime-silica ratio and 
temperature. 

In runs 14A, B, C, and D at 1450°C and in runs 
31A, B, C, and D at 1540°C, the manganese addition 
was varied to determine the effect of concentration 
on the (MnO)/[Mn] ratio. The lime-silica ratio was 
relatively constant at each temperature. The re- 
sults are plotted in Fig. 4. Over the range of man- 
ganese concentrations normally found in pig iron, 
the ratio appears to be independent of concentration. 


TRANSACTIONS AIME 


Runs 15 through 20 at 1450°C were made to 
determine the effect of magnesia on the manganese 
distribution. The results are plotted in Fig. 5. In 
this plot the effect of the slight variation in the 
(% CaO) + (% MgO)/(% SiO.) ratio was elim- 
inated by the graphical method of multiple correla- 
tion.® It appears that magnesia may replace lime 
up to 13 pct in the slag, on a weight percentage 
basis, without affecting the manganese distribution. 

Silicon Equilibrium: Although the primary sub- 
ject of this investigation was the manganese dis- 
tribution, the data also permit a study of the silica 
reduction. Silicon determinations were made on 
the metal samples in a number of runs in Fig. 2. It 
was found that equilibrium was established within 
5 hr at 1300°C, but not at 1500°C. Therefore, sili- 
con equilibrium probably was not established in the 
allotted time in the runs made at 1540°C. There 
may also be some doubt that equilibrium was ap- 
proached in the runs made at 1450°C. 

Because very few data are available on the re- 
duction of silica from blast furnace slags in the 
presence of carbon-saturated iron, it was decided 
to analyze the data to indicate qualitative trends. 
A plot of the silicon in the metal as a function of 
the lime-silica ratio in the slag is shown in Fig. 6. 
This relationship was obtained by eliminating the 
effect of the alumina in the slag with the aid of 
graphical multiple correlation. Increasing alumina 
was found to decrease the silicon in the metal. The 
manganous oxide in the slag appeared to have no 
effect on this reaction. In the six runs with mag- 
nesia additions, the data did not justify considering 
the effect of the magnesia separately. For this rea- 
son, it was considered equivalent to the lime. The 
broken line represents the data at 1540°C. As ex- 
pected, the data at 1540°C showed an even greater 
scatter than the results at 1450°C. 


(MnO) / [Mn], WT % 
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Fig. 5—Effect of magnesia on the manganese distribution. 
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Fig. 6—Qualitative relationship of the lime-silica ratio and tem- 
perature on the silicon in the metal. 
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Iron Content of the Slag: The iron oxide content 
of the slag was determined after the sample was 
treated with a magnet to separate any metallic shot. 
With such low iron contents, the percentage errors 
in sampling and analysis are high enough to obscure 
any trends. 

Discussion of Results 

It has been generally agreed among blast furnace 
operators that the highest manganese recovery is 
obtained with a high slag basicity, a high tempera- 
ture, and a low slag volume. The results in this 
study provide a more quantitative expression of 
these observations. 

Winkler‘ has reported hot metal temperatures 
taken at a skimmer in the range of 1425° to 1520°C. 
The curves in Fig. 3 were extrapolated to include 
the higher lime-silica ratios (including magnesia) 
that some blast furnaces use in their operations. 
The curve for 1540°C predicts the high side of the 
(MnO)/[Mn] ratios actually obtained on a number 
of bessemer and basic blast furnaces. In view of 
the many variables in the iron blast furnace process, 
this may be considered a reasonably close agree- 
ment. 

Since the alumina in the slag does not aid the 
manganese recovery or desulphurization, it would 
appear feasible to operate the blast furnace with 
low alumina contents, say 10 pct, and add sufficient 
magnesia to make an easy working slag. 

It is interesting to note that the (MnO)/[Mn] 
ratio has a decreasing rate of change with basicity 
in the region of a 1 to 1 CaO/SiO, ratio. Similar 
results have been reported by Crafts and Rassbach* 
for the reducing slags in an electric furnace. It 
would appear that the dicalcium silicate molecule 
does not play an important role in reducing slags. 


Summary 


From the results obtained in this investigation 
the following conclusions may be reached: 

1—The manganese distribution between slag and 
metal in the blast furnace approaches equilibrium 
values. 


2—The manganese recovery is enhanced by high 
lime-silica ratios (including magnesia), high tem- 
peratures, and low slag volumes. The alumina con- 
tent of the slag does not appear to affect the man- 
ganese distribution. 

3—The range of manganese concentrations nor- 
mally found in pig iron does not affect the (MnO) / 
[Mn] ratio. 

4—Substituting magnesia for lime up to 13 pct 
on a weight percentage basis does not appear to 
affect the manganese distribution. 
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Technical Note 


Occurrence of Silicon Carbide in the Fe-C-Si System 


by James C. Fulton and John Chipman 


Bec of the great importance of the ternary 
system Fe-C-Si in ferrous metallurgy a consid- 
erable amount of attention has been devoted to the 
phase relations, particularly those occurring in the 
solid state." The information on graphite solubility 


356—JOURNAL OF METALS, MARCH 1954 


J. C. FULTON, Junior Member AIME, is associated with the 
Allegheny Ludlum Steel Corp., Watervliet, N. Y., and J. CHIPMAN 
Member AIME, is associated with the Dept. of Metallurgy, Maceas 
chusetts Institute of Technology, Cambridge, Mass. 

TN 209E. Manuscript, Dec. 16, 1953. 


TRANSACTIONS AIME 


= 


a—Near surface. b—At center. 


Fig. 1—Sample containing 19.2 pct Si and 0.70 pct C. Quenched from the melt at 1600°C 
in Vycor tube. Etched in HF-HNO,. Larger crystals are 8 SiC, flakes are graphite, background 


a Fe. X200. Area reduced approximately 50 pct for reproduction. 


in the liquid alloys has been extended recently’* to 
temperatures as high as 1690°C and to silicon con- 
centrations up to 23 pet. At concentrations higher 
than approximately 20 to 23 pct, a second solid phase 
more stable than graphite with respect to the solu- 
tion was reported. 

This solid phase has now been definitely identified 
as B SiC. It has been found in residues from the 
metal and from slags in equilibrium with the metal, 
and its lattice constants have been found to corre- 
spond very closely with published values for 6 SiC. 

Crystals of silicon carbide form rapidly along with 
graphite during the cooling of such alloys. This is 
illustrated in the micrographs of Fig. 1, a and b, 
which were taken from a sample withdrawn in a 
Vycor tube from the liquid at 1600°C. Both the 
graphite flakes and the silicon carbide crystals in 
Fig. 1b, at the center of the sample, have grown con- 
siderably larger in size than those in Fig. la, at the 
sample’s edge. 

Silicon carbide was observed to float out as a crust 
on high silicon heats made in a graphite crucible. 
When a slag was present the crust became dispersed 
in the slag. Samples taken after prolonged holding 
at constant temperature were analyzed to determine 
the solubility of silicon carbide in graphite-saturated 
melts. Average results read from a plot of the data 
are given in Table I. 


Fig. 2—Sample containing 20.3 pct Si and 0.14 pct C dipped 
from mushy melt at 1187°C. Etched in HF-HNO,. X1000. Area 
reduced approximately 50 pct for reproduction. 
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Table I. Compositions in Equilibrium with Graphite and 6 SiC 


Weight Percent 
Temperature, °C Cc Si 


A heat which had been held for 2 hr at 1250° and 
for an additional 2 hr at 1205°C, when cooled slowly 
in the crucible, exhibited a well-defined arrest at 
1187°C. The mass remained in a ‘‘mushy” state for 
5 min at this temperature and was observed to be 
completely solid at a few degrees lower tempera- 
ture. On reheating, the 1187° arrest was repeated 
and the metal retained its mushy character to about 
1210°. A second cooling curve duplicated the 1187° 
point. A micrograph of a sample dipped from the 
mushy melt at 1187° is shown in Fig. 2. The large 
crystals are silicon carbide, the flakes are graphite, 
the darker gray areas are e FeSi and the lighter areas 
are a Fe, presumably containing 10 to 11 pct Si. 

The exact mode of solidification of this alloy has 
not been determined. It is complicated by the occur- 
rence of the binary eutectic, Fe-FeSi, at 20 pet Si 
and 1200°C. Our tentative interpretation is as fol- 
lows. The 1187° point represents an invariant tem- 
perature at which the equilibrium phases are liquid, 
a Fe, « FeSi, and graphite. At some slightly higher 
temperature another invariancy must exist in which 
the equilibrium phases are liquid, graphite, silicon 
carbide, and either a Fe or « FeSi. This point was not 
observed in our experiments, probably because of 
undercooling. Because of the nearness of these two 
points with respect to both temperature and com- 
position of the liquid, the elucidation of this portion 
of the ternary phase diagram will require some 
very careful experimentation. 
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Copper Converting Practice at American 


Smelting and Refining Company Plants 


by F. W. Archibald 


The American Smelting and Refining Co. has standardized its 
copper converting practice to attain a maximum unit blister pro- 
duction with a minimum of refractory consumption by careful 
location of the tuyeres and by applying magnetite coatings on the 
hard-burned magnesite brick linings. 


HE American Smelting and Refining Co. oper- 

ates four primary copper smelters in the United 
States with a total of 17 Peirce-Smith type conver- 
ters; 15 of them are 13 ft in diameter by 30 ft long, 
and two are smaller. Some details of operations 
vary with locale; however, fundamentals of design, 
operation, and maintenance are common to all 
plants. 

All converter shells are l-in. thick except for 
one new converter with riding rings on the ends 
which has a shell thickness of 1% in. More tuyeres 
can be installed with rings on the ends and hence 
more air can be used. Welded construction is re- 
placing riveted. Minor shell repairs are made after 
each campaign. Principal causes of complete shell 
replacement are warpage and cracking resulting 
from localized over-heating. A 13x30 ft shell is 
being replaced after 34 years of operation and a 
total production of approximately 750,000 tons of 
blister. Converters are driven by 80 hp DC motors 
through company-designed worm gear reducers. 
Rotation is 0.38 rpm which permits the skimmer 
to spot the converter quite accurately for skimming 
slag. At three of the plants, protection against un- 
scheduled air or power failures is afforded by the 
installation of emergency drives, 
auxiliary air motors or storage batteries. 

In order to avoid excessive splash out of the con- 
verters, the converter mouths are located as far 
back on the shells as existing flue facilities will 
permit. At one plant, the back of the mouth is only 
13° to the rear of the vertical center line of the con- 
verter, whereas it is 28° at another plant. Newly- 
lined mouth areas vary from 36 to 44 sq ft with 
effective operating areas about 25 pct less. It is 
important to keep the converter mouths as clean as 
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possible. Dirty mouths create back pressures in the 
converters and as a consequence the tuyere air 
volumes are reduced. Mouths are generally cleaned 
by bumping with an empty ladle. Small mouth- 
cleaning rams have been used but unless extreme 
care is exercised the brickwork may be damaged. 

After considerable experimentation, the plants 
standardized tuyere elevations at 4 to 4% in. below 
horizontal center line at the shell with a downward 
pitch of about 13/16 in. per ft of length. Tuyeres 
are spaced at 6 in. centers except at the riding 
rings where there are no tuyeres. With this tuyere 
location, several of the plants now freeze magnetite 
slag in the bottoms, fronts, and backs up to the bot- 
tom of the tuyeres to control the internal shape of 
the converter. This has the effect of improving the 
agitation and mixing so that there is a marked 
increase in converting speed besides affording pro- 
tection to the brick lining. Currently, the trend is 
to increase tuyere diameters from 11% to 2 in. to 
increase the air flow. At present, all converters 
are hand-punched but one converter is being 
equipped with a set of mechanical tuyere punchers. 
Rods for punching are 34 in. hexagonal smelter 
bar upset to 1% in. and rods for cleaning tuyeres 
are upset to about 1% in., or larger, depending upon 
the tuyere diameter. Two of the plants use pneumatic 
reamers for cleaning the tuyeres between charges 
to minimize disturbing the coating on the inside of 
the refractory lining. Most of the puncher’s plat- 
forms are pneumatically or hydraulically mounted 
so that a convenient punching position can be 
maintained regardless of tuyere position. 

For normal operations, tuyere air pressures vary 
from 15 to 13.5 psi, although some cycles such as 
magnetiting require pressures down to 8 psi. Air 
requirements vary from an average of 25,000 cfm 
on the newer installations down to 12,000 cfm on 
the older ones. 


Converter hoods are designed to protect the 
punchers from sparks, splash or hood accretions as 
well as to prevent the escape of objectionable 
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smoke into the building. The hoods are cleaned 
periodically to prevent the build-up of large accre- 
tions. This is accomplished through cleanout doors 
in the sides or by using long rams from the conver- 
ter cranes. At two of the smelters, sulphuric acid 
is produced from converter gases. This necessitates 
having very tight fitting hoods and automatic 
dampers to prevent dilution of the flue gases with 
air. The dampers are installed in each hood and 
function whenever the converter turns into or out 
of the blowing position. 

All converters in service are lined with hard- 
burned magnesite brick at the tuyere line. How- 
ever, one plant effectively includes a chemically 
bonded, metal-clad brick as a spacer between 
tuyere pipes instead of the more conventional 
tuyere block. At various times, tests have been con- 
ducted using other brick in sections of the conver- 
ters, but, in general, experience has been that best 
brick life is obtained by magnetite coating hard- 
burned magnesite brick. 

Converter tuyere lines last an average of about 
23,000 tons of blister, although one plant is averag- 
ing 49,000 tons and has reported a record run of 
92,000 tons between repairs. The order of frequency 
of repair is: first, the tuyere line; second, the 
mouth; third, the back; fourth, the front; and finally 
the ends and bottom. Complete relinings occur 
about every twenty years of operation with one 
recent relining being made after seventeen cam- 
paigns, during which a total of 627,000 tons of 
blister were produced. Ends, bottoms, and about 
two-thirds of the backs and fronts are lined with 
18 in. brick. The remainder is 15 in. brick except 
for the mouth section, which is generally 12 in. 
thick. Mouth sections are built with three or four 
ring courses across the back and two or three across 
the front. Currently, converter refractory con- 
sumption averages approximately 2.2 lb per ton of 
blister. 

All of the converters are fluxed in the conven- 
tional manner through one Garr gun per unit. The 
Garr gun is usually located on the vertical center 
line about 4% ft above the horizontal axis. Use of 
a small hopper over the Garr gun assists in esti- 
mating the weight of flux as charged. 

Converter flux analyses vary considerable be- 
tween smelters because each plant is dependent 
upon purchased ores for its supply. On the average, 
the flux analysis is as follows: silica 59 to 72 pct, 
iron 1.0 to 9 pet, lime 1 to 2 pct, and alumina 1.5 to 
10 pct. In some instances, plant flue dusts, con- 
verter secondaries, lead plant byproducts, etc., are 
included with the siliceous materials. Whenever 
the particle size of the flux can be controlled, a size 
of +14 in. is desired. 

All molten materials are handled in cast steel 
ladles of 150 cu ft capacity by the overhead cranes. 
All of the cranes are 60-ton capacity with two 
auxiliary hoists in addition to the main hoist. Main 
hoist speeds vary from 28 to 55 ft per min. 

To minimize the damage to ladles, two of the 
smelters have installed swinging ladle bumpers. 
These consist of 30-ton blocks of cast copper sus- 
pended by cables from building girders. 

Matte and slag ladles are shelled into large boats 
which are dumped onto a grizzly. The shells are 
withdrawn from a hopper under the grizzly into 
ladles to be used as cold additive in the converters. 
If the converters cannot utilize all the shells, they 
are then loaded into railroad cars, crushed, and in- 
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cluded with either the converter flux or with the 
roaster charge. 

Copper ladle shells are kept separate and must be 
used in the converters because unfortunately, a 
crusher that will efficiently handle pieces of solid 
copper has not been found. 

The normal converter operating cycle begins with 
an initial charge-up of from 60 to 80 tons of matte. 
Blowing is commenced as soon as there is enough 
matte to cover the tuyeres. Flux addition begins 
immediately after blowing has commenced. Enough 
flux is added in about 10 min to raise a slag which 
will have a silica to iron ratio of about 0.54. Cold 
converter cleanup or plant secondaries are added 
to this first blow. At one plant, purchased scrap 
brass and molten matte from a lead dross-rever- 
beratory furnace are treated. Special efforts are 
made to keep the converter away from a “high 
flame” during this blow so that removal of impuri- 
ties can be facilitated by the maintenance of hot, 
clean slags. 

The duration of the first slag blow is approxi- 
mately 85 min after which 15 to 25 tons of slag are 
skimmed off. The skimmer rabble-tests the slag 
for the presence of matte or white metal. This slag 
may analyze as follows: copper 2.3 pct, silica 26.2 
pet, total iron 48 pct, lime 1.7 pct, alumina 4.5 pct. 
The magnetite content will vary from 15 to 22 pct. 

Succeeding slag blows are similar except that the 
quantities of matte added are progressively re- 
duced so that the converter is not over-filled to the 
point where it will splash. The number of slag 
blows as well as the duration of each blow varies 
with the matte grade, but with a 40 to 45 pct 
copper matte four separate slag blows are made and 
a total of 160 tons of liquid matte are added for a 
60 to 70 ton charge of blister. 

Copper oxide slag is added whenever convenient. 
If molten, such slag must be added very slowly be- 
cause of the violence of the reaction of copper oxide 
with matte or white metal. At some plants, where 
the sliding hood sections will allow clearance, this 
slag is added to the converter while it is blowing 
which greatly reduces the hazards of an explosion 
or blow-out. 

There is usually no cold cleanup added to the last 
blow before going on finish, except for some clean 
scrap copper, in order to ensure hot, fluid slag at the 
completion of the blow. 

During the slag blows, the converter operating 
temperatures are maintained at approximately 
2250°F, although the temperatures immediately 
after the flux additions drop to 2100°F, or less. The 
slag temperatures are approximately 2150°F. It is 
returned to the reverberatory furnaces except the 
slag from the final slag blow, which is relatively 
high in copper and is returned, when possible, to 
another converter. 

Throughout the slag blows, the silica to iron ratio 
of 0.54 is maintained but the magnetite content of 
the slags tends to increase progressively. In most 
cases, all punching is in response to indicating flow 
meters at each puncher’s platform. Air consump- 
tion is about 60,000 cu ft per ton of matte converted. 
Tuyeres are immersed from 14 to 18 in. in the bath 
during slag blows. 

Standard finishing practice is for each converter 
to process its own white metal rather than to com- 
bine charges from several converters into one. The 
plants have found that a finish of from 60 to 75 tons 
of blister results in best efficiency and minimizes 
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damage to brickwork. It has been noted that with 
larger charges, over-heating occurs. 

The finish blow commences after the white metal 
has been skimmed clean of slag or any unsmelted 
silica that may remain on the bath. The normal 
charge consists of 85 to 110 tons of white metal with 
a copper content of approximately 74 pct. The 
tuyeres are immersed from 12 to 15 in. After start- 
ing the finish blow, the skimmer carefully observes 
the flame and makes occasional tests with a rod 
through the tuyeres to look for the presence of cop- 
per. Operating temperatures of 2300°F are slightly 
higher than on slag blows. They are controlled by 
the addition of clean scrap copper from time to 
time. About half as much punching is required 
during the finish blow as compared to the slag 
blows. 

Because of the presence of small amounts of un- 
desirable lead in the blister copper, it is standard 
practice to overblow the charge so that a portion of 
the copper is oxidized. The overblow stage nor- 
mally begins about 3 hr after the finish blow started 
or when a “flat” blister has been reached. At the 
beginning of the overblow, approximately one ton 
of lead-free siliceous flux is added through the Garr 
gun. This silica forms a slag with the oxidized cop- 
per and minimizes the corrosive action of the copper 
oxide on the magnesite brick or coating. The over- 
blow lasts 20 to 30 min and from 5 to 7 tons of 
copper are oxidized. Total air consumption aver- 
ages 150,000 cu ft per ton of blister produced. 


After the overblow period, the oxidized slag may 
be skimmed at the converter or may be held in the 
converter with a silica bank. All blister is trans- 
ferred by the cranes from the converters directly 
to the casting furnaces except at one plant where 
an intermediate holding vessel is used. Additional 
oxide slag is generally skimmed off the blister at 
the casting or holding furnaces. Copper in the blis- 
ter will approximate 98.4 pct. 


It is standard practice at all company smelters to 
magnetite for the protection of the interior surfaces 
of the converter refractory lining. A converter in 
normal operation is coated wherever required; a 
newly repaired converter, however, is not coated 
until it has finished three or four charges of blister 
or until the brick surfaces are roughened up and 
the brick joints are sufficiently pronounced so that 
the magnetite will adhere. 


After a converter has finished a charge of copper 
and visual inspection through the mouth reveals 
exposed brick or brick joints, a magnetite coating is 
started. The converter must be clean of any silice- 
ous material because silica interferes with forma- 
tion of magnetite and frequently results in danger- 
ous foaming. If any is present, a “wash out” blow 
must be made. The Garr gun is plugged with clay 
to prevent fouling. From 50 to 60 pct of the matte 
normally required for a first slag blow is charged 
for magnetite coating and blowing commences with- 
out addition of any other materials. The tuyeres 
are submerged from 4 to 6 in. and with a 40 pct 
copper matte, magnetite begins to form after 1 to 
1% hr of blowing. The presence of magnetite is 
indicated by large quantities of brilliant iron sparks 
showing in the flame. Converter temperatures will 
rise sharply and may approach 2800° to 3000°F. 
Care must be exercised that dangerous over-heating 
with resultant damage to brickwork does not occur. 
Clean, cold matte can be added at this point to cool 


360—JOURNAL OF METALS, MARCH 1954 


the converter if necessary. Once the magnetite 
starts to form, continuous punching is necessary Or 
the tuyeres will rapidly block off. Also, the skim- 
mer must observe the progress of the coating fre- 
quently by turning the converter out of the stack. 
If large knobs or “shankers” are forming on the 
tuyeres, the converter is blowing too lightly and the 
tuyeres must be submerged deeper into the bath. 
Conversely, if on observation, through the mouth, 
it is noted that no coating is adhering onto the 
tuyere line, the tuyeres have been submerged too 
far and must be brought out slightly. After blowing 
from 2 to 24% hr or when blister copper appears on 
the test rod the converter is turned out, and the 
tuyeres are cleaned. If a thicker coating is desired, 
another 10 to 12 tons of matte are added and the 
process repeated. In most cases, the thickness of 
coating will be from 1% to 2 in. After the supple- 
mentary blow is completed, the tuyeres are cleaned 
again. At this stage, the slag is practically pure 
magnetite and may be in a semifused or “granu- 
lated” condition. This is the slag which may be 
used for freezing in other converters as mentioned 
previously. The normal slag blow then commences 
with the addition of two or three ladles of matte 
(24 to 36 tons) and sufficient flux to make satisfac- 
tory slag. Converter temperatures will remain 
above normal for several hours and the resulting 
slags will be about twice as high in magnetite as 
for normal blows. 

The normal converter cycle from original charge- 
up to finish is delayed only about 2 hr by magnetit- 
ing because the original matte has been advanced 
to white metal and higher converter temperatures 
exist. 

In order to maintain operations at peak levels, it 
has been necessary for the smelters to institute 
programs of preventive maintenance. All depart- 
mental equipment is inspected daily for mechanical 
defects with particular emphasis placed on crane 
inspection. To meet production requirements, 
brickwork repairs to a converter are often post- 
poned. Temporary repairs using basic cement 
grouting are effective and are performed with only 
a few hours delay. 

Every effort is made to provide good working 
conditions. Fresh, cooled air from desert-type cool- 
ers is supplied to the punchers and skimmers 
wherever sufficient natural ventilation is lacking. 
Matte ladle hoods are installed at all reverberatory 
tapping positions to collect and vent obnoxious 
gases to atmosphere outside of the working areas. 
At the company’s largest operation where the con- 
verter aisle is relatively crowded, the crane cabs 
are completely air conditioned. This is accomplished 
by using bag filters and activated carbon for puri- 
fication plus Freon compressors for refrigeration. 

In keeping with company practice, very active 
safety programs are constantly maintained. As a 
safety precaution, all bails and crane hooks are 
stress-relieved by annealing at six months intervals. 
Safety glasses with the necessary optical corrections 
are provided to employees. They may purchase 
safety shoes at cost. Some of the plants have found 
that whitewashing the ladles, platforms, walls, etc., 
contributes to safer operations besides greatly en- 
hancing the appearance of the departments. Good 
housekeeping practices are stressed and in the last 
few years mechanical front-loaders have been used 


very effectively for keeping some of the working 
areas clean. 
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A Quantitative Measure of Temper Embrittlement 


by Norman Brown 


From the theories of flow and fracture it is shown that the differ- 
ence in reciprocals of the transition temperatures (°K) is a quanti- 


tative measure of temper embrittlement. 
given which support this conclusion. 


TUDIES of temper embrittlement have been 

made with various viewpoints; some involved a 
study of the kinetics of the reaction,” * * others were 
concerned with changes in the mechanical proper- 
ties,” ° and still others investigated the structural 
differences between the embrittled and unembrittled 
states by means of the microscope," X-ray,’ meas- 
urements of electrode potential, and electrical resis- 
tivity.’ In all these studies, the difference in impact 
properties was the criterion for distinguishing be- 
tween the embrittled and unembrittled states. By 
common agreement the difference in transition temp- 
eratures is now taken as a measure of the degree of 
embrittlement, and this measure is used as the quan- 
titative measure upon which studies of the phenom- 
enon are based. 

Vidal and Jolivet”® suggested that the degree of 
embrittlement was the same whether measured by 
impact or by a slow bend test. Their conclusion was 
based on tests at constant temperature. Jaffe and 
Buffum" using the impact and slow bend test showed 
that, for a given degree of embrittlement, the differ- 
ence in transition temperatures varied with the 
method of testing. Hultgren and Chang” showed that 
the difference in transition temperature produced 
by the V-notched Charpy impact test was not the 
same as the value produced by the keyhole-notched 
impact test. This is a very fundamental point be- 
cause there can be no true measure of temper em- 
brittlement unless it is invariant with respect to the 
test method. 

Theory 


The purpose of this analysis is to show how the 
transition temperature depends on the stress distrib- 
ution and the state of the material. The criterion 
for fracture may be stated as follws: 


fr(o1, o, os) = F [1] 


N. BROWN is Assistant Professor, Dept. of Metallurgy, University 
of Pennsylvania, Philadelphia. 

Discussion on this paper, TP 3666E, may be sent, 2 copies, to 
AIME by May 1, 1954. Manuscript, July 30, 1953. New York Meet- 
ing, February 1954. 

This paper is based on a thesis by N. Brown submitted in partial 
fulfillment of requirements for the degree of Doctor of Philosophy in 
Metallurgy to the University of California, June 1952. 
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Experimental data are 


where f, is some function of the principle stresses 
and F is a critical condition depending on the state 
of the metal. Similarly yielding occurs when 


fy = Y [2] 


where f,(o1, is another function of the prin- 
ciple stresses and Y is a critical value depending on 
the state of the material. There is some controversy 
as to the exact form of the function fr(o1, o, os) but 
most experimental data give the following crit- 
erion:” 


fr (on, Or, os) — (or 820% 830s) [3] 


where 6, and 6, = +1 or 0. 

Combinations of 6, and 6, give the various criteria 
such as the normal stress, the hydrostatic tension, 
and the maximum shear stress laws. 

Agreement is general that the octahedral shear 
stress law adequately describes the yield condition 
where 


fu (oa, ox = [(o1 — o2)* + 
— 04)? + [4] 


for fracture 


o, [1+ 6, K, + 6, K,] = F [5] 
and for flow 
[(1 — K.)? + Ks)’ + [6] 


where the bracketed factor will be called the design 
factor and depends on the stress distribution. 
Whether the metal decides to yield or fracture is 
given by the condition that 


F 
1+ 6,.K, + 


2 24 [7] 


The effect of temperature and strain rate upon Y 


has been studied by various investigators. It has 
been shown by MacGregor and Fisher™ that 
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Fig. 1—Typical transition curves. Standard V-notched Charpy 
tests. 


Zener and Hollomon” have proposed the parameter 
Zig [10] 

Y = f(<,Z) [11] 


where « is the strain, T is the temperature, and K, «,, 
and q are constants of the material. 

The parameter by MacGregor has been applied 
to a wider range of temperatures than the one 
proposed by Zener and Hollomon. The simpler 
parameter by Zener will be used because it satis- 
factorily describes the behavior of steel at low 
temperatures. 

The function, f(«,Z) may be obtained from the 
following observations on steel: 


AS (GE = [12] 
( € = constant) 
and Ws == [13] 


( € = constant). 


A’, n, B’, and n’ are material constants. 

By transforming Eqs. 10, 11, 12, and 13 to func- 
tions of log Y and taking the most general linear 
combination of these equations the following is 
obtained: 


InY =A +B + 
D Ine (Iné+q/T) [14] 


where A, B, C, D and q are constants of the mate- 
rial. Other mechanical equations of state have been 
proposed but they offer no advantages over Eq. 14 
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Fig. 2—Typical transition curves. Thin V-Notched Charpy 
tests. 
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when applied to steel in the low temperature range. 
This derivation of a mechanical equation of state 
has been presented by Dorn.* 


* The derivation follows the lecture notes of Professor J. E. Dorn 
at the University of California. 


This analysis will be applied to the transition 
temperature for ductile to brittle fracture as ex- 
hibited by temper embrittled steels. A given degree 
of embrittlement is produced by heating a tempered 
martensite for various lengths of time at a lower 
temperature (about 500°C) than for the original 
tempering (650°C). It is assumed that the embrit- 
tling treatment does not affect the stress-strain 
curve. It is not unusual for a steel to have different 
fracture properties and yet exhibit the same stress- 
strain curve. This means that the same material 
constants in Eq. 14 apply both to the embrittled and 
unembrittled states. 

The critical condition for fracture is determined 
by varying the testing temperature and keeping the 
design factor constant. This critical condition is 
taken as the first appearance of brittle fracture. The 
temperature of testing corresponding to this critical 
condition is called the transition temperature. By 
combining Eqs. 7 and 14 the following equations 
hold for the embrittled and unembrittled states: 


InF; =A+BlIne, + C (Inez, + G/Tz) + 
D In eg (In ég + Q/Tz) + 
[1 +8.K, + | 


In 
ECE + (K,— (K.— 1)*]* 


InFy =A+Blney+C (Iné+q/Ty) + 
D In (In ég + Q/Tz) + 


[1 +6.K, + 8:Ke] 

The subscripts U and E refer to the unembrittled 

and embrittled states respectively. For specimens 

of the same geometry and fractured by the same 

test method, Eqs. 15 and 16 are combined with the 
result that 


1 In eg 


F Iné 
In — Bin —Cin2—Din [17] 


E €n 


[15] 


Since the same design factor and the same method 
of loading was used in obtaining Eq. 17, é9/ég = 1. 
Observations of specimens fractured at the transition 
temperature do not indicate any difference in strain 
prior to fracture between the embrittled and unem- 
brittled states. Because the strain prior to fracture 
is so nonhomogeneous, these observations are limited 
to a visual inspection of the fractured specimen. For 
a given design factor there was no indication that 
the overall strain at a given amount of brittle frac- 
ture is any different in the embrittled and unem- 
brittled states. More significantly the surface at the 
point of brittle fracture appeared to be the same for 
a given design factor irrespective of the transition 
temperature. There is no reason to assume that the 
ratio of ey/e, in Eq. 17 is substantially different from 
unity. 

It is to be noted that C + DIne = 7’. An evalua- 
tion of the constants C and D from true stress-true 
strain data” in the low temperature range shows that 
D is very small compared to C. Within the limits 
of measurement D is practically zero and C is about 
0.01. It is also to be pointed out that the maximum 
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120 ° 
1 


Table |. Transition Temperatures °K 


Investi- State State State State 
gators Test A B Cc D 
Present Std V-notched impact 256 332 403 453 
Rectangular section, 
V-notched impact 233 306 375 406 
Slow bend, V-notched 229 303 343 409 
Rectangular section, 
U-notched impact 197 245 282 
Jaffe and Std V-notched impact 188* 258** 2637 
Buffum Slow bend, V-notched 167 223 233 
Hultgrenand Std V-notched impact 2337+ 421t 
Chang” Keyhole impact 193 318 


* State A — 3140 steel, tempered 675°C for 1 hr, water quenched. 
** State B— 3140 steel, tempered 675°C for 1 hr, water quenched. 
re-tempered at 480°C for 48 hr. 
7 State C— 3140 steel, tempered 675°C, slow cooled. 
ji State A — 3312 steel, tempered 650°C for 1 hr, water quenched. 
¢ State B— 3312 steel, tempered 650°C for 1 hr, slow cooled. 


natural strain at fracture in the low temperature 
range generally does not exceed 1.3 for commercial 
ferritic steel and does not exceed 2.0 even for the 
highest purity ferrites. Thus the term, 


D Gee 


may be eliminated from Eq. 17 without affecting the 
remainder. Thus, Eq. 17 reduces to 


Fy 
F 
gC 


The fracture stress is known to change with both 
temperature and strain prior to fracture. The effect 
of temperature is usually considered to be small 
compared to its effect on flow. It appears that the 
fracture stress of single crystals” is independent of 
temperature. To a first approximation it may be 
assumed that the ratio F,/F, is independent of 
temperature. This assumption has the effect of over 
estimating this ratio. The effect of strain on fracture 
stress is not well established but it appears that for 
an isotropic material like tempered martensite the 
fracture stress increases slowly as the strain prior to 
fracture increases. This will have no effect on the 
F,/F, ratio for a given test condition but it may 
slightly change the F,/F; ratio when the type of test 
is changed. However for first order approximation it 
is assumed that F,/F, is independent of the test 
conditions. Since little is known about the effect of 
strain rate on the fracture stress, it is also assumed 
that F,/F; is independent of strain rate. This means 
that the difference in the reciprocals of the transition 
temperatures in degrees Kelvin only depends on 
material constants. Such a measure of the degree of 


temper embrittlement is an invariant with respect 
to the test method. 

The following experimental work was done to 
test whether (1/T,) — (1/T;z) is invariant as pre- 
dicted above. 

Experimental Work 

The steel used was commercial SAE 3312 received 
in the form of hot rolled % in. square rods and later 
reduced to a 9/16 in. square cross section by hot 
forging. The steel had the following composition: 
S, 0.026; Mo, 0.02; and Al, 0.02. 

The steel was austenitized at 910°C for 1 hr and 
then water quenched. The as-quenched structure 
was 100 pet martensite throughout the 9/16 in. rods 
and the hardness was 39 to 41 Rockwell C. Temper- 
ing was done at 650° +3°C for 2 hr. All specimens 
were divided into four groups in order to produce 
various degrees of embrittlement. The subsequent 
reheating was done in a salt bath, and the various 
states of embrittlement were produced by the fol- 
lowing treatments: state A received no further treat- 
ment; state B, 2/3 hr at 525°C and water quenched; 
state C, 3 hr at 525°C and water quenched; and state 
D, 47 hr at 525°C and water quenched. 

The hardness of the steel, measured on a Rockwell 
C scale, in each state was as follows: A, 21.5; B, 20.5; 
1D), Pail. 

For each state the transition temperature was 
found by the following test methods: Test 1 was a 
standard V-notched Charpy impact test using a 240 
ft-lb Sonntag machine with striking velocity of 16.8 
ft per sec. Test 2 was the same as Test 1 except the 
specimen had a rectangular cross section where the 
dimension parallel to the notch was one-half the 
standard dimension; all other dimensions were the 
same as for the standard V-notched Charpy speci- 
men. Test 3 was a slow bend test, bending the stand- 
ard V-notched Charpy specimen as a simply sup- 
ported beam under a central load. The rate of de- 
flection was 0.012 in. per min. Test 4 specimen was 
0.185x0.394x2.165 in.; the notch was a circular groove 
of %g in. diameter and 0.100 in. deep. The groove 
was parallel to the small dimension. The specimen 
was fractured as in Test 1. 

Typical curves presenting the experimental data 
are shown in Figs. 1 and 2. The percentage of ductile 
fracture was estimated by comparison with photo- 
graphs furnished by Watertown Arsenal. The transi- 
tion temperature was taken as the lowest tempera- 
ture at which 100 pct ductile fracture was obtained. 
The reason for a fracture rather than an energy 
criterion was twofold: 1—a fracture criterion had 
greater fundamental significance as pointed out by 
Orowan,” and 2—the 100 pct ductile criterion was a 
rather sharply defined point and it is not sensitive to 
slight differences in notch geometry which might be 
introduced by machining. 


Table li. Analysis of Data 


Investigators Test To -Ta To Tas Tp-Ta Ta Tp 
Present Std V notched 76 0.00090 147 0.00142 197 0.00170 
Thin V-notched 73 0.00102 142 0.00162 173 0.00183 
Slow bend 74 0.00107 114 0.00145 180 0.00192 
Thin U-notched 48 0.00100 
d Std V-notched 70 0.00144 .00152 
Slow bend 56 0.00150 66 0.00170 
Hultgren and Std V-notched 188 0.00191 
Chang” Keyhole notched 125 0.00204 
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Fig. 3—Degree of embrittlement ys embrittling 
time at 525°C for SAE 3312 steel. 


The transition temperatures are presented in 
Table I along with all the pertinent transition tem- 
peratures available in the literature. 


Analysis of Data 

It was suggested by the theory that the difference 
in the reciprocals of the transition temperatures for 
two given states should be independent of the test 
method. Since the existing measure of the degree 
of temper embrittlement is simply the difference in 
transition temperatures, it would be well to see how 
the existing measure compares with the proposed 
measure. The calculations are given in Table II. 

The percentage of experimental error shown in 
Table III was based on a standard deviation of 42°C 
in measurement of the transition temperature. This 
error is based on the observation that about 70 pct 
of the experimental observations are favorable in a 
range of +2°C. Thus, 70 pct of all tests within 2° 
above the transition temperature showed no brittle 
fracture, and within 2° below the transition temper- 
ature about 70 pct of the fractures were partly 
brittle. This estimate of the uncertainty in the transi- 
tion temperature is about the same as the uncer- 
tainty in the data presented by other investigators. 
As an example, the standard deviation of the differ- 
ence in the reciprocals of the transition temperatures 
of states A and B of the present investigation was 
based on the mean of four tests. The standard de- 
viations in the data from the other investigators 
were based on only two tests. Finally the mean 


Difference in Reciprocals of 
Transition Temperatures, °K 


it 


Embrittling Time - Hours 


Fig. 4—Degree of embrittlement ys embrittling 
time at 525°C for SAE 3312 steel. 
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value of the errors in all investigations was deter- 
mined. The results show that the difference in re- 
ciprocals is invariant within the limits of experi- 
mental error and that the simple difference deviates 
significantly from being invariant with respect to 
the test method. 

Discussion 

It has been shown experimentally for temper 
martensite that a given degree of temper embrittle- 
ment gives a difference in the reciprocals of the 
transition temperatures which is independent of the 
test method. As shown by the theory this invariance 
will not hold for steels whose stress-strain curves 
are different or whose fracture stress depends on 
prior strain in a significantly different manner. 

The proposed measure for temper embrittlement 
may be used to predict transition temperatures. The 
degree of embrittlement is conveniently measured 
by the standard Charpy impact test. Then the 
transition temperature for one state need be deter- 
mined with a different design factor; the transition 


Table III. Error Analysis 


Percent 
Standard Devi- 
ation from Mean 


Difference Simple 


in Recip- Differ- Experi- 

Investigation States rocals ence mental 
Present AandB 6 17 6 
AandC 4 20 3 
Aand D 5 6 2 
Jaffe and AandB 2 11 6 
BuffumuU AandC 6 6 6 
Hultgren and A B 3 20 3 

Chang” 

Average error for all investigations, pct 4 13 4 


temperature of the other state may be calculated for 
this same design. This may be very useful if the 
design is complicated, for example part of a ship or 
a gun mount. 

In studying the kinetics of the embrittling process 
it is useful to find out how the degree of embrittle- 
ment varies with time during isothermal embrittle- 
ment. When the difference in transition tempera- 
tures is plotted as a function of time, a different 
curve is obtained for each type of test used, as shown 
in Fig. 3. This introduces an ambiguity in the study 
of the embrittling process. However, if the differ- 
ence in reciprocal of the transition temperature is 
plotted against embrittling time, as shown in Fig. 4, 
a curve is obtained which is essentially independent 
of the test method and better reflects the nature of 
the reaction. The difference between the two curves 
does not result from a difference in scales because 
the same percentage error was involved in each case. 

The difference in the reciprocals of the transition 
temperatures gives a measure of the ratio of the 
fracture stresses of the unembrittled and embrittled 
states. From Eq. 18 


A value of 0.01 for C is obtained from the work 
of MacGregor and Fisher.“ For steel, 5000 is an aver- 
age for q." The observed values of (1/T,) — (1/Tz) 
range from about 0.001 to 0.002. This gives values 
of F,/F; ranging from 1.1 to 1.25. This is a very 
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reasonable result.* In the case of tempered marten- 
site direct measurements of the stress for brittle 
fracture have yet to be made because the transition 
temperature is too low for simple tension. In the 
absence of such data the above method is the only 
one available for quantitatively determining how 
much temper embrittlement decreases the fracture 
stress. 
Conclusions 

1—The essential difference between the em- 
brittled and unembrittled state lies in the stress re- 
quired to produce brittle fracture. 

2—The difference in the reciprocals of the transi- 
tion temperatures is an invariant with respect to the 
test method. 

3—The simple difference in transition temperatures 
is not an invariant measure of the difference be- 
tween the embrittled and unembrittled states. 
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Technical Note 


On the Effects of Oxygen on Molybdenum 


by R. E. Maringer and A. D. Schwope 


T has been recognized that oxygen in minute 

quantities is extremely detrimental to the room- 
temperature ductility of molybdenum. Early fracto- 
graphic studies’ of the cast metal indicated that 
oxides are formed preferentially at the grain bound- 
aries. Additional verification of this preferential 
segregation has been obtained from internal friction 
studies on polycrystalline molybdenum (average 
grain diameter varied from 0.039 to 0.065 mm) and 
from observations of the effect of oxygen on speci- 
mens of extremely large grain size. 

R. E. MARINGER and A. D. SCHWOPE, Associate Member AIME, 
are associated with Battelle Memorial Institute, Columbus, Ohio. 

TN 210E. Manuscript, Dec. 11, 1953. 
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Specimens A, B, and C, of 0.040 in. diameter com- 
mercial molybdenum wire (Lot FW 13-40) were 
heat treated in the vacuum furnace described by 
Few and Manning’ according to the specifications 
given in Table I. Internal friction studies of these 
specimens were carried out using a low frequency 
(approximately 1 cycle per second) torsional pen- 
dulum completely enclosed in a vacuum tank. As 
the pressure of oxygen in the heat treating atmos- 
phere changed, the portion of the internal friction 
vs temperature curves ascribed to grain boundary 
relaxation changed correspondingly, Fig. 1. The de- 
crease in the damping capacity at high temperatures 
as the pressure of oxygen in the heat treating atmos- 
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Fig. 1—Variation of internal friction ys temperature curves 
with heat treating atmospheres. 


phere increases indicates the formation of an in- 
creasing amount of oxide at the grain boundaries. 
The severe grain boundary embrittlement which 
accompanies this precipitate was demonstrated 
through the use of large grain size specimens. Speci- 
mens D and E from Lot FW 25-40, which exhibited 
exaggerated grain growth at high temperatures, 
were heat treated according to the specifications 
given in Table I. Specimen D, subjected to recrys- 
tallization and solid-state purification (heat treat- 
ment at high temperature in vacuum tends to re- 
move most of the oxygen present) only, was quite 
ductile, having 22.8 pct elongation in tension and 
pulling down to a knife edge. Specimen E, however, 
which was impregnated with oxygen after recrys- 
tallization, was too brittle to be tested in tension. It 


Fig. 2—Intercrystalline fracture 
of oxygen-impregnated molyb- 
denum. X20. 
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Fig. 3—Ductility of single crys- 
tal of oxygen-impregnated mo- 
lybdenum. X5. 


Table I. Heat Treatment of Molybdenum Specimens 


Recrystallization 
and Solid-State Oxygen 
Purification Impregnation 
Tem- Tem- 
pera- pera- 
Speci- ture, Time, ture, Time, 
men Lot No. oF Min Atmos. oF Min Atmos. 


A FW 13-40 3800 15 0.1 wvac. 2700 15 0.luvac. 
B FW 13-40 3800 15 0.12uvae. 2700 15 0.1402 
(e FW 13-40 3800 15 0.1 wvae. 2700 15 0.3403 
D FW 25-40 3800 15 0.02uvac. — — _ 

E FW 25-40 3800 15 0.0luvac. 2700 15 0.2402 


fractured at a grain boundary during mounting, Fig. 
2. The individual grains remained ductile and could 
be bent around a sharp radius. The strain in the 
outer fibers of the specimen shown in Fig. 3 is about 
40 pet. 

The embrittling effect of small pressures of oxy- 
gen during heat treatment suggests that the so-called 
“recrystallization embrittlement” of molybdenum is 
actually oxygen embrittlement. A worked structure 
or a small grained structure tends to reduce the em- 
brittling effect of the oxygen present by dispersing 
the oxides over a larger surface area. Thus a large 
grained cast ingot may be embrittled by a small 
amount of oxygen while a worked or small grain 
size material containing the same amount of oxygen 
may exhibit appreciable ductility. 
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Constitution and Mechanical Properties Of 


Titanium-Hydrogen Alloys 


by G. A. Lenning, C. M. Craighead, and R. |. Jaffee 


Hydrogen forms a beta-stabilized system with titanium, with a 
beta eutectoid at about 300°C and 44 atomic pct Hs. The solid 
solubility of hydrogen in alpha decreases from about 8 to about 0.1 
atomic pct from 300°C to room temperature. Hydrogen has little 
effect on tensile properties, but decreases notch-bar toughness to a 
large degree. This latter effect appears to be the result of in- 


creased notch sensitivity. 


RIOR to this investigation, only a small amount 

of information was available on the effect of 
hydrogen on the mechanical properties of titanium. 
The effects of the other interstitially soluble ele- 
ments, carbon, oxygen, and nitrogen, had received 
detailed study. Jaffee and Campbeil* indicated that 
hydrogen up to 1 atomic pct did not affect tensile 
properties deleteriously. Pitler® indicated that 1 
atomic pct H, in titanium reduced the impact 
strength appreciably, but his alloys contained ap- 
preciable amounts of oxygen, and it was difficult to 
attribute the embrittlement entirely to hydrogen. 

The high temperature portion of the equilibrium 
diagram for the Ti-H system was established by 
McQuillan,’ and his data generally corresponded 
with the results of Kirschfeld and Sieverts,* Gibb 
and Kruschwitz,’ Bevington, Martin, and Mathews,’ 
and other investigators. The lower concentration 
limit of the hydride phase varied considerably 
among investigators, and Gibb and Kruschwitz’ had 
shown that small amounts of contaminants in either 
titanium or hydrogen caused considerable variation 
in this lower limit. In view of this pronounced 
effect of contaminants, the extrapolated value of 
McQuillan’s, about 48 atomic pct at the 325°C 
eutectoid, appeared the most reasonable. McQuillan’s 
lowest experimental value was 54 atomic pct at a 
temperature of 450°C. 

The density of titanium had been shown to de- 
crease with increasing hydrogen content, but dis- 
crepancies were noted among the various investi- 
gations. The best values indicated that the density 
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was decreased from 4.56 grams per cc at 0.27 atomic 
pet’ to 3.84 grams per cc at 61.3 atomic pct.” 

This investigation was conducted to determine the 
effects of hydrogen on a titanium, both in high 
purity and commercially pure metals, and on high 
purity a titanium alloys. 


Material and Fabrication 


The literature indicated that impurities in either 
the hydrogen or the titanium must be kept to a 
minimum. For this reason, the initial studies were 
made with high purity iodide-refined titanium. The 
vendor’s analysis of the iodide titanium and the 
hydrogen content of the as-fabricated % in. diam- 
eter rods are shown in Table I. Two 1 lb ingots were 
prepared by arc melting under argon in a water- 
cooled crucible, using a water-cooled tungsten elec- 
trode. This equipment has been described.’ As-cast 
Brinell hardness numbers of 88 and 58 for these 
ingots were low enough to insure that the high 
purity of the metal was maintained during arc 
melting. The ingots were hot forged to %4 in. diam- 
eter rods at 800°C, cleaned by grit blasting, and 
then cold swaged to % in. diameter rods. The rod 
was then air annealed at 725°C, ground to remove 
scale, and cold swaged to % in. diameter (75 pct 
reduction in area). The material was then annealed 
for 1 hr in argon at 800°C to develop an equiaxed 
ea grain size of about 0.05 mm. Microtensile speci- 
mens and microimpact specimens were machined 
from this rod prior to treatment in the Sieverts- 
type absorption apparatus. 

Two lots of commercially pure RC-55 titanium 
were also used in this investigation to determine the 
effects of hydrogen and the normal impurities on 
mechanical properties. The commercially pure RC- 
55 alloy was obtained in the form of % in. diameter 
rod. The analysis of this material is also given in 
Table I. The % in. diameter rods were hot swaged 
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Table |. Analysis of Materials 


Composition, Pct 


Element* Lot IT-237 Lot IT-249 
High Purity Iodide Titanium 
M 0.045 0.01 
Fe 0.01 0.0035 
Al 0.001 0.013 
N 0.003 0.004 
Hoy 0.009 + 0.001 0.0072 = 0.0007 
Ti (by difference) 99.92 99.95 
Composition, Pct 
Element RC-55-1 RC-55-2 
Commercially Pure Titanium (% In. Diameter Rod) 
Cc 0.03 0.02 
N 0.03 0.03 
Fe 0.27 0.31 
He 0.0055 + 0.0006 0.0051 + 0.0005 
(0.26 + 0.03 atomic pct) (0.24 + 0.03 atomic pct) 


* Less than 0.004 wt pct of Mo, Pb, Cu, Sn, Mg, and Ni were also 


noted. 
+ After melting and fabrication to % in. diameter rod. 


to % in. diameter (84 pct reduction in area) at 
700°C. Tensile and impact specimens were then 
machined from this rod, prior to treatment in the 
Sieverts apparatus. 

A limited investigation was made of the effect of 
hydrogen on a titanium alloys containing nitrogen 
and aluminum as a stabilizers. The three alloys 
investigated had 0.06 and 0.18 wt pct N and 2.55 wt 
pet Al, respectively. These alloys were double arc 
melted to insure homogeneity. The ingots were then 
hot forged to %4 in. rounds at 870°C, followed by 
swaging to % in. diameter rod at 750°C. 

The hydrogen used was commercially pure tank 
hydrogen which was purified by initial absorption 
in titanium turnings. 


Hydrogenation and Vacuum Annealing 


Hydrogenation and vacuum annealing were done 
in a modified Sieverts-type apparatus. The princi- 
pal modification was in the purification of hydro- 
gen by absorbing and desorbing the gas in heated 
titanium turnings. Hydrogen additions were meas- 
ured from pressure readings on a system of known 
volume. A three-stage McLeod gage with a range 
from 10° to 12 mm of Hg was used for small addi- 
tions, and larger additions were measured with a 
3 mm diameter capillary manometer. Furnace tubes 
were made of Vycor and the specimens were sup- 
ported in a molybdenum-wire basket or can so that 
only three-point contact occurred between the 
titanium specimens and the molybdenum. 

Hydrogenation of the titanium specimens was 
carried out at temperatures from 820° to 880°C. The 
time required for absorption was of the order of 15 
to 30 min at these temperatures. After the gas was 
absorbed, the specimens were furnace cooled to 680° 
or 720°C and equilibrated, generally for 1 hr, to in- 
sure homogeneity. Homogeneity in single speci- 
mens was established by microscopic examination 
and by vacuum-fusion analyses of layers machined 
from a % in. diameter rod. The distribution of 
hydrogen noted microscopically was uniform 
throughout the cross section of the samples, and the 
analyses indicated that homogeneous specimens 
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were obtained. Exceptions were observed in sam- 
ples containing more than 15 atomic pct H., and 
these higher hydrogen specimens showed a thin 
hydride-rich surface layer. This was attributed to 
absorption of hydrogen during cooling of the speci- 
mens after the equilibration treatment. 

Uniformity in hydrogen content between speci- 
mens hydrogenated in the same chamber also was 
determined. The results of vacuum-fusion analyses 
of two sets of duplicate specimens are shown in 
Table II. These results are in excellent agreement, 
indicating that a number of samples could be hydro- 
genated at the same time without appreciable varia- 
tion in composition. 

The apparatus and method used for vacuum- 
fusion analyses of the Ti-H alloys have been de- 
scribed.*§ Samples from 11 hydrogenation treat- 
ments were analyzed and, in all cases, the calculated 
addition was within the limit of accuracy of the 
analytical equipment. 

All the titanium used in this work contained some 
hydrogen in the as-received condition. The amount 
varied from 0.005 to approximately 0.010 wt pct. In 
order to determine the properties of hydrogen-free 
material, it was necessary to remove the hydrogen 
by vacuum annealing. The vacuum-annealing treat- 
ments were made in the Sieverts apparatus in the 
temperature range of 800° to 870°C. The time of 
vacuum annealing varied according to the amount 
of material being outgassed. Generally, titanium 
which had been outgassed to a hot vacuum of 5x10” 
mm of Hg at 800° to 820°C had its hydrogen content 
reduced to the order of 0.001 wt pct. 


Results 


Constitution: The microstructures of representa- 
tive high purity Ti-H alloys with less than 8 atomic 
pet H, have been presented previously.’ In this 
range, titanium hydride precipitates at low temper- 
atures into well-developed platelets or line mark- 
ings if the rate of cooling is slow, or into a finely 
dispersed form in water-quenched specimens. The 
structures of representative higher hydrogen con- 
tent alloys are shown in Figs. 1 to 3. Fig. 1 shows 
the structure of a high purity 25.1 atomic pct H. 
alloy as hydrogenated. The dark-etching constitu- 
ent consists of transformed 8 (a and hydride), and 
the light-etching phase is a. Fig. 2 shows a high 
purity 40 atomic pet H, alloy as hydrogenated. This 
structure is close to the eutectoid composition, and 
the light-etching constituent is a. Fig. 3 shows the 
structure of a high purity 50 atomic pct H, alloy in 
the as-hydrogenated condition. The light-etching 
phase is hydride which has polished and etched in 
relief. 

Fig. 4 shows an equilibrium diagram for the Ti-H 
system, taken chiefly from McQuillan? but with 
modifications which were indicated from the present 
investigation. The modifications were all in the low 
temperature portion of the diagram and are as fol- 
lows: 1—addition of the curve showing the solubil- 


Table II. Results of Vacuum-Fusion Analyses 


Hydrogen Hyd 
Sample Addition, Wt Pct Analyslecwe bet 

C-81 0.0187 0 

-020 + 0.0 
C-91 0.0187 0.018 + 0,002 
C-131 0.117 

C-141 0.117 012 + 001 
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as hydrogenated. Structure shown is a + 
transformed $8. Note hydride phase pre- 
cipitated from a on cooling. X250. Area 
reduced approximately 50 pct for repro- 


as hydrogenated. Structure shown is a + 
transformed 6 (a + Y). X250. Area re- 
duced approximately 50 pct for reproduc- 
tion. 


Fig. 3—Ilodide titanium-50 atomic pct H.,, 
as hydrogenated. Structure shown is hy- 
dride + transformed B (a + ‘). X250. 
Area reduced approximately 50 pct for 
reproduction. 


duction. 


ity limit of hydrogen in a titanium, 2—inclusion of 
two eutectoid horizontals to represent the hysteresis 
observed in thermal analysis and dilatometer 
studies, 3—a shift of the eutectoid composition to 
higher hydrogen concentrations, and 4—an increase 
in the hydrogen concentration of the lower limit of 
the hydride phase. These four alterations are dis- 
cussed in detail below. 

The low room-temperature solubility of hydrogen 
in high purity a titanium has already been pointed 
out.’ In view of the pronounced effect of hydrogen 
on the impact strength of titanium, it was consid- 
ered desirable to determine the _ solid-solubility 
curve for hydrogen in a. This investigation was 
made microscopically over a range of hydrogen con- 
centration from 0.05 to 8.4 atomic pct. Specimens 
were solution treated for 24 or 48 hr in argon or air 
at 400°C to insure solution of the hydride, slowly 
cooled to the desired temperature, held 2 hr at 
temperature, and then water quenched. In examin- 
ing the specimens, it was necessary to use the crite- 
rion of hydride precipitation into massive Widman- 
staetten plates, since the hydride could not be re- 
tained in solution by water quenching. This is illus- 
trated for a 1.2 atomic pct H, alloy in Figs. 5 and 6. 
The structure in Fig. 5 was obtained by quenching 
from the solution range, and the hydride has pre- 
cipitated as a finely dispersed phase, either on 
quenching or by aging during preparation for me- 
tallographic examination. 


treated for 24 hr at 400°C in argon, fur- 
nace cooled to 150°C, held 2 hr at 150°C, 
and quenched in cold water. X250. Area 
reduced approximately 50 pct for repro- 
duction. 
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Fig. 5—Ti-1.2 atomic pct H, alloy. Heat Fig. 6—Ti-1.2 atomic pct H, alloy. Heat 
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Fig. 4—Ti-H equilibrium diagram based on the results of Mc- 
Quillan and the present investigation. 


treated for 24 hr at 400°C in argon, fur- 
nace cooled to 125°C, held 2 hr at 125°C, 
and quenched in cold water. X250. Area 
reduced approximately 50 pct for repro- 
duction. 
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Fig. 1—lodide titanium-25.1 atomic pct H,, Fig. 2—lodide titanium-40 atomic pct H.,, ee 
| | | 
| | 
| 
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All specimens were prepared by mounting in a 
plastic that set at room temperature. The structure 
in Fig. 6 was obtained by quenching from the two- 
phase region and clearly shows precipitation of the 
massive hydride. In all cases, the precipitation of 
massive hydride was quite pronounced and justified 
the use of this criterion. 

The solubility of hydrogen below 125°C is be- 
tween 0.001 and 0.0029 wt pct H, (0.05 and 0.14 
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Fig. 7a—Low temperature a solubility limit for hydrogen in high 
purity titanium. 
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Fig. 7b—Inverse-rate heating and cooling curves for a 40 atomic 
pet H, alloy. 
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Fig. 7-—Dilatometer curves for a 20 atomic pct H, alloy show- 
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atomic pet). An 8.4 atomic pct H, alloy contained a 
small amount of transformed £, confirming McQuil- 
lan’s extrapolated solubility limit of 8 atomic pct for 
hydrogen in a titanium at the eutectoid tempera- 
ture. Fig. 7a shows the a solubility curve of hydro- 
gen in high purity titanium and the experimental 
points on which the curve is based. 

The double-eutectoid horizontal shown in Fig. 4 
illustrates the hysteresis observed by thermal anal- 
ysis from heating and cooling curves made on alloys 
with 25.1, 32, and 40 atomic pct H, and by a dilato- 
meter investigation of a 20 atomic pct H, alloy. The 
heating and cooling curves were made on small 
specimens at heating and cooling rates of approxi- 
mately 1°C per min. The average temperature of 
arrest on heating was 319°C and on cooling, 281°C, 
or a hysteresis of 38°C. The inverse-rate method 
was employed, and the breaks were quite prominent 
and reproducible, as shown in Fig. 7b. The dilata- 
tion investigation was conducted with an auto- 
graphic quartz dilatometer and showed contraction 
breaks at 312°C on heating and expansion breaks at 
259°C on cooling. Dilatation data are based on an 
average of four complete cycles between room 
temperature and 400°C. Fig. 7c shows typical 
dilatometer data for the 20 atomic pct H, alloy. Dur- 
ing the last dilatometer cycle, the temperature was 
held constant for 30 min at temperatures of 280°, 
290°, and 300°C on heating without affecting the 
arrest. Similarly, holding the temperature constant 
for 30 min at 320° and 307°C, 1% hr at 298°C, 1 hr 
at 287°C, and 2% hr at 270°C during cooling did not 
shift the temperature of arrest. 

Three characteristics of a martensite transforma- 
tion were indicated from this investigation of the 
eutectoid transformation. First, the 8 decomposition 
could not be suppressed by water quenching to 
room temperature. Second, the transformation tem- 
perature was not affected by decreasing the heating 
and cooling rate. Third, the reversibility of the trans- 
formation is associated with an appreciable hyster- 
esis. 

Other characteristics observed for the eutectoid 
transformation indicated that it did not occur by 
the martensite reaction but by a diffusion-controlled 
reaction involving a highly mobile solute atom. No 
acicular needles were observed in the structures 
quenched from above the eutectoid temperature. 
This is shown in Fig. 8 for a 50 atomic pct H, alloy 
annealed at 450°C for 7 hr and water quenched. The 
eutectoid structure shown is somewhat finer than 
for the slowly cooled materials, Fig. 3, but the struc- 


Fig. 8—High purity Ti-50 atomic pct H, alloy 
as air annealed at 450°C for 7 hr and water 
quenched. X250. Area reduced approximately 
50 pct for reproduction. 
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Fig. 9—Effect of quenching from above the eutectoid temperature 
on hardness of high purity Ti-H alloys. 


ture is not typically martensitic. Vickers hardness 
measurements taken on alloys quenched from above 
the eutectoid temperature were not appreciably 
higher than for slowly cooled alloys, as shown in 
Fig. 9, and this would also support the diffusion 
mechanism. However, the considerable hysteresis 
observed in connection with this reaction would be 
difficult to explain on the basis of a diffusion mech- 
anism. Additional study of this reaction would be 
desirable before drawing definite conclusions. 


The shift in eutectoid composition to a higher 
hydrogen concentration than that shown in the ex- 
trapolated portion of McQuillan’s diagram was in- 
dicated by the microstructure of a 43.8 atomic pct 
H, alloy. This structure as slow cooled is shown in 
Fig. 10 and consisted of a (light) and transformed 
8 (dark). This alloy contained only a small amount 
of a, less than the relative amount indicated in the 
micrograph, and therefore the eutectoid composition 
is thought to be close to 44 atomic pct H.. 

An increase in the hydrogen content of the lower 
limit of the hydride phase was also indicated by this 
investigation. Fig. 3 shows the microstructure of 
the 50 atomic pct H, alloy as hydrogenated. This 
structure consisted of transformed 8 and hydride. 
Fig. 11 shows the structure of this alloy annealed in 
air at 300°C for 7 hr and water quenched. This 
structure also consisted of transformed 8 and hy- 
dride The amount of transformed 8 was also rela- 
tively large. McQuillan indicated that the 50 atomic 
pet H, alloy was all y phase (hydride) at 300°C. 
Annealing in air in this temperature range has not 
resulted in a loss of hydrogen, because of the low 
temperature and the protection afforded by the ox- 
ide scale. These structures indicated that the lower 
limit of the y hydride phase at both 300°C and 
room temperature was above 50 atomic pct H,. This 
observation would be in accord with the shift of 
McQuillan’s value for the eutectoid to higher hydro- 
gen concentrations, shown in Fig. 4. 

The marked decrease in hydrogen solubility in the 
a phase between 300° and 125°C has led to specu- 


Fig. 10—lodide titanium-43.8 atomic pct 
H,. Structure shown is a + transformed 6 
(a + ). X250. Area reduced approxi- 
mately 50 pct for reproduction. 


Fig. 12—lodide titanium-8.4 atomic pct H, 
alloy annealed at 100°C for 19 days. 
Structure consists of a and hydride. X250. 
Area reduced approximately 50 pct for 
reproduction. 
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Fig. 11—lodide titanium-50 atomic pct H, 
annealed at 300°C for 7 hr and water 
quenched. Structure shown is hydride + 
transformed 8. X250. Area reduced ap- 
proximately 50 pct for reproduction. 


Fig. 13—lodide titanium-32 atomic pct H, 
alloy annealed at 100°C for 19 days. 
Structure consists of a + #8. X250. Area 
reduced approximately 50 pct for repro- 
duction. 
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Fig. 14—Low temperature solubility relation for hydrogen in com- 
mercial (RC-55) titanium containing about 0.3 pct Fe. 
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Fig. 15—Commercial titanium with 0.3 wt Fig. 16a—Commercial titanium with 0.3 


pct Fe and 0.05 atomic pct H, annealed at 


effects of the impurities (oxygen, nitrogen, and 
iron) in the commercial material were to decrease 
the a solubility of hydrogen at the eutectoid temper- 
ature and to cause an apparent increase in solubility 
at room temperature. The retained 6 phase in this 
material, resulting from the iron impurity of about 
0.3 wt pet (RC-55-1, 0.27 pct Fe), caused some un- 
certainty in establishing the room-temperature sol- 
ubility limit as indicated by the dashed line in Fig. 
14. This difficulty in distinguishing metallographic- 
ally between small amounts of hydride and retained 
8 is illustrated in Figs. 15 and 16a, where the struc- 
tures of 0.05 and 0.26 atomic pct H. specimens are 
shown. The 0.05 atomic pct sample was annealed 
at 400°C for 24 hr and furnace cooled. The struc- 
ture consists of a plus retained £, stabilized by 
the iron impurity. The 0.26 atomic pct sample was 
treated for 63 hr, at 100°C, and oven cooled. If the 
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Fig. 16b—Commercial titanium with 0.3 wt 


400°C for 24 hr and furnace cooled. Struc- 
ture consists of a + retained 8. X250. 
Area reduced approximately 50 pct for 
reproduction. 


wt pct Fe and 0.26 atomic pct H, annealed 
at 100°C for 63 hr and oven cooled. Struc- 
ture consists of a + retained 8. X250. 
Area reduced approximately 50 pct for 
reproduction. 


pct Fe and 1.1 atomic pct H, annealed at 
400°C for 24 hr, furnace cooled to 100°C, 
held 3 hr, and water quenched. Structure 
consists of a + retained 6B + hydride. 
X250. Area reduced approximately 50 pct 


lation that a lower hydride of titanium than y might 
be formed by a peritectoid reaction at 125°C. To 
investigate this possibility, specimens from an 8.4 
and 32 atomic pct H. alloy were aged at 100°C for 
19 days. Figs. 12 and 13 show the structures result- 
ing from this treatment. These microconstituents 
were identified metallographically as a and hydride, 
and no evidence of a lower hydride was indicated. 
The low temperature solubility relation for hy- 
drogen in commercial titanium (RC-55) was also 
investigated. The procedure used in this investiga- 
tion closely paralleled that for high purity titanium, 
and the results are shown in Fig. 14. The overall 
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Fig. 17—Vickers hardness and tensile properties of high purity 
Ti-H alloys. 
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for reproduction. 


hydride were not in solution, the structure should 
consist of a plus hydride plus retained £8, and the 
hydride would be expected to be present as platelets. 
However, comparison of the two structures shows 
no difference in the amount of second phase, and 
there are no constituents, definitely identified as hy- 
dride, in either of the specimens. Repeated attempts 
at long-time, low temperature aging treatments and 
very slow cooling of these two alloys failed to pro- 
duce any microconstituent which could definitely be 
identified as hydride. Fig. 16b for the same base with 
1.1 atomic pct H, clearly shows hydride platelets in 
the matrix of a and retained £. 

Mechanical and Physical Properties: Tensile data 
were obtained for all materials by using specimens 
2% in. long, with a reduced section of ¥% in. diam- 
eter and % in. length. This specimen is a geometri- 
cal reduction of the 2 in. gage length, standard ASM 
test specimen, and its specifications were taken from 
the 1948 edition of the ASM Metals Handbook. In- 
formation obtained from these tests included ulti- 
mate strength, 0.2 pct offset yield strength, per- 
centage of elongation in 0.5 in., and percentage of 
reduction in area. Conventional SR-4 resistance- 
type gages were used over the elastic region. 

Fig. 17 is a plot of ultimate strength, 0.2 pct offset 
yield strength, percentage of reduction in area, per- 
centage of elongation in % in., and 5 kg Vickers 
hardness vs hydrogen concentration for high pur- 
ity Ti-H alloys in the as-hydrogenated condition. 
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Fig. 18—Vickers hardness and tensile properties of commercial 
Ti-H alloys. 


Strength properties and hardness show a gradual 
increase with increasing hydrogen content. Reduc- 
tion in area and elongation decrease between 0 and 
10 atomic pct H. but then remain about constant to 
a concentration of 25 atomic pct. At hydrogen con- 
centrations above 25 atomic pct the ductility drops 
off sharply. A 44 atomic pct H. sample displayed no 
ductility, and the specimen broke in handling before 
it could be tested. 

The tensile properties of commercial (RC-55) 
Ti-H alloys are shown in Fig. 18. Ultimate strength, 
yield strength, and Vickers hardness show an in- 


Table Ill. Impact Properties of Commercially Pure Ti-H Alloys 


Impact Energy Absorbed at Indicated 
Temperatures, In.-Lb 


Hydrogen 
Content, Room 
Atomic Pet —196°C —40°C Temperature 100°C 
0.05 39 38 36 39 
0.26 16.5 21 24 32.5 
a |e 4.5 6.0 11 20.4 
2.5 0.5 1.0 1.0 3.0 


crease with increasing hydrogen contents. The duc- 
tility, as indicated by reduction in area and elonga- 
tion, drops to a very low value beyond 10 atomic 
pet. Comparison of the properties of high purity 
and commercially pure alloys shows that the effect 
of impurities in the commercial material is most pro- 
nounced on tensile ductility, low values being found 
with 10 atomic pct H. compared to 25 atomic pct for 
the high purity base. 

Impact properties of the Ti-H alloys were ob- 
tained by using a 0.225 in. diameter, 1% in. long, 
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Fig. 19—Effect of hydrogen on impact properties of high 
purity titanium. Specimens cooled through hydride-precipita- 
tion range at about 15° to 20°C per min. 


cylindrical Izod specimen having a 45° V-notch 
with a radius of 0.005 in. and a root diameter of 
0.150 in. This specimen has been illustrated in other 
work.” Magnitude of energy absorbed and tran- 
sition temperatures measured with this specimen 
correlate quite well with the same properties as 
measured by using the standard Charpy V-notch 
specimen. This correlation was made for a number 
of materials, and a conversion factor of 0.8 was ob- 
tained for converting inch-pounds obtained on the 
Izod specimen to Charpy V-notch foot-pound values. 

Impact strengths of high purity Ti-H alloys were 
determined at various temperatures from —196° to 
100°C for alloys in the slowly cooled condition. The 
impact strength of several high purity Ti-H alloys is 
shown as a function of testing temperature in Fig. 
19. The specimens containing 0.05 and 0.14 atomic 
pet H. did not fracture completely under a load 
of 100 in.-lb, even at —196°C. At room temperature, 
the material with hydrogen contents of 0.3 and 0.4 
atomic pct fractured with an absorption of energy of 
43 and 22 in.-lb respectively. At hydrogen concen- 


Table IV. Tensile Properties, Hardnesses, and Impact Strengths of High Purity Alpha Titanium Alloys at Two 
Hydrogen Levels 


Hydrogen 0.2 Pet Room- 
Alloy Tensile Offset Yield Reduction Temperature 
Addition, Atomic Strength, Strength, Elongation, in Area, Impact 
Wt Pct Pet Wt Pct Treatment Psi Psi Pet Pet Strength, In.-Lb 
0.06 N 0.07 0.0014 Vacuum annealed 775°C 2 hr, 82,000 72,000 36 55 24 
furnace cooled 
0.06 N 0.63 0.0133 700°C 1 hr in argon, furnace 77,000 63,000 30 57, 4 
cooled 
0.18 N 0.09 0.0018 Vacuum annealed 775°C 2 hr, 114,000 110,000 23 26 16 
furnace cooled 
0.18N 0.6 0.0127 700°C 1 hr in argon, furnace 122,000 117,000 25 23 3 
cooled 
2.55 Al 0.07 0.0015 Vacuum annealed 775°C 2 hr, 93,000 78,000 26 47 41 
furnace cooled 
2.55 Al 0.6 0.0129 900°C 1 hr in argon, furnace 96,000 82,000 23 39 7 


cooled 
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Fig. 20—Beneficial effect on toughness of water quenching from 
a phase field and toughness decay on room temperature aging 
for high purity Ti-H alloys. 


trations above 0.8 atomic pct, the impact strength is 
quite low. The impact-temperature curves are most 
interesting. Comparatively little change in impact 
occurs from —196°C to room temperature. Increas- 
ing hydrogen contents appear chiefly to lower the 
level of impact-energy absorption over this temper- 
ature. 

The impact strengths of commercially pure Ti-H 
alloys at the various testing temperatures are shown 
in Table III. 

The effects of hydrogen on the impact strength of 
commercial and high purity titanium were similar, 
except that the impact strength of hydrogen-free, 
commercial titanium was lower than that for hydro- 
gen-free, high purity titanium. Again, increasing 
hydrogen content progressively lowered the general 
level of impact-energy absorption at each testing 
temperature. 
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Fig. 21—Effect of solution treatment and room temperature 
aging of commercial RC-55 Ti-H alloys. 
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The effect of hydrogen on the a stabilized alloys 
containing nitrogen and aluminum was similar to 
that on high purity unalloyed titanium, as shown in 
Table IV. Tensile strength, yield strength, elonga- 
tion, and reduction in area were not significantly 
affected, but the room-temperature impact strength 
was considerably improved by the lower hydrogen 
contents found after vacuum annealing. The micro- 
structures of the vacuum-annealed specimens were 
free of hydride, but the structures of the alloys with 
the as-fabricated hydrogen contents indicated in 
Table IV showed an appreciable amount of well- 
defined hydride. 

An investigation of a hydrogen solution treatment 
and quench was made to determine the effect on 
impact strength. Also, the effect of room-tempera- 
ture aging was investigated. High purity Ti-H alloys 
with 0.4, 1.0, and 4.9 atomic pct H. were solution 
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Fig. 22—Density of high purity base Ti-H alloys. 


treated for 64 hr at 400°C in argon and quenched in 
cold water. The results of this investigation are 
shown in Fig. 20. The impact strengths of the 0.4 
and 1.0 atomic pct alloys were markedly improved 
by the solution treatment. The cause for this im- 
provement is evident from the microstructures of 
the alloys. Slow-cooled, as-hydrogenated alloys 
showed relatively large hydride plates, whereas al- 
loys quenched from the a solid-solution temperature 
range showed a finely dispersed hydride phase. The 
improvement in the 4.9 atomic pct H. alloy was 
slight because of the low initial energy-absorption 
values at the higher hydrogen content. Preliminary 
aging studies of solution-treated alloys at 100°C had 
shown a tendency for the hydride to agglomerate into 
coarser particles, and it was expected that room- 
temperature aging might also agglomerate the hy- 
dride, with a deleterious effect on impact strength. 
After six months’ aging at room temperature, the 
0.4 atomic pct H, material still showed a high impact 
strength. However, the 1.0 atomic pct alloy showed 
a marked decrease in strength from the solution- 
treated level after only one day of room-tempera- 
ture aging. It would appear that any permanent 
beneficial effects from solution treatment could be 
realized only with alloys containing less than 0.5 
atomic pct H.. However, even here, aging at temper- 
atures slightly above room temperature would be 
expected to accelerate markedly the decay of the 
enhanced toughness. 

The effect of solution treatment and aging on the 
impact strength of commercial purity base alloys 
was also investigated. These alloys contained 0. 24, 
1.2, and 2.2 atomic pct H., and the same solution 
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treatment was used. The results are shown in Fig. 
21. In general, the same type of decay was noted for 
the alloys with 1.2 and 2.2 atomic pet H,. A some- 
what different behavior is noted for the 0.24 atomic 
pet H, alloy. Only a small improvement over the 
slow-cooled impact value was noted from solution 
treatment of this alloy. This might be expected 
from the indications that most of the residual hy- 
drogen, in alloys with iron present as an impurity, 
is dissolved in the retained 8 phase at room temper- 
ature. However, after one week’s aging, the impact 
strength of the solution-treated, 0.24 atomic pct 
material was below that for the slowly cooled 
material. This behavior would not be expected on 
the basis of the solution-treatment and aging studies 
of the high purity alloys. One explanation of the 
behavior of the solution-treated 0.24 atomic pct H. 
alloy would be that, at 400°C, some of the hydrogen 
is dissolved in the a, although most would be in the 
8 because of higher solubility. Room-temperature 
aging of the quenched alloy might precipitate hy- 
dride from the a, thereby reducing the impact 
strength. Slow cooling, conversely, might allow the 
hydrogen to enter into solution in the retained B 
phase and not reduce the impact values so mark- 
edly. 

X-ray diffraction patterns of the hydride phase 
in a high purity 43.8 atomic pct H. alloy indicated 
that this phase is face-centered cubic. The lattice 
parameter obtained, 4.40 + 0.02A, is in agreement 
with McQuillan’s reported value of 4.41A.* Densities 
of alloys with 0.05, 0.9, 10.6, 21, 32, and 40 atomic 
pct H. were determined by the method of displace- 
ment in water. These densities are plotted against 
hydrogen content in Fig. 22. Generally, the density 
values determined in this investigation were slightly 
higher than those reported in the literature.” * ° 


Discussion 


Hydrogen contamination of titanium is generally 
less than 200 ppm (about 1 atomic pct). The effect 
of this amount of hydrogen on tensile properties is 
negligible, but the effect on notch-bar impact prop- 
erties is profound. It is pertinent to inquire as to 
the reason for this set of circumstances. The pres- 
ence of Widmanstaetten plates of a brittle hydride 
phase might be expected to have an adverse effect 
on ductility in general, but not necessarily only one 
type of ductility. 

This situation would indicate that hydrogen either 
increases the strain-rate sensitivity or the notch 
sensitivity of titanium. In order to determine which 
of the two effects predominated, notched Charpy 
impact specimens of commercial Ti-H alloys with 
0.05, 0.26, and 2.0 atomic pct H. were prepared for 
testing at impact speeds and at slow speeds. The 
impact tests were made at a strain rate of 18.1 ft per 


Table V. Results of Impact and Slow Bend Tests on Ti-H Alloys 


Energy Absorbed in Breaking, Ft-Lb 


Hydrogen Impact Slow Bend 
Content, Tests, 18.1 Ft Tests, 0.08 In. 
Atomic Pct per Sec per Min 

0.05 30 26.5 

0.05 32 20 

0.26 19.5 18.5 

0.26 20 22 

2.0 3.5 4.0 

2.0 — 6.5 
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Fig. 23—Effect of strain rate on reduction in area, elongation, and 
breaking energy in tensile tests at various hydrogen levels and the 
effect of hydrogen on the energy absorbed in the Izod impact test. 


sec in a conventional Riehle impact tester. The 
slow-bend tests were made at a strain rate of 0.08 
in. per min. The anvil and strikers for the two 
strain rates had similar dimensions. The results of 
this investigation are given in Table V. At both 
strain rates, the level of absorbed energy was about 
the same for a given hydrogen content, which would 
indicate a lack of strain-rate sensitivity, and that 
notch sensitivity was controlling. 

Additional work to determine the effect of strain 
rate on mechanical properties was done, using the 
standard microtensile specimens. Duplicate tensile 
specimens of high purity titanium were prepared 
with 0.05, 0.47, 0.71, 1.1, and 2.1 atomic pct H.. One 
tensile specimen for each hydrogen concentration 
was tested at a strain rate of 0.005 in. per min, and 
the other was tested under tensile-impact conditions 
in a modified Riehle impact tester at a strain rate of 
18.1 ft per sec. The results of this investigation are 
shown in Fig. 23, where breaking energy, elonga- 
tion, and reduction in area are plotted against hy- 
drogen content. The room-temperature impact 
strength of V-notch, Izod impact, bend specimens is 
shown also. The elongation, reduction in area, and 
breaking energy in tension were not markedly de- 
creased at hydrogen contents through 1.1 atomic pct 
for either strain rate. A decrease in elongation, 
reduction in area, and breaking energy did occur 
at 2.1 atomic pct H.. However, the embrittlement in 
tensile impact does not occur at such low hydrogen 
contents as it does in the V-notch Izod impact 
specimens. This indicates that the embrittlement in- 
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duced by hydrogen is not primarily the result of a 
detrimental effect on strain-rate sensitivity. 

The hydrogen content of most commercial titani- 
um so far tested has been around 50 ppm and, al- 
though 25 ppm or less is desirable, 50 ppm is not 
very damaging. In the presence of more than 50 
ppm of hydrogen, vacuum annealing is a positive 
solution to the hydrogen problem. However, the 
kinetics of removal of hydrogen from large masses 
is not known, nor is the overall practicability of 
vacuum annealing known yet. Cooper and Bounds” 
have shown that vacuum annealing can be used 
successfully as a commercial operation on relatively 
thin-walled titanium tubing, so the operation is 
certainly feasible. Also, in the authors’ experience, 
hydrogen is successfully removed from ¥% in. diam- 
eter bar stock by a few hours in vacuum at about 
85 

The relatively small difference between the im- 
pact strength of vacuum-annealed and 0.26 atomic 
pet (50 ppm) commercial titanium as compared to 
the sharp decrease in impact strength for high 
purity titanium in this hydrogen range would indi- 
cate that either the hydride phase did not precipi- 
tate in the commercial material or that there was a 
redistribution of this hydride. The absence of hy- 
dride from the microstructure of even slowly cooled 
commercial titanium with 0.26 atomic pct H. would 
indicate that the hydrogen was in solution in the 
globular retained 6 phase. Since the retained 6 
phase results from the iron impurity, it would be 
expected that the room-temperature solubility of 
hydrogen in commercial titanium would vary ac- 
cording to the amount of iron impurity. 

The apparent, relatively high solubility of hydro- 
gen in retained 6 suggests the use of retained 8 as a 
hydrogen getter. However, this practice could not 
be generally recommended, since the 8 phase would 
be expected to become saturated with hydrogen and 
also to become brittle. When the § phase is present 
as intragranular globules, the effect of hydrogen on 
impact strength would probably not be too great, 
but when £ is intergranular, as it often is at higher 
iron contents, a serious loss of ductility might occur. 

A solution treatment of titanium containing hy- 
drogen makes a definite improvement in toughness, 
compared to the slow-cooled condition. However, 
aging even at room temperature causes a decay in 
the enhanced properties. Aging at slightly elevated 
temperature would be expected to increase the rate 
of decay. Hence, heat treatment cannot be consid- 
ered as a solution to the problem of poor toughness 
caused by hydrogen. 


Summary 

1—The solubility of hydrogen in a titanium de- 
creases from about 8 atomic pct at 300°C to about 
0.1 atomic pct at room temperature, the decrease in 
solubility being greatest down to 125°C. The hy- 
dride precipitates as plates at slow cooling rates and 
as a fine dispersion after quenching. 

2—The eutectoid composition has been placed at 
about 44 atomic pct, and the lower limit for the 
range of homogeneity of the face-centered cubic 
hydride phase, y, has been placed at slightly higher 
than 50 atomic pct. 

3—The £6 eutectoid reaction has a hysteresis of 
about 40°C, which does not appear dependent on 
heating or cooling rate. Structures of transformed 
8 are typically eutectoid, and little hardening is as- 
sociated with the transformation, even after water 
quenching. 
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4—The effect of hydrogen on the mechanical 
properties of a titanium, including high purity 
iodide titanium, commercial titanium, and a alloys, 
is to decrease notch toughness without affecting 
tensile properties. 

5—_The cause for the effects of hydrogen on mech- 
anical properties appears to be increased sensitivity 
to notches. Strain rate has no deleterious effects 
until higher hydrogen contents are reached. 

6—The detrimental effects of hydrogen on notch 
toughness can be alleviated by vacuum annealing 
to remove hydrogen or by quenching through the 
precipitation range. The latter case gives a finely 
dispersed structure with enhanced toughness. Room- 
temperature aging causes a subsequent decay in 
toughness, and heat treatment cannot be considered 
as a remedy for the detrimental effects of hydrogen. 

7—The presence of iron as an impurity in com- 
mercial titanium stabilizes a small amount of re- 
tained 8 phase to room temperature. Because hy- 
drogen has a high solubility in f, the room-temper- 
ature solubility of hydrogen in commercial titanium 
is higher than in high purity titanium. This effect 
does not, apparently, eliminate the detrimental 
effects of hydrogen on notch toughness, perhaps be- 
cause of embrittlement of the 8 phase. 


Acknowledgment 


The authors acknowledge the support of Water- 
town Arsenal, under whose technical supervision 
the work was conducted, and the helpful sugges- 
tions and discussions of Dr. L. D. Jaffe and Mr. D. 
C. Buffum of that Laboratory. Thanks are also due 
the authors’ coworkers at Battelle: Mr. R. D. Buch- 
heit for his work on metallography; Mr. H. W. Deem 
for dilatometric studies; and Dr. C. M. Schwartz for 
X-ray diffraction work. 


References 


*R. I. Jaffee and I. E. Campbell: The Effect of Oxy- 
gen, Nitrogen and Hydrogen on Iodide Refined Tita- 
nium. Trans. AIME (1949) 185, pp. 646-655; JOURNAL 
oF METALS (September 1949). 

“Unpublished data by Richard Pitler, Allegheny 
Ludlum Steel Corp. 

* A. D. McQuillan: An Experimental and Thermody- 
namic Investigation of the Titanium-Hydrogen System. 
Proc. Royal Soc., London (1950) A204, (1078), p. 39. 

*L. Kirschfeld and A. Sieverts: The Titanium-Hy- 
drogen System. Ztsch. Physik. Chem. (1929) 145A, pp. 
227-240. 

°T. R. P. Gibb and H. W. Kruschwitz, Jr.: The Tita- 
nium-Hydrogen System and Titanium Hydride. I. Low 
Pressure Studies. Journal ACS (1950) 72, pp. 5365- 
5369. 

°C. F. P. Bevington, S. L. Martin, and D. H. Mathews: 
The Absorption of Gases by Titanium and Zirconium. 
Proc. XIth International Congress on Pure and Ap- 
plied Chemistry, pp. 3-7. 

“C. M. Craighead, O. W. Simmons, and L. W. East- 
wood: Titanium Binary Alloys. Trans. AIME (1950) 
188, p. 485; JouRNAL oF MerTats (March 1950). 

*M. W. Mallett: A Versatile Vacuum-Fusion Analy- 
sis Apparatus. Trans. ASM (1949) 41, p. 87. 

°C. M. Craighead, G. A. Lenning, and R. I. Jaffee: 
Nature of the Line Markings in Titanium and Alpha 
Titanium Alloys. Trans. AIME (1952) 194, pp. 1317- 
1319; JOURNAL oF MeETALS (December 1952). 

“F.C. Holden, H. R. Ogden, and R. I. Jaffee: Micro- 
structure and Mechanical Properties of Iodide Tita- 
nium. Trans. AIME (1953) 19%, p. 238; JourRNAL oF 
(February 1953). 

“A. M. Bounds and H. W. Cooper: Annealing of Ti 
and Zr. Metal Progress (January 1951) 59, p. 69. 


TRANSACTIONS AIME 


Load-Temperature History of Lattice Strain 


In Aluminum Alloy 


by D. Rosenthal and M. Kaufman 


ik would be of great importance to our under- 
standing of the phenomena of fracture in metals 
if a unique relationship could be established be- 
tween stress and some easily measurable parameter 
of deformation up to the fracture. It is known that 
no such relationship has been found when the 
parameter was the mechanically measured strain,* 
the major part of which is plastic. The present in- 
vestigation was initiated to determine, among other 
things, if the X-ray or lattice strain* might be a 


* For the definition of lattice strain see ref. 2. 


more suitable parameter. To this end, annealed 
stress free** specimens of 61S aluminum alloy were 


** Freedom of stress in this particular case means absence of 
those stresses which can be checked by the technique employed. 


tested at room temperature and liquid nitrogen 
temperature (—195°C), by first maintaining the 
same temperature from the beginning until the end 
of the test, and then with crossovers from one tem- 
perature to the other. 

Three major factors had to be taken into consid- 
eration in designing the specimens and _ testing 
equipment. The test setup must allow X-ray pic- 
tures to be taken while the specimen is under load 
(for as much as 2 hr at a given load). Provision 
must be made for maintaining the test specimen at 
the temperature of liquid nitrogen as well as at 
room temperature. In addition, the specimen must 
be able to rotate to allow the X-ray beam to take in 
as large a sample of grains as possible, to maintain 
centering, and to correct for effects of large grains. 

The final design of the specimen and equipment 
is shown in Figs. 1 and 2. The specimen and grips 
are hollow, enabling liquid nitrogen to be poured 
in through a funnel-container arrangement while 
the specimen is rotating. The diameter of the speci- 
mens at the 2 in. gage section is 5/16 in. with a 3/16 
in. diameter hole through the center. A small pilot 
valve in the lower grip allows a very small stream 
of liquid nitrogen to escape, thus assuring circula- 
tion of the liquid at all times. A low temperature 
silicone grease-tissue paper packing is used to seal 
all joints. The specimen is held in the grips by a 
pin. Spherical socket joints at top and bottom are 
used to allow for proper alignment. The grips are 
connected to the thrust bearings by means of plastic 
couplings to decrease the heat flow. Rotation is 
accomplished by means of a motor which drives a 
plastic gear (integral with the lower coupling) 
through a semiuniversal joint to allow for deforma- 
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Fig. 1—Hollow aluminum specimen. 


Fig. 2—Testing equipment, set up for —195°C test. 


tion of the specimen. The torque applied to the 
specimen is very small. The maximum stress caused 
by this torque at the highest loads reached was 
found to be less than 200 psi. The whole unit was 
mounted in a 10,000 lb testing machine. An insula- 
tion cage was placed around the specimen to cut 
down air circulation, and consequent frosting of 
the specimen, and also to reduce radiation and con- 
vection heat losses. A narrow window, covered on 
both sides with a thin plastic material allows the 
X-ray beam to reach the specimen. Thermocouples 
placed just outside the pilot hole at the lower grip, 
in the bottom of the funnel container and near the 
top of the funnel container permitted checks of the 
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a—Room temperature. True stress, 10,850 psi. 


Strain, 0.95 pct. 


pct. 


b—Room temperature. 
Strain, 7.60 pct. 


c— —195°C. True eirese 11,900 psi. Strain, 0.75 d— —195°C. True stress, 27,490 psi. Strain, 6.55 
pet. 


True stress, 18,920 psi. 


Fig. 3—Typical X-ray photograms. Inner doublet is that of 61S aluminum. Outer doublet is that of 


tungsten reference powder. 


level of the liquid nitrogen. Trial tests showed that 
as long as the specimen was full of liquid nitrogen, 
the outer surface of the specimen remained within 
1°C of the temperature of the liquid nitrogen. For 
strains within the elastic limit, SR-4 strain gages 
were used.t The device used to measure extension 


+ X-ray residual strains were recorded below the 0.2 pct yield 
strength, but not below the elastic limit (within the limits of ex- 
perimental error). 
beyond the elastic limit is merely a “feeler” gage 
reading to 0.0001 in. fastened to one leg of an inside 
caliper, with the feeler as one of the contact points. 
Extension is measured by placing the contact points 
between the collars of the specimen and noting the 
reading on the feeler gage. The distance between 
the contact points is then measured on a suitable 
micrometer by adjusting the micrometer until the 
same reading is obtained on the feeler gage. This 
method can give results to within 0.05 pct elonga- 
tion at all strains. 

The back-reflection X-ray technique was em- 
ployed.t Three exposures at each stress were taken; 


t For details see, e.g., ref. 4. 


one perpendicular to the axis of the specimen and 
two oblique at an angle of 45° to the axis. Tungsten 
powder was used as a reference material. A thin 
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Fig. 4—True stress-strain curyes for 61S-0 aluminum at room tem- 
perature and at —195°C and with crossover for testing temperatures, 
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film of the powder was placed on the specimen 
using petrolatum as the adhesive. For the low tem- 
perature tests, a thin plastic tube was placed closely 
around the outside of the specimen, supported on 
the lower collar. The reference material was placed 
on this to assure that the solidified powder-petrola- 
tum mixture would not undergo any straining due 
to the strain applied to the specimen itself. Cobalt 
radiation was used. The (420) planes of the 61S 
aluminum alloy and the (222) planes of the tung- 
sten reference powder were the reflecting planes. 
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Fig. 5—Lattice strain-true stress curves for room temperature. 


The depth of penetration of the X-rays for 90 pct 
absorption was 0.002 in., which was approximately 
1 to 3 grains deep. Surface phenomena will, there- 
fore, have an influence upon the results obtained. 
Measurement of a film yielded strain readings with 
a probable error of approximately + 20 microin. per 
in. for stresses below the elastic limit. This probable 
error increases progressively to + 60 microin. per 
in. at stresses corresponding to plastic deformations 
up to 13 pet at room temperature and 8 pct at low 
temperature due to the consequent X-ray line 
broadening. Beyond these strains the line broaden- 
ing becomes too great for any reliable measure- 
ments. Reproducibility of measurements on identi- 
cal pictures (for example, on the two oblique pic- 
tures taken at the same spot) was within these 
limits. Fig. 3 shows four typical X-ray photograms. 


Results 
Standard true stress-strain curves for the partic- 
ular specimens used are shown in Fig. 4. The pre- 
cision of the stress measurements was at worst + 
500 lb per sq in. Four sets of curves are shown; one 
for room temperature tests, one for tests at —195°C 
one for specimens started at room temperature and 
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finished at —195°C, and one for specimens started at 
—195°C and completed at room temperature. The 
room temperature values for yield strength, ulti- 
mate strength, and elongation agree well with 
available data. The values of yield strength deter- 
mined by the 0.2 pct offset method were 7700 psi at 
room temperature and 9700 psi at —195°C. It can 
be seen that at —195°C the ultimate strength and 
elongation at fracture have increased appreciably, 
while the yield strength has increased only slightly. 
The crossover temperature curves confirm previous 
findings." The specimens started at room tempera- 
ture then tested at —195°C do not quite reach the 
stress-strain curve for specimens tested entirely at 
—195°C. Specimens started at —195°C then changed 
to room temperature go higher than the room tem- 
perature stress-strain curves. 

The lattice strain-true stress results at room tem- 
perature and at —195°C are summarized in Figs. 5 
and 6, respectively, with the true stress as the in- 
dependent variable. Each curve presents data from 
at least six specimens. The best fit lines are shown 
in each case. The scatter of points is greater than 
the reproducibility of measurements. This is due 
probably to the fact that a different sample of 
grains is inspected on each picture, even on the 
same specimen. The lattice parameter at —195°C 
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Fig. 6—Lattice strain-true stress curves for —195°C. 


has, of course, decreased. This has been taken into 
account in calculating the strain. 
lattice parameter at —195°C checks closely with the 
value calculated from the known room temperature 
value and the known thermal expansion data. Up 
to the elastic limit the curves are straight lines 
passing through the origin. Beyond the elastic 
limit, in each case, the lines depart from the initial 
slope in the “soft”? direction. That is, the rate of 
increase of lattice strain with the applied stress is 
smaller than below the elastic limit. At a given 
amount of stress above the elastic limit, the low 
temperature results show a slightly greater devia- 
tion from proportionality than the room tempera- 
ture tests. Upon unloading, from a stress above the 
elastic limit there is a residual strain left, Figs. 7 
and 8. The greater the deviation from the original 
slope, the greater the residual strain. It can be 
noted that the rate of increase in residual lattice 
strain at —195°C is slightly greater than at room 
temperature. The initial slope of the curves for 
room temperature indicates a modulus of elasticity 
about 10 pct smaller than the average modulus of 
elasticity, while at —195°C the initial slopes indi- 
cate a modulus of elasticity 4% pct smaller than the 
average.§ 


§ These moduli have been computed under assumption of iso- 
tropy. See ref. 2. 


TRANSACTIONS AIME 


The observed . 


1500 
1000 
= } 
500 
= fo} 
z 
c 
= 
| 
wo 
-500 3 
5 
i 
-1000 
5000 10,000 15,000 20,000 25,000 30,000 


MAXIMUM TRUE STRESS ATTAINED BEFORE UNLOADING, psi 
Fig. 7—Residual lattice strains at room temperature. 


Absence of recovery and phase change effects was 
shown by measuring the residual strain on the same 
specimen over an interval of one month. No appre- 
ciable differences were found. 

The crossover temperature results are shown in 
Figs. 9 and 10. Fig. 9 shows the results of a test 
begun at —195°C, followed by complete unloading 
from 24,000 lb per sq in. and reloading at room tem- 
perature. No measurements were made during un- 
loading. The stress from which the specimen was 
unloaded at —195°C was close to the maximum 
stress attainable at room temperature; therefore, it 
is difficult to discern whether the reloading line 
actually joins the room temperature curve or passes 
above it. The advisability of repeating this test ata 
lower stress level is discussed subsequently. The 
crossover in the opposite direction supplied better 
results, Fig. 10, although more specimens would be 
desirable. No unloading was done here. The speci- 
mens were started at room temperature, and with 
the load held constant, were cooled to —195°C and 
the test continued. The lattice strain in these speci- 
mens did not join the —195°C curve, but appeared 
to fall somewhere between the room temperature 
and —195°C curves. 


Discussion of the Results 
Lattice Strain-True Stress Relationship: Figs. 5 
and 6 indicate that the lattice strains are propor- 
tional to the applied stress below the macroscopi- 
cally observed elastic limit but that they increase 
less than proportionally beyond this value. This 
finding is in agreement with the results reported 


previously for 61S aluminum alloy® and other 
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Fig. 8—Residual lattice strains at —195°C. 
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Fig. 9—Lattice strain-true stress cycle. Specimens prestrained 

at —195°C, test completed at room temperature. 
alloys’ at room temperature. The deviation from 
proportionality has been variously interpreted. 
However, the general consensus at present ap- 
pears to be that the major contributing factor 
is some sort of structural heterogeneity which 
causes various parts of the crystalline aggregate to 
flow at different yield stresses.” According to this 
interpretation, the deviation from proportionality 
observed in Figs. 5 and 6 is due to the fact that the 
grains contributing to the (420) diffraction pattern 
in the normal and oblique (45°) exposures are not 
randomly distributed among all parts of the aggre- 
gate, but represent a sampling of only some of the 
parts. A greater deviation from proportionality is 
observed in the low temperature tests. This would 
indicate that the sample is farther removed from 
the average than at room temperature. Since the 
number of grains contributing to the X-ray pattern 
is the same in both cases, the result can be inter- 
preted as being due to a wider spread of yield stress 
values at low temperature. 

Controversy exists as to the nature of the hetero- 
geneity responsible for this spread.” This point is 


beyond the scope of this paper and will not be con- 
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Fig. 10—Lattice strain-true stress cycle. Specimens started at 
room temperature, test completed at —195°C. 
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sidered here. 

Residual Lattice Strains: If upon unloading from 
a stress beyond the elastic limit, a straight line were 
followed parallel to the slope at the origin, Figs. 5 
and 6, a residual lattice strain would be found equal 
to the intercept made on the vertical axis. For a 
“soft” orientation the residual strain is of an oppo- 
site sign to the strain measured under load. This 
conclusion has been verified experimentally as to 
the sign. However, on the basis of the best fit, the 
measured residual strains are smaller for the ob- 
lique exposures, Figs. 7 and 8, indicating a possible 
deviation from the straight line during unloading. 
This phenomenon would be analogous to that ob- 
served with the macroscopically measured strain* 
and it could be similarly explained as resulting 
from the Bauschinger effect. On the other hand, the 
process of reloading seems to follow a straight line 
parallel to the slope at the origin within the limits 
of experimental error, Fig. 9. 

Equation of State: Inspection of Figs. 4 and 10 
shows a definite similarity of behavior between the 
lattice strain, especially in the oblique exposure, 
and the macroscopically measured strain. Here, as 
there, the specimens started at room temperature, 
then changed to —195°C, do not quite reach the 
stress-strain curve for specimens tested entirely at 
—195°C. This divergence shows dependence on 
previous history and failure of the equation of state. 
It is of interest to note that the crossover points in 
the oblique exposure which lie above the stress- 
strain curve at —195°C can be obtained graphically 
by following the same type of path as shown in Fig. 
9. That is, the same crossover points are obtained 
if the specimen is assumed to have been unloaded 
at room temperature, to have acquired a residual 
strain given by the diagram, Fig. 7, and to have fol- 
lowed a straight line parallel to the slope at the 
origin at —195°C on reloading. If the same con- 
struction is appled in reverse order starting from 
the actual curve at —195°C and using the corre- 
sponding data of Fig. 8, it will be found that the 
crossover points are also slightly above the room 
temperature stress-strain diagram, but that the dif- 
ference is well within the experimental error. This 
finding would seem to indicate that there would be 
little advantage in repeating the tests of Fig. 9 at 
lower stress levels. Likewise, the curves for the 
normal exposures at room temperature and at 
—195°C are too little apart to afford a sensitive cri- 
terion of the equation of state. Therefore, the fail- 
ure of the equation of state for the lattice strains 
appears to rest solely on the evidence supplied by 
the oblique stress-strain curves of Fig. 10. 


Conclusion 
On the basis of the results obtained with the 61S 
aluminum alloy it does not appear that X-ray or 
lattice strains constitute a suitable parameter for an 
equation of state. However, additional tests on other 


materials must be performed before a more definite 
statement can be made. 
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Howe Memorial Lecture, 1954 


Steelmaking Processes — Some Future Prospects 


Ding 


Deeks the 30-year period spanned by these 
annual Howe Memorial presentations, many 
lecturers could proudly claim a kinship either as a 
student or an associate of the man whose memory 
we honor. Although it has been my good fortune to 
have attended many of these annual lectures, it was 
not my privilege to have known Henry Marion 
Howe personally. However, his great repute as 
teacher and scientist was known to all undergradu- 
ates of my day and the later years have enhanced 
my appreciation of his wisdom and foresight. Those 
who knew him well have said he derived particular 
pleasure from speculations on the future world of 
metallurgy. For this reason, I feel that perhaps he 
would not be unsympathetic to a lecture in his honor 
which departs from the highly instructive scientific 
presentations made in the past by so many able 
Howe Memorial lecturers, and which is concerned 
more with the practical phases of various steelmak- 
ing processes and some speculations on their future 
form and relative importance. 

The word “revolutionary” is frequently applied 
to each seemingly important improvement in the 
production of steel ingots, but in retrospect these 
changes, impressive as they appear at the time, are 
merely steps of progress. In the hundred years from 
the inception of tonnage steelmaking, only three 
processes can be truly classified as revolutionary. 
They are the pneumatic process, known in this 
country as the bessemer process; the reverberatory 
method called the open hearth process; and, the 
electric furnace process. There have been many 
variations and combinations of the three funda- 
mental methods, but they remain truly the only 
revolutionary methods in steelmaking since its early 
history. Everything else has been evolutionary, in 
effect doing the same things that we have done in 
the past but doing them better, correcting our errors 
through experience, and slowly but inevitably reach- 
ing a higher state of accomplishment. 

It has often been said that coming events cast 
their shadows before, and the production of steel 
ingots is no exception. As a result of the unrelent~ 
ing demands of World War II and the years that 
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followed, truly impressive progress has been made 
in steel ingot production. The incessant pressure for 
immediate results during this period required the 
employment of initiative and daring, as in few past 
decades, and many developments were brought to 
fruition. Of equal importance is the possible effect 
on future steelmaking methods of the many ideas 
initiated but still in formative stages. 

Fig. 1 portrays ingot production in the United 
States by the three fundamental processes over a 
period of 75 years and is interesting because it poses 
some questions as to future trends. The early as- 
cendancy of the bessemer, its replacement in impor- 
tance by the open hearth process, the amazing 
growth of the latter, and the recent challenge of the 
electric furnace are evident from the chart. Man- 
agement is fully aware of these changes, but is even 
more interested in the future trends. 

Our concepts of the relative importance of the 
more recent developments and their possible effect 
on future processes may perhaps be best exemplified 
by a specific, hypothetical problem. Let us assume 
management is contemplating a new ingot produc- 
ing plant with an output of 100,000 net tons per 
month, located in an area where some purchased 
scrap may be obtained but where by far the largest 
component will be own-produced blast furnace iron. 
Management requires a process or combination of 
processes which will yield highly uniform quality 
characteristics in the ingot form, and represent the 
soundest selection in investment and operating cost. 

Under these conditions, the obvious selection for 
the past four decades has been the open hearth 
process but, in view of more recent developments, 
management may believe that it is no longer per- 
missible to disregard other possibilities with im- 
punity. Accordingly, to be assured of the best pos- 
sible selection, they request that you review not 
only the possibilities of utilizing the conventional 
open hearth, duplex, bessemer, and electric furnace 
methods, but also the more recent developments, 
such as the turbo-hearth, the Linz-Donawitz 
method, the Perrin modifications, and other possi- 
bilities. With this background, one might then ap- 
praise the relative importance of these methods to 
meet a specific need, and concurrently speculate 
on the forms that future ingot processes will assume 
and the relative importance of these processes. 
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Open Hearth Process 

The open hearth process constitutes approxi- 
mately 88 pct of this country’s total ingot capacity 
and has proved its worth under extremely varying 
conditions. Accordingly, a review of its past and 
present merits is essential for an approximation of 
its ultimate potential, and one would naturally first 
consider its possibilities for the problem at hand. 

Fig. 2 reflects the history of furnace productivity 
for a selected group of hot metal plants over a 
period of approximately 50 years. The triangles in 
the figure represent the production performance of 
a number of plants in the year 1905, the squares for 
the year 1925, and the circles for the year 1950. 
The first period is represented by heats ranging 
from 50 to 70 tons, the second period from 75 to 150 
tons with the greatest number being about 100 tons 
in size, while in 1950 the heat size ranged from 75 
to 250 tons, with the greatest proportion being about 
150 tons. Of special interest, although not shown in 
the figure, is the fact that many of the plants repre- 
sented in 1905 appear with larger heats in 1925, and 
again in 1950 with much larger heats from osten- 
sibly the same furnaces. 

Of particular importance is the similarity in heat 
time, the average time of heats tap-to-tap being 
approximately 12 hr in 1905, continuing as such in 
1925, and was but slightly different 25 years later. 
The apparent lack of progress in tap-to-tap time 
can be misleading if this alone is used in judging 
progress of the open hearth process. It should be 
remembered that in numerous cases in this country 
much larger heats are being produced with no en- 
largement in overall exterior furnace length; it is 
not uncommon for many furnaces to operate with 
heat sizes more than twice as large as when orig- 
inally built. That in itself is no mean achievement 
when recognition is also made of the more stringent 
steel specifications and properties required today in 
comparison with the past. Furthermore, it should 
be noted that many of the plants in the early part 
of the century and as late as 1925 derived a consid- 
erable part of their scrap from heavy melting bes- 
semer steel discards and other preferential types of 
scrap from industrial sources now replaced by ever 
increasing lighter scrap. 

Despite the foregoing valid considerations, it is 
difficult to reconcile such long heat times with pres- 
ent concepts of production rates unless further 
analysis is made of these apparent shortcomings. In 
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most cases, increased charges were made to the 
same furnaces without provision for expansion of 
auxiliary facilities. Almost invariably this resulted 
in increased production per furnace at the expense 
of some extension in heat time. In numerous 1n- 
stances, even additional furnaces were added to a 
shop without supplying the necessary auxiliary fa- 
cilities, thereby compounding the sins of omission. 
These changes were often followed by a modifica- 
tion of the furnace itself, usually by widening and 
extending the hearth. In anticipation of increases 
in production resulting from these enlargements, 
some additional auxiliary facilities were provided, 
such as cranes, ladles, charging machines, and the 
like. Hardly any effort or thought was expended on 
the need for greater preheated air volumes and 
temperature to burn more fuel to melt a larger 
charge. Since checker chambers, flues, valves, and 
air volume admitted to the furnace did not keep 
pace with the enlargement in heat size, it is small 
wonder that the heat times did not decrease at all 
plants with the passing years. 

More recently, there has been a recognition of the 
influence of some past omissions. Fig. 3 represents 
the performance during the year 1952 of 55 hot 
metal open hearth plants, equal to 66 pct of all open 
hearth production. It comprehends some of the 
largest. furnaces and therefore some of the most 
modern plants. Fig. 3 represents an average heat 
time for all the hot metal plants of 11 hr 45 min 
tap-to-tap, a moderate improvement over the 12 hr 
average heat time prevalent for the past 50 years. A 
further and noteworthy improvement of approxi- 
mately 30 min in tap-to-tap time is reflected in the 
more recent 1953 performance. Of special signifi- 
cance, however, is the great disparity in production 
rates between furnaces of presumably the same 
size. For example, one can observe in the 150 ton 
group that production rates range from 10.0 to 15.5 
tons per hr. Even greater variations are indicated 
in the plants tapping 190 ton heats, ranging from as 
little as 10 to as much as 21 tons per operating hour, 
an astounding difference for furnaces of similar size. 
It is equally difficult to explain the differences ex- 
isting in plants tapping 225 ton heats and greater. 
One need only glance at the 16 ton per operating 
hour level to observe that in 1952 such a production 
rate was obtained at some plants with 150 to 160 
ton furnaces, whereas heat sizes of over 250 tons 
were required for this production rate at other 
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plants. Thus, as late as 1952, we note what appear 
to be large discrepancies and a repetition of some of 
the same faults of omission previously cited. In 
some cases, it is a lack of auxiliary facilities, in 
others, inadequate material handling combined 
with poor scrap preparation, in others, lack of air to 
burn the fuel required for increased charges in the 
same furnace, plus a list of minor deficiencies too 
long to enumerate. And again appears the old story 
of too many furnaces under one roof for the track 
and material handling facilities available. The so- 
lution does not lie alone in proper scrap preparation, 
adequate storage tracks, and auxiliary facilities. 
Even where shops are reasonably parallel in this 
respect, there are marked differences in output from 
presumably the same sized furnaces. It is therefore 
necessary to examine the question of furnace size. 

Too frequently we are prone to consider that all 
plants tapping the same tons per heat have furnaces 
of equal physical size. An examination of hearth 
areas alone shows this to be far from correct. The 
present accepted definition of hearth area states that 
it is the product of the width times the length of a 
furnace hearth inside the brickwork at the sill line. 
It consists therefore of a theoretical rectangle, al- 
though in actual practice the contour is quite differ- 
ent. Nevertheless, the relation of hearth area to 
heat size, as is customarily indicated by the expres- 
sion “square feet of hearth area per ton,’ can be 
applied to indicate the extent to which a furnace is 
undercharged and with a shallow bath as opposed 
to one which is overcharged or deep. Table I shows 
the actual performance of a selected group of 
American hot metal plants tapping over 200 ton 
heats, the most recently built open hearth plants 
being excluded. Since modern or modernized plants 
are generally 200 tons and over in heat size, this 
comparison reflects an interesting difference in con- 
cept as to requirements for maximum production. 
Again we note great differences in heat time for the 
same sized heats, but here at last we find one of the 
major reasons for the difference. Some furnaces are 
overcharged by comparison with others, and where 
this involves a high pig percentage with an associ- 
ated large proportion of charge ore, a time-con- 
suming operation is required for removal of excess 
metalloids. Should higher scrap charges be resorted 
to, since they are more suited to deep furnaces, ex- 
tended charging delays may result if the scrap is 
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not properly prepared and particularly if adequate 
auxiliary facilities are lacking. If such plants in- 
clude a large number of furnaces, the problem be- 
comes increasingly difficult. Plants F, G, and H in 
Table I represent hearth areas around 4.0 sq ft per 
net ton ingots tapped, an area lending itself to high 
pig charges and providing moderately shallow 
hearths conducive to fast reactions. It is a figure 
generally accepted in the design of new plants as 
the minimum with which such plants should start. 
If we apply this figure to plant C, then, in essence, 
we are discussing a plant with 179 rather than 268 
net ton furnaces. It illustrates one important dis- 
parity between plants and it leads us to suggest that 
the industry consider the adoption of a more ra- 
tional method of determining the true size or ca- 
pacity of furnaces than presently exists. 

Plants F, G, and H are comparable in heat size, 
hearth areas, pig percentages used, types of steels 
made, and essentially similar in type of fuels used. 
They are all of the same age, are well equipped 
with auxiliary facilities, adequate sized charging 
boxes, large door openings, and all the many other 
requisites for fast charging and high production 
rates. Nevertheless there is a substantial difference 
in production accounted for largely by differences 
in three important prerequisites for maximum pro- 
duction where high pig percentages are used. One 
is use of a hot, low silicon iron, the second is use of 
superior charge ores, and, lastly, employment of 
high firing rates with adequate air supply. Low 
silicon iron is most desirable, if it can be produced 
in blast furnaces. A low silicon iron requires the 
minimum quantity of charge ore for any given iron 
usage, and, when accompanied by suitable charge 
ore, forms the basis for maximum production. The 
use of charge ore in steelmaking is an unfortunate 
requirement since it necessitates heat and is accom- 
panied by time-consuming reactions. Its sole virtue 
is its contribution to a low cost source of metallics; 
however, when such cheap iron units are made pos- 
sible only by fine, siliceous, and high moisture ores, 
the apparent economy becomes a liability in its 
overall effects and the production of any plant, no 
matter how well designed and equipped, is ad- 
versely affected. Even today, there are vast differ- 
ences in firing rates for similar sized furnaces, a 
major factor in furnace output. 

The new plants recently placed in operation re- 
flect full recognition of many of the limitations pre- 
viously existing, and their design and layout pro- 
vide against such errors. The element of generous 
hearth areas for higher pig percentages is compre- 


Table |. Production Rates of Selected Open Hearth Plants. 200 
Net Ton Heats and Oyer—Year 1952 


Theo- 

Production Rate 
Per Heat 

Month Size, 

Per Based 


Hearth Area, Heat Fur- on 4.0 
Sq Ft Time, nace, Sq Ft 
Heat Per Tap- Per Per M 100 Per 
Size, Per Net to-Tap Oper- Sq Ft Pet Net 
Net Fur- Tons (Hr: ating Hearth Avail- Tons 
Plant Tons nace Ingots Min) Hour Area able Ingots 
A 209 710 3.38 15:30 13.48 18.99 9,870 178 
B- 260 923 a0 18:11 14.29 15.48 10,460 231 
GC. 268 716 2.67 17:18 15.49 21.63 11,340 179 
D_~ 200 732 3.66 12:00 16.54 22.60 12,110 183 
E 206 756 3.67 12:53 15.97 21.12 11,690 189 
F 234 936 4.00 10:38 21.84 23.33 15,990 234 
G 226 884 3.91 9:51 22.94 25.95 16,790 204 
H 222 884 3.98 9:36 23.13 26,17 16,930 221 
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hended in such plants, as shown in Table II. While 
assuredly future operators of these plants will tap 
heats even larger than those represented by the 
theoretical size, there is sufficient latitude in pres- 
ent hearth areas to permit some increase without 
adverse effects. If the hearths are extended in 
length, as have many other furnaces in the past, it 
is unquestionable that much larger heats will be 
successfully tapped than is presently contemplated, 
provided the necessary auxiliary facilities are made 
available. 

Plants which are deficient in individual furnace 
design and in operating technique have much to 
gain from the detailed knowledge freely exchanged 
in technical societies such as this and others. In 
this presentation, we are not concerned with these 
details as much as we are with highlighting the 
overall considerations which form the basis of se- 
lection from various available steelmaking proc- 
esses. Accordingly, for the purpose of demonstrat- 
ing the next major consideration, we will assume 
the existence of well designed furnaces employing 
modern controls and techniques. 

It has been demonstrated innumerable times in 
such plants that when a single furnace is given 
preferential charging treatment and is fired at a 
maximum rate compatible with the ability of the 
furnace to provide air to burn such fuel, this unit 
can produce heats in from 8 to 9 hr tap-to-tap over 
an extended period of its useful life. This may com- 
pare with an average of 11 to 13 hr, or more, for all 
the furnaces in the same shop. Many plants possess 
such furnaces. Unfortunately, they fall far short of 
their inherent possibilities due to poor logistics— 
the method of getting materials to and from fur- 
naces with a minimum delay. 

It is not always appreciated that in such a plant 
as that which we are using as a basis for our dis- 
cussion—100,000 net tons ingots monthly—there is 
handled as much as 9000 tons of material per day on 
both the charging floor and pitside, or as much as a 
good sized boat carries, or equal to a trainload of 
180 cars. Furthermore, the materials exist at differ- 
ent elevations and in all manner of forms: hot and 
cold, in huge ladles, and also in small ounce pack- 
ages, transported in boxes, thimbles, railroad cars, 
shovels, and by wheelbarrow, to mention only a few. 
Assuredly there never was a more profitable field 
for the talents of genuine materials handling ex- 
perts. Too many of us are prone to play the expert 
in a most difficult area, and one of the most impor- 
tant reasons for the failure of some plants to match 
the performance of others lies in the inherent diffi- 
culties of keeping furnaces promptly charged and 
materials moved from the pitside. This may appear 


Table Il. Rated ys Actual Heat Size of New Open Hearth Plants 


Theo- 
retical 
Hearth Area, 
Sq Ft 4.0 Sq Ft 
Heat Per Hearth 
Size, Per Net Area per 
Net Fur- Tons Net Tons 
Company Tons nace Ingots Ingots 


Youngstown Sheet & Tube Co., 


Indiana’ Harbor 250 1022 4.09 254 
Armco Steel Corp., Middletown ... 250 1022 4.09 254 
Jones’ & Laughlin Steel Corp., 

Pittsburg 250 1035 4.14 259 


Inland Steel Co., Indiana Harbor 250 1073 4.2 
United States Steel Corp., Fair- a ibe 
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Table III. Hypothetical Open Hearth Charge for Hot Metal Plant 
Producing 100,000 Net Tons per Month 


Charge Requirements 


Lb per 
is; 225 n Net Tons Net Tons Lb per Gross 
per Month Ingots Heat Metal, Pct 

Hot metal 63,200 1265 284,000 55.0 
Cold iron 4,000 80 18,000 3.5 
Steel scrap (own) 28,000 560 126,000 Be 
Steel scrap (purch.) 10,000 200 45,000 8. 
Fe in ore ,300 165 37,200 7.2 
Additions 1,500 30 6,800 13 
Gross metal 115,000 2300 517,000 100.0 
Ingot yield (pct) 87.0 
Ingots 100,000 


to be too simple an explanation of the great differ- 
ences in performance, but it is my considered opin- 
ion that it is too often the main factor contributing 
to low and inefficient productivity at many plants. 
The greatest injustice we can do to the generations 
that follow is to limit their capabilities by the need- 
less logistic bottlenecks we create. Rather we should 
insist, in our plant layouts, on a generous provision 
of trackage, heat assembly, ingress and egress from 
all parts of the plant and at the furnace proper, 
both at charging floor level and below. Lacking 
such provisions, the full potential of an open hearth 
furnace cannot be realized. 

With these prerequisites established, it now be- 
comes possible to visualize, in a preliminary way, 
the type of open hearth you can recommend to your 
management, if that is the process ultimately se- 
lected. The heat size selected for illustrative pur- 
poses only is 225 net tons and the furnaces are pro- 
vided with generous hearth areas conducive to 
maximum production rates when using high per- 
centages of iron, such as initially prescribed and 
shown in Table III, amounting to 64 pct based on 
iron and scrap. 

With such a charge, low silica, high quality charge 
ores and excellent flush practices are imperative, 
the latter invariably involving front flushing. If low 
silicon iron of consistent analysis is not available, 
one might consider the practice at a number of in- 
stallations on the Continent which utilize oxygen for 
desiliconizing iron to as low as 0.20 pct Si and do so 
on a large plant scale. The results are threefold: the 
temperature of the iron is increased, the charge ore 
and flux requirements are reduced, and slag volume 
in the open hearth furnaces is substantially de- 
creased. All contribute to speeding up the ingot pro- 
duction rate. In this country, one plant has used 
such a practice, by employing roll scale, although 
the amount of iron so treated is limited by the quan- 
tity of roll scale available. There is no reason to 
question its favorable effect on production rates, but 
whether such practices are economical depends on 
the situation at hand. 

Table IV reflects the average performance of hot 
metal plants in 1952 compared with data on an ex- 
cellent present-day operation, and a further com- 
parison is made of a practice which we believe to be 
attainable from such size furnaces in the future. 

The essential differences between the average 
1952 performance and that representing excellent 
modern-day practice amounts to as much as 2 hr 
from tap-to-tap or a difference of 20 pct in produc- 
tion rate. The longer time for charging scrap is a 
reflection of poor scrap preparation, inadequate sized 
boxes, frequently inadequate auxiliary facilities, 
and low fuel-firing rates. The last is reflected again 
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in deficiencies in the periods “Hot metal to melt” 
and “Melt to tap.” The use of mediocre charge ores 
as compared to superior materials is again apparent 
by as much as a 30 min difference in the intermedi- 
ate period between hot metal and melt, and when 
combined with irons too high in silicon, the penalty 
is even greater. Excellent modern practice invari- 
ably involves maximum fuel-firing rates and early 
feed ore additions. Even in the matter of delays, the 
average 1952 performance again reveals needless 
stock delays. In the important field of furnace 
availability, a substantial difference is indicated be- 
tween the average 1952 performance and that which 
is accepted as excellent practice. The latter is in- 
variably the result of well planned rebuilds, ready 
accessibility to and from furnaces, the employment 
of modern techniques for transporting brick to fur- 
naces, the use of incentives, and the many other de- 
vices known to the industry. Thus, even today, the 
difference between excellent and average practice 
can be as much as 25 pct in output over extended 
periods of time, and those which fall below even the 
average performance have much to gain by modern- 
ization of their facilities as well as operating pro- 
cedures. 

The future open hearth plant should first of all 
provide a substantially greater relative hearth area 
than even represented by excellent modern prac- 
tices and particularly so where high pig iron charges 
are involved. This assures a shallower bath with its 
attendant advantages. The overall length of such 
furnaces need be no greater than present-day de- 
sign, the difference being in small port and uptake 
areas. Such extended hearths, at the expense of 
needlessly large uptakes, have invariably proved 
their worth where installed in recent years. 

While provision is made for the use of oxygen-en- 
riched air to permit the most rapid melt-down of 
scrap prior to hot metal additions, it is possible in 
many cases to obtain the same results by improved 
combustion techniques alone. The employment of 
oxygen for decarburizing, particularly where large 
proportions of low carbon steels are involved, is a 
prerequisite for maximum production. The prepar- 
ation of scrap, under the conditions obtaining for 
the hypothetical plant in question, is a necessity if 
charging delays are to be eliminated entirely. 

The various components making up the 9 hr tap- 
to-tap time have been consistently achieved by in- 
numerable plants, and in a few isolated cases these 
fast heat times have been accomplished for consid- 
erable periods but not on a sustained basis. The 
furnace availability of 96 pct is already attained by 
a number of excellently operated plants and, no 
doubt, even this outstanding performance will be 
improved in the future. Obviously, the 9 hr tap-to- 
tap for future plants of this character can only be 
obtained under what, to many, may appear ideal 
conditions. Nevertheless, since there is no open 
sesame to this problem, it involves painstaking and 
continued efforts in every single phase of operations 
in ingot production, and the objective is, as always, 
to attain what appears today to be ideal. 

Thus, we can expect our future open hearth fur- 
naces of this size to produce as much as 17,500 net 
tons ingots per month. Six furnaces would then be 
sufficient to meet the objective as opposed to eight 
required on the basis of the 1952 average perform- 
ance. If larger furnaces were considered desirable, 
proportionately less units would be required. Con- 
trariwise, smaller furnaces would mean more units. 
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Table IV. Present and Future Open Hearth Production for Hot 
Metal Plant Producing 100,000 Net Tons per Month 


1952 Excellent 


Basis—225 Net Tons per Heat Average Modern Future 
Begin charge to finish scrap, hr:min 1:45 1:00 1:00 
Finish scrap to finish hot metal, 

hr:min 2:00 1:45 1:30* 
Total charge, hr:min re 3:45 2:45 2:30 
Hot metal to melt, hr:min 4:15 3:45 3:45 
Melt to tap, hr:min 2:30 
Charge to tap, hr:min 10:30 8:45 8:10 
Delays, hr:min 115 1:00 0:50 
Tap-to-tap, hr:min 11:45 9:45 9:00 
Net tons per operating hour 19.15 23.08 25.00 
Furnace availability, pet 92 96 96 
Production per furnace per month, 
net tons 12,900 16,200 17,500 
Increase over 1952 average, pct — 25 35 
No. furnaces required to produce 
100,000 net tons ingots per month 7.8 6.2 5.7 


* Melt-down with oxygen enrichment. 
+ Decarburize with oxygen. 


Modified Duplex Open Hearths 

The economic advantages in the practice of using 
charge ores required by high hot metal percentages 
for the conventional open hearth process have been 
cited previously. There are also liabilities associated 
with this practice, such as the time-consuming re- 
actions involved and the critical requirements for 
proper flushing of the unwanted metalloids without 
concurrently losing molten metal. The exacting 
skill involves perhaps the last remaining phases of 
the “art” and promises ever so to remain. The items 
associated with this extremely important phase of 
open hearth production are so precise with respect 
to timing, temperature conditions, and skill that if 
the use of charge ores could be avoided in its en- 
tirety with no economic loss, it would enormously 
simplify the primary operation. But this is too 
much to expect when using higher pig iron charges, 
even with low silicon irons. 

As an alternative, however, one may borrow a 
principle from the bessemer operation, where these 
time-consuming reactions of the open hearth are 
completed in a minimum time in a converter. When 
such blown metal is used in conjunction with tilting 
open hearth furnaces, the process is called the 
duplex operation. The molten bessemerized iron is 
furnished to the open hearth furnace and no charge 
ore is required. The overall process is extremely 
rapid, readily controlled, and produces steel of a 
quality eminently satisfactory for virtually all pur- 
poses. The carbon, silicon, and manganese are elim- 
inated in a matter of minutes in the converter, leav- 
ing for the open hearth furnace only the problem of 
meeting phosphorus, sulphur, carbon, or any other 
specification objective in the final steel. 

Open hearth furnaces utilizing blown metal only 
can consistently produce heats in 34% to 4 hr tap-to- 
tap, equivalent to arate of 50 net tons ingots per hr 
for a heat size of 180 tons, or a production rate of 
2% to 3 times that obtained from a furnace of-sim- 
ilar size employing conventional hot metal charges. 
Such an arrangement, however, involves another 
open hearth plant to consume the scrap produced 
from rolled ingots and therefore could, not be con- 
sidered for our hypothetical plant. Furthermore, 
the use of such a duplex process on a self-contained 
basis, involving approximately 70 pct blown--metal 
and 30 pct own-produced -serap, would also be 
questionable, since the production rates of tilting 
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furnaces drop precipitously when increasing amounts 
of steel scrap are charged. In effect, the tilting 
furnace is not an efficient tool with which to consume 
appreciable amounts of scrap due to excessive air 
infiltration through apertures necessary to provide 
the tilting feature. 

However, stationary furnaces benefit substantially 
when furnished blown metal in any proportions, 
and, with this in mind, one can visualize a com- 
bination process which meets the objective and does 
so with a minimum number of furnaces. We shall 
refer to this combination as the modified duplex 
process. 

Table V represents some possibilities when em- 
ploying a modified duplex process on stationary 
open hearth furnaces tapping 225 ton heats. To pro- 
vide the required blown metal, two 35 ton converters 
are used and a spare provided. With these facilities, 
sufficient blown metal would be available under all 
conditions, and any down-time would be reflected 
at the relatively inexpensive converters and not in 
the more costly open hearth plant. The charge of 
55 pct blown metal, shown in Table V, involves 33 
pet scrap or the same amount as previously con- 
sidered for the hot metal process. The charging 
time is considered to be the same as conventional 
“excellent” open hearth practice, a conservative 
figure in view of the reduction in limestone and due 
to the virtual absence of silicon in the charge as 
well as the almost complete elimination of charge 
ores. The substantial difference between this pro- 
cess and the hot metal process is reflected in the 
items “Charge of blown metal to melt” and “Melt 
to tap,” the overall time being 2 hr 55 min compared 
with 5 hr 40 min, a difference of 2 hr 45 min. This 
amazing decrease is achieved because blown metal 
can be delivered at the high temperature approach- 
ing the final tap thermal requirements and, sec- 
ondly, because it is possible to blow to a carbon 
level much closer to the final required carbon than 
with the more irregular melts characteristic of con- 
ventional open hearth hot metal practices. Of prime 
importance is the fact that the painfully slow oxida- 
tion of metalloids by charge ore is completely elimi- 
nated. All of these advantages, combined with less 
bank and bottom erosion due to the type of charge, 
assure an overall tap-to-tap time of no longer than 
6 hr 15 min, which compares with 9 hr projected 
for the future modern hot metal plant tapping 
heats of similar size. 


Table V. Estimated Open Hearth Production for Stationary Open 
Hearth Plants Operating with Various Percentages of Blown Metal, 
Using O, in Converters 


Basis — 225 Net Ton Blown Metal Charged, Pct 


Heats 55 65 80* 

Begin charge to finish scrap, hr:min 1:00 0:45 0:20 
Finish scrap to blown metal, hr:min 1:30t LS 0:40 
Charge blown metal to melt, hr:min 1:10 1:10 1:10 
Melt to tap, hr:min 1:45¢ 1:45t 1:45+¢ 

Charge to tap, hr:min 5:25 4:55 3:55 
Delay time, hr:min 0:50 0:50 0:50 

Tap-to-tap, hr:min 6:15 5:45 4:45 
Net tons per operating hour 36.00 39.13 47.37 
Production per furnace per month, 

net tons 25,300 27,500 33,300 
No. furnaces required to produce 

100,000 net tons per month 4.0 3.6 3.0 


* With 50 pct O2 enrichment converter to melt scrap. 
+ Using O2 for flame enrichment. 
¢ Using O2 for decarburization. 
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If it is desired to operate on a self-contained 
basis, it is only necessary to charge an equivalent 
amount of blown metal in place of purchased scrap 
and, since this reduces the amount of cold-charged 
materials, one can expect a reduction in charging 
time. Furthermore, with only 23 pct scrap to be 
melted and the use of increased amounts of liquid 
metal at high temperatures, a further reduction in 
heat time can be expected, by as much as 10 pet. 

We may go one step further by considering the 
ultimate, which involves using the bessemer con- 
verter as a means of melting scrap. Experience here 
and abroad has clearly demonstrated that when 
oxygen-enriched air is employed, substantial 
amounts of scrap can be melted in converters, in 
fact, as much as 18 pct of the charge. With adequate 
scrap handling facilities at the converters, one can 
visualize that a substantial amount of scrap can be 
put into the converter in one charge and in no way 
adversely affect the production rate of the con- 
verters, but rather bring about a major overall sav- 
ing as the result of decreased charging time in the 
open hearth. This therefore permits the considera- 
tion of a very minimum amount of limestone at the 
open hearth, the complete elimination of charge 
ores, and the use of only 12 pct of scrap. With such 
a charge, the overall time can be substantially re- 
duced and it may be expected that heats could be 
produced in as little as 4 hr 45 min from tap-to-tap, 
or approximately twice the production rate that can 
be obtained for equal sized furnaces when using 
conventional hot metal charges under the most 
favorable conditions. Of prime importance is the 
necessity of a proper plant layout, since the critical 
feature of such a process is that blown metal should 
always be available to the open hearth furnaces at 
the moment required. The design of the plant we 
have in mind is far removed from the compromises 
too frequently made employing such practices. 

Thus, as shown in Table V, three furnaces with 
the associated converters would satisfy the objec- 
tive. At maximum peak demands, 100,000 tons of 
ingots per month could be expected and with a re- 
cession in operating rates, combinations of hot 
metal, blown metal, and scrap could be employed. 
In periods of low operating activity and abundant 
purchased scrap, the converters could be shut down, 
and using only hot metal and steel scrap, 50,000 net 
tons could be produced utilizing the full comple- 
ment of the open hearth shop. At peak periods, 
with blown metal, twice as high a production rate 
could be obtained. A plant of this type would be 
flexible in all respects and capable of making any 
grade of carbon steel. It represents, in our opinion, 
the ultimate in production rates from stationary 
open hearth furnaces of this size. 

Table VI reflects the future potential, as we see it, 
of nominal sized stationary furnaces when employ- 
ing hot metal or the modified duplex operation for 
heats of equal size. 


Bessemer Process 

The acid bessemer process was the first steelmak- 
ing process used in this country to achieve mass 
production. After its beginning in 1863, it devel- 
oped rapidly with the growing needs of a young 
nation fast becoming the greatest industrial country 
in the world. It was truly a revolutionary develop- 
ment not only in steelmaking but in its electrifying 
influence on industrial growth. Bessemer ingot 
production reached its peak as early as 1906 with 
approximately 14,000,000 net tons ingots in that 
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Table VI. Estimated Future Production Rates for Hot Metal 
and Modified Duplex Plants 


Basis—225 Net Future Future 

Tons per Heat Hot Metal Duplex 
Heat size, net tons 225 225 
Tap-to-tap, hr:min 9:00 4:45 
Production per operating hour, net tons 25.00 47.37 
Production per furnace per month, net tons 17,500 33,300 
Furnaces required to produce 100,000 

net tons ingots 6 3 


year, and shortly thereafter surrendered its leader- 
ship in steel production to the open hearth process. 
Ever since, bessemer plants have been secondary in 
importance, and a steady decline has taken place 
with each passing decade. Today there exists only 
an annual ingot capacity of 4,800,000 net tons which 
compares with 109,000,000 net tons for the open 
hearth process. Thus, not only has the position of 
the bessemer process deteriorated with respect to 
open hearth, but the actual capacity today is only 
a third of that which existed 50 years ago. 

Some of the reasons for this decline constitute the 
basis for questioning the importance of the besse- 
mer process in future steel production. Since the 
process can use little scrap, it makes available rel- 
atively inexpensive revert metallics to its com- 
petitor, the open hearth process. Because the opera- 
tion is conducted with an acid-lined converter, iron 
low in phosphorus and low in sulphur is essential. 
Bessemer ores low enough in phosphorus to support 
the operation have become increasingly scarce and 
expensive. Over the years, metallurgical coals have 
tended to increase in sulphur, and the resulting 
higher sulphur coke involves a more expensive 
blast furnace operation to assure an iron sufficiently 
low in sulphur to meet bessemer requirements. The 
replacement of lap and butt weld pipe, using besse- 
mer skelp, by the seamless method of making pipe, 
using open hearth steels, was far-reaching in its 
effect on bessemer ingot production. This was fol- 
lowed shortly by the introduction of hot-rolled strip 
mills utilizing open hearth steels as opposed to 
bessemer sheet and tin bar used on the older hot 
mills, and one of the most important consumers of 
bessemer steels was thus lost. The higher phos- 
phorus content of bessemer steels, an essential for 
opening sheet packs on hot mills, became a liability 
on hot-rolled strip mills because of the adverse 
physical properties imparted to the final product in 
cold rolling. 

Most of the older bessemer units have been re- 
placed by modern and more flexible open hearth 
plants. Only once since 1906 has this downward 
trend been arrested. This occurred in 1949 when an 
old bessemer unit was replaced by a larger and 
more modern plant employing some metallurgical 
advances in the production of bessemer steel for 
seamless pipe. This practice involves partial deoxi- 
dation of the molten blown metal by the addition 
of specified amounts of hot metal to the vessel. The 
metalloids, particularly carbon which is an effec- 
tive deoxidizer at high temperatures, react with the 
ferrous oxide in the blown metal, and the gaseous 
product of reaction assures a lower inclusion con- 
tent as opposed to the use of conventional deoxi- 
dizers. The high yield-point and elastic ratio char- 
acteristics of killed bessemer steel have been found 
particularly useful in the application of pipe for 
structural purposes or where pipe is subjected to 
high pressures. 

Various technological advances, such as the spec- 
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troscope and the photronic cell, have been made to 
assure a controlled analysis end-point. Neverthe- 
less, two elements are present in bessemer steels in 
such amounts as to seriously limit their applications 
when considering products requiring maximum 
ductility, particularly in cold working and forming. 
These are phosphorus and nitrogen, the former 
ranging from 0.075 to 0.100 pct in bessemer as op- 
posed to less than 0.015 pct in open hearth products; 
and the nitrogen content which averages between 
0.012 and 0.016 pct, compared with 0.004 to 0.006 
pet in the open hearth process. These differences, 
minute as they appear to be, exert a marked in- 
fluence on the ductility of steels. 

There have been innumerable attempts to de- 
phosphorize bessemer steels and two methods have 
been in use. One involves the treatment of the 
molten steel in the ladle by pouring it from the con- 
verter onto a mixture of lime, roll scale, and fluor- 
spar in the receiving ladle. Another method in- 
volves retention in a tilting furnace of the molten 
slag from a previous low carbon heat, adding a 
minor quantity of lime and roll scale, and pouring 
the bessemer blown metal through the slag into the 
furnace. The reaction, which is virtually instan- 
taneous, reduces the phosphorus to acceptably low 
levels. Both of these alternate methods solve the 
phosphorus problem, but the nitrogen content re- 
mains unaffected. 

Attempts have been made to produce a low 
nitrogen steel by surface-blowing in an acid-lined 
vessel, but the results are erratic and involve tem- 
peratures beyond practical operating practices. It 
is quite possible that if we followed the Continental 
teachings of oxygenated air supplemented by steam 
and carbon dioxide, the nitrogen content of besse- 
mer steels could be reduced to much lower limits; 
and if this were dephosphorized in a second vessel, 
using molten basic oxidizing slags as previously 
described, a low phosphorus, low nitrogen steel 
could be produced. But there are a number of rea- 
sons that make questionable these costly manipula- 
tions to extend the application of bessemer steels 
beyond their present, eminently satisfactory fields. 

The low phosphorus ore requirement of the besse- 
mer process poses an ever-increasing problem of 
availability, even though moderate relief is possible 
when agglomerated taconite concentrates become 
available in quantity. Of perhaps greater impor- 
tance is the development of two pneumatic proc- 
esses which provide low nitrogen, low phosphorus 
steels from the more abundant basic ores, and which 
appear to be suitable for applications not presently 
met by conventional bessemer practice. These new 
developments may warrant consideration if the 
economics of the particular plant dictate a steel- 
making method dependent almost entirely on blast 
furnace hot metal as its source of metallics. 

For these reasons, it appears unlikely that we 
shall see any significant expansion in the present 
acid bessemer process. Its major use will be to 
serve as an adjunct to open hearth furnaces in the 
duplex and modified duplex operations. 


Turbo-Hearth Process 

Some interesting developments stemming from 
the use of side or surface-blown acid converters 
have led to a process which engages the attention 
of many and possesses interesting possibilities. It is 
known as the turbo-hearth process. It has been 
known for many years that when a conventional 
bessemer is turned on its side and surface-blown, 
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the temperature of the molten metal can be rapidly 
increased. In fact, it is common practice to resort 
to this technique if insufficient temperature devel- 
ops during the blowing. It is for this reason that 
Tropenas converters, which are surface-blown, are 
used in many foundries; the high temperature of the 
resulting metal permits the successful production 
of very small castings requiring great fluidity. 

The fundamental reason for the generation of 
more heat with surface-blowing as opposed to con- 
ventional bottom-blowing lies in the fact that more 
of the carbon is completely burned to carbon di- 
oxide within the vessel rather than at the exit or 
nose of the converter. This, in turn, permits the use 
of a basic lined converter supplied with standard 
basic iron with its much lower phosphorus content, 
as opposed to the conventional bottom-blown basic 
bessemer process which requires 1.8 pct or more 
phosphorus to generate the thermal requirements 
of the process. In this country, no ores exist which 
would yield such high phosphorus irons, and for 
that reason the Thomas process, which we call basic 
bessemer, has never been used. 

It is thus apparent that the temperature required 
for a pneumatic process can be obtained from 
standard irons low in phosphorus by surface-blow- 
ing in a special vessel. A cross section of such a 
vessel still in the experimental stage is shown in 
Fig. 4. Of great importance is the fact that surface- 
blowing, together with its associated turbulence 
due to shape of vessel and special blowing tech- 
niques, provides for a low nitrogen content of 0.002 
to 0.003 pet. Accordingly, it is possible to produce a 
very low nitrogen and low phosphorus steel, there- 
by meeting the major analysis requirements for 
ductility, and matching conventional open hearth 
steels in physical properties. 

Blows of 10 tons have been made in considerable 
numbers with an experimental unit, the blowing 
time being about 10 to 12 min. One can visualize 
the possibility of its ready application to low car- 
bon steels requiring maximum ductility, since the 
process produces such grades with great rapidity as 
opposed to the relatively slow rate by the open 
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Fig. 5—Typical bath analyses after bessemer and turbo-hearth blow. 


hearth process. A comparison of a characteristic 
heat log for the bessemer process and the turbo- 
hearth process is shown in Fig. 5. It will be noted 
that the turbo-hearth process permits the produc- 
tion of low carbon steels equivalent to open hearth 
grades in nitrogen, sulphur, and phosphorus content, 
which the bessemer process fails to do. 

The turbo-hearth process constitutes an interest- 
ing new field of development. It will be necessary 
to await its more complete, continued operation 
since, like all other steelmaking methods, only econ- 
omy in operating cost and investment, together 
with superiority in steel quality, determine the con- 
tribution of a steelmaking process to the industry. 


Modified Basic Bessemer Process in Europe 

Of present-day interest to all steelmakers are 
the developments in Europe and Great Britain in 
the pneumatic process called the Thomas process 
or basic bessemer. On the Continent, a great part 
of the total ingot production is derived from high 
phosphorus irons, since the economically available 
ores are high in that element. Thus there was de- 
veloped a pneumatic process using a basic lining as 
opposed to the acid lining permitted in this country 
by the availability of ores low in phosphorus. The 
basic bessemer depends largely on the high phos- 
phorus content of the iron, which is about 2 pct, for 
its thermal support, whereas the acid method de- 
rives its sustenance largely from silicon, which is 
normally 1.5 pct, in the iron. The Thomas or basic 
bessemer produces steels with a nitrogen content of 
approximately 0.010 to 0.012 pct or essentially the 
same as our bessemer steels, and the phosphorus is 
normally slightly higher than open hearth grades or 
0.040 to 0.050 pet. 

With the installation of new strip mills in Europe 
followed by cold reduction facilities for sheets and 
tinplate, it was soon apparent that it would be 
necessary either to install more open hearth plants 
to meet steel quality requirements—a monumental 
problem in view of the high phosphorus irons—or 
to modify the Thomas process to assure the pro- 
duction of lower nitrogen and phosphorus steels. 
There followed an intensive program incorporating 
the use of oxygenated air, steam, and carbon diox- 
ide as the blowing medium. It was soon ascertained 
that. it was necessary to fix the phosphorus in the 
slag before the carbon was eliminated, rather than 
depend on the customary afterblow to reduce the 


TRANSACTIONS AIME 


phosphorus to acceptable levels. This was accom- 
plished by the addition of oxides, such as roll scale 
or ores, early in the blow. 

The use of oxygen, steam, or carbon dioxide, or 
combinations in conjunction with blown air, reduces 
the nitrogen input in the blowing medium. The 
temperature is controlled to a large degree with 
scrap additions. The overall result is a reduction in 
nitrogen and phosphorus well below the conven- 
tional Thomas process but somewhat above usual 
open hearth results unless extreme measures are 
taken. The steels so produced are suitable for hot- 
rolled strip and cold-rolled products as well as 
other types requiring ductility in cold forming. 

These Continental practices are mentioned here to 
illustrate that the same problems exist there under 
somewhat different conditions and are met success- 
fully by different techniques. They are also inter- 
esting since they suggest the possibility of decarbur- 
izing open hearth steels by steam and carbon di- 
oxide as opposed to oxygen. 


Linz-Donawitz Process 


In Austria, the same question arose in connection 
with the installation of new strip facilities and cold- 
reduced sheets, and was also associated with a pe- 
culiar set of circumstances that necessitated a proc- 
ess almost entirely dependent on pig iron. The 
process finally adopted is one based on the use of 
solid-bottom converters lined with basic refrac- 
tories and employing a vertically suspended water- 
cooled copper-nosed lance above the bath for the 
supply of 98.5 pct oxygen, as shown in Fig. 6. It is 
called the Linz-Donawitz process, so named after 
the towns in which the two steel plants are located, 
and which utilize identical processes. 

The iron used is essentially a normal basic iron 
of high manganese content, with an analysis as 
follows 3275) to 4:25) pet; Mn; to: 3.005 Si, 
0.20 to 1.00; P, 0.08 to 0.150; and S, 0.04 to 0.06. 
This would be a satisfactory type of iron for con- 
ventional open hearth practice, but since additional 
ingot capacity was involved at both plants, and 
Austria is devoid of scrap, it was imperative to con- 
sider some pneumatic process which uses a maxi- 
mum amount of iron. The Thomas or basic process 
could not be considered due to the absence of phos- 
phorus sufficient to support the thermal requirement, 
yet too high to permit use of the acid bessemer. 

As has been pointed out for the turbo-hearth 
process, surface blowing permits the successful use 
of basic irons. Equally true is the fact that if pure 
oxygen is used for blowing in this manner, sufficient 
temperature is generated to support the process 
with basic iron of relatively low silicon. In fact, too 
high a temperature is obtained and must be con- 
trolled by coolants, such as scrap. The process es- 
sentially consists of charging some scrap and lime- 
stone or lime into a tuyereless solid-bottom con- 
verter followed by the molten iron. With the ves- 
sel in the vertical position, the oxygen lance is 
lowered into the vessel to a position above the bath. 
The oxygen is turned on and the reactions imme- 
diately proceed. Additional lime and scrap are 
added from overhead chutes in accordance with the 
need for control of chemical analysis or tempera- 
ture. As much as 12 to 20 pct scrap, in terms of 
charge, is used. The blowing time for a 30 ton 
charge is approximately 20 min, and the overall 
time from charge-to-charge is 50 to 60 min. The 
oxygen consumption is 2000 cu ft per ton of metal- 
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lic charge. Since this requires substantial amounts 
of pure oxygen, both steelworks are equipped with 
oxygen-producing plants. 

Nitrogens of 0.002 to 0.004 pct are readily pro- 
duced, a phosphorus content comparable with open 
hearth grades can unquestionably be obtained, and 
the steel produced has been demonstrated by many 
trials to possess properties equal to open hearth 
grades for applications requiring deep drawing and 
cold working. Since the linings last 150 to 180 heats 
per campaign, it is necessary to have one vessel in 
operation and one spare, the latter being relined 
while the former is in operation. The yields are 
comparable to open hearth practice employing high 
iron charges, due to relatively small slag volumes 
originating from fairly low silicon irons. 

Thus, in Austria, a very simple and practical 
process has been developed which employs pure 
oxygen for blowing basic irons, produces steels with 
desired physical properties, and has solved their 
peculiar problem of operating with a maximum 
amount of iron in the total charge. The turbo- 
hearth, in which air is blown tangentially above the 
bath, and the Linz-Donawitz application of pure 
oxygen, both employ the fundamental principle of 
surface blowing, and both yield steels low in nitro- 
gen and a phosphorus content equal to open hearth 
grades. 

The Linz-Donawitz process, depending on the 
economics of scrap, iron, ore, and oxygen, also opens 
up new possibilities under selected conditions, and 
will, no doubt, create considerable future interest 
among steelmakers. One plant in Canada and one 
in this country believe it to be an answer to their 
own peculiar problems and are installing units of 
this type, one to produce low carbon steels and the 
other to supply blown metal to electric furnaces. 


Electric Furnaces 
Of the several types of steelmaking furnaces 
which depend upon electric power for their opera- 
tion, only two have found commercial application 
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in this country, namely, the coreless induction 
type and the direct-are furnace. 

The principle of induction melting is suited to 
small equipment designed for the production of 
special steels and is generally applied where the 
lack of carbon pickup and low melting loss of oxi- 
dizable alloys make it desirable to employ this 
medium, such as in the case of low-carbon stain- 
less ingots made from high percentages of stainless 
scrap in the charge. 

The first practical arc furnace, known as the 
Heroult furnace, was in use in France as early as 
1899. In this furnace, the electrodes are suspended 
vertically above the bath and enter through aper- 
tures in the furnace roof, the steel charge in the 
furnace acting as the conductor for the current 
flowing between the electrodes. In this country, the 
first large installation was made when 15 ton units 
were built in 1910. From this beginning, the num- 
ber and size of electric arc furnaces increased rap- 
idly with the growing demands for alloy steels and 
castings occasioned by World War I and subse- 
quently in World War II, as will be noted in Fig. 7. 

Many changes in steelmaking practices and im- 
provements in mechanical and electrical facilities, 
combined with marked improvement in the method 
of charging, have resulted in ever-increasing pro- 
duction rates from these furnaces. 

During the early part of World War II, when 
electric furnaces were being installed, but not at the 
rate required for defense purposes, open hearth 
plants were called upon to make a great number 
of alloy grades previously regarded as the pre- 
rogative of electric furnaces. Today we find the 
situation reversed, with increasingly large electric 
furnaces being used to make carbon steels hereto- 
fore regarded as the domain of open hearths. It is 
appropriate to explore this present trend and as- 
certain its possibilities for the problem at hand. 

For many years, electric furnaces were charged 
through a single door in the same manner as an 
open hearth furnace, and since these furnaces util- 
ized all cold materials, charging times constituted a 
disproportionately large part of the total time of 
steelmaking. With the introduction of top charging, 
it became possible to charge an electric furnace 
much more rapidly than an open hearth furnace 
which employed hot metal with a relatively small 
amount of cold materials. To take advantage of this 
potential, transformer capacities and voltages were 
stepped up to provide increased power for faster 
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melting. In the production of carbon steels, it was 
found that a single slag was adequate to provide 
the desired finishing analyses of phosphorus and 
sulphur, an important departure from the conven- 
tional two-slag practices inherent with the produc- 
tion of alloy steels. Other technological improve- 
ments were developed, such as oxygen for decar- 
burization and induction stirring. 

Table VII briefly sketches the progress of electric 
furnaces with respect to size, power input, charging 
method, and production rates. 

The overall results have been astounding. Present 
large electric furnaces provided with adequate 
power, employing top charging and utilizing cold 
charges exclusively, cannot only out-produce, by a 
substantial margin, cold-iron open hearth furnaces 
tapping the same sized heats, but can out-pace open 
hearth furnaces of similar size employing conven- 
tional hot metal charges. Table VIII reflects the 
differences between cold charges on electric fur- 
naces and open hearth furnaces as well as compara- 
tive production rates obtained with much larger 
hot-metal-charged open hearth furnaces. 

In locations where power costs are relatively 
low, there is no reason to question the ability of 
electric furnaces to produce carbon steel grades 
successfully and economically in competition with 
cold-iron open hearth plants heretofore used for 
this purpose. In fact, it is questionable, except un- 
der most unusual circumstances, that we shall see 
open hearth plants again built to utilize cold iron 
and scrap charges. Certainly this is one area that 
can be served by the modern electric furnace. 

However, where mass production is involved, as 
in the case stated, involving as it does the use of 
high percentages of hot metal, there is little evi- 
dence that the modern electric furnace can suc- 
cessfully operate under such conditions. Since the 
deep baths of electric furnaces lend themselves to 
melting scrap, and the operation is devoid of the 
oxidizing atmosphere of the open hearth, it appears 
illogical to consider this medium for such purposes. 
Experience has indicated that small percentages of 
molten iron can be charged but that the metal must 
be added slowly to prevent excessive reaction and 
consequent damage to brickwork in the furnace 
shell and roof. It is a magnification of the same 
problem which exists in open hearth furnaces pro- 
vided with exceptionally deep baths and using ex- 
tremely high pig charges. 

However, if we combine the pneumatic process 
which, in effect, prerefines the hot metal to molten 
steel, such a combination with the electric furnace 
might well answer the objective. In fact, there is 
presently contemplated such an operation in this 
country, employing the Linz-Donawitz process for 
blowing the molten iron. The blown metal is to be 
used in substantial amounts, as much as 40 pct of 
the charge, in conjunction with 60 pct scrap in large 
200 ton electric arc furnaces. With this combina- 
tion, outstanding production rates can be expected, 
surpassing anything produced from even the largest 
open hearth furnaces employing virgin hot metal as 
their prime source of metallics. 

In spite of the great strides already made, one 
cannot discount further marked progress in this 
field of steel ingot production. It therefore may be 
suggested that, in the area of carbon steels, electric 
furnaces are likely to be considered mainly where 
large quantities of steel scrap are available on the 
open market and where power can be obtained at a 
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Table Vil. Comparison of Size, Power Input, and Charging Method for Electric Furnaces. All Data Pertains 
to 100 Pct Cold Charges. 


1918 1925 1940 1950 1954* 
Shell diameter 11 ft 16 ft-6 in. 20 ft -6 i 
Size of heat, net tons 40 30 200 
Time of heat, tap-to-tap 8:00 10:00 9:30 5:36 8:42 
Production rate, net tons per hr 0.875 4.0 9.5 16.0 23.0 
Transformer capacity, kva 2500 10,000 12,000 20,000 25,000+ 
Electrode size 17 in. carbon 18 in. graphite 20 in. graphite 20 in. graphite 24 in. graphite 
Power consumption, kw-hr 675 570 570 20 475 
Type of charging Door Door Door Top Top 


Slag practice Double Double 


Single Single Single 


# Estimated capacity of plant currently being constructed. 
+ Can be increased to 33,000 kva with heat exchangers. 


reasonable cost. In effect, this means nonintegrated 
plants. One may also visualize their growing use 
for carbon steels based on scrap charges where a 
modest increase in ingot production is required at 
plants already provided with open hearth units. It 
is also probable that the use of some pneumatic 
process to prerefine the hot metal prior to charging 
into the electric furnaces will be considered on oc- 
casions. Duplex operations on electric arc furnaces 
have been employed in this country as long as 30 
years and, where the economics so dictate, there is 
little reason to question the utility of this combina- 
tion process under special conditions. 


Acceleration of Slag Metal Reactions—Rene Perrin 

Based on some fundamental investigations of slag 
and metal reactions, Rene Perrin and his associates 
in France first showed, as chemists might have pre- 
dicted, that such reactions were vastly accelerated 
by intimately dispersed mixtures formed when met- 
al was poured rapidly into molten slag. 

Our understanding of the reactions involved in 
the refining of steel and their rates and equilibria, 
has been greatly enhanced by their findings. Such 
a method made it possible for many little-known 
equilibria to be studied, since in a few minutes this 
end-state is reached before conditions can signifi- 
eantly change. Dephosphorizing, deoxidizing, and 
desulphurizing slags were developed, such special 
slags being melted in an electric furnace from suit- 
able materials. The molten steel tapped from a fur- 
nace prior to its normal refining is then poured 
from a considerable height into a receptacle con- 
taining the previously melted special slag, the type 
of slag used depending on the end-point desired. 
Thus, the normal long refining time in the furnace 
is compressed into a few minutes by treatment in 
the receptacle, and the steel, low in phosphorus and 
sulphur and suprisingly low in oxygen, can be 
poured from under a slag which has acted to purify 
the metal only minutes earlier. 

While economic conditions in this country have 
militated against the use of this process on any 
scale, nevertheless one must recognize that the state 


Table. Vill. Comparison of Furnace Production Rates 
Production 
Rate on 
Carbon 
Equipped Steels, Net 
Size Type With Tons per Hr 
90 net tons Cold charge Top charging 
electric 20,000 kva 
transformer 16.0 
90 net tons Cold charge Adequate 
open hearth charging 
facilities 9.75 
165 net tons 60 pct hot Adequate 
metal charge, charging 
open hearth facilities 16.0 
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of our knowledge of steelmaking reactions is in no 
small measure influenced by Perrin’s philosophy. 


Conclusion 

Until recent years, management’s choice of the 
several steelmaking processes has been relatively 
simple. For alloy steels, it invariably selected the 
electric furnace, and for carbon steels, the open 
hearth process. Some variations of the latter were 
occasioned by the availability of hot metal in inte- 
grated plants and the use of cold metal and pur- 
chased scrap for nonintegrated units. The duplex 
process was another variation of the open hearth 
method, but only to the extent of providing own- 
produced scrap to other open hearth plants and per- 
mitting the exclusive use of iron in the form of 
blown metal for the production of ingots. Today, 
and, no doubt, more so in the future, the selection 
will not be so simple and decisive. 

As has no other process, the open hearth opera- 
tion has demonstrated a versatility in the use of 
scrap and pig iron which is, in the last analysis, a 
most important criterion of the long-term economy 
of any steelmaking operation. It has conclusively 
shown over nearly a century that it can produce un- 
iform results consistently even with extreme varia- 
tions in materials and fuels. Where integration is 
involved, there is no comparable process which 
possesses so many advantages and so few liabilities. 
For this reason, it will unquestionably remain the 
bulwark of steelmaking methods in this country for 
many, Many years to come. 

Modified duplex open hearth operations, as de- 
scribed, will, no doubt, be considered in the future 
under special conditions. This modification consists 
of supplying blown metal to stationary rather than 
tilting open hearth furnaces and also lends itself to 
the melting of scrap in the converter. 

Electric furnaces will unquestionably continue to 
remain supreme in the field of high alloy steels and 
increasing use will probably be made of this method 
in the production of carbon ingots in those areas 
where purchased scrap is relatively abundant and 
power is available at a reasonable cost. It is there- 
fore unlikely, except in most unusual situations, 
that we will see cold-iron open hearth plants built 
again. In addition, it may be expected that increas- 
ing use will be made of electric furnaces at already 
existing open hearth plants to moderately supple- 
ment carbon ingot production. 

It is most unlikely that we shall see any signifi- 
cant expansion in the use of the acid-lined bes- 
semer converter in the production of ingots. 

It is also evident that the new pneumatic basic 
processes will be increasingly favored in the field 
of low carbon steels and in conjunction with steel 
plants using other processes. 
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Chemical Reactions of Coke in the Iron Blast Furnace 


by James F. Peters 


The term solution loss is discussed and defined. Examples are 
given showing that solution loss may either have a favorable or 


unfavorable effect on blast furnace performance. 


A theory is 


advanced explaining the contradictions encountered during earlier 


studies of the problem. 


ANY papers have been written and numerous 
theories advanced concerning the chemical re- 
actions in the iron blast furnace. Richards,’ discuss- 
ing the utilization of fuel in the blast furnace, said: 
‘“‘All the carbon burnt in the furnace should be first 
oxidized at the tuyeres to CO and all the reduction 
of oxides above the tuyeres should be caused by CO, 
which thus becomes CO.. This dictum is not Gruner’s 
own words, but expresses their sense, and from the 
point of view of the present discussion, it is the cor- 
rect principle upon which to obtain the maximum 
generation of heat in the furnace from a given 
weight of fuel.”’ Richards also said the cubic feet of 
wind per pound of coke does not express how effi- 
ciently a furnace is running, but it will be shown 
later where Howland paid much attention to this 
figure. Richards pointed out a shortcoming of Grun- 
er’s discussion in that Richards claimed there is 
not enough CO generated in a good working blast 
furnace to possibly combine with the oxygen of the 
ore, so some of it must be reduced by solid carbon. 
Mathesius”’ made two important contributions. 
First, he wrote the direct and indirect reduction 
equations showing the heats of formation in each 
case and stressed that the indirect reduction reaction 
produces heat while direct reduction absorbs heat. 
Secondly, he substantiated Richards’ conclusion that 
there may be a deficiency of CO gas and that some 
direct reduction is required, but he pointed out that 
“direct reduction in the hearth has often been con- 
fused with direct reduction in the stack, which more 
correctly should be termed ‘premature combustion’.” 
Then he said that “as this carbon is consumed partly 
by economical (direct reduction in the hearth) and 
partly by wasteful reactions in ever varying pro- 
portions, it is evident that the relation of this total 
carbon gasified above the tuyeres’ to the fuel con- 
sumption of a furnace cannot possibly have a direct 
bearing on the economy of furnace operation. The 
premature combustion of carbon (CO,+C>2CO) 
must therefore in all cases be considered a detri- 
mental reaction.” 

Johnson’ discussed this whole problem. Through 
experience Johnson found that when departure from 
Gruner’s ideal working is considerable, the fuel 
economy is poor; and when the quantity of blast 
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goes up, the fuel economy goes up in the same pro- 
portion. Johnson said that the wind per pound of 
coke is a measure of fuel economy, which will be 
shown to be wrong. 

Howland‘ established the fact from operating data 
that there was no relationship between the coke con- 
sumption of a furnace and the percentage of coke 
burned at the tuyeres. But some of his calculations 
have led to questionable conclusions, such as “it is 
practically impossible to obtain low coke consump- 
tion unless we keep our wind low.” 

Howland made an important contribution when, 
in his concluding paragraphs, he reached certain 
negative decisions as to why one coke works better 
than another. He said the reason one coke works 
better than another in a blast furnace is not be- 
cause: 1—there is any difference in the percentage 
gasified at the tuyeres, or 2—there is any difference 
of wind required per pound of coke. 

Korevaar’ propounded a new theory on combus- 
tion which disagrees with Gruner because “as far as 
we can see, this is sufficient proof for the invalidity 
of Gruner’s ideal, for if it was valid, the low coke 
consumption should always be accompanied by a 
higher percentage of carbon burned at the tuyeres. 
This not being the case, we must deliberately give 
up our belief in Gruner’s ideal.’? The part in italics 
will be proved to be wrong. 

Martin® contended that there was not enough re- 
ducing capacity in the blast furnace unless solution 
loss occurs. He came to a series of conclusions, such 
as: 


1—The greatest efficiency of the blast furnace may 
not be attained when the reduction is performed en- 
tirely by carbon monoxide as demanded by Gruner’s 
definition of the ideally perfect working of the blast 
furnace. 

2—The so-called solution loss reactions, which 
should more properly be termed direct reduction re- 
actions, promote furnace efficiency. 

3—In modern blast furnace practice, the carbon 
consumption of the process is determined primarily 
by the carbon needed for reduction purposes, any 
thermal deficiency created by the reduction process be- 
ing balanced in practice by the use of blast heat. 


From a practical standpoint further discussion of 
the theory of chemical reactions is of little moment. 
There is however one phase of the general theory of 
chemical reactions which is very important and that 
is the combustion of coke in the blast furnace. The 
purpose of this paper is to show that the reaction 
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CO.+C> 2CO is beneficial to blast furnace operation 
while the reaction FeO+C>Fe+CoO is detrimental. 


Carbon Reactions 

Carbon reacts with oxygen and generates heat as 
follows: 
Heat of formation of CO = 4,400 Btu per lb carbon 
Heat of formation of CO, = 14,550 Btu per lb carbon 
Heat of formation of CO to CO, = 10,150 Btu per lb 
carbon. 

But CO, gas also reacts with carbon starting about 
1300°F and rapidly at 1800°F according to the 
reaction 


CO, + C > 2CO — 5750 Btu per lb carbon. 


This reaction is important for two reasons: it con- 
sumes carbon and it cools the shaft of the furnace. 
It also produces CO gas which may be available for 
reduction. 


Solution Loss of Coke 

Most discussion on solution loss starts with quot- 
ing Gruner’s statement of the ideal working furnace, 
which according to Gordon’s’ translation is as fol- 
lows: “It is, therefore, of importance that the reduc- 
tion of ores in blast furnaces should be affected as 
far as possible ... by the CO being transformed into 
CO, or, in other words, without the consumption of 
solid carbon. This is what we shall allude to in the 
future as the ideally perfect working of a blast 
furnace.”’ Later he says, ‘The reduction of the oxide 
of iron in the blast furnace may take place in three 
different ways, according to the portion of the fur- 
nace we examine. In general, the oxide of carbon 
(CO) is transformed into CO, which escapes as such 
from the furnace tcp without other reactions. . . 
In other positions, the CO, thus produced becomes 
again, partially at least, CO by burning solid carbon 
which comes in the end, both in its chemical and 
calorific relations, to the same thing as if the solid 
carbon acted directly on the oxygen of the ores, 
yielding thus either CO or CO,.” The last sentence 
is in italics because it is the portion which has led 
to much of the confusion that exists. Chemically 
and thermally it does not make any difference, but 
to blast furnace operation it makes a tremendous 
difference. 

Now if the sentence in italics is accepted, then it 
must be conceded that all of the following reactions 
are solution loss, that all have the same degree of 
effect on blast furnace operation, and that the con- 
ditions under which the reactions take place are of 
no influence: 


Fe.O; + 3C > 2Fe + 3CO 
FeO + C> Fe + CO 
2FeO + C> 2Fe + CO, 
CO; -+ 


An attempt will be made to show that these reac- 
tions first do not have the same degree of effect on 
furnace operation, and second that the conditions 
under which the reactions take place are the pre- 
dominating influence in all blast furnace operation. 

In all of these reactions the carbon is not burned 
to CO at the tuyeres. The theoretical amount of air 
to burn a pound of coke can be calculated readily, 
the amount of air actually used can be determined 
from the amount blown and the coke charged, and 
the difference represents the amount used up in the 
above reactions and is defined as ‘‘solution loss.” 
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In this discussion the solution loss reactions will 
be differentiated by calling the reaction CO,+C~2CO 
“premature combustion,” as Mathesius’ suggested, 
and the other reactions of carbon with the iron ox- 
ides “direct reduction.” 

In discussing chemical reactions there are certain 
facts which must be kept in mind. The first point is 
that in order for the blast furnace to function prop- 
erly, a certain hearth temperature must be main- 
tained, and the influence of these reactions on 
hearth temperature is most important. 

A second point is that the blast furnace is a unit, 
it does not independently consist of a hearth, a bosh, 
and a shaft. Frequently these are separated to facil- 
itate calculations. Being one unit, the whole oper- 
ation, together with the operation of the units, 
depends upon the functioning of the other units. 
The more work done in the shaft, the less work 
there is to be done in the hearth, or vice versa. 

A third point is that once the gas has established a 
certain flow up the furnace, the voids in the fur- 
nace can change which will eventually change the 
gas flow. 


Reduction of Ore and How it is Affected 

There are several facts regarding the reduction of 
ore which are very vital. The first is that the blast 
furnace is a countercurrent process; the region of 
high temperature gas, rich in CO, is the region of 
high temperature, low oxygen ore, and the region 
of low temperature gas, less rich in CO, is the region 
of low temperature ore high in oxygen content. So 
where there is debate about the reactions 


Fe.O, + 3CO > 2Fe + 3CO, (Mathesius) 
or 
Fe,O, + 6CO > 2Fe + 3CO + 3CO, (Richards), 


we are relatively little interested. What is of im- 
portance are the reactions 


3Fe.0, + CO > 2Fe,O, + CO, 
Fe,O, + 3FeO + CO; 


and at what temperature oxygen removal starts and 
what concentration of CO, it is possible to have in 
relation to CO and still have these reactions proceed. 

The second fact of importance is the gas-solid 
contact. The ore will not be preheated and dried 
unless gas is in contact with ore, since in the blast 
furnace the only way of transferring the majority of 
heat is by gas and liquids. Reduction cannot take 
place unless the ore is dried and preheated and un- 
less gas comes in contact with ore. The sooner the 
gas comes in contact with ore, the sooner the drying 
and preheating can take place, and the sooner re- 
duction can begin. The sooner this takes place the 
better prepared the charge will be when it reaches 
the lower zones of the furnace. 

Coke is the principal source of voids in the blast 
furnace when operating with Lake Superior ore, 
and voids determine gas flow. So if there is to be 
gas in contact with ore, there must also be coke 
present. If gas is to come in contact with ore to 
reduce it, it must also come in contact with coke. 
The reduction of ore produces CO, gas, so there must 
be CO, gas in contact with coke. Any time there is 
CO, in contact with coke at temperatures over 
1300°F there will be some reaction with the coke: 


C>2CO, 
which is called premature combustion and will ab- 
sorb heat. This reaction starts at 1300°F but is not 
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Fig. I—Minimum premature combustion with maximum coke rate, 
No. 5 furnace. 


appreciable until 1800°F. It must also be recog- 
nized that the CO formed as a result of premature 
combustion is at a high temperature and in contact 
with ore so that some of it will do useful work in 
absorbing oxygen from the ore, thus assisting in 
further preheating the ore. The fact remains, how- 
ever, that premature combustion is damaging. It 
absorbs heat up in the stack of the furnace and also 
absorbs carbon which should be burnt at the tuyeres. 

The very fact that premature combustion takes 
place is indicative of a good working furnace. It is 
impossible to have premature combustion unless gas 
is in contact with ore and coke, in contrast to a fur- 
nace with poor gas-solid contact and therefore little 
premature combustion. 

But it is possible to have a good working furnace 
and a minimum of premature combustion, just as it 
is possible to have a very poor working furnace and 
a minimum of premature combustion. This point 
has been overlooked and is most important. If the 
gas-solid contact is at maximum efficiency, the dry- 
ing, preheating, and reduction will take place sooner, 
and since there is less oxygen in the ore when the 
zone of 1800°F is reached, there will be less CO, 
formed and consequently less premature combustion 
would occur. 

So also is it possible to have a poor working fur- 
nace and a minimum of premature combustion. If 
the gas-solid contact was at a minimum, the drying, 
preheating, and reduction would not take place until 
high temperature zones were reached. Even at the 
high temperature zones there will be a minimum of 
gas-solid contact. Because there is little gas-solid 
contact, a minimum of oxygen is removed from the 
ore, therefore little CO, is formed, and thus a high 
percentage of coke is burned at the tuyeres. Then 
further improvement in gas-solid contact will mean 
more premature combustion, and still further im- 
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provement in gas-solid contact will result in less 
premature combustion. It can readily be seen that 
there may be two cases in which 85 pct of the coke 
is burned at the tuyeres, and the one case may be 
an example of good coke consumption and the sec- 
ond case an example of poor coke consumption. 
This will be discussed later. 


Effect of Direct Reduction on Hearth Temperature 


For a blast furnace to operate, a certain hearth 
temperature must be maintained. If the tempera- 
ture of the hearth increases, the amount of ore 
charged is increased, and if the temperature of the 
hearth decreases, the amount of ore charged is re- 
duced. Heat input into the hearth is from: 1— 
sensible heat of the blast, 2—combustion of carbon 
in front of the tuyeres, and 3—sensible heat in ma- 
terial moving down into the hearth. Heat output 
ot the hearth or work done is from: 1—final heating 
and reduction of ore, 2—final heating and calcina- 
tion of stone, 3—melting and superheating of the 
iron and slag, 4—radiation and cooling water losses, 
and 5—heat in outgoing gases. 

Any decrease in heat input or increase in heat 
output will decrease the hearth temperature neces- 
sitating a decrease in burden and result in an in- 
crease in coke consumption. One direct reduction 
reaction is written as follows: 


FeO + C-> Fe + CO — 5481 Btu per lb of carbon. 


This means that if this reaction occurs at a certain 
temperature, 5481 Btu will be absorbed from the 
hearth for each pound of carbon consumed at a 
constant temperature. Obviously an increase in this 
reaction will cool the hearth in two ways. It con- 
sumes coke, and this coke will not be burned at the 
tuyeres to generate heat. Secondly, the reaction 
absorbs heat. But it will decrease the hearth tem- 
perature in a third way because the material will 
come down into the hearth only partially reduced. 

If it had been prepared properly, there would 
not be the unreduced oxide present. The presence 
of this oxide is indicative of poor gas-solid contact, 
a measure of the degree that the ore has been pre- 
heated and reduced. If gas-solid contact had been 
more intimate, the ore would have been better 
preheated and reduced and less unreduced material 
introduced into the hearth area. 

It can be concluded that an increase in direct 
reduction is an indication of poorer gas-solid con- 
tact and the greater the loss of carbon from this 
reaction the less efficient the operation. The excep- 
tion to this would be if there was a shortage of CO 
gas, so that some carbon would be needed to com- 
plete the reduction even though there was excellent 
preheating. 


Minimum Premature Combustion with Maximum 
Coke Rate 


In 1950, due to a coal shortage, it was necessary 
to increase the Pocahontas coal in the coking mix 
and simultaneously to increase the coking time. 
This, of course, was undesirable from a blast fur- 
nace standpoint, because it lowered the physical 
quality of the coke. The fact that the coking con- 
ditions changed, however, is of interest only be- 
cause this change resulted in changing the operat- 
ing conditions of the furnace. The effect of this 
change will be discussed. On Fig. 1 are plotted the 
top temperature, wind per pound of coke, produc- 
tion, coke rate, and burden for the dates shown. 
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Table |. Minimum Premature Combustion with Maximum Coke 
Rate. No. 5 Furnace. 
Per- 
centage 
Lb CuFt of Coke Average Wind 
Net Coke per Wind Burned Pct Rate, 
Period, Tons Net Ton per at Fixed Cu Ft 
1950 per Day Iron Lb Coke Tuyeres Carbon per Min 
Feb. 10-12 itl 1562 55.0 80.93 90.61 71,000 
11-13 1126 1618 55.4 81.52 90.61 70,894 
12-14 1126 1600 56.0 82.40 90.61 70,817 
13-15 1110 1626 55.9 82.25 90.61 70,817 
14-16 1178 1549 55.7 81.96 90.61 70,923 
15-17 1171 1559 55.3 81.37 90.61 70,372 
16-18 1154 1579 55.4 81.52 90.61 70,372 
17-19 1098 1635 56.1 82.55 90.61 70,313 
18-20 1083 1660 56.5 83.14 90.61 70,941 
19-21 1091 1624 57.4 84.46 90.61 70,916 
20-22 1070 1635 57.3 84.31 90.61 70,926 
21-23 1067 1618 57.9 85.20 90.61 70,926 
22-24 1044 1637 58.4 85.93 90.61 70,951 
23-25 1052 1642 58.9 86.67 90.61 71,000 
24-26 1030 1664 59.4 87.40 90.61 71,000 
25-27 1028 1671 59.2 87.14 90.61 71,000 
26-28 1030 1642 60.0 88.29 90.61 70,953 
27-Mar. 1 1039 1638 59.6 87.88 90.42 70,953 
28-Mar. 2 1009 1611 59.8 88.37 90.23 69,740 
Mar. 1-3 987 1548 59.8 88.55 90.04 66,344 
2-4 924 1567 60.0 88.85 90.04 62,800 
3-5 896 1646 60.6 89.74 90.04 63,098 
4-6 900 1733 61.1 90.48 90.04 66,522 
5-7 985 1681 61.6 91.22 90.04 71,005 
6-8 1034 1639 60.2 89.15 90.04 72,799 
7-9 1066 1634 59.4 87.96 90.04 73,817 
8-10 1076 1626 58.5 86.63 90.04 73,788 
9-11 1101 1604 59.3 87.81 90.04 73,932 
10-12 1103 1610 58.9 87.22 90.04 73,841 
11-13 THATS 1612 58.8 87.07 90.04 73,923 
12-14 1123 1631 57.4 85.50 90.04 ees 6) 
13-15 1118 1655 55.8 82.63 90.04 72,176 
14-16 1152 1621 55.4 82.04 90.04 72,054 
15-17 1163 1614 Doro 82.19 90.04 72,291 
16-18 1169 1592 56.0 82.93 90.04 73,472 
17-19 1141 1632 56.4 83.52 90.04 73,382 
18-20 1108 1632 56.4 83.52 90.04 74,448 
19-21 1194 1583 55:7 82.48 90.04 73,686 
20-22 1174 1617 55.6 82.33 90.04 73,725 
21-23 1181 1585 55.8 82.63 90.04 73,691 
22-24 1141 1642 56.4 83.52 90.04 73,738 
23-25 1165 1602 56.4 83.52 90.04 73,864 
24-26 1204 1579 59:5 82.19 90.04 73,952 
25-27 1219 1558 54.7 81.00 90.04 73,146 
26-28 1218 1544 54.2 80.26 90.04 73,100 
27-29 1166 1629 54.6 80.85 90.04 72,834 
28-30 1171 1636 54.5 80.70 90.04 72,965 
29-31 1169 1639 54.6 80.85 90.04 73,060 


Table I indicates three day averages of the pounds 
of coke per net ton of iron, the cubic feet of wind 
per pound of coke, the wind rate, and the percentage 
of the coke charged that was burned at the tuyeres. 
Slag volume was practically constant throughout 
the entire period. The percentage of coke that was 
burned at the tuyeres began increasing, while the 
production decreased and coke rate increased. When 
the percentage of coke burned at the tuyeres was 
at a maximum, the production was at a minimum 
and the coke rate a maximum. 

Obviously, since more coke carbon per charge 
was being consumed at the tuyeres, more heat was 
being generated at the tuyeres per unit of ore 
charged. Since more heat was being generated at 
the tuyeres per unit of ore charged, the hearth 
temperature should have been increased, and in 
order to maintain the hearth temperature constant, 
the burden would have to be increased. 

No increase in burden was realized, because no 
increase in hearth temperature occurred. The wind 
per pound of coke increased as a result of poorer 
gas-solid contact in the stack of the furnace. This 
resulted in relatively cold and unreduced ore enter- 
ing the hearth. The increase in heat generated at 
the tuyeres was used in order to prevent a reduc- 
tion in hearth temperature. The fact that gas-solid 
contact was less intimate is an indication that less 
premature combustion was occurring. 

Due to the dwindling coal supply, the wind rate 
was reduced on March 2 to 60,000 cfm. On March 4 
the coal strike having ended, the coking time was 
gradually decreased and the wind rate restored to 
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normal. This had a beneficial effect on the opera- 
tion of the furnace. The wind per pound of coke 
began decreasing, and production began increasing. 
More reduction was being completed in the stack 
of the furnace, the CO, formed as a result reacted 
with coke carbon in the premature combustion re- 
action, the CO thus formed was in contact with ore 
and at sufficient temperature to do more reduction 
and preheating. 

The maximum wind per pound of coke and mini- 
mum premature combustion in this case, was ac- 
companied by minimum gas-solid contact. As gas- 
solid contact became more intimate the wind per 
pound of coke decreased. It might be asked how it 
is possible that a change in coking practice will 
change the contact of gas and solids in the furnace. 
It has been shown many times that small changes 
in coking practice can vastly improve or impair 
coke quality, and coke quality in turn is one of the 
most important factors determining the physical 
makeup of the stock column which, of course, is the 
number one item affecting gas-solid contact. 


Intermediate Amounts of Premature Combustion 

In September 1952, B furnace had an unusual 
pattern of operation, see Fig. 2. During the month 
the burden, production, and coke rate varied con- 
siderably. What is of particular interest is the vari- 
ation in the wind per pound of coke. 

Table II indicates the pounds of coke per net ton 
of iron, the cubic feet of wind per pound of coke, 
and the percentage of coke charged that was burned 
at the tuyeres. At the beginning of the month, the 
wind per pound of coke decreased, the production 
and burden decreased, while the top temperature 
and coke rate were increasing. Then on September 
6 the wind per pound of coke began increasing, the 
burden and production increased, while the top 
temperature and coke rate were decreasing. On 
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Fig. 2—Intermediate amounts of premature combustion, B furnace. 
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Table Il. Intermediate Amounts of Premature Combustion. 
B Furnace. 
Percentage 
of Coke Aver- 
Lb Coke Cu Ft Burned age Percent- 
per Net Wind at age of 
Period, 1952 TonIron perLbCoke Tuyeres’ Fixed Carbon 
September 1-6 1787 49.5 70.73 93.31 
7-16 1641 51.2 73.32 93.10 
17-23 1753 52.2 74.62 93.26 
24-30 1610 52.3 75.00 92.97 


September 17 a further increase in the wind per 
pound of coke was accompanied by a reduction in 
the burden and production, and an increase in top 
temperature and coke rate. On September 23 when 
the wind per pound of coke decreased, the produc- 
tion and burden increased, and the top temperature 
and coke rate decreased. 

It can readily be seen that there are different 
furnace conditions for the same wind per pound of 
coke. When top temperature was at a high, burden 
and tonnage were at a low and coke rate was at a 
high in all instances, but during the periods of high 
cubic feet of wind per pound of coke, performance 
was good in one case, poor in the other case. In- 
creasing top temperature is an indication of de- 
creasing gas-solid contact. Therefore it follows that 
an increase in the wind per pound of coke is an 
indication of increasing gas-solid contact in one 
case, and an indication of decreasing gas-solid con- 
tact in another. This is one of the principal reasons 
for much of the confusion. If the gas-solid contact 
is intimate, more reduction will be accomplished in 
the upper part of the furnace and so less premature 
combustion will occur. However, if the gas-solid 
contact is poor, less reduction will be accomplished 
in the upper part of the furnace, more unreduced 
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iron oxide will enter the hearth area, less CO, will 
be formed in the stack of the furnace, and there- 
fore, less premature combustion can occur. 

In 1944 tests were being conducted on B furnace 
to determine the value of coke produced from 
different coal mixes.’ The burden, wind per pound 
of coke, top temperature, coke rate, and production 
are plotted in Fig. 3 for the periods shown. Table 
III indicates the pertinent data for these periods. 
Fig. 3 indicates that during the period when the 
cubic feet of wind per pound of coke was lowest 
the production was at a high. During all periods the 
wind rates and slag volumes were kept constant. 

During the Jenkins-Jones test the burden carried 
was lower than the others, the Inland test period 
having the highest burden. More heat was gener- 
ated per unit of ore at the tuyeres during the Jen- 
kins-Jones test, but the burden carried was less. 
Evidently the sensible heat in the materials enter- 
ing the hearth area was less during the Jenkins-. 
Jones test. There was less sensible heat because the 
gas-solid contact was poorer. The introduction of 
relatively cold stock in the hearth necessitated a 
lower burden in order to maintain the hearth tem- 
perature constant. In addition, since there was less 
reduction occurring in the upper parts of the fur- 
nace, less CO. was being formed, so there was less 
chance for premature combustion to take place. 

During the period when Inland coke was used, a 
smaller percentage of coke was being burned at the 
tuyeres. Apparently the coke carbon consumed 
above the tuyeres was the result of premature com- 
bustion, not direct reduction. The premature com- 
bustion occurring was the result of more intimate 
gas-solid contact, and since the CO produced was 
at a high temperature, additional reduction could 
be achieved. 

During the period when Eccles coal was used, 
much coke carbon was being consumed above the 
tuyeres. However, the greater proportion of the 
carbon consumed above the tuyeres was done so by 
premature combustion. More direct reduction was 
occurring than during the Inland test as indicated 
by the lower burden carried. However, the amount 
of direct reduction occurring was not enough to 
cause a drastic reduction in the burden. The per- 
centage of coke consumed at the tuyeres was nearly 
the same during the Inland and Eccles periods, but 
the pounds of carbon consumed at the tuyeres per 
net ton of iron was slightly greater during the 
Eccles test. 

In summarizing it can be said that during the 
Inland test, gas-solid contact was most intimate. 
During the Eccles test, gas-solid contact was not 
so intimate but the greater proportion of coke con- 
sumed above the tuyeres was by premature com- 
bustion. During the Jenkins-Jones test, gas-solid 
contact was the least intimate. More carbon was 
consumed at the tuyeres per net ton of iron, and 
more direct reduction was occurring. 
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Fig. 3—Effect of different coking coals on premature combustion, 
B furnace, 1944, 
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Table III. Intermediate Amounts of Premature Combustion. 
B Furnace. 
Percentage 
of Coke Aver- 
Lb Coke Cu Ft Burned age Percent- 
; per Net Wind at age of 
Period, 1944 Ton Iron per Lb Coke Tuyeres Fixed Carbon 
Jenkins-Jones 1728 by 75.05 
Inland 1702 49.3 71.25 92.95 
Eccles 1737 48.7 70.45 92.17 
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1100 
37510 Lbs. 
37 6430 Lbs. 
36 
35 


Effect of Poor Ore Distribution on Premature 
Combustion 

During the first part of January 1949, tonnage on 
B furnace was unsatisfactory. It was noted during 
this period that one of the ores charged into the 
furnace was extremely wet. The texture of this 
ore is of a clayey nature and absorbs considerable 
quantities of moisture. Charging of this ore into the 
furnace in this condition resulted in faulty distribu- 
tion. 

On January 12 this ore was reduced from 33 pct 
of the total burden to 18 pct. Tonnage during the 
latter half of the month increased 93 net tons per 
day and coke rate decreased 109 lb per net ton of 
iron, see Fig. 4. 


Table IV. Effect of Poor Ore Distribution on Premature Combustion. 


B Furnace. 
Percentage 
of Coke Aver- 
Lb Coke Cu Ft Burned age Percent- 
per Net Wind at age of 
Period, 1949 Ton Iron per Lb Coke Tuyeres Fixed Carbon 
January 1-12 1813 53.0 78.99 89.45 
January 13-31 1704 53.8 80.19 89.45 


Table IV shows the average pounds of coke per 
net ton of iron and the average cubic feet of wind 
per pound of coke for the two periods. The wind 
per pound of coke increased during the latter half 
of the month and the burden carried increased 2400 
lb per charge. Apparently gas-solid contact during 
the first part of the month was very poor. The ore 
was not being properly preheated or reduced in the 
upper part of the furnace and therefore much coke 
had to be consumed at the tuyeres per ore unit in 
order to maintain the hearth temperature constant. 
In addition, most of the carbon not burned at the 
tuyeres was consumed by direct reduction, absorb- 
ing more heat from the hearth. During the latter 
half of the month, gas-solid contact became more 
intimate. The ore was being more properly pre- 
heated and reduced in the upper part of the furnace, 
reducing the heat requirements of the hearth. The 
burden was increased and the coke rate decreased. 

The lower wind per pound of coke in this case 
was indicative of poor gas-solid contact, and there- 
fore more direct reduction. When the gas-solid 
contact became more intimate, more ore was being 
reduced in the upper zones of the furnace, less 
carbon was being consumed in solution loss re- 
actions, and the heat requirements for the hearth 
were reduced, thus lowering the coke rate. 


Minimum Coke Rate with Minimum Premature 
Combustion 

It is generally accepted that coke has three prin- 
cipal functions in the blast furnace. These are: 1— 
to supply the voids necessary for gas flow, 2—to 
provide the heat necessary for the process, and 3— 
to generate the reducing atmosphere in the furnace. 

The function that requires the greatest amount of 
coke is the function that will determine the coke 
rate of a given furnace. This function is often dif- 
ferent for plants in the same locality and for fur- 
naces in the same plant. It is a dependent function, 
depending on the conditions at which the furnaces 
are operated. Some of these conditions are: 1—de- 
sign of the furnace, 2—strength of coke, 3—size and 
texture of materials charged, 4—chemical analysis 
of raw materials, and 5—amount of wind blown. 

If sized ores or ores with desirable physical struc- 
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Fig. 4—Effect of poor ore distribution on premature combustion, 

B furnace. 
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ture are charged to a given furnace, the function of 
supplying voids may become of secondary impor- 
tance. Use of excessive amounts of sized ore or 
sinter may open the stock column of a given furnace 
to a degree where unimpeded gas flow is attained 
but intimate gas-solid contact is not. Proper pre- 
heating and reduction of the ores is not completed 
before the ore enters the hearth area, and the re- 
sult is a reduction in burden and an increase in 
coke rate. In cases where sufficient amounts of sized 
materials are used, and unimpeded gas flow is at- 
tained with poor gas-solid contact, the heat require- 
ment of the hearth may determine the coke rate. 

If sized ores in sufficient quantities are used to 
attain unimpeded gas flow, and this is accompanied 
by efficient gas-solid contact with good heat trans- 
fer, then the function that controls the coke rate 
may be the amount of coke necessary to supply the 
reducing atmosphere in the furnace. 

In Table V are tabulated some periods when 13 
pet sized ore and 20 pct sinter were being used on 
No. 6 furnace, a 25 ft 9 in. hearth diameter furnace. 

In none of these cases is the percentage of coke 
burned at the tuyeres as high as 75 pet. This is due 
to the fact that maximum wind rates were being 
blown and the fact that the screened ore and sinter 


Table VY. Use of Sized Ore and Sinter. No. 6 Furnace. 


Average 

Percentage Per- 

Net Lb Coke Cu Ft of Coke cent- 

Tons per Wind Burned CFM age of 

per Net Tons Per Lb at Wind Fixed 

Period Day Iron Coke Tuyeres Blown Carbon 
Sept. 1951 1337 1552 2.4 74.73 77,615 93.49 
Nov. 1951 1320 1518 BES 72.85 76,999 93.89 
Dec. 1951 1275 1619 50.6 71.98 75.471 93.73 
Jan. 1952 1288 1605 Ole: 73.10 76,614 93.20 
Feb. 1952 1281 1581 51.9 74.75 77,867 92.54 
March 1952 1321 1575 BLS 73.69 77,680 92.83 
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would require a higher temperature and more time 
before reduction would be completed. 

Most blast furnace operators are familiar with 
slack wind operation. Invariably when the wind 
blown is reduced, the percentage of coke consumed 
at the tuyeres increases, and the coke rate decreases. 
This was recognized as early as 1935 by Rich.® One 
reason he advanced for the lowering of the coke 
rate was that “each particle of ore is subjected to 
the action of the reducing gases for a longer interval 
of time as the wind is lowered.” 

During periods when maximum production is of 
paramount importance, the maximum wind rates 
consistent with good operation are blown. There is 
some sacrifice in coke rate, because preheating and 
reduction are not completed in the upper zones of 
the furnace. The burden is not as fully prepared 
before entering the hearth area, necessitating a de- 
crease in burden in order to maintain the hearth 
temperature constant. 

In Mesabi ore practice only a small percentage of 
the total voids available is contributed by the ore. 
Furnaces are on the verge of hanging at all times 
during periods when maximum wind is blown. 
Small variations in coke quality seriously affect the 
efficiency of the furnace. The author” and Squarcy”™ 
have presented papers indicating the effect on fur- 
nace performance of cokes of varying quality. 

Segregation in the sizes of the charge materials in 
the blast furnace greatly deters any attempt to ob- 
tain efficient gas-solid contact across every plane in 
the blast furnace. The peripheral gas flow might be 
very desirable, but the radial gas distribution might 
be very undesirable. At Inland Steel inwall ther- 
mocouples” indicate the peripheral distribution, and 
relatively small variations in the temperature of 
these inwall thermocouples may indicate serious 
operating difficulties. 

When blowing high wind rates, the effect of all 
these variations is magnified many times. There is 
shorter time of contact of ore and gas in the upper 
zones of the furnace allowing less time for preheat- 
ing and reduction before temperature zones at 
which premature combustion occurs are reached. 
For example, suppose the wind rate on a furnace is 
increased 10 pct. This means, if no other changes 
take place, the furnace will move 10 pct faster. How- 
ever, suppose the wind per pound of coke decreases 


Table VI. Minimum Coke Rate with Minimum Premature 
Combustion. No. 5 Furnace. 
Percentage 
of Coke Aver- 
Lb Coke Cu Ft Burned age Percent- 
per Net Wind at age of 
Period Tons Iron’ per Lb Coke Tuyeres Fixed Carbon 

July 1943 1497 50.4 72.58 92.59 
January 1944 1460 53.4 77.05 92.41 


10 pct at the same time, the furnace will move an 
additional 10 pct faster, making the total increase 
20 pet. 

This is one of the principal reasons why it is im- 
possible to attain minimum premature combustion 
with maximum production when blowing maximum 
wind. There are not sufficient voids present to oper- 
ate the furnaces at minimum coke rates and still 
have smooth operation. The result is an increase in 
coke rate to provide sufficient voids and smooth 
operation. 

Neustaetter” compared the operation of No. 5 
furnace during two periods when the coke rate was 
a minimum, see Fig. 5 and Table VI. 

In July 1943, the furnace was at maximum pro- 
duction. Enough voids were present to permit 
smooth operation of the furnace. In January 1944, 
the furnace was at maximum efficiency as far as 
coke rate was concerned. However, the operation of 
the furnace was erratic, hanging and kicking oc- 
curred because there were not sufficient voids 
present to permit efficient gas flow. Gas-solid con- 
tact was at maximum efficiency, as indicated by the 
low coke rate, but tonnage was at a minimum be- 
cause of the erratic furnace operation; gas flow was 
greatly impeded. 

If sufficient voids had been provided in the stock 
column by the use of sized ore or beneficiated 
materials to relieve this duty from the coke, and 
if this void supplier was able to absorb sufficient 
heat, so that efficient gas-solid contact could be ac- 
companied by reduction in coke rate without erratic 
furnace operation, then Gruner’s ideal would have 
been more nearly approached with maximum pro- 
duction. 


Direct Reduction vs Premature Combustion 


The results of direct reduction are far more 
damaging than the results of premature combustion, 


Table VII. Effect of Solution Loss Reactions on Coke Rate 


Lb Coke Lb Carbon 
n ercentage er Net Tons 
per Ne age o per Ne ind per Consume 
No Period Furnace Tons Iron Fixed Carbon Tons Iron Lb Ceke at at 
1 January 1944 5 1515 92.41 1400 53.4 
2 November 1951 6 1518 93.89 1425 51.3 72.85 1106 369 
3 September 1940 4 1535 93.00 1427 58.3 83.58 1283 118 
4 April 1948 4 1591 90.00 1432 Bout 82.52 1313 138 
5 September 1951 6 1552 93.49 1451 52.4 74.73 1160 250 
6 March 1952 6 1575 92.83 1462 51.3 73.69 1161 26 
1952 92.54 1463 51.9 74.77 1182 384 
90.00 1480 
9 January 1952 6 1605 93.20 1496 73.10 286 
10 Sept. 24-30, 1952 B 1610 92.97 1497 52.3 75.00 1207 bce 
ll December 1951 6 1619 93.73 1517 50.6 71.98 1165 abe 
12 Jan. 13-31, 1949 B 1704 89.45 1524 53.8 80.19 1366 tot 
13 Sept. 7-16, 1952 B 1641 93.10 1528 pep) 73.32 1203 291 
14 Oct. 21-Nov. 11, 1944 B 1702 92.25 1570 49.3 71.25 1213 aoe 
15 July 1943 5 1700 92.59 1574 50.4 72.58 1234 aie 
16 Sept. 12-Oct. 20, 1944 B 1728 92.20 1593 51.9 75.05 ons 
17 September 1949 3 1760 90.85 1599 54.7 80.28 itis Ae 
18 Nov. 12-Dec. 16, 1944 B 1737 92.17 1601 48.7 70.45 1994 ae 
19 Jan. 1-12, 1949 B 1813 89.45 1622 53.0 78.99 14 oe 
20 November 1949 3 1786 91.00 1625 56.2 82.34 re aan 
21 Sept. 17-23, 1952 B 1753 93.26 1635 52.2 74.62 1308 ee 
22 November 1949 4 1801 91.00 1639 58.4 85.57 1541 ES 
23 October 1949 3 1807 91.00 1644 56.1 82.20 148. in 
24 Sept. 1-6, 1952 B 1787 93.31 1667 49.5 70.73 12 : ae 
25 October 1949 4 1836 91.00 1671 57.0 83.52 on aS 
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TRANSACTIONS AIME 


in spite of the fact that both reactions consume the 
same amount of heat. When the increase in direct 
reduction is the result of poorer gas-solid contact, 
most material has come into the hearth with less 
sensible heat, necessitating a decrease in burden. 
Also the CO, which is generated at the high tem- 
peratures far down in the furnace does less good be- 
cause it does not come into intimate contact with 
ore. Whereas, when premature combustion takes 
place it is an indication of some gas-solid contact, 
and CO thus formed can still react with ore because 
it is at 1800°F and in contact with it. So while the 
amount of carbon consumed is the same, the effect 
on the furnace is decidedly different. Where more 
carbon is lost by direct reduction, there is more 
earbon burned at the tuyeres due to less premature 
combustion, so there is an overall increase in carbon 
reaching the tuyeres. Another factor which con- 
tributes to this gain of carbon reaching the tuyeres 
is the fact that the poorer gas-solid contact result- 
ing in more direct reduction cools the hearth, neces- 
sitating a decrease in burden. With this decrease in 
burden there are fewer pounds of oxygen charged in 
ore per pound of coke consumed, consequently less 
concentration of CO, gas and less opportunity for 
premature combustion. 


Maximum and Minimum of Premature Combustion 


If there are two variables X and Y and X increases 
as Y increases, the function of Y = f(X) has no turn- 
ing point. But with the two variables, if X increases as 
Y increases up to a certain point and then decreases, 
the function of Y = f(X) has a maximum value and 
opposite slopes on either side of the maximum point. 
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Fig. 5—Minimum premature combustion with minimum coke rate, 
No. 5 furnace. 
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Fig. 6—Effect of premature combustion and direct reduction on 
coke consumption. 


This is the case with premature combustion. If one 
variable is coke consumption and the other the per- 
centage of premature combustion, then it has been 
shown that as premature combustion increases, coke 
consumption drops to some point where further 
decreases in coke consumption mean less premature 
combustion. 

Now if all data obtained in a study are on one side 
of the maximum and a conclusion is drawn, and in 
another study the data obtained are from the op- 
posite side of the maximum value, the conclusion 
will be exactly opposite. 

It is believed that this is the case with premature 
combustion and direct reduction. Table VII shows 
the pertinent data for the cases previously described 
in this paper and in addition some periods of slack 
wind operation on Nos. 3 and 4 furnaces. 

All figures in Table VII were corrected to slag 
volumes* of 1000 lb per ton of iron and it was as- 


* It is assumed that for each 10 pct increase or decrease in slag 
volume there is a 4 pct increase or decrease in coke rate. 


sumed that 125 lb of coke was used to supply the 
carbon absorbed in the pig iron, the carbon in the 
flue dust, and the carbon necessary for the direct 
reduction of the metalloids: phosphorus, manga- 
nese, and silicon. No correction was applied for the 
moisture in the blast. 

The percentage of coke burned at the tuyeres was 
calculated from the engine house report of the 
amount of wind blown and the stockhouse report of 
the amount of coke charged per day. All coke rate 
figures were corrected to 2% pct moisture. 

For example, Table VIII shows the operating char- 
acteristics for the No. 5 furnace for the month of 
June 1948. 

Fig. 6 is a plot of the pounds of carbon consumed 


Table VIII. Operating Characteristics for No. 5 Furnace. 


Lb Coke Pet Cu Ft of Lb 
per Net Fixed Carbon Wind per Slag per 
Period Tons Iron in Coke Lb Coke Ton of Iron 
June 1948 1644 90.00 53:5 1000 
Lb carbon per net tons iron = 1644 x 0.90 = 1480 
Pct of coke burned at tuyeres = (53.5/75 x 0.90) x 100 = 79.26 
Lb of coke burned at the tuyeres per net tons iron = 
1644 x 0.7926 = 1303 
Lb of coke consumed in solution loss reactions per 
net tons iron = 1644 — 1303 — 125 = 216 
Lb of carbon consumed in solution loss reactions per 
net tons iron = 216 x 0.9 =e 194 
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per net ton of iron against the pounds of carbon per 
net ton of iron used in solution loss reactions. 


Coke Consumption 

Nobody questions that the best coke consumption 
would be obtained if Gruner’s ideal could be at- 
tained. Under such conditions all oxygen will be 
removed from the ore by the time it reaches the 
zone where the CO, formed could react with carbon, 
or when direct reduction could take place. In this 
case the wind to burn a pound of coke would be a 
maximum. 

On the other hand if the ore charged into the fur- 
nace came down without coming into contact with 
gas it would be deposited in the hearth cold. But 
the critical hearth temperature must be maintained, 
so sufficient carbon would have to be burned at the 
tuyeres to preheat the ore in the hearth, supply the 
heat for the direct reduction and melt, and super- 
heat the iron and slag. Consequently very little ore 
could be charged and so very little coke would be 
used in direct reduction. Any CO gas formed would 
go up through the porous column of coke not touch- 
ing any ore. If it does not touch any ore it cannot 
be oxidized to CO., and since there is no CO: there 
cannot be any premature combustion. So here there 
would be 100 pet direct reduction and 0 pct pre- 
mature combustion. The cubic feet of wind to burn 
a pound of coke would be very high just as in the 
case of Gruner’s ideal. 

Any improvement in gas-solid contact in the pre- 
ceding case would mean that the CO gas would 
reach the ore, CO, would be formed and then CO, 
would react with carbon and there would be pre- 
mature combustion. The more improvement there is, 
the more premature combustion and the less direct 
reduction up to a certain point. 


Summary 


Of the carbon which is not burned at the tuyeres, 
a portion is used in premature combustion (CO, + 
C > 2CO) and a portion in direct reduction (FeO + 
C > Fe + CO). Premature combustion can only 
occur if there is contact of CO. gas and coke, and 
CO, gas cannot be generated unless there is contact 
of gas and solid. Further, this reaction does not oc- 
cur to any appreciable extent below 1800°F, there- 
fore, the CO which it generates is at sufficient tem- 
perature so it may do reduction work if in contact 
with ore. It will continue to reduce ore down to 
400°F, so it can be concluded that premature com- 
bustion can only occur if there is good gas-solid 
contact and it can be expected to go hand in hand 
with good furnace operation. But direct reduction oc- 
curs when there is poor gas-solid contact, the ore de- 
scends into the hearth area without being in contact 
with CO gas. Consequently there will be little CO. 
gas formed and little opportunity for premature 
combustion. And further, the CO gas which is the 
result of direct reduction escapes from the furnace 
without doing any useful work because it is the 
result of poor gas-solid contact. 

A lower proportion of premature combustion and 
higher proportion of direct reduction will result in 
poor efficiency. The efficiency will improve as the 
amount of premature combustion increases up to a 
certain point. ‘Then still further improvement in 
gas-solid contact will mean all oxygen of the ore 
removed before it gets to the zone of 1800°F, so 
there will be a decreasing amount of premature 
combustion with increasing efficiency. 
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It can be concluded that the term “solution loss” 
may be used to indicate the carbon that does not 
reach the tuyeres, but that is the limit to which the 
term can be applied. Irrespective of how the reac- 
tions of carbon and oxygen are written, the im- 
portant point is that carbon can be consumed up in 
the stack under different conditions, and the condi- 
tions under which the carbon is consumed has a 
decided effect on the efficiency of the blast furnace. 
We cannot group all carbon losses and expect to 
establish a general correlation. Since the cubic feet 
of wind per pound of coke does not indicate under 
what conditions the carbon was consumed in the 
stack, it is not a general measure of efficiency. 

It is safe to say that the temperature at which the 
CO, gas is formed is the criterion. The lower the 
temperature at which it is formed the lower the 
coke consumption, and if none is formed above 
1880°F, Gruner’s ideal can be approached. 
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Institute of Metals Lecture, 1954 


Melting and Freezing 


by Bruce Chalmers 


HE practical importance of the phenomena of 

melting and freezing must have been recog- 
nized for a very long time. The difference between 
ice and water, for example, has had a profound in- 
fluence on the history of mankind and the evolution 
of society. The possibility of melting a metal and al- 
lowing it to freeze in a mold of chosen shape has 
been an essential ingredient in our mastery of the 
art of shaping metals, and therefore in the evolution 
of the machine age in which we find ourselves. 

The importance of melting and freezing, as ap- 
plied to metals and alloys, has been so great, in fact, 
that empirical solutions have been found for the 
multitude of practical problems that have arisen. 
This approach has been so successful that relatively 
little attention has been directed to arriving at an 
understanding of the fundamentals of the processes. 

But metallurgy has come to a stage at which we 
may expect that some, at least, of the more complex 
problems that have not yet been solved (or perhaps 
even recognized) may be handled more effectively 
by scientific study, theoretical understanding, and 
logical experimentation than by trial and error. 

In this lecture, therefore, I propose to describe in 
outline what I think really happens when a metal 
freezes. In doing so I hope to explain many of the 
phenomena which have been observed, and in par- 
ticular to account for the structures that are ob- 
tained in actual ingots and castings. 

The basic problem, to which this lecture repre- 
sents a tentative partial answer, is this: a mass of 
metal, containing known proportions of various 
elements, is melted, heated to a given temperature, 
and then allowed to freeze under specified condi- 
tions. What will be the “structure” of the resulting 
metal? The term structure includes: 1—crystal size, 
shape, and orientations, 2—distribution of chemical 
elements, and 3—shape, including cracks, cavities, 
pores, etc. 


The Solid-Liquid Interface 


We will first consider what takes place if a single 
crystal of a metal in the form of a rod is heated, not 
uniformly, but so that one end is hotter than the 
other. If this heating process is continued long 
enough, the hotter end will eventually melt; we will 
suppose that the rod is in a containing vessel so that 
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Fig. 1—Schematic arrangement of solid, liquid, and interface. 


the molten metal does not run away, Fig. 1. When 
some of the metal has melted, we have some solid, 
some liquid, and an interface or surface of contact 
between them. If the source of heat is now re- 
moved, the interface will move so that some of the 
liquid freezes, and if the supply of heat is suitably 
adjusted the interface will remain at rest. 

This very simple arrangement allows us to study 
the basic processes of melting and freezing, and if 
we fully understand this simple case, we may be 
able to account for what takes place under practi- 
cal conditions where the heat does not all flow in 
the same direction, and where the heat flow is 
determined not by a controllable source of heat but 
by the heat capacity and temperature of metal and 
mold, and by the heat loss from the mold surface. 

The solid-liquid interface is evidently the region 
ot the greatest interest to us; on one side of it there 
is crystalline solid, and on the other, liquid. In the 
solid, each atom has a well defined position, around 
which it vibrates as a result of thermal agitation. It 
only leaves this position in the relatively rare event 
of a “diffusion jump.” The liquid is much less sys- 
tematically organized. The atoms are about as far 
from their neighbors as in the solid, but the arrange- 
ment is much less systematic and is continuously 
changing. The solid and the liquid are represented 
diagrammatically in Fig. 2. The average energy of 
the atoms in the liquid is greater than in the solid by 
an amount that corresponds to the latent heat of 
fusion, i.e., the amount of heat that has to be sup- 
plied to convert unit mass of solid into liquid at the 
same temperature. 


The Two Processes 
As has recently been shown by Jackson and 
Chalmers,* many of the features of the processes of 
freezing and melting can be understood if it is as- 
sumed that a continuous and rapid interchange of 
atoms between solid and liquid always takes place 
at a solid-liquid interface.* It is necessary to con- 


* This idea had previously been suggested,!;2 but had not been 
developed quantitatively. 


sider two distinct processes, that of melting, in 
which atoms leave the surface of the solid and be- 
come part of the liquid, and the converse process, 
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in which atoms from the liquid join onto the solid. 
The observed rate of freezing or of melting is the 
difference of the rates of the two opposing processes. 
If they are equal, the interface is stationary; the 
metal is then at the only temperature at which the 
solid and liquid can be in equilibrium. We will call 
this temperature 

Since there is only one temperature (T;) at which 
the solid and liquid can exist in equilibrium, it fol- 
lows that the rates of the melting part of the process 
(R,,) and of the freezing part (Rr) can be equal 
only at that temperature. It is reasonable to sup- 
pose that both the rates vary with temperature,’ and 
that this is because an atom can only cross the inter- 
face if it has an energy in excess of some definite 
value, which is higher than the average energy of 
atoms in either the liquid or the solid. The average 
energy of the atoms depends on the temperature T, 
but the actual energies of the atoms are distributed 
about the average value in such a way that the frac- 
tion f that have an energy equal to or greater than 
Q is given by 


f 


If each atom vibrates v times per second, any atom 
will on the average have the required energy ve” 
times per second; but it will not always cross the 
interface when it has this energy, for two reasons: 
1—It may not be moving in the right direction, i.e., 
it may not have sufficient velocity perpendicular to 
the interface. Let the probability that the direction 
of vibration is within the necessary limits be G. 2— 
It may not strike the surface of the solid (or liquid) 
at a point where it can be accommodated; if not, it 
will ‘bounce back” and remain in the liquid (or 
solid). Let the probability that it is accommodated 
in the surface be A, the accommodation coefficient. 

Thus, the probability that an atom at the inter- 
face will make a transition is AG ve*/"", where AG 
and Q are either A;, Gr, and Q,, for the freezing 
process( i.e., liquid to solid), or Ay, Gu, and Q,, for 
melting. The rates of freezing and melting, R, and 
Ry, are therefore 


Ry = AuGu ve 


Q, and Q@, can be interpreted as follows: an atom 
must have energy in excess of a definite value E, 
in order to cross the interface in either direction. This 
energy is made up partly of the binding energy of 
the atoms and partly by energy of thermal agita- 
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Fig. 2—Positions of atoms in solid and liquid. 
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Table |. Values of LA/T» for Elements. LA is Latent Heat Times 
Atomic Weight 


L, Cal 
Structure Element Tyn,°Abs. per Gram LA/Ta# 

Face-centered cubic Al 933 94 2.7 
Cu 1356 50.6 2.4 

Au 1436 16.1 2.3 

Pb 600 6.3 2.2 

Ni 1728 74 2.5 

Pd 1837 38 2.2 

Pt 2046 27 2.6 

Ag 1233 25 2.2 

Rh 2239 53 2.4 

Close-packed hexagonal Cd 594 13.2 2.5 
Mg 923 89 eS. 

: Zn 692 24 2.3 

Body-centered cubic Ca 1123 52 1.8 
Cs 301 3.8 1.7 

Cr 2163 90.4 Zak 

Co 1768 63 2.1 

Fe 1912 65 1.9 

Li 459 100 5 

K 336 14.5 rd 

Rb 312 6.1 

Na 311 27.0 

Sr 1043 25 opal 

WwW 3683 44 2.0 

Diamond cubic Si 1703 396 6.5 
Ye 1232 102 6.0 

Halogens Br 266 16.2 4.9 
U 72 21.6 4.5 

F 50 10.1 3.8 

I 287 14.2 6.3 

Other structures Sn 505 14.5 3.4 
ie 317 5 4.9 

Sb 903 38.3 

Bi 544 12.5 4.8 

Ga 303 19.2 4.4 


tion. If the binding energy of the solid is Es and of 
the liquid E,, then 


— and Q, = E, — E;. 


It is reasonable to assume that the value of E, for 
crossing the interface is the same as for movement 
of atoms within the liquid, in which case Q; would 
be equal to the activation energies for diffusion in 
the liquid and for viscous flow; also, Q. — Q; should 
be equal to the latent heat of fusion. 

Using these numbers, we can calculate approxi- 
mately what R, and R, should be. They are repre- 
sented in Fig. 3 for copper. It will be seen that at 
the melting point, at which they are equal, the 
velocities of freezing and of melting would be about 
3000:cm per sec. 


The Accommodation Coefficient 


It is shown elsewhere’ that it follows from these 
and other equally reasonable assumptions that 


Ax 
AG 
or that 
An L 
In 
Ay Ris 


It is to be expected that A, is the same for all 
monatomic liquids, and it is likely that the value of 
A, should depend only on the geometry of the ar- 
rangement of the atoms at the surface of the solid. 
This should be the same for all substances with the 
same crystal structure and should vary in a predict- 
able way from one structure to another. The valid- 
ity of this conclusion will be apparent from Table IG 
from which it will be seen that all the elements 
with close-packed structures have very nearly the 
same value of L/RT;. This is reasonable because, as 
shown later, we should expect the close-packed 
planes of either of these structures to constitute the 


TRANSACTIONS AIME 


SOCCCE 
OO) 
| 


RATE (cm/sec) 


600 800 1000 1200 1400 1600 1800 2000 
TEMPERATURE (°ABS) 


it 
0 200 400 


Fig. 3—Rates of melting and freezing for copper. 


surface of the solid. It will also be seen that the 
alkali metals have a considerably lower value of 
L/RT,, while the other body-centered cubic metals 
have an intermediate value. These differences are 
explained as follows: consider a close-packed plane 
in a face-centered cubic crystal, and assume, for the 
moment, that this face is in contact with the liquid. 
As seen from the liquid, it would appear as indi- 
cated in Fig. 4. Let us suppose that an atom, ap- 
proaching from the liquid, must arrive at a suitable 
point on the surface to become part of the crystal. 
Let us suppose that it must be within a definite 
area such as the shaded area of Fig. 4, i.e., the area 
not contained in the projected areas of the atoms. 
This part of the area is about 10 pct of the total 
area, and so we would conclude that on this assump- 
tion A, should be about 0.1. 

Consider now the most closely packed face of a 
body-centered cubic crystal, illustrated in Fig. 5. 
The corresponding areas are somewhat larger than 
for the face-centered cubic case, and we would ex- 
pect a rather larger value of A in these cases. It is 
not claimed that these accommodation coefficients 
are exact, but the result is qualitatively reasonable. 

The exceptionally high values of the accommoda- 
tion coefficient for the alkali metals are accounted 
for on the basis, for which there is other evidence, 
that in the crystals of these elements the atoms are 
much more widely separated than is the case with 
the other metals. 

Where the structure departs from the close- 
packed or body-centered cubic, it is because the 
type of bonding is different; it is, for example, 
largely covalent in the case of silicon and germa- 


Fig. 4—Positions of atoms in a close-packed surface, the (111) 
surface of a face-centered cubic crystal. 
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nium. One of the results of this is that the atoms 
tend to take up positions which have definite angu- 
lar relationships. The path of an arriving atom 
would be much more critical in such a case than 
when the atoms are close-packed or nearly so, and 
so we should expect the low value of A, that is 
found to apply. It is of interest also to look at an- 
other group of elements, namely, the halogens. 
These elements have a very strong tendency to form 
molecules, each consisting of two atoms. The liquid 
in each case consists of molecules, and this persists 
even in the solid, in which the crystals are built up 
of molecules which are packed in a regular way, 
each molecule not only occupying the right posi- 
tion, but also having the right orientation (that is, 
direction of the line joining the centers of the two 
atoms). Freezing and melting in such cases almost 
certainly occurs by the transfer of molecules rather 
than atoms, and it follows that the accommodation 
coefficient A now contains a second component, 
namely, the orientation of the molecule, as well as 
its position. It is not surprising that the halogens 
all have the same low value of A. 

On the basis of the orientation part of the ac- 
commodation coefficient, we should expect a sub- 
stance with a very long molecule to have a much 
lower value of A than when a shorter molecule or 
a single atom is involved. This prediction can be 
tested with any suitable series of organic com- 
pounds in which each successive compound is simi- 
lar to its predecessors except that its “chain” is 
increased in length by the addition of an extra 
carbon atom, and the concomitant two hydrogens. 


Fig. 5—Position of 
atoms in a (110) 
surface of a body- 
centered cubic 
crystal. 


Table II shows the values of L/T, for some of the 
fatty acids which are straight chain molecules. To 
show that the lowering of A, is not solely due to in- 
creasing the mass of the molecule, the value of L/T; 
for benzene, a ring molecule, is 30. 


Shape of the Interface 

A further implication of the influence of the ac- 
commodation coefficient and its dependence on crys- 
tallography is the following: 

Considering the face-centered cubic structure, 
we must now compare the values of A, for various 
crystallographic faces. The three most obvious are 
the (111), (100), and (110) faces. On the same 
assumption as before, we should expect the ac- 
commodation coefficients to be in the proportion 
1.0:1.5:2.0; and if we assume that the activated 
state is the same for any face (and it must be if it 
is identical with the activated state for diffusion in 
the liquid) then the rate curves for freezing are 
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different for the three types of faces, and are as 
shown in Fig. 6. 

It is not likely that the assumption is quantita- 
tively correct. However, it is probably qualitatively 
good enough to give the correct order for the ac- 
commodation coefficients, and therefore to justify 
the relative positions of the three R, curves in Fig. 6. 

There will be therefore three different equilibrium 
temperatures, and it follows that in a crystal which 
has different faces exposed, they cannot all be in 


Table Il. Values of L/T,, for Fatty Acids; C, Hin41) COOH 


n Lu/Tx 
1 9.0 

3 9.9 

7 17.5 

9 22.0 
AL 27.5 
30.5 
40.0 


equilibrium with the same liquid at the same tem- 
perature. It also follows that the relationship be- 
tween interface temperature and rate of growth of 
a crystal will depend on the crystallography of the 
interface. 

One consequence is that a crystal in equilibrium 
with the melt can only have a single type of crystal 
face exposed, and this face will be the one with the 
lowest accommodation coefficient. Another result 
is that if a crystal is growing into the melt, the 
shape of the interface may adjust itself in various 
ways according to the temperature gradient that 
exists in the liquid near the interface. 


| 
| 
| 
| 
| 
Te 


Fig. 6—Freezing and melting rates for different faces of a face- 
centered cubic crystal. Rr, and Tx, refer to the (111) face, Rr. and 
Tz, to the (100) face, and Rr, and Tz, to the (110) face. 


There are two general cases to be considered: the 
first is that in which the temperature rises continu- 
ously as we proceed from the interface into the 
liquid; in the second, the temperature falls as the 
distance from the interface is increased. 


Stable Interface 


The first conclusion is that if the temperature 
rises continuously from the interface into the liquid, 
any part of the interface that is for any reason in 
advance of the remainder will reach a region of 
higher temperature and therefore of slower growth; 
thus it will tend to slow down. It follows that no 
part of the interface will advance much ahead of 
the remainder. The interface will advance as a 


Fig. 7—-Four examples of interface structure. Photographs by Elbaum. 


522—JOURNAL OF METALS, MAY 1954 


TRANSACTIONS AIME 


Fe 
F 
! | | 
2 E3 
ON 


whole, all at the same speed. This does not mean 
that it must all be identical, because it is evidently 
possible for parts of the surface that present differ- 
ent crystallographic faces to the liquid to advance 
at the same speed, if they are at the appropriate 
temperatures. 

When an interface is advancing steadily, it must 
satisfy the condition that it is moving forward at the 
same speed; the actual speed of growth at any point 
may be different from this, because locally the sur- 
face may not be parallel to the general direction of 
growth. The actual speed of growth everywhere 
must be correctly related to the temperature. 

Therefore there are two main possibilities: either 
the surface will consist of “special” surfaces, which 
are crystallographically of low accommodation co- 
efficient, and therefore slow growing; or it may con- 
sist of the “random” surface, which has a higher 
growth rate at a given temperature, but will be al- 
ways parallel to the general interface. The reason 
that the special face does not always appear is that, 
although it always is slower than the random inter- 
face, the forward component may be greater if the 
special interface makes a large angle with the gen- 
eral interface. 

Consequently, we should expect that if a {111} 
plane is nearly parallel to the interface, it should 
appear in preference to the random surface. Simi- 
larly, the {100} plane, which should be the next 
slowest, should appear if the surface is nearly paral- 
lel to a plane of this kind. However, if neither of 
these planes is nearly parallel to the surface, the 
random surface is to be expected. 

It is interesting to note that the recent experiments 
of Elbaum* have shown that a characteristic surface 
structure is found at the growing interface if it is 
within about 20° of a {111} face and if it is within 
about 10° of a {100}, but not otherwise. The struc- 


LIQUID 


Fig. 8—Detail of interface 
shape. 


SOLID 


tures were obtained by interrupting crystal growth 
by very rapid removal of the solid from the liquid. 
Examples are shown in Fig. 7. 

It is evident that the whole of a surface that shows 
such structures cannot consist of special planes, for 
two reasons: the first is that only one set of such 
planes will be nearly enough parallel to the general 
surface to satisfy the conditions; and secondly, dif- 
ferent parts of the surface must be at different tem- 
peratures; it follows that these must be a progressive 
departure from the ideal shape (Fig. 8), so that the 
leading part which is at the highest temperature 
can advance nevertheless at the same speed as the 
rest of the surface. However, recent observations® 
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Fig. 9—Temperature- 
time relationship near 
advancing interface. 


TEMPERATURE 


TIME 


have shown that, under conditions of fairly fast 
advance of the interface in a situation similar to that 
used by Elbaum, the temperature gradient is very 
small close to the interface. The variation with time 
of the temperature at a fixed point is shown in Fig. 
9, in which the point A corresponds to the time when 
the interface passed the thermocouple. It follows 
that the various parts of the surface are at very 
nearly the same temperature and can therefore ad- 
vance at the same speed with very little difference 
in accommodation coefficient. 

One further conclusion must be drawn if the pro- 
cess under discussion is even approximately the real 
one; it is possible to calculate the way in which the 
‘net rate” of melting or freezing varies with the 
temperature. If we make the most plausible as- 
sumption, that is, that the “activated” state for 
freezing or melting is the same as for diffusion in the 
liquid, it follows that the value of the accommoda- 
tion coefficient must be at least 0.01 unless the inter- 
face temperature is to vary with the net rate of 
freezing or melting to an extent that would seriously 
affect the use of freezing points as standard tem- 
peratures. Unless the accommodation coefficient is 
much less than this value, we cannot assume that 
freezing can take place only at a few selected sites, 
such as the “self perpetuating steps” that are as- 
sociated with screw dislocations in the growth of 
crystals from solutions or vapors. It is concluded 
that neither the “screw dislocation” nor any other 
“step”? mechanism’ is inherent in or necessary for 
crystal growth from the melt. 


Dendritic Freezing 


We must now consider the way in which the in- 
terface advances when the bulk of the liquid is be- 
low the equilibrium temperature, or, to be more 
general, where the supercooling S increases from the 
interface into the liquid. The temperature distri- 
bution is then as shown in Fig. 10. This situation 
will be referred to as a “temperature inversion.” It 
has been studied extensively by Weinberg and Chal- 
mers,’ upon whose work the following conclusions 
are based. 

When there is a temperature inversion, it is evi- 
dent that any part of the interface that advances 
ahead of the rest reaches a region of greater super- 
cooling where it grows faster than the remainder. 
It therefore tends to get further ahead, and will 
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b—Effect of temperature gra- 
dient on shape. 


a—Outgrowth of fast growing 
faces. 


Fig. 11—Dendritic growth. 


rapidly form a “spike” sticking out into the liquid. 
The spike will start with a surface of arbitrary 
shape, but this will quickly resolve itself into a 
pyramid bounded by slow growing faces, because 
any other faces will “grow out.” This is illustrated 
in Fig. lla, in which four successive positions, 1, 2, 
3, and 4, of the surface are shown. The two faces 
AB and CD are the slowest growing and are the only 
ones that survive. However, one factor was ignored 
in this diagram, that is, that the supercooling S is 
greatest at the right and least at the left; so the real 
shape would be as shown in Fig. 11b. 

The effect of latent heat is to raise the temperature 
of the solid and the liquid near the interface to the 
equilibrium temperature. Unless the amount of 
supercooling is very large (e.g., 100° for lead), the 
whole of the liquid will have reached the equi- 
librium temperature before the whole of it has 
frozen. Consequently, the spike does not continue 
to grow outwards until all the liquid is used up. 
Instead, it grows until there is no supercooled 
liquid. In ordinary cases with a pure metal, in fact, 
it is difficult to get more than about 10 pct to freeze 
in this way. 

It has been pointed out by Fisher® that the tip of 
the spike cannot be a point but must have a finite 
radius of curvature. In addition, he has suggested 
that the speed of advance of the tip of the spike 
will be limited by the conduction of the latent heat 
away from the “point.” He concludes that the speed 
should be proportional to the square of the super- 
cooling of the liquid into which it is growing. Re- 
cent measurements by Rosenberg’ show that this 
prediction is closely satisfied. His results are 
shown in Fig. 12. 

No definite conclusions can be drawn from these 
experiments as to the temperature at the interface, 
which will be somewhere between the temperature 
of the liquid and the equilibrium temperature, and 
will be related, as already discussed, to the rate of 
growth. 

It is often observed that spikes of the kind de- 
scribed above occur at roughly uniform spacing, 
they follow definite crystallographic directions, and 
they branch along other equivalent directions. 

These observations can all be accounted for as 
follows: As soon as a spike forms, as a result of the 
instability caused by the temperature inversion, its 
growth is accompanied by the release of latent heat. 
This raises the temperature of the immediately sur- 
rounding liquid, which prevents the formation of 
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another spike in its immediate proximity or causes 
the suppression of an adjacent spike if it starts to 
form subsequently. There is thus a minimum sep- 
aration of the spikes. 

They tend to branch for the same reason that they 
form, that is, because there is a temperature inver- 
sion in the vicinity of a spike that is growing. 


Table III. Direction of Dendritic Growth 


Structure Dendrite Direction 


Face-centered cubic <100> 
Body-centered cubic <100> 
Hexagonal close-packed <1010> 
Body-centered tetragonal (tin) <110> 


These secondary and higher order branches are 
spaced for the same reason as for the primary 
spikes. Examples of dendritic structures in a pure 
metal are shown in Fig. 13. These were obtained 
by decanting the liquid after solidification had pro- 
ceeded to the appropriate extent. If the liquid had 
not been decanted, solidification would have con- 
tinued by further advance of the smooth inter- 
face, in the absence of a temperature inversion, 
through the dendrites at a speed that is controlled 
by the extraction of heat through the solid. This is 
always much slower than the rate of dendrite 
growth. 

The remaining feature to be accounted for is the 
crystallographic one. It has been observed that 
there is a characteristic direction of dendrite 
growth for each crystal structure. Some of these 
are given in Table III. 

The common feature of these directions is that 
each forms the axis of a pyramid of the closest 
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Fig. 12—Experimental results of Rosenberg on relationship between 
supercooling and rate of growth of dendrites. 
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Fig. 13—Dendritic structures in lead. Photographs by Weinberg. 


packed planes that can form a pyramid (this ex- 
cludes the basal plane in the hexagonal structure). 
If the scheme proposed above for the formation of 
the spikes is accepted, it follows that these direc- 
tions should be the axes of the dendrites provided 
that all the faces grow at the same speed. This is 
to be expected because, normally, all four faces 
grow into liquid at the same temperature, and each 
grows by a process that is self-stabilizing; i.e., if it 
momentarily gro ’s too fast, its evolution of latent 
heat is increased and this slows it down. It is pos- 
sible, however, that some asymmetry can be in- 
troduced, as for example by a transverse flow of 
the liquid metal, and this could cause one or two 
faces to grow faster than the others. This might 
account for the occasional curved dendrite reported 
by Rosenberg.” 


Curvature of the Interface 


It has been implicitly assumed so far that the 
interface is flat, because only under these conditions 
can we expect that G; = G,,. If the surface of the 
solid is curved, “escape”? from the solid should be 
possible when the direction of motion is within a 
larger solid angle than for escape from a flat sur- 
face; thus G, will be greater than for a flat surface. 
The converse effect will apply to atoms joining the 
solid, and G, will be decreased. It can be shown that, 
approximately, (G1/Gr) = (1 + a/2r)/(1 — a/2r), 
where a is the diameter of an atom and r is the 
radius of curvature of the interface. On this basis, 
we should expect a very small crystal to have an 
equilibrium temperature considerably lower than 
that for a large crystal or a flat interface. The same 
criterion can be applied to the small crystal-like 
clusters of atoms that arise by chance in the liquid. 
Detailed development’ of the point of view out- 
lined above enables us to calculate not only the size 
of cluster that should be stable at any given tem- 
perature, but also the temperature at which such a 
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cluster would be likely to occur spontaneously. The 
results of such calculations agree closely with the 
experimental results of Turnbull” for the tempera- 
tures at which homogeneous nucleation occurs in 
supercooled liquid metals. 


Lattice Vacancies 

It is generally believed that a metal crystal con- 
tains a definite proportion of lattice vacancies, the 
number of which depends on the temperature. They 
are in thermodynamic equilibrium, and it follows 
that they may be produced during the freezing 
process. 

The following is proposed as a mechanism: let the 
interface be at the region PQ (Fig. 14), and let us 
consider the lattice site X on the surface of the crys- 
tal. It may be filled either by an atom from the 
liquid, or by an atom A from the next layer of the 
solid. If the latter, a vacancy will then exist at the 
point A. It may subsequently move in any direc- 
tion, and there is a chance that it will remain in the 
solid. The probability of a vacancy being formed by 
this mechanism will be given by e°22/*7/e-@r/R? 
where Q, is the activation energy for the motion 
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Fig. 14—Formation of x 
a yacant lattice site. 


of vacancies, and on the basis of the assumptions 
discussed above, this will be about 1 in 10°. If 
the interface is stationary, this number should be 
rather greater than the concentration of vacancies 
within the solid in equilibrium. If the interface is 
advancing, a greater number of vacancies will be 
found in the layers near the interface, because they 
have smaller chance of reaching the surface soon 
after they are formed. They will normally find 
some other way of leaving the crystal to maintain 
equilibrium. 


Origin of Lineage Structures 
The higher concentration of vacancies near the 
advancing interface helps us to understand the 
origin of lineage structures of the sort studied by 
Teghtsoonian and Chalmers,” and perhaps other 


Fig. 15—-Lineage structures in tin. Photographs by Teghtsoonian. 
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sorts, as follows: A typical lineage structure is 
shown in Fig. 15. It is probable that if there is a 
considerable concentration of vacancies toward the 
interface, they may tend to condense to form 
“disks.” If such a disk is bounded at one side by the 
interface, it will exceed its critical size and become 
stable at half the size it would require if it were 
completely in the solid. As Seitz has pointed out, 
such a disk can collapse, leaving a “ring” of edge 
dislocation; the “half disk’, bounded by the inter- 
face, can also collapse, giving a “half loop” of edge 
dislocation, as illustrated in Fig. 16. The two ends 
of the half loop will be perpetuated as edge dis- 
locations that increase in length as the interface 
moves. 

The plane in which the half loop forms will de- 
pend upon the structure, and perhaps on the orien- 
tation of the crystal, but it is possible that the for- 
mation of such imperfections is inherent in growth 
of metallic crystal from the melt. It appears from 
Teghtsoonian’s work on tin that there are about 10° 
dislocations of this kind produced for each cubic 
centimeter of crystal, at least in the first part to be 
formed. When enough dislocations have formed, 
they tend to move in their slip planes to form the 
arrays that are observed as the lineage boundaries. 
In order to do this, the dislocation lines must bend 
so as to acquire components that are parallel to 
their Burger’s vectors, that is, components of screw 
dislocation. 


Fig. 16—Dislocation 
“half loop.” 


It is suggested that the half loops and the screw 
dislocation components are able to behave as 
Frank-Reed sources and that the whole dislocation 
content of crystals grown from the melt may origi- 
nate in this way. The rate of generation of half 
loops and screw components would be nearly con- 
stant, even after the lineage has reached a constant 
angular severity. The newly formed dislocations 
would then have an even chance of combining de- 
structively with an already existing dislocation and 
of remaining in the crystal. Two possible conse- 
quences might follow and are being looked for: one 
is that there should be some anisotropy of plastic 
deformation in relation to the direction of growth; 
the other is that the dislocation half loops might 
possibly be caused to slip out of the crystal by 
means of a shear stress applied parallel to the inter- 
face, in an appropriate sequence of directions, dur- 
ing growth of the crystal. 

It is interesting that the lineage boundaries do 
not always form in a direction parallel to that of the 
heat flow. As demonstrated by Teghtsoonian for 
tin, and as observed qualitatively for other metals, 
the direction of the boundaries is a function of both 
the crystallography and the speed of advance of the 
interface. In tin at low speeds (below about 1 mm 
per min), they are always normal to the interface. 
At higher speeds they tend to deviate to a progres- 
sive extent toward a characteristic direction (if this 
does not coincide with the heat flow direction). This 
characteristic direction appears to be the same as 
the characteristic direction for dendrite growth. 
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Fig. 17—Direction of 
growth. 


As will be shown later, a second type of substruc- 
ture is found to have the same direction of forma- 
tion as the lineage structure. This suggests that the 
direction of growth of these structures is determined 
by the shape and movement of the interface. The 
explanation may be as follows: it is quite likely 
that the growth direction only departs from the 
direction of heat flow when there is a surface struc- 
ture, and we may therefore consider how an inter- 
face with the structure moves forward. Let us as- 
sume that the interface is shaped as shown in 
Fig. 17. We are interested in the direction of ad- 
vance of the points A and B. These will be deter- 
mined by the relative rates of growth onto the faces 
AB and AC. If these are similar faces (e.g., both 
{111}), then they would grow at equal speeds if 
they were at the same temperature. In that case the 
points A and B would move along “ne directions xy 
and x’y’, which are the same as’ che characteristic 
dendrite directions. The temperatures and speeds 
of growth of the faces AB and AC will depend, how- 
ever, on the rate at which the latent heat is con- 
ducted away from these regions. Since there is no 
temperature inversion, the flow of heat must be to 
the left in Fig. 17, and so the amount of heat that is 
conducted away from an element of interface in 
unit time will depend on the projected area BC or 
CD of the surface. Thus the rate of extraction of 
latent heat per unit area would be slower from AB 
than from AC, and in the extreme case of slow 
growth, the rates of advance in the forward direc- 
tion would be equal. The behavior at intermediate 
speeds could be due to the flat temperature gradi- 
ent immediately ahead of the interface, which 
would cause the structure to become larger in size. 
This would allow the isothermal surfaces to depart 
from flatness and to follow to some extent the con- 
tour of the surface structure. This would reduce 
the “projected area” effect and result in a com- 
promise between growth in the direction of heat 


Fig. 18—Seeding technique for producing a bicrystal. 
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flow and growth in the “characteristic direction” of 
the crystal. 
Direction of Crystal Boundary 

We must consider next the direction of formation 
of the boundary between two crystals of different 
orientations that grow side by side. Experiments 
on this subject are conveniently conducted by 
“seeding” the melt with two seed crystals, as in 
Fig. 18, in which A and B are the seed crystals. 
Freezing takes place from left to right, and a 
boundary forms along the line CD. 

CD may be inclined to the direction of heat flow 
CH, and it is found that it deviates away from the 
crystal in which a “characteristic direction” is 
closest to the direction of growth. This characteris- 
tic direction is identical with the direction of den- 
drite growth discussed above. The extent of the 
deviation increases with speed of growth and with 
the difference in orientation. 

A proposed explanation is as follows: the tem- 
peratures of different parts of the interface of the 
bicrystal must so adjust themselves that they all 
move forward at the same rate. Parts which have a 
higher accommodation coefficient would advance 
more rapidly if at the same temperature, and there- 
fore will be at a point of less supercooling, and 
further “forward” therefore than the parts with 
lower accommodation coefficient. Thus a composite 
interface would be as in Fig. 19. Let us consider 
two extreme orientations, that of crystal A being 
such that it has the maximum possible accommoda- 
tion coefficient, while B has the minimum possible 
accommodation coefficient. It follows that if they 
are at the same temperature, A will grow faster than 
B, or A will be ahead of B if they are growing at the 
same speed. Therefore, a “step” P.Q. should exist 
at the interface. Such steps have been observed.’ It 
can also be seen that the crystal with the highest 
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Fig. 19—Interface of a bicrystal. 


accommodation coefficient will be the one that has 
its characteristic direction most nearly normal to 
the mean interface. Any growth onto the step will 
correspond to deviation of the boundary in the ob- 
served direction. It is to be expected that the height 
of the step, and the rate of lateral deviation, should 
increase with the speed of growth. 


Columnar Freezing 

The occurrence and preferred orientation of the 
columnar zone in ingots can now be accounted for, 
as follows: the initial contact of hot metal and cold 
mold causes very rapid chilling of the metal near 
the mold to a temperature that is low enough to 
cause freezing to start from many nuclei, either on 
the mold wall or close to it. The growth of these 
crystals and conduction of heat from the interior of 
the liquid toward the mold wall raise the tempera- 
ture in this, the “chill” zone, to a temperature close 
to the equilibrium temperature. At this stage there 
cannot be a temperature inversion, and conse- 
quently, if we are still considering a pure metal, a 
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Fig. 20—Columnar 
zone (schematic). 


smooth interface will be formed. It will advance 
into the ingot at a speed that is determined by the 
rate of conduction of the latent heat of fusion out- 
wards through the metal that has already solidified, 
and the mold. The boundaries between the adjacent 
crystals will behave in the way described above. A 
sketch of the situation is shown in Fig. 20. A typi- 
cal ingot structure is shown in Fig. 21. 

It will be evident that some crystals are oriented 
more favorably for survival than others. These will 
all have a ‘“‘dendrite direction”’ nearly perpendicular 
to the mold wall. This agrees exactly with the pre- 
ferred orientations that are observed in the parts of 
ingots that have solidified in this manner. When a 
pure metal solidifies to form an ingot, the columnar 
zone is never dendritic in the sense in which this 
term is used herein; and there is never an equiaxed 
zone in the center of such an ingot, as there usually 
is in the case of an alloy. 


Freezing of Alloys 

We may now consider the application of the 
kinetic theory of the interface to alloys. The dis- 
cussion at the outset will be limited to single-phase 
alloys. The most striking feature of such an alloy is 
that, in most cases, the equilibrium temperature is 
lower than for the pure metal and corresponds to 
equilibrium between liquid which contains more, 
and a solid that contains less, of the solute. There 
are, of course, a few cases in which the tempera- 
ture is higher and the liquid is purer than the solid. 
The application of the theory to this case will be 
evident when the more common case has been con- 
sidered. 

Let us now consider the phenomena in terms of 
an idealized case, represented in Fig. 22, in which 
T, is the equilibrium temperature for the pure sol- 
vent A, and T,’ is the equilibrium temperature for a 
solid containing Cs, and a liquid containing C, of 
solute B. Equilibrium at the temperature T,’ will 
exist if the equality of freezing and melting rates is 
satisfied both for the solvent A and for the solute B. 
If we consider only the solvent A for the moment, 


Fig. 21—Typical ingot structure. 
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we conclude that, for T,’ to be lowered as we add 
more of B, the effect of adding B is either to in- 
crease the “rate of melting” or to decrease the “rate 
of freezing’ of A. The simplest assumption is that 
the rate of freezing of A is reduced as a result of the 
“dilution” of A, in the liquid, by the presence of B. 
The “dilution” effect in the solid will be less in the 
case under consideration, because there is less solute 
in the solid than in the liquid. 


The Distribution Coefficient 
In order to explain this, we must now consider 
the equilibrium of the solute B. At equilibrium the 
rate of melting of B is equal to the rate of freezing 


Fig. 22—Binary equi- 
librium diagram. 
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of B; but we must now take into account the differ- 
ent concentrations of B in the solid and the liquid. 
The equilibrium condition for B now becomes 


B’ B’ 


If this is combined with the corresponding equation 

for tae solvent, and certain simplifying assumptions 

are made, we find that 


Qu Q” 


RT; 


= €xp 


where Q”, and Q”’, are the activation energies for 
melting the solvent and the solute at the tempera- 
ture T,. The ratio Cs/C, is the quantity usually 
called the distribution coefficient, k. It is interest- 
ing to note that, as shown elsewhere, the solidus 
and liquidus will be very nearly linear and will 
have the difference of slope required by the Van 
t’Hoff relationship,“ if we assume that the activa- 
tion energies are unaffected by the concentration 
of solute. The general form of the result is that the 
solidus and liquidus temperatures will drop more 
rapidly with increasing concentration as the solvent 
and solute atoms differ more in size, valency, and 
electrochemical characteristics. This difference is 
represented by the difference in energy of solvent 
and solute atoms in the solid. It will be recognized 
that these energies should be related to the activa- 
tion energies for self-diffusion of the solvent and 
for diffusion of solute in the solvent. Hence, it is 
interesting to compare the values of k found exper- 
imentally with those calculated on the assumption 


Fig. 23—Distribution of 
solute in liquid. 
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Table IV. Measured and Calculated Values of k 


Alloy System k, Measured k, Calculated 
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that the quantity (Q“’, — Q”’) is equal to the dif- 
ference of activation energies for self-diffusion of 
A and for diffusion of B in A. Table IV shows the 
results. It should be noted that the values of the 
activation energies for diffusion are those derived 
by Nowick” from a reconsideration of the existing 
data. 

The above discussion refers to conditions of equi- 
librium. It is shown elsewhere’ that the effective 
value k is changed somewhat when freezing or 
melting occurs. 


Redistribution of Solute During Freezing 

The full significance of the distribution coefficient 
k has only been realized comparatively recently 
with the rapid development of interest in the ef- 
fects of minute amounts of solutes in crystals of 
germanium. As a result, several calculations have 
been made, using different assumptions, of the way 
in which a solute should be distributed in the solid. 
One major assumption that has been made in all the 
calculations is that the concentration is uniform in 
any cross section taken perpendicularly to the di- 
rection of crystal growth. This assumption is prob- 
ably justified when very dilute solutions are under 
consideration but, as shown by Rutter and Chal- 
mers,” it is not necessarily true under other con- 
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Fig. 24—Constitutional supercooling. 


Let us again consider a solution of the solute B 
in the solvent A, Fig. 22. Consider an alloy of 
composition C;, which is cooled from a high tem- 
perature. When it reaches T,’, freezing may begin, 
the solid that is formed having the composition Cy. 
This solid contains less of B than the liquid from 
which it was formed, and it follows that the liquid 
close to the interface receives some extra solute. 
The composition of the liquid at the interface 
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therefore moves to the right and freezing continues 
at a rather lower temperature than T,’. The extent 
to which this continues depends upon the mixing 
that occurs between the liquid at the interface and 
the bulk of liquid that has not received extra so- 
lute. There are several processes that may take 
place, and it is not possible to say in general terms 
which will predominate. It is possible to calculate, 
as shown by Pfann,” what happens if there is al- 
ways complete mixing of the liquid, so that the liq- 
uid at the interface is always at the mean composi- 
tion of the liquid which remains. It is also possible to 
make the opposite extreme assumption™ that there 
is nO Mixing except that due to diffusion in the liq- 
uid. There is little doubt that there will be some 
diffusion and some mixing, and that the composi- 


Fig. 25—Cellular in- 
terface structure. 


tion of the liquid will in fact be given by a curve 
such as that shown in Fig. 23. An important con- 
sequence of the existence of a curve of this general 
form has been pointed out by Rutter and Chal- 
mers; each value of the composition corresponds 
to a definite temperature at which freezing can 
begin. This relationship is in fact the upper or 
liquidus line of Fig. 22. The higher the concentra- 
tion becomes, the lower will be the liquidus tem- 
perature. Therefore, the liquidus temperature must 
vary with distance from the interface in roughly the 
way shown in Fig. 24 (T,). It follows that even if 
the temperature rises with increasing distance from 
the interface (curve T) there may be a region in 
which the actual temperature is below the liquidus. 
Such a region is said to be “constitutionally super- 
cooled,” and corresponds to a temperature inver- 
sion as defined above. There are three possible 
effects that may occur as a result of the existence 
of a region of constitutional supercooling. As with 
any other temperature inversion, a smooth inter- 
face is unstable, and so a series of projections will 
begin to form. If the thickness of the supercooled 
layer is small, these projections will only extend a 
correspondingly short distance ahead of the inter- 
face, and their growing points will move forward 
at a speed controlled by the advance of the limit 
of the supercooled zone and not by the controlling 
mechanism that operates in normal dendrite 
growth. The projections will contain a lower pro- 
portion of solute than the liquid, and so the liquid 
surrounding each of these growing points will be 
enriched in solute. This will set up concentration 
gradients that will cause lateral diffusion of solute 
to the regions midway between the growing points. 
The enhanced solute content lowers the liquidus 
temperature so that the regions midway between 
the growing points are retarded, resulting in a 
stable interface profile of the kind shown in Fig. 25. 
The growing points tend to become uniformly 
spaced, and each becomes a separate “cell” which 
maintains its identity. The cell walls are regions 
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a—top. b—bottom. 

Fig. 26—Cellular structure. Photographs by Rutter. 


of rather high solute content. A typical interface is 
shown in Fig. 26a, while Fig. 26b shows a view of 
the top surface of a single crystal which contains 
the substructure. Calculations® show that a very 
small amount of impurity (e.g., 0.01 pct) is suffi- 
cient to cause this effect to appear, but that it can 
be prevented either by very slow growth, which 
allows the solute to diffuse into the lquid more 
effectively, or by imposing a “steeper” temperature 
gradient, which reduces or eliminates the region of 
constitutional supercooling. 

The second consequence of the temperature in- 
version that results from constitutional supercool- 
ing, as pointed out by Winegard and Chalmers,” is 
that dendritic growth can occur in a direction of 
rising temperature. Without the concept of constitu- 
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Fig. 27—Temperature and liquidus temperature distribution 
in a freezing ingot. 
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tional supercooling we could not account for the 
growth of dendrites toward the center of an ingot, 
for example, because the temperature must be low- 
est at the surface and highest in the interior. Thus 
when there is an extensive zone of constitutional 
supercooling, dendritic growth may occur in very 
much the same way as when pure metals are sub- 
jected to a temperature inversion. The chief dif- 
ference is that, in an alloy, growth of the dendrite 
changes the composition of the liquid in such a 
direction as to lower its liquidus in the vicinity of 
the interface. This tends to slow down the growth 
of the dendrites, and this may constitute the mech- 
anism of speed control rather than the thermal 
conduction mechanism that should be effective in 
pure metals. 

We can see, therefore, why the columnar zone 
in alloys is usually dendritic; in fact, it would re- 
quire very special conditions to prevent this hap- 
pening. A necessary consequence of dendritic 
growth is the occurrence of interdendritic segrega- 
tion. The initial spines of the dendrites will contain 
the least solute or impurities, while the later parts, 
between the dendrites, will contain progressively 
more. There will also, of course, be a tendency for 
the concentration of the solutes to increase as we go 
from the outside of an ingot toward the center. 
This is normal segregation, which may be reversed, 
locally, by the inverse segregation that can be 
caused by the flow, away from the center, of en- 
riched interdendritic liquid.” 

The third result of constitutional supercooling is 
the nucleation of new crystals in the region ahead 
of an advancing interface. One of the fundamentals 
of nucleation theory is that a new crystal cannot 
begin unless there is some supercooling. In the 
interior of an ingot in which a columnar structure 
has been established, this can only occur by con- 
stitutional supercooling; but a large part of an alloy 
ingot usually consists of equiaxed crystals that 
obviously had been nucleated in the liquid in the 
interior of the ingot. The schematic diagram of Fig. 
27 shows how a large zone in the center of an ingot 
can be supercooled while it is still at or above the 
temperature of the interface. This effect can be 
very large, in fact it was shown by Winegard and 
Chalmers” that, if no nucleation of new crystal 
happened first, it could reach about 120°C of super- 
cooling in a 10 pet Sn-Cu alloy. The formation of 
a crystal nucleus in the liquid has several effects: 
latent heat is generated as the crystal grows, and 
this raises the temperature of the crystal above that 
of the surrounding liquid. This sets up a tempera- 
ture inversion, as a result of which the freshly nu- 
cleated crystal grows dendritically. This agrees 
with the observation that the equiaxed crystals are 
always dendritic. Secondly, the growth of the 
freshly nucleated crystal gradually raises the tem- 
perature of the whole of the liquid and causes 
changes of composition that depress the liquidus 
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Fig. 28—Redistribution of solute in a terminal zone. 
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Fig. 29—Two-phase system. 


have disappeared while there is still a considerable 
quantity of liquid. Dendritic growth stops at this 
stage. The alloy then consists of a suspension of 
small dendritic crystals in the remaining liquid. 
Such a suspension has a pasty kind of consistency, 
which it retains until the process of freezing is 
completed by the subsequent loss of heat through 
the already formed massive solid at the outside of 
the ingot. 

The “pasty”? condition is not an inherent prop- 
erty of an alloy. As Davis and Morris” have shown, 
it can be caused to occur at will in an alloy of, for 
example, tin and lead, by controlling the occurrence 
of constitutional supercooling. 

It has been noted frequently that an alloy, as it 
is found in the cast form, has phases in it which 
would not be anticipated from the equilibrium 
diagram. For example, if we take a bronze con- 
taining 5 pct Sn, the 8 phase should not occur. 
However, it does frequently occur, and it would be 
useful if we could predict when this should happen. 
The problem is that of the terminal zone of the 
redistribution of solute, represented in Fig. 28. 

While the solute is able to diffuse away from the 
interface, the composition of the solid at the inter- 
face does not exceed C,, the composition of the bulk 
liquid; but if, as a result of the impingement of 
other crystals, diffusion is prevented, then the com- 
position of the liquid at the interface can go on 
rising above the normal value C,/k and another 
phase such as the @ phase in Fig. 29, may appear. 
The detailed calculation of the limiting value of C 
has not been made even for the ideal case of a cyl- 
inder of liquid, and it would be even more difficult 
for the real case of the ‘“‘pool’ of liquid between 
several crystals growing toward each other. 

One of the factors that has not been discussed is 
the effect of gravity. There are, in fact, two pos- 
sible effects which may have some influence on the 
structure of a cast alloy. The first is that the den- 
sity of the liquid close to a freezing interface will, 
by virtue of its changed composition, be either more 
or less than that of the remaining liquid. It will 
therefore tend either to rise or to sink, and a con- 
vection current will be set up even if there is no 
temperature gradient. This, as pointed out by 
Wagner, will contribute to the “mixing” of the 
liquid. The second aspect is that the equiaxed 
crystals that nucleate within the liquid generally 
will not have the same density as the liquid, and 
they will either tend to rise or to sink. This may 
cause the columnar zone to extend further from the 
bottom or top, respectively, of the mold cavity. It 
will also cause the distribution of the constituents 
of the alloy to be different from that which other- 
wise would be expected. 

A further point is in connection with the use of 
nucleating agents. The purpose of such additives is 
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to increase the number, or decrease the size, of the 
equiaxed grains, and to reduce the extent of the 
columnar zone. It is evident that they can only 
work when both of two conditions are satisfied: 
there must be some supercooling, and there must be 
a close enough match between the crystal structure 
of the nucleating particle and the structure that is 
to be nucleated. The former of these conditions 
usually cannot be satisfied in the case of a sub- 
stantially pure metal. 


Porosity 


Of the three aspects of “structure,” two have 
now been discussed: these are the shape, size, and 
orientation of the crystals, and the distribution of 
the chemical species that are present. We must now 
discuss the third, namely, the physical continuity 
or lack of continuity of the solid. This problem, 
which includes the origin of all kinds of cavities, 
porosity, and cracks, appears to be separable into 
two parts: the occurrence of discontinuities during 
the process of freezing, and the formation of cracks 
during subsequent cooling. Only the former of 
these two categories lies within the scope of this 
lecture. We will confine our attention to those 
metals and alloys in which the solid occupies a 
smaller volume than the liquid. This includes all 
the metals and alloys which are of interest be- 
cause of their mechanical properties, and many 
others as well. The reasons for the contraction 
which occurs on freezing are evident. In the metals 
under discussion, the atoms in the solid are closely 
packed or nearly so, while the more random ar- 
rangement of the liquid causes each atom, on the 
average, to occupy a rather larger volume than in 
the solid. It would require an enormous force to 
compress the liquid to occupy the same volume as 
the solid, and it is not possible to “stretch” the 
solid to occupy the same space as the liquid. It is 
therefore evident that when a liquid metal is al- 
lowed to freeze, some space will be left that was 
originally occupied by the liquid. The volume of 
this space cannot be changed, but its distribution is 
profoundly affected by the conditions under which 
freezing occurs and by the presence of dissolved 
gases. 

It is customary to consider porosity due to 
shrinkage and porosity due to gas evolution as two 
entirely separate problems, but it may be more de- 
sirable to consider that both gas evolution and 
shrinkage play their part except in the special case 
of a metal from which all the gas has been removed. 
Let us therefore consider next the redistribution 
of a solute gas during solidification. 

It will be readily seen that redistribution of a dis- 
solved gas that is relatively insoluble in the solid 
will take place for the same reasons, and in much 
the same way, as for any other solute. The only 
important difference is the effect of pressure on the 
nucleation and growth of bubbles of the gas. This 
is because the “limit of solubility” or saturation gas 
content depends to a very marked extent on the 
external pressure, whereas the corresponding equi- 
librium conditions for a solid phase are almost inde- 
pendent of pressure. Departure from normal pres- 
sure during freezing can take place for two reasons: 
the more obvious is that an external pressure can be 
applied as part of the casting process. This may be 
due to a head of liquid metal, or to centrifugal 
force, or it may be applied directly as in a pressure 
die casting. The second possible cause is the shrink- 
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age of the solidifying metal. Any portion of liquid 
that is totally enclosed by solid will undergo a 
reduction of pressure as freezing progresses. 

Let us consider what may happen to the gases 
dissolved in a liquid metal while freezing takes 
place. We will first assume the simple case of linear 
heat flow. The gas content of the liquid near the 
interface will increase as a result of rejection of gas 
by the solid, and gas will diffuse in the liquid away 
from the interface. The result will be a gradual rise 
in the gas content just ahead of the interface as it 
advances. The metal is, at this stage, under the same 
pressure that was applied originally; at some point 
the gas content will reach the saturation level for 
this pressure. From this point on, it is possible for 
gas bubbles to form. However, the formation of a 
very small bubble requires a considerable degree of 
supersaturation. It is assisted by the presence of any 
surface on which the bubble can form. Such nucle- 
ating surfaces may be the interface, especially in- 
terdendritic regions where the surface is markedly 
concave to the liquid. We therefore expect to find 
that bubbles will form after the interface has ad- 
vanced a considerable distance. The distance would 
depend on the initial gas content. 

Once a bubble has formed it tends to grow, be- 
cause the reduction in the curvature of its surface as 
it becomes larger allows it to be in equilibrium with 
a progressively decreasing level of supersaturation; 
so a bubble that has nucleated tends to absorb gas 
from the immediately surrounding liquid. This sets 
up a concentration gradient that causes more gas 
to diffuse toward the bubble. The rate of growth 
therefore is determined by the distribution of gas 
at the time when the bubble is formed, and it could 
in principle be calculated. Simultaneously with the 
growth of the bubble, the interface moves forward, 
and the fate of the bubble depends upon the rela- 
tive rates of advance of the interface and growth of 
the bubble. If the bubble grows very slowly, it may 
be encircled by the advancing interface and would 
exist in the solid as a roughly spherical cavity. This 
is probably not very common, because the super- 
saturation existing at nucleation usually causes the 
bubble to grow more rapidly. The second, and 
much more common, case is when the bubble grows 
at about the same speed as the interface advances. 
This causes elongation of the bubble into roughly 
eylindrical form. This form of bubble appears to be 


Fig. 30—"Wormhole” type of porosity. 
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rather stable, and is frequently found in ice formed 
from water containing a considerable amount of 
dissolved air. It is also found in some metals. An 
example is shown in Fig. 30. The “wormholes” are 
in all cases nearly perpendicular to the interface. 

If the bubble grows very rapidly and if there is 
a vertical path along which it can rise away from 
the interface, it may break away and either escape 
to the surface or be trapped at some other region of 
the interface. 

The types of cavity discussed so far are caused 
entirely by gas evolution, are of generally rounded 
shape, and are relatively harmless mechanically. 

We must now consider the way in which the se- 
quence of events is altered when shrinkage becomes 
important. There are two ways in which liquid 
metal can become isolated and therefore subject to 
decreasing pressure. The first is when the whole 
surface freezes first, and freezing takes place in- 
wards from this ‘‘crust.” The usual result in this 
case is a large cavity near the top. This will con- 
tain gas, but is essentially caused by shrinkage. 

The other case is when interdendritic material, 
with liquidus temperature lowered by increase of 
solute content, is still liquid while the surrounding 
metal has become solid. Each such “island” of 
liquid will decrease in pressure, and this will en- 
courage the nucleation of a gas bubble. The bubble 
will rapidly take up all the excess gas in the adja- 
cent liquid, and so in general each “island” will 
contain one cavity. If the gas content is extremely 
low, then no bubble is formed and the result would 
be a large number of very much finer pores. 

Another distinct type of porosity, due to shrink- 
age, may occur as follows: if the liquid metal that 
is poured into a mold is so hot that the initially 
formed, chilled layer is melted before columnar 
freezing starts, then the columnar grains, when 
they form, will be dendritic and there will be inter- 
dendritic liquid between them all the way to the 
surface, i.e., to the mold wall. When shrinkage be- 
comes significant as a result of growth of the colum- 
nar dendrites, interdendritic liquid will be sucked 
inwards, away from the surface. This causes inter- 
dendritic porosity at and near the surface. This 
type of porosity does not usually occur in the same 
casting as gas evolution porosity. It is sometimes 
ascribed to a mold-metal reaction. 
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Technical Note 


Isothermal Temper Embrittlement and the Effect of Hardness 


On Transition Temperature 
by B. C. Woodfine 


HEREAS it is generally assumed that the 
highest temperature at which temper brittle- 
ness takes place is about 625°C,” * Jaffe, Buffum, 
and coworkers have referred in several recent 
papers’ ”"* to the occurrence of temper brittleness 
in an SAE 3140 steel at 650° and 675°C. Their re- 
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sults show that a considerable increase in transition 
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temperature* occurred on tempering at 675°C, and 


*The temperature of the tough to brittle transition in the V- 
notch Charpy impact test. 


the authors imply that the increase is a manifesta- 
tion of the temper embrittlement which develops at 
lower temperatures in this steel. The purpose of 
this note is to point out that the changes in transi- 
tion temperature which take place on tempering a 
low alloy steel above 650°C can be explained by the 
normal processes of tempering and are not the re- 
sult of an abnormal embrittling change. 

In a recent paper, Carr, Goldman, Jaffe, and Buf- 
fum,' by applying a hardness correction of —0.28°C 
per BHN to the measured transition temperature of 
specimens tempered at 675°, assumed that this 
must always decrease with the hardness and thus 
they conclude that any increase in transition tem- 
perature on tempering must be due to “temper 
embrittlement,” nature unspecified. This implies 
that none of the normal structural changes which 
proceed during tempering can possibly increase the 
transition temperature, and hence assumes either 
that the ferrite grain size does not change on tem- 
pering or that the ferrite grain size does not affect 
the transition temperature. Both these assumptions 
are incorrect, as shown by the work of Fisher and 
Boyce’ and Baeyertz, Craig, and Bumps,’ respectively. 

On tempering a low alloy steel the main structural 
changes that occur (in the absence of intergranular 
temper brittleness) after the initial breakdown of 
the martensite are: 1—the spheroidization and 
growth of the carbide particles, 2—the growth of 
the ferrite grains, and 3—the partition of the alloy- 
ing elements between the carbide and ferrite. Of 
these, the first will decrease the yield stress, the 
second will decrease the brittle fracture strength, 
and the third will probably decrease both. The 
effect of changes in the yield stress and brittle frac- 
ture strength on the transition temperature can be 
predicted by using a recently proposed theory” * 
which demonstrates how the latter is determined by 
the interrelation between yield stress, brittle fracture 
strength, strain, and temperature. To simplify the 
discussion it will be assumed that the transition 
temperature depends principally on the relative 
values of yield stress and brittle fracture strength. 
The diagrams previously presented®” show that 
decreasing the yield stress lowers the transition 
temperature while decreasing the brittle fracture 
strength raises it. 

At low tempering temperatures and initially at 
higher temperatures the decreasing yield stress will 
have the greatest influence on the transition temper- 


ature because the ferrite grains are very small and - 


their growth is slow. Under these conditions the 
transition temperature falls with the hardness. 
However, with prolonged tempering, particularly 
above 600°C, the effect of the decreasing yield stress 
is outweighed by the decrease in brittle strength 
produced by the ferrite grain growth, and hence the 
transition temperature increases although the hard- 
ness continues to fall. Thus these simple consider- 
ations lead to the conclusion that with prolonged 
tempering the transition temperature will first de- 
crease with hardness and then increase. This result 
is in fact obtained when the data of Jaffe, Buffum, 
and coworkers” ‘ for the SAE 3140 steel is replotted 
as in Fig. 1. The transition temperature decreases 
with hardness to a minimum of —84°C at R,. 25 and 
then increases almost linearly with further decrease 
in hardness. This dependence of transition temper- 
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Fig. 1—Relationship between hardness and transition temperature 
for results of Jaffe, Buffum, and coworkers.” 


ature on hardness is clearly independent of inter- 
granular temper brittleness which can occur without 
any change in hardness being observed.” 

Although the results in Fig. 1 fit a smooth curve, 
it is not intended to imply that all combinations of 
tempering time and temperature above 600° will 
necessarily give points on the same line. This would 
be equivalent to assuming that the yield stress and 
brittle fracture strength were fixed for any given 
hardness. The ferrite grain size and hence the brittle 
strength may well be different in specimens which 
have been given different treatments to produce the 
same hardness. If any intergranular temper em- 
brittlement occurs on tempering then points will be 
found which are displaced to higher transition tem- 
peratures from the hardness/transition temperature 
curve. 

The increase in transition temperature observed 
in an SAE 3140 steel on prolonged tempering at 650° 
and 675°C can be explained as the result of ferrite 
grain growth and is thus clearly distinct from the 
temper brittleness which occurs at lower tempera- 
tures in this steel. Although Libsch, Powers, and 
Bhat" have suggested that any increase in transition 
temperature on tempering should be called “‘temper 
brittleness” regardless of the source or cause of the 
embrittlement, a better understanding of the funda- 
mental changes involved will be achieved if the 
various types of embrittlement are clearly distin- 
guished as separate processes. 
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Effect of Si, Mn, P, Al, C, Ni, and Cu on the Mechanism Of 
Sulphur Transfer Across a Slag-Metal Interface 


by K. M. Goldman, G. Derge, and W. O. Philbrook 


3h HIS is the third in a series of papers from the 
Metals Research Laboratory dealing with the 
transfer of sulphur across the iron-slag interface in 
a carbon-saturated system. The first paper’ showed 
that the transfer obeyed first-order kinetics. The 
second’ presented detailed evidence in support of the 
three-stage mechanism: 


FeS ae) = FeSisiag) [1] 
FeOgiagy + C= Fe + CO. [3] 


This emphasized the role of an iron-sulphur com- 
plex as the transfer agent across the interface and 
as an essential intermediate in the overall process. 

The present paper shows the influence on the 
process of the individual elements, carbon, silicon, 
manganese, and phosphorus, the alloying elements 
normally present and of interest in commercial blast 
furnace operations, aluminum, which has a pro- 
nounced accelerating influence, and nickel and cop- 
per, which are common minor impurities in the raw 
materials. The experimental methods and proced- 
ures for interpretation of data are the same as 
described earlier.”” Induction heated, graphite cru- 
cibles were used, and sulphur-free slag was added 
to the molten iron containing sulphur and the se- 
lected alloy. Slag samples were taken at regular 
time intervals and analyzed for sulphur and other 
components of interest. 

The authors wish to state specifically that these 
experiments were not intended to simulate indus- 
trial blast furnace operations. However, they do 
represent a study of the kinetics and mechanism of 
sulphur transfer at the slag-metal interface under 
specified laboratory control of the major variables 
in the system. It is believed that the results can be 
usefully applied to the blast furnace if consideration 
is given to the differences which are known to exist 
between the two conditions. 

A rigorous evaluation of the accuracy of rate 
studies is difficult. Recognized sources of error in- 
clude sampling and analysis of both slag and metal, 
temperature measurement and control, selection of 
zero time, composition of the gaseous atmosphere 
over the reaction system, and extraneous sources of 
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sulphur from the graphite crucible and reagent 
materials. In this study carefully standardized pro- 
cedures were followed consistently in order to mini- 
mize the errors. It is believed that the reproducibil- 
ity of duplicate runs indicates that errors have been 
rendered negligible relative to the observed effects 
from intentional variables. For example, original 
experimental points for duplicate runs are shown in 
Figs. 1, 2, 7, etc. In most cases in this paper the 
drawn curves represent an average of at least two 
heats. The spread in sulphur values at a given time 
ranges from 0.02 to 0.08 pct, which is a small frac- 
tion of the total values ranging up to 2 pct S in slag. 

In the systematic study of the influence of alloy 
additions, each element was added over a range of 
concentrations. The two slags used in this study 
were designated as ‘‘acid” or 1530 and ‘“‘basic’’ or 
1545. They had the nominal compositions given in 
Table I. Rates were measured in the temperature 
range 1500° to 1650°C. Data will now be presented 
to illustrate. the various features of the study. 


Silicon 
The first alloying element examined was silicon, 
because its presence is unavoidable in any silicate 
slag system through the reaction 


+ CM = + MO, [4] 


where M is any reducing agent such as iron or car- 
bon. It is known that the attainment of equilibrium 
by this reaction is extremely slow and probably not 
reached in the blast furnace.* The influence of sili- 
con on the final stages of the sulphur reaction has 
also been studied.* It has been shown’ that silicon 
increases the activity of sulphur in iron. For such 
reasons silicon may also be expected to influence 
the kinetics of the reaction. The observed effects 
will now be described. 

The general procedure was to melt 530 grams of 
ingot iron in a graphite crucible, 3 in: OD, 2% in. 
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Fig. 1—Effect of alloyed silicon on sulphur transfer with acid 
slags, 1500°C. 
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Fig. 2—Effect of alloyed silicon on sulphur transfer with basic 
slags, 1500°C. 


ID, 5 in. deep. When the melt was saturated with 
carbon, ferrosilicon was added, the temperature ad- 
justed, and granulated ferrous sulphide added to 
achieve a nominal bath composition of 0.8 pct S. As 
explained in the earlier paper, these conditions 
were selected to minimize sulphur variation in the 
metal during a run and thus simplify the theoretical 
treatment. Experiments have shown that the rate 
constants derived on this basis can be applied to 
lower sulphur compositions. A preliminary metal 
sample was taken and the prepared slag added. Slag 
samples were dipped at determined time intervals 
and a final metal sample was taken at the end of the 
run. Initial compositions ranged from 0.43 to 1.30 
pet Si, and the temperature range studied was from 

The original data at 1500°C for the percentage of 
sulphur in the slag vs time are shown for the acid 


Table |. Nominal Compositions of Slags 


Nominal Composition, Pct 


Slag Designation AlsOzg CaO SiO2 
Basic or 1545 15 45 40 
Acid or 1530 15 30 55 


slag in Fig. 1 and for the basic slag in Fig. 2. The 
procedure of Chang and Goldman* was applied to 
these data to obtain the specific rate constants* 


*In writing rate constants, the convention will be followed of 
indicating the alloying element in the iron by a superscript, Si in 
this example, and the direction of sulphur transfer by a subscript, 
m for transfer from metal to slag, and s for slag to metal. 

K*',, and K*',. The graphical determination of the 
rate constants involved a plot of values of dC,/dt, 
the slopes of the rate curve taken at selected con- 
centration levels, against C,, the corresponding con- 
centration of sulphur in the slag. In all cases this 
plot was linear, indicating that the presence of sili- 
con had not altered the first-order kinetics of the 
process. This statement is equally true for each of 
the other alloying elements reported in this paper 
and will not be repeated for each individual case. 

The values of K*',, and K*', calculated from the 
data by the method just outlined are plotted as a 
function of initial silicon content of the metal for 
the acid slag at 1500°C in Fig. 3 and for the basic 
slag in Fig. 4. (Initial silicon was used as the basis 
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of plotting because the silicon content of the metal 
changed during the run, increasing under acid slags 
and decreasing under basic slags, as will be noted 
later.) Similar data were obtained for the extremes 
of silicon content at two other temperatures, and the 
effect of temperature on K“',, is shown for the basic 
slag as a plot of log K*',, vs 1/T in Fig. 5. The values 
of K*', are not shown, since they show no additional 
features of interest. This also applies to the other 
alloys considered in this paper. The observed influ- 
ence of silicon as an alloying element is to increase 
the rate of desulphurization under all conditions in- 
vestigated. 

The effect of silicon on the amount of iron found 
in the slag during sulphur transfer was also studied. 
The maximum in the curve of combined iron in the 
slag vs time, which is characteristic of the unalloyed 
system, is also evident in the presence of silicon; it 
is most pronounced at higher temperatures and with 
more basic slags. As has been pointed out,’ this be- 
havior is to be expected of an intermediate compo- 
nent in a sequence of reactions such as postulated 
for the desulphurization mechanism. The chief dif- 
ference caused by silicon is that the molar ratio of 
iron to sulphur in the slag is much lower than for 
the unalloyed system. Silicon may serve in step 1 to 
supplement iron as a sulphur carrier similar to man- 
ganese (see later discussion), but the data are in- 
adequate to confirm this. Another interpretation is 
that silicon contributes to lowering the iron oxide 
content of the slag and speeding the desulphurization 
reaction by acting along with carbon in step 3 to 
remove oxygen from the slag-metal interface. 

The interesting feature of the role of alloyed 
silicon in desulphurization is that it is effective 
under both acid and basic slags. It was observed 
that silicon was always reduced from silica in the 
acid slag—at an essentially constant rate regardless 
of silicon level—but silicon was oxidized from the 
metal under basic slags; see Table II. In desulphur- 
ization the silicon must serve therefore to deoxidize 
the slag (step 3) more rapidly than can be done by 
carbon alone, even when the silicon content is not 
high enough to create a lower oxygen potential than 
would be equivalent to equilibrium with carbon. 

Further evidence that the simultaneous reduction 
of silica, or the presence of silica as a source of oxy- 
gen, is not deleterious to desulphurization is offered 
by an alloy-free experiment on the rate of desul- 


.0022 

0018 
x 
QF 
fe) 
2 
.0006 

0) 50 1.0 1.5 
Initial Concentration of Silicon in tron 


(wt %) 


Fig. 3—Effect of alloyed silicon on rate constants for sulphur 
transfer with acid slags, 1500°C. 
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Fig. 4—Effect of alloyed silicon on rate constants for sulphur 
transfer with basic slags, 1500°C. 
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Fig. 5—Temperature dependence of rate constants for sulphur 
transfer with alloyed silicon and basic slags. 
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Fig. 6—Comparison of sulphur transfer curves for slags of same 
basicity with and without silica. 


Al,O., Pct CaO, Pct SiO,, Pct 
Silica free 50 50 0 
With silica 15 50 35 


phurization by a slag composed of 50 pct CaO and 
50 pet Al.O;, without any silica content except for 
incidental impurity in the raw materials. This can 
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Fig. 7—Effect of alloyed manganese on sulphur transfer with acid 
slags, 1500°C. 


be compared with a heat by Chang and Goldman for 
a slag of comparable basicity composed of 50 pct 
CaO, 15 pet Al.O,, 35 pct SiO, at the same tempera- 
ture, where an initial silica reduction should have 
occurred. The curves showing the rate of sulphur 
pickup by these two slags are given in Fig. 6 and are 
identical within experimental accuracy. Thus, the 
slag where no silica reduction was possible had no 
advantage in desulphurizing power. Furthermore, 
the usual high iron content of the slag at intermedi- 
ate times was noted under the calcium aluminate 
slag, indicating that the iron enters the slags in as- 
sociation with sulphur and not as iron oxide formed 


Table II. Change of Silicon in Iron Under Acid and Basic Slags 


Si in Iron, Pct 
Slag Tempera- 
Designation ture, °C 


Initial Final 


1530 1490 
acid 1490 


1545 1490 
basic 1500 


w 
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as the result of silica reduction. From these obser- 
vations it is concluded that the desulphurization 
reaction and the reduction of silica, even though 
occurring concurrently, are not phenomenologically 
related. 


Manganese 

The influence of manganese on the desulphuriza- 
tion reaction was studied, because this metal is 
normally present in blast furnace iron and operators 
have frequently associated it favorably with desul- 
phurization.“™ It has also been the subject of labo- 
ratory studies,” which have assigned this action to 
the strong interaction of manganese and sulphur in 
iron solutions, resulting in a decrease in sulphur 
activity. The original rate curves for increasing 
amounts of manganese in iron up to 0.73 pet Mn are 
shown for acid slags at 1500°C in Fig. 7, and up to 
0.53 pet Mn in iron for basic slags at 1500°C in Fig. 
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8. The rate constants calculated from these data are 
listed in Table III. The increase in rate of the reac- 
tion with increase in temperature with 0.4 pct Mn is 
shown for both acid and basic slags in Fig. 9, which 
plots log K™",, vs 1/T. The expected Arrhenius rela- 
tion is obeyed. 

The accompanying phenomena peculiar to desul- 
phurization in the presence of manganese are also of 
interest. Unlike silicon, alloyed manganese decreases 
the activity of sulphur in iron, but nevertheless it 
increases the rate of sulphur transfer to slag. Ap- 
parently manganese acts even more effectively than 
iron in reaction 1 of the mechanism and promotes the 
overall process in this way. An auxiliary reaction 
is required 

MnsSr. = MnSeiag. [la] 


This is seen from Fig. 10, which compares the molar 
quantities of iron and manganese in the acid slags 
as a function of mols of sulphur in the slag for the 
entire series of manganese rate determinations at 
1500°C. Comparing this with similar data in the 
alloy free system: the slope of the iron vs sulphur 
curve in the absence of manganese is 1.7; with man- 
ganese it drops to 0.25, but now manganese has 
assumed the predominant role and the slope of the 
manganese vs sulphur curve is 0.85. In order to 
provide suitable control data for these experiments 
it is necessary to determine the rate of manganese 
transfer to the slags in the absence of sulphur. 
These data will be presented in suitable detail in a 
separate paper. Manganese may also function in 
reaction 3, but no clear evidence of this has been 
obtained. 


Carbon 


It is, of course, imperative to understand the role 
of carbon in the desulphurization process, since blast 
furnace iron is nominally saturated with this ele- 
ment while in the hearth, and because of the general 
importance of carbon in all iron and steelmaking 
operations. The broad significance of the function of 
carbon in desulphurization has long been recognized 
through the realization that sulphur removal is most 
effective under reducing conditions and that the 
carbon-oxygen reaction plays a dominant role in the 
oxygen control of the refining system. It is also 
known that carbon increases the activity of sulphur 
in iron.” 

In the other parts of this study the slag-metal sys- 
tem was contained in a graphite crucible and both 
phases were in equilibrium with carbon. The modi- 
fied crucible assembly required to study variations 
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Fig. 8—Effect of alloyed manganese on sulphur transfer with basic 
slags, 1500°C. 
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Table III. Rate Constants for Desulphurization as a Function of 
Manganese Concentrations 


K™Mn,, Conditions 


0.00018 Acid slag, 


1500°C 


Basic slag, 


in carbon content of the iron is shown in Fig. 11. 
The silica crucible (D) permitted the melting of iron 
of any desired carbon content, while the graphite 
ring (E) kept the slag in equilibrium with carbon 
(1.e., the same oxygen activity as in the graphite 
crucible), and the graphite sleeve (F) maintained 
the same atmosphere as in the remainder of the 
study. The original data for the acid slags are shown 
in Fig. 12 and for the basic slags in Fig. 13. The rate 
constants calculated from these data are listed in 
Table IV. It was assumed that the temperature co- 
efficient determined by Chang and Goldman’ for the 
carbon-saturated system could be applied over the 
entire range of carbon composition. Changes in the 
iron content of the slag were observed in association 
with the sulphur reaction. They were consistent 
with the proposed mechanism and the data will not 
be presented in detail. Thus, in addition to its nor- 


2.0 
| —— 1545 Slag 
15 
o 
° 
1.0 
1530 Slag 
5 
5.30 5.40 5.50 5.60 5.70 
+ x104 
T (SK) 


Fig. 9—Temperature dependence of rate constants for sulphur 
transfer with alloyed manganese, acid and basic slags. 
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Fig. 10—Molar relations between iron, manganese, and sulphur in 
acid slags, 1500°C. 
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Fig. 11—Schematic section of crucible assembly for low car- 
bon heats. 


mal function in relation to oxygen, alloy carbon has 
a direct influence in favor of desulphurization. 


Phosphorus, Copper, and Nickel 

Since varying amounts of phosphorus are nor- 
mally present in the blast furnace, its influence on 
the desulphurization reaction was examined for both 
acid slags and basic slags by making nominal alloy 
additions of 0.1 and 1 pet P. No significant varia- 
tions from the alloy-free runs were observed and 
the data will not be reported. 

Copper and nickel were also included in the study 
because they frequently enter the system as minor 
raw material impurities and because it has been 


suggested that copper may play an effective role in. 


desulphurization.* Nickel might influence the mech- 
anism due to its chemical similarity to iron. Runs 
were made in both acid and basic slags with up to 
1 pet of copper and nickel in the iron, but no signifi- 
cant departures from the behavior of alloy-free 
heats were observed. 


Aluminum 

Unlike the other elements studied, aluminum is 
not a normal component of blast furnace irons. It 
was included in the study as a means of testing the 
reaction mechanism, with the expectation that it 
should function like silicon, but more effectively, in 
favoring step 3 and maintaining a low oxygen activ- 
ity at the slag-metal interface. The alumina formed 
by this reaction would dissolve in the slag. The 
original data are shown in Fig. 14 for acid slags at 
1550°C and for basic slags at 1500°C. It is apparent 
that aluminum additions are unusually effective in 


Table IV. Rate Constants for Desulphurization as a Function of 
Carbon Concentration 


C, Pet Kom Conditions 
0.8 0.00071 Acid slag, 
2.4 0.00071 1640°C 
3.0 0.0016 
4.5 0.0022 
0.8 0.00068 Basic slag, 
4.5 0.0015 1520°C 
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Fig. 12—Effect of alloyed carbon on sulphur transfer with acid 
slags, 1635°C. 
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Fig. 13—Effect of alloyed carbon on sulphur transfer with basic 
slags, 1520°C. 
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Fig. 14—Effect of alloyed aluminum on sulphur transfer with acid 
slags at 1550°C, and basic slags at 1500°C. The 0 and 0.05 pet Al 
are acid slags and the 0.32 and 0.37 pct Al are basic slags. 


increasing the rate of desulphurization, and this will 
be considered in more detail in another section. 


Table VY. Reduction of Silica from Basic Slags in the Presence 
of Alloyed Aluminum 


Alin Iron, Pct Si in Iron, Pet 


Initial 


Final Initial Final 
G41 0.37 0.02* 
G62 0.32 0.12 0.02* 
59 — 0.74 0.02 0.15 
50 — 0.78 0.02 0.16 
* Nominal. 
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Other features associated with the addition of 
aluminum were observed. The increased rate of sul- 
phur transfer is accompanied by a high iron content 
of the slags, as shown in Fig. 15 for basic slags. Here 
the iron content of the slag during sulphur transfer 
is compared with that when no sulphur is present. 
In both cases nominal additions of 1 pct Al were 
made at the beginning of the run. Thus the iron in 
the slag is associated definitely with the sulphur 
transfer. In these runs the aluminum was effective 
in lowering the oxygen activity, as indicated by the 
reduction of silicon from the basic slag shown in 
Table V. Comparison with Table II will show that 
this reduction does not occur in the absence of 
aluminum. 

The data for iron in slag in the aluminum runs 
were more erratic than normal. This is attributed 
to sampling difficulties. It was observed that the 
iron beads in the slag which are commonly associ- 
ated with the sulphur reaction” * were much more 
profuse in the aluminum runs. The separation of 
metallic iron in the slag was thus more difficult and 
uncertain. These same beads, however, provided 
metallographic confirmation of step 3 of the reaction 
mechanism. Fig. 16 shows the beads adhering to a 
carbon monoxide gas bubble which was trapped in 
the slag during freezing at the end of arun. Fig. 17 
shows a micrograph of one of these trapped beads. 
The dendrites can be identified as pro-eutectoid 
austenite, proving that the beads were not mechani- 
cally entrained portions of the iron bath, which was 
carbon-saturated and could not exhibit this struc- 
ture. Thus, the beads were formed in the slag by 
reaction 3. 

General Conclusions 

The relative effectiveness of the various alloy ele- 
ments on the rate of sulphur transfer is observed by 
the comparison of the rate constants in Fig. 18 for 
acid slags and Fig. 19 for basic slags. Copper, nickel, 
and phosphorus have not been included, as they have 
no observable influence on the rate. Of the other ele- 
ments studied, carbon, silicon, manganese, and alu- 
minum all increase the rate of sulphur transfer 
from iron to carbon-saturated slag with increasing 
effectiveness in the order named. The supplemen- 
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Fig. 15—Iron in basic slag associated with sulphur transfer 
with alloyed aluminum, 1500°C. 
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Fig. 16—Section of trapped gas bubble in acid slag, showing iron 


beads associated with sulphur reaction. X5.5 
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Fig. 17—Micrograph of iron bead of type shown in Fig. 16, showing 
dendrites of primary austenite. Nital etch. X250. 
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Fig. 18—Comparison of the effect of alloying elements on 
rate constants for sulphur transfer with acid slags. 
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Fig. 19—Comparison of the effect of alloying elements on 
rate constants for sulphur transfer with basic slags. 


tary data allow interpretation of reasons for the 
influence of the individual elements in terms of the 
three-stage mechanism: 


IMU MS [la] 
+Rye = M eras) [3a] 


where R = C, Si, Al, Mn (?) and M = Fe, Mn, Si (7). 


On the basis of the observed relations between 
sulphur, iron, and manganese in the slag during the 
reaction, it seems clear that in the unalloyed system 
iron is the principal carrier of sulphur across the 
slag-metal interface in step 1. When manganese is 
present as an alloying element, it not only replaces 
iron as indicated in reaction la, but causes the over- 
all process to proceed more rapidly. Although the 
data approach the stoichiometric relations of FeS 
and MnS in the slag, the evidence does not establish 
the identity of these molecular entities, and the re- 
actions as written are only intended to indicate the 
type of metal-sulphur complex involved in the 
process. On the basis of chemical similarity, copper 
and nickel might have been expected to participate 
in the reaction in the same manner as manganese, 
but no evidence for this was obtained. 

The elements silicon and aluminum appear to act 
through reaction 3 by supplanting carbon in remov- 
ing oxygen from the system. Since the oxides of 
these elements are already present in the slag in 
large amounts, it would not be observed directly if 
they acted as sulphur carriers in step 1. In the case 
of aluminum, large amounts of iron are still ob- 
served in the slag, both chemically combined and as 
droplets. The participation of these elements in 
reaction 3 can be studied quantitatively through 
their influence on carbon monoxide evolution. This 
is in progress and will be the subject of a separate 
publication. 

The influence of the various alloying elements on 
the activity of sulphur in iron is known” and has 
been carefully considered in interpretation of the 
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data. The use of activities instead of concentrations 
does not alter the percentage variation of rate con- 
stants for a given alloy with composition. Neither 
does the consideration of sulphur activity account 
even qualitatively for the influence of the different 
alloy elements on the rate of sulphur transfer. For 
example, manganese decreases the sulphur activity 
but increases the rate of transfer. Other factors 
such as interfacial energies, viscosity, and diffusion 
therefore must be rate determining and additional 
study will be required to understand these processes. 
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Mechanism and Rate-Controlling Factors in The 


Dissolution of Gold in Cyanide Solution 


by V. Kudryk and H. H. Kellogg 


The factors which control the rate of dissolution of pure gold in 
cyanide solution were studied both directly and through measure- 
ment of the current-potential curves for the anodic and cathodic 
portions of the reaction. The mechanism of dissolution is probably 
electrochemical in nature, and the rate is determined by the rate of 
diffusion of dissolved oxygen or cyanide to the gold surface, de- 
pending on their relative concentrations. The significance of the 
results and the effects of impurities are considered. 


LTHOUGH the dissolution of gold in aerated 

cyanide solutions has been used as an industrial 
process for treatment of gold ores since the late 
nineteenth century, the factors which determine the 
rate of the reaction have never been identified unam- 
biguously. Studies of the rate of dissolution by 
Maclaurin,’ White,’ Christy,’ Beyers,‘ Thompson,’ 
and others are contradictory in their conclusions; 
some claiming that diffusion of the reactants to the 
gold surface controls the rate, and others that the 
chemical reaction is inherently slow and related to 
high activation energy for the reaction. Christy® and 
Thompson’ both suggest that the reaction is electro- 
chemical in nature and that the dissolution of gold 
proceeds at local anodic regions while the oxygen is 
reduced at cathodic regions on the gold surface. Al- 
though their studies are ingenious and do indicate 
an electrochemical reaction under the conditions of 
study, their experiments were of limited nature and 
failed to identify the rate-controlling process in the 
system. 

The importance from an industrial viewpoint of a 
knowledge of the mechanism and rate-controlling 
factors in gold dissolution can be illustrated as fol- 
lows: If the rate is controlled by a slow chemical 
reaction rather than by diffusion of the reactants, 
then an increased temperature should have a marked 
accelerating effect; agitation of the slurry should 
have no effect on rate; and increased concentration 
of reactants should cause acceleration of the rate. If 
the rate is controlled by the diffusion of one or the 
other of the reactants to the gold surface, then in- 
creased agitation should increase the rate; increased 
temperature will increase the rate, but not as much 
as for the case of a slow chemical reaction; increased 
concentration of the reactant which is diffusion lim- 
ited will increase the rate; and the concentration of 
other reactants should be without effect on the rate. 
It may be concluded that for design of a commercial 
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process for gold leaching, the rate-controlling fac- 
tors of the reaction should be understood so that an 
intelligent choice of the conditions of agitation, tem- 
perature, and reactant concentration may be made. 

The experiments described here lead to the unam- 
biguous conclusion that in a system of pure gold and 
a pure aerated cyanide solution the rate of dissolu- 
tion is controlled either by the rate of diffusion of 
dissolved oxygen or cyanide to the gold surface, 
depending on the relative concentrations of each. 
There is also ample, but not conclusive, evidence 
that the mechanism of the reaction is identical to 
that of electrochemical corrosion. The practical sig- 
nificance of these conclusions will be discussed later 
in the paper. 

Experimental 

The experimental method used in this work was 
to employ an electrolytic cell which performed the 
overall gold-dissolution reaction, and to study the 
anodic and cathodic reactions of this cell as to their 
nature and the rate-controlling factors. Simple ex- 
periments on the rate of dissolution and the potential 
of the dissolving specimen also were performed 
under conditions of agitation, temperature, and con- 
centration identical to those used in the electrode 
studies. Analysis of the electrode studies by well 
established theories of electrochemical corrosion 
were made, and the results were found to bear a 
one-to-one relation with actual rate and potential 
measurements. 

Electrode Studies: The Anodic Reaction: The gold 
specimen used for all of the electrode studies and 
the rate determination consisted of a sheet of 99.99+ 
pet Au wrapped around a lucite rod and sealed at 
the edges with plastic cement, thus forming a cylin- 
der of gold of known and constant area (8.0 sq cm). 
The lucite rod was threaded into a brass spindle 
which could be rotated at speeds of 100, 300, and 500 
rpm. For the electrode studies electrical contact 
between the gold cylinder and the brass spindle was 
made by means of a gold strip covered with plastic. 

The anodic dissolution of gold was studied by im- 
mersing the electrode in a solution containing known 
concentrations of KCN and KAu(CN), but free of 
oxygen, and by passing an anodic current through 
the gold electrode. The pH of the solution was main- 
tained between 10.5 to 11.0 in these and all other 
tests by addition of KOH. The pH was measured 
before and after each test by means of a glass-elec- 
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Fig. 1—Sketch of electrolytic cell. G—Gold electrode which can be 
rotated at 100 to 500 rpm. S—Mercury well to provide air-tight 
seal and electrical contact with rotating electrode. A—Auxiliary 
electrode for completion of the cell circuit. F—Sintered glass disk 
to prevent mixing of electrolyte in the two half-cells. M—Cali- 
brated galvanometer to measure current. |—Glass tube for filling 
cell and for admission of nitrogen. Tube can be raised above the 
liquid surface when desired. E—Gas outlet tube. B—KC1 salt 
bridge. C—Saturated calomel electrode. P—Potentiometer. 


trode pH meter. One-half percent of KCl was added 
to all solutions to achieve a greater electrolytic con- 
ductivity. The cell design and electrical measuring 
circuit are shown schematically in Fig. 1. An external 
source of electromotive force was used to generate 
the desired current, and this current was measured 
by a calibrated galvanometer. The potential of the 
gold electrode was measured with reference to a 
saturated calomel electrode by means of a potentio- 
meter. The entire cell was immersed in a water bath 
to control temperature to +1°C. 

The solutions were de-aerated by boiling and 
were immediately sucked into the nitrogen-filled 
cell. Thereafter a stream of purified nitrogen was 
passed over the surface of the solution during the 
course of the experiment. 

The relation between the gold potential and the 
anodic current was measured for a variety of condi- 
tions of temperature, concentration, and rate of rota- 
tion of the electrode. A typical set of anodic curves, 
showing the effect of the cyanide concentration, is 
given in Fig. 4. Anodic curves for other conditions 
of agitation and temperature are shown in Figs. 6 to 
9. The sign convention for all potentials reported in 
this paper is such that a copper-copper sulphate 
electrode is positive, and zinc-zinc sulphate is nega- 


Gold Solvtion 
Anod 8CN™ 
—> HAv (Cry) Fig, 2 Local corrosion 
Anode reaction: 4Au° 
+ 8CN- = 4Au(CN),- 
+ de. Cathode reac- 


342—JOURNAL OF METALS, MAY 1954 


tive; all potentials are reported relative to the satu- 
rated calomel electrode at 27°C. 

The stoichiometry of the anodic reaction was 
proven to be 


Au’ + 2CN- = Au(CN).” + e [1] 


by measurements of the amount of gold dissolved, 
with a silver coulometer in series to measure the 
amount of current passed. Duplicate tests proved 
that 1 gram-mol of gold is dissolved by the passage 
of 1 Faraday of electricity through the electrode 
within the precision of the analytical results (about 
+ 5 pet of the amount of gold dissolved). 

The Cathodic Reaction: The cathodic reaction was 
studied by using the gold electrode in an electrolyte 
free of cyanide but containing oxygen of a known 
partial pressure. These solutions also contained 0.5 
pet KCl and sufficient KOH to achieve a pH of 10.5 
to 11.0. A cathodic current was passed through the 
gold electrode, and the potential of the gold with 
respect to the saturated calomel electrode was meas- 
ured as a function of the current. The oxygen con- 
tent of the electrolyte was fixed by bubbling O.-N2 
mixtures of known composition and 1 atm pressure 
through the electrolyte for 1 hr before the test was 
made, and by passing the gas mixture over the sur- 
face of the electrolyte during the test. The con- 
sumption of O, by the electrode reaction during any 
one test was small enough so that the solution con- 
centration did not change appreciably. 

Current-potential measurements for the cathodic 
reaction were made for 11 pct O., air, 61 pet O., and 
99.5 pct O., and at various temperatures and rates of 
rotation. A typical set of cathodic curves, showing 
the effect of oxygen concentration, are given in Fig. 
5. Cathodic curves for other conditions of agitation 
and temperature are shown in Figs. 6 to 9. 

The cathodic reduction of O, at a metal surface 
may yield either peroxide or hydroxide as the prod- 
uct. In these experiments no peroxide was detected 
and the polarization curves show only one “wave” 
at about the height expected for reduction of O, to 
OH. For these and other reasons to be discussed 
later, it was concluded that the cathode reaction 
could be represented by 


O, + 2H,O + 4e = 40H. [2] 


At a mercury surface peroxide forms as an inter- 
mediate product, while at a platinum surface hy- 
droxide is the product.’ Recently Halpern and Deitz’ 
have shown that peroxide is the product when silver 
is dissolved in aerated cyanide. Bodleander* reported 
peroxide as an intermediate product in gold dissolu- 
tion. However, in these experiments with pure gold 
all indications point to hydroxide as the product of 
the cathodic reduction. 

Dissolution Tests: In the dissolution tests the gold 
specimen was identical to that used in the electrode 
measurements. The solution containing KCN, KCl, 
and KOH of the desired concentrations was satu- 
rated with the desired O:-N, mixture. The gold 
specimen then was placed in the solution and rotated 
at the desired speed for a measured length of time, 
while the gas mixture was passed over the surface 
of the solution. One liter of solution was used in 
each case and about 10 to 20 mg of gold dissolved. 
The gold content of the solutions was determined by 
the method recently reported by Schellinger,’® and in 
each case the entire solution, rather than an aliquot, 


was used. Duplicate dissolution tests checked within 
= 5 pet. 
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During the dissolution tests the potential of the 
gold specimen was measured relative to the satu- 
rated calomel electrode. The results of the dissolu- 
tion-rate experiments are given in Figs. 10, 11, and 
12, for various conditions of temperature, concentra- 
tion, and rate of agitation. The rate is expressed as 
milligrams of gold dissolved per square centimeter 
per hour. The results of the dissolution-potential 
measurements are given in Figs. 13, 14, and 15. 


Discussion of Results 

Theory of Electrochemical Corrosion: The gener- 
ally accepted theory of electrochemical corrosion” 
considers two adjacent areas of the corroding speci- 
men, one of which is cathodic and the other anodic 
(Fig. 2), which form a short-circuited electrolytic 
cell. The electromotive force of the cell can be ex- 
pressed as E, — E,, where E, is the potential of the 
cathode and E, is the potential of the anode. The 
current flow in the local cell will be given by 


where I is the current, Ry is the resistance of the 
short-circuited metal path, and R, is the resistance 
of the electrolytic path through the solution. 

E, and E, are functions of the current because of 
overvoltage and polarization. In particular, E. will 
became cathodically polarized (potential will be- 
come more negative or less positive under the “‘prac- 
tical” sign convention used in this paper), and E, 
will become anodically polarized. Fig. 3 shows, for a 
hypothetical case, how the values of E, and E, are 
polarized and approach each other in magnitude as 
the current is increased from zero. If one pictures 
the state of affairs the instant a corrosion cell is 
formed, the current in the cell is zero and the value 
of E, — E, is a maximum. The potential difference 
causes a current to flow, and as this current increases 
from zero, the driving force, E, — E,, decreases in 
magnitude due to the polarization effect. Eventually 
the decrease in driving force and the corresponding 
increase in potential drop, I (Ry, + Rs), will just 
balance and a steady-state current will result. The 
value of the steady-state current will depend on the 
magnitude of (R,, + Rs)—the smaller is the value of 
(Ry + Rs), the smaller will be the value of E, — E,, 
and the larger will be the steady-state current. The 
limiting case is reached where the value of (Ry + 
Rs) approaches zero, E, — E, approaches zero, and 
the current reaches the value given by point O on 
Fig. 3. The value of the current, Inax., at the inter- 
section point, O, is the theoretical maximum current 
which can flow in a spontaneous corrosion cell. Cur- 
rents higher than this theoretical maximum could 
onty be achieved by application of an external elec- 
tromotive force to the cell, because under these cir- 


Fig. 3—Current-poten- 
3s tial curves for a cor- 
rosion cell. 
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Fig. 4—Current-potential curves for gold anode. Constant condi- 
tions: 80°F (27°C); 300 rpm; 10 mg per liter of gold as Au(CN),"; 
for Figs. 4 to 9, pH is 10.5 to 11.0, KCl is 0.5 pct, and electrode 
area is 8.0 sq cm. 


cumstances E, is more negative than E, and the cell 
possesses a back electromotive force rather than a 
spontaneous electromotive force. 

In a real corrosion cell R,;, is the resistance of a 
short-circuited metal path, and its magnitude is 
almost negligible. Likewise, if the anodic and cath- 
odie areas of the specimen are close together and if 
the solution conductivity is high, Rs will be small 
but not negligible. In practice, therefore, the value 
of (Ry + Rs) will be small, E, — E, will be small, 
and the actual steady-state corrosion current will 
have a value close to that of Inax. but slightly lower, 
as indicated on Fig. 3 by I. 

The potential of the corroding specimen E, will be 
given approximately by the potential of the inter- 
section point O, since the current flowing in the cor- 
rosion cell has caused E, and E, to become very 
nearly equal. 

If the dissolution of gold in aerated cyanide solu- 
tions is of an electrochemical nature, then the actual 
rate of dissolution and actual potential of the dis- 
solving gold should correspond closely with the 
intersection point of the anodic and cathodic poten- 
tial curves. The actual dissolution rate should be 
slightly lower than the theoretical maximum rate 
because of finite resistance in the corrosion cell. 
Furthermore, from the shape of the anodic and cath- 
odic overvoltage curves, the nature of the rate- 
determining process may be determined. 

The Anodic Reaction: The anodic current-poten- 
tial curves, shown in Figs. 4 and 6 to 9, indicate 
typical diffusion waves. A maximum current is 
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reached. That the horizontal sections of these curves 
result from the maximum rate of diffusion of cya- 
nide to the gold electrode is established by the rea- 
sons which follow: 

1—The height of the wave at constant tempera- 
ture and revolutions per minute was found to be 
directly proportional to the concentration of cyanide 
in the solution (+ 10 pct). 

2—The height of the wave at constant cyanide 
concentration and constant temperature increases 
linearly with increased rate of rotation of the elec- 
trode in the range 100 to 500 rpm (see Fig. 16). A 
similar dependency of diffusion rate on the rate of 
rotation of a cylindrical specimen has been reported 
for other processes known to be diffusion-controlled.” 

3—The height of the wave at constant cyanide 
concentration and constant revolutions per minute 
increases about 2.5 pet per centigrade-degree rise 
in temperature. Such a temperature coefficient, 
which corresponds to an energy of activation of 3.5 
to 4.0 keal, is characteristic of a diffusion-controlled 
process. 

Application of Fick’s law for the steady-state dif- 
fusion of cyanide to the gold surface yields 


Dex 


Rex 


where R,yx is the rate of diffusion of (CN’) to the 
gold surface, mol per sq cm per sec; Dey, the diffu- 
sivity of cyanide ion, sq cm per sec; d, the thickness 
of the diffusion layer at the electrode surface, cm; 
(CN-), the molar concentration of cyanide in the 
bulk of the solution; and (CN )e, the molar concen- 
tration of cyanide at the electrode surface. 

Eq. 5 makes the assumption of a uniform bulk 
concentration of cyanide and a thin stagnant diffu- 
sion layer with constant concentration gradient at 
the electrode surface. These assumptions are com- 
monly applied to reaction systems, such as that 
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Fig. 5—Current-potential curves for reduction of oxygen at a gold 
cathode. Constant conditions: 80°F (27°C); 300 rpm. 
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Fig. 6—Anodic and cathodic current-potential curves for gold. 
Constant conditions: 80°F (27°C); 100 rpm; cathode curve is for 
air saturation, 21 pct O, at 1 atm pressure. 
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Fig. 7—Anodic and cathodic current-potential curves for gold. 
Constant conditions: same as Fig. 6, but 300 rpm. 


employed in this work, and are not found to be in 
serious error.” 

It may be further assumed that the amount of 
cyanide ion which reaches the anode surface by 
electrical migration is negligible, since in this work 
the concentration of K*, Cl, and OH are relatively 
large compared with the concentration of CN, 
hence the transport number of CN will be very 
small. If migration of cyanide is negligible, then 
Eq. 5 expresses the total rate at which cyanide 
reaches the anode surface. Since it requires two 
mols of cyanide ion to dissolve one mol of gold, the 
rate of dissolution of gold, Ru, will be given by 


2 2d 


The rate of dissolution of gold is also related to 
the current density by the Faraday law relation 


I 
nF 


= 


where R, is the rate of dissolution of gold, mol per 
sq cm per sec; I, the current density, amp per sq cm; 
F, Faraday constant, 96,500 coulomb per equiva- 
lent; and n = 1 = equivalents of charge per mol of 
gold dissolved. 

For the diffusion-limited case (the maximum 
height of the diffusion wave), (CN-)e is zero, and 
Eq. 6 reduces to 


2d F [8] 
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where I>, is the value of the current density at the 
horizontal portion of the diffusion wave. Eq. 8 
should be valid for those conditions where the rate 
of dissolution of gold is limited by the rate at which 
cyanide can diffuse to the gold surface. It predicts 
a direct dependence of the rate of gold dissolution 
on the concentration of cyanide, and on the diffu- 
sivity of cyanide. (The value of Dex should increase 
with an increase in temperature.) The rate of dis- 
solution of gold should be inversely proportional to 
the thickness of the diffusion layer at the gold sur- 
face, but because the value of d is inversely propor- 
tional to the rate of rotation, the overall effect is a 
direct proportionality between R, and the revolutions 
per minute of the electrode. 

The Cathodic Reaction: The reduction of oxygen 
at the gold electrode also shows a characteristic 
diffusion-limited wave (see Figs. 5 to 9). The proofs 
for the conclusion that the horizontal portions of the 
cathodic current-potential plots represent the maxi- 
mum rate of diffusion of oxygen to the gold surface 
follow: 

1—The height of the wave at constant tempera- 
ture and revolutions per minute was found to be 
directly proportional to the partial pressure of oxy- 
gen over the solution (and hence to the concentra- 
tion of dissolved oxygen) within the limits of 
accuracy of the method (+ 10 pct). 

2—At constant oxygen pressure and constant tem- 
perature the height of the wave increased linearly 
with increased revolutions per minute of the elec- 
trode in the range 100 to 500 rpm (see Fig. 16). 

3—At constant oxygen pressure and constant 
revolutions per minute the height of the wave in- 
creased about 2.5 pct per centigrade-degree rise in 
temperature (provided the decreased solubility of 
oxygen with increased temperature is taken into ac- 
count). It should be noted that the overall effect of 
temperature on the height of the cathodic wave is 
proportionally less than the effect on the anodic 
wave, because increased temperature decreases the 
solubility of oxygen in water (see Fig. 9). 

If a similar calculation, based on Fick’s law, is 
made for the cathode reaction, the result is 


Dos 
Ros = 


(O;)— (O,)e | [9] 


Since 1 mol of oxygen when reduced to hydroxyl 
will consume four electrons, it will oxidize 4 mols of 
gold. Thus 


4Do, 
Ra = 4Ro, = ca 
T T T T T T T 
3.0 4 
5 | 
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Fig. 8—Anodic and cathodic current-potential curves for gold. 
Constant conditions: same as for Fig. 6, but 500 rpm. 
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Fig. 9—Anodic and cathodic current-potential curves for gold. 
Constant conditions: 300 rpm; for anodic curves KCN is 0.01 pct; 
for cathodic curves the solution is saturated with air (21 pct O,) 
at 1 atm. 
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Fig. 10—Comparison of theoretical maximum and measured dissolu- 
tion rates of gold. Half-filled circle—Theoretical maximum rate. 
Open circle—Measured rate. Constant conditions: 80°F (27°C); 
solution saturated with air (21 pct O.) at 1 atm pressure. 


For the diffusion-limited case (O.)e is zero and Eq. 
10 reduces to 
4Do, (Oz) 


Q 


[11] 


In Eqs. 9 to 11 the new symbols have the following 
meaning: Ro, is the rate of diffusion of O. to gold 
surface, mol per sq sm per sec; Do., the diffusivity of 
O., sq cm per sec; (O.), the molar concentration of 
O. in the bulk solution; and (O,)e, the molar con- 
centration of O, at the electrode surface. 

Eq. 11 should be valid for those conditions where 
the rate of dissolution of gold is determined by the 
maximum rate of diffusion of oxygen to the gold 
surface. Just as for Eq. 8, it predicts a direct pro- 
portionality between R, and concentration of O., and 
R, and rate of rotation of the specimen. An increase 
in temperature will cause an increase in R,, but the 
effect is less marked than for Eq. 8 because increased 
temperature decreases (O.). 

Theoretical Maximum Dissolution Rate and Dis- 
solution Potential: As described earlier, the super- 
position of the anodic and cathodic current-potential 
curves and the determination of the point of inter- 
section of these curves should yield two quantities: 
the theoretical maximum dissolution-rate of gold 
and the potential of the dissolving gold specimen. 
These intersection points have been determined 
from the graphs and the theoretical maximum rates 
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have been converted from milliamperes to milli- 
grams per square centimeter per hour by use of 
Faraday’s law, and the known area of the electrode 
(8.0 sq cm). The theoretical maximum rates and 
potentials are plotted on the same graphs as the 
measured rates and potentials, Figs. 10 to 15. 

The agreement between theoretical rates and 
measured rates (Figs. 10 to 12) is remarkably good, 
and, as predicted, the actual rates are always lower 
than the theoretical. The difference is about 10 to 
15 pct in most cases. The agreement between the 
theoretical and measured potentials (Figs. 13 to 15) 
is even better than between the rates. The close 
agreement in magnitude and trend of these theoreti- 
cal quantities and the measured quantities leads to 
the conclusion that the dissolution of pure gold in 
aerated cyanide solutions is probably electrochemi- 
cal in nature. 

Rate-Controlling Factors: Fig. 10 shows the rate 
of dissolution of gold as a function of the concentra- 
tion of cyanide at constant temperature and oxygen 
pressure. These curves show the often-reported fact 
that above a limiting concentration (in this case 
0.0175 pet KCN) increased cyanide concentration 
has no further effect on increasing the rate of dis- 
solution. The current-potential graphs (Figs. 6 to 
8) from which the theoretical rates were determined 
offer a clear-cut explanation of this fact. Above 
0.0175 pet KCN, the intersection of the anodic and 
cathodic curves, for systems at 27°C and saturated 
with air (21 pct O.), occurs on the diffusion-limited 
wave of the cathodic reaction. Below 0.0175 pct 
KCN, the intersection occurs on the diffusion-limited 
wave of the anodic reaction. The rate of gold dis- 
solution is, therefore, controlled by the rate of dif- 
fusion of cyanide to the gold at concentrations lower 
than 0.0175 pet KCN, and by the rate of diffusion of 
oxygen to the gold at concentrations higher than 
0.0175 pet KCN. 

At the point of change-over from control by cya- 
nide diffusion to control by oxygen diffusion (0.0175 
pct KCN), both reactants should be diffusing at their 
maximum rates to the gold surface. Under these 
conditions, both Eqs. 8 and 11 should be valid, and 
simultaneous solution of these equations yields 


Dex (CN-) 


Eq. 12 may be tested against the measured data 
by substitution of the known concentrations of cya- 


=8- [12] 
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Fig. 11—Comparison of theoretical maximum and measured dissolu- 
tion rate of gold. Half-filled circlk—Theoretical maximum rate. 
Open circle—Measured rate. Constant conditions: 80°F (27°C); 
300 rpm. 
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Fig. 12—Comparison of theoretical maximum and measured rate of 
dissolution of gold. Half-filled circle—Theoretical maximum rate. 
Open circle—Measured rate. Constant conditions: 300 rpm; solution 
saturated with air (21 pct O,) at 1 atm pressure. 
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Fig. 13—Comparison of theoretical and measured dissolution po- 

tential of gold. Half-filled circle—Theoretical potential. Open circle 

—Measured potential. Constant conditions: 100 rpm; for Figs. 13 

to 15, the temperature was 80°F (27°C) and the solutions were 

saturated with air (21 pct O,) at 1 atm pressure. 


nide and oxygen at the condition of change-over 
from cyanide to oxygen diffusion control. 


(CN-) = 2.69x10~* mols per liter (0.0175 pet KCN) 
(O.) = 2.50x10~ mols per liter* 
Dox = sq em per sec} 


* Based on the reported solubility of oxygen in water! saturated 
with air at 1 atm pressure and 27°C. 

** Based on the measured diffusivity of oxygen in water at 20°C, 
and corrected to 27°C.14 

+ This is an estimated value for the diffusion coefficient of cya- 
nide, based on the similarity in properties of KCN with the potas- 
sium halides. The probable accuracy is (1.75 + 0.25) x 10-5 sq cm 
per sec, 


Substitution of these values in Eq. 12 yields 


1.75x10° (2.69x10°) 
2.2x10~ (2.50x10~) 


The very good agreement between the predicted 
ratio of 8.0 and the measured ratio of 8.5 is further 
proof of the proposed diffusion-controlled mecha- 
nism.t It should also be noted that Eq. 12 predicts 


= 8.5: 


i ¢ The uncertainty in the value of Doy will cause an uncertainty 
in the value of the measured ratio such that the proper value is 
8.5 + 1.2. However, the extreme limits of the measured ratio, 7.3 
and 9.7, are still considered to be in fair agreement with the theo- 
retical value of 8.0, and none of the conclusions based on this ratio 
are, invalidated. 


that: 1—The change-over from cyanide to oxygen 
diffusion control should be independent of stirring 
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rate, and this was found to be the case (Fig. 10). 
2—The change-over from cyanide to oxygen diffu- 
sion control should occur at higher cyanide concen- 
trations if the concentration of oxygen is increased, 
and this was also found to be true (Fig. 11). 3—The 
fact that an experimental value of the ratio close to 8 
was found, is confirmation that hydroxy] is the prod- 
uct of the cathodic reduction of O,. If peroxide were 
the product of reduction, the ratio should be 4. This 
can be seen most easily by comparison of the two 
possible overall reactions 


4Au(CN),.” + 40H” 


2Au(CN). + H,O,+20H. [14] 


It may be concluded, therefore, that peroxide is not 
an important product of reduction in the pure sys- 
tems studied. 

The effect of temperature on the dissolution rate is 
shown in Fig. 12 for two different cyanide concen- 
trations, at 0.5 pet KCN where oxygen diffusion 
limits the rate, and at 0.01 pet KCN where cyanide 
diffusion limits the rate. It should be noted that 
temperature increases the rate of dissolution less 
for the higher concentration of cyanide because of 


[13] 
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Fig. 14—Comparison of theoretical and measured dissolution po- 

tential of gold. Half-filled circle—Theoretical potential. Open circle 

—Measured potential. Constant conditions: same as Fig. 13, but 

300 rpm. 
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Fig. 15—Comparison of theoretical and measured dissolution po- 

tential of gold. Half-filled circle—Theoretical potential. Open circle 

—Measured potential. Constant conditions: same as Fig. 13, but 


500 rpm. 
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Fig. 16—Effect of revolutions per minute on diffusion-limiting cur- 
rent. Constant conditions: 80°F (27°C). 


the decreased solubility of oxygen. For the lower 
concentration of cyanide the effect of increased tem- 
perature on the rate is very nearly linear (except 
for one experimental point which may be in error), 
since the concentration of the rate-controlling reac- 
tant is unaffected. 

Industrial Significance: It is unlikely that the rate 
measurements reported herein can be of direct use 
in industrial design problems, since the method of 
agitation (rotation of a gold cylinder) is quite dif- 
ferent from that employed in cyanide plants. More- 
over, the systems studied were specially pure, while 
in practice both the gold and the cyanide solution 
generally contain numerous impurities. What this 
work does show is the optimum rates that can be 
achieved in a pure system, and as such it should 
serve as a yardstick against which to compare in- 
dustrial practice and the effect of impurities. 

The rates measured in this work are optimum 
in the sense that diffusion of the reactants, rather 
than a slow chemical reaction, was rate-controlling. 
For this kind of system the rate can be increased by 
providing for more rapid diffusion—by more effec- 
tive agitation, higher concentration of the diffusion- 
limited reactant, and by higher temperatures. When 
impurities are present, it is possible that either the 
anodic or cathodic reaction may be slowed up, either 
by the adsorption of an impurity which poisons the 
surface and results in a high activation-overvoltage 
for the process, or by precipitation of an insoluble 
film at the gold surface which acts as a diffusion 
barrier. A few preliminary tests have indicated that 
the presence of a trace of sulphide ion in the cyanide 
solution poisons the gold surface toward the cathodic 
reduction of oxygen but does not affect the anodic 
reaction. These conclusions are based on the fact 
that a trace of sulphide ion does not substantially 
change the anodic current-potential curve, but it 
markedly lowers the cathodic oxygen curve so that 
the intersection of the anodic and cathodic curves 
lies well below the value for the maximum diffusion 
of oxygen. In this case the rate-controlling factor is 
the inherent slowness of the cathodic reaction (due 
to the high activation energy for the reduction of 
oxygen at a sulphide-poisoned gold surface). The 
fact that sulphide ion has a detrimental effect on the 
rate of dissolution of gold has often been reported in 
the literature. 

The decelerating effect of lime at high pH values 
may also be traced to a side reaction. Preliminary 
tests with lime at a pH of 11 to 12 indicated the pre- 
cipitation of a whitish film on the gold surface and a 
marked lowering of the cathodic current-potential 
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curve. Halpern and Deitz’ found a similar precipi- 
tate in the silver-cyanide system and proved it to be 
calcium peroxide. The identity of the film was not 
established in this work, but despite its nature the 
deceleration of the rate by such a film results from 
the added barrier to diffusion. 

The tests on the effect of sulphide and lime on the 
dissolution of gold were preliminary in nature, but 
they serve to show how the electrochemical method 
of rate investigation can be used to study the effect 
of impurities in the system. 


Conclusions 

1—In a system of pure gold and reagent-grade 
cyanide solution, the rate of dissolution gold is con- 
trolled either by the rate of diffusion of oxygen or 
cyanide to the gold surface. For solutions in equi- 
librium with air (21 pct O,) at 27°C, the rate is con- 
trolled by the rate of oxygen diffusion if the cyanide 
concentration is above 0.0175 pct KCN, and by the 
rate of cyanide diffusion for concentrations below 
0.0175 pet KCN. 

2—The rate of dissolution of gold can be increased 
by the usual factors which increase diffusion rates: 
increased agitation, increased concentration of the 
diffusion-limited reactant, and increased tempera- 
ture. The effect of temperature is complicated by 
the fact that the solubility of oxygen decreases with 
increased temperature. 

3—The product of reduction of oxygen is hy- 
droxyl ion. Peroxide, if it forms at all, must be 
quickly reduced to hydroxyl. 

4—The dissolution of gold is probably electro- 
chemical in nature. The dissolution rate and disso- 


lution potential may be predicted within about 10 
pet from the intersection of the anodic and cathodic 
current-potential curves. The study of rates by 
means of current-potential curves is rapid, rela- 
tively simple, and affords a clear picture of the rate- 
controlling step. 
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Technical Note 


A Rationalization of the Oxygen Solid Solubility in Some Transition Metals 


by A. U. Seybolt and R. L. Fullman 


HE Hume-Rothery rule relating the relative sizes 

of the solvent and solute atoms in a substitutional 
solid solution for moderate to extensive solubility is, 
of course, well known and much used in the design 
of alloys. No such rule has been obtained for inter- 
stitial solid solutions, although a qualitatively similar 
relationship would be expected. Among the most 
common interstitial elements, oxygen, carbon, and 
nitrogen which can dissolve in important amounts 
in the transition metals, only in the case of oxygen 
is there enough solubility data available for an 
examination of the possibilities of a simple relation- 
ship between the extent of solubility and the prop- 
erties of the metal solvents. 

Three properties were examined: 1—size of the 
octahedral space V into which oxygen atoms fit, 2— 
the elastic modulus E, and 3—the free energy AF of 
formation of a low oxide, such as is known to be, 
or would be expected to be, in equilibrium with the 
terminal solid solution. 

The size factor or octahedral volume is so closely 
associated with the well known Hume-Rothery con- 


A. U. SEYBOLT, Member AIME, and R. L. FULLMAN, Junior 
Member AIME, are associated with the Metallurgy Research Dept., 
Research Laboratory, General Electric Co., Schenectady. 

TN 214E. Manuscript, Jan. 29, 1954. 


cept of size factor that additional development of 
this subject is hardly necessary. The octahedral vol- 
ume used was not corrected to an elevated tempera- 
ture, as this correction would have made no signif- 
icant difference. 

The second factor, Young’s modulus E, must be 
considered, since it is a measure of the strain energy 
required to force neighboring atoms apart so that 
an oxygen atom may enter the octahedral volume. 
The temperature dependence of the elastic modulus 
of many metals has been reported by Koster,’ but 
for a rather limited temperature range. Since the 


Table |. Values of E, V, and Solubilities 


“Maximum” Solid 


Octa- Young’s Solubility 


Modu- Para- Ref- 
olume, lus, meter Atomi 

Metal A3 Psix10-° E/V Wt Pct Pet 
aZy 8.25 0.525 10.5 40 

aTi 12.0 12.3 1.025 14.5 33.7 Z 
Ta 12.0 24.2 2.02 0.90 9.3 5 
Nb 12.0 19.8 1.65 1.0 Deo: 6 
V 9.3 16.4 1.764 1.03 3.2 7 
aFe 7.8 28.2 3.62 0.030 0.105 8 
BCo (FCC) 7.46 27.8 3.73 0.018 0.066 9 
Ni LeU! 29.5 4.05 0.013 0.048 10 
Mo 10.3 44.0 4.27 0.006 0.035 11 
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Fig. 1—Oxygen solu- 
bility vs parameter. 
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effect of temperature on the modulus cannot be 
ignored, it seemed necessary to choose a homologous 
temperature, such that T/T,, = 0.3, where T is the 
homologous temperature and T,, is the melting point. 
Young’s modulus for columbium and vanadium was 
estimated from shear modulus data furnished by 
Powers.” 

According to classical elasticity theory, the strain 
energy W produced by an infinitesimal volume ex- 
pansion A of a spherical cavity of volume V in a 
much larger elastic continuum is 


E 


Poisson’s ratio » does not vary greatly among the 
metals, and the volume expansion corresponding to 
addition of an oxygen atom presumably is nearly 
constant in all the solid solutions considered. Inser- 
tion of an oxygen atom in an interstitial site corres- 
ponds to a large distortion rather than an infinites- 


[1] 


imal one, so that Eq. 1 may be considerably in error. 
However, in the absence of a better criterion it was 
assumed that the strain energy per oxygen atom 
dissolved is proportional to the ratio E/V, with V 
equated to the volume of an octahedral interstitial 
space. 

After some experimentation with various arrange- 
ments of the three factors E, V, and AF, this last 
term was discarded as it appeared to add nothing to 
the correlation. Plotting the parameter E/V against 
the logarithm of the atomic percent, “maximum” 
oxygen solid solubility resulted in a more or less 
linear relationship. 

Regarding the maximum solid solubility, the high- 
est solubility reported in the literature was used, 
which ordinarily corresponded to a temperature in 
the neighborhood of 900° to 1100°C. However, in 
the case of molybdenum, the solubility given cor- 
responds to about 1600°C. In titanium and vana- 
dium, the reported oxygen solubility does not vary 
greatly with temperature. 

The data and the literature references are given 
in Table I, and Fig. 1 shows the results graphically. 

No attempt is made to justify this relationship on 
theoretical grounds other than reference to the simple 
qualitative ideas mentioned earlier. However, it 
seems reasonable to conclude that the two factors 
which constitute the solubility parameter are signif- 
icant in determining the extent of oxygen solid 
solubility. 
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Technical Note 


Primary and Secondary Recrystallization in Cold Rolled 


Bicrystals of Silicon Iron 


Dy 


HE present note, which was given in the form of 

a Research in Progress item,’ traces the origin 

of secondary recrystallization grains produced on 
annealing a cold rolled bicrystal specimen. 

The investigation began with the realization that 

a recently acquired conception for the origin of 

secondary grains produced on annealing cold rolled 

single-crystal specimens might require modifications 

for the case of polycrystalline materials. The stated 

conception” ® begins with several conditions to be 

met by primary recrystallization: 1—a primary re- 

crystallization structure to consist of many small 

primaries and relatively few large primaries (diam- 
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eters two or three times the average) ; 2—a primary 
recrystallization texture to consist of one strong pre- 
ferred orientation or component and one or more 
weak components; and 3—a primary recrystalliza- 
tion structure-texture combination with some of the 
large primaries belonging to the weak components 
of the texture. 

When these conditions occur, some of the large 
primaries from the weak components of the texture 
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Fig. 1—Microstructure showing two areas of cold rolled bicrystal 
after a 1 min anneal at 980°C. Fine grained regions belong to the 
B layer. M is a large A-layer primary; N is an unrecrystallized part 
of the A layer. 20 sec nital etch. X100. Area reduced approximately 
30 pct for reproduction. 


grow into secondaries producing a secondary recrys- 
tallization texture with components like one or more 
of the weak components of the primary recrystal- 
lization texture. 

The simplest polycrystalline specimen to consider 
is a bicrystal sheet specimen, preferably in the form 
of two layers. Such a bicrystal has a very large 
grain boundary and therefore the possibility of 
maximum interaction effect between the two layers 
during deformation and recrystallization. 

Layer bicrystals are the type being used in the 
present investigation. Specimens 1.3 mm thick were 
prepared directly in sheet form by controlled recrys- 
tallization in polycrystalline stock of the same thick- 
ness. The method employed the techniques of pro- 
ducing single-crystal specimens.* Two seed crystals 
of predetermined orientation were first prepared and 
made to grow adjacent to each other for a small 
distance, the grain boundary being perpendicular to 
the surface at this stage. Appropriate cuts were 
then made to promote the growth of one grain in 
the upper half of the sheet and growth of the other 
in the lower half. Further growth in a tempera- 
ture gradient furnace established the grain bound- 
ary parallel to the surface resulting in a two-layer 
bicrystal. Bicrystals of various lengths 2 to 4 cm 
wide of 3.25 pct Si were prepared in this manner. 
Certain conditions, of course, like those found for 
growing bicrystals from the melt,’ have to be met, 
otherwise one crystal will entirely displace the other. 

One such bicrystal was cold rolled to a reduction 
in thickness of 70 pet. Initial orientations were near 
(113) [332] and (111) [112] with a common <110> 
direction in the transverse direction. Rotation oc- 
curred about this common axis producing (001) 
[011] and (111) [112] cold rolled textures in the 
two layers, which were designated as A and B 
layers, respectively. 

Samples of the bicrystal were then annealed for 
various lengths of time at 980°C. The B layer recrys- 
tallized quickly to a fine grained structure, whereas 
the A layer recrystallized slowly to a coarse grained 
structure. Fig. 1 shows the microstructure after 1 
min at temperature; the B layer had completely re- 
crystallized but the A layer was just beginning to 
recrystallize. One large primary (M) may be seen 
in the latter region. A number of such large pri- 
maries in the unrecrystallized matrix (observed in 
the A surface of the sheet after etching lightly) were 
identified by position. The orientations of these pri- 
maries were also determined by X-ray methods. 

Upon further annealing the A layer recrystallized 
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completely and, during the same period, the B layer 
underwent partial secondary recrystallization (.e., 
large grains were observed growing in a matrix of 
small primaries in the etched surface of the B- 
layer). Some of these secondaries were adjacent to 
the earlier identified primaries produced in the A 
layer. They also had identical orientations with the 
A-layer primaries. Therefore, it can be concluded 
that large primaries in the A-layer part of the bi- 
crystal specimen grew through the thickness at the 
expense of fine grained primaries in the B layer to 
become secondaries in the B layer. The orientations 
of these grains are the same as those found for pri- 
mary recrystallization in a cold rolled single crystal 
with a (001) [011] texture (unpublished work). 
The A layer in another sample of the cold rolled 
bicrystal was removed by etching. Annealing then 
produced both primary and secondary recrystalliza- 
tion in the isolated B layer. The orientations of the 
secondaries now were different, they were the same 
as those found previously in a cold rolled single 


crystal with a (111) [112] texture.’ 

The orientations of secondaries obtained in the 
present bicrystal therefore represent new orienta- 
tions as far as the B-layer side is concerned. It is a 
result in agreement with the oriented nucleation 
point of view. 

The slow to recrystallize region (layer A) pro- 
duced the large primaries; this is in agreement with 
the observation of Rathenau and Custers’ that large 
primaries recrystallize late in polycrystalline nickel- 
iron. Gow recently made similar observations in 
regard to the origin of secondaries in extruded alu- 
minum.” On the other hand, early forming primaries 
were considered largely responsible for the large 
primaries produced in cold rolled single crystals of 
silicon iron.” 

Present results indicate the large primaries origi- 
nate in a (001) [011] cold rolled matrix. However, 


since the adjacent (111) [112] cold rolled matrix 
recrystallizes rapidly, some of these early forming 
primaries might be expected to grow across into the 
A layer. Substructure configurations in the A layer 
may play a role here, but the question is still under 
investigation. 

Other kinds of bicrystals are also being prepared. 
Thus a study will be made of interaction effects for 
two fine grained layers both tending to undergo 
secondary recrystallization or with one tending to 
undergo secondary recrystallization while the other 
tends to undergo normal grain growth. 

In a previous investigation? an unsuccessful at- 
tempt was made to show that a preselected large 
primary would grow into a secondary. By making 
the primary very much larger (larger than the two 
or three times average size of the fine grained ma- 
trix) a similar attempt has succeeded in the present 
investigation. This successful result therefore is 
offered as proof of the idea that a large primary can 
grow into a secondary. 
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Mechanical Properties of Beryllium Fabricated By 


Powder Metallurgy 


by W. W. Beaver and K. G. Wikle 


A general survey of the mechanical properties of commercially 
pure beryllium fabricated from powder by vacuum hot pressing and 
other consolidation methods is presented. The effect of fabrication 
method, grain size, strain rate, and directionality upon both room 
and elevated temperature tensile properties is reported. 


ERYLLIUM metal, in spite of its rather restricted 

use, has been the object of attention for many 
researchers in the past half century. However, such 
work was performed on special experimental lots 
of metal made in small quantities by a variety of 
reduction methods. Not until 1946 was there a sub- 
stantial production of beryllium metal, and not until 
1950 was there a steady production of a commer- 
cially standard beryllium in the United States. This 
output was both the result of a requirement of the 
Atomic Energy Commission for a high grade beryl- 
lium of consistent quality and the development of a 
powder metallurgy process, by the Brush Beryllium 
Co., known originally as Process Q, which yielded a 
fine grained beryllium suitable for fabrication. Be- 
cause this powder metallurgy prcduct, known as 
QMV, superceded other types of metal made pre- 
viously and represents the great majority of beryl- 
lium in use today, it seems worthwhile to present 
the results of studies on the mechanical properties 
of this metal as currently made. 

To the design engineer and the metallurgist, 
beryllium has extremely interesting properties. It 
is as light as magnesium alloys while having a stiff- 
ness modulus 40 pct greater than steel and a 
strength-weight ratio superior to titanium and alum- 
inum alloys and aircraft steels. The melting point is 
high, 1287°C (2348°F), and it has good corrosion 
resistance both in air and water. Also, it is highly 
transparent to X-rays and has good heat and elec- 
trical conductivity (electric conductivity is greater 
than 40 pet of Cu). To the atomic energy program 
beryllium is considered a valuable material because 
of its low neutron-capture cross section and high 
neutron-scattering cross section which make it a 
good moderator and reflector for the lower velocity 
neutrons. A major technical difficulty limiting the 
use of beryllium, especially in structural applica- 
tions, has been its notch sensitivity and consequent 
room temperature brittleness. 
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TRANSACTIONS AIME 


Table I. Mechanical Properties of Cast and Flake Beryllium 


Vacuum Cast 


Ultimate tensile strength, psi 20,000 
Elongation, pct 0 
Extruded 
and Annealed 
As Extruded 1 Hr at 800°C 
Long. Trans. Long. Trans. 
Extruded Flake (11:1 Reduction Ratio) 
Ultimate tensile 46,600 29,100 63,600 25,500 
strength, psi 
Elongation, pct 0:55 0.3 5.0 0.3 
Extruded Vacuum Cast (11:1 Reduction Ratio) 
Ultimate tensile 32,700 19,400 39,900 25,500 
strength, psi 
Elongation, pet 0.36 0.30 1.82 0.18 


Extruded and Annealed 


As Extruded 1 Hr at 800°C 


500 900 1208 500 900 1208 


Extruded Vacuum Cast (Extruded 500° to 1208°C 
at 11:1 Reduction Ratio) 
Ultimate tensile 73,200 51,200 51,300 51,600 45,100 50,200 
strength, psi 


Elongation, pct 0.31 1.45 3.76 3.35 2.47 3.8 


Kaufmann, Gordon, and Lillie’ have reported 
their work on the mechanical properties of beryl- 
lium performed from 1946 to 1950. They studied 
the room and elevated temperature properties of 
cast and extruded beryllium and extruded electro- 
lytic flake, Table I. Cast and extruded alloys of 85 
to 99 pet Be were tested also. 

They found that extruded metal developed good 
strength and appreciable ductility in the extrusion 
direction and that thermal treatment and alloying 
provided little improvement in mechanical proper- 
ties. They concluded that preferred orientation and 
fine grain size were the means of obtaining optimum 
tensile properties in beryllium. Other investigators 
have measured and commented on one of the most 
striking mechanical properties of beryllium, namely, 
its abnormally low Poisson’s ratio.” 

Udy, Shaw, and Boulger® presented the latest 
published survey on properties of beryllium but 
their information is based only on published data 
available before April 1949 and cites little informa- 
tion on metal fabricated by powder metallurgy 
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which now represents the bulk of commercial pro- 
duction. Hausner and Pinto‘ described their experi- 
mental studies of beryllium powder metallurgy and 
offered some basic information about the sintering 
process for beryllium but gave little attention to 
mechanical properties. 

A literature survey shows that little has been 
published on metal produced after 1950, especially 
concerning the mechanical properties of beryllium. 
Since practically all production of hot-pressed or 
powder-processed metal was performed after this 
date, little data has been presented in the nonclassi- 
ified literature. 


Powder Metallurgy Processing 

Process Q is a method wherein cast beryllium 
ingots are comminuted into powder which is then 
consolidated by hot pressing into fine grained billets 
of large size. The raw metal is made as pebble by 
the reduction of BeF, with magnesium. The result- 
ant beryllium pebble is vacuum melted and cast 
into ingots of a size suitable for powdering. A 
variety of beryllium shapes are prepared by low 
pressure (100 to 200 psi) hot pressing under vacuum 
at 1050° to 1100°C (process Q). This basic fabrica- 
tion method has been augmented by a number of 
other powder metallurgical techniques involving 
cold pressing and sintering, hot pressing at high 
pressure, hot molding processes singularly or in 
conjunction with extrusion, forging, rolling, etc. 
Such powder compacting, especially the low pres- 
sure hot pressing, is performed on large volumes of 
metal (up to 3 cu ft billet size) and is somewhat 
unique in the field of powder metallurgy from this 
standpoint. 

To answer the question why powder metallurgy 
techniques are considered necessary in producing 
the most fabricable type of beryllium, the following 
summary is offered. Primarily, cast beryllium is 
unsuitable as raw material for fabricating beryl- 
lium shapes because of the following reasons: 

1—Commercially pure beryllium is difficult to 
cast into sound ingots. 

It must be melted in vacua to protect the metal 
from oxidation, to lower the magnesium and BeF, 
contents by distillation, and to avoid porosity caused 
by gas evolution during solidification. 

Folds and cold shuts are sometimes prevalent in 
the casting. 

Graphite, although the most acceptable mold 
material, may promote carbide formation during 
pouring. 

In the commercially pure state, beryllium exhibits 
a narrow freezing range, and a large shrinkage pipe 
is difficult to avoid. 

Beryllium has a low specific gravity (1.85 grams 
per cc) and fluxes and other inclusions are sepa- 
rated out with difficulty by gravity. 

The metal is subject to thermal shock cracking, 
and damage during cooling is difficult to avoid. 

Beryllium has low strength near the solidus tem- 
perature and this hot shortness may cause cracking 
if shrinkage is restricted. 

2—Commercially pure beryllium castings have a 
large grain size. Such a grain structure makes the 
casting very fragile and difficult to fabricate by 
ordinary deformation processes, such as forging, 
rolling, etc. 

3—Beryllium castings have poor machineability,. 
The large grains contribute to very poorly machined 
surfaces while the fragile structure makes machin- 
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ing unreliable, especially if intricate shapes or thin 
sections must be made. Abrasive oxide and carbide 
inclusions, often large in castings, also shorten tool 
life considerably. 

4—Cast metal is generally unsuitable for struc- 
tural parts because of high porosity, poor mechani- 
cal properties, and large grain size. 

5—Fabrication of cast metal by mechanical work- 
ing imparts pronounced anisotropy to beryllium. 
The properties in the direction of deformation im- 
prove on working but those transverse to this direc- 
tion are poor. 

Processing beryllium by powder metallurgy has 
been found advantageous principally because it pro- 
vides randomization of the anisotropic structure 
and controlled fine grain size in the metal. The 
powder is produced commercially by simply grind- 
ing the massive cast metal down to the particle size 
desired. Minus 200 mesh powder has proved to be a 
suitable end point for comminution that can be 
accomplished economically, and provides on pressing 
and/or sintering a metal of satisfactory quality. 
Fine grain size is desirable for the following reasons: 

First, in the vacuum hot pressing process the 
powder is loaded into the pressing mold and falls 
into a nearly random grain orientation. The possi- 
bility of obtaining such grain randomness is en- 
hanced with fine powder. Consequent compaction 
at 1050°C at low speeds and low pressures does not 
seriously change the particle orientation, and the 
resultant vacuum sintered block then retains the 
random orientation in its grain structure. Thus, un- 
like mechanically deformed metal which has pro- 
nounced preferred orientation, hot-pressed beryl- 
lium, at least when pressed at low pressures and in 
a vacuum, is unique in having very isotropic physi- 
cal properties. 

With conventional hot pressing, because a gaseous 
atmosphere is present, higher pressures must be 
employed (up to 8000 psi is required at 1050°C) 
and greater compacting speeds are generally used. 
Thus metal may be plastically deformed and the 
compacts may become anisotropic in the direction 
of pressing. In sharp contrast, the vacuum hot press- 
ing technique using low compacting pressures and 
long compacting times is more truly a sintering 
process in which a minimum of gross metal defor- 
mation occurs. 

Since single crystals of beryllium are in the hex- 
agonal close-packed system and are highly aniso- 
tropic, powder metallurgy, vacuum hot pressing in 
particular, appears at present to be the principal 
method to impart isotropic properties to a poly- 
crystalline mass of beryllium metal. 

For structural use, both a fine grained metal and 
a material having identical properties in all direc- 
tions are of utmost importance. Fine grain size in 
the vacuum hot pressing process is obtained by 
starting with —200 mesh powder particles (150720 
microns average size) and maintaining this small 
size by sintering or hot pressing at temperatures 
low enough to avoid excessive grain growth. Be- 
cause of the normal oxide film on the beryllium 
powder, appreciable grain growth does not take 
place until about 1150° to 1200°C, when instantane- 
ous growth may occur through breakdown of the 
oxide barrier coating. Consequently, the particle 
size of the initial powder largely controls the grain 
size of the fabricated metal within specified tem- 
perature limits (1000° to 1150°C), time and metal 
purity being minor variables. 
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Second, in sharp contrast to producing random- 
ness as just cited, fine particle size (or grain size) 
can also aid in obtaining optimum mechanical prop- 
erties coupled, however, with the highest degree of 
preferred orientation. The best orientation for 
strength and ductility, according to Barrett,’ pro- 
vides an available basal slip plane which is located 
in such a manner that not only large loads are nec- 
essary to initiate slip on this plane but are also 
necessary for fracture on the basal or prismatic 
fracture planes. 

The best means of inducing alignment of basal 


planes along with the 1010 direction parallel to a 
given axis is by means of deformation processes 
carried out at high temperatures. Although cast 
material can be hot extruded and a high degree of 
preferred orientation is set up, hot extrusion of 
compacted beryllium powder produces a material 
of appreciably higher tensile strength and elonga- 
tion. Extruding a fine grained powder billet ap- 
parently results in a more uniformly and effectively 
hot worked rod with a higher degree of desirable 
alignment of slip planes. In addition, the gross 
fiber structure of rod extruded from powder com- 
pacts has smaller and more uniformly distributed 
inclusion stringers. Therefore, hot extruded rod 
made from powder billets generally exhibits a 
higher degree of preferred orientation, a finer grain 
structure, and finer and better dispersed included 
matter, all of which tend to give it the optimum 
combination of strength and ductility developed in 
fabricated beryllium. 

Hot pressing is a more desirable technique than 
the conventional cold press-sinter sequence for con- 
solidating beryllium because of certain inherent 
characteristics of the metal. Beryllium powder 
particles have a rather impervious oxide film up to 
825°C. This barrier to particle bonding must be 
disrupted for effective sintering to occur. Unlike 
iron, copper, etc., this layer cannot be removed by 
a reducing atmosphere such as H,. The best prac- 
tical means available is by relative particle move- 
ment in compacting which mechanically tears away 
the oxide film and provides contact of clean metal 
surfaces. Since it is difficult to compact beryllium 
powders to high densities at room temperature the 
powder fabricator turns to elevated temperatures 
where compacting pressures are lower and the film 
is less tenacious. 

In vacuum hot pressing at 1050°C, compaction 
and sintering are done simultaneously with very 
low pressure requirements (100 to 200 psi) so that 
large volumes can easily be pressed up to density 
and few die material problems exist. Thus, large 
production of high density sintered metal can be 
attained. 


Processing and Material Nomenclature 

In order to avoid repetition of definitions in the 
following sections, certain code designations have 
been used as well as a number of references to proc- 
esses which are used quite commonly but may re- 
quire explanation to those who are not familiar 
with the beryllium industry. 

In general, beryllium produced as powder by the 
Brush Beryllium Co. is designated as Q type. In the 
past, a number of different analyses of material 
have been made for powder metallurgical process- 
ing, although, since 1950, only the QMV material 
has been produced. The designations of the various 
types of material are as follows: 
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QT—Powder obtained from beryllium pebble 
which has been directly reduced with magnesium 
from beryllium fluoride without any special proc- 
essing to eliminate slag. 

QRM—Powder obtained from QT pebble which 
was remelted in beryllium fluoride and magnesium 
fluoride to obtain higher assay metal. 

QPT—Powder obtained from beryllium pebble 
produced by reduction of beryllium fluoride with 
magnesium in the presence of excess beryllium 
fluoride, usually under pressure. 

QMV—Powder made by casting QT pebble under 
vacuum into 50 lb ingots’ and attritioning chips 
machined from these ingots. 

Flake—When referred to in this report, flake is 
beryllium which has been produced by the electrol- 
ysis of a molten BeCl.—NaCl mixture usually in 
eutectic proportions. 

The various powder lots consisting of around 200 
to 350 lb are designated by the letter Y followed by 
the powder lot number. This lot is blended to speci- 
fication, and fabricated shapes from this material 
are identified by a fabrication Y number. In gen- 
eral, with proper handling to avoid contamination 
from metallic elements by contact and from non- 
metallics by exposure to air at elevated tempera- 
tures, the powder changes little in analysis during 
ordinary processing. In special techniques, such as 
air hot pressing or warm pressing, as well as some 
rolling and extrusion processes, the oxide and nitride 
content may be higher after fabrication than in the 
original powder. 

The general terms warm working and hot work- 
ing are used to refer to normal temperature ranges 
for fabricating beryllium. The range of warm proc- 
essing is considered to be from about 200°C (de- 
pendent on the type of metal), the transition tem- 
perature where beryllium undergoes a change from 
a brittle to a ductile fracture, up to about 750°C, the 
beginning of the recrystallization range. The range 
of hot deformation is from 750°C up to the temper- 
ature where the oxide film no longer presents an 
effective barrier to the grain growth forces, and 
instantaneous grain growth occurs. 

The hot mechanical working usually involves 
protecting from the atmosphere through encasing 
of the beryllium to be fabricated in iron, copper, or 
nickel jackets. Below 750°C, beryllium can be 
handled, especially in solid form, without appreci- 
able attack by the atmosphere. The fabrication des- 
ignations used in this report, following either the 
warm or hot fabrication methods, are as follows: 

AP—Attritioned powder. 

HP—Vacuum hot pressed (process “‘Q’’). 

AHP—Air hot pressed. 

CP—Cold pressed at room temperature. 

WP—Warm pressed; unless otherwise designated, 
processed at 400° to 450°C. 

WxX—Warm extruded, 400° to 450°C. 

HX—Hot extruded, unless otherwise designated, 
at 1000° to 1100°C. 


Testing Procedures 


Preliminary Consideration: After about six 
months’ production in 1950 of the QMV metal, 
which was found to be generally the most satisfac- 
tory and consistent grade of beryllium produced to 
date, it was decided to standardize on this material. 
Thus, a means of obtaining reliable test data for 
comparison with other metals, possible future grades 
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Fig. 1—0.150 in. diameter buttonhead tensile specimen. 


of beryllium, and for design information needed to 
be considered. 

Because of the notch sensitivity of beryllium and 
the quantitatively unknown factors of surface effects 
through processing, such as machining and working, 
etc., it was realized that a considerable amount of 
careful preparation was needed for setting up an 
adequate and reproducible testing procedure. This 
appeared especially important since beryllium met- 
al, which normally had been considered extremely 
brittle, demonstrated for the first time some ductil- 
ity as expressed by room temperature tensile elon- 
gation, provided this effect was not masked by 
poor preparation of the sample to be tested. 

The maintenance of a standard preparation pro- 
cedure to attain reproducible tests for beryllium, 
especially at room temperature and especially in the 
stronger and more ductile forms has been a large 
but a steadily diminishing problem. This repro- 
ducibility has been a problem toward which a large 
amount of effort in the recent past has been applied 
because beryllium could not be considered as a 
potential structural material, even though the base 
properties were satisfactory, if the reproducibility 
of the material was largely erratic. 

Setting Up for Standard Testing Procedures: A 
preliminary survey was taken to determine the 
following effects when testing beryllium under 
mechanically applied loads: 1—The effect of sample 
size. 2—The effect of sample preparation: machining 
procedures, final surface finish, heat treatment of 
sample, and location and method of application of 
gage markings. 3—Effect of sample location. 4— 
Effect of speed of testing. 

During the setup of the testing procedure and 
during the course of the investigation, a number of 
test bar designs and dimensions were evaluated, 
both at the Brush Beryllium Co. and at other sites. 
In addition, exchanges of samples of the same metal 
for testing by various procedures were carried out. 
Some of the comparison testing, bringing in the 
effects of sample size, method of preparation, loca- 
tion of sample, and variance in operation, was car- 
ried out at Case Institute of Technology and Massa- 
chusetts Institute of Technology. 

Sample Size: The small button-head tensile 
sample shown in Fig. 1, which was developed at 
Case Institute of Technology primarily for testing 
materials exhibiting low ductility and high notch 
sensitivity, was adopted and used in this work. This 
specimen was demonstrated to give reliable re- 
producible tensile testing results comparable to 
those from 0.505 and 0.250 in. diameter bars in spite 
of its small size. Since beryllium is a material of 
appreciable cost and since some experimental lots of 
beryllium are only available in small quantities, it 
is advantageous to keep the test bar size as small as 
possible. 
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Sample Preparation: The preparation of beryl- 
lium specimens for mechanical testing is very criti- 
cal. Poor and inconsistent values almost always can 
be traced to surface damage occurring in sample 
preparation (smearing, residual stressing, twinning, 
microcracking, etc.). 

Best machining is accomplished by using decreas- 
ing depths of cut until, during the finishing cuts, no 
more than 0.001 in. is removed in one pass. Sharp 
cemented carbide tools and slow cutting speeds are 
necessary to reduce heating of the specimen and 
surface damage. Removal of the damaged machined 
surface by mechanical lapping and by chemical or 
electrolytic polishing also has been found necessary 
as a precaution to assure trustworthy mechanical 
data. Although grinding with a freshly dressed 
wheel, especially if coolant is used, may be an ex- 
cellent finishing technique, the required equipment 
was not available for this work and it was neces- 
sary to turn samples on a small lathe. Such turning 
was done in light cuts at relatively low rates of feed. 

The final standardized preparation given to ten- 
sile test bars in this work was established as follows: 
turning down carefully to prefinish dimensions, 
preliminary longitudinal lapping through No. 1 
polishing cloth, annealing at 750°C for 20 min in 
air (not applied to work hardened metal unless an- 
nealing is specified), removal of the oxide coating 
by final lapping with 400A paper, removal of 0.0015 
to 0.002 in. on the diameter by a chemical polishing 
which gives a highly reflective etched surface, and 
applying gage marks for elongation measurement 
by coating with bluing, the marks made with an 
aluminum scribe which removes lines of bluing 
without scratching the beryllium. Only slight cut- 
ting into the metal seriously damages the surface 
and causes premature fracture to occur at the gage 
marks. 

Sample Location: Table II demonstrates the effect 
of sample location. The direction of sampling hot 
pressed blocks appears to be unimportant, since, 
within experimental error, all the tensile values are 
similar and thus the material appears isotropic as 
far as gross mechanical properties are concerned. 
Apparently the edge of a hot extruded rod is more 
severely hot worked and exhibits somewhat supe- 
rior tensile properties than the metal surrounding 
the neutral axis. 

Testing Speed: The effect of strain rate on the 
tensile properties of beryllium was surveyed to de- 
termine a suitable rate of loading. Strain rates of 
0.1 and 0.01 in. per min gave comparable and repro- 
ducible results. Consequently, the higher rate was 
adopted as standard in this work. 


Table Il. Effect of Sample Location on Tensile Properties 
of Vacuum Hot Pressed Beryllium 


Yield 
Ultimate Strength, 
Tensile 0.2 Pct 
Strength, Offset, Elon- 
Material Location Psi Psi gation, Pct 
Y-4540-HP x direction in 45,100 fs 
QMV pressed block 
y direction 46,100 33,600 3.0 
z direction 44,300 30,800 2.0 
Y-4479-HP x direction in 34,550 
QRM pressed block iol 
y direction 38,900 38,500 5 We | 
z direction 35,900 34,500 2.2 
Y-4431-HP x direction in 36,100 
QPT pressed block 
y direction 31,600 30,500 La 
z direction 36,400 29,500: Zee 
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Fig. 2—Schematic 
drawing of the con- 
centric tensile load- 
ing fixture setup for 
room temperature 
use. 


Tensile Testing Procedures: Room Temperature: 
The small 0.150 in. diameter buttén-head specimen 
was used for most of the tensile testing in this work 
both at room and elevated temperatures. The fix- 
tures used for pulling tensile bars at room tempera- 
ture are shown in Fig. 2. 

Because of the notch sensitivity of beryllium, 
every effort is made during tensile testing to mini- 
mize any bending movement on the specimen by 
controlling the concentricity of the loading. This 
has been realized by the fixtures shown in Fig. 2. 
Using these fixtures, the specimen axis, the 0.300 in. 
diameter section, and the inner flat surfaces of the 
button-head are aligned properly to maintain maxi- 
mum concentricity. 

Elevated Temperatures: To adapt the tensile test- 
ing unit to high temperature use and to provide 
room for the specimen-heating furnace, the guide 
rods in Fig. 2 were lengthened by adding bent guide 
rods as in Fig. 3. A second set of split loading 
members and split collars were added to lengthen 
the holders. Those actually in the furnace are made 
of a heat resisting Inconel-X. 

All samples were heated up to the testing tem- 
perature starting with a relatively cold furnace. No 
special atmosphere was used, and above 800°C 
oxidation, though not serious, was noticeable. Unless 
noted, all tests were run at the same strain rate as 
used in room temperature tensile testing, i.e., 0.1 in. 
per min. 

Other Tests: The design and dimensions of com- 
pression, torsion, shear, and impact test specimens 
are pictured in Fig. 4. These tests as well as dy- 
namic modulus tests were performed at Battelle 
Memorial Institute.’ 

To compare materials being mechanically tested, 
certain evaluation methods such as chemical anal- 
yses, particle size analysis, and metallography were 


Fig. 3—Concentric tensile loading jig setup for elevated tempera- 
ture use. Furnace not in place. 
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Fig. 4—Room temperature test specimen designs. 


performed. The chemical analyses of some of the 
materials tested are shown in Table III. These were 
performed by methods which have been developed 
and standardized simultaneously with the develop- 
ment of the powder processing methods.* 


Experimental Results 


The purpose of this investigation was to obtain 
information on the mechanical properties of com- 
mercially pure beryllium fabricated by powder 
metallurgy both to provide useful information for 
potential utilization and to secure data that should 
be helpful in fabricating beryllium metal. Thus, 
room temperature as well as elevated temperature 
properties were studied. The effect of many vari- 
ables, such as chemistry, powder particle size, 
compacting temperatures and pressures, degree of 
deformation, annealing temperatures, etc., were in- 
vestigated both to find their effect on mechanical 
properties and to guide fabrication processes toward 
optimum operating conditions. 

Room Temperature Properties: A general survey 
of room temperature properties of beryllium is 


Table Ill. Chemical Analyses of Beryllium Lots Considered in 
This Work 


Assay, BeO, Fe, Al, Mg, Ni, Cr, Si, BesC, 
Lot No. Pct Pet Pet Pet Pct Pct Pet Pct Pct 


ae — 0.74 0.14 0.05 0.006 0.03 0.01 0.05 — 

— 200 

Y-8693-AP — 0:85 013 0.06 0.04 0.01 — — 
—200M 

Y-8693-AP — 0.53 0.13 0.06 0.01 004 001 — — 
—100M 

Y-8694-AP — 0.11 0.04 0.01 0.05 0.01 — — 


Y-4540-HP 99.14 0.71 0.19 0.05 0.05 0.01 0.01 0.05 0.16 
Y-4804-HP 99.40 0.57 0.13 0.05 0.01 0.02 0.01 0.06 0.17 
oer ead 99.05 0.84 0.10 0.05 0.03 0.005 0.035 0.06 0.19 


Y-5478- 

HP-HX — 0.96 0.15 0.03 0.01 0.08 0.01 — _— 
Y-5486- 

HP-HX —_— 156 011 0.04 0.01 0.05 001 — = 


shown in Tables IV to VII. Typical values of mech- 
anical properties of hot pressed metal are given in 
Table IV at a testing rate of 0.1 in. per min. Al- 
though much higher elongation data have been 
found from time to time, the figures shown here are 
more typical as far as consistency is concerned. 
Some ranges in properties are given in Table V, 
while in Tables VI and VII typical properties are 
presented. 


Table IV. Mechanical Properties of Warm and Hot Pressed 
Beryllium Powder 


QPT QRM QMV 
Vacuum Hot Pressed Powder 

Ultimate tensile strength, psi 38,500 36,400 45,200 
Tensile yield (0.2 pct), psi 32,900 35,600 32,100 
Tensile elongation, pct 1.9 
Tensile modulus of elasticity, —_ 44.7x106 44.4x108 

psi at 20°C 
Temperature coefficient of modu- — —8,500 —7,700 

lus, psi per °C 
Compression yield (0.2 pct), psi 26,000 28,900 24,600 
Compression modulus, psi 44.3x108 44.3x106 44.2x106 
Poisson’s ratio 0.025 0.028 0.024 
Shear ultimate (torsion), psi — 31,300 38,900 
Shear ultimate (double shear), psi 40,600 40.400 36,800 
Shear yield (0.2 pet) (torsion), psi — 16,600 18,300 
Shear modulus (torsion), psi — 19.0x106 21.5x106 
Unnotched Charpy impact, ft-lb — — 0.8 
Tensile impact, ft-Ib 1.4 

At 565°C At 650°C At 750°C At 1100°C 
and 70 Tsi and50Tsi andi15Tsi and 1.5 Tsi 


Powder Pressed at Elevated Temperatures in Air 


Ultimate tensile 46,300 58,000 51,800 68,300 
strength, psi 
Elongation, pet 0.0 0.0 0.0 1.4 


Warm Pressed at 
450°C at 100 Tsi 
and Sintered at 1050°C 


Warm Pressed at 
450°C at 100 Tsi 


Warm Pressed Powder (—200 Mesh) 


Ultimate tensile 30,300 35,700 
strength, psi 
Elongation, pet 0.2 0.2 
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Table Y. Mechanical Properties of Warm Extruded Berryllium 


Powder 
Annealed Annealed 
As Extruded at 750°C at 850°C 
Warm Pressed Sintered and Extruded (4:1 Reduction Ratio) 
Ultimate tensile 110,00 101,300 92,500 
strength, psi 
Yield strength, 95,000 65,000 48,000 
0.2 pct offset 
Elongation, pct 1.0 8.8 11.2 


As Extruded 


Annealed at 750°C 


Vacuum Hot Pressed and Warm Extruded 
(5:1 Reduction Ratio) Longitudinal 


Ultimate tensile 
strength, psi 

Yield strength, 
0.2 pct offset 


84,000-98,000 
82,000-95,000 


60,000-90,000 
45,000-55,000 


Elongation, pct 0-1 2-7* 

Compressive yield 86,300 51,600 
(0.2 pct offset), psi 

Compression modulus, psi 43.9x106 42.6x108 

Poisson’s ratio 0.030 0.030 

Ultimate shear strength, 46,900 66,000 
(torsion), psi 

Shear yield strength 31,100 18,100 
(0.2 pct offset), psi 

Twist to failure, degrees 163 190 

Shear modulus, psi 20.0x106 19.4x10¢ 

Double shear strength, psi 61,000 62,100 


* Higher elongation at lower reduction ratios. 


Table VI. Mechanical Properties of Hot Extruded Beryllium Powder 


Vacuum Hot Pressed and Hot Extruded (12:1 Reduction Ratio) 


Longitudinal 
Ultimate tensile strength, psi 90,000 
Yield strength (0.2 pct offset), psi 45,000 
Elongation, pct 


Warm Pressed and Hot Extruded (12:1 Reduction Ratio) 
Annealed at 750°C 


Ultimate tensile strength, psi 81,800 
Yield strength (0.2 pct offset), psi 39,500 
Elongation, pct 5.8 
Modulus of elasticity, psi 41.4x108 
Compressive yield (0.2 pct offset), psi 38,000 
Compressive modulus, psi 41.8x108 
Poisson’s ratio 0.032 
Shear strength (torsion), psi 81,000 
Shear yield (torsion), psi 14,200 


Twist to failure, degrees 390 


Shear modulus, psi 21.0x108 
Double shear strength, psi 61,300 
Unnotched Charpy impact, ft-lb 4.1 
Tensile impact, ft-lb 4.5 


Table Vil. Properties of Beryllium Forged and Rolled from Powder 


Powder Rapidly Pressed at 1160°C Using Argon Atmosphere 


Ultimate tensile strength, psi 34,500 
Elongation, pet 
Transverse 
Parallel Vertical 
Longi- 0 to 
tudinal Rolling Rolling 
Vacuum Hot Pressed and Hot Rolled 
(60 Pct Reduction at 850° to 900°C) 
Ultimate tensile strength, psi 63,800 44,200 — 
Yield strength 41,000 36,000 _ 
(0.2 pct offset), psi 
Elongation, pct 1.8 
Compression modulus, psi 44.8x106 44,2x108 45.2x108 
Compression yield 36,600 35,450 41,900 
(0.2 pct offset), psi 
Unnotched Charpy, ft-lb 2-3 2-3 —_— 
Elevated Temperature Tensile Properties: Vac- 


uum Hot Pressed: To cover the elevated tensile 
properties of vacuum hot pressed material as com- 
pletely as possible especially in regard to consis- 
tency, three lots having wide differences in charac- 
teristics were investigated, Fig. 5. Although all three 
were processed similarly from standard powder and 
showed no great differences in chemical analysis, lot 
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Fig. 5—Elevated temperature tensile properties for three lots of 
vacuum hot pressed QMYV beryllium. 


Y-5422 had high room temperature strength, Y- 
4540 had intermediate strength, and Y-4804 was 
relatively weak. 

Another major variance was the extrudability at 
425°C. Hot pressed billet Y-4522 was extruded with 
excellent properties as well as good reproducibility, 
while Y-4540 yielded only about 25 pct good extru- 
sion product. As shown in Fig. 5, considerable vari- 
ation in ductility is found at the temperature of 
fabrication with Y-4522, the material that extruded 
well, showing a higher overall tensile elongation 
than Y-4540 which extruded poorly. It will also be 
noted that the difference in tensile strength of the 
three hot pressings diminishes until about 600°C 
is reached. At and above this temperature the ulti- 
mate strengths are the same. 

Vacuum Hot Pressed and Warm Extruded at 425° 
to 450°C: In Figs. 6 and 7 are plotted the elevated 
tensile properties of warm extruded beryllium. 
They show that annealing at 750°C lowers the ten- 
sile strength but improves ductility at least up to 
about 600°C. The rise in the strength of the an- 
nealed metal from room temperature to 150°C and 
the double hump in the elongation curve of the as- 
extruded metal at about 400° and 700°C is to be 
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Fig. 6—Elevated tensile properties of vacuum hot pressed QMV 
beryllium extruded 1 to 2 in. diameter at 425°C as extruded and 
annealed at 750°C, lot Y-4522. 


noted. Fig 7 compares the longitudinal and trans- 
verse properties of extruded and annealed rod re- 
duced 2.25:1 in area at 425°C. Considerable differ- 
ence in strength exists up to about 500°C where the 
effect of directionality becomes small. Transverse 
ductility is poor up to 300°C but at higher tempera- 
tures (600°C) may be considered comparable to that 
in the longitudinal direction. 

Hot Extruded Beryllium: The elevated tempera- 
ture tensile properties of beryllium extruded at 
1050°C using a 12:1 reduction ratio are shown in 
Fig. 8. Again as in the warm extruded material the 
strength in the transverse direction merges with 
that in the longitudinal direction at about 500°C. 
Transverse tensile ductility is less at lower tempera- 
tures but finally reaches values comparable to the 
longitudinal at higher temperatures. Y-5480 and 
Y-5486 are comparable extrusions while Y-5478 is 
a lower strength-larger grain size material. 

Effect of Several Variables on Tensile Properties: 
Grain Size: The grain size of powder metallurgy 
beryllium is quite easy to control by merely varying 
the comminution time to give the desired particle 
size. Consequent pressing or extrusion at elevated 
temperature, of course, must be controlled so that 
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serious grain growth does not occur, but this is not 


difficult, since little grain growth takes place below 


1150°C. In Fig. 9a is shown the effect of starting 
powder particle size (specific surface) on the room > 
temperature strength of vacuum hot pressed beryl- 
lium. Fig. 9b indicates the accompanying percent- 
age increase in average diameter from powder par- 
ticles to sintered metal grains at maximum process- 
ing temperature. Since the average diameter of the 
powder particles was measured by the Fisher Sub- 
Sieve Sizer and of the metal grains by a microscope, 
the indicated growth is probably even less than that 
shown. Fig. 9c shows the attendant increase in BeO 
with decreasing particle size and increasing sur- 
face area. Room temperature strength and BeO con- 
tent both increase with decreasing particle size. 

The effect of grain size on the elevated tensile 
properties of vacuum hot pressed metal and on hot 
extruded beryllium is shown in Figs. 10 and 11. 
Fine grain size is seen to improve tensile strength in 
both the hot pressed material and the hot extruded 
metal at lower temperatures. The finest grained 
metal, however, inverts from strongest to weakest 
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Fig. 7—Comparison of longitudinal and transverse tensile properties 
of extruded QMV beryllium at elevated temperatures. Vacuum hot 
pressed and extruded from 2% to 1¥2 in. diameter at 425°C; 
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Fig. 8—Comparison of longitudinal and transverse tensile properties 
of hot extruded QMV beryllium at elevated temperatures. 


material at 450° to 600°C. This is especially true for 
mechanically worked beryllium as the hot pressed 
material appears more erratic probably because of 
lesser intergranular strength. Tensile elongation in 
the hot extruded metal also shows this inversion 
from appreciable ductility in the finest grained 
metal at low temperatures to little ductility at high 
temperatures. In the hot pressed metal the effect of 
grain size becomes more erratic at temperatures 
above 600°C. 

Effect of Reduction Ratio: Figs. 12 and 13 show 
the effect of reduction ratio on the room temperature 
tensile properties of warm extruded and annealed 
beryllium and the elevated temperature tensile 
properties of hot extruded beryllium. Greater re- 
duction ratios are seen to improve the room tem- 
perature strength of warm extruded and annealed 
beryllium. Tensile elongation improves up to a 
2.25:1 ratio then decreases slowly. 

Increasing reduction ratio improves strength of 
hot extruded metal below 350°C and seems to lower 
it (possibly by refining the grain) above this tem- 
perature. Reduction in area at all temperatures is 
improved by increasing reduction ratios, although 
tensile elongation shows the same inversion at ele- 
vated temperature indicated above for strength 
with varying reduction ratios and, previously, for 
all properties with varying grain sizes. 
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Effect of Annealing on Warm Extruded Beryl- 
lium: Fig. 14 shows the effect of annealing for 20 
min at 750° to 1150°C. Strength of the warm ex- 
truded and strain hardened metal drops with an- 
nealing temperature while ductility peaks at 850°C 
and then slowly decreases. 

Effect of Location in Hot Extruded Bar: Table 
VIII shows that yield strength rises going from the 
front to the rear of the hot extruded rod. This shows 
the extrusion mechanical working effect, namely an 
extruded rod is hot worked less in the front and 
center and more in the back end and periphery. 

Effect of Strain Rate: Fig. 15 illustrates the effect 
of strain rate on the mechanical properties of vac- 
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Fig. 9a—Effect of starting powder particle size (specific surface) 
on tensile properties of vacuum hot pressed beryllium. 
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Fig. 9b—Percentage of growth (powder particle diameter to sin- 
tered metal grain diameter) in yacuum hot pressing beryllium pow- 
der of various particle sizes (specific surface). 
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Fig. 9c—BeO content of vacuum hot pressed beryllium compacted 
from powders of various particle sizes (specific surface). 
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Fig. 10—Effect of grain size on elevated temperature tensile prop- 
erties of vacuum hot pressed QMV beryllium, lot No. Y-8694. 


uum hot pressed beryllium at elevated tempera- 
tures. In general, it appears that the ultimate 
strength increases with strain rate for all tempera- 
tures much as it does at room temperature. The 
contraction and elongation, however, act quite dif- 
ferently; at 200° and 400°C the net change is not 
great, but at 600°C there is a substantial rise in 
ductility up to the maximum strain rate of 10 in. 
per min. 

The relations holding for hot pressed metal also 
appear to be valid for extruded beryllium (Fig. 16) 
although the elongation and contraction decrease 
with increasing strain rate at 200°C. Therefore, it 
seems that the 0.10 in. per min strain rate used in 
all other elevated temperature tensile property 


Table VIII. Variance in Yield Strength with Location of Test 
Specimen in Hot Extruded Beryllium Rod (28:1 Reduction Ratio), 
Psi x 10° 

Nose Position 1/3 Position 2/3 Position 
CP-HX 41.9 43.3 46.7 
WP-HX 40.4 42.5 44.4 
HP-HX 37.4 39.5 45.9 
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studies in this investigation yielded data not too 
different than that of the 0.01 and 1.00 in. per min 
strain rate at room temperature, 200° and 400°C. 
Data from the fast 10.00 in. per min and the 600°C 
temperature vary considerably from the standard 
0.10 in. per min rate. 

Relation of Yield and Ultimate Tensile at Ele- 
vated Temperature: In most of the work described, 
yield strengths were not taken at elevated tempera- 
ture. However, in a comparison of vacuum cast- 
hot extruded, hot pressed powder, as well as hot 
pressed-hot extruded and hot pressed-warm ex- 
truded materials, the complete tensile properties 
were determined at room temperature and 538°C 
(1000°F). The data indicate that the ultimate ten- 
sile strength drops about 30 to 35 pet when increas- 
ing temperature from room to 538°C for vacuum 
hot pressed metal and about 60 to 65 pct for ex- 
truded powder. The yield strength, however, drops 
only 20 to 50 pct in value, being about 23,000 to 
29,000 psi at 538°C regardless of the fabrication 
method. 

Dynamic Modulus at Elevated Temperature: The 
effect of elevated temperatures on the dynamic 
modulus of QRM and QMV beryllium is shown in 
Fig. 17. As would be expected, the moduli decrease 
at higher temperatures dropping about 6x10° psi in 
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Fig. 11—Effect of grain size on elevated tensile properties of hot 
extruded QMY beryllium. Grain size in average diameter. 
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Fig. 12—Effect of extrusion reduction ratio on tensile properties of 
QMY beryllium extruded at 425°C, lot No. Y-4522. 


770°C (1400°F). The 5 pct difference in the two 
types of metal may be explained by experimental 
precision or analytical variation. 


Discussion of Results 

Properties of Beryllium: The most striking fea- 
tures brought out in this study of beryllium fabri- 
cated by powder metallurgy are indicated below: 

1—Vacuum hot pressed beryllium powder ex- 
hibits nearly isotropic physical properties as a result 
of a highly randomized, fine grained structure. It 
has intermediate strength and: low but significant 
ductility at room temperature. Extrusion at 425° 
to 450°C or 1050° to 1100°C imparts much im- 
proved tensile strength and ductility in the extru- 
sion direction. In the transverse direction, how- 
ever, little of this improvement takes place. 

2—Upon heating above room temperature, vac- 
uum hot pressed beryllium rapidly improves in 
ductility as measured by the tensile test. At 400°C 
from 20 to 50 pct tensile elongation and 30 to 53 pct 
reduction in area was shown to be present. How- 
ever, this tensile ductility peaks at about 500°C and 
decreases at higher temperatures. 

3—Room temperature properties of beryllium are 
closely dependent upon the type and extent of fab- 
rication performed on the metal, see Fig. 18. The 
strongest material is the metal warm extruded at 
450°C, followed by powder hot extruded at 1050°C. 
Cast and extruded metal is a weak form of beryl- 
lium, being inferior even to vacuum hot pressed 
powder in strength at temperatures lower than 
350°C. Powder hot extruded at 1050°C shows the 
greatest room temperature ductility (12 to 20 pct), 
followed by hot pressed powder extruded at 
1050°C and by hot extruded flake. Material ex- 
truded at 450°C and annealed at 750° to 850°C ex- 
hibits somewhat lower room temperature ductility 
(8 to 12 pet), and vacuum hot pressed material 
shows a smaller but significant tensile elongation 
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(1.5 to 6 pct). All of these types of beryllium con- 
trast sharply with cast beryllium which exhibits no 
ductility whatsoever at room temperature. 

4—Elevated temperature tensile tests indicate 
that beryllium fabricated by powder metallurgy has 
a brittle to ductile transition temperature at about 
100° to 300°C and an equicohesive temperature at 
about 400° to 600°C where failure takes place in 
the grain boundaries. Both temperatures vary with 
type of material and fabrication process. 
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Fig. 13—Effect of reduction ratio on the elevated temperature 
tensile properties of hot extruded QMY beryllium. 
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5—Both the room and elevated temperature 
properties of beryllium are greatly influenced by 
grain size. By starting with powder of increasingly 
finer particle size, or by means of increasing the 
amount of hot deformation, the grain size of beryl- 
lium can be effectively refined. Fine grained metal 
exhibits higher room temperature strength and 
ductility but is weaker than a coarse grained mate- 
rial above the equicohesive temperature because of 
the greater area of surface where fracture occurs. 

6—Application of a high strain rate (10 in. per 
min) when tensile testing vacuum hot pressed 
beryllium at 600°C causes a substantial increase in 
strength and elongation. This may indicate a trans- 
ition from intercrystalline back to transcrystalline 
fracture at this temperature and strain rate, Fig. 19. 

7—Beryllium fabricated by powder metallurgy 
shows considerable elevated temperature strength, 
especially up to the equicohesive temperature. Even 
in the temperature range where failure occurs in 
the grain boundaries (400°C and above), substan- 
tial strength still remains. For instance, the tensile 
ultimate is 20,000 to 30,000 psi even at 600°C. 
However, tensile strength diminishes rapidly above 
this temperature. 

8—One difference between the data on cast mate- 
rial which have been reported by Kaufmann et al.’ 
and the data presented here is in the shape of the 
elongation and contraction curves above 600°C in 
which a second peak is noted at about 800°C for 
cast metal which has been hot extruded. The double 
peaks are not indicated at all in hot pressed metal; 
however, warm extruded and hot extruded metal 
made from powder also indicated these double 
peaks, although they were not as evident as in the 
earlier investigation.. Material which had been 
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Fig. 14—Effect of annealing temperature on tensile properties of 
warm extruded beryllium, 6.25:1 reduction ratio. 
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Fig. 15—Effect of strain rate on the elevated temperature tensile 
properties of yacuum hot pressed beryllium, lot Y-4522-HP. 


warm extruded and annealed did not show these 
double peaks, indicating that the increase in prop- 
erties of beryllium at high temperature might be 
caused by a precipitation reaction occurring below 
the recrystallization temperature. Lack of the sec- 
ond peak in hot pressed metal may be caused by a 
lesser consolidation of the powder or because more 
complete failure takes place at the grain boundary 
in this material at elevated temperatures than in the 
worked metal. Since Kaufmann et al.’ used a pro- 
tective atmosphere and since none was used in this 
work, this difference in testing environment may 
have caused slightly different results. 

9—Another difference between the results re- 
ported here and those of Kaufmann is in hot ex- 
truded properties at temperatures above 400°C. 
Extruded flake was shown to have rather good 
strength at lower temperatures but poor strength 
at higher temperatures. The high strength at 100° 
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Fig. 16—Effect of strain rate on the elevated temperature tensile 
properties of hot extruded beryllium, 12:1 reduction ratio, lot 
Y-4841-HP-HX. 


to 400°C (at least higher than hot pressed material) 
was believed to be due to the finer starting material 
(flake compared to casting). However, the low 
strength in the range of 500° to 700°C, where grain 
boundary failure takes place, may be attributed to 
poor surface cohesion in the flake, probably caused 
by residual slag on the surface, which is more com- 
mon in electrolytic flake than in vacuum cast metal 
or QMV powder. 
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Fig. 17—Temperature dependence of dynamic modulus of elasticity 
for sintered beryllium. 


Comparison of Beryllium with Other Materials at 
Elevated Temperatures: In evaluating pure beryl- 
lium as a potential structural material, it is inter- 
esting to compare its properties with other such 
metals and alloys in the range where beryllium ap- 
pears most interesting, namely, 500° to 1000°F. In 
this range of temperature a number of materials 
can be used, some of which are shown in Table IX. 
Beryllium is compared here with three other light 
metals, namely, magnesium," aluminum,” and tita- 
nium,” as well as stainless steel’ which, because of 
its high strength in relation to weight, may be con- 
sidered applicable for comparison, Fig. 20. In this 
group of materials, beryllium is the lightest, has the 
highest modulus and mechanical strength compar- 
able to titanium and annealed 316 stainless steel. 
On a strength-weight basis, beryllium shows the 
highest tensile values at all of the temperatures 
considered. 

Further studies of the elevated temperature prop- 
erties of beryllium fabricated by powder metal- 
lurgy in the range of 400° to 600°C should be made 
using longer time stress rupture and creep tests. 
Such properties are known for cast and extruded 
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Fig. 18—Comparison of elevated temperature tensile strengths 
exhibited by various types of beryllium. *Data from ref. 1. 
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Fig. 19—Tensile fractures of beryllium at elevated temperatures. 


metal. With this material a loading of about 
10,000 psi is allowable so as not to exceed an arbi- 
trary creep rate of 0.01 pct per hr at 500°C on the 
basis of 100 hr stress rupture data. However, since 
powder metallurgy beryllium was shown to be as 
much as 50 pct stronger than cast and extruded 
beryllium in the 400° to 600°C range in short time 
tensile tests, it is probable that the long time ele- 
vated temperature properties are also superior. 


The steep decline of the tensile strength vs tem- 
perature curve of commercially pure beryllium is 
considered undesirable (Fig. 20) for a high temper- 
ature material. There are indications, as yet unre- 
ported, that this may be corrected by small additions 
of other elements. 

Beryllium is of interest in the region up to 538°C 
(1000°F) in regard to its resistance to atmospheric 
attack as well as strength-weight characteristics. 


Table 1X. Comparison of Strength-to-Weight Tensile Properties of Several Materials with Beryllium 


Density Ultimate 
\ Modulus E Tensile Yield 
Lb per E, — Strength, Strength, Elonga- Tensile Yield 
Metal Temperature Cu In. 10° Psi D 108 Psi 103 Psi tion, Pct Strength/D Strength/D 
316 Stainless Steel Room temperature 0.286 26.0 91 85 34 60 297 119 
(annealed) 300°C (572°F) 67 48 234 
500°C (932°F) 59 44 206 
Commercially pure Room temperature 0.163 15.0 92 68 44 7 417 270 
titanium 300° 38 7 233 
500°C 32 10 196 
SAP—aluminum Room temperature 0.101 10:5* 104 36 28 6 356 277 
300°C 17 4 168 
500°C 10 3 99 
Mg-Ce-Th alloy-T6 Room temperature 0.0656 6.5% 99 33 21 13 503 320 
300°C 19 28 290 
QMV-beryllium Room temperature 0.0667 44.4 666 90 84 2 1350 1260 
warm extruded 300°C 70 27 1050 
(4:1 red. ratio) 500°C 44 22 660 


* Approximate. 
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Fig. 20—Comparison of elevated temperature strengths of QMV 
beryllium, stainless steel, titanium, magnesium alloy, and SAP 
aluminum. 


For instance, on 2 hr exposure tests at 550°C, beryl- 
lium has a weight gain of 5 micrograms per sq cm 
compared to 80 for titanium. At higher tempera- 
tures this differential increases. 


Summary 

A survey of the mechanical properties of beryl- 
lium fabricated by powder metallurgy and avail- 
able commercially at the present time has been 
made. The effect of various types of fabrication and 
of various metallurgical factors on the mechanical 
properties has been studied. The most comman form 
of beryllium fabricated by powder metallurgy, the 
vacuum hot pressed material, has low but signifi- 
cant ductility, intermediate strength, and generally 
isotropic mechanical properties. Extruded forms of 
beryllium have high room temperature strength, 
appreciable ductility (up to 20 pct elongation), but 
are highly anisotropic. 

Beryllium exhibits appreciable ductility in ten- 
sion at temperatures above room temperature and 
in torsion at all temperatures. Vacuum hot pressed 
beryllium powder as well as metal plastically de- 
formed at 400° to 450°C go through a brittle to 
ductile transition at a temperature of 100° to 200°C. 
The tensile ductility of beryllium increases up to a 
temperature of about 400°C. At about 400° to 
500°C a change from transcrystalline mode of fail- 
ure occurs (equicohesive temperature) and then 
tensile ductility as well as tensile strength rapidly 
falls off. 

The major variable affecting the mechanical 
properties of beryllium is grain size. Finer grain 
sizes give better tensile strengths and ductilities at 
lower temperatures, but on reaching the tempera- 
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ture where failure takes place at the grain bound- 
aries, fine grained metal with greater intergranular 
surface area shows less mechanical strength than 
coarse grained metal. Since beryllium acquires a 
high degree of preferred orientation in the plastic- 
ally deformed condition, the type and extent of 
fabrication also has a pronounced effect on the 
mechanical properties of the metal. 

Because of its improved ductility at temperatures 
of 300°C and above, beryllium fabrication opera- 
tions involving plastic deformations such as extru- 
sion, rolling, forging, swaging, etc. are best carried 
out from about 300° to 1100°C. Beryllium has a 
low density, a high modulus, a relatively high melt- 
ing point, and adequate strength at elevated tem- 
peratures, and thus may be considered in the com- 
mercially pure state for special high temperature 
applications up to 1000°F (538°C), the optimum 
range of properties being from 100° to 500°C. 
Should the character of the grain boundary be im- 
proved sufficiently to avoid intergranular failure 
at 400°C and above, the elevated temperature use of 
beryllium might be extended up to 800°C, where 
the limiting factor becomes atmospheric corrosion. 
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Mechanical Properties of Beryllium Copper At 


Subzero Temperatures 


by J. T. Richards and R. M. Brick 


Tests have been conducted to determine the mechanical proper- 
ties of several beryllium copper alloys down to liquid air tempera- 
tures. The materials investigated include beryllium copper, beryl- 
lium-cobalt-copper, and beryllium-zinc-copper in the wrought and 
cast conditions. As a means of evaluation, the influence of cold 
work and age hardening treatment upon subzero behavior has been 
observed. The effects of temperature upon both elastic and plastic 


deformation are also considered. 


HE low temperature mechanical properties of 

beryllium copper are of current interest in view 
of the increasing number of subzero applications. At 
extremely low temperatures, beryllium copper com- 
ponents are employed in temperature control and 
gas liquefaction equipment. At more moderate 
temperatures, such as those encountered in arctic 
regions, these alloys find use in a wide range of 
civilian and military applications. 

Although several previous subzero investigations 
have included beryllium copper,’ none have been 
complete with respect to test temperatures or ma- 
terials employed. As indicated in Table I, the alloys 
used by Colbeck and MacGillivray,’ Walle,* and 
Kostenets* were nonstandard and were not repre- 
sentative of present commercial practice. In addi- 
tion, Kostenets* did not test age hardened specimens, 
while the temperature in the other investigations” °“ 
were not carried below —100°F. These tests, however, 
indicate that beryllium copper offers interesting 
possibilities in subzero atmospheres, since the in- 
crease in strength with decreasing temperature is 
not accompanied by a reduction in ductility or im- 
pact resistance. 

As a means of checking and extending this earlier 
work at subzero temperatures, an investigation was 
undertaken at the University of Pennsylvania. In 
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addition to testing the standard 2 pct beryllium cop- 
per, other alloys were also considered in wrought 
and cast forms. Charpy impact and tension tests 
were included with particular emphasis on the elas- 
tic characteristics, since beryllium copper is fre- 
quently selected for its spring qualities. Nominal test 
temperatures were +80°, —75°, —200°, and —300°F. 


Test Materials 

Wrought beryllium copper, beryllium-cobalt-cop- 
per, and beryllium-zinc-copper specimens were ma- 
chined from 0.560 in. diameter rod. These alloys 
were tested in the solution treated, cold drawn, or 
age hardened conditions. In the case of solution 
treated beryllium copper, some specimens were aged 
(3 hr at 600°F) for maximum hardness and others 
were overaged (14% hr at 750°F) to determine the 
effect of heat treatment. The compositions and aver- 
age room temperature properties of these wrought 
alloys are presented in Table II. 

The casting alloy versions of beryllium copper 
and beryllium-cobalt-copper were prepared as sand- 
cast cylinders, roughly %4 in. diameter x 6 in. long. 
Test specimens were machined from these cylinders. 
Conditions tested included as cast as well as solution 
treated and age hardened. Table III lists compo- 
sitional and room temperature property data for the 
cast alloys. 


Test Methods 


Tension tests were conducted on specimens having 
a 0.25 in. diameter reduced section over a 1 in. gage 
length. To insure axiality, specimens were loaded 
by means of hardened chains. The yield strength at 
0.2 pct offset was obtained from autographically 
recorded stress-strain curves resulting from a spe- 
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Fig. 1—Solution treated (A) beryllium copper rod. 


cial extensometer of the microformer type. True 
stress-strain data were calculated from autograph- 
ically recorded stress-diameter curves. 

In the elastic modulus determinations, strain was 
followed by means of two oppositely mounted SR-4 
gages of the A-12 type. The circuits were balanced 
by placing a similar strain gage on a dummy speci- 
men of the material in the same temperature cham- 
ber; however, the room temperature gage factor was 
employed. A given specimen was then exposed to 
all four test temperatures. Care was exercised to 
insure that loading was within the elastic range. 

In the subzero tests, specimens were immersed in 
coolant held in an insulated container. Subzero tem- 
peratures were obtained with liquid air at —300°F 
and freon at —75° and —200°F. 

Charpy impact tests were made on standard bars 
having a keyhole notch. 


Test Results 

Mechanical properties at room and subzero tem- 
peratures for the alloys and conditions tested are 
presented in Figs. 1 to 7. Plotted points represent 
the averages for two tests in many cases, while up 
to six tests have been conducted in determining 
certain critical or questionable points. Generally, 
tensile strength, yield strength, and E-modulus in- 
crease with decreasing temperatures. The effect of 
temperature upon impact strength and ductility, as 
measured by elongation or reduction of area, is more 
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complex and is apparently a function of material 
condition. 

In the solution treated (A) condition, beryllium 
copper shows a marked drop in impact resistance 
and a moderate decrease in ductility with decreasing 
temperature, Fig. 1. This trend is surprising, since 
material in this condition consists entirely of face- 
centered cubic a phase. 

Upon aging, however, this trend is reversed, so 
that for solution treated beryllium copper, aged 
either for 3 hr at 600°F or 1% hr at 750°F, there is 
generally an increase in all mechanical properties 
with a decrease in temperature, Fig. 2. As expected, 
overaged specimens (1% hr at 750°F) show higher 
ductility, impact strength, and E-modulus with 
some reduction in tensile and yield strengths. Al- 
though overaged specimens contained moderate 
quantities of body-centered cubic y (sometimes 
referred to as ordered £6) phase as a result of more 
advanced precipitation, there was no evidence of 
embrittlement at any of the temperatures investi- 
gated. In fact, overaged material displayed a greater 
improvement in ductility and resistance to impact at 
low temperatures than specimens aged for maximum 
strength and hardness. 

In summarizing the effects of subzero atmospheres 
upon the mechanical properties of copper alloys, 
Smith* has called attention to the greater increase in 
ductility at low temperatures of cold worked ma- 
terial compared to annealed alloys. In the present 
study, a decrease in ductility and impact strength 
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Fig. 2—Solution treated and age hardened (AT) beryllium copper 
rod. 
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Table I. Summary of Previous Investigations of Subzero Mechanical Properties of Beryllium Copper 


Nominal Yield Strength, Psi Pro- 
Compo- Test Tensile portional Elonga- 
sition, Tempera- Strength, 0.2 Pet 0.1 Pct 0.01 Pct Limit, tion, 
Investigator Form Pct* Condition; ture, °F Psi Offset Offset Offset Psi Pet 
Colbeck and in. 2.56 Be A + 70 79,000 24,900 14,800 36.7 
illivray? i .034 Fe —112 86,800 29,100 22,600 37.5 
AT + 70 185,300 123,300 75,800 2.8 
(2 hr at 572°F) + 14 189,800 126,500 72,800 0.8 
— 40 189,200 118,300 60,100 0.4 
—112 202,000 147,300 80,700 0.4 
—184 198,000 138,700 80,700 0.4 
—292 214,200 155,300 108,000 3.0 
Walle? 0.078 in. 1.5 Be YW, H + 68 88,200 20.2 
diam wire — 94 98,700 22.0 
Y, HT + 68 154,300 2-2 
(160 min at 554°F — 94 168,700 2.9 
Gillett? 5, in. 2.02 Be A + 70 72,500 39,000 46.5 
diam rod 0.26 Ni — 42 75,000 44,500 46.5 
0.09 Fe 
Ye H + 70 113,000 111,000 11.0 
— 42 118,500 112,000 
% HT + 70 201,500 170,000 3.0 
(2 hr at 572°F) — 42 215,000 176,000 2.5 
Kostenets* in. 1.5 Be H + 63 92,400 20.0 
diam rod 0.10 Be —321 115,200 34.0 
—423 130,700 40.0 
Richards5.é 0.090 in. 1,83 Be % HT + 80 
diam wire 0.22 Co (2 hr at 600°F) + 10 
0.11 Fe — 50 
—100 
Stevens Institute? 0.062 in. 1.90 Be AT + 80 183,000 170,000 135,000 S35) 
thick strip 0.22 Co (30 min at 700°F) —100 191,000 168,000 147,000 5.0 
0.13 Fe 
HT + 80 189,000 154,000 118,000 3.0 
(20 min at 700°F) —100 194,000 170,000 146,000 3.2 
Y in. 1.84 Be AT +207 
sq bar 0.23 Co (30 min at 700°F) + 80 
0.13 Fe — 96 
% HT +207 
(20 min at 700°F) + 80 
— 96 


* Balance copper. 

7 A—solution treated. 
AT—solution treated and age hardened. 
Y, H—quarter hard. 
Y, HT—quarter hard and age hardened. 


H—half hard. 

¥% HT—half hard and age hardened. 
H—full hard (rolled). 

HT—4ull hard and age hardened. 


with decreasing temperature was observed for both 
solution treated (annealed) and cold worked speci- 
mens, see Fig. 4. It may be significant, however, 
that this diminution is considerably less in the case 
of cold worked (4% H) material. 


From a practical standpoint, it is of interest to 
note that there is a general improvement in all 
mechanical properties with decreasing temperatures 
for wrought beryllium copper, beryllium-zinc-cop- 
per, and beryllium-cobalt-copper in the age hard- 


Table Il. Wrought Test Materials. Average 


Room Temperature Properties 


Beryllium- Beryllium- 
Cobalt- Zinc- 
Beryllium Copper Copper Copper 
Nominal diameter, in. 0.560 0.560 
Cold drawn reduction of area, 
pet 0 33 
Average grain size, mm 0.025 0.035 i 0 os 
Composition, pct: 
Beryllium 1.85 1.86 
Cobalt 0.28 0.22 264 
Iron 0.12 0.13 0.13 0.07 
Silicon 0.14 0.07 0.11 0.12 
Aluminum 0.02 0.02 0.02 0.03 
Tin 0.01 0.01 0.01 0.13 
Nickel 0.02 0.01 0.03 0.02 
Lead 0.000 0.000 0.000 0.000 
Zine 0.00 0.00 0.00 0.86 
Copper Balance Balance Balance Balance 
Condition* A AT AT y 1 
treatment None 3 hr at 600°F 1% hr at 750°F N 2 0° ° 
one 2 hr at 600°F 2 hr at 900°F 5 hr at 650°F 
expansion, 10-6 
—100° to + 70°F 
— = 9.4 03 9.5 
Rockwell hardness B64 C39 C35 d 6 6 
Charpy keyhole notch 103 7 
Ultimate strength, psi 73,400 187,600 165,200 1 
Yield strength (03 pet 03,000 193,500 123,600 128,700 
offset) , psi 34,200 145,600 125,200 98,8 
E-modulus, 1,000,000 psi 16.27 17154 18.16 1642. 10-000 104,600 
Elongation in 1 in., pct 52 6 9 16 rz 13 18.06 
Reduction of area, pct 74 7 11 57 12 24 . 


* See dagger footnote, Table I. 
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Table |. Continued 


160 | 
mpac rength, 
Fatigue Ft-Lb is — Be-Cu ( 2 H) 
Reduc- Elastic Modulus, Strength 
tion 1,000,000 Psi at Izod Charpy a 140 
of Area, 20,000,000 Vv Oo 
Pct E G Cycles, Psi Notch Notch S 
50.5 17.1 41.0 5 
54.0 21.6 40.0 
57.0 21.7 40.0 Ww 
8.0 20.2 2.0 a 
9.0 19.8 Le 
ze 23.4 3.0 Ce 100 
: 22.7 3.0 
4.0 23.4 25 
6.0 20.6 3.0 
58.3 
68.7 
25.2 --- 
58.5 18.5 54.5 WwW 
59.0 18.5 68.0 oO 
42.5 20.0 46.5 RA (4 
41.5 20.0 51.0 3 a 
6.0 21.0 22 
Bee 21.0 4.5 ELONG 
62.0 
17.4 6.75 10 
17.7 6.80 0) 
18.5 30,000 ba 
19.5 33,000 
oO 
19.1 31,000 
19.1 45,000 a 
4.0 = = 
3.0 
5.4 E 20 6 
5.5 ° 
wo 
=} 
18 =) 
te - 185 -130 -75 -20 +40 a 
] ro) 
| | | 16 w 
-400 -300 -200 -100 10) +100 
TEMPERATURE °F 
200 YS 
° Fig. 4—Cold drawn (2 HT) beryllium copper and cold drawn and 
= age hardened (% HT) beryllium-zinc-copper rod. 
= = 
y '80 
uJ 
160 Table III. Cast Test Materials. Average Room Temperature 
15 Properties 
Beryllium Beryllium-Cobalt- 
= RA 410 = Copper Copper 
v0 
Composition, pct: 
a Beryllium 1.91 0.35 
ELONG Cobalt 0.61 
= a. Iron 0.37 0. 
— 2 Silicon 0.29 0.11 
Aluminum 0.08 0.02 
Tin 0.05 0.02 
Nickel 0.04 0.02 
0 Lead 0.000 0.000 
Zine 0.00 0.05 
o 10 Copper Balance Balance 
ey Condition Cast AT Cast AT 
. CHARPY Solution treatment None 3 hr at None 3 hr at 
- Precipitation harden- 1500°F 1700°F 
te ing treatment None 3 hr at None 3 hr at 
650°F 900°F 
Rockwell hardness = C39 B90 
< a Impact strength, ft-lb 
a fo} Charpy keyhole 
= °o notch 15 2 23 10 
= fo) Tensile properties 
20 9° Ultimate strength, 
fo} psi 88,900 166,200 60,600 89,300 
fo} Yield strength (0.2 
E We pet offset), psi 57,900 153,300 31,100 73,800 
=) Elongation in 1 in., 
= Tape pet 20 1.6 25 9.4 
r= Reduction of area, 
rs) pet 27 4.9 33 14.9 
= 
| | | | 16 w 
-400 -300 -200 - 100. +100 
TEMPERATURE °F Fig. 3—Cold drawn and age hardened (2 HT) beryllium copper rod. 
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Fig. 5—Cast, solution treated, and age hardened (AT) beryllium 
copper. 


ened condition, Figs. 2, 3, 4, 6. The reason for the 
behavior differences between unaged and age hard- 
ened material is not known. 

For the casting alloys, a drop in temperature 
causes the expected increase in strength and E-mod- 
ulus but exerts no marked effect upon ductility and 
impact resistance. The same trend applies for cast 
beryllium copper or beryllium-cobalt-copper in 
either the as-cast (Fig. 7) or solution treated and 
age hardened (Figs. 5 and 6) conditions. — 

As a means of evaluating some of the more funda- 
mental properties, true stress-strain values were 
obtained for solution treated (A) beryllium copper 
at various temperatures. These data are plotted in 
Fig. 8. 

A number of investigators have obtained a linear 
relationship that satisfies a power equation upon 
plotting true stress-strain data upon logarithmic 
coordinates. The two constants, k and n, of this 
equation not only completely describe the shape of 
the true stress-strain curve, but also serve as a 
rough index of relative formability. The n value or 
strain hardening exponent provides a measure of a 
material’s capacity for uniform deformation prior 
to'localized necking. The k value, also known as the 
modulus of plasticity, gives an indication of the 
magnitude of the forces required in forming and is 
equal to the true stress at unit strain. 

True stress-strain data at the highest (+77°F) 
and lowest (—301°F) temperatures have been log- 
arithmically plotted in Fig. 9, while several nominal 
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and true stress-strain properties are summarized in 
Table IV. Since a nonlinear relationship has been 
obtained, the strain hardening exponent is a func- 
tion of stress. In spite of this condition, the average 
slope* employed in calculating the strain hardening 


* Slope at maximum. load. 


exponents in Table IV probably gives a more accu- 
rate value than the strain at maximum load (indi- 
cated by arrows in Figs. 8 and 9), due to the diffi- 
culty in selecting a representative strain from the 
flat portion of the nominal curve. 

The true stress-strain properties given in Table IV 
for room temperature agree rather closely with 
earlier data® for beryllium copper, when proper al- 
lowance is made for grain size variations (0.025 to 
0.090 mm). The increase in the strain hardening 
exponent with decreasing temperature is in accord- 
ance with other work on copper materials.” 

Although the plastic characteristics of unaged 
beryllium copper are of interest in evaluating form- 
ability, the elastic properties are of greater impor- 
tance in considering age hardened material. Typical 
stress-strain curves illustrating the influence of test 
temperature upon the stress-strain relationship in 
the elastic region for cold drawn and aged (14% HT) 
rod are shown in Fig. 10. 

When these data are plotted on an enlarged scale, 
it is noted that‘a curvilinear relationship exists be- 
tween stress and strain. Within the elastic limit, 
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Fig. 6—Cold drawn and age hardened (2 HT) beryllium-cobalt- 
copper rod and cast, solution treated, and age hardened (AT) 
beryllium-cobalt-copper. 
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Fig. 7—Cast beryllium copper and cast beryllium-cobalt-copper. 


points representing loading and unloading fall on 
the same curved path instead of forming a hysteresis 
loop. Since permanent set does not accompany this 
nonlinear relationship (at least at low stresses), 
strain is apparently a function of time. This means 
that an increase in strain rate should cause a reduc- 
tion in curvature, so that eventually the stress- 
strain relationship at sufficiently high strain rates 
will approach a linear condition as a limit. To ob- 
tain the results observed in the present investiga- 
tion, it is necessary for both relaxation and re- 
coveryt to proceed at approximately the same rate. 


+ This refers to strain recovery (creep recovery, etc.) and is in 
no way connected with the low temperature annealing treatment 
for the removal of residual stresses. 


Table IV. True Stress-Strain Data for Solution Treated 
Beryllium Copper 


Test Temperature 


—301°F —200°F —76°F +77°F 
Nominal Stress-Strain Data: 
Ultimate tensile strength, psi 97,800 84,300 74,300 73,400 
Yield strength (0.2 pct offset), 
psi 57,200 45,500 38,400 34,200 
Elongation, pct 50.0 50.7 54.7 51.6 
True Stress-Strain Data: 
Modulus of plasticity, psi 245,000 211,000 184,000 176,000 
Strain hardening exponent 0.527 0.522 0.486 0.486 
True stress at ultimate load, 
psi 171,000 165,000 130,000 118,000 
Fracture stress 280,000 280,800 239,800 228,300 
Total strain (In Ao/Ayr) 1.166 1.371 1.384 1.315 
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Fig. 8—True stress-strain curves for solution treated (A) beryllium 
copper rod. Arrows indicate maximum loads. 


Curvature below the elastic limit is therefore due to 
anelastic rather than plastic behavior, as distin- 
guished by Lubahn.* 

As a means of studying this curvature, tangents 
were drawn to the curves of Fig. 10 at 20,000 psi 
stress increments. The slope of these tangents rep- 
resents the E-modulus at the point of tangency, and 
the resulting tangent moduli are plotted as func- 
tions of stress in Fig. 11. According to the usual 
definition, the proportional limit for the curves in 
Figs. 10 and 11 would be at zero stress, although the 
elastic limit (based upon 0.002 pct permanent set) 
is 101,800 psi, at least for specimens tested at +79°F. 

Fig. 11 indicates that the E-modulus at +79°F is 
not only substantially lower than at —301°F, but 
that the curvature or decrease in modulus with 
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Fig. 9—True stress-strain curves plotted logarithmically for solution 
treated (A) beryllium copper rod. Arrows indicate maximum loads. 
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Fig. 10—Nominal stress-strain curves for cold drawn and age 
hardened (1% HT) beryllium copper rod. 


stress is greater at room temperature. This is to be 
expected, since anelasticity generally increases with 
increasing temperature. 


Conclusions 

Tests have been conducted to determine the me- 
chanical properties of several beryllium copper al- 
loys at temperatures ranging from —301° to +79°F. 
The results agree in general with earlier investiga- 
tions indicating a general improvement in mechani- 
cal properties at low temperatures, except that an 
anomalous drop in ductility and impact strength has 
been observed for unaged specimens in subzero at- 
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Fig. 11—Variation of tangent E-modulus with stress for cold drawn 


and age hardened (2 HT) beryllium copper rod as derived from 
Fig. 10. 


580-—JOURNAL OF METALS, MAY 1954 


mospheres. This finding is of limited significance, 
because beryllium copper is generally employed in 
the age hardened condition. 

Since solution treated specimens exhibit greater 
uniform elongation or strain at the maximum load 
at low temperatures than at room temperature, it is 
probable that the reduced overall elongation in sub- 
zero atmospheres may be due to a decrease in neck- 
ing strain or local elongation. This assumption is 
corroborated by the reduction of area figures which 
show a decrease at low temperatures. Consequently, 
useful deformation, as required in forming, in- 
creases with a drop in temperature. 

The effect of subzero atmospheres upon the elastic 
behavior of beryllium copper has also been consid- 
ered. Although a decrease in temperature extends 
the elastic region, stress-strain relationships at all 
stresses and temperatures are nonlinear. The de- 
gree of curvature, however, decreases with a reduc- 
tion in temperature, while the E-modulus shows its 
usual temperature dependency. 
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Investigation of the Heat Treatment Of 


Commercial Titanium-Base Alloys 


by L. Luini and E. Lee 


An exploratory survey of the heat treatment response of com- 
mercial titanium alloys (Ti-150A, RC-130B, and MST 3AI-5Cr al- 
loys) shows a wide range of possible hardness and microstructural 
characteristics. The hardening is primarily dependent on the solid 
state transformation of the 6 phase. An age hardening reaction 
which apparently is associated with @ decomposition and precipita- 
tion has been shown. Brittleness and notch sensitivity appear to be 
characteristic of age hardening to high hardness. Ductility, tensile 
strengths, and elongations are given. 


NUMBER of commercially produced titanium- 

base alloys have been made available by the 
titanium metals industry. These alloys were devel- 
oped to combine the light weight of titanium with 
increased strength through alloy additions. Usually 
the properties of these alloys are reported for mate- 
rial in the hot rolled and annealed condition. Since 
the production of commercial titanium has preceded 
the investigation of titanium-base alloy systems, the 
potential of these alloys is not well known. Al- 
though heat treatability has been indicated for these 
alloys, data on the response to heat treatment are 
quite limited. 

The heat treatability of titanium is based on the 
allotropic transformation of the high temperature, 
body-centered cubic 8 structure to the low tempera- 
ture, hexagonal close-packed a structure at approx- 
imately 1625°F. This transformation in the pure 
metal is of little practical significance in heat treat- 
ment since the high temperature phase is not amen- 
able to controlled transformation. Alloy additions 
serve to alter the transformation kinetics and per- 
mit control of the transformation by heat treatment 
variables. 

The effects of different alloys on the allotropic 
transformation in titanium classify them in two 
general categories, a stabilizing and £ stabilizing 
elements. The a stabilizers, represented by alumi- 
num and oxygen, raise the temperature limits of the 
low temperature phase and introduce a two-phase 
a + 8 temperature range. The £ stabilizers, repre- 
sented by molybdenum and columbium, lower the 
equilibrium temperature of 8 and give rise to an 
extended temperature range where both a and B 
phases are stable. Another type of 6 stabilizer, rep- 
resented by iron, chromium, and manganese, intro- 
duces a eutectoid reaction. 

Some commercial titanium alloys belong to com- 
plex multiple element systems. Based upon the 
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Table |. Commercial Titanium-Base Alloys Investigated 


Cr, Fe, Al, Mn, O, C, N, Ww, 
Pet Pet Pct Pct Pct 


Grade Heat Pct Pct Pct 

MST-3A1-5Cr 22F17A2 5.74 3.37 0.46 0.063 
19F16A2 4.38 3.87 0.38 0.096 
2K47A2 4.48 0.32 3.16 0.54 0.076 

RC-130B B3083 — — 32 45 0.16 — 
B3132 — — 41 4.6 0.14 — 

Ti-150A 2.7 1.32 0.25 0.02 0.02 0.03 

(nominal 


composition) 


phase diagrams of the binary systems, the general 
effect of commercial compositions is to vary the 
stability of the high temperature phase and signifi- 
cantly alter its transformation characteristics. 
Therefore it is expected that the characteristics of 
alloyed titanium can be altered by heat treatment. 
The present investigation was undertaken to survey 
the variations in hardness, microstructure, and me- 
chanical properties as affected by heat treatment 
variables. 
Commercial Alloys Investigated 

The commercially available titanium-base alloys 
selected for this investigation and obtained as 34 in. 
diameter hot rolled and annealed bars are listed in 
Table I. 

The producer did not determine the chemical 
composition of the Ti-150A heats X1052 and L685. 
The early heats of Ti-150A, prefixed with the letter 
X, were melted with tungsten-tipped electrodes and 
cast in approximately 500 Ib ingots 12 in. in di- 
ameter. The heats prefixed with the letter L were 
melted under a revised melting practice yielding 
approximately 1300 lb ingots 16 in. in diameter. The 
final annealing treatment was at 1200° to 1250°F for 

The MST-3AI1-5Cr alloy was melted in an induc- 
tion furnace and cast in 7 in. diameter ingots. This 
practice produces high carbon material and some 
variation in the amount of carbides was found in 
different sections of the same bar. 

The RC-130B alloy was melted with a carbon arc. 
This alloy showed approximately 2 pct carbides. No 
large segregation effects were observed. 
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Fig. 1—Effect of solution temperature on hardness of Ti-150A 
(Ht. X1052). 


The mechanical properties as reported by the pro- 
ducers are listed in Table II. 


Experimental Procedure 

All of the hardness and microstructural data 
were obtained with individual specimens %4 in. in 
diameter and % in. long. Heat treating was accom- 
plished in a muffle furnace with a helium atmos- 
phere when temperatures exceeded 1100°F. Con- 
tamination of the specimens was not excessive and 
was confined to the surface. Following heat treat- 
ment, each specimen was sectioned longitudinally 
and the cut surface prepared for microscopy and 
hardness tests by hand grinding through successive- 
ly finer grades of papers to a 3/0 grade. The final 
operation consisted of polishing electrolytically in a 
solution of 12 ml perchloric acid, 70 ml butyl cello- 
solve, and 118 ml methyl alcohol. Of the several 
etchants tried, a solution of 2 pct hydrofluoric and 


a—As received. 


4 


d—1550°F and air cooled. 


e—1800°F and water quenched. 


10 pet nitric acids in water was found satisfactory. 
However, in etching the MST-3AI1-5Cr alloy only 
Kellers etch (1 pct hydrofluoric, 1.5 pct hydro- 
chloric, and 2.5 pet nitric acids in water) gave good 
results. 

The tensile specimens were pulled at a rate of 
approximately 500 Ib per min and _ stress-strain 
curves were obtained using a Templin Autographic 
Recorder. Fatigue testing was conducted on R. R. 
Moore rotating beam machines operating at 8000 
rpm. 

Effect of Solution Temperature 

Ti-150A Alloy: Variations in solution tempera- 
ture and cooling rate alter the hardness of Ti-150A, 
as shown in Fig. 1. Up to a temperature of 1300°F 


Table II. Mechanical Properties of Commercial Titanium-Base 
Alloys Investigated 


Ultimate 0.2 Pct Reduc- 
Tensile Yield Elonga- tion 
Strength, Strength, tion, in Area, 
Alloy Heat Psi Psi Pet Pet 
Ti-150A 1052 145,300 24 46 
Ti-150A L685 140,000 135,000 22 54.5 
MST-3A1-5Cr 22F17A2 180,500 174,500 7.8 13.1 
MST-3A1-5Cr 19F16A2 176,500 8.6 19.4 
MST-3A1-5Cr 2K47A2 175,000 169,000 14.8 
RC-130B B3083 142,200 136,600 19.1 
B3132 146,100 139,600 18.6 


hardening by quenching is not possible. With water 
quenching, the hardness increases with increasing 
solution temperature to a maximum of 481 VPH at 
1550°F. Above 1550°F the quenched hardness de- 
creases. With air cooling, a maximum hardness of 
365 VPH was found when cooled from 1450°F. As 
the solution temperature increases above 1450°F a 
faster cooling rate than that obtained by air cooling 
is necessary to effect full hardening. 

The as-received structure shown in Fig. 2 is typi- 
cal of this alloy. The fine grains elongated in the 


c—1550°F and water quenched. 


{ 


f—1800°F and air cooled. 


Fig. 2—Micrographs of Ti-150A (Ht. X1052) heated 2 hr at temperature. Kellers etch. X750. Area reduced approximately 60 pct for 


reproduction. 
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S| b—1500°F and water quenched. 
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Fig. 3—Effect of time and temperature on hardness of RC-130B 
(Ht. B3083) water quenched from temperature except as indicated. 


direction of rolling result from hot rolling in the 
two-phase temperature region. Solution and ag- 
glomeration of the a phase occur with increasing 
temperatures above approximately 1300°F. At 
1550°F the a grains are nearly equiaxed and con- 
stitute approximately 50 pct of the structure. Com- 
plete solution of the a phase occurs at 1800°F. 

It is apparent from Fig. 2 that the microstructural 
characteristics of the matrix (8 phase) are influ- 
enced by temperature and cooling rate. Air cooling 
from the solution temperature range results in 
transformation of the $8 phase, while quenching 
from temperatures up to 1500°F appears to retain 
the 8 phase. On quenching from temperatures above 
1550°F, the acicular nature of the transformed £B 
phase becomes more pronounced and more respon- 
sive to the etching action. 


The hardening response of this alloy is apparently 
due to a martensitic type of transformation of the B 
phase during rapid cooling. However, the harden- 
ing mechanism is not clear, since the hardening 
obtained by quenching from temperatures up to 
1500°F appears to be associated with retained £. 
Evidence of a martensitic shear transformation for 
titanium has been reported.” Presumably the varia- 
tion in appearance of the transformed £6 solution 
treated at different temperatures is related to the 
alloy content of the 8 phase. The alloy concentra- 
tion decreases as the quantity of the 6 phase in- 
creases. In this material the 8 stabilizing alloying 
elements, chromium and iron, are partitioned essen- 
tially in the B phase. 

RC-130B Alloy: Increasing the solution tempera- 
ture to 1650°F has no appreciable effect on the 
water quenched hardness of the RC-130B alloy as 
indicated in Fig. 3. However, a small degree of 
hardening occurred on air cooling from 1550°F and 
gave a maximum hardness of 360 VPH. A sharp 
increase in the quenched hardness was observed 
with solution temperatures in the range of 1650° 
to 1700°F. Increasing time at temperature in this 
temperature range increased the quenched hard- 
ness. The maximum quenched hardness occurred 
with a solution temperature of 1700°F and above. 

The a phase agglomerates and transforms to 6 as 
a function of increasing temperature and increasing 
time at temperature, Fig. 4. Below 1500°F the a 
phase predominates and constitutes the continuous 
phase, while at 1550°F and above the converse was 
observed. The £ phase is retained by water quench- 
ing from temperatures up to 1500°F. Short holding 
times at 1550° to 1650°F result in retained 6 after 
quenching, whereas longer holding times condition 
the 8 for transformation during quenching. 

The 6 phase formed at temperatures above 
1650°F transforms during quenching to a fine aci- 
cular product of high hardness. At a slower cooling 


for 2 hr and air cooled. 


hs e—1650°F for 6 hr and water quenched. f—1700°F for 2 hr and air cooled. 


Fig. 4—Micrographs of RC-130B (Ht. B3083) after various treatments. Kellers etch. X750. Area reduced approximately 60 pct for repro- 


duction. 
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b—1500°F for 2 hr and air cooled 
av: c—1550°F 
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Fig. 5—Effect of 2 hr at temperature on hardness of water 
quenched, oil quenched, and air cooled samples of MST-3AI-5Cr 
(Ht. 22F17A2). 


a—1200°F and water quenched. 


d—1650°F and water quenched. 


e—1750°F and water quenched. 


on hardness of specimens solution treated in the 
temperature range of 1550° to 1800°F. The faster 
cooling rates yield lower hardness. 

A three-phase structure (a-8-TiCr.) was ob- 
served in the temperature range of about 1200° to 
1300°F, Fig. 6. As the solution temperature in- 
creased, the a phase coarsened and the 6 phase in- 
creased in amount until at 1750°F the structure con- 
sisted of @ and carbides. A small network or vein- 
ing found in specimens quenched from 1650° to 
1700°F appeared to be associated, with rejection of 
impurities. This veining may be similar to that 
found in Ti-Mo alloys where its appearance pre- 
ceded the normal precipitation of a from an all-8 
structure.’ 

The soft @ phase was retained by quenching. On 
air cooling from the temperature range of 1550° 
to 1800°F, the 6 phase exhibited transformation, 
Fig. 6. The transformation product, a fine acicular 
structure, accounts for the hardening noted after air 
cooling from this temperature range. 


Z 


f—1800°F and air cooled. 


Fig. 6—Microstructures of MST-3AI-5Cr (Ht. 22F17A2) heated 2 hr at temperature. Kellers etch. X750. Area reduced approximately 60 


pct for reproduction. 


rate (as represented by air cooling small speci- 
mens) the 6 phase is retained when air cooled from 
temperatures up to 1500°F and is transformed to an 
acicular product when air cooled from higher tem- 
peratures, Fig. 4. The structure of the transformed 
8 becomes coarser and softer the higher the solution 
temperature and the slower the cooling rate. 
MST-3A1-5Cr Alloy: Water quenching from vari- 
ous solution temperatures was found to result in a 
hardness decrease as the temperature increased 
above 1400°F. Oil quenching from temperatures 
above 1600°F yielded some hardening, while air 
cooling from the temperature range of 1550° to 
1800°F showed maximum hardening to nominally 
402 VPH, Fig. 5. Cooling rate has a profound effect 
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Fig. 7—Hardenability of Ti-150A (Ht. L697) end quenched from 
indicated temperatures. One inch diameter bar. 
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Fig. 8—Micrographs of Ti-150A (Ht. L697) at various distances from the quenched end of a bar end quenched after 2 hr at 1800°F. 
Kellers etch. X750. Area reduced approximately 60 pct for reproduction. 


Hardenability 
End quenched tests were conducted on the alloys 
and the results together with microstructures at sev- 
eral distances from the quenched end are illustrat- 


60 
95 
£5) 
x 1550°F 
= 30 
20 


| 2 3 45678908 2 4 6820 2432 
Distance from Water Cooled End - I/I6 Inch 


Fig. 9—Hardness of 34 in. end quenched bars of RC-130B (Ht. 
B3083) end quenched after 2 hr at 1550° and 1750°F. 


ed in Figs. 7 to 11. The dependence of hardness on 
the cooling rate and transformation of the B phase is 
shown. Comparison of the hardness curves shows 
two types: one shows a continuous drop in hardness 
along with decreasing cooling rate, and the other 
shows an initial increase in hardness preceding the 
decline in hardness. The former is associated with 
the higher solution temperatures, while the latter is 
associated with low solution temperatures. These 


data indicate that hardening as a function of the 
cooling rate is dependent largely on the solution 
temperature, which controls the alloy concentra- 
tion, and the amount of the 8 phase. 

In the end quenched bars showing an initial 
hardening followed by a softening as the cooling 
rate decreased, the microstructures generally show 


a—1/16 in. from end of bar. 


b—5/32 in. from end of bar. 


light etching structures near the quenched end. At 
the point of maximum hardness, structures dis- 
tinctly different from the basket-weave structure 
formed at the slower cooling rates were observed, 
Fig. 11. Presumably this results from various 
amounts of retained 8 with fast cooling rates and 
transformed 8 with slower cooling rates. As water 
quenching suppresses the hardness of only the MST- 
38Al-5Cr alloy at high solution temperatures, the 
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Fig. 10—Hardness of 34 in. end quenched bar of MST-3AI-5Cr 
(Ht. 22F17A2) end quenched after 2 hr at 1500°, 1600°, and 
1750°F. 


transformation of this alloy appears slow compared 
to RC-130B and Ti-150A. 


Quench Aging Response 


An age hardening response was found to occur 
during reheating of specimens water quenched from 
a particular temperature range for each alloy to re- 
tain the 8 phase. The response to age hardening at 
the various reheating temperatures was found to be 
dependent to a large degree on the initial quench- 


c—1%% in. from end of bar. 


Fig. 11—Microstructures of MST-3AI-5Cr (Ht. 22F17A2) at various distances from the quenched end of a bar end quenched after 2 hr 
at 1750°F. Kellers etch. X750. Area reduced approximately 60 pct for reproduction. 
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Fig. 12—Aging of Ti-150A (Ht. X1052) water quenched after 2 hr 
at 1500°F. 


ing temperature. Hardness was principally a func- 
tion of the reheating temperature. In the reheating 
temperature range of 500° to 1000°F, maximum 
hardening occurred at the lower temperatures and 
a general softening was noticed at 1000°F. 

After quenching the Ti-150A alloy from 1500°F, 
the highest hardness occurred after 1 to 2 hr at 
700°F, Fig. 12. Reheating temperatures of 500° and 
800°F produced a smaller hardness increase. With 
longer times at reheating temperatures, a softening 
or overaging tendency was noted. No microstruc- 
tural variations were observed in any of these re- 
heated specimens. A similar aging reaction was 
noticed in the RC-130B and MST-3A1-5Cr quenched 
from 1550° and 1500°F, respectively, Figs. 13 and 14. 

The maximum age hardening effect was found 
to occur when the Ti-150A alloy was water 
quenched from 1650°F and reheated at 500°F, Fig. 
15. The reason for the double maximum in some 
of the aging curves is not clear. 

Rapid cooling of the 8 phase from temperatures 
above 1500°F in the Ti-150A alloy and 1750°F in 
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Fig. 13—Reheating of RC-130B (Ht. B3083) water quenched after 
2 hr at 1550°, 1650°, and 1750°F. 
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the RC-130B alloy results in a martensitic shear 
type of transformation to a relatively hard acicular 
product. This structure exhibits age hardening 
when reheated in the temperature range of about 
400° to 800°F ‘and a softening with reheating 
temperatures above 800° and 1000°F, Figs. 15 and 
13, for Ti-150A and RC-130B, respectively. 

Age hardening of the MST-3AI-5Cr alloy is ef- 
fective after quenching from temperatures up to 
1700°F, Fig. 14, where maximum hardening was 
obtained. A smaller degree of age hardening oc- 
curs for RC-130B, Fig. 13, which is relatively hard 
as quenched, and no age hardening was found after 
quenching from 1750°F. The data show that the age 
hardening response is dependent on solution tem- 
perature, cooling rate, and time and temperature 
of reheating. 
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Fig. 14—Effect of time at reheating temperature on hardness of 
MST-3AI-5Cr (Ht. 22F17A2) water quenched after 2 hr at 1500°, 
1600°, and 1700°F. As quenched hardness 355, 341, and 324, 
respectively. 
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Fig. 15—Aging of Ti-150A (Ht. X1052) water quenched after 2 hr 
at 1650°F. 


An unidentified dark etching constituent was 
observed to precipitate from the acicular trans- 
formed 8 in specimens of Ti-150A alloy water 
quenched from 1650° or 1750°F and reheated in the 
temperature range of 500° to 1000°F, Fig. 16. At 
the lower temperature of this range the constitu- 
ent required a long time for formation and appeared 
as very fine spheroidal particles. When formed at 
higher temperatures, it appeared in a needle-like 
configuration. This constituent does not form at a 
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a—As quenched. b—700°F. 
c—1000°F. d—1200°F. 
Fig. 16—Micrographs of Ti-150A (Ht. X1052) water quenched after 2 hr at 1650°F and 
reheated for 6 hr at temperature. Etchant, nitric and hydrofloric acids in water. X750. 
Area reduced approximately 60 pct for reproduction. 
a—Water quenched b—Water quenched 


after 2 hr at 1600°F 
and reheated for 6 
hr at 1000°F. 


a—700°F. 


OS 
Vaca nad 


Fig. 18—Micrographs of RC-130B (Ht. B3083) 
reheated for 6 hr at temperature. Kellers etch. X750. Area reduced approximately 60 pct 


for reproduction. 


reheating temperature of 1200°F and once formed 
can be redissolved at 1200°F. Evidence of age 
hardening during reheating of quenched specimens 
preceded the formation of the dark etching constitu- 
ent. Precipitation of this constituent on a submicro- 
scopic scale may account for the age hardening ob- 
served in this alloy. Evidence of a similar constitu- 
ent in this same type of alloy was reported by 
Phillips and Frey* in specimens isothermally trans- 
formed in the temperature range of 700° to 1000°F 
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after 2 hr at 1700°F 
and reheated for 6 
hr at 1000°F. 


0. Area reduced 


b—1000°F. 


water quenched after 2 hr at 1550°F and 


from the all-8 condition. These investigators also 
noted an age hardening response during isothermal 
holding in the lower temperature range. It is sug- 
gested that this constituent may be related to the 
eutectoid transformation in the Fe-Cr-Ti alloy sys- 
tem. The MST-3A1-5Cr alloy is similar in this re- 
spect. The microstructures shown in Fig. 17 indi- 
cate the formation of a precipitate during reheating 
at 1000°F following a quench from 1600° and 
1700°F. Although no precipitate was apparent in 
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Fig. 17—Micrographs of MST-3AI-5Cr (Ht. 22F17A2). Kellers etch. X75 
approximately 60 pct for reproduction. 
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Fig. 19—Effect of temperature on grain size and a phase of tita- 
nium alloys Ti-150A, MST-3AI-5Cr, and RC-130B water quenched 
after 2 hr at temperature. 
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Fig. 20—Short time tensile properties of Ti-150A alloy. 
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the RC-130B alloy after aging to maximum hard- 
ness, visible 8 decomposition was noted after re- 
heating at 1000°F, Fig. 18. 

It is to be noted that quenching from 1450° and. 
1500°F, which results in what appears to be re- 
tained 6 in the Ti-150A alloy, Fig. 2, shows an age 
hardening response, Fig. 12. No evidence was found 
to explain this hardening response during reheating 
of apparently retained f in this alloy. A coherency 
hardening phenomenon may be operative. 


Grain Size and « Solution 

The effect of temperature on grain size and solu- 
tion of the a phase for the three commercial alloys 
are presented graphically in Fig. 19. For the Ti- 
150A and RC-130B alloys, a fine grained a+ struc- 
ture persisted for solution temperatures up to 
1600°F. Within a range of 200°F the 6 grain size 
increased rapidly from less than ASTM 8 to greater 
than ASTM 2. With a given solution temperature 
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Fig. 21—Short time tensile properties of RC-130B alloy hot rolled 
and annealed. 


the grain size of Ti-150A invariably exceeds that of 
RC-130B in the grain coarsening range. 

Within the 300°F temperature range above 
1500°F, a dissolves rapidly and the a content of the 
RC-130B alloy always exceeds that of the Ti-150A 
alloy. It appears that the presence of undissolved 
a particles restricts excessive grain growth. The 
greater stability of the a phase in the RC-130B alloy 
is essentially due to the presence of aluminum as an 
alloying element. 

The MST-3A1-5Cr alloy was initially coarse 
grained and no significant grain growth with in- 
creased solution temperature was noted. The lack of 
grain growth in this alloy is probably due to the 
initial coarse grain size. The presence of carbides 
and aluminum as an alloying element in this alloy 
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would be expected to retard any grain growth ten- 
dency. 


Tensile Properties 

Tensile test results at elevated temperatures on 
0.250 in. gage diameter specimens are shown in Figs. 
20 to 22. The heat treatments indicated show no 
significant effect on the room temperature properties. 
A continuous drop in strength with increasing test 
temperature is apparent. For Ti-150A in the 1300°F 
annealed condition and MST-3A1-5Cr in the hot 
rolled condition, the data show a strengthening 
effect accompanied by a drop in ductility as the test 
temperature is increased in the temperature range 
of 600° to 900°F. This is presumably a manifesta- 
tion of age hardening occurring at the test tempera- 
ture, since a more effective annealing treatment 
markedly reduces this effect. The Ti-150A alloy 
shows lower elevated temperature strength. Al- 
though the RC-130B and MST-3A1-5Cr alloys are 
somewhat similar in elevated temperature strength, 
the RC-130B alloy is higher in ductility. 

Standard 0.505 in. diameter test specimens were 
given various heat treatments prior to finish ma- 
chining. The test results are listed in Tables III to 
V. The tensile properties resulting from the type of 
heat treatments investigated are similar for the 
alloys Ti-150A and RC-130B. The solution temper- 
ature of 1550°F was chosen to break up the hot 
rolled directional structure and to obtain a uniform 
distribution of equiaxed a particles. It was thought 
that the fatigue properties and ductility would show 
improvement. 

Air cooling from 1550°F resulted in a small in- 
crease in strength over the 1200°F annealed 
strength, Tables III and IV, although the yield 
strength and proportional limit were slightly low- 
ered for Ti-150A. A subsequent anneal at 1200°F 
results in properties similar to the initial annealed 
condition. Raising the solution temperature to 
1800°F resulted in extremely coarse grained mate- 
rial. This treatment resulted in brittleness to the 
extent that several tensile specimens failed pre- 
maturely in the threads and shoulders. The results 
of RC-130B show no advantage for using high 
solution temperatures. 

Aging to high hardness in the range of 500° to 
700°F resulted in brittle material which invariably 
failed prematurely in the threads. Presumably this 
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Fig. 22—Short time tensile properties of MST-3AI-5-Cr alloy. 


is primarily a result of the brittle nature of the ma- 
terial after aging to high strength levels. However, 
some Ti-150A specimens were complicated further 
by grinding cracks in the threads. Raising the aging 
temperature to 900°F in the overaging temperature 
range resulted in 191,000 and 194,000 psi for Ti- 
150A and RC-130B, respectively. These properties 
were the highest obtained with these alloys. The 
low ductility of the Ti-150A alloy is improved ap- 
preciably by aging at 1000°F which resulted in an 
elongation of 13 pct and a lower tensile strength of 
182,000 psi. 


Table III. Tensile Properties of Ti-150A 


Propor- 0.2 Pct Ultimate 
tional Yield Tensile Elonga- Reduc- Hard- 

Speci- Limit, Strength, Strength, tion, Pct tion in ness, 
men* Treatment Psi Psi in 2 In. Area, Pct VPH 

e °F, 6 hr, a.c. 136,000 153,000 156,000 Cal 51 372 
kt 1200°F. 6 hr, a.c. 138,000 152,000 157,000 18 46 
L-9 1200°F, 6 hr, a.c. —_— 151,000 22 56 
L-10 1200°F, 6 hr, a.c. 133,000 144,000 152,000 22 yl 359 
X-11 1450°F,2hr,w.qg. + 1000°F, 2 hr, a.c. 154,000 169,000 178,700 Multiple fracture 
X-16 1450°F,2hr,w.q. + 900°F, 4hr, a.c. 149,000 178,000 191,000 5.2 418 
X-14 1500°F,2hr,w.qg. + 1000°F, 2 hr, a.c. 148,200 170,500 182,000 13 30.3 
X-1A 1550°F,2hr,w.q. + 700°F,2hr,a.c. + 1200°F, 2 hr, f.c. 138,000 149,250 156,600 TD: 34.7 
X-1 1550°F, 2 hr, a.c. 120,000 143,000 161,000 15 36 367 
X-2 1550°F, 2 hr, a.c 100,000 143,000 161,000 14 34 
L-1 1550°F, 2 hr, a.c 102,000 132,000 154,000 18 49 358 
X-3 1550°F, 2hr,o.g. + 1200°F,6hr,a.c. Extensometer slipped 156,000 18 47 363 
xX-4 1550°F,2hr,o.q. + 1200°F,6hr,a.c. Extensometer slipped 155,000 20 50 
L-4 1550°F,2hr,o.qg. + 1200°F, 6 hr, a.c. 138,000 145,000 156,000 367 
X-7 1800°F, 2hr,o.g. + 1200°F,6hr,a.c. Broke in shoulder at 97,300 psi 
xX-8 1800°F, 2 hr, 0.q + 1200°F,6hr,a.c. Broke in shoulder at 103,600 psi ; 
L-7 1800°F, 2 hr,o.q. + 1200°F,6hr,a.c. Broke in shoulder at 73,700 psi 384 
1800°F, 2 hr,o.qg. + 1200°F,6hr,a.c. Broke in shoulder at 72,700 psi 


* Prefix letter X indicates heat X1052 and prefix letter L indicates heat L685. 
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Table IV. Tensile Properties of RC-130B 


Pro- 0.2 Pct Ultimate 
portional Yield Tensile 
a Limit, Strength, Strength, tion, Pc ion in 5 
ey Treatment Psi Psi Psi in 2 In. Area, Pct VPH 
E-1 1200°F; 5 hr; acc; + 1200°F, 1 hr, a.c. 127,500 130,000 141,750 17.0 45.0 
E-2 1200°F, 5 hr, a.c. + 1200°F, 1 hr, a.c. 130,000 136,500 142,000 17.0 43.5 350 
F-1 1200°F, 5 hr, a.c. + 1200°F, 1 hr, a.c. 130,300 143,000 146,500 17.0 43.8 
F-2 1200°F, 5 hr, a.c. + 1200°F, 1 hr, a.c. 132,000 143,500 146,500 17.0 46.0 351 
E-3 1550°F, 2 hr, a.c. 122,500 137,500 156,500 15°5 46.0 
E-4 1550°F, 2 hr, a.c. 135,500 142,500 156,700 15} 5) 46.0 372 
F-3 1550°F, 2. hr; a.c: 134,200 147,000 159,800 17.0 45.2 371 
F-4 1550°F, 2 hr, a.c. 134,100 147,000 161,000 15.0 44.5 
E-5 1550°F, 2 hr, w.d. + 1200°F, 6 hr, a.c. 127,300 137,000 142,500 18.0 45.2 
E-6 1550°F, 2 hr, w.q. + 1200°F, 6 hr, a.c. 134,500 137,800 142,200 17.0 44.6 350 
F-5 1550°F, 2 hr, w.q. + 1200°F, 6 hr, a.c. 140,200 150,800 153,800 17.0 37.6 369 
F-6 1550°F, 2 hr, w.q. + 1200°F, 6 hr, a.c. 142,300 152,000 155,400 16.5 45.5 
F-9 1550°F, 2 hr, w.q. + 700°F,4hr,a.c. Broke in fillet at 208,000 psi 0.372 in.gage diam 
F-10 1550°F, 2 hr, w.q. + 700°F,4hr,a.c. Broke in threads at 163,500 psi 452 
E-15 1550°F, 2 hr, w.q. + 900°F, 3 hr, w.q. 149,500 165,000 194,000 8.5 21.1 
E-16 1550°F, 2 hr, w.q. + 900°F, 3 hr, w.q. 155,500 168,000 193,000 7.0 18.8 
F-13 1550°F, 2 hr, w.q. + 1000°F, 2 hr, a.c. 165,000 175,000 189,000 10.0 39.1 414 
F-14 1550°F, 2 hr, w.q. + 1000°F, 2 hr, a.c. 162,000 176,000 189,000 10.0 38.9 
E-14 1650°F, 2 hr, w.q. + 900°F, 2 hr, a.c. 
+ 1000°F, 2 hr, a.c. 132,000 144,000 185,000 8 23.0 400 
E-7 1750°F, 2 hr, w.q + 1200°F, 6 hr, a.c. 125,000 147,000 156,250 10.1 24.0 360 
E-8 1750°F, 2 hr, w.q + 1200°F, 6 hr, a.c. 120,000 149,000 157,000 10.6 21.0 
F-7 1750°F, 2 hr, w.q + 1200°F, 6 hr, a.c. 131,000 153,500 162,000 9.0 19.5 
F-8 1750°F, 2 hr, w.q + 1200°F, 6 hr, a.c. 129,500 152,500 162,000 10.0 19.7 


* Prefix letter E indicates heat B3083 and prefix letter F indicates heat B3132. 


Two heats of Ti-150A and RC-130B were used in 


the heat treated tensile tests. 


Heats X1052 and 


B3132 gave consistently higher strengths in all con- 


ditions. 
havior. 


No correlation was established for this be- 


The tensile properties in various heat treated 


conditions for the MST-3A1-5Cr alloy are listed in 
Table V. Annealing at 1200°F lowers the elonga- 
tion of this alloy to about 1 pct with no measurable 
reduction in area and only a 160,000 psi tensile 
strength. This treatment results in precipitation of 
TiCr, which may account for the low ductility. The 
precipitate is dissolved at 1350°F and such a treat- 
ment gives a tensile strength of 168,000 psi and 10 
pet elongation. Attempts at isothermal transforma- 
tion of the 8 phase at 1200° and 1250°F resulted in 
the formation of a Widmanstaetten structure. The 
tensile properties of this type of treatment showed a 
high strength of 180,000 psi with an elongation of 


9 pet. These properties appear to be the best for 
favorable strength and ductility in this alloy. 

None of the aging treatments gave satisfactory 
tests. Brittleness is apparently associated with aging, 
since failures occurred in the threads or shoulders 
of many specimens. A solution treatment at 1550°F 
resulted in the highest strength of 192,000 psi with 
an elongation of 2 pct. A solution treatment at 
1650°F followed by annealing at 1300°F resulted 
in 168,000 psi tensile strength and 7 pct elongation. 
This is quite similar to the properties obtained by 
annealing at 1350°F. 


Fatigue Properties 
Since notch sensitivity was believed significant 
for the commercial application of titanium, only 
notch fatigue specimens were tested. All specimens 
were examined carefully for grinding cracks in the 
notch and only those which showed no indications 


Table V. Tensile Properties of MST-3AI-5Cr, Heat 22F17A2 


Propor- 0.2 Pct Ultimate 

tional Yield Tensile Elonga- Reduc- Hard- 
Speci- Limit, Strength, Strength, tion, Pct tion in ness, 
men* Treatment Psi si Psi in 2 In. Area, Pct VPH 
M-7 1200°F, 5 hr, a.c. + 1200°F, 1 hr, a.c. 130,198 148,515 160,100 1.60 — 360 
M-8 1200°F, 5 hr, a.c. + 1200°F, 1 hr, a.c. 123,762 0.79 Ruptured prema- 

turely in gage 

M-14 1350°F,6hr,a.c 144,000 156,500 168,500 9.5 17.4 ee 
M-16 1350°F, 6 hr, a.c 136,500 156,500 168,000 10.0 22.4 377 
M-18 1350°F,6 hr, f.c 141,800 160,800 173,000 11.0 15.6 
M-12 1550°F, 2 hr,a.c 150,000 169,000 188,000 3 7.41 
M-13 = 1550°F, 2 hr, a.c. 154,000 173,800 192,000 2 4.34 403 
M-24 1600°F, 2 hr, w.q. 72,500 108,000 149,200 8.0 Upaey 347 
M-25 1600°F, 2 hr, w.q. 73,000 107,000 134,000 1.5 1.92 Broke '% in. from 
M-4 1650°F, 2 hr, a.c. + 1300°F, 4 hr, a.c. 137,000 149,300 168,000 7 17.3 a 497 
N-9 1600°F, 1% hr, q. 1200°F, 2 hr 156,000 170,000 178,500 8.0 23.5 ; 
N-10 In isothermal bath, a.c. 156,000 170,000 178,500 8.0 24.8 388 
N-5 1750°F, 2 hr, q. 1250°F, 2 hr 150,000 168,750 180,250 9.4 24.0 
N-6 In isothermal bath, a.c. 142,000 169,000 176,500 8.0 25.0 375 
N-3 1750°F, 2 hr, q. 1250°F, ¥% hr 132,000 167,000 180,000 8.5 25.0 
N-4 In isothermal bath, w.q. 149,000 173,000 182,000 10.0 25.3 381 
N-1 1750°F, 2 hr, q. 1250°F, % hr 155,000 171,000 180,000 5.0 17.05 
N-2 In isothermal bath, w.q. 143,000 171,000 181,000 5.0 14.54 379 


* Prefix letter M indicates heat 22F17A2 and prefix letter N indicates heat 2K47A2. 
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Table VI. Notch Fatigue Properties 


5x107 Endur- Root Hard- 
Endurance ance Diame- ness, 
Alloy Heat No. Treatment Limit, Psi Ratio ter, In. RC 
Ti-150A 1052 1800°F, 2 hr, o.a. 0.3245 — 
1200°F, 5hr,a.c. + 1200°F, 1 hr, a.c. 17,000 0.3475 40 
Ti-150A 1052 1550°F, 2 hr, o.q. : 0.3245 — 
1200°F, 5hr,a.c. + 1200°F, 1 hr, a.c. 13,000 0.084 0.3475 37 
Ti-150A 1052 1200°F, 5 hr, a.c. 0.3245 — 
1200°F, 1 hr, a.c. 10,000 0.064 0.3475 37 
RC-130B B3083 1550°F, 2 hr, a.c. 0.3390 — 
10,000 0.0639 0.3405 36 
RC-130B B3083 1550°F, 2 hr, w.q, 0.3394 — 
700°F, 4 hr, a.c. 19,000 = 0.3405 45 
RC-130B B3083 1750°F, 2 hr, w.q. 0.3394 — 
1200°F, 6 hr, a.c. 20,000 0.128 0.3405 37 
RC-130B B3083 1550°F, 2 hr, w.q. 0.3394 — 
1200°F, 6 hr, a.c. 20,000 0.140 0.3405 34 
RC-130B B3083 1200°F, 5 hr, a.c. 0.3394 — 
1200°F, 1 hr, a.c. 20,000 0.141 0.3405 34 
RC-130B B3132 1650°F, 2 hr, w.q. 0.3380 — 
700°F, 6 hr, a.c. 18,000 = 0.3405 48 
RC-130B B3132 1550°F, 2 hr, a.c. 0.3390 — 
13,000 0.087 0.3405 36 
RC-130B B3132 1550°F, 2 hr, w.q 0.3380 — 
: 700°F, 4 hr, a.c 22,000 = 0.3405 47 
RC-130B B3132 1550°F, 2 hr, w.q 0.3380 — 
1200°F, 6 hr, a.c. 21,000 0.136 0.3405 44 
RC-130B B3132 1200°F, 5 hr, a.c 0.3380 — 
1200°F, 1 hr, a.c. 19,000 0.130 0.3405 34 
MST-3A1-5Cr 22F17A2 1600°F, 2 hr, w.q 0.3380 — 
18,000 0.127 0.3405 38 
MST-3A1-5Cr 22F17A2 1550°F, 2 hr, w.q. 0.3380 — 
850°F, 4 hr, a.c 15,000 = 0.3405 50 
MST-3A1-5Cr 22F17A2 1200°F, 5 hr, a.c. 0.3380 — 38 
1200°F, 1 hr, a.c. 22,000 0.137 0.3405 


* 60° V notch. 0.005 in. root radius except Ti-150A, 0.003 to 0.0045 in. Gage diameter 0.404 to 0.406 in. 


of cracks were tested. The results are presented in 
Table VI. In each case where two temperatures 
were used, the final treatment followed the finish 
machining operation to provide any stress relief 
obtainable. 

The notch fatigue properties varied among the 
alloys and differed in response to some heat treat- 
ments. The RC-130B alloy shows the best notch 
fatigue resistance of the three alloys. Coarse grains 
appear to have no detrimental effect on the endur- 
ance limit as shown by material rendered coarse 
grained by a solution treatment at 1800°F. The 
effect of aging is a general lowering of the endur- 
ance limit indicating notch sensitivity. However, 
the decrease is appreciably greater in the MST- 
3Al1-5Cr as compared to the RC-130B alloy. Aging 
of the latter alloy to high hardness at 700°F follow- 
ing a 1550°F solution treatment resulted in the un- 
usually high value of 22,000 psi. Annealing of the 
as-received stock produced inconsistent results 
among the alloys as the endurance limit is lowest in 
the Ti-150A alloy, while the effect of the same type 
of treatment on the RC-130B alloy showed a com- 
paratively high value. The MST-3A1-5Cr alloy re- 
sponded well to the 1200°F treatment, but this 
treatment is not suitable for annealing purposes. 
Reheating at 1200°F following different solution 
treatments increased the endurance limit in the 
Ti-150A appreciably, but it is surprising that the 
results in the RC-130B alloy show no effects of 
prior solution treatment. 

The results of the Ti-150A alloy are more favor- 
able than those reported for an earlier heat (heat 
X623) which showed a notched endurance limit of 
5000 to 7000 psi and an endurance ratio of 0.034 to 
0.048." However, the specimens of this earlier heat 
were not stress relieved after finish grinding. The 
specimens annealed at 1200°F and stress relieved 
after finish machining, indicate the importance of 
stress relief after grinding. These results give an 
endurance ratio of 0.064 which is about twice that 
reported previously. The low properties of the air 
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cooled RC-130B specimens solution treated at 
1550°F are believed to be due in part to the absence 
of any stress relief after finish grinding. 


Summary 

The heat treatability of commercial titanium al- 
loys has been shown to be dependent on the amount 
and the transformation characteristics of the 6 
phase. The transformation is influenced primarily 
by chemical composition, solution temperature, cool- 
ing rate, and reheating conditions. Each alloy 
shows different transformation rates with Ti-150A 
showing the more rapid reactions. The amount of 
8 is a function of the solution temperature. Hard- 
ness and microstructure can be varied to a large 
extent by heat treatment. 

All the alloys show an age hardening reaction 
which appears to be associated with 8 decomposi- 
tion and precipitation from the 6 phase. High hard- 
ness and brittleness are associated with this age 
hardening. Overaging is accompanied by moderate 
hardness and, with the exception of MST-3A1-5Cr, 
an increase in ductility. 

The tensile and fatigue properties are dependent 
to some extent on heat treatment. For optimum 
properties each alloy requires a different treatment. 
The tensile strength can be varied in Ti-150A from 
145,000 to 191,000 psi, RC-130B from 142,000 to 
194,000 psi, and MST-3A1-5CR from 134,000 to 
192,000 psi. At the higher strengths the MST-3AI]- 
5Cr alloy showed low ductility (2 pct elongation) 
as did the Ti-150A alloy (3.5 pct elongation). The 
RC-130B alloy showed high strength (194,000 psi) 
with reasonably good ductility (8 pct elongation). 
High tensile strength is associated with overaging in 
the alloys Ti-150A and RC-130B. For the MST- 
3A1-5Cr, high strength and relatively good ductility 
are obtained by isothermal transformation to a Wid- 
manstaetten structure. 

A low notch fatigue endurance ratio was found 
for Ti-150A (0.064 to 0.084). The RC-130B alloy 
gave endurance ratios of 0.064 to 0.141. The higher 
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ratio compares reasonably well with steel when 
tested with the same notch configuration. A ratio of 
0.127 to 0.137 was found for the MST-3AI1-5Cr al- 
loy. The grinding operation appears to impose 
stresses on the fatigue specimen which lower the 
observed endurance limit. The RC-130B alloy 
showed a lesser tendency for excessive grain growth 
than did the Ti-150A alloy. No grain growth was 
observed in the MST-3A1-5Cr alloy which was 
initially coarse grained. 
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Technical Note 


Role of Strain Energy in Solid Solution Thermodynamics 


by E. S. Machlin 


HE function of this paper is to present certain 

results based on the fact that the strain energy 
arising from the solution of out-of-size solute atoms 
into the solid matrix is free energy and not internal 
energy, and that this strain energy is almost wholly 
shear strain energy as Zener’ pointed out. One 
natural consequence of this fact is an expression for 
the excess entropy of mixing due to the strain energy. 
Also, a derivation of the integral molar free energy 
of mixing partitioned to strain energy will be made 
using the model of Lawson* and thermodynamics. 
This derivation has the advantage of showing in a 
simple way the assumptions involved in Lawson’s 
treatment. 

The excess entropy of mixing partitioned to strain 
energy can be derived in two ways. The first way 
makes use of the fact that the strain energy is almost 
wholly in the form of shear strain energy. In this 
case, as Zener’ pointed out, the change in entropy 
due to the addition of shear strain energy is to a 
first approximation given by 


Os olny 


Foy, CAL [1] 


Hence, the excess entropy of mixing partitioned to 
strain energy will be given by 


os 
where, G"| is the relative integral molar free en- 
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ergy partitioned to strain energy; S is the entropy; 
e is the shear strain energy; » is the shear modulus; 
T is the absolute temperature; p is the pressure; and 
y is the shear strain. 

Zener, as well as others, has pointed out that the 
shear strain energy stored in a compressible isotropic 
solid due to the insertion of an off-size incompres- 
sible sphere into a spherical hole in the solid, is 
approximately given by 


where © is the volume of spherical hole and Q°, is 
the volume of sphere. 

If we now consider the introduction of one mol of 
such spheres into an infinite volume of solid, then 
the relative partial molar free energy excess due to 
strain energy alone is 


G*,| =—— (v°:—v)? [2] 


where v is the molar volume of solvent and v°, is 
the molar volume of pure solute type 1. 

Let us consider that these spheres are the two types 
of atoms in a binary solution, then there will be a 
similar relation for solute 2. The total relative inte- 
gral molar free energy excess due to strain is then, 
to the approximations stated above 

af 


= 


2 2 


Lawson’s relation for the strain energy can be de- 
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(Q°,—Q)* 


Table 1. Comparison of Calculated and Experimental Values of Some Thermodynamic Quantities at x = 1/2 


Td Inu, 
dT 
Hu Su — din 
ystem Cal/Mol Cal/Mol Cal/Mol/°C Cal/Mol/°C aT HY/S™ Excess 
pea 4750 2800 5 1.3 3770 2150 
o-Pt 2740 1020 0.62 1.14 4400 895 
* dinw |~ 4x10-4 per °C (estimated from ref. 4 
—_— for pure gold) 
|Au-Ni 
dinw |= 3x10-4 per °C (estimated from ref. 1 
— as the same for iron) 
dT Co-Pt 
(900°C) 2.2x101! dynes/cm2 
(900°C) dynes/cm2 


V°au (900°C) 
(900°C) 
(850°C) 
Co (850°C) 
V°pt (850°C) 
(850°C) 


10.33 cu cm/mol 
6.63 cucm/mol 
6.25x10" dynes/cm? 
6.5x104 dynes/cm2 
9.17 cucm/mol 

6.67 cu cm/mol 


rived from Eq. 3 by making the linear approxima- 
tions 
and 
= Se 


v 


[4] 
which then yields upon substitution in Eq. 3 


G" = — (v°,— xt, 


y 3 


The approximations in Eq. 4 are not always found 
to hold true. Hence, if the data for »/v and v are 
available for the alloy, use of Eq. 3 in place of Eq. 5 
is desirable. The relative integral molar entropy 
excess according to Eq. 1 is then 


and the relative integral molar enthalpy excess is 


ding ) 
dT 


H"| =G"| +TS"| =G"| [7] 
Ve Of 


One of the important characteristics of the rela- 
tive integral molar entropy excess due to strain is 
that it usually will be positive because the term 
dlnu/dT is usually negative. Zener’ stated this point 
earlier. In some cases, such as 8 brass, the factor 
dlnp/dT is positive and a negative excess entropy 
due to strain energy would be expected in these 
systems. 


Eq. 6 can be derived from the relation S| = 

dG" 

i , as well. Performing this differentiation 


( 


ta) Gt 4 


Y 


(Ce x.) [8] 
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where a is the volume thermal expansion coefficient 
per °C and B is (= 4/3) compressibility. 

The last term in Eq. 8 arises from the change in 
volume of the solution with alloying; the first term 
is due to the shear strain induced in the lattice by 
alloying. If numbers are substituted into Eq. 8, then 
it is apparent that to a good first approximation, 


aT 
This result has not been fully appreciated in past 
treatments of the subject.’ 

The results just obtained can be compared with 
experiment for two systems. The Au-Ni system* 
and the Co-Pt* system have exhibited positive ex- 
cess entropies of mixing in the solid state. In mak- 
ing the comparison it is necessary to make some 
assumptions concerning the values of dlnp/dT, pz, 
and v for the alloys. Because the first two quantities 
may be in error for the alloys by as much as 100 pct 
if the linear approximations of Eq. 4 are used, 
agreement is to be expected to within this uncer- 
tainty. 

Comparison of calculated values and experimental 
values for the two systems, using linear approxima- 
tions and estimates of dlnu/dT, is made in Table I. 

The comparison between theory and experiment 
can be said to have yielded the result that, within 
the uncertainty in the values used to calculate the 
theoretical parameters, the agreement is good. In 
order to be able to make a closer comparison, it will 
be necessary to have measured values of dlInpu/dT, 
yu, and v for the 50-50 compositions at the tempera- 
tures involved. 
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Electrical Resistivity of Dilute Binary Terminal Solid Solutions 


by Walter R. Hibbard, Jr. 


HE classical work on the electrical conductivity 

of alloys was carried out by Matthiessen and his 
coworkers’ in the early 1860’s. He attempted to cor- 
relate the electrical conductivity of alloys with their 
constitution diagrams, but the information regard- 
ing the latter was too meager for success. Guertler® 
reworked Matthiessen’s and other conductivity data 
in 1906 on the basis of volume composition (an ap- 
plication of Le Chatelier’s principle with implica- 
tions as to temperature and pressure effects), and 
obtained the following relationships between specific 
conductivity and phase diagrams (plotted as volume 
compositions) : 

1—For two-phase regions, electrical conductivity 
can be considered as a linear function of volume 
composition, following the law of mixtures. 

2—For solid solutions, except intermetallic com- 
pounds, the electrical conductivity is lowered by 
solute additions first very extensively and later more 
gradually, such that a minimum occurs in systems 
with complete solid solubility. This minimum forms 
from a catenary type of curve. Intermetallic com- 
pound formation with variable compound composi- 
tion results in a maximum conductivity at the stoi- 
chiometric composition. 

Landauer’ has recently considered the resistivity 
of binary metallic two-phase mixtures on the basis 
of randomly distributed spherical-shaped regions of 
two phases having different conductivities. His deri- 
vation predicts deviations from the law of mixtures 
which fit measurements on alloys of 6 systems out 
of 13 considered. 


Valency (lonic Charge) 


Perhaps the first comprehensive discussion of the 
electrical resistivity of dilute solid-solution alloys 
was presented by Norbury* in 1921. He collected 
sufficient data to show that the change in resistance 
caused by 1 atomic pct binary solute additions is 
periodic* in character. The difference between the 


* When the change in resistivity is plotted against atomic number, 
the results may be grouped according to Mendeleeffs’ chemical peri- 
odic table. 


period and/or the group of the solvent and solute 
elements could be correlated with the increase in 
resistance. 

Linde’ determined the electrical resistivity (p) 
of solid solutions containing up to about 4 atomic pct 
of various solutes in copper, silver, and gold at sev- 
eral temperatures. He reported that the extra- 
polated** increase in resistance per atomic percent 


** dp/de as a function of c (composition as percent solute) was 
extrapolated to c = 0 
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addition is a function of the square of the difference 
in group number of the solute and solvent as fol- 
lows: 


Ap =a+K(N—Ng)’ 


where a and K are empirical constants and N and 
Ng are group numbers of the constituents. This 
empirical relation was subsequently rationalized 
theoretically by Mott,*° who showed that the scatter- 
ing of conduction electrons is proportional to the 
square of the scattering charge at lattice sites. Thus, 
the change in resistance of dilute alloys is propor- 
tional to the square of the difference between the 
ionic charge (or valence) of the solvent and solute 
when other factors are neglected. Mott’s difficulty 
in evaluating the volume of the lattice near each 
atom site where the valency electrons tend to segre- 
gate? limited his calculations to proportionality re- 
lations. 


+ The screening constant evaluates the statistical tendency for the 
valency electrons to remain nearer than randomly to the atom sites. 


Recently, Robinson and Dorn’® reconfirmed this re- 
lationship for dilute aluminum solid-solution alloys 
at 20°C, using an effective charge of 2.5 for alu- 
minum. In terms of valence, Linde’s equation be- . 
comes 


Ap = {K, + K, (Zp — Za) pA [1] 


where K, and kK, are coefficients, A is atomic percent 
solute, Z, is valence of solvent, and Z, is valence of 
solute. Plots of these data for copper, silver, gold, 
and aluminum alloys are shown in Fig. 1. The values 
of K, and kK, are constant for a given chemical period 
(P), but vary from period to period. The value of 
K, increases irregularly with increasing difference 
between the period of the solvent and solute element 
(AP), being zero when AP is zero. The value of K, 
appears to have no obvious periodic relationship. All 
factors other than valence that affect resistivity are 
gathered in these coefficients. Because of the nature 
of the coefficients, Eq. 1 is of limited use in esti- 
mating the effects of solute additions on resistivity 
unless a large amount of experimental data are 
already available on the systems involved. It is the 
purpose of the first part of this report to investigate 
the factors that may be included in the coefficients 
of Linde’s equation. On this basis, it is hoped that 
the relative effects of solute additions on resistivity 
can be better estimated from basic data, leading to 
a more convenient alloy design procedure. 

It is well known” * that phenomena that decrease 
the perfection of the periodic field in an atomic lat- 
tice, such as the introduction of a solute atom or 
strain due to deformation, will also increase the 
electrical resistivity. Thus, in an effort to relate - 
changes in electrical resistivity to alloy composition, 
it appears appropriate to consider the atomic char- 
acteristics related to solution and strain hardening 
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in addition to those already known to affect elec- 
trical resistivity. The factors lattice parameter and 
compressibility will be considered in the following 
sections. 

Lattice Parameter (Atom Size) 

The increase in strength or hardness due to solid- 
solution additions has been related qualitatively to 
the concurrent change in lattice parameter by Brick 
et al.,” Frye et al.,* and more quantitatively by Dorn 
et al.* Data by Gulyeav and Trusova” and Robinson 
et al.“ may be analyzed to indicate an analogous 
general relationship between the change in lattice 
parameter and the change in electrical resistivity 
due to solid-solution alloying in aluminum, copper, 
and iron, as illustrated in Fig. 2. 


Compressibility 
The change in lattice parameter is probably only 
grossly related to Ap, since, while it indicates the 
average or statistical change in lattice periodicity 
due to alloying, it does not evaluate the short-range 
differences between the volume of the solvent and 
the solute atom in solution, i.e., the local changes in 


07 
.0.6 
z 
z 
503 
= 
fo} 
w 04 
> 
w 
@ 
fe} 
ad.3 
x 
0.2} ° Cu 
o Za 
& Ge 
02 0.3 0.4 05 0.6 0.7 
4p CALCULATED - MICROHM CMS. 
aps 
10 
8 
= 
3 6 
= 
4 
a 
2 Cu + cd 
° 
Zn x In 
x a Go sn 
v Ge 4g 
© Ag 
f) 2 4 6 8 10 


Sp CALCULATED - MICROHM CMS. 
(Z@-Za)*Ja 


periodicity that are averaged in the lattice parameter 
value. The relative compressibilities of the atoms 
should be related to this more local effect. Frye 
et al.”* used compressibility to calculate ionic overlap 
in an attempt to correlate local lattice strain with 
solution hardening. This general approach may also 
be applicable to changes in electrical resistivity. 
Data on compressibilities of the alloys are not avail- 
able in the literature, so that values for the pure 
elements in their own structures must be used.* 
These values are probably affected by changes in 
structure and lattice spacing. 


Effect of Lattice Parameter and Compressibility 
on Electrical Resistivity 


Mott® states that elements with the same valency 
and the same atomic volume should have the same 
effect in raising the resistivity of each other. The 
change in resistivity due to solute addition is a func- 
tion of the difference in electron-scattering charge 
and can be related to the difference between the 
solute and solvent atom in solution with respect to, 
1—ionic charge, and 2—atomic volume. For the pur- 
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Fig. 1—Calculated and observed resistivity of solid-solution alloys of aluminum, copper, gold, and silver. After Robinson and Dorn.” 
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Fig. 2—Change in resistivity as a function of change in lattice 
parameter for aluminum alloys. Data from refs. 15 and 16. 


poses of testing this point of view on an empirical 
basis, the difference between atomic volume of the 
solute and solvent of the 1 pct solution is considered 
approximately proportional to 


Aa Ax 

a a0 
where Aa is the change in lattice parameter for a 
1 atomic pct alloy, Ax is 1 pct of the difference be- 
tween the compressibilities of the pure solute ele- 
ments, and a and «x are the lattice parameter and 
compressibility of the pure solvent elements, respec- 
tively.tt 


+7 The relation that the difference in atomic volume is propor- 
tional to fa(Aa/a) — fx(Ax/x) may be derived using assumptions 
involving Vegard’s law as a first approximation and compressibility 
as a measure of deviations from Vegard’s law. 


These parameters can be combined with the dif- 
ference in valence (AZ/Z) as a squared function 
related to the electron scattering by the lattice. On 
this basis the difference in resistivity due to alloy- 
ing leads to the following empirical relationship: 


where K,, K,, and K, are coefficients depending upon 
solute element. 


Table |. Copper Alloys 


F= 

(KaAa/a) 

+ 
Axt (KzAZ/Z) 
1 A/o 

Solute Ap* a Z 40 (KoAx/x) 
Be 0.64 —0.100 1.0 0.189 0.74 
Mg 0.8 —0.144 1.0 3.105 0.78 
Al 0.69-1.15 —0.060 iby 0.863 1.00 
Si 2.50-4.50 —0.064 3.0 —0.429 1.98 
Zn 0.16-0.41 — 0.064 1.0 1.308 0.65 
Ga 1.20-1.50 —0.080 2.0 1.781 1.21 
Ge 3.60-3.70 —0.094 3.0 0.961 1.88 
Ag 0.12-0.22 —0.152 0.0 0.372 0.15 
Cd 0.21-0.28 —0.213 1.0 1.767 0.59 
In 1.04 —0.261 2.0 2.477 1.09 
Sn 2.40-3.90 —0.277 3.0 1.600 Al 
Sb 4.50-5.40 —0.360 4.0 1.603 2.00 
Au 0.50-0.65 —0.177 0.0 —0.197 0.77 
Hg 1.0 —0.200 1.0 3.728 0.93 
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Fig. 3—Change in electrical resistivity as a function of the change 
in lattice parameter and the difference in valency and compres- 
sibility for 1 atomic pct solutions in copper. 
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* Microhm-cm, 20°C, refs. 4, 7, 11, 15, 19, 21-27, 31, 32, 86. 
+ KX units, refs. 12, 15, 17, 34-42, and Vegard’s law. Expressed 
in percent. 
+7 For 1A/o. Al valence is 2%.16 Expressed in percent. 
+ 104cm2/kg for 1A/o, ref. 18. Expressed in percent. 
Where less than 1 atomic percent is soluble, Ap/Ax or Aa/Ax at 
maximum solubility is used. 


This relationship is considered as the square of 
the sum of the factors involved such that their effect 
is joint of the form, Ap = F”’, rather than independent 
of the quadratic form, Ap = K,o* + K.p’ — Ky’ + 


. . . etc. In determining the coefficients, it 

. 

T T T J 

z Te Bi, = 

ce} 

= =| 

5 bp *0.25 

z 

/ | 

Pb. 

ae Sn 

= 

2 

= Mo. Al 

+ 

O° 0.5 1.0 1.5 2 2.5 3 


Fs(Ka Ao/o + Kz Az/z—Ke Ay/y) 
Fig. 4—Change in electrical resistivity as a function of the change 


in lattice parameter and the difference in valency and compres- 
sibility for 1 atomic pct solutions in silver. 


was not possible to treat the data rigorously from a 
statistical standpoint because there were no cases 
where only one of the three factors Aa/a, AZ/Z, or 
Ax/x, was nonvanishing. Therefore, it was neces- 
sary to solve for the coefficients under conditions 
where one of the three parameters was the major 
factor, and make small adjustments for the others. 
In addition, since the coefficients were constant for 


Table Il. Coefficients for Copper Alloys 


Solute 

Period Ap* Re 
2 2 3.64 1.12 
3 1 3.64 0.57 
4 0 3.64 0.55 
5 —1 1.21 0.51 
6 —2 4.24 0.45 
7 —3 4.24 0.23 


* Difference between the period of the solvent and solute. 
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Table III. Coefficients for Silver Alloys 


Solute 

Period Ap ia Kz 
3 2 4.29 1.32 
4 1 4.29 0.67 
5 0 4,29 0.64 
6 —1 1.43 0.60 


a given solute period, it was possible to evaluate 
coefficients for each period on this basis and then 
make small adjustments from period to period. This 
procedure was used for all the analyses reported in 
this paper. In view of the data fit obtained under 
these conditions, this approximation appears to be 
reasonable and consistent with the purposes for 
which it was intended. 


Parameter for Relating Electrical Resistivity 
Changes With Alloying Characteristics 


The applicability of Eq. 2 may be tested on the 
basis of available data for 1 atomic pct solid solution 
alloys obtained from the literature. For this evalua- 
tion, the symbols in Eq. 2 are as follows: Ap, is the 
measured change in resistivity at 20°C, a is the 
lattice parameter of the base element and a + Aa 
that of the alloy, Z and x are the valence and com- 
pressibility of the solvent element, and Z + AZ and 
xz + Ax are the valence and compressibility of the 
solute element. For simplicity, the ratios Aa/a, AZ/Z, 


Table IV. Coefficients for Gold Alloys 


Solute 

Period Ap Ka Kz 
4 2 3.53 0.74 
5 il 3.53 0.55 
6 0 1.18 0.53 
7 —1 4.12 0.50 


and Ax/x will be considered on a percentage basis in 
the following paragraphs. 
Based on the datat in Table I for 1 pct alloys 


t Aps for the alloys considered in this and the following sections 
was measured at 20°C. Since the change in melting point is small 
for these 1 pct alloys, the plots hold equally well for a reduced 
temperature at a constant fraction of the absolute melting point 
(about 0.22). 


in copper Eq. 2 was fitted as illustrated in Fig. 3. 
K, is 0.10. The other coefficients are periodic func- 
tions, as given in Table II. 

to Eq. 2, as shown in Fig. 4. These data indicate a 
small residual resistivity of 0.25 microhm-cm when 
the parameter is equal to zero. This residual re- 
sistivity could not be eliminated by adjustment of 
the coefficients. It is suggested that it might be the 
result of impurities added during alloying either 
from impure elements or from air melting. Oxygen, 
for example, is very effective in increasing the re- 
sistivity of silver and, in relatively small amounts, 
could cause a 0.25 microhm-cm increase. K, is 0.10. 
Other coefficients are given in Table III. 

Fig. 5 shows the correlation for gold alloys. 
Again, there is a residual resistivity of 0.25 mi- 
crohm-cm, the value of Ap when the parameter is 
zero. The constants are givenin Table IV. K, is 0.10. 


4,5,17,18,33, 46-50 


Table V. Coefficients for Aluminum Alloys 


Solute 


Period Ap Ka Kz 
3 0 5.00 1.69 
4 —1 1.67 0.70 
5 1.67 1.67 
6 —3 5.83 0.31 
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Fig. 5—Change in electrical resistivity as a function of the change 
in lattice parameter and the difference in valency and compres- 
sibility for 1 atornic pct solutions in gold. 


Data for aluminum alloys are shown in Fig. 6, 
based on references 14 to 18 and 51 to 60. The co- 
efficients are given in Table V. K, is 0.10. As in the 
case for silver and gold alloying, residual resistivity 
of 0.3 microhm-cm was found for aluminum alloys. 
The ionic charge, Z, of aluminum is considered as 
2% 

Based on available data 
the effects of transition elements are considerably 
more pronounced and more erratic than the effects 
of nontransition solutes. Since the ionic charge of 
transition elements is not understood, it is not sur- 
prising that no correlation is apparent for iron alloys, 
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| ATOMIG % SOLUTE IN ALUMINUM =i 


© 


ATOMIC % SOLUTE IN ALUMINUM, MICROHM—cm. 


PER | 


Ag 
Cu 
t Go Gay. 
ta 

AN | | | 

fo) 0.5 1.0 1.5 2.0 2.5 
F=(Ka Aa/o + Kz Az/z —Ke AX/X) 


Ap, 20°C, 


Fig. 6—Change in electrical resistivity as a function of the change 
in lattice parameter and the difference in valency and compres- 
sibility for 1 atomic pct solutions in aluminum. 
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Fig. 7—Electrical conductivity as a function of the temperature 
coefficient of electrical resistivity for solid solutions. After Hansen, 
Johnson, and Parks.” 


although there are large differences in the effects of 
solutes ranging from cobalt to titanium. 

To summarize for dilute binary solid-solution al- 
loys, excluding transition elements, the increase in 
resistivity due to alloying (1 pct additions) may be 
related empirically to a squared function involving 
a dimensionless parameter based on valency, lattice 
parameter, and compressibility, and involving three 
proportionality coefficients. These coefficients can 
be related to the period of the solute and solvent. 
They vary from 0.10 to 5.0 in a manner suggesting 
that the resistivity is increased most effectively by 
large differences in lattice parameter, followed by 
differences in ionic charge and least effectively by 
differences in compressibility. The scatter of the 
experimental data and the arbitrary nature of the 
coefficients must be considered in evaluating the 
significance of this parameter. 

The transition-element solutes do not follow these 
relationships and may be as much as five times 
more effective in increasing the resistivity than can 
be predicted from those factors considered above. 

Based on Figs. 3 to 6, it is suggested that the re- 
sistivity data available in the literature can be fitted 
to Eq. 2 involving three disposable parameters, one 
of which is small and constant and the other two are 
functions of the solute period. Eq. 1 can be fitted to 
similar data, as shown in Fig. 1 with two disposable 
parameters which are functions of the solute period. 
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Fig. 8—Logarithmic plots of electrical conductivity as a function of 
temperature. After McAdam and Geil.” 
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Fig. 9—Logarithmic plot of electrical resistivity as a function 

of temperature for copper and copper alloys. Data from refs. 7, 


23, and 26. 


However, it is known that Eq. 1 does not include 
factors related to the screening constant, and at 
least one of the disposable parameters must involve 
this item. Eq. 2, on the other hand, includes provi- 
sion for additional factors believed to be related to 
resistivity and is useful in evaluating the relative 
effects of solute additions on resistivity for alloy 
design purposes. 


Effect of Temperature on Electrical Resistivity 
Hansen, Johnson, and Parks” have found the fol- 
lowing relation between electrical conductivity (K) 

and the temperature coefficient of resistivity (a): 


K =— =o [3] 
p 

where £ is a constant characteristic of the solvent 
and a = Ap/AT(p,) per °C or °K, where p, is the 
resistivity at 0°C, and T is the temperature. These 
relationships, illustrated in Fig. 7, have two limita- 
tions: 

1—An alloy is implied with zero conductivity and 
zero temperature coefficient. 

2—The temperature coefficient derived from 
square cross-section coordinates is not constant over 
moderate temperature ranges, particularly for alloys. 

The first limitation may be avoided by using 
logarithmic coordinates. McAdam and Geil” have 
reported that, for wide temperature ranges from 
about 200°K to near the melting point, conduc- 
tivity may be related to the absolute temperature 
by a power function of the type 
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6 + of 
+ 
: 


[4] 


as illustrated in Fig. 8. Further inspection of Mc- 
Adam and Geil’s” relationship indicates that the 
exponent (called 7 in this paper) is essentially con- 
stant (1.136 + 0.155) for the pure metals except for 
the ferromagnetic elements iron, cobalt, and nickel, 
and elements with atomic numbers less than 12. In 
addition, from Fig. 8, it appears that the effect of 
alloying is to decrease the value of the exponent 
without invalidating the logarithmic relationship. 

This logarithmic relationship provides a conven- 
ient approximation, which permits the estimation of 
the resistivity and temperature dependence of re- 
sistivity for various solid-solution alloys. This type 
of presentation is not intended to reveal additional 
fundamental information, but it is entirely consist- 
ent with Matthiessen’s rules. For this latter purpose, 
logarithmic plots may be considered on the basis of 
the following equation: 


[5] 


where b represents the residual resistance remain- 
ing at absolute zero. This component is temperature 
independent and is markedly affected by solute ad- 
ditions which introduce centers of distortion to scat- 
ter the electrons and appreciably shorten their mean 
free path.” The a in Eq. 5 modifies the temperature- 
dependent term which represents the thermal scat- 
tering of electrons, is very nearly independent of 
alloying, and is small compared to b. This analysis 
can be quickly evaluated by the inspection of Fig. 8 
for copper and for the 1.68 pct Ag-Cu alloys, but 
there is very little difference between the slope of 
the plots below 10°K. In addition, it can be seen 
from Figs. 8 to 11 that these plots deviate from a 
straight line at temperatures below about 200°K as 
would be expected from Eq. 5. The coefficients of 
Eq. 5 cannot be evaluated from existing data. The 
analyses of these coefficients can be undertaken only 
by measuring the value of a for the pure solvent 
metal, assuming it is independent of composition 
and then evaluating b as a function of composition. 
For the purposes of alloy design and relating prop- 
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Fig. 10—Logarithmic plot of electrical resistivity as a function of 
temperature for silyer and silver alloys. Data from ref. 6. 
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Fig. 11—Logarithmic plot of electrical resistivity as a function of 
temperature for gold and gold alloys. Data from ref. 5. 


erties to composition, the more convenient form of 
Eq. 4 will be used in this paper. 

Data for the electrical resistivity of representative , 
dilute copper, silver, and gold solid-solution alloys 
are plotted logarithmically as a function of tempera- 
ture in Figs. 9, 10, and 11, respectively. If the tem- 
perature exponent of electrical resistivity (7) is 
plotted against the electrical resistivity at 20°C§ 


§ Although electrical resistivity at 20°C is used in these plots, re- 
sistivity at a reduced temperature (a constant fraction of the abso- 
lute melting point of about 0.22) could be used equally well. The 
changes are less than the size of the symbols. This similarity re- 
sults from the relation that large temperature effects are associated 
with dilute alloys with small changes in melting point, while large 
changes in melting point are associated with alloys having small 
resistivity-temperature effects. 


(p) for dilute solid-solution alloys, the product of 
pz is approximately a constant (A) for each solvent, 
e.g., 

pr=A. [6] 


Table VI gives the constant A for various solvents. 
Eq. 6 is also entirely consistent with the rule of 
Matthiessen which states that the product of the re- 
sistance of an alloy and its temperature coefficient 
is essentially constant and equal to the product of 
these values for the pure solvent element.” As 
shown in Fig. 15, this relation forms a straight-line 
plot of slope equal to —1 when the logarithm of p is 
plotted against the logarithm of 7. Plots for such addi- 
tional data as could be located in the literature are 
shown in Fig. 15 with the constants listed in Table VII. 
The constant A may be estimated from the resis- 
tivity of the solvent element, as shown in Fig. 16, 
by using the approximate relationship 


= 1.2 pp [7] 


where p; is the resistivity of the solvent element. 
Alloys of the elements Fe and Ni (7 = 2) do not fol- 
low this approximation. 

Eqs. 6 and 7 are also consistent with Matthiessen’s 
rules. These equations indicate that the temperature 
exponent of a solid-solution alloy depends only on 
the solvent element and the resistivity of the alloy, 
but is independent of the solute element. 

For 1 pct solid-solution alloys, if the change in 
resistivity at 20°C (Ap) compared to the pure sol- 


MAY 1954, JOURNAL OF METALS—599 


8 + Z 
7 
\ | 
6 
| 


T | T T T T T ] 
SILVER ALLOYS 
24 
+ Pd @ In 
E i X Cu A Cd | 
v A Sn Pt 
= 
L 
N 
12h 
= 
= J 
= 
* 

q 
al 
4b 

re) | 1 | | | | 
Seo 2 4 6 8 1.0 12 


TEMPERATURE EXPONENT OF ELECTRICAL 
RESISTIVITY, T 
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Fig. 13—Relation between the temperature exponent of electrical 
resistivity and the electrical resistivity of copper and copper alloys. 
Data from refs. 7, 19, and 21 to 27. 


vent is plotted against the corresponding change in 
temperature exponent (Az), the following relation- 
ship is found: 

pz(—Ar) px(—Ar) 


Ts 


Ap = 


[8] 


where subscript B is for the base element and S for 
the alloy, as illustrated in Fig. 17 for copper alloys. 
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Table VI. Values of A for Ag, Al, Au, Cu 


Solvent Constant A Figure References 
A 1.6 12 6, 
Cu 2.0: 13 7, 21-27 
Au 2.2 14 5 
Al 2.3 15 28 


As shown previously, Ap for 1 atomic pct solute 
addition can be related to the change in lattice 
parameter and to the differences in ionic charge and 
compressibilities according to Eq. 2. It follows, 
therefore, that the temperature exponent of resis- 
tivity also may be related to the atomic character- 
istics of the components of 1 atomic pct solid-solu- 
tion alloys, as follows: 
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Fig. 14—Relation between the temperature exponent of elec- 
trical resistivity and the electrical resistivity of gold and gold 
alloys. Data from ref. 5. 
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Fig. 15—Summary plot of relation between the temperature exponent 
of electrical resistivity and the electrical resistivity of silver, copper, 
gold, aluminum, magnesium, indium, nickel, iron, lead, and titanium 
alloys. 
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Fig. 17—Change in electrical resistivity as a function of the 
change in temperature exponent for 1 atomic pct Cu alloys. 
Data from refs. 7, 9, and 21 to 27. 


This relationship is illustrated in Fig. 18 for copper 
alloys. 

The method of graphically evaluating the effects 
of temperature upon the resistivity of solid-solu- 
tion alloys is intended to present a simple, self-con- 
sistent means for estimating the resistivity of these 
alloys over a wide range of temperatures. This 
method has been found useful in evaluating mate- 
rials for alloy design purposes. These relationships 
are consistent with the present understanding of 
conductivity. 

Summary 

1—The electrical resistivity of dilute solid-solu- 
tion alloys may be related empirically to a squared 
dimensionless parameter involving lattice parame- 
ter, ionic charge, and compressibility. 

2—The electrical resistivity may be considered as 


Table VII. Values of A for Mg, In, Ni, Fe, Pb, Ti 


Solvent Constant A References 
Mg 5.0 29 
In 10.5 29 
Ni 12.0 29, 30 
Fe 18.5 7 
Pb 24.0 
54.0 85 


TRANSACTIONS AIME 


| 
= = 
1% SOLID SOLUTIONS 
IN COPPER 
Sb 
2.0 = 
x 
*sn 
N 
4 
d 
N 
+ 
tin 
PMn 
x 
! 
24 
H 
/ 
| | 
O 2 4 6 8 1.0 


Fig. 18—Change in temperature exponent as a function of the 
change in lattice parameter, and the differences in valency and 
compressibility for 1 atomic pct solutions in copper. 


a logarithmic function of absolute temperature such 
that the product of the temperature exponent and 
the electrical resistivity at 20°C is a constant. This 
constant is characteristic of the base element and 
related to its electrical resistivity at 20°C. Thus, if 
Ap is known for an alloy, its temperature exponent 
may be estimated, provided the properties of the 
pure base element are known. 

3—Empirically, the electrical resistivity of solid- 
solution alloys over a wide range of temperatures 
may be estimated from the atomic characteristics of 
the components. Using LeChatelier-Guertler princi- 
ples, the electrical resistivity of two-phase alloys 
under equilibrium conditions may also be estimated 
from the electrical resistivities of the component 
phases. 

4—-Alloys involving transition elements and be- 
havior below 200°K are not included in these gen- 
eralizations. 
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Investigation of the Grain Coarsening Behavior 


Of Some Aluminum Alloys 


by Harold Bernstein 


Grain coarsening tests were carried out on AI-4.5 pct Cu and 
Al-4.5 pct Si alloys. The effects of three variables, melt composi- 
tion, pour temperature, and mold temperature, were determined. 
It was found that the macrostructure generally coarsened with in- 
creased pour and mold temperatures. Coarsening was extreme in 
the unrefined alloys but was retarded by the active grain refiners 
like titanium and columbium. The effect of boron was spectacular 
in suppressing coarsening tendencies. The results of the investiga- 
tion support the carbide theory of nucleation as opposed to the 


peritectic theory. 


REVIEW of prior work on the subject of grain 
refinement in the light metals indicated that, 
for the most part, it had been concerned with the 
positive effects of addition agents upon structure. 
This work produced various theories of refinement. 
Prominent among them were the peritectic theory 
and the transition element carbide theory. Certain 
inadequacies in the former theory appeared to be 
explained satisfactorily by the transition element 
carbide theory. In order to appraise these theories 
further, a study was undertaken of the permanence 
of grain refinement effects when subjected to ther- 
mal or chemical variations. It was considered that a 
study of this kind would be of practical value, since 
the light metals are exposed to thermal and chemi- 
cal variations in the normal course of foundry oper- 
ations. Accordingly, two alloys of commercial im- 
portance were selected for this investigation, the 
Al-Cu and Al-Si alloys. 


Experimental Procedure and Results 

Raw Materials: The base alloys, Al-Cu and Al-Si, 
were prepared from virgin aluminum and hard- 
eners, induction melted, and pigged for remelting. 
The grain refiners, including titanium, columbium, 
zirconium, and boron, were added as master alloys. 
Analyses of the raw materials and base alloys are 
listed in Table I. 

Melting and Casting Practice: The metals were 
melted in clay-graphite crucibles in a Hevi-Duty pit- 
type resistance furnace, equipped with a Leeds and 
Northrup Micromax Recorder and Controller. After 
melt down of the base alloys, the additions were 
made. For each casting, approximately 80 grams of 
metal were poured into a preheated graphite mold 
held in a transite flask. The mold (Fig. 1) weighed 
320 grams. 
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Discussion on this paper, TP 3755E, may be sent, 2 copies, to 
AIME by July 1, 1954. Manuscript, July 7, 1953. New York Meet- 
ing, February 1954. 

This paper is based on a thesis by Mr. Bernstein submitted in 
partial fulfillment of the requirements for the degree of Master of 
Science in Metallurgy to the University of Maryland. 


TRANSACTIONS AIME 


Table |. Chemical Analyses of Raw Materials and Base Alloys 


Raw Materials Si Fe Cu Al Other 

Aluminum pig 0.09 0.08 0.01 Bal. 

Al-Cu hardener 0.07 50.34 Bal. 

Silicon Bal. 0.6. 

Al-Ti 0.17 0.52 0.03 Bal. 

Al-B 0.08 0.07 Bal. 1.54B 

Al-Zr Bal. 2.03 Zr 

Al-Cb Bal. 0.80 Cb 

Al-Cr Bal. 2.95 Cr 

Al-Be 0.06 Bal. 4.59 Be 
Base 

Alloys Si Fe Cu Mn Mg Zn Al 

Al-Cu 0.17 0.13 4.40 <0.01 <0.01 <0.10 Bal. 

Al-Si 4.30 0.10 <0.01 <0.01 <0.10 Bal. 


To determine the effect of superheat upon struc- 
ture, a set of melts was heated successively to four 
temperature levels, 705°, 775°, 845°, and 915°C, and 
test specimens were cast at each level. Prior to each 
pour, the furnace temperature was held constant for 
20 min. Next, a set of melts was put through a 
superheat cycle and test specimens were cast at melt 
temperatures of 705° and 915°C successively. The 
crucibles then were cooled in air to 705°C as deter- 
mined by immersion thermocouple and additional 
test specimens were poured. The cooling interval 
was approximately 1 min. Another set of melts was 
furnace cooled with the cover slightly ajar and test 
specimens cast as before. The interval in this case 
was 15 to 20 min, varying with the superheat tem- 
perature. The mold temperature for all these tests 
was 400°C. 

To determine the effect of cooling rate without 
superheat upon structure, a set of melts was heated 
to 705°C, and castings were poured at mold tem- 
peratures of 205°, 400°, and 540°C. An interval of 
15 min elapsed between each pour. Mold tempera- 
tures were measured by a direct reading millivolt- 
meter, using a chromel-alumel thermocouple located 
at midwall thickness of the mold. 

To demonstrate the phenomenon of chemical 
coarsening, agents such as chromium and beryllium, 
which had acted as coarseners in a previous investi- 
gation,’ were added to the Al-Cu alloy. Test speci- 
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Fig. 1—Transite flask, split graphite mold, and aluminum alloy 
casting used for grain size determinations. X1. Area reduced ap- 
proximately 85 pct for reproduction. 


mens were cast at a melt temperature of 705° and a 
mold temperature of 400°C. 

Specimen Preparation and Grain Size Measure- 
ment: A section % in. long was cut from the small 
end of each casting and faced off at the cut. The 
machined face was ground on a belt surfacer and 
then polished on 0, 00, and 000 Emery papers. The 
Al-Cu specimens were etched in 20 pct NaOH fol- 
lowed by a wash in dilute HNO;. The Al-Si speci- 
mens were etched in aqua regia with 1 pct HF. 

The grain sizes were measured using a bench 
microscope equipped with 48 mm objective and the 
standard ASTM grain size eyepiece. Average grain 
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diameter in inches was reported for the equiaxed 
structures. For the columnar structures, width of 
grain in inches was reported. The grain size, analy- 
sis, and thermal record of the various specimens are 
listed in Tables II and III. The variations in struc- 
ture of Al-Cu alloy specimens prepared at several 
melt temperatures are illustrated in Fig. 2. The effect 
of melt temperature and composition upon grain size 
is shown graphically in Fig. 3 for the Al-Cu alloy 
and in Fig. 4 for the Al-Si alloy. 

Determination of Relative Rates of Cooling: To 
establish the relative magnitudes of the cooling 
rates, test specimens of high purity aluminum 
(99.997 pet) were prepared under the various con- 
ditions described above. They are listed in Table IV 
in order of increasing fineness of columnar grains. 


Discussion of Test Results 

The act of superheating may affect structure in 
two ways: one, associated with the elevated tem- 
perature itself, and the other with the rate of cooling 
from that temperature. To distinguish between the 
two, cooling rate tests without superheat were made 
by varying the mold temperature. In addition, the 
cooling rates after superheating must be compared 
with those which applied without superheat. This 
was done by noting the changes produced by these 
variables in the structure of high purity aluminum. 
This material is known to be sensitive to cooling 
rate variations prior to solidification but not to 
superheating.” In this way, the following order of 
cooling rates was obtained: the slowest rate applies 


915°C 


Fig. 2—Effect of melt temperature upon structure of the Al-Cu allo : i 
fs y. Top: base metal; middle: +-0.20 
pet Ti; and bottom: +0.05 pct B. X3. Area reduced approximately 50 pct for reproduction, 3 
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Table Il. Grain Size Results, in Inches, in Superheat Tests. 


Mold Temperature 400°C. 


Columnar 


Melt Temperature, °C 


Air Furnace 


Addition, Cool Cool 
Wt Pct 705° 475° 845° 915° to 705° to 705° 
Al-Cu Alloy 
None 0.037 0.037* 0.052* 0.10* 
0.20 Ti; 0.011 0.019 0.022 0.031 
0.05 By 0.016 0.019 0.019 0.016 
0.25 Cb 0.013 0.026 0.037 0.037 
0.14 Zr+ 0.031 0.037* 0.052* 0.074* 
0.20 Zr 0.016 0.052 0.074 — 
None 0.037 — — 0.10* 0.052 
0.24 Ti 0.009 — — 0.031 0.009 
None 0.037 — 0.037* 0.037 
0.20 Ti 0.011 — 0.022 0.011 
Al-Si Alloy 
None 0.052 0.037* 0.037* 0.052* 
0.15 Tit 0.016 0.022 0.026 0.026 
0.05 By 0.009 0.011 0.011 0.011 
0.28 Zr 0.016 0.037 0.052 — 
None 0.052 — — 0.074* 0.074 
0.20 Ti 0.016 — — 0.026 0.016 
* Columnar grain. All others equiaxed. 
+ Chemical analysis. All others nominal. 
Table III. Grain Size Results, in Inches, in Cooling Rate 
and Chemical Coarsening Tests 
Cooling Rate Tests. Melt Temperature, 705°C 
Mold Temperature, °C 
Addition, 
Wt Pct 205° 400° 540° 
Al-Cu Alloy 
None 0.037 0.037 0.044 
0.24 Ti 0.009 0.009 0.013 
0.05B 0.013 0.016 0.016 
Al-Si Alloy 
None 0.052 0.052 0.074 + 0.052* 
0.15 Ti 0.013 0.016 0.016 


Chemical Coarsening Tests. Melt Temperature 705°C, 
Mold Temperature 400°C 


Addition, Wt Pct Average Grain Diameter 


Al-Cu Alloy 
None 0.037 
0.07 Be 0.037 
0.14 Be 0.044 
0.05 Cr 0.037 
0.044 


* Columnar grain. All others equiaxed. 


in the case of the superheated mold, followed by the 
superheated metal, standard practice, and cool mold. 
The standard melt temperature was approximately 
50°C above the liquidus temperature of the binary 
alloys. 

Three types of grain coarsening behavior were ob- 
served in response to superheating. They were com- 
mon to both alloys. The first type involved the 
change of equiaxed to columnar grains and with one 
exception was limited to the unrefined base alloys. 
The exception will be discussed later. This change 
occurred with the first increment of superheat. Ad- 
ditional increments simply coarsened the columnar 
structure which is attributed to the slower rate of 
cooling from the higher temperature. The columnar 
structure is typical of the elementary metal which 
possesses neither concentration gradients nor nu- 
cleating impurities to make it equiaxed. The equi- 
axed structure of the Al-Cu alloy was only slightly 
changed by the variations in cooling rate as deter- 
mined by mold temperature. It may be inferred that 
superheating the Al-Cu base alloy eliminated the 
nucleating impurities which helped produce the 
original equiaxed structure. The Al-Si alloy de- 
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Equilaxed 


0.07 / / 


0526-Z 
+ 0.14 /Zr 
0.03 or 


0.06 


0.05 


Average Grain Diameter, Inch 


/ 
0.02 
0.01 
705 760 815 870 925 


Temperature °C 


Fig. 3—Effect of melt temperature upon the grain size of the Al-Cu 
alloy with various additions. 


veloped a mixed columnar and coarse equiaxed 
structure in response to the decrease in cooling rate 
without superheat. Its entirely columnar structure 
after superheating then must be ascribed to both the 
elimination of nuclei and the subsequent decreased 
cooling rate from the high temperature. 

The second type was marked by a coarsening of 
structure, l.e., an increase in grain diameter while 
retaining the equiaxed characteristics. Alloys con- 
taining additions of titanium and columbium ex- 
hibited this type of behavior. A theory has been ad- 
vanced that these elements form stable carbides of 
simple formula and structure which act as nuclei in 
the melt.* The nuclei are essentially impurities and 
break down upon superheating, producing a coarser 
structure. The cycling tests showed that slower 
cooling rates from the superheat temperature to the 
standard temperature regenerated the fine grain 
size; hence regenerated the nuclei. The base alloys 
(unrefined) acted in the same way upon cycling, 
and one may speculate that the nuclei in these al- 
loys are traces of the carbides of titanium, colum- 


Table IV. Test Specimens of Aluminum 


Pour Tempera- Mold Tempera- 


ture, °C ture, °C Description 
Coarse 705 540 Superheated mold 
845 400 Superheated metal 
705 400 Standard practice 
Fine 705 205 Cool mold 
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Columnar 


Equiaxied 
0.07 


Base 


0.05 


0.04 


Average Grain Diameter, Inch 
to 
\ 


0f 15 
rO.02 
-O.01 + 0,05 B 


705 760 815 870 925 


Temperature °C 


Fig. 4—Effect of melt temperature upon the grain size of the Al-Si 
alloy with various additions. 


bium, or any of the transition elements which meet 
the requirements for nucleation.’ The refined alloys 
were impervious to cooling rate variations which is 
in line with the results just described. 

The third type of behavior was observed in alloys 
containing boron. It was characterized by an al- 
most complete insensitivity to superheating and, of 
course, to variations in cooling rate. While this may 
be considered a limiting condition of the second 
type, the mechanism of nucleation appears to be 
entirely different. Now, boron is not a transition 
element nor does it undergo a peritectic reaction 
with aluminum. In this case, however, nucleation 
seems to be based on the principal melt constituents 
and not on impurities in the melt. It has been sug- 
gested® that in the case of boron additions to alumi- 
num, the nuclei form from the intermetallic com- 
pound AI1B,. This compound occurs at very low con- 
centrations of boron because of the proximity of the 
AI-B eutectic to the 100 pct Al ordinate. Thus the 
nuclei dissolve on melting and precipitate on freez- 
ing regardless of melt history, constituting a com- 
pletely reversible system. In addition, the inter- 
metallic compound A1B, meets the requirements for 
nucleation referred to previously. 

Sufficient amounts of titanium and columbium 
were added to obtain optimum grain refinement. In 
the case of zirconium, two concentrations were used 
in order to illustrate the threshold effect which dis- 
tinguishes the behavior of this element. This effect 
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has been reported in previous investigations,”* in 
which the grain refinement obtained by additions 
of titanium and columbium was found to be pro- 
portional to the amount added. The addition of 0.14 
pet Zr by weight produced little refinement and had 
no effect on the coarsening tendency of the Al-Cu 
alloy. The addition of 0.20 pet Zr by weight pro- 
duced marked refinement and substantially reduced 
the susceptibility to coarsening. While zirconium is 
a transition element which forms a simple stable 
carbide, its refining characteristics are at variance 
with those of titanium and columbium. 

The threshold effect has been identified with the 
onset of a peritectic reaction’ which is common to 
many of the constitution diagrams of aluminum and 
the grain refining elements. In this reaction, the 
initial solid formed on cooling is an aluminide which 
is presumed to nucleate the melt. If this were so, 
the behavior of zirconium would parallel that of 
boron. However, zirconium-refined melts exhibited 
significant coarsening when superheated. Further, 
ZrAl, does not meet the standards set up for nu- 
cleation. It appears that the grain refining power of 
zirconium below its threshold concentration is at- 
tenuated by some mechanism as yet obscure. Above 
this concentration, it behaves like titanium or co- 
lumbium. 

The additions of chromium and beryllium to the 
Al-Cu alloy had no effect on the structure. Coarsen- 
ing by these and other elements was reported in a 
previous investigation’ and by other investigators.* 
One may speculate again that the effect of these 
additions in previous investigations was to form in- 
effective compounds at the expense of the effective 
ones, i.e., chromium carbide in place of titanium 
carbide. The absence of chemical coarsening in this 
investigation is attributed to impurity differences in 
the raw materials. 

In closing, it should again be pointed out that the 
basic difference between the peritectic theory and 
the carbide theory is that the former identifies the 
nuclei as equilibrium constituents; the latter, as 
impurities. The transitory nature of the refine- 
ment associated with the transition elements tita- 
nium and columbium indicates that the nuclei are 
impurities. The effect of boron additions clearly 
demonstrates the type of behavior which may be 
expected when the nuclei are equilibrium constitu- 
ents. The results of this investigation, almost with- 
out exception, support the transition element car- 
bide theory of nucleation. 
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475°C (885°F) Embrittlement in Stainless Steels 


by A. J. Lena and M. F. Hawkes 


Changes in hardness, tensile properties, microstructure, electrical 
resistance, and X-ray diffraction effects indicate that lattice strains 
are necessary for the embrittlement of ferritic stainless steels when 


heated for relatively short times at 475°C (885°F). 


It is suggested 


that 475°C (885°F) embrittlement is due to the accelerated forma- 
tion of an intermediate stage in the formation of co under the influ- 


ence of these strains. 


ERRITIC stainless steels (low carbon alloys of 

iron with more than 15 pet Cr) are subject to 
two forms of embrittlement when heated in the tem- 
perature range of 375° to 750°C. The embrittlement 
which occurs after long time heating between 565° 
and 750°C is well understood; it is caused by the 
precipitation of the hard, brittle o phase. Sigma is 
an intermetallic compound of approximate equi- 
atomic composition with an extended range of for- 
mation in Fe-Cr alloys. The maximum temperature 
at which this form of embrittlement can occur is 
dependent upon chromium content; and is approxi- 
mately 620°C for a 17 pct Cr steel and 730°C for a 
27 pet Cr steel. The other form of embrittlement 
occurs after relatively short heating periods in the 
range of 375° to 565°C; in the higher chromium 
steels, hours may be sufficient as compared to months 
for o embrittlement. This phenomenon is not at all 
well understood and several controversial theories 
have been proposed. The rate and intensity of 
embrittlement increase with increasing chromium 
content but the maximum rate occurs at 475°C re- 
gardless of chromium content. As a result of this, 
the phenomenon has been termed 475°C (885°F) 
embrittlement. 

The effect of 475°C embrittlement on the proper- 
ties of ferritic stainless steels has been thoroughly 
reviewed by Heger.’ The embrittlement causes a 
pronounced decrease in room temperature impact 
strength and ductility, a large increase in hardness 
and tensile strength, and a decrease in electrical 
resistivity and corrosion resistance. Microstructural 
changes accompanying embrittlement are minor and 
difficult to interpret with a general grain darkening, 
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appearance of a lamellar precipitate, grain boundary 
widening, and precipitation along ferrite veins hav- 
ing been reported at various times. With the excep- 
tion of reported line broadening, X-ray diffraction 
studies by conventional Debye analysis of solid sam- 
ples have been of little value. By making use of 
electron diffraction methods, Fisher, Dulis, and Car- 
roll’ have recently shown the existence of a chromi- 
um-rich, body-centered cubic phase in 27 pct Cr 
steels which had been aged at 482°C (900°F) for as 
long as four years. 

Two types of theories have been advanced to 
account for the embrittlement. The first of these 
requires the precipitation of a phase not inherent in 
the Fe-Cr system with various investigators suggest- 
ing a carbide,’ nitride,’ phosphide,’ or oxide.” Theo- 
ries of this type have difficulty accounting for the 
influence of alloying elements on the embrittlement 
and for the facts that a minimum chromium content 
is necessary for embrittlement and the intensity of 
embrittlement increases with increasing chromium 
content. 

The second type of theory that has been proposed 
relates 475°C embrittlement to o phase formation 
which is inherent in the Fe-Cr system. An assump- 
tion of this kind can adequately explain the influence 
of alloying elements, for they exert an effect on 
475°C embrittlement similar to that on o phase for- 
mation as can be seen in Table I. The minimum 
chromium content is essentially the same for both 
phenomena and it has been shown™ ”™ that o is a 
stable phase in the embrittling temperature range. 
In addition, it has been reported” ” that pure alloys 
embrittle to the same extent as commercial type 
alloys. There are, however, several factors which 
have prevented complete acceptance of a o phase 
theory. Foremost of these is that the embrittlement 
can be removed by reheating for short time periods 
above 600°C, which in the higher chromium steels 
is within the stable o region. No o has ever been 
observed after one of these curing treatments, nor 
has any o been found as a result of embrittlement 
at 475°C. In addition, the simple precipitation of o 
cannot explain the time-temperature relationships 
for reactions between 350° and 750°C. This behavior 
is shown schematically in Fig. 1. Newell" and Ried- 
rich and Loib’ have shown that 475°C embrittlement 
follows a C-type curve as illustrated, while Short- 
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Fig. 1—Time-temperature dependence of o phase formation and 
475°C embrittlement in high chromium steels (schematic). 


sleeve and Nicholson" have presented a similar 
curve for o formation. In regard to pure alloys, 
Hochman" has shown that alloys melted in vacuum 
embrittle at a slower rate than alloys melted in air, 
and that the addition of small amounts of nitrogen, 
carbon, and oxygen increased the rate of embrittle- 
ment although the rate did not continue to increase 
with increasing amounts of each of these elements. 

This paper is concerned with the results of an 
investigation of 475°C embrittlement in a high 
purity 28 pct Cr alloy and a 31 pct Cr commercial 
type alloy. The embrittlement has been studied by 
observation of changes in microstructure, hardness, 
tensile properties, electrical resistivity, and X-ray 
diffraction effects. 


Experimental Procedure 


The compositions of the two alloys used in this 
investigation are given in Table II. The high purity 
alloy was prepared by the Union Carbide and Car- 
bon Research Laboratories, Electrometallurgical 
Div., by vacuum melting electrolytic iron and elec- 
trolytic chromium in a magnesia crucible. A small 
Y% in. diameter hot rolled bar was available. The 
commercial type alloy was induction melted and was 
provided by the Allegheny Ludlum Steel Corp. 
Both of the alloys were intentionally made high in 
chromium to insure good response to 475°C embrit- 
tlement. 

The general plan followed throughout this work 
was to observe the changes in hardness, microstruc- 
ture, tensile properties, electrical resistivity, and 
X-ray diffraction effects which occurred in these 
alloys after aging at both 475° and 650°C. This 


Table |. Influence of Alloying Elements on the Rate and Intensity 
of 475°C Embrittlement and Sigma Phase Formation 


Sigma Phase 


Element 475°C Embrittlement Formation 
Cr Marked increase‘ Marked increase® 
C No effect or decreases 
slightly* Decreases? 
N No effecté Uncertain’ 
Si Marked increase® Marked increase® 
Mo Marked increase® Marked increase’ 
Al Increases® Increases7,10 
Increases! Increases’ 
Cb Increases* Increases’ 
Mn Depends on balance* Increases" but probably 
depends on balance 
Ni Depends on balance’ Depends on balance’ 
Pp Increases®& Increases? 
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latter temperature was approximately that of maxi- 
mum rate of gross o formation. All samples were 
annealed first at 1100°C with the exception of the 
tensile specimens which, because of excessive grain 
coarsening at 1100°C with resultant low ductility, 
it was necessary to anneal at 900°C. All annealing 
and aging was done in an inert atmosphere of puri- 
fied argon. 

Conventional mechanical polishing was used in 
the preparation of samples for metallographic ex- 
amination and hardness measurements. A large 
number of standard etchants, both chemical and 
electrolytic, were employed, but during the course 
of the investigation it was found that best results 
could be achieved by etching for a short time in a 
boiling 50 pet hydrochloric acid solution. Further 
work has indicated that this etchant might be useful 
as a general structural etchant for stainless steels of 
all types. Hardness measurements were made on a 
standard Vickers hardness machine with a 136° 
diamond pyramid indentor and a 10 kg load. 

Two series of electrical resistance measurements 
were made; one at the aging temperature and the 
other at room temperature. The latter was neces- 
sary because the time required to heat the apparatus 


Table II. Composition of Alloys 


Alloy Cc Mn Si Cr No Pp 
High purity 0.015 — — 28.17 0.002 —_— 
Commercial type 0.064 1.13 0.97 31.64 0.063 0.015 


and specimen to the aging temperature was too long 
to allow studying the effect of short aging times. 
The X-ray investigations included the following 
three methods: 

1—Debye analysis of bulk samples and residues 
extracted by electrolysis in a 10 pct ferric-chloride 
solution. 

2—Laue back-reflection method employing single 
crystals with tungsten radiation for the detection of 
strain asterism. 

3—Rotating crystal, oscillating crystal, and sta- 
tionary Laue transmission techniques employing 
single crystals and chromium radiation for the de- 
tection of diffuse scattering as described by Geisler 
and Hill.” 

Results with Pure Fe-Cr Alloy 


Samples from the hot rolled bar showed a marked 
propensity to embrittle as shown by a larger increase 
in hardness after aging at 475°C. Subsequent an- 
nealing in argon at 1100°C reduced this tendency to 
embrittle to a considerable extent. The hardness 
increase after 100 hr at 475°C in the annealed condi- 
tion was only 28 VHN, whereas the increase was 122 
VHN when aged after hot rolling. These data are 
given in Table III. 

These results indicate that the initial condition of 
the alloy prior to aging has an important effect on 
the rate at which the alloy embrittles when aged at 
475°C. This was studied in more detail by hot roll- 
ing the bar at 1100°C to a small % in. thick sheet. 
Sections of this sheet were subsequently annealed 
for 14% hr at 1100°C in air and then cold worked 33 
and 66 pct. Samples in each of these four conditions 
(hot rolled, annealed, and cold rolled 33 and 66 pet) 
were aged for various times at 475°C after which 
the hardness was measured. The aging data have 
been plotted in Fig. 2 where it can be seen that the 
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Fig. 2—Effect of initial condition on the changes in hardness 

of the high purity alloy after aging at 475°C. 


initial treatment exerts a profound effect on the rate 
at which the alloy embrittles. 

As a result of this experiment, it appears that the 
embrittlement of pure alloys requires the presence 
of lattice strains. Although the maximum hardness 
was observed in cold rolled samples, they were 
harder prior to aging so that the maximum hardness 
increase after aging was found in the hot rolled 
sample. (That residual stresses are present in the 
hot rolled material is shown by the fact that the 
grains are elongated in the direction of rolling and 
recrystallization occurs when annealed after rolling. 
In the true sense of the word, this is not hot rolling 
but is a common occurrence in so-called hot rolled 
stainless steel.) This indicates that although stresses 
are necessary for extensive embrittlement in short 
times, the amount of stress required does not have 
to be large. The small increase in hardness of an- 
nealed samples after aging may be due to the pres- 
ence of thermal stresses introduced by quenching 
from 1100°C after annealing. 

Previous reports of the embrittlement of pure 
alloys can be attributed to the fact that the 
alloys were strained prior to aging. The straining 
necessary for embrittlement can be achieved by 
external deformation including hot working of the 
type previously mentioned, or it may be achieved by 
the precipitation of a nitride phase which may arise 
from nitrogen absorption if the alloys are annealed 
and aged in air. Becket” reports that pure alloys 
become brittle if annealed and aged in air, but he 
observed that a sample which had been annealed in 
vacuum did not embrittle after aging at 475°C. It 
will be shown later that the precipitation of a nitride 
phase effectively strains the lattice such that embrit- 
tlement can occur without the application of external 
strains. This effect was found in pure alloys which 
were aged at 475°C in air after an 1100°C anneal. 
The absorption of nitrogen is indicated by the pres- 
ence of nitride needles in the microstructure of aged 
samples. A similar effect was also observed by 


Table III. Hardness of the Pure 28 Pct Cr Alloy Aged at 475°C 


Condition VHN 
As received, hot rolled 208 
As received plus 100 hr at 475°C 330 
Annealed 22 hr at 1100°C 149 
Annealed plus 100 hr at 475°C 177 
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Offenhauer.” This nitride phase is identical with 
that found in commercial type alloys containing 
nitrogen as will be described. 

No significant difference in the microstructure of 
the annealed material after aging was observed, but 
evidence of precipitation was found in the samples 
which had been deformed prior to aging, Fig. 3. 
Although the apparent amount of precipitate in the 
aged 66 pct cold rolled material is very large, X-ray 
analysis of bulk samples by the Debye method failed 
to show the presence of any phase other than ferrite. 
In addition, the aged material was dissolved by elec- 
trolysis in a 10 pct FeCl, solution and, although the 
method has been shown to be adequate for the con- 
centration of o, carbides, and nitrides, no new phase 
which could be attributed to aging was detected. 
The X-ray pattern of the extracted residues of the 
66 pct cold rolled material both before and after 
aging for 100 hr at 475°C contained strong ferrite 
lines from matrix contamination and weak Cr.O; 
lines from the inclusions in the steel. Thus a con- 
dition exists in which the microstructure indicates 
the presence of a large amount of a precipitated 
phase which cannot be confirmed by X-ray analysis 
in spite of efforts to concentrate the phase by elec- 
trolytic dissolution. Such a condition could exist if 
the precipitate were not sufficiently developed to 
produce three dimensional diffraction, or if the 
microstructural change were due to the selective 


* 


a—Cold rolled 33 pct plus 211 hr at 475°C. 


PALOMA 


b—Cold rolled 66 pct plus 211 hr at 475°C. 


Fig. 3—High purity 28 pct Cr alloy. Etchant, boiling 50 pct HCI. 
X500. Area reduced approximately 40 pct for reproduction. 
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Fig. 4~-Changes in hardness of polycrystalline and single-crystal 
specimens of the 31.6 pct Cr alloy after aging at 475°C. 


etching of regions different in composition from the 
matrix which might arise prior to the precipitation 
of a second phase. It is logical to assume that this 
second phase would be ao, since it is the only inter- 
mediate phase found in pure Fe-Cr alloys, and the 
composition of this alloy is such that o is a stable 
phase at low temperatures. 

Since o formation has often been associated with 
475°C embrittlement, it was believed advisable to 
compare the property changes which occur as a 
result of aging at a temperature equivalent to that 
of maximum rate of gross « formation, with those 
observed after aging at 475°C. It was expected that 
this procedure, which has been followed throughout 
the research, would aid in establishing a reason for 
the differences in the rates of embrittlement at the 
two temperatures. In contrast to the behavior of the 
66 pct cold rolled material aged at 475°C where the 
hardness increased continuously with increasing 
time, the hardness began to decrease immediately 
upon aging at 650°C and reached a low value of 146 
VHN within 20 min. No further change was ob- 
served in the total aging time of 96 hr. Microscopic 
examination showed that the material had started 
to recrystallize within 10 min and was completely 
recrystallized within 1 hr. No o was observed in any 
of the samples aged at 650°C. 


Results with 31.6 Pct Cr Commercial Type Alloy 

Hardness: In order to determine if 475°C embrit- 
tlement is caused solely by a grain boundary pre- 
cipitate, single crystals of the 31.6 pct Cr alloy were 
prepared by the strain-anneal method. Since the 
presence of carbides restricts grain growth, the ma- 
terial was first decarburized in moist hydrogen for 
one week at 900°C, which succeeded in reducing the 
carbon content from 0.064 to less than 0.020 pct. 
Single crystals approximately % in. long and % in. 
in diameter were obtained by straining 2% pct in 
tension and annealing for 72 hr at 900°C. The single 
crystals were cut out of the tensile bar and along 
with small disk specimens of the nondecarburized 
polycrystalline material were annealed for 24 hr at 
1100°C in argon after which both types of samples 
were aged at 475°C. 

The effect of aging time at 475°C on the room 
temperature hardness of the 31.6 pct Cr alloy is 
shown in Fig. 4, where it can be seen that both the 
single-crystal and polycrystalline specimens harden 
to a large extent. Although the initial rate is slightly 
greater in the polycrystalline material, both types of 
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material approach the same hardness after long 
aging times. Since the single-crystal specimens em- 
brittle, it can be concluded that 475°C embrittlement 
is not due solely to a grain boundary precipitate. In 
view of the large difference in carbon content of the 
single and polycrystalline samples, it can also be 
concluded that the precipitation of a carbide is not 
instrumental in causing embrittlement of commer- 
cial alloys. 

In contrast to the behavior of the pure alloy, it is 
seen that the commercial alloy is subject to severe 
embrittlement when aged after annealing; the intro- 
duction of external strains is not necessary. Further- 
more, the commercial alloy requires an incubation 
period of at least 45 min before the embrittlement 
begins. This is shown in the inset of Fig. 4, where 
aging time is plotted on an expanded scale. 

Polycrystalline specimens of the 31.6 pet Cr alloy 
were aged at 650°C, where no hardness increase was 
observed as a result of aging for times as long as 40 
days. This was so in spite of the presence of small 
amounts of grain boundary o which were found in 
samples aged for more than 30 days. In order to 
study the influence of o formation on hardness in a 
more thorough manner, an alloy containing 25 pct 
Cr and 5 pct Si, which is capable of forming large 
amounts of o in short times, was prepared. It was 
found that no hardness increase occurred prior to 
the actual start of the formation of o on a gross scale 
which required about 3% hr. The increase in 
hardness could be correlated with the amount of co 
as determined metallographically or by X-ray, indi- 
cating that the hardness increase is that caused by 
the dispersion of a hard second phase. This fact has 
previously been reported by Gilman.’ 

Tensile Properties: The influence of aging time at 
475°C on the room temperature tensile strength and 
percent elongation in 1 in. is shown in Fig. 5, where 
the results from the present investigation can be 
compared with those of Newell™ on a 27 pct Cr alloy. 
Since Newell did not investigate the effect of aging 
times of less than 10 hr, his data show a continuous 
decrease in percent elongation with increasing aging 
time. In this investigation, it was found that a time 
lapse of at least 45 min was required before the duc- 
tility began to decrease. This is shown more clearly 
in Fig. 6, where the ductility data are plotted on an 
expanded time scale. It has thus been shown that 
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Fig. 5—Changes in room temperature tensile strength and elonga- 
tion of the 31.6 pct Cr alloy after aging at 475°C. Data from this 


investigation are compared with those of Newell. on 27 pet Cr 
steels.”° 
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475°C embrittlement of the 31.6 pct Cr alloy requires 
an incubation period. This is true whether the cri- 
terion for embrittlement is an increase in hardness 
or a decrease in a ductility property such as the per- 
cent elongation in tension. 

The tensile strength and ductility of the 31.6 pct 
Cr alloy did not undergo any significant change after 
aging at 650°C for as long as three weeks although 
some discontinuous grain boundary o was present. 
It was observed that o formed more rapidly in this 
alloy after the 900°C annealing treatment as em- 
ployed in the case of the tensile tests, than when the 
annealing temperature was 1100°C. 

Electrical Resistance: The effect of aging at 475°C 
on the electrical resistance of the 31.6 pct Cr alloy 
was determined by making measurements at both 
the aging temperature and room temperature. When 
measured at the aging temperature, a continual de- 
crease in resistance was found, Fig. 7. This decrease 
has been described previously by Riedrich and Loib‘ 
who neglected the early portion of the aging curve 
by studying samples which had been aged in excess 
of 50 hr. In this investigation, a study of the effects 
of short aging times by making room temperature 
measurements on a series of specimens was quite 
fruitful, and it was found that the electrical resist- 
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Fig. 6—Changes in percent elongation in tension of annealed 
31.6 pct Cr alloy after aging at 475°C. 


ance undergoes a relatively large increase before the 
decrease which is characteristic of 475°C embrittle- 
ment. This is shown in Fig. 8. There is an initial 
slight decrease which may be associated with the 
precipitation of chromium carbide after which the 
resistance begins to increase and reaches a maxi- 
mum at approximately 1 hr. It has been previously 
shown that the embrittlement does not begin imme- 
diately upon aging, but requires a time lapse of from 
45 min to 1 hr. Therefore, prior to the actual em- 
brittlement, the electrical resistance increases where- 
as the embrittlement itself is characterized by a 
decrease in resistance. 

In order to determine if the initial increase in 
electrical resistance is caused by a straining of the 
lattice, a study of strain asterism by the Laue back- 
reflection method was performed. In order to elimi- 
nate extraneous surface effects, all photograms were 
made on one sample which was aged a number of 
times by sealing the specimen in a glass tube con- 
taining purified argon prior to aging. It was possible 
in this manner to take the photograms after a num- 
ber of aging treatments without touching the surface 
after its initial preparation. 

The back-reflection study confirmed the electrical 
resistance results in that an increase in strain aster- 
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Fig. 7—Changes in electrical resistance of the 31.6 pct Cr alloy 
during aging at 475°C. 


ism was present after aging at 475°C for time periods 
of less than 1 hr. The maximum amount of asterism 
was observed in the sample aged for 55 min and a 
decrease in asterism with longer aging times was 
noted. Photograms were made after a large number 
of aging treatments; however, only three are pre- 
sented in this paper, Figs. 9 to 11. 

The property changes which have been described 
now provide a partial picture of the aging process in 
the 31.6 pct Cr steel. An incubation period of nearly 
1 hr is required before embrittlement is initiated as 
shown by an increase in hardness or a decrease in 
ductility in tension. During this incubation period, 
the lattice is strained but no significant change in 
hardness or ductility is observed. The decrease in 
resistance after the incubation period is due to both 
the relief of strains and to matrix depletion of some 
solute element. That this latter effect must be con- 
sidered is shown by the fact that the electrical resist- 
ance after embrittlement becomes less than it was 
prior to aging. No evidence has been presented yet 
to show what causes these changes in properties; 
however, it is most logical to assume that the matrix 
depletion involves the loss of chromium, not only 
because of the type of alloy, but because of the well 
established fact that the general corrosion resistance 
is lowered as a result of 475°C embrittlement. 

Electrical resistance and back-reflection studies 
also were made on samples aged at 650°C and, as 
was the case with the hardness and tensile proper- 
ties, aging at 650°C produced no change. 
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Fig. 8—Changes in electrical resistivity of the 31.6 pct Cr alloy 
after aging at 475°C. 
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Fig. 9—Laue back-reflection photogram of 31.6 pet Cr alloy an- 
nealed 24 hr at 1100°C. 


Fig. 10—Laue back-reflection photogram of 31.6 pct Cr alloy an- 
nealed 24 hr at 1100°C and aged for 55 min at 475°C. 


Fig. 11—Laue back-reflection photogram of 31.6 pct Cr alloy an- 
nealed 24 hr at 1100°C and aged for 181 hr at 475°C. 


Microstructure: In an effort to determine the 
reason for the property changes which occur as a 
result of aging the 31.6 pct Cr alloy at 475°C, an 
investigation of the microstructure and further X- 
ray studies were made. A Widmanstaetten-type 
precipitate which had the characteristic appearance 
of a nitride phase was observed early in the aging 
process. The phase was present after: only: 10 min at 
475°C and was extensively developed after 1 and 
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10 hr as can be seen in Fig. 12. In order to show the 
presence of this phase, it was necessary to etch 
either with standard electrolytic etches for stainless 
steels (concentrated nitric acid, 10 pct oxalic acid, 
or 10 pct ammonium persulphate) or with a boiling 
50 pet HCl solution. Conventional nonelectrolytic 
etches for stainless steels such as aqua regia and 
glycerine, mixed acids and Murakami’s solution 
were not capable of developing this structure. The 
effect of etching reagents and a close examination 
of the structure after longer etching times and at 
high magnification leads to the conclusion that the 
ability to observe this phase is due to an etching 
effect which left grooves in the place of the precipi- 
tate. Dijkstra” observed a similar effect in Fe-N 
alloys where the thickness of the nitride plates was 
calculated to be of the order of 10A. Since the plates 
showed up so markedly, he concluded that this must 
be an etching effect which is probably due to the 
fact that a large region around the precipitate is in 
a state of high internal strain caused by the pre- 
cipitate itself. 

The precipitate was not always of a pronounced 
Widmanstaetten type; sometimes it appeared 
lamellar or wavy and sometimes as a general pre- 
cipitate which gave a darkened appearance to the 
grain, particularly at low magnification. All three 
forms of precipitation could be seen in a single 
sample and no explanation as to the reason for 
these different modes of precipitation can be offered. 
These structures are shown in Fig. 13. Previous in- 
vestigators’® have reported a lamellar precipitate 
or general grain darkening; it appears as though 
the nitride precipitate can account for both of these. 
The same type of Widmanstaetten precipitate was 
found in a commercial-type 446 stainless steel which 
had been annealed at 1100°C and subsequently aged 

In order to confirm the presence of the nitride by 
X-ray analysis, it was first necessary to concentrate 
the precipitate by electrolysis in a 10 pet FeCl, solu- 
tion, since Debye analysis of the solid sample showed 
nothing other than broadening of the ferrite lines in 
the embrittled samples. Because of the similarity in 
interplanar spacings of the various nitrides, it is not 
possible to state the exact composition of the nitride 
phase except that it is a Cr.N or Fe.N type. In ad- 
dition to the nitride lines on the Debye pattern, 
lines for chromium carbide (Cr.,C,) and ferrite 
were present. 

Diffuse Scattering Effects: Suitable X-ray tech- 
niques for the detection of precipitate particles in 
an early stage of development have been described 
by Geisler and Hill.” 

A single crystal which had been annealed for 24 hr 
at 1100°C and aged for 400 hr at 475°C was pre- 
pared by polishing and etching to a thickness suit- 
able for X-ray transmission work. Although the 
alloy is embrittled completely after this treatment, 
there was no indication of any new phase or of any 
lattice straining in the Laue photograms (molybde- 
num radiation) of the sample oriented with the 
[100] direction perpendicular and parallel to the 
beam. However, when rotated about the [100] axis 
and employing unfiltered chromium radiation, dif- 
fuse scattering was observed about the (110) and 
(200) lattice points. Because of the ease of posi- 
tioning the sample, the (200) matrix reflection was 
chosen for further study. For this purpose station- 
ary photograms were taken at. 2° intervals about a 
position 52.5° from [100] and with [100] vertical. 
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Fig. 12—31.6 pct Cr alloy showing nitride precipitation. Etchant, boiling 50 pct HCI. X500. 


The diffuse scattering observed at these positions is 
shown in Fig. 14. When the crystal was positioned 
4° on either side of the (200) spot, neither the ma- 
trix spot nor any streaking was observed. 

The diffuse scattering on the X-ray photograms 
of the embrittled 31.6 pct Cr alloy has been inter- 
preted as an indication of the presence of a precipi- 
tate in an early stage of development. The exact 
nature of the precipitate in this stage is uncertain 
and further refinements are required. Geisler and 
Hill” believe that diffuse scattering of the type re- 
ported in this paper is due to the presence of a pre- 
cipitate which has not developed to the extent 
necessary for three dimensional diffraction; that is, 
the precipitate lattice is different from the matrix 
lattice but it lacks periodicity in one or more direc- 
tions. The precipitate in this stage is often co- 
herent with the matrix. An equally valid interpre- 
tation of diffuse scattering of this type is that given 
by Guinier,” who attributes it to the segregation of 
solute atoms on preferred planes in the matrix. 
Hardy” has shown thermodynamically that stable 
segregates of solute atoms which possess the struc- 
ture of the parent lattice are to be expected as the 
first stage of precipitation at high degrees of super- 
saturation. That the formation of segregated areas 
may exist in Fe-Cr alloys aged at 475°C is shown 
by the recent work of Fisher, Dulis, and Carroll,” 
who found a new phase containing 78 to 82 pct Cr 
with a body-centered cubic structure whose lattice 
parameter is only 0.2 pct larger than the lattice 
parameter of the matrix. 

Effect of Reheating to Higher Temperature After 
Embrittlement: It is common knowledge that 475°C 
embrittlement can be removed by heating for short 
times at temperatures above the embrittling range 
but still within the region of stable o phase forma- 
tion. This fact has been a serious obstacle to the 
acceptance of a o phase theory of 475°C embrittle- 
ment, particularly since treatments of this type 
have never been known to produce oc. In this study, 
however, small amounts of o were found in electro- 
lytically extracted residues from samples of the 
31.6 pct Cr alloy which had been heated for only 
2 hr at 620°C after 167 hr at 475°C. The interplanar 
spacings of the o produced by this treatment were 
essentially the same as those of the o obtained from 
a specimen of the same alloy which had been heav- 
ily cold worked and aged at 650°C, and both agreed 
well with the interplanar spacings for the Fe-Cr o 
phase as given by Goldschmidt.” The formation of 
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o in such a short time at 620°C is due to the effect 
of the embrittling treatment at 475°C, for samples 
aged at 620°C for as long as 96 hr without an inter- 
mediate aging treatment at 475°C contained no o. 
The temperature at which it was possible to produce 
o in this manner was critical, for it was not found 
in specimens heated to 593° or 635°C after embrit- 
tlement. 


a—Etchant, ammonium persulphate electrolyte. 


a 


tchant, boiling 50 pc 


b—E t HCI. 


Fig. 13—Different forms of nitride precipitate in 31.6 pct Cr alloy 
aged for 100 hr at 475°C after annealing at 1100°C. X500. Area 
reduced approximately 40 pct for reproduction. 
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willing 
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a—-+2° from (200) matrix spot. 


b—0° from (200) matrix spot. 


c——2° from (200) matrix spot. 


Fig. 14—Laue transmission photograms of 31.6 pct Cr alloy aged 400 hr at 475°C after 24 hr at 1100°C 
showing diffuse scattering about the (200) matrix spot, [100] vertical. 


Discussion of Results 

The experimental results described in this paper 
show that the rate at which high chromium steels 
embrittle as a result of aging at 475°C is dependent 
upon the presence of lattice strains. In the case of 
high purity alloys, it is necessary to introduce the 
strains by external means; alloys of this type ex- 
hibit very little tendency to embrittle when aged 
after annealing. Unlike pure alloys, commercial 
type alloys which contain nitrogen require no ex- 
ternal straining, for the strains are produced by the 
precipitation of a nitride phase before embrittle- 
ment begins. The 31.6 pet Cr alloy used in this 
work did not begin to embrittle until a time lapse 
of approximately 55 min. During this period, the 
precipitation of a nitride phase was straining the 
lattice as shown by a large increase in electrical 
resistivity and by the presence of strain asterism on 
Laue X-ray photograms. Both of these effects 
reached a maximum after approximately 55 min of 
aging, indicating that the lattice strain was greatest 
at the onset of embrittlement. With longer aging 
times, both the electrical resistance and strain as- 
terism decreased as the effect of embrittlement in- 
creased. X-ray analyses by conventional powder 
methods were unsuccessful in showing the presence 
of a second phase which could be responsible for 
the embrittlement. With the high purity alloys, no 
new lines were observed on the X-ray pattern of 
embrittled samples although metallographic exam- 
ination would lead to the belief that a large amount 
of precipitate was present. 

These results can best be discussed with respect 
to a new theory of 475°C embrittlement. Although 
the theory to be proposed is simple in nature, it 
accounts for the major characteristics of the em- 
brittlement. It is postulated that 475°C embrittle- 
ment is due to the accelerated formation of an inter- 
mediate phase in the formation of o under the in- 
fluence of lattice strains. In short aging times, the 
precipitate produces line broadening in Debye pat- 
terns and diffuse scattering effects on oriented 
single-crystal photograms indicating that the pre- 
cipitate is in an early stage of development which 
would account for the inability to detect it by con- 
ventional X-ray methods. It is believed that the 
precipitate present at short times is related to the 
chromium ferrite reported by Fisher, Dulis, and 
Carroll.” From energy considerations alone, it is 
believed that this chromium ferrite must be con- 
sidered as an intermediate stage in the formation of 
o, for it has been shown that the two coexist in 
heavily cold worked and aged samples’ and that o 
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is a stable phase in the temperature range of 475°C 
embrittlement.” 

The theory can account for the time-temperature 
relationships in Fig. 1. The high temperature curve 
is due to the formation of o on a gross scale and is 
characteristic of nucleation and growth processes. 
The low temperature curve is due to 475°C embrit- 
tlement which occurs at a more rapid rate than does 
gross o formation. The maximum rate of embrit- 
tlement at 475°C may be associated with the maxi- 
mum rate of straining. In the case of commercial 
alloys, this may indicate a maximum rate of for- 
mation of the nitride phase which causes straining, 
or it may indicate that partial relief of stresses 
occurs at temperatures above 475°C but still within 
the embrittling range. The influence of alloying 
elements and effect of chromium are adequately 
explained by the proposed theory, for these ele- 
ments exert a similar influence on 475°C embrittle- 
ment and o phase formation, Table I. The minimum 
chromium content necessary for embrittlement is 
that necessary for o phase formation and is con- 
sistent with the phase diagram. 

Since the presence of strains is a necessary re- 
quirement for the embrittlement of chromium al- 
loys when aged for short times at 475°C, it is inter- 
esting to speculate about the role which stresses 


Temp. 
475 °C 
Per Cent Chromium —> 
Non Strained Strained 
N 
Energy 
+ 


Fig. 15—Schematic representation of the influence of stress on 
the energy levels of the various phase conditions at 475°C. 
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a, 


must play in the embrittling reaction. A possible 
explanation is pictured schematically in Fig. 15. In 
this case it is assumed that the energy level of the 
initial solid solution in the nonstrained condition is 
only slightly greater than that which would exist 
if the intermediate precipitate were present. This 
should be expected in particular if the intermediate 
stage consisted of the formation of chromium ferrite 
whose unit cell is identical in structure and only 
slightly larger in size than the initial solid solution 
which is designated as a, in Fig. 15. Accordingly, 
the intermediate stage is pictured as the decomposi- 
tion of the a, solid solution into two solid solutions 
(a, and a, ferrites); one depleted and the other en- 
riched in chromium. Because of the small differ- 
ence in energy states of these two conditions, there 
would be little energy available for the driving 
force necessary for the reaction. The influence of 
stress is pictured as increasing the energy level of 
the initial a, solid solution, thus enlarging the dif- 
ference between the initial and intermediate stages 
and providing more energy for transformation. This 
requires that the stresses be relieved by the trans- 
formation, in which case the energy level of the 
intermediate stage is not altered by stressing the 
initial solid solution. That this is true is shown by 
the X-ray and electrical resistance data reported 
in this paper. The condition of minimum energy for 
an alloy of composition X would be the one where 
ao and a, coexist; however, because of the reluctance 
of o to form, ‘the initial solid solution breaks down 
into two solid solutions which have been designated 
here as a, and a. The line broadening and diffuse 
scattering effects, as well as the ability to produce 
ao in short times by reheating embrittled samples to 
higher temperatures, would indicate that the inter- 
mediate stage is coherent; however, it must be re- 
membered that these were the resuit of short aging 
treatments at 475°C, and further work in samples 
aged for longer times may show that this precipitate 
evolves into noncoherent chromium ferrite rather 
than o. The reluctance of o to form can probably 
be attributed to the difficulty in forming a nucleus 
at low temperatures of a phase whose crystal struc- 
ture is complex and is reported to contain 30 atoms 
in a unit cell.“ The obstacle to the rapid formation 
of « cannot be the satisfying of a high chromium 
content for the formation of the nucleus in view of 
the fact that chromium ferrite contains more than 
the necessary amount of chromium. 

If the proposed theory is accepted, it can be con- 
cluded that the two embrittling phenomena which 
occur in high chromium steels when heated in the 
temperature range of 350° to 700°C are both inher- 
ent in the Fe-Cr system. An important difference 
between the two is one of rate. At high tempera- 
tures, the embrittlement is due to the formation of 
gross o which, because of its slow rate of formation, 
generally requires extensive times for complete 
embrittlement. The low temperature embrittle- 
ment occurs in much shorter times and is believed 
to be due to the accelerated formation of an inter- 
mediate stage in the formation of o under the in- 
fluence of lattice strains. 


Conclusions 
1—High purity Fe-Cr alloys exhibit little tend- 
ency to embrittle when aged at 475°C unless 
strained prior to aging. 
2—475°C embrittlement of commercial Fe-Cr al- 
loys is not due simply to a grain boundary precipi- 
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tate as evidenced by the large increase in hardness 
of single crystals after aging at 475°C. 

3—It is postulated that the embrittlement of Fe- 
Cr alloys after aging for short times at 475°C is 
caused by the accelerated formation of an inter- 
mediate stage in the formation of o under the in- 
fluence of lattice strains. In pure alloys the straining 
must be applied by external deformation, where- 
as commercial alloys are strained prior to embrit- 
tlement by the precipitation of a nitride phase. The 
intermediate stage is believed to consist of the for- 
mation of the chromium ferrite reported by Fisher, 
Dulis, and Carroll.’ 
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Determination of the Self-Diffusion Coefficients 


Of Gold by Autoradiography 


by Harry C. Gatos and Anthony D. Kurtz 


ITH the growing interest in the mechanism of 

self-diffusion of metals, the study of accurate 
and convenient methods for determining self-diffu- 
sion coefficients appears highly desirable. It was with 
this objective in mind that the present investigation 
was undertaken. 

Gatos and Azzam‘ employed an autoradiographic 
technique for measuring self-diffusion coefficients of 
gold. This method involved sectioning of the speci- 
men through the diffusion zone and recording the 
radioactivity directly on a photographic film. Be- 
cause of the very short range of the emitted 6 rays 
in gold, the activity recorded on the film was essen- 
tially the true surface activity. With proper choice 
of the sectioning angle, sufficient resolution could 
be obtained and the entire concentration-distance 
curve recorded in one measurement. 

For the boundary conditions of the experiment, 
where an infinitesimally thin layer of radioactive 
material diffuses in positive and negative directions 
into the end faces of a rod of infinite length, the 
solution of the diffusion equation is 


exp (—x’*/4Dt) [1] 


V4nDt 


where C is the concentration of diffusing element 
(photographic density in this case), C, is the con- 
stant (depending upon amount of radioactive mate- 
rial), x is the diffusion distance, D is the diffusion 
coefficient, and t is the time. Thus, by plotting the 
logarithm of the concentration vs the square of the 
diffusion distance, a straight line results and the 
slope contains the diffusion coefficient. In this man- 
ner, the self-diffusion coefficient of gold can be ob- 
tained as a function of temperature. 

In the present investigation the results reported 
by Gatos and Azzam" have been verified, and the 
autoradiographic technique has been further de- 
veloped and applied for the determination of the 
self-diffusion coefficient of gold at a number of tem- 
peratures. Furthermore, the energy of activation for 
the self-diffusion of gold has been conveniently de- 
termined. 


Experimental Techniques 


Preparation of Specimens: The inert gold of high 
purity was received in the form of a rod from which 
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cylinders were cut and machined to a diameter of 
0.500 in. The specimens were annealed to a suitably 
large grain size and the faces were surface ground 
prior to the deposition of the radioactive layer. 

The radioactive isotope Au“ was chosen. It was 
produced in the Brookhaven pile by means of the 


reaction 


It decays by 6 emission (0.96 mev) to Hg” with the 
subsequent emission of a y ray (0.41 mev). 


The half life of the Au is 2.7 days so that a strict 
time schedule had to be maintained in order to 
secure sufficient activity until the end of the experi- 
ments. For this reason, initial activities as high as 
10,000 millicuries per gram were used. 

The gold arrived in the form of foil and was evap- 
orated onto one face of each gold specimen cylinder 
to a thickness of about 100A. A sandwich-type 
specimen was formed by welding two such cylinders 
together. 

Evaporation of Gold: The gold was evaporated 
under vacuum from heated tantalum strips which 
were bent in such a way as to limit the solid angle 
through which the gold was allowed to vaporize, - 
thus insuring a more efficient utilization of the gold. 
The specimens rested on flat brass rings which had 
an inner diameter of 0.475 in. The entire specimen- 
holding assembly could be manipulated from out- 
side the vacuum system by means of a magnet which 
attracted a slug of soft iron attached to the assembly. 
By evaporating inert gold on glass slides under con- 
ditions identical to those employed for the radio- 
active gold, it was found that the thickness of the 
films was about 100A. 

Welding: The welding was performed by hot press- 
ing in a stainless steel cylinder. The inside of the 
cylinder was threaded and fitted for two plugs. The 
specimens to be welded were placed in the middle 
of the cylinder and two pressing disks, one at each 
end, were inserted to avoid shearing stresses as the 
plugs were tightened. Mica disks were placed be- 
tween the pressing disks and the specimens to pre- 
vent them from welding. The plugs were then tight- 
ened with a hand wrench and the entire unit was 
placed in an argon stream for about an hour to re- 
move the oxygen. The unit was then inserted in 
the center of an argon atmosphere furnace main- 
tained at about 700°C and left there for about an 
hour. Because of the difference in the temperature 
coefficient of expansion of the two metals, as the 
temperature rose, the pressure on the specimen- 
couple increased and a weld resulted. Welding was 
generally satisfactory under the conditions described. 
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Sectioning of Specimens: The sectioning of the 
specimens across the interface was performed by 
means of an apparatus, Fig. 1, consisting of a high 
speed electric motor with a thin rubber-bonded 
alumina cut-off wheel, and an adjustable angle vise 
which was mounted in a small two-directional cross- 
feed milling table. The entire assembly was operated 
in a hood in order to minimize the health hazard of 
radioactive dust. 

Photographic Techniques: After sectioning, the 
face was surface ground and exposed directly to the 
photographic film. Eastman No-screen X-ray film 
was used, since the photographic density is propor- 
tional to the concentration of the 8 rays at photo- 
graphic densities less than 1.* 


*In order to test the effect of the y rays, the film was exposed 
to a sample with a thin beryllium sheet between it and the film. 
The beryllium sheet absorbed the electrons but not the y rays. No 
blackening of the film was observed although high activity was 
measured with a geiger counter sensitive to y rays under similar 
conditions. Each box of films was calibrated in this manner. 


After exposures varying from 5 min to 1 hr, de- 
pending on the activity of gold, the films were 
developed and microdensitometer tracings were ob- 
tained for each radiogram. By selecting a suitable 
amplification factor on the microphotometer, differ- 
ences in densities between points 0.04 cm apart in 
the radiogram could be distinguished. Using section- 
ing angles of the order of 3°, this corresponded to 
diffusion distances, x, of the order of 0.002 cm. 

To convert the darkening as measured by the 
microphotometer to photographic density, the fol- 
lowing relation was employed: 


D = log [2] 
where D is the density, I, is the amount of light inci- 
dent on the film in the microphotometer, and I is the 
amount of light transmitted by the film in the micro- 
photometer. The microphotometer tracing represents 
a plot of I/I,. 

Concentration-Penetration Curves: Because of its 
high atomic weight, gold is an extremely good ab- 
sorber of 8 rays. The range of rays in gold is less 
than 0.02 cm.** However, this range corresponds to 


** Range-energy relationship: 
0.546 E», — 0.16 


p 
where R is the range in cm, Em is the maximum energy of the B 
rays in mev, p is the density of diffusion medium in grams per cu 
cm, 


the maximum energy of the £6 spectrum which in 
turn represents only a small fraction of the total 
number of the betas. Therefore, it is reasonable to 
assume that only the 8 rays which are emitted from 
the surface layer (or very slightly below) reach the 
photographic emulsion. 

The surface intensity, however, can be corrected 
for any additional intensity contributed by layers 
below the surface. In this instance, a linear absorp- 
tion coefficient for the 8 rays can be assumed; the 
concentration at each infinitesimal layer is multi- 
plied by the exponential absorption term; and the 
intensity over the entire diffusion length is inte- 
grated. 

From this treatment, the additional surface in- 
tensity of the betas is 

C(K) aexp (—bK) 3] 

Cs CE 
where K is the distance from the original interface 
to the sectioned interface (see Fig. 2 for the geom- 
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Fig. 1—Sectioning apparatus for diffusion couples. 


etry of sectioned couples); a = 2 \/Dt exp (—p \/Dt 
—p Dt), where p» is the linear absorption coefficient; 


2N/ Dt 


These numerical factors may be evaluated if values 
are assigned for » and Dt. 

For the 6 rays of gold, » ~ 400 cm™. In the cases 
considered, \/Dt ~ 10° cm. Thus, » \/Dt ~ 4. By 
OTs 
2x10“ exp (—500K) 4 

OR (K + 10°) [4] 


This is plotted as a function of K in Fig. 3. It can 
be seen that the correction term decreases rapidly 
and becomes less than 1 pct of its original value for 

By plotting the logarithm of the corrected photo- 
graphic density vs the square of the corresponding 
diffusion distance from the interface, the self-diffu- 
sion coefficient D can be computed from the slope 
of the resulting straight line. Actual diffusion dis- 
tances are derived from the known amplification 
factor of the densitometer and the measured section- 
ing angle. 


Results and Discussion 


Self-diffusion coefficients were measured at a 
selected series of temperatures. Diffusion coefficients 
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Fig. 2—Geometry of sectioned couples. 
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were obtained in the manner previously described. 
Fig. 4 shows a typical plot obtained for the self- 
diffusion at 1000°C. The high degree of symmetry 
on both sides of the interface and the consistency of 
the data indicate that the measured activity was the 
true surface activity. 

In order to determine the heat of activation, AH, 
and the frequency factor, D,, the logarithm of the 
diffusion coefficient was plotted vs the reciprocal of 
the absolute temperature in accord with the equation 


D = D, exp —AH/RT . [5] 


The resulting plot is shown in Fig. 5. For each point, 
an average of several individual values was used. A 
least-squares analysis was applied to determine the 
best values of D, and AH. It was found that AH = 
45,300 cal per mol and D, = 0.265 sq cm per sec. 
Values of AH and D, have been reported pre- 
viously by other investigators. Mackay* found that 
the self-diffusion coefficient could be represented by 
2.0 exp (—51,000/RT) and Zagrubsky’® by 0.16 exp 
(—53,000/RT). Mackay employed a method based 
on the decrease of surface activity due to diffusion. 


a 


Photographic Density 
9 
T 
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in cm? x 104% 


Fig. 4—Photographic density vs square of diffusion distance. Dif- 
fusion time is 4.77 x 10° sec. Circular and triangular points corres- 
pond to opposite sides of interface. 
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This method lacks sensitivity in the case of gold and 
requires the determination of the linear absorption 
coefficient of the B rays. In addition, some of the 
specimens were merely exposed to neutron flux and 
the outer surface was thus made radioactive. This 
method introduces a small but unknown concentra- 
tion gradient before the diffusion anneal. Zagrubsky, 
on the other hand, used a sectioning technique with 
coarsely spaced sections, a possible source of error. 

The ratio of heat of activation determined in this 
investigation over the absolute melting point of gold, 
AH/T,,, was found equal to 34 as compared with 37 
for silver and 36 for copper. A further check of the 
validity of the results was possible by comparing 


D®.265 EXP (-45,300/RT) 
PRESENT INVESTIGATION 
Ds 2.0 EXP (-51,000/ RT) MACKAY (2) 
Ds .1G EXP (-53,000/RT) ZAGRUBSKY (3) 
10° 9} + 
a 
n 4 
~ 
N 
=z 
a 
2 
a 
ce) 
10°10 
io"! ! 1 4 
75 8.0 6.5 9.0 9.5 10.0 10.5 
+ Kex 104 


Fig. 5—Self-diffusion of gold in gold. D — 0.265 x e-:/27, 


the relationship between D, and AH with that pre- 
dicted by theory. 

By considering diffusion on a microscopic scale, 
it may be shown that the diffusion coefficient D is 
given approximately by* 


2 


D= 


vexp (—AG/RT) 


for face-centered cubic. [6] 


5 is the distance between successive equilibrium 


positions for the atom; § = 


, where a is the 


lattice spacing; v is the atomic frequency of vibra- 
tion; Z is the coordination number; and AG is the 
free energy of activation for diffusion. 

Also 


AG = AH — TAS [7] 
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where AS is the entropy of activation. 
Hence 


D = a’ v exp (AS/R) exp (—AH/RT) [8] 


and 
=a viexp (AS/R):. [9] 


If it is assumed that diffusion takes place through 
a vacancy mechanism, part of the free energy may 
be associated with the formation of vacancies and 
part with the actual interchange of the vacancies 
and the diffusing atoms. Zener’ has shown that if 
substantially all the work in interchange is done in 
straining the lattice, then the heat of activation and 
the entropy of activation are related in the follow- 
ing manner: 


AS BAH/T [10] 


(p/p) 


where B = a(T/T..) 


= 0.31; \ is the fraction of energy 


necessary for creation of vacancies; » is Young’s 
modulus; p, is Young’s modulus at 0°K; and T,, is 
the melting point in °K. From Eq. 10 by introducing 
the experimental value of AH and values for B = 
0.31 and \ = 0.55° 


AS = 6.3. [11] 


On the other hand, by introducing the experimental 
value of D, in Eq. 9, it is found that AS = 7.3. The 
two independently calculated values of AS are in 
satisfactory agreement. 


Conclusions 
By means of an autoradiographic technique, it 
was found that the self-diffusion coefficient of gold 


is given by the equation 
D = 0.265 exp (—45,300/RT). 


Autoradiography under proper conditions provides 
an accurate and convenient method for determining 
diffusion coefficients. The isotope to be used as a 
tracer must emit B rays of sufficiently low energy 
so that their range is an order of magnitude less 
than the diffusion distance. Thus for diffusion dis- 
tances of the order of 0.01 mm, the 8 ray range must 
be less than 0.001 mm. Furthermore, the isotope 
must have a sufficiently long half-life so that fairly 
long diffusion distances may be obtained before its 
radioactivity is decayed to impractically low levels. 
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Technical Note 


Allotropic Transformations at High Temperature 


by James O. McCaldin and Pol Duwez 


LLOTROPIC transformations between 1000° and 

1900°C have recently been reported for several 
metallic elements. Since the proposed transforma- 
tions are based on limited evidence, it was decided 
to examine the elements in question as well as some 
refractory metals by thermal analysis with a photo- 
electric technique similar to that described by Hug- 
gins, Roll, and Udin.’ In this method, a lead sulphide 
cell was used to detect thermal radiation from an 
electric-resistance heated strip specimen. A ther- 
mocouple spot welded to the specimen was used to 
calibrate the temperature of the system under 
steady temperature conditions, and recording was 
accomplished with a cathode ray oscilloscope. In 
the method used by the present authors, the tem- 
perature calibration was omitted and the cathode 
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ray oscilloscope was replaced by a recording gal- 
vanometer. This technique, in which electric cur- 
rent passing through the specimen heats it, will be 
referred to henceforth as Method 1. 

Another arrangement was required for those 
cases where the specimen could not be formed into 
a wire or strip suitable for resistance heating. In 
such cases the specimen was a sintered compact 
heated by thermal radiation from a hot tungsten 
strip, Fig. 1. The specimen was insulated from the 
heating strip with a thin layer of thoria powder or 
suspended on 0.004 in. tungsten wires. The take-up 
spring had just sufficient tension to prevent buck- 
ling of the heating strip due to thermal expansion. 
This technique will be called Method 2. 

Both methods were tested with specimens of iron 
and titanium and the well known allotropic trans- 
formations, a to y and y to 6 in iron and a to £ in 
titanium, were very clearly detected. Fig. 2 shows 
one of the records obtained for titanium. For this 
particular experiment, the iodide titanium specimen 
was a square rod 0.080 in. on an edge and 3 in. long. 
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For most experiments, the heating and cooling rates 
were in the range of 1° to 10°C per sec. 


Results 


Vanadium: Seybolt and Sumsion’ proposed a poly- 
morphic transformation at about 1550° +10°C based 
on thermoelectric measurements made with a V-Mo 
couple. The present authors examined vanadium 
sheets, 0.012 in. thick, 0.3 in. wide, and about 2 in. 
long by thermal analysis, Method 1, up to the melt- 
ing point. No evidence of a latent heat could be de- 
tected. 

Cobalt: Metcalfe® ‘ proposed a reversion to a hex- 
agonal close-packed crystal structure at about 
1120°C on the basis of dilatometric measurements 
and thermal etching observations. The present au- 
thors performed thermal analysis experiments by 
both Methods 1 and 2 with sintered sheets 0.040 in. 
thick and 0.2 in. wide, which failed to reveal any 
evidence of latent heat of transformation up to the 
melting point. 

Chromium: Bloom and Grant’ reported an allo- 
tropic transformation at about 1840°C, based on 
thermal analyses with W-Mo thermocouples. The 
present technique of thermal analysis, Method 2, 
was applied, using a sintered compact specimen 
1x%x0.1 in., and no latent heat of transformation 
was detected. In this case, however, vaporization of 
the specimen interfered with the detection system 
before reaching the melting temperature. 

Ruthenium: The calorimetric observations of 
Jaeger and Rosenbohm® have apparently not been 
verified for 23 years. Working with the metal “in a 
perfectly pure state,” they reported “at least four 
allotropic transformations” in the temperature range 
1000° to 1500°C. The existence of these transforma- 
tions would be of particular interest because of the 
analogy between ruthenium and iron. Thermal 
analyses, Method 2, made by the present authors on 
a sintered specimen, 1x%gx0.040 in., do not show any 
evidence of the latent heats reported by Jaeger and 
Rosenbohm.° 

Rhenium, Osmium, Rhodium, Iridium, and Molyb- 
denum: Negative results were obtained for each of 
these metals. Method 1 was used for molybdenum, 
iridium, and rhodium, which were heated to the 
melting points. The molybdenum was in the form 
of 0.040 in. Elmet wire; iridium and rhodium were 
in the form of wire about 0.030 in. square. Method 2 
was applied to rhenium and osmium in the form of 


PbS 


Colla © 


amplifier 


recording 
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spring 
specimen 


VA 


tungsten heating strip 


Fig. 1—Experimental setup for thermal analysis by means of a 
photocell, method No. 2. 
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PHOTO GELL RESPONSE 


TIME (sec) 
Fig. 2—Photocell response showing abrupt change in slope at 
the transformation temperature of titanium from @ to B. The 
small oscillations are due to a 60 cycle pickup used for estab- 
lishing the time scale. 


sintered compacts, 1x34x0.040 in., heated to at least 
1600°C. 

Thorium: In the experiments performed indepen- 
dently in this laboratory, a latent heat effect at 
about 1200°C has been observed in thorium speci- 
mens of various origin. These experiments were 
performed by the conventional thermal analysis 
method, using Pt-Pt-Rh thermocouples. Method 1 
of the present technique with a strip specimen 3/16 
in. wide and 0.010 in. thick also showed a latent 
heat of the same prominence as that observed in 
titanium, Fig. 2. These results will be published 
when observation of other physical properties of 
thorium at this temperature have been completed. 


Appendix 

The source of supply of the metals used is as fol- 
lows: vanadium and thorium, ductile bars from 
Westinghouse, Bloomfield, N. Y.; cobalt, powder 
form, from Charles Hardy, Inc., New York, 0.5 pct 
Ni, 0.1 pet Ca, traces of Cu, Mo, Ti, Cr, Si, and Fe; 
chromium, powder form, from Charles Hardy, Inc., 
New York, 0.1 pct Na, 0.05 pet Ca, traces of Cu, Mn, 
Si, Co, and Mg; rhenium, Sylvania Electric Prod- 
ucts, Inc., Bayside, N. Y.; ruthenium, powder form, 
from Goldsmith Brothers, Chicago; osmium, powder 
form, from Wildberg Brothers, Los Angeles; and 
rhodium and iridium, wire form, from Baker and 
Co., Inc., Newark, N. J. 
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Mechanism of Ortho Kink-Band Formation In 


Compressed Zinc Monocrystals 


by J. J. Gilman 


The dependence of ortho kink-band formation on crystal orienta- 
tion, on temperature, and on the conditions at the ends of a speci- 
men is described. Load-compression curves for crystals that kink 
are presented. The reversibility of ortho kinking is demonstrated, 
and motion of kink planes through crystals is shown. Finally, a 
phenomenological explanation of ortho kink-band formation is 


given. 


RTHO compressive kink bands (Fig. la) were 

discovered for the case of metals by Orowan,* 
and they have been discussed by Jillson* and in some 
detail by Hess and Barrett.’ However, their history 
in nonmetallic crystals is considerably older. It is 
not known when they were first observed in mineral 
crystals, but descriptions of them may be found as 
early as 1885.* They were sometimes mistaken for 
twins.’ Mugge’ seems to have been first to realize 
their true nature and importance. He reviewed the 
knowledge of them for a wide variety of crystals: 
anhydrite, antimonite, kyanite, vivianite, gypsum, 
mica, graphite, molybdenite, barium bromide, cal- 
cite, sodium nitrate, and barite. Also, the “twins” 
observed by Bridgman‘ in sapphire crystals resem- 
ble kink bands more than twins. 

The terms ortho and para kink bands have been 
coined in order to distinguish between two types of 
kink bands which seem to represent the same geo- 
metrical configurations, but which have different 
origins and sizes. Ortho kink bands are the usual 
type that form at low loads when zinc crystals are 
compressed parallel to the basal plane. Para kink 
bands form at much higher loads in highly deformed 
crystals. These terms refer to compression phenom- 
ena and are not to be confused with analogous ten- 
sion phenomena such as tensile kink bands* and 
deformation bands. 

Miigge described the geometry of ortho kink 
bands quite completely for kyanite crystals, Fig. 1c. 
The geometry observed for cadmium by Orowan’* 
and for zinc by Hess and Barrett* is very similar to 
that described by Miigge. (See Hess and Barrett for 
a complete discussion.) 

Miigge associated kinking with bending combined 
with basal slip. He pointed out that the kink angles 
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Fig. la—Zinc crystal with simple ortho 
kink band. 


Fig. 1b—Ridge in a zinc crystal. X100. c 


Fig. Ic—Schematic drawing of ortho 
kink band and ridge. After Mugge.° 
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Fig. 2—Dependence of ortho kink band formation on crystal orien- 
tation. 


were not constant and that the bands were always 
nearly perpendicular to the basal planes. He also 
noted that kink planes (the plane of discontinuity in 
orientation) lie in the zone of the slip plane and 
perpendicular to the slip direction but are non- 
crystallographic. The kink plane bisects the dis- 
orientation angle and Miigge understood that this 
was necessary because of the lamellar nature of slip. 
Migge also described “ridges” (see Fig. 1b) for sev- 
eral materials. These are a kink phenomenon and 
will be mentioned later. He associated kink phe- 
nomena with impact loading. 

Orowan’ felt that kinking was a unique mode of 
deformation in crystals, but Hess and Barrett’ 
showed that it could be the result of slip and that 
kink bands could be formed as slowly as desired in 
a sufficiently stiff testing machine. Jillson’s’ results 
were similar. 

In the present paper the dependence of ortho 
kink-band formation on the crystal orientation, on 
temperature, and on the conditions at the ends of a 
specimen is described. Load-compression curves for 
crystals that kink are presented for the first time. 
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Fig. 3—Typical load-compression curves for crystals which formed 
ortho kink bands. All specimens were about the same length, 1.69 in. 
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Also, the reversibility of ortho kinking is demon- 
strated, and motion of the kink planes along the 
crystal is shown. The experiments have led to a 
simple explanation of ortho kink-band formation. 


Experimental Methods 

The zine crystals were grown in 5/32 in. ID pre- 
cision pyrex tubes which had been coated with 
graphite. The raw material was 99.999 pct Zn 
drawn or extruded to 0.126 in. diameter rods. In 
some cases seeds were welded to the ends of the 
rods. The pyrex tubes were plugged at the bottom 
with graphite, placed in evacuated envelopes, and 
lowered through a furnace. Crystals about 14 in. in 
length resulted. 

After they had been grown, the crystals were cut 
to short lengths (usually 134 in.) with a jeweler’s 
saw. Then the ends were squared either by filing or 
on a lathe. When it became evident it was neces- 
sary for the ends to be square and free of deforma- 
tion for proper testing, the lathe work was per- 
formed very carefully. A collet lathe was used, a 
knife-like cutting tool, and the feed was limited to 
2 mils per cut and usually was less than 1 mil per 
cut. 

The surfaces of the crystals were prepared by 
etching with 50 pet HCl, by chemical polishing with 
concentrated HNO,, or by electropolishing in chro- 
mic acid. The latter method gave the best surface 
for microexamination. 

Compression tests were performed on an Instron 
testing machine, using a simple compression jig with 
long and accurate axial bearings to keep the ends 
of the crystals aligned. Low temperature tests were 
performed in a jig immersed in liquid nitrogen. Ex- 
cept where it is noted otherwise, the ends of the 
crystals rested in shallow cylindrical cups (1/32 in. 
deep) which were axially aligned. The usual cross- 
head speed was 0.02 in. per min and the crosshead 
displacement was magnified 50 times, or more, and 
recorded. The Instron machine is quite stiff because 
its crosshead is driven at constant speed and the 
maximum deflection of the load-measuring lever is 
only 0.002 in. 

Results 

Effect of Orientation: Although ortho kink-band 
formation has been closely associated in the past 
with compression parallel to the basal planes of 
cadmium and zinc, it was observed early in this in- 
vestigation that some crystals with low xy values 
did not form ortho kink bands when they were com- 
pressed. (x is the angle between basal plane and 
specimen axis.) Therefore, crystals with a variety 
of orientations were tested. to see whether or not 
they would kink. About 28 crystals were tested and 
these were cut into 110 specimens. The results are 
shown in Fig. 2. . 

The data (Fig. 2) show that ortho kinking does 
not occur for zine crystals with their basal planes 
very nearly parallel to the compression axis. The 
critical range of angles is y, = 2.5 + 1°. This range 
would probably be narrower if the orientations of the 
crystals had been determined more accurately with 
respect to the compression axes. The Greninger 
back-reflection X-ray method was used to deter- 
mine the orientations with respect to the specimen 
axes and this is not accurate to more than %°. The. 
specimen and compression axes probably did not 
coincide exactly in the tests. Also, the slip direction 
orientation varied among the crystals. At any rate 
a critical orientation range exists near = 2.5°. 
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Fig. 4—Load-compression curves for two specimens from the 
same crystal. Specimen b formed an ortho kink band while 
specimen c did not. 


Below this range ortho kinking does not occur, and 
above it all orientations exhibit ortho kinking up to 
xX. = 20° to 25° where the kink bands become in- 
distinct in form. 

The figure 2.5° appears not to be a result of the 
geometry: it is not sensitive to the length of crystal; 
and it does not correspond to the angle at which 
all slip planes intersect the ends of a crystal. 

Load-Compression Curves: Typical load-compres- 
sion curves for low angle zinc crystals are shown in 
Figs. 3 and 4. It may be seen in Fig. 3 that the 
crystals began to deform at loads of the order of 0.1 
kg per sq mm and then resisted further deforma- 
tion very strongly up to maximum loads of about 
0.75 kg per sq mm. The loads dropped sharply as 
the maximum points were passed and then began 
to rise again after the crystals had been compressed 
about 16 to 20 mils (corresponding to a kink angle 
of about 30° to 40°). 

It might be expected that the initiation of a kink 
band would correspond with the maximum point in 
the load-compression curve. However, this was not 
found to be true. Kink bands could be first recog- 
nized while the loads were rising between the on- 
sets of plastic deformation and the approaches to 
the maxima in the curves. 

The sharpnesses of the maxima in the load-com- 
pression curves varied with the initial orientation 
angles, y,, and with the widths of the kink bands, 
w (see Fig. 12 for meaning of x, and w). The curves 
in Fig. 3 are for crystals with xy, = 2°, 4°, 6°, and 
12°, respectively. It may be seen that the maxima 
become broader and lower with increasing y, at con- 
stant w. In fact, for y, greater than about 15°, kink 
bands were observed, but there were no maxima in 
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the load-compression curves. The maxima in the 
load-compression curves were sharper and higher 
for ortho kink bands with small w, than for kink 
bands in the same crystal with larger w. 

Fig. 3 also shows what happened when a ridge 
formed in crystal S2d. The load dropped very sud- 
denly when the ridge appeared and a clicking noise 
was audible. 

The load-compression curves for specimens that 
did not kink were quite different from the curves 
for specimens that kinked. This is illustrated by 
Fig. 4, where the load scale is about 1/10 times the 
scale in Fig. 3. Curve c in Fig. 4 is for a specimen 
that did not form an ortho kink band. Large plastic 
deformation began at a load of about 1.55 kg per sq 
mm in the specimen. Then the load increased stead- 
ily with increasing plastic deformation until it 
reached a maximum of about 8 kg per sq mm. Be- 
fore this maximum load was reached the specimen 
buckled into a sine-wave shape, Fig. 5a. 

For comparison, the load-compression curve of a 
specimen that kinked when it was compressed is 
shown in Fig. 4. This specimen was taken from the 
same crystal as the above and it had an orientation 
angle below the critical 2.5° value, but it kinked 
anyway (probably because it was slightly mis- 
aligned in the compression jig). It can be seen that 
the maximum load when kinking occurs is much 
smaller than the maximum load required for plastic 
buckling. In the present case the ratio amounts to 
about 10:1, but in some cases it amounted to as 
much as 15:1. 

Forms of Ortho Kink Bands: Fig. 5 presents a 
series of photographs showing the normal forms of 
plastically compressed zine crystals. The initial 
orientation of each crystal increases from left to 
right in the series. The crystal of Fig. 5a which had 
an orientation angle (x, = %°) below the critical 
range illustrates the form of a plastically buckled 
zine crystal. Fig. 5b shows a crystal whose orienta- 
tion (x. = 2°) was in the critical range. This crystal 
contains a very narrow kink band. The next crystal 
(x. = 7°), shown in Fig. 5c, also contains a kink 
band, but the width is greater than that of the pre- 
vious one. Fig. 5e shows a kink band which formed 


Fig. 5—Dependence of ortho kink band form on crystal orientation. 
X2. Area reduced approximately 50 pct for reproduction. 

a—xo = 0.5°. Plastically buckled, no kink band. b—y) = 2°. 
Narrow kink band. c—yo = 7°. Wider kink band. d—xyo = 16°. 
Wider kink band. e—yo = 20°. Kink band wide and ill-defined. 
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in a crystal for which x, = 20°. Here the band is 
wide and not a distinct kink. 

The ortho kink bands shown in Fig. 5 are rather 
ideal ones. Sometimes nonideal kink bands form. 
The most common form of nonideality is asymmetry. 
An example of this is shown in Fig. 6. One end of 
the kink band is bounded by a distinct kink plane, 
but the other end fades into a smooth curve. Wher- 
ever this form of band was observed, the curved end 
was nearest the middle of the specimen. Hess and 
Barrett? observed no asymmetric kink bands. 

If a kinked crystal is loaded further, a second 
ortho kink band usually appears along the length. 
This may happen almost simultaneously with the 
formation of the first kink band. As Hess and Bar- 
rett pointed out,* the second kink band always has 
the opposite sense to the first one, so the specimen 
has the form of a crankshaft. After the second kink 
band is formed, continued loading sometimes causes 
more kinks to form. As many as five separate ortho 


Fig. 6—Asymmetric 
kink band. yo = 8°. 
X2. 


kink bands were observed to form successively in 
the same crystal. 

Ridges (Fig. 1b) are another complication that 
may appear when the load on a kinked crystal is in- 
creased. They appear on the outer edges of the kink 
band as shown. Orowan and Hess and Barrett ob- 
served them previously. Their appearance may be 
sudden as indicated in Fig. 3. Ridges are always (to 
the knowledge of the author) located at kink planes, 
and they do not form prior to the formation of a 
kink plane. 

Width of Kink Bands: It is indicated in Fig. 5 that 
kink-band widths vary with the initial orientations 
of the crystals. It may be said that there is a general 
tendency for narrow kink bands to form in low 
angle crystals. This is not to say that narrow kink 
bands do not form in high angle crystals. On the 
other hand, wide kink bands very seldom form in 
low angle crystals. 

No systematic variation of the kink widths with 
the specimen lengths was observed, although the 
range of lengths tested was only from about % to 
3% in. Kink bands of various widths formed in 
short crystals and relatively narrow kink bands 
sometimes formed in longer pieces of the same 
specimen. 
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Fig. 7—Positions of ortho kink bands along specimen lengths. 


Positions of Kink Bands—End Effects: Hess and 
Barrett® proposed a theory of kink-band formation 
that had elastic buckling of the specimen as its 
starting point. They believed that kinking began 
when the specimen buckled according to the second 
Euler mode. This buckling mode has the form of a 
full sine wave. Since the nodes of the sine wave 
would be the locations of maximum shear stress, 
this would locate the kink bands near the quarter 
points of specimens. When they found that their 
specimens often had kink bands near the ends of 
their specimens, Hess and Barrett believed that the 
kinks had actually started at the quarter points and 
then had moved to the ends of the specimens. 

At the beginning of the present investigation 
kink bands were often found near the ends of speci- 
mens, but it was suspected that this was caused by 
poor preparation of the specimen ends. During a 
sawing or cutting operation it is very easy to intro- 
duce an almost invisible kink plane into a zinc 
crystal. When great care was taken to cut square 
ends on crystals without damaging the ends, kink 
bands appeared near the ends only infrequently. 

Fig. 7 shows two histograms. In the first, the 
number of specimens with kink bands at certain 
fractional positions along their lengths is plotted vs 
intervals of fractional position, d/L. Here, d is the 
distance of the kink-band midpoint from the one 
end of the specimen and L is the specimen length. 
The histogram is peaked at about 40 pct. The sec- 
ondary peak at 10 pct would not be present if data 
had not been included which was obtained before 
the importance of the end preparation was realized. 

The second histogram in Fig. 7 is also of interest. 
This time, the number of specimens per interval is 
plotted against the fractional position of the kink 
plane located nearest the midpoint of the specimen: 
that is, (d + w/2)/L where w is the kink-band 
width. Now the distribution is peaked at 50 pct, the 
specimen midpoint. It is concluded that one kink 
plane of a kink band tends to lie at the center of the 
crystal length. 

Hess and Barrett tested several crystals which 
had conical caps on their ends. This made the ends 


Fig. 8—Specimens from same 
crystal tested with and 
without conical caps. xo = 
6°. 
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a—Bend plane region after first loading of 
specimen. Kink angle a = 4°. 


free to rotate during a compression test. In agree- 
ment with their proposed mechanism of kinking, 
they found that specimens with conical caps did not 
kink. However, this effect was not confirmed in the 
present investigation. Fig. 8 shows two specimens 
cut from the same crystal. One specimen was com- 
pressed with its conical caps placed in axially 
aligned 135° conical depressions. The other was 
tested in the usual way. Both crystals kinked with- 
out difficulty, and the behavior was checked for 
other similar sets of specimens. It is concluded that 
ortho kink bands may form in certain compressed 
crystals even though their ends are not restrained 
from rotating. Although only a few tests were made, 
it was also noted that the load maxima were 
broader and lower, and the band widths were 
larger for specimens tested with conical caps than 
for those without the caps. 

Other evidence that kinking does not begin with 
buckling is that: it occurs in specimens as short as 
l/d = 3.5; kinks tend to be at centers of specimens; 
lateral vibration has no effect; the ends of a crystal 
may be irregularly shaped without preventing 
kinking; and kink bands may be formed by apply- 
ing a shearing load normal to the basal plane of a 
crystal. 

Motion of Bend Planes: Microscopic observation 
of ortho kink bands has shown that, near the begin- 
ning of the kinking process, profuse slip bands can 
be seen within the bands, while few can be seen out- 
side the kink bands except in the close vicinity of a 


b—Same field as in Fig. 7a after second 
loading. a — 10°. Bend plane has moved __ ing. 
about 0.115 mm. 


Fig. 9—Appearance and movement of bend plane as an ortho kink band is compressed. Crystal $48. xo. —= 16°. X100. Area reduced 
approximately 30 pct for reproduction. 


c—Same field as in Fig. 7b after third load- 
a = 13° to 14°. Bend plane has 
moyed an additional 0.03 mm. 


kink plane.’ This is illustrated by Fig. 9a which 
shows one end of a kink band. The kink band is on 
top of the figure. The slip bands suffer a sharp dis- 
continuity in direction and strength at the kink 
plane. 

The continuity of slip bands through kink bands 
is remarkable. Slip bands, which begin outside a 
kink band and pass entirely through the band and 
out the other side, can be found easily. 

Fig. 9b and c shows what happened when the spec- 
imen of Fig. 9a was further compressed. In both 
cases the kink plane moved outward several hun- 
dredths of a millimeter, as indicated by the arrow 
pointing to the immediately preceding kink-plane 
position. Note that no trace has been left of the 
discontinuity in the slip bands at the former kink- 
plane locations. 

Reversibility of Ortho Kinking: The disorienta- 
tion angles of ortho kink bands may be reduced by 
applying a tensile load to a specimen containing a 
kink band. After a kinked specimen is almost 
straightened by a tensile load, it can be rekinked by 
reapplying a compressive load. Therefore it is pos- 
sible to create and destroy grain boundaries (kink 
planes) at will. 

Unkinking and rekinking were investigated by 
means of threaded caps soldered on the ends of 
zine crystals. The caps had cylindrical pegs on their 
bottoms so they could be aligned in the holes of the 
compression jig, and the threads were used for 
applying tensile loads. 


a—Bend plane region of kink as first 
formed. a = 7°. 


b—Same field as in Fig. 10a after speci- 
men was pulled in tension. a — 2°. Bend’ ing. a = 7°. 
plane moved inward 0.18 mm. 


c—Same field as in Fig. 10b after rekink- 


Bend plane moved outward 
0.07 mm. 


Fig. 10—Reversibility of kinking. Crystal S52b. yo = 4°. X100. Area reduced approximately 30 pct for reproduction. 
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Fig. 11—Showing cleavages formed as specimen was compressed 
while immersed in liquid nitrogen. a — 14°. Note the movement 
of segments of the kink plane. X100. 


Fig. 10a shows one of the kink planes of a kink 
band. Fig. 10b shows the same field after a tensile 
load had been applied. It can be seen that the kink 
plane has moved slightly toward the center of the 
kink band, the arrow on the left indicates the 
former kink-plane position. No trace of the former 
position of the kink plane is evident. Whereas 
prominent slip bands were found only inside the 
kink band after the first compression (Fig. 10a), 
now they are found both inside and outside the 
kink band and the slip bands are continuous across 
the kink plane. This indicates that, inside the kink 
band, the same slip planes were active during un- 
kinking as during kinking. No decision could be 
reached on the question of whether the slip-band 
intensity inside the kink band decreased or re- 
mained the same during unkinking. 

Finally, the specimen was rekinked by applying a 
compressive load to it; Fig. 10c shows the field of 
Fig. 10a after rekinking. The kink plane moved 
again. This time it moved away from the center of 
the kink band. No significant change in the slip- 
band intensities was observed. 

The loads required to cause unkinking and re- 
kinking were approximately the same as those re- 
quired to cause kinking originally. 

Effect of Temperature: Several specimens were 
compressively loaded in a compression jig which 
could be immersed in liquid nitrogen (—193°C). 
Ortho kink bands formed in these specimens read- 
ily. The following points were noted in comparing 
crystals tested at —193°C with crystals of the same 
orientations tested at room temperature: 

1—The maximum in the load-compression curve 
was higher by about 1.7 times for kinking at 
—193°C than at room temperature. The critical re- 
solved shear stress is higher by about the same 
amount. 

2—The kink-plane regions tend to be more local- 
ized in kink bands formed at —193°C. That is, in- 
stead of having rounded corners as in Fig. 5b, the 
kink planes tend to be sharp across the whole cross 
section of a crystal. 

3—The lattice disorientations at the ends of kink 
bands formed at —193°C often are accommodated 
by more than one kink plane, whereas a kink band 
formed at room temperature usually has only one 
kink plane at each end. 

4—Tiny cleavages were often found at kink 
planes in specimens kinked at —193°C. Typical ones 
are shown in Fig. 11. 

5—Even relatively large angle kink planes may 
be mobile at low temperatures. Fig. 11 indicates 
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this. Above and below the cleavages the kink 
planes are displaced as much as cob Web 
somewhat surprising because of the large kink angle 
(« = 14°) and the low temperature. 

Microscopic Examinations of Cleavage Surfaces: 
Specimens which contained ortho kink bands were 
cleaved lengthwise at —193°C. The cleavage sur- 
faces had the same microscopic appearance both in- 
side and outside the kink-band regions of the crys- 
tals. The cleavage planes are discontinuous at the 
bend planes of a kinked crystal, but their appear- 
ance is unchanged otherwise. 


Discussion 


Although the author is in general accord with 
the picture of ortho kink-band formation drawn by 
Hess and Barrett,? he does not agree with their 
postulate that kinking begins with elastic buckling. 
If it did, crystals with x, =0° would be expected to 
kink most readily. Actually, it was found that these 
crystals do not form ortho kink bands at all. Fur- 
ther, it would be expected that no ortho kinking 
would occur in a specimen whose ends were free to 
rotate. In this investigation some specimens with 
free ends formed ortho kink bands readily. 

Recently, a detailed theory of kinking has been 
presented by Frank and Stroh.” They believe that 
pairs of dislocations must be created to cause kink- 
ing and therefore they consider dislocation arrays 
consisting of finite positive and negative walls of 
dislocations. They show that, under an applied stress, 
such an array is unstable and will annihilate itself 
unless its disorientation or kink angle is greater than 
a critical value. Thus the theory is a type of nuclea- 
tion theory. They conclude that, if the applied stress 
is 10°G, a kink-band nucleus will grow if it is about 
10° cm deep and 10° cm thick (taking G/30 to be 
the ideal strength). In order to form a macroscopic 
kink band, Frank and Stroh propose that a kink- 
band nucleus which has reached supercritical size 
throws off several pairs of dislocation walls which 
collect at distant points in the lattice to form the 
kink planes of observable kink bands. It is believed 
that this theory does not apply to the present case. 
Since kinking begins at about 10°“G in zine, the crit- 
ical kink nucleus would be an oblate spheroid of 
about 0.6 mm major radius having an energy of 
about one erg. These values seem unreasonably 
large. Furthermore, the theory requires a large 
activation energy. Yet the fact that kinking occurs 
readily at —193°C indicates a small activation energy. 

The point of view of the present author is as 
follows: consider a crystal of zine (or any material 
with a single active slip system) which is pressed 
against a rigid plate at one end and has a shear 
stress applied at its other end. The shear stress is 
applied parallel to the basal plane (0001) and in a 


slip direction, [1210], which is parallel to the edge 
of the crystal as shown in Fig. 12a. When the shear 
stress becomes greater than the critical value for 
slip, plastic deformation begins. However, the plastic 
strain cannot extend to the upper end of the crystal 
because of the rigid plate. Thus a difference in 
plastic strain exists between one end of the crystal 
and the other. Since slip is the mode of plastic de- 
formation here and this occurs by the motion of dis- 
locations between discrete lamellae of the crystal, 
two things may happen. Either the crystal lamellae 
may accommodate the strain difference by becoming 
curved with a continuous but variable curvature; or 
the lamellae may remain flat but suffer a discon- 
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tinuity in direction at some point along the length. 
The second alternative is expected to occur because 
it results in a reduction of the strain energy of the 
crystal.” The discontinuity is expected to be located 
at the position of minimum shear stress. 


In a compression specimen which begins to de- 
form in the middle, it may be seen that the con- 
figuration of Fig. 1a will result by the action of two 
unit kinking processes of opposite sense. In general, 
any observable configuration of kink planes (that 
is, tensile kink bands,* kink planes at end restraints,* 
accommodation bands,” subgrain boundaries, ridges, 
etc.) may be considered to have resulted from the 
operation of a certain number of unit kinking proc- 
esses. According to this picture a kink band need 
not be symmetric in agreement with experience, 
Fig. 6. In this case the shear stress is the component 
of the compressive stress resolved along the slip 
plane. 

Ortho kink bands can be formed at low tempera- 
tures because no activation energy is required for 
dislocations in a curved lattice to precipitate into 
the vertical wall that is observed as a kink plane. 
The stress fields of edge dislocations pull them to- 
gether to form a wall.” Kinking differs from poly- 
gonization. The dislocations are moved to the vicinity 
of the wall by the applied stress in the case of kink- 
ing. In polygonization they must diffuse most of the 
way because the attractive forces of the wall have a 
very short range. 

On the basis of this discussion it might be ex- 
pected that the kink planes in a kinked crystal 
would tend to be located near the ends of the speci- 
men. This is clearly not the case (see Figs. 1 and 5). 
The reason for this is that, in addition to the “blocked 
slip” effect previously discussed, the ends of a crystal 
exert a bending moment on the central portion of 
a specimen which is unfavorable to wide kink bands. 
This explains why crystals compressed with conical 
caps on their ends form kink bands at lower loads 
and with greater widths than crystals tested with 
flat ends. Hess and Barrett demonstrated the same 
effect, but in the opposite direction. They formed 
kink bands in crystals imbedded in paraffin and 
solder and found these to be shorter than kinks 
formed in unrestrained specimens. Furthermore, it 
can be shown that the plastic work required to form 
a kink band increases with the width of the band 
for a constant amount of compression of the speci- 
men. Thus the width will tend to be as small as 
possible. 

Because of the localization of the strain at a kink 
band, more than one band can form in a single speci- 
men. Also, more than one band can form almost 
simultaneously. 

Perhaps the most important thing to be explained 
about ortho kink bands is their load-compression 
curves. This may be done approximately with the 
aid of Fig. 12c. Initially the shear stress in the crys- 
tal is given by the usual expression 


7 = P/A, Sin COS hy 


(since \) is small, cos \, is taken to be 1). After the 
kink band forms and the load is on the steeply rising 
portion of the load-compression curve (Fig. 3), the 
angle between the slip plane and the compression 
axis becomes (x, +a) and the shear stress, 7, is 
equal to the shear resistance of the material within 
the kink band. Thus the approximate expression for 
the load is 
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sin (yo + @) 


where the bending moments and the change in A, 
are ignored. The shear stress is generally given by 
a law of the form 

[3] 


where 7, is the critical resolved shear stress, v is the 
shear strain, and K and n are constants. However, 
for small kink angles, v = a, so Eq. 2 becomes 


sin (xo + 


The kink angle, a, is obtained from the expression 


x 
cose = [5] 
w 


Eq. 4 is plotted in Fig. 13 for several values of the 
constants. If no strain hardening occurs, K = 0, and 
it can be seen that the load drops continuously with 
ax. Under some conditions the shear resistance of 
zinc follows Eq. 3 with n = 1 (see ref. 12, for exam- 
ple). This gives a load-compression curve with no 
maximum but a flat minimum as shown in Fig. 13. 
The exponent, n, must have a value greater than one 
in order to obtain a maximum in the load-compres- 
sion curve. Curves for n = 2 and 3 are given in Fig. 
13 with arbitrary values of y, and K. It may be seen 
that these curves are qualitatively similar to the 
experimental curves of Fig. 3. Thus the material 
within an ortho kink band seems to follow some sort 
of parabolic shear stress-strain curve. The precise 
law is probably quite complicated with n depending 
on a. 

The very rapid strain-hardening rate of the mate- 
rial within a kink band is not unexpected. Disloca- 
tions would be expected to have trouble entering 
the walls (kink planes) if dislocations were already 
present in the walls from the same slip planes. This 
would cause the late dislocations to pile up and 
exert a back stress toward further slip. Although 
the number of dislocations approaching a wall dur- 
ing a strain, v, equals the number needed to make 
the angle change by a = v, many of the dislocations 
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Fig. 12—Schematic drawings of the kink process. 
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Fig. 13—Eq. 4 plotted for various values of K and n. 


approaching the kink plane are not on the right 
planes for entering the wall because the active slip- 
plane spacing is fixed and large. 

' Eq. 5 for the load-compression curves predicts 
roughly the dependence of the experimental curves 
on x, and w. It also indicates one reason why crys- 
tals with xy < 2.5° do not form ortho kink bands. 
The reason why kink bands do not form in crystals 
with x, = 0° is simply that there is then no resolved 
shear stress to cause slip. However, when 0 <y,< 2.5°, 
it might be expected that ortho kinking would occur 
when the applied load reached a high enough value. 
It does not occur in this case because the maximum 
in the load-compression curve, according to Eq. 5, 
is so high that plastic deformation occurs in a mode 
different from simple slip, and this prevents kink- 
ing. This new mode of deformation will be dis- 
cussed in a subsequent paper. 

The location of a kink band along the length of a 
specimen is felt to be a statistical problem. Kinking 
should be unlikely near the ends of a specimen and 
the probability for a band to form exactly at the 
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Fig. 14—Schematic steps in the formation of a ridge. 
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center would be relatively low. Therefore, the peak- 
ing at the 0.40 position indicated in Fig. lla is not 
unreasonable. The tendency for one end of a band 
to lie at the center is felt to be a natural consequence 
of this. 

The movement of the bend planes under stresses is 
of interest as a confirmation of the effect discovered 
by Washburn and Parker.” The fact that the rela- 
tively large angle boundaries in kink bands are able 
to move easily is of special interest. 

The relatively easy reversibility of kinking indi- 
eates that the stable dislocation walls are gradually 
annihilated by dislocations of opposite sign moving 
into them. 

The fact that the change in slip band density at 
a kink plane follows the motion of the kink plane 
is puzzling. It is hoped that this can be studied in 
more detail. 

The important clues to the mechanism which forms 
ridges are: 1—ridges are always located at the posi- 
tion of a previously existing kink plane; 2—ridges 
are not always symmetric (see Fig. 1b); and 3— 
sometimes the process may be stopped before the 
second “half” of a ridge has formed (see Jillson’s 
photographs’). Instead of the mechanism of ridge 
formation proposed by Hess and Barrett,’ the mech- 
anism indicated in Fig. 14 is proposed. According to 
this mechanism, a ridge results from the operation 
of three unit kinking processes which follow one 
another. The total time required for the whole 
process may vary from a few milliseconds to min- 
utes or hours depending on the test conditions. 


Summary 


Ortho kink-band formation in zine crystals has 
been described in detail. The following experi- 
mental results were reported: 

1—Ortho kink-band formation is orientation de- 
pendent. For orientation angles, y, less than 2.5 
+ 1° ortho kink bands do not form in compression 
tests. Above this range they form readily up to 
angles of 20° to 24° where their form becomes in- 
distinct. 

2—Load-compression curves are presented which 
show that a sharp maximum in load is associated 
with kinking (but not with its onset). 

3—The forms of simple and complex ortho kink 
bands are described. Kink bands become less sharp- 
ly defined as x increases, but they remain recogniz- 
able up to xy ~ 20°. 

4—It is shown that ortho kink bands tend to be 
wider as the orientation angle, y, increases. The 
width is not necessarily related to the specimen 
length. 

5—Ortho kink bands tend to be located near but 
not at the centers of specimens. One kink plane of 
a kink band tends to be located at the center. 

6—Ortho kink-band formation does not neces- 
sarily require the ends of a specimen to be re- 
strained from rotation. This disagrees with the re- 
sults of Hess and Barrett.’ 

7—It is shown that the kink planes of ortho kink 
bands may move small distances because of stress. 
When they move, the discontinuity in slip band 
density moves with them. 

8—It is shown that kinking may be reversed by 
applying a tensile load to a kinked specimen and the 
specimen may be rekinked by compression subse- 
quent to unkinking. 

9—It was found that ortho kink bands can be 
formed readily at the temperature of liquid nitro- 
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gen. The increase in the maximum of the load- 
compression curve about equals the increase in 
critical resolved shear stress at the low temperature. 

It is believed that the present experiments show 
that ortho kinking does not begin by an elastic 
buckling process. It occurs only if the resolved 
shear stress on the slip planes becomes high enough 
to cause slip before other modes of deformation in- 
tervene. Once kinking has begun, it is proposed that 
the load-compression curve is given approximately 
by 

+ Ka” 


P/A, = 
sin (Xo a) 


where a is the kink angle and n must be greater 
than 1 and probably is between 2 and 3. Other 
topics in the theory of kinking are discussed, and 
a mechanism is proposed for the formation of 
“ridges.” 
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The Warm Pressing of Beryllium Powder 


by Norman P. Pinto 


Compacting below the recrystallization temperature was studied. 
Ideal density was attained at 550° to 600°C using 25 tsi. Compacts 
have strength and hardness higher than cold worked beryllium. The 
recrystallization temperature of this highly stressed metal is that 
of cast, cold worked beryllium and appears independent of pressing 


temperature. 


HE process metallurgy of beryllium is beset by 
many difficulties that hinder the production of 
sound beryllium shapes of controlled properties. 
Most of these obstacles are traceable directly to the 
low density, low ductility, and high affinity for oxy- 
gen of the metal. Castings are susceptible to crack- 
ing and porosity, and controlled grain size is not 
easily attained, yet is critical to further working. 
Any process must carefully avoid oxygen pickup. 
Conventional metallurgical processes, including 
melting, casting, forging, rolling, and extruding have 
been treated previously,”* as have the conventional 
N. P. PINTO, Member AIME, is Head, Metallurgical Engineering, 
Atomic Energy Diy., Sylvania Electric Products Inc., Hicksville, N. Y. 
Discussion on this paper, TP 3771E, may be sent, 2 copies, to 
AIME by Jan. 1, 1955. Manuscript, Oct. 8, 1953. Chicago Meeting, 
November 1954. 
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powder metallurgical methods.‘ More recently, a 
method has been advanced for producing powder 
compacts of high density by hot pressing at 1000° 
to 1100°C, using pressures of 0.25 to 0.5 tons per sq 
in. (tsi)... Here, Seybolt and coworkers attained 
theoretical density of 1.85 grams per ce using pres- 
sure-temperature combinations of 500 psi-1100°C, 
750 psi-1075°C, and higher. The warm pressing of 
beryllium is a practical method for producing bars 
of controlled properties and appears to have certain 
advantages, particularly when high strength and 
hardness are required. 

Other investigators have studied the hot pressing 
of various pure metals, such as copper,’” gold,’ 
iron,®” and aluminum.” Their results indicate that 
ideal densities may be attained by compacting at 
temperatures less than 50 pct of the absolute melt- 
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Fig. 1—Particle size distribution in beryllium powder. 


ing temperature when pressures of approximately 
25 tsi are used. 

' The densities of hot pressed compacts are deter- 
mined by several factors, among which temperature, 
pressure, and time are of first order of importance. 
Of secondary importance are particle characteristics, 
compact shape, atmosphere, heating rate, compact- 
ing technique, etc. Significant in a consideration of 
the hot compaction of a pure metal powder are its 
recrystallization temperature, deformation mecha- 
nism, and physical properties at elevated tempera- 
tures. Above the recrystallization temperature, a 
stress in excess of yield stress normally will produce 
ideal density in a short time, assuming no entrap- 
ment of impurities. The resultant compact will be 
recrystallized and strain free; it will have physical 
properties comparable to cast and worked metal 
which has been annealed, but usually with lower 
ductility. 

The usual deformation of reguline metal is accom- 
panied by gross dimensional changes in at least two 
of the three directions. The die pressing of metallic 
powders is relatively unique in that gross dimen- 
sional change in each of two directions is nil, while 
in the other direction it is negative. Individual 
particles distort, and the distances between par- 
ticles decrease, but the relative location of parti- 
cles does not change. An individual particle strained 
beyond the point at which fracture would normally 
occur may continue to deform by movement along 
already operative slip systems or along secondary 
planes of slip. 

These investigations include studies of the warm 
compacting of commercial beryllium powder using 
temperatures up to the recrystallization temperature 
for beryllium, pressures of about 25 tsi, and times 
at pressure to 30 min. It has been found that such 
powder may be compacted to ideal density using 
600°C, 60 sec, 25 tsi and higher; below these values, 
densities are lower. The properties of these com- 
pacts have been determined, as has the reaction to 
thermal treatment. Compacts of ideal density ex- 
hibit strengths of about 115,000 psi and hardness 
R, 30; these values are considerably higher than 
those obtained by conventional metallurgical proc- 
esses using cast metal. 
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Material 

The beryllium powder used was the product of the 
Brush Beryllium Co. and was prepared by vacuum 
melting Q grade metal and mechanically comminut- 
ing it until it passed 200 mesh. The composition of 
powder, as determined by the supplier, is given in 
Table I. It may be noted that the calculated density 
of beryllium containing corresponding quantities of 
BeO, Be.C, Fe, SiO., and Al.O; is 1.865 grams per cc, 
which figure must represent ideal density of the 
compacts. 

The particle size distribution determined photelo- 
metrically is given in Fig. 1. The average particle 
diameter is 21.7 microns, and the average diameter 
determined by subsieve sizer is 21.0 microns. The 
powder particles from previous lots of similar mate- 
rial are platelike in shape and have an apparent 
density of about 0.62 grams per cc, as determined by 
the Scott volumeter. 


Equipment and Method 

Compacts used in these investigations were pressed 
in the die assembly shown in Fig. 2. It consisted 
basically of steel punches and a steel die cylinder 
having a cavity 1% in. in diameter and 6 in. long. 
Graphite of approximately 0.02 in. thickness lined 
the cylinder, facilitating either hot or cold ejection 
and eliminating metallic interdiffusion. The top 
punch was suspended so that the charge could be 
evacuated completely and rapidly, gases being re- 
moved through a groove cut in the graphite. Inserted 
in the center of top and bottom punches were ther- 
mocouples, the junctions of which were within 1/16 
in. of the powder charge, providing accurate meas- 
urement of compact temperature. A thermocouple 
near the periphery of the bottom punch anticipated 
temperature changes and assured control within 
+ 10°C. The die cylinder was heated externally by 
a resistance-wound alundum heater, manually con- 
trolled. The entire die assembly was enclosed in a 
water-cooled stainless steel vacuum chamber. Vacua 
were between 1 and 8 microns of mercury during 
the hot pressing operation. Pressure was transmitted 
through the top of the vacuum chamber through a 
Wilson-type seal. The design of the vacuum cham- 
ber, incorporating modifications which improved the 
vacua to 0.15 to 0.50 microns, is shown in Fig. 3. 

Several die materials were used for the die cylinder 
and punches. High speed steel (18 pct W, 4 pct Cr, 
1 pet V) was found most usable because of its rela- 
tively good availability, good machinability, and low 
cost. Die behavior and life were good, although 
punch life was only about ten runs because of mush- 
rooming and barreling. A high temperature alloy 
100-NT-2 (30 pet Ni, 21 pet Co, 20 pet Cr, 18 pct Fe, 
2.2 pet Ta, 3.1 pet Mo, 2.2 pet W, 1.5 pet Mn, 1.0 pet 
Si, 1.0 pet C), cast and heat treated, was the most 
successful die material, having been used for more 


Table I. Composition of Beryllium Powder 


BeO 0.71 pet Mn aan 
BesC 0.12 pet Cu aon 
He 1500 ppm Zn < 30 ppm 
Si 740 ppm Ca < 10 ppm 
Al 430 ppm Ag ~3 ppm 
Mg 90-400 ppm Co < lppm 
Ni 145 ppm Na < lppm 
(ate 140 ppm B 0.3 ppm 
Li <0.3 ppm 


Theoretical density of (Be +BeO+Be.C+F iO» 
grams per cc. + BeoC + Fe +SiOs+ AlsO3) is 1.865 
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Fig. 2—Warm pressing die assembly. 


than 50 runs at temperatures up to 750°C without 
observable wear or distortion. Castings of an alloy 
of 2.25 pet C; 33 pet Cr, 17 pet W, 44 pet Co, and 
forgings of high chromium steels were used unsuc- 
cessfully. Other alloys, such as the 20 pct Cr, 20 pct 
Ni, 45 pet Co (plus Mo and W) and 28 pct Ni, 19 pct 
Cr, 6 pct Mo, 7 pet W, are being used, although life 
data are not complete. The availability of the newer 
high temperature alloys, such as the one used in 
these tests, considerably extends the temperature 
range through which practical hot pressing may be 
performed beyond the upper limit of about 750°C 
formerly defined by such hot die materials as high 
speed steel. The use of these high alloys, of metal 
ceramics, and of carbides for die materials should 
remove one of the obstacles to the commercial adop- 
tion of hot pressing methods. 

The procedure for elevated temperature compact- 
ing consists of die assembling, loading, leveling, 
evacuating, heating, and pressing. The loading and 
leveling are done carefully to assure a minimum 
entrapment of gas, minimum metal flow during com- 
pacting, and maximum density uniformity. Evacu- 
ating is done slowly to minimize the disturbance of 
powder by the eruption of entrapped gas. Using a 
power input of about 1.7 kw, a compacting tempera- 
ture of 600°C is reached in about 55 min; thus, the 
complete cycle, including loading, heating, pressing 
for 15 min, and ejecting hot, may be accomplished 
within 90 min. 

The warm pressed compacts are cut and surface 
ground to specimens 1 in. square x 0.3 in. thick. 
These specimens were used for geometrical deter- 
minations of density. They were further cut to 
about 0.3 in. square x 1 in. long for strength and 
hardness measurements. 
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The usual Rockwell loads have been observed to 
generate macroscopic cracks in the surface of beryl- 
lium bars and may not be used for accurate measure- 
ments. The superficial 15T scale was employed for 
these comparisons. 

Strength tests were made using simple beam load- 
ing with supports 0.9 in. apart and a load applied at 
the midpoint by a recently calibrated Baldwin South- 
wark tensile tester. Although the short span pre- 
cludes precise strength determination, the figures 
are of value for comparison purposes and indicate 
the order of magnitude. 


Results 

A series of compacts was pressed in the equipment 
just described at temperatures ranging from room 
temperature to over 700°C. The results of these 
tests on the densities of the compacts are shown in 
Fig. 4, in which density increases practically linearly 
to about 1.84 grams per cc at 550°C. At 600°C and 
higher, density is over 1.85 grams per cc or about 
100 pct of ideal. Density appears uniform through- 
out the warm pressed bar, as determined by hard- 
ness measurements over the cross section. The 
density curve is not affected by an increase in BeO 
content during compacting. Analyses showed no 
oxygen pickup at any of the temperatures studied. 

The described bars were compacted in vacuo to 
assure purity of atmosphere and to minimize gas 
entrapment. Checks were made by loading the 
powder in air and warm pressing without benefit of 
controlled atmosphere. Densities were the same as 
those described; however, there was an increase in 
BeO content of about 0.4 pct. 

The strengths of the warm pressed compacts were 
evaluated by a simple beam test and hardness meas- 
urements were made by applying the load parallel 
to and perpendicular to the compacting direction. 
Data are given in Table II. 

Strength increased rapidly with temperature, 
attaining values of 110,000 to 120,000 psi when tem- 
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Fig. 3—Apparatus for compacting powders at eleyated temperatures 
in yacuo. 
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Fig. 4—Densities of beryllium compacts pressed at elevated tem- 
peratures in yacuo at 25 tsi for 15 min. 


peratures were sufficiently high to produce ideal 
densities. This range is significantly higher than 
that characteristic of bars which have been cold 
pressed at 60 tsi and vacuum sintered at 1225°C for 
3 hr. The latter bars are fully annealed, and con- 
trast with the highly stressed structure of powder 
compacts warm pressed below the recrystallization 
temperature. 

The hardness of these specimens increased with 
compacting temperature although the increase of 8 
points between 300° and 600°C was minor, relative 
to the corresponding increase in strength from 22,000 
to about 115,000 psi. The fully dense bars were 
harder by about 11 points than bars which were 
sintered from cold pressed compacts. 

Hardness measurements made parallel to the 
compacting direction and 90° away produced values 
essentially identical, indicating directional proper- 
ties less marked than has been observed in cast and 
hot worked beryllium. This observation is corrobo- 
rated by data from beam tests in which the load 
was applied parallel to and normal to the compact- 
ing direction. 

In order to evaluate the effect of compacting time 
on density, a series of bars was pressed at 600°C for 
periods of 3 sec to 11 min. The results are shown 
graphically in Fig. 5. Density increases with time 
approaching the ideal, which is attained at 1 min 
and longer. 

The microstructures of warm pressed beryllium 
compacts are shown in Figs. 6 to 11. Figs. 6 and 7 
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Fig. 5—The effect of compacting time on densities of beryllium at 
600°C and 25 tsi in vacuo. 
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illustrate the compacts as pressed at 600°C. Bright 
field illumination revealed that the warm pressed 
compact was composed of beryllium powder partl- 
cles forced into intimate contact and that it was 
essentially the same, except for porosity, as com- 
pacts pressed at room temperature. Particle bound- 
aries were defined by the oxide which showed a 
tendency neither to agglomerate nor to diffuse into 
the beryllium particles. The compacting direction is 
clearly perpendicular to the longer axis of the flat 
particles. A polarized light study makes obvious the 
highly stressed nature of the individual particles. 
The brightness of reflected, polarized light changes 
continuously across a particle or grain, indicating a 
twisted lattice. 

Since data on the physical properties of warm 
pressed beryllium compacts indicated a super-stress 
of the lattice beyond that obtainable by conventional 
working techniques, it was considered that this might 
result in a lower recrystallization temperature. This 
possibility was studied by annealing the most highly 
stressed and ideally dense bars at different tempera- 
tures for a period of 30 min. It was found that 
recrystallization could not be observed at 700°C or 


Table II. Physical Properties of Hot Pressed Beryllium Compacts. 
Bars Compacted 15 Min at 25 Tsi in Vacuo 


Hard- 
Compacting Breaking Density, Rockwell ness After 
Temperature, Strength, Grams Hardness, 800°C 10 
°C 103 Psi per Ce 15T Hr Anneal 
300 22 1.61 84 71 
400 38 1.66 88 77 
500 ~70 ATT 90 83 
555 113 1.85 92 — 
600 1.85 91 86 
650 118 1.85 90 — 
Cold pressed 
and sintered 65 1.82 80 — 


lower, but that at 750°C (Fig. 8) recrystallization 
was partial, although most of the grains were still 
in the as-pressed state. At 800°C (Fig. 9), recrystal- 
lization was nearly complete and the resultant struc- 
ture was composed of heterogeneously sized, nearly 
equiaxed grains which approached in shape the 
plane-sided polygonal grains characteristic of cold 
worked and annealed reguline beryllium. Inasmuch 
as 750° to 800°C is within the recrystallization range 
of reguline or sintered beryllium which has been 
worked severely, it appears that the recrystallization 
temperature is not lowered even in the most highly 
stressed metal. 

A series of bars was annealed fully to determine 
quantitatively differences in the amount of cold 
work incorporated in warm pressed bars compacted 
at various temperatures and to evaluate the effect of 
annealing. Bars representing different compacting 
temperatures were treated for 10 hr at 800°C in 
order to observe any changes in recrystallized struc- 
ture. The resulting structures were very similar, 
the only difference other than porosity being in the 
grain size. Grain diameters of bars compacted at 
300° and 400°C were similar (Fig. 10) and slightly 
smaller than those compacted at 500°, 600°, and 
700°C, which were similar to one another (Fig. 11). 

The decrease in hardness (Table II) was practi- 
cally independent of compacting temperature, indi- 
cating that any difference in the degree to which the 
grains have been strained is not sufficiently great 
to be measured by such techniques. Compacts of 
slightly less than ideal density were softened by 
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Fig. 6—Beryllium compacted 15 min at 
580°C at 30 tsi in vacuo. Bright field. X250. 


X250. 


Fig. 7—Beryllium compacted 15 min at 
600°C at 25 tsi in vacuo. Characteristically 
highly stressed structure. Polarized light. 


Fig. 8—Beryllium compacted 15 min at 
600°C, annealed 30 min at 750°C. Polarized 
light. X250. 


Fig. 9—Beryllium compacted 15 min at 
600°C, annealed 30 min at 800°C. Polarized 
light. X250. 


light. X250. 


800°C annealing to approximately the same hard- 
ness as that of pressed and sintered compacts. 


Conclusions 

In the compacting of beryllium powder below the 
recrystallization temperature, a method has been 
developed for producing dense, uniform bars with 
controlled properties. These warm pressed compacts 
are highly stressed and have high strength and 
hardness, which may be reduced by annealing. 

Compact density increased with pressing temper- 
ature reaching 1.85 grams per cc at 550° to 600°C 
and with dwell time at pressure. The as-pressed 
strength of dense compacts is about 115,000 psi and 
hardness 90 Ris». Such compacts appear not to have 
directional properties. Hardness may be reduced 5 
to 10 points by annealing 10 hr at 800°C. The 
annealing produces a heterogeneously fine grained 
equiaxed structure. 

Although most of these data represent compacting 
in vacuo, evidence indicates that warm pressing may 
be adapted to the commercial scale production of 
beryllium parts. These parts have high strength 
properties, and the method has distinct advantages 
when such strength is desired. These physical prop- 
erties are attained in a single, simple operation, 
without additional treatment and reasonable dimen- 
sional tolerances may be maintained. The strength 
is, indeed, higher than attainable by more conven- 
tional production methods. 
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Fig. 10—Beryllium compacted 15 min at 
400°C, annealed 10 hr at 800°C. Polarized 


Fig. 11—Beryllium compacted 15 min at 
500°C, annealed 10 hr at 800°C. Polarized 
light. X250. 
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Creep Behavior of Magnesium-Cerium Alloys 


by GS. Roberts 


Four binary alloys in this system were creep tested at 300° to 
600°F. A photographic study of microstructural changes showed 
that the outstanding creep resistance results primarily from a 
potent precipitation hardening locally at grain boundaries. Twin- 
ning was correlated with the primary stage and nonbasal slip with 


the tertiary stage of creep. 


HE utility of the rare earth metals as ingredients 

of magnesium alloys destined for elevated tem- 
perature application has been recognized for about 
15 years. A review of the early development of these 
alloys has been given by Leontis. »* It has been only 
recently that a desire has arisen to understand basic- 
ally their remarkable creep resistance. The present 
research had that object. The work of Leontis 
showed that the differences between the behavior 
of the individual magnesium-rare earth element 
binaries was of commercial significance. However, 
the variations were small compared to the overall 
difference in creep resistance between the group as 
a whole and the magnesium alloys of the Al-Zn 
type. It was decided to conduct this investigation 
with one binary system which would be representa- 
tive of the magnesium-rare earth element alloy 
group. Cerium was chosen as the solute because of 
its near-middle position in the series and because 
of its availability in the commercially pure form. 
A previously published description of the creep be- 
havior of electrolytic magnesium® serves as the 
background to this research. The experimental 
approach used in that investigation has been parti- 
ally repeated here. 

A series of binary alloys was planned to include 
the following: 

1—A dilute alloy which would contain the cerium 
almost entirely in solid solution. This would assess 
the solid solution effect. 

2—An alloy which is nearly saturated at the 
selected solution heat treatment temperature, 
1070°F. Here the effect of nearly maximum precip- 
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Fig. 1—Determination of solid solubility of cerium in electrolytic 
magnesium at 1070°F by lineal analysis. : 


itation would be obtained without the influence of 
undissolved Mg-Ce intermetallic. 

3—An alloy containing slightly more cerium than 
is soluble at 1070°F. This would allow the investi- 
gation of the effect of a small amount of excess 
intermetallic. 

4—A high cerium alloy in which the influence of 
a large volume of undissolved intermetallic may be 
examined. 


Experimental Details 

In order to specify compositions of the binary 
alloy series a knowledge of the solubility of com- 
mercially pure cerium in solid electrolytic mag- 
nesium and also of the composition of the terminal 
intermetallic phase was necessary. The latter has 
been proven to be approximately Mg,Ce by Vogel! 
and Haughton and Schofield.’ A series of both cast 
and extruded alloys were solution heat treated 24 hr 
at 1070°F for a solubility determination. Lineal 
analyses of the polished and etched microstructures 
were accomplished with the aid of a Hurlbut 
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Table I. Chemical and Spectroscopic Analyses of Alloys 


Ce Al Ca Cu Fe Mn Ni Pb Si Sn Zn 

0.06 0.0011 <0.01 0.001 0.017 0.12 <0.001 <0.001 <0.01 <0.01 <0.02 
0.7 <0.03 <0.01 0.006 0.020 0.10 <0.001 0.001 <0.01 <0.01 <0.02 
1.2 0.003 <0.01 0.0008 0.035 0.011 0.0003 <0.0005 <0.001 <0.001 <0.01 
6.0 <0.03 <0.01 0.012 0.044 0.024 <0.001 0.006 <0.01 <0.001 <0.01 


counter." The data are plotted in Fig. 1 as weight 
percent cerium vs volume percent of undissolved 
Mg.Ce. The theoretical curvature of such a plot is 
so slight over this range that a straight line fit by 
the method of least squares is satisfactory. The 
intercept, reported as 0.8 + 0.1 pct, represents the 
solubility of commercially pure cerium in solid 
electrolytic magnesium. The scatter of the data is 
believed to be attributable mainly to errors in the 
chemical analyses. 

A large section of the solid solubility curve for 
cerlum in magnesium has been determined by 
Haughton and Schofield’ using the conventional 
metallographic bracketing technique. A solubility 
of approximately 1.2 pct Ce at 1070°F would be 
predicted from their results. The difference between 
these values may result from differences in type and 
amount of impurities between the two investiga- 
tions. 

The four alloys in the series were selected on the 
basis of 0.8 pet solid solubility. They were prepared 
by adding cerium of commercial purity to electro- 
lytic magnesium. The cerium contents were deter- 
mined chemically as 0.06, 0.7, 1.2, and 6.0 pct. The 
impurity analyses listed in Table I were obtained 
spectroscopically. The principal impurity in the 
cerlum was about 2 pct Fe. Its presence accounts 
for the rather high iron content of the alloys. Vari- 
ations in impurity content of both the cerium and 
the magnesium used in the melts, which were not 
made at the same time, led to the corresponding 
variations from alloy to alloy. The binaries were 
melted under flux and cast into 3 in. diameter ex- 
trusion ingots. They were extruded into 1%4x% in. 
flat stock. The 0.06 pct Ce alloy was studied in the 
as-extruded condition. The others were given a 
solution heat treatment of 16 hr at 1070°F and an 
aging of 16 hr at 400°F. Table II presents the ex- 
trusion conditions and the average grain size in the 
final form before testing. All alloys were fully re- 
crystallized after extrusion. The grain size was 
maintained as constant as possible through the alloy 
series. -The 0.06 and 0.7 pct Ce alloys were free of 
undissolved intermetallic, and the 1.2 and 6.0 pct Ce 
alloys contained 1.8 and 17.4 vol pct of it. The ex- 
cess Mg,Ce appeared primarily in semiglobular 
form at the grain boundaries and secondarily as 
globules within the grains. 

The extrusions all showed a definite preferred 
orientation which persisted after solution heat 
treatment. The preferred orientation of the 0.06 pct 
Ce alloy closely resembled that of the extruded 
electrolytic magnesium.” The 0.7, 1.2, and 6.0 pct 
Ce alloys exhibit the same double texture in the 
center two-thirds of the extrusion thickness. How- 
ever, the inclination of the basal plane to the ideal 
orientation (parallel to the surface) ranges from 
25° to 30°. Asa result, a large fraction of the grains 
are favorably oriented for deformation twinning. 
The importance of this process in the creep deform- 
ation of these alloys will be described. 
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The study of microstructural changes in creep 
were made possible by the same techniques of elec- 
tropolishing and protection with a film of silicone 
oil which were described previously.” The equip- 
ment, specimen design, and conditions used in the 
creep testing were also the same as in the previous 
work on electrolytic magnesium. 


Characteristics of the Cerium Alloy Creep Curve 

Creep testing of the 0.06 pct Ce alloy produced 
curves which were similar in shape to those of 
electrolytic magnesium.* They lay at only slightly 
lower strain levels for the same stresses and tem- 
peratures than the curves for electrolytic magne- 
sium. The results of this part of the program led 
to the conclusion that the solid solution strengthen- 
ing effect is definitely not the primary cause of the 
beneficial influence of cerium on creep resistance. 

The binaries containing 0.7, 1.2, and 6.0 pct Ce 
yielded tensile creep curves of a distinctive shape 
and striking variation with test temperature. It is 
not possible to reproduce here the hundreds of creep 
curves from these alloys at 300°, 400°, 500°, and 
600°F and over a total stress range of 200 to 18,000 
psi. Instead, representative families of curves will 
be presented for illustration of the curve shape and 
its variation with temperature and cerium content. 
Figs. 2 and 3 show groups of curves obtained from 
the 1.2 pet Ce alloy at the lowest and highest tem- 
peratures tested, 300° and 600°F. The curve shapes 
and the trends are representative of the 0.7 and 6.0 
pet Ce alloys also. At 300°F the primary stage is 
large and rapid with an abrupt transition to the 
low rate secondary stage. This stage gradually 
grades into tertiary creep which proceeds to frac- 
ture. The curves presented in this paper have all 
been terminated before fracture. 

The primary stage decreases with increasing 
temperature until at 600°F it is practically non- 
existent. Secondary creep becomes small and the 
tertiary stage sets in at very low strain levels. The 
reduction in specimen cross-sectional area is still 
uniform after a percent or more of tertiary creep. 
For these reasons the initiation and early part of 
tertiary creep cannot be explained on the basis of 
either uniform or nonuniform reduction of speci- 
men cross section. 

The variations of creep curves with cerium con- 
tent at the same temperature and stress are shown 
in Figs. 4 to 7. The slow change in curve shape at 


Table II. Extrusion Conditions and Grain Size of Alloys 


0.06 0.7 1.2 6.0 


Pct Ce Pct Ce Pct Ce Pet Ce 
Billet preheat, °F 800 800 800 975 
Preheat time, hr 2 24 2 2 
Container temperature, °F 800 800 800 950 
Die temperature, °F 800 800 800 950 
Rate, ft per min 3 3 3 5 
Final grain size, 0.001 in. 4-5 8-9 7-8 1-2 
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Fig. 3—Creep of 1.2 pct Ce alloy at 600°F. 


the higher temperature contrasts markedly with 
that which occurs between 300° and 400°F. The 
maximum creep resistance of the series is exhibited 
by the 0.7 pct Ce alloy at 400°, 500°, and 600°F. All 
stages of the creep curve lie at higher strains in the 
order 0.7, 1.2, and 6.0 pect Ce. However, with de- 
creasing temperature the 6.0 pct Ce alloy curves 
are closing the gap. At 300°F the 6.0 pct Ce alloy 
yields the least amount of creep. This drop in curve 
level results almost entirely from the marked 
diminution of the primary stage relative to that of 
the lower cerium alloys. 

The complex curve shape and its variation with 
temperature have made it impossible to apply any 
consistent and fundamental kinetic analyses. The 
emphasis has been placed on a three-way correla- 
tion between the operative deformation processes, 
the creep curve characteristics, and the microstruc- 
tural characteristics of the cerium alloys themselves. 


Microstructural Changes during Creep 


The microstructural changes in the 0.06 pct Ce 
alloy were similar to those previously observed in 
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electrolytic magnesium.*® For this reason no micro- 
graphs of this lowest alloy in the series are in- 
cluded. The micrographs shown in Figs. 9 to 19 are 
representative of many structures which were 
taken of 0.7, 1.2, and 6.0 pct Ce alloy structures 
after creep. The basic mode of creep deformation 
over the range 300° to 600°F is slip on the basal 
plane. The slip line spacing is much greater at a 
given temperature than in the case of electrolytic 
magnesium. The characteristic increase of slip 
band spacing and width with increasing tempera- 
ture has been observed. 

The preferred orientation characteristics of the 
0.7, 1.2, and 6.0 pct Ce alloys allow the operation 
of deformation twinning in creep. The total volume 
percent of twins was about 10 at 300°F, 5 at 400°F, 
2 at 500°F, and none at 600°F. In any one grain, 
some basal slip always occurs before twin forma- 
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Fig. 4—Creep of Mg-Ce alloys at 300°F and 13,000 psi. 
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Fig. 5—Creep of Mg-Ce alloys at 400°F and 10,000 psi. 
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tion, leaving straight lines through the twins as evi- 
dence. Basal slip may also occur afterward with 
the characteristic change in direction as in Fig. 14. 

A correlation between rapid primary! creep and 
twinning was observed. Similarly the operation of 
nonbasal slip appeared to be pronounced during 
tertiary creep. In an attempt to demonstrate these 
relations quantitatively, a series of electropolished 
1.2 pct Ce alloy specimens were run under the same 
test conditions, 300°F and 13,000 psi, to strain 
levels of 3, 5, 7, and 9 pct. The average creep curve 
for these conditions is presented in Fig. 8. Twin 
volume analyses were made on the specimens with 
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Fig. 6—Creep of Mg-Ce alloys at 500°F and 5,000 
psi. 
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the Hurlbut counter.’ The fractions of grains which 
contain nonbasal slip were found from similar 
lineal counts. Both groups of data showed consid- 
erable experimental scatter. However, when the 
results are plotted as a function of creep strain, a 
trend is established in support of the correlations 
above. This evidence appears in the bands shown 
in the inset of Fig. 8. During primary creep the 
twin volume rises rapidly to a nearly limiting level. 
Nonbasal slip enters near the end of twinning and 
rises rapidly in extent during tertiary creep. Figs. 
9 to 12 are micrographs of the specimens in this 
series. 

The nonbasal slip which appears in tertiary creep 
occurs in irregular bands which frequently cross 
both basal slip bands and themselves. Fig. 12 is a 
striking representation of these bands. Two sets of 
dark bands form a “V” and a third vertical set gives 
bright reflection at the top of the grain. Stereo- 
graphic analysis of these bands leads to the conclu- 
sion that this grain has undergone crossed pyra- 
midal or {101} slip. 


TRANSACTIONS AIME 


6.0 CE 
| 
re) 
= 
= 
1.2 CE 
0.7 CE 
1 1 
O 10 20 30 40 50 
TIME, HOURS 
Fig. 7—Creep of Mg-Ce alloys at 600°F and 3,000 psi. 

Enough stereographic analyses of deformed 


grains in several specimens were performed to es- 
tablish the correlation between irregular bands and 
pyramidal slip and between straight bands and 
basal slip. {101} slip has been observed in single 
crystals above 225°C by Bakarian and Mathewson." 
Burke and Hibbard* reported the operation of pyra- 
midal slip at room temperature when slip is con- 
strained on the basal plane. Chaudhuri et al.’ have 
observed irregular slip bands after creep at 500°F 
in very coarse grained magnesium and _ identify 
them with {101} slip. 

A change of character of the nonbasal slip oc- 
curred with increasing temperature. The long wavy 
bands with multiple crossings which are seen in 
specimens taken into tertiary creep at 300°F ap- 
parently undergo a gradual transition to cross 
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Fig. 8—Creep of 1.2 pct Ce alloy at 300°F and 13,000 psi. 
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Fig. 10—1.2 pct Ce 


at 300°F and 13,000 psi. Slightly oblique 
illumination. Stress axis vertical. X100. X100. 


slip’ * at 600°F, as shown in Figs. 12, 14, 15, 16, 
and 18. 

As in the case of electrolytic magnesium,’ sharp 
subgrain formation by kinking was observed at 
creep levels of several percent at all temperatures. 
The subgrains in the cerium alloys are localized 
more often at the grain boundaries and as exten- 
sions of boundaries into neighboring grains than in 
electrolytic magnesium. This evidence appears in 
Figs. 13 and 16 to 19. 

An outstanding contrast to the behavior of elec- 
trolytic magnesium is the blocking of the cyclic 


Fig. 12—1.2 pct Ce alloy after 9 pct 
at 300°F and 13,000 psi. Stress axis vertical. 


Fig. 15—1.2 pct Ce alloy after 5 pct creep 
at 500°F and 7,000 psi. Stress axis vertical. 


X100. X400. 
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alloy after 5 pct creep 
at 300°F and 13,000 psi. Stress axis vertical. 


creep Fig. 13—6.0 pct Ce al 
creep at 300°F and 18,000 psi. Oblique 


at 500°F and 7,000 psi. Stress axis vertical. 


Fig. 11—1.2 pct Ce alloy after 7 pct creep 
at 300°F and 13,000 psi. Slightly oblique 
illumination. Stress axis vertical. X250. 


deformation process of grain boundary sliding and 
migration. This inhibition occurs even at high tem- 
perature and low stress where the grain boundary 
deformation was predominant in electrolytic mag- 
nesium. The maximum blocking effect appears to 
occur in the 0.7 pct Ce alloy, as shown in Fig. 19. 
In this micrograph it can be seen that deformation 
which does occur at the grain boundary is rough 
and ragged. This evidence correlates with the max- 
imum creep resistance of the 0.7 pct Ce alloy at 
400°, 500°, and 600°F. 

The blocking of the cyclic deformation suggested 


Fig. 14—1.2 pct Ce alloy after 5 pct creep 


at 400°F and 11,500 psi. Stress axis vertical. 
X250. illumination. Stress axis vertical. X1000. X100. 


loy after 3.8 pct 


KG 


Fig. 17—6.0 pct Ce alloy after 5.2 pct 
creep at 500°F and 7,000 psi. Oblique 
illumination. Stress axis vertical. X500. 
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Fig. 18—1.2 pct Ce alloy after 5 pct creep 
at 600°F and 4,000 psi. Stress axis vertical. 
X250. vertical. X100. 


the presence of a peculiarly potent precipitate at the 
grain boundary. Both high magnification light mi- 
croscopy and electron microscopy were employed to 
examine the grain boundaries in the solution heat 
treated and aged condition. Fig. 20, a micrograph 
taken of an electropolished surface of the 0.7 pct 
Ce alloy before testing, reveals a fine line of pre- 
cipitate at the grain boundaries. A 0.7 pct Ce alloy 
specimen was electropolished after creep testing at 
600°F. Fig. 21 shows how growth of the grain 
boundary precipitate has occurred, leaving a wide 
cerium-depleted zone about the boundaries. The 
general precipitate within the grains also has grown 
markedly. The nearly vertical boundary on the left 
is suspected to be a subboundary formed during 
creep because of the angle at which it meets the 
main boundary and the very wide band of precipi- 
tate and depleted zone. The low angle subboundary 
would be expected to have a wider high energy zone 
in which precipitation may proceed than an equi- 
librium high angle boundary. The electron micro- 
graph of the 0.7 pet Ce alloy grain boundaries, Fig. 
23, emphasizes the magnitude of the grain boundary 
precipitate when contrasted with Fig. 22, an elec- 
tron micrograph of an electrolytic magnesium grain 
boundary. The 1.2 pct Ce alloy contains about the 
same amount of boundary precipitate as the 0.7 pct 
Ce alloy. The precipitate at the 6.0 pct Ce alloy 
boundaries is hard to recognize with optical micro- 
scopy, but the electron microscope shows the pres- 
ence of a fine layer. 


* 


at 600°F and 2,500 psi. Repolished electro- 
lytically. X1000. 


magnesium. 
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Fig. 21—0.7 pct Ce alloy after 4 pct creep Fig. 22—Grain boundary in electrolytic 
Electropolished plus glycol 
etchant. Electron micrograph. X6000. 


ve 


Fig. 19—0.7 pct Ce alloy after 6.5 pct Fig. 20—0.7 pct Ce alloy as electropolished 
creep at 600°F and 5,000 psi. Stress axis 


before testing. X1000. 


Discussion of Results 


Perhaps the most striking characteristic of the 
creep deformation of the cerium alloys is the block- 
ing of the cyclic process at the grain boundary. The 
boundary migration, which plays such an effective 
part in the creep of electrolytic magnesium, is gen- 
erally absent. Whenever boundary deformation 
occurs, it has the rough broken appearance which is 
seen only at the low temperatures and high creep 
rates for electrolytic magnesium. The blocking of 
the cyclic grain boundary deformation forces other 
processes with higher energy requirements to sup- 
ply the potential for intergranular adjustment. 
These processes are nonbasal slip, rough boundary 
sliding, and intensification of subgrain formation 
near the boundaries. 

The maximum creep resistance of the 0.7 pct Ce 
alloy at 400°F and above has proved the primary 
importance of the precipitation in Mg-Ce alloys. 
The micrographs which show both the dispersion 
of precipitate throughout the grains and its marked 
localization at the grain boundaries substantiate this 
conclusion. Mellor and Ridley” reached similar 
conclusions concerning the primary importance of 
precipitation in Mg-Ce alloys in contributing creep 
resistance at 200°C (392°F) and above. 

There are two possible causes for the deleterious 
effect of large amounts of undissolved intermetallic 
phase at 400°F and above. First, the thermody- 
namic effect of the large particles on the saturation 


Electropolished. Electron micrograph. X6000. 
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solubility will interfere locally with the precipita- 
tion of fine particles at the grain boundary. The 
Becker theory of nucleation of precipitates” pre- 
dicts that a large particle will exist or even grow in 
a solution which is thermodynamically undersat- 
urated for a very small particle. Second, in extru- 
sion the obtainable grain size is limited at a fine 
level, thus increasing the total grain boundary area 
available for deformation. 

The effect of the preferred orientation on the 
creep behavior through twinning is an independent 
consideration from the strengthening effect of pre- 
cipitation. The extreme cases for operation of twin- 
ning in tension are when the ideal orientation oc- 
curs (minimum twinning) and when a sharp pre- 
ferred orientation about 90° from the ideal exists 
(maximum twinning). The random orientation 
usually found in fine grained castings would allow 
an amount of twinning between these two ex- 
tremes. The extruded 0.7, 1.2, and 6.0 pct Ce alloys 
exhibit a preferred orientation which allows less 
than the maximum amount of twinning but which 
probably permits more than in the case of randomly 
oriented castings. 

The large primary creep at temperatures below 
about 400°F will be sensitive to the details of the 
angular mean and spread of the preferred orienta- 
tion. As a result, minor variations in casting or fab- 
ricating conditions and size or shape of specimen 
may overshadow the effect of alloy composition on 
creep in this temperature range. In this case the 
preferred orientation rather than the composition 
would generally be regarded as the primary varia- 
ble to be controlled. 

The final statement of the fundamentals of the 
creep resistance of the Mg-Ce alloys at present must 
be limited to the recognition of the presence, char- 
acteristic details, effect, and partial control of 1— 
the peculiarly potent precipitation, and 2—the pre- 
ferred orientation. However, a program already has 
been initiated to examine the basic principles con- 
tributing to these two alloy characteristics. 

A definite correlation has been made between 
nonbasal slip and tertiary creep. This is in harmony 
with the absence of tertiary creep and the concomi- 
tant failure to observe nonbasal slip in the previous 
study of electrolytic magnesium.* The nonbasal slip 
bands observed in the cerium alloys are not only 
irregular but also marked in the amount of slip 
which has occurred in them. Similar metallographic 
observations were reported by Hanson” in his dis- 
cussion of the tertiary creep of aluminum. A seem- 
ing paradox is encountered in explaining the con- 
tinuously accelerating creep by the operation of 
high energy slip processes when the decelerating 
primary creep results from the operation of basal 
slip. This difficulty may be resolved by separation 
of the elements of initiation and those of propaga- 
tion of slip on the nonbasal systems. The accelerat- 
ing creep then may be explained by a high energy 
requirement in initiation but a much lower energy 
demand for continuation of slip in a given band. 
This could lead to a slip avalanche of increasing 
intensity much as is predicted by the dislocation 
models of the yield point phenomena.”*” 

These characteristics of nonbasal slip and their 
variation with deformation temperature furnish 
one of two potentially useful pieces of evidence 
which this research offers for use in theoretical 
dislocation studies. The second is the operation of 
twinning in conjunction with prior basal slip. As 
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the dislocation theory of deformation twins is de- 
veloped further, this interaction may be understood 


better. 


Conclusions 


1—Cerium confers high creep resistance on mag- 
nesium by an especially potent precipitation hard- 
ening locally at the grain boundaries and also gen- 
erally within the grains. 

2—The primary effect of the grain boundary 
precipitate is the blocking of the cyclic grain bound- 
ary deformation characteristic of unalloyed mag- 
nesium. This forces the operation of subgrain for- 
mation near the boundaries and rough boundary 
sliding to effect intergranular adjustment during 
creep. 

3—The preferred orientation of the extruded Mg- 
Ce alloys allows the operation of deformation twin- 
ning at temperatures up to 500°F. The twinning 
contributes almost exclusively to primary creep. 

4—Tertiary creep in these alloys results prima- 
rily from the operation of nonbasal slip. 


References 


1T. E. Leontis: The Properties of Sand Cast Magne- 
sium-Rare Earth Alloys. Trans. AIME (1949) 185, p. 
968; JOURNAL OF METaLs (December 1949). 

*T. E. Leontis: Effect of Rare-Earth Metals on the 
Properties of Extruded Magnesium. Trans. AIME (1951) 
191, p. 987; JouRNAL oF Metats (November 1951). 

°C. S. Roberts: Creep Behavior of Extruded Elec- 
trolytic Magnesium. Trans. AIME (1953) 197, p. 1121; 
JOURNAL OF METALS (September 1953). 

*R. Vogel: Uber Cer-Magnesiumlegierungen. Ztsch. 
anorg. allgem. Chemie (1915) 91, p. 277. 

°J. L. Haughton and T. H. Schofield: Alloys of Mag- 
nesium Part V—The Constitution of the Magnesium- 
Rich Alloys of Magnesium and Cerium. Journal Inst. 
Metals (1937) 60, p. 339. 

°R. T. Howard and M. Cohen: Quantitative Metal- 
lography by Point-Counting and Lineal Analysis. Trans. 
AIME (1947) 172, p. 413; Mretats TECHNOLOGY (August 
1947). 

“Pp. W. Bakarian and C. H. Mathewson: Slip and 
Twinning in Magnesium Single Crystals at Elevated 
Temperatures. Trans. AIME (1943) 152, p. 226. 

*E. C. Burke and W. R. Hibbard, Jr.: Plastic De- 
formation of Magnesium Single Crystals. Trans. AIME 
(1952) 194, p. 295; JourNAaL or MeETALts (March 1952). 

*A. R. Chaudhuri, N. J. Grant, and J.-L. Norton: 
Metallographic Observations of the Deformation of 
High-Purity Magnesium in Creep at 500°F. Trans. AIME 
(1953) 197, p. 712; JourRNaL or Merats (May 1953). 

“R. Maddin, C. H. Mathewson, and W. R. Hibbard, 
Jr.: Unpredicted Cross-Slip in Single Crystals of Alpha 
Brass. Trans. AIME (1948) 175, p. 86; Mrerats TrEcH- 
NOLOGY (February 1948). 

“R. W. Cahn: Slip and Polygonization in Aluminum. 
Journal Inst. Metals (1951) 79, p. 129. 

™G. A. Mellor and R. W. Ridley: The Creep Strength 
at 200°C of Some Magnesium Alloys Containing Cerium. 
Journal Inst. Metals (1949) 75, p. 679. 

“G. A. Mellor and R. W. Ridley: Creep at 250° and 
300°C of Some Magnesium Alloys Containing Cerium. 
Journal Inst. Metals (1953) 81, p. 245. 

“R. Becker: Die Keimbildung Bei Der Ausscheidung 
In Metallischen Mischkristallen. Annalen der Physik 
(1938) 32, p. 128. 

**D. Hanson: The Creep of Metals. 
(1939) 133, p. 15. 

“ A. H. Cottrell: Effect of Solute Atoms on the Be- 
havior of Dislocations. Report of Conference on Strength 
of Solids, Bristol. Physical Soc., London (1948) p. 30. 

A. N. Holden: Dislocation Collision and the Yield 
Point of Iron. Trans. AIME (1952) 194, p. 182; Journan 
oF MeETaALs (February 1952). 


Trans. AIME 


TRANSACTIONS AIME 


Solubility of Oxygen in Alpha Iron 


by A. U. Seybolt 


The solubility of oxygen in a iron has been determined in the 
range between 700° and 900°C. The solubility is a function of 
temperature and varies from about 0.008 pct oxygen at 700°C to 
about 0.03 pct at 900°C. The heat of solution is approximately 


+15,500 cal per mol. 


S pointed out in a recent paper by Kitchener 
et al.,* there has been a lack of agreement among 
many investigators even as to the order of magni- 
tude of the solid solubility of oxygen in the various 
forms of iron. This lack of agreement is attributable 
in large part to the difficulties in the determination 
of a small oxygen solubility; but because the prob- 
lem has remained so long unsettled, it also indicates 
a lack of interest which is rather surprising when 
the demonstrated importance of small amounts of 
soluble nonmetallic impurities in iron is considered. 
The work of Kitchener et al. apparently leaves 
the solubility of oxygen in y iron in a satisfactory 
state, but no attempt was made to investigate the 
solubility in a iron. The solubility of oxygen in a 
iron is actually of greater interest, since it is in this 
form that iron and mild steels are employed ordi- 
narily. That the effect of oxygen in iron is of more 
than theoretical interest has been well established 
by Fast,” and more recently by Rees and Hopkins,* 
who demonstrated that oxygen in the range between 
0.0008 and 0.27 wt pct has a pronounced effect upon 
the mechanical properties. 


Previous Work and Methods Used 

To report in detail the literature relating to the 
solubility of oxygen in a iron would require an inor- 
dinate amount of space. For those interested in 
reviewing this work, a bibliography*™ of the more 
significant papers is appended. 

In general, two methods of studying this problem 
have been used. One is the gas-metal equilibrium 
method where the H.O-H.-Fe or the CO,-CO-Fe 
equilibria have been used. The other is the more 
direct approach of the oxidation of thin strips of 
pure iron by packing in mill scale or by air or gase- 
ous oxygen at some desired temperature. In this 
method oxygen is allowed to oxidize the surface and 
then to diffuse inward until saturation is obtained. 


A. U. SEYBOLT, Member AIME, is associated with the Research 
Laboratory, General Electric Co., Schenectady. 

Discussion on this paper, TP 3726E, may be sent, 2 copies, to 
AIME by Jan. 1, 1955. Manuscript, Noy. 12, 1953. Chicago 
Meeting, November 1954. 
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In the gas-metal equilibrium method the oxygen 
dissolved in solid iron at a given temperature is pro- 
portional to the ratio of the water vapor-hydrogen 
pressures or the CO.-CO pressures over the sample 
for small ratio values. If the ratio becomes higher 
than a critical value, then an oxide phase makes its 
appearance (the solution becomes supersaturated). 
In principle, it is possible to use a series of H,O/H, 
or CO./CO ratios and to find by analysis the corre- 
sponding amounts of oxygen in solid solution at 
constant temperature. At the point where a very 
small increase in the gas ratio (increase in oxidizing 
powder) produces a large increase in oxygen con- 
tent, the solid solubility limit is reached. Alter- 
nately, if the critical ratio is known, it is possible to 
use the procedure of Kitchener et al.* and to use a 
ratio which is near but below the critical one. The 
solubility corresponding to this lower ratio will not 
be the saturation solubility at the temperature em- 
ployed, but the saturation solubility can be calcu- 
lated by multiplying the measured solubility by the 
critical ratio over the ratio used. 

However, in the case where oxygen gas is the 
oxidizing medium, the saturation solubility is not a 
function of pressure, providing the pressure exceeds 
the dissociation pressure of FeO in equilibrium with 
iron. This is 1.2x10°° mm at 800°C, according to 
Dushman.* 

As pointed out by Darken” in discussing the FeO 
phase diagram, most of the possible errors tend to 
yield high values of oxygen solubility. For example, 
one circumstance which evidently caused the report- 
ing of many high values was the use of finely divided 
or powdered iron in the gas equilibrium method. 
Because of the large surface area of such a sample, 
and the likelihood of some surface contamination if 
only by exposure to air, the results tended to be 
high. The direct oxidation method which was used 
in this work has the advantage in that it is simple 
and direct, but it suffers from one disadvantage: 
equilibrium can only be approached from the low 
oxygen side. The important factors to be kept under 
control are the following: 1—use of high purity iron 
to avoid internal oxidation (oxidation of readily 
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Fig. 1—Solubility of oxygen in @ iron. 


oxidized impurities such as aluminum and silicon), 
2—use of good temperature control if solubility is a 
function of temperature, 3—addition of enough oxy- 
gen to insure saturation, 4—the use of sufficiently 
long soaking periods to insure equilibrium, 5— 
availability of a satisfactory method of oxygen 
analysis, and 6—assurance that no surface oxide 
was entrained in the sample sent for analysis or that 
there existed no preferential oxidation along grain 
boundaries. 

Referring to these points in order, the analysis of 
the iron will be indicated. As Kitchener et al.’ have 
shown, the presence of impurities whose oxides are 
readily formed can be a serious error in estimating 
the actual amount of oxygen dissolved in the iron 
lattice. The oxygen diffusing into the iron would 
preferentially form such oxides as Al.Os;, etc., and 
on subsequent analysis the apparent solubility would 
be high. If all of the oxygen-avid elements in the 
iron used in this investigation are assumed to be 
present in half the maximum amount reported, then 
about 0.003 pet oxygen could be tied up in this man- 
ner. However, since the actual amount of oxygen 
thus tied up is unknown, it seems best to plot the 
oxygen contents found. The only satisfactory solu- 
tion to the internal oxidation problem is to use as 
pure an iron as possible. 

In regard to temperature control, although cali- 
brated thermocouples were not used, several chro- 
mel-alumel couples were used during the investiga- 
tion, and the temperature was checked frequently 
with a second couple which agreed with the temper- 
ature set on the potentiometer controller to within 
5°C. In addition, some later experiments were per- 
formed using noble metal couples, and the data from 
these agreed with some earlier duplicate runs using 
base metal couples. The accuracy of temperature 
control was probably + 5°C. 


Table |. Spectrographic Analysis in Weight Percent 
of the Metallic Impurities 


Al <0.001 Mn <0.001 
As <0.001 (not detected) Mo <0.001 
Ca <0.001 Ni <0.03-0.003 
Co <0.001 Pb <0.001 
Cr <0.001 Si <0.005 
Cu <0.0001-0.00001 Sn <0.001 
Hg <0.001 (not detected) <0,001 
Mg <0.003-0.0003 <0.001 
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In every case, enough oxygen was added to insure 
the existence of an FeO film on the sample after the 
saturation run was over. Such a film is of course 
necessary to be certain of saturation, assuming that 
the saturation time was sufficiently long. 

The criterion of oxygen saturation was the secur- 
ing of the same oxygen analysis on samples which 
had been treated for different periods of time. At 
least two samples were used for each temperature 
of saturation, and ordinarily one sample was ex- 
posed for twice the length of time as the other. 
However, if one day of soaking with an oxide film 
sufficed at 700°C, for example, it seemed obvious 
that one day was enough for any higher temperature 
for a sample of equal thickness. 
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Fig. 2—Solubility of oxygen in a iron. 


All samples were analyzed by the familiar vacuum 
fusion method, whose accuracy was conservatively 
+ 0.002 wt pct oxygen. Great care was taken to 
clean off the sample surface before analysis. The 
iron samples were acid pickled prior to submission 
for analysis, and the analyst cleaned them again just 
before insertion into the vacuum system. Micro- 
scopic examination on numerous samples failed to 
show any structural abnormalities which would 
vitiate the results, such as obvious oxygen penetra- 
tion along grain boundaries. 

Finally, the reproducibility of the solubility re- 
sults at the temperatures used and the ability to 
rationalize the results according to thermodynamic 
principles indicate that the values reported repre- 
sent a real solubility of oxygen in a iron and not 
some extraneous oxygen, such as surface oxide or 
mechanically entrapped oxide. 


Materials and Experimental Procedure 


The iron was obtained from the National Research 
Corp., and was identified as NRC-58. It was high 
purity vacuum-melted iron of carbonyl origin. Re- 
ceived as 3 in. diameter ingot, it was induction 
heated to 930° to 970°C for 5 min in air and 
quenched in water to refine the grain. It was then 
machined to 2.40 in. diameter, heated to 900° to 
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950°C for 1 to 2 hr in argon and extruded to % in. 
diameter rod. At this stage it was sandblasted and 
cold-swaged to 0.475 in. diameter, and centerless 
ground to 0.465 in. diameter. The next processing 
was a l hr vacuum anneal at 800°C followed by cold 
rolling with no anneals to 0.020 in. thick strip about 
Y in. wide. Saturation samples consisted of 4x2 in. 
lengths of thin strip pickled in 30 pct HNO, to 
remove 0.001 in. from each side in case any impurity 
had become rolled into the surface. Hence, the final 
saturation strips were about 0.018 in. thick, and 
weighed about 2 grams. 

The following nonmetallic impurities were re- 
ported by the supplier: C, 0.0013 pct; O, 0.0058; N, 
0.000047. Two additional vacuum fusion oxygen 
analyses performed by different operators using dif- 
ferent equipment were 0.005 and 0.007 wt pct, thus 
checking the suppliers’ value within the usual ex- 
perimental error. These last two analyses were per- 
formed on samples of the 0.020 in. thick rolled strip. 
A spectrographic analysis in weight percent of the 
metallic impurities is given in Table I. 

The oxygen gas added to the hot strip samples 
was generated from the decomposition of chemically 
pure MnO., and was passed through a long drying 
tube of anhydrous magnesium perchlorate before 
admitting it to the system. All samples were satu- 
rated with oxygen in a gas absorption (Sievert’s) 
apparatus, described in a previous paper.” 

The procedure was simply to hang the strip speci- 
mens from a small hole in one end by means of a 
Pt-10 pet Rh wire so that the specimens were sus- 
pended in the center of the uniform hot zone of an 
evacuated, vertical, fused silica reaction tube. After 
the desired temperature had been reached, as much 
as 2 to 3 cu cm of oxygen gas was added to the 
system depending upon the temperature level. It 
became apparent early in the investigation that the 
solubility was greater at higher temperatures. In 
each instance, the amount of oxygen added was from 
twice to many times the amount of oxygen actually 
required for saturation. The initially high pressure 
on adding the oxygen usually fell to the neighbor- 
hood of 30 microns in about 10 min, but thereafter 
tended to rise somewhat, possibly indicating the 
formation of a small amount of CO from the carbon 
impurity in the iron. After about 30 min, pressure 
conditions were stabilized, the residual gas was 
pumped out, and the sample chamber thereafter was 
pumped continuously until the end of the run. The 
pressure during most of the run was usually less 
than one micron. After carefully cleaning off the 
surface oxide coating, the samples were analyzed by 
the vacuum fusion method. The results are shown 
in Table II. 


Table II. Oxygen Saturation Values at Different Temperatures 


Temperature, Soaking Specimen Oxygen Analysis, 

°C Time No. Wt Pct 
900 20 hr 50 0.026 
24 hr 29 0.030 
24 hr 68 0.028 
2 days 67 0.030 
850 20 hr 45 0.023 
24 hr 16 0.021 
2 days 18 0.024 
800 24 hr 30 0.018 
30 hr 33 0.017 
2 days 73 0.021 
770 47 0.013 
29 hr 71 0.012 
700 24 hr 23 0.008 
3 days 24 0.009 
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Fig. 3—Original iron as vacuum annealed 
at 850°C. 1 pct nital etch. X1000. Area 
reduced approximately 50 pct for repro- 
duction. 


Fig. 4—Iron containing 0.028 pct oxygen as 
quenched from 900°C. 1 pct nital etch. 
X1000. Area reduced approximately 50 pct 
for reproduction. 


Fig. 5—Iron containing 0.021 pct oxygen _ 
slowly cooled from 850° to 600°C. 1 pct 
nital etch. X1000. Area reduced approxi- 
mately 50 pct for reproduction. 


Experimental Results 


The data of Table II could be rationalized by the 
well known Van’t Hoff equation in the form 
InN = — AH/RT + C. Since the solubilities are 
very low, it is not necessary to use mol fraction or 
atomic percent oxygen (N), but it is possible to 
plot the logarithm of weight percent oxygen vs 1/T; 
see Fig. 1. Since a straight line is obtained (within 
the experimental error), the above equation is ap- 
parently obeyed in the range between 700° and 
900°C. The heat of solution of oxygen in a iron, 
AH, is about + 15,500 cal per mol. 

Fig. 2 shows the data plotted in the usual manner 
in which the points shown are the experimental 
data, but the curve is drawn from the line shown in 
Fig. 1. Hence, the curve in Fig. 2 shows normalized 
or corrected values of the oxygen solubility at each 
temperature. 

Effect of Oxygen on Lattice Parameter of a Iron: 
Because the maximum solubility of oxygen in a iron 
is so small, it was not expected that it would be 
possible to show a significant change in the lattice 
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Fig. 6—Partial Fe-O phase diagram. 


parameter due to dissolved oxygen. However, this 
was attempted using a geiger counter spectrometer 
which had yielded parameters accurate to +0.0002A 
in some other work. The original iron as vacuum 
annealed had a parameter of 2.8662 +0.0003A. Iron 
containing 0.030 pct oxygen (practicaliy saturated) 
had a parameter of 2.8656 +0.0005A. These values 
are identical within the experimental error, hence 
no significant lattice expansion can be reported. If 
the original value is minimized and the oxygen alloy 
parameter is maximized, an expansion of 0.0002A is 
obtained. It is quite possible that this is about the 
actual expansion which takes place. A lattice expan- 
sion of this magnitude could perhaps be measured 
by refined precision techniques. 

Metallography of FeO Alloys: Fig. 3 shows the 
typical microstructure of the high purity iron as 
vacuum annealed in the high a region. The actual 
treatment for this sample was 2 hr at 850°C. A few 
inclusions may be seen, which are probably mostly 
oxides of higher free energy than FeO. 

Fig. 4 shows a sample containing close to the max- 
imum amount of oxygen in solid solution, 0.028 pct, 
which has been quenched from 900°C. The appear- 
ance is essentially identical to the previous iron to 
which no oxygen has been added. 

Slow cooling in the high a region allows precipi- 
tation of FeO to occur as can be seen in Fig. 5, which 
shows the structure of an alloy containing 0.021 pct 
oxygen which was slowly cooled in the region 850° 
to 600°C. However, the nucleation of the FeO pre- 
cipitate appears to be rather difficult, particularly at 
temperatures near 600° to 700°C or below. One 
sample containing 0.03 pct oxygen was held at 700°C 
for 2% days without showing any evidence of 
precipitation. 

This whole question of the precipitation of FeO 
from both the a solid solution and the y solid solu- 


tion (where the solubility is quite low according to 
Kitchener et al.') is being given continued study. It 
is expected that a separate report on this subject 
will be forthcoming at a later date. 

Iron-Oxygen Partial Phase Diagram: Combining 
the findings reported here with those of Kitchener 
et al., the approximate phase diagram shown in Fig. 
6 is obtained. The chief uncertainty is the precise 
temperature location of the reaction horizontal. This 
line obviously must be above 910°C, the transforma- 
tion temperature of pure iron, and it is probably not 
higher than 925°C judging from the microstructures 
of alloys treated at this temperature level. 


Summary and Conclusions 


The solubility of oxygen in high purity a iron has 
been determined in the range between 700° and 
900°C. Because the data were quite reproducible 
and could be rationalized by the Van’t Hoff equa- 
tion, it would appear that they are probably nearly 
correct, and certainly of the right order of magni- 
tude. However, the absolute accuracy is probably 
no better than about +0.003 pct oxygen. A similar 
investigation on iron of much higher purity might 
yield values somewhat lower because of less internal 
oxidation, as discussed earlier. 
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The Influence of Carbon and Manganese on The 


Properties of Semikilled Hot Rolled Steel 


by F. W. Boulger and R. H. Frazier 


HE performance of welded structures is closely 

associated with the ductile-to-brittle transition 
temperature of the steel from which they are made.’ 
A low transition temperature is desirable because 
it indicates that the steel is less likely to fail sud- 
denly at low ambient temperatures. Structures such 
as bridges, ships, storage tanks, and pipelines are 
usually made from hot rolled semikilled steel. 
Changes in rolling practice or chemical composition 
appear to be the most practical methods for improv- 
ing the toughness of such materials. This results 
from the fact that production is likely to be seriously 
curtailed if improvements were obtained by recourse 
to heat treatment or complete deoxidation. 

This paper discusses the effect of variations in 
carbon and manganese contents on the properties 
of semikilled steels. The transition temperature, a 
property to which considerable importance is at- 
tached, varies with specimen configuration, testing 
method, and criterion of performance. Both the Navy 
tear test” and the keyhole Charpy test were used in 
the investigation. According to the terms used by 
Vanderbeck and Gensamer,’ the tear test was used 
to measure a fracture transition and the Charpy test 
to measure a ductility transition. In either case the 
specimens absorb considerably less breaking energy 
in tests below the transition temperature than in 
tests above the transition temperature. 

Decreasing the testing temperature of notched-bar 
specimens seems to be equivalent in its effect to in- 
creasing the severity of loading on fabricated struc- 
tures. Therefore, structures built from steels exhibit- 
ing lower transition temperatures in laboratory tests 
are expected to be less susceptible to sudden brittle 
fractures in service. Consequently, changes in com- 
position which lowered the transition temperature 
of the experimental steels were judged desirable. 


Materials and Methods 


The steels for this study were made in a labora- 
tory induction furnace and rolled to % in. plate, 
using a finishing temperature of 1850°F. Precautions 
taken to insure reproducible melting and testing 
practices are discussed in detail elsewhere.* All tests 
were made on hot rolled steels. 

The analyses of the experimental steels are given 
in Table I. The list includes steels with manganese 
contents ranging from 0.21 to 1.46 pct, at each of 
five carbon levels. The phosphorus, silicon, sulphur, 
and nitrogen contents of the steels are reasonably 
constant. 


F. W. BOULGER and R. H. FRAZIER, Members AIME, are Divi- 
sion Chief and Assistant Division Chief, respectively, Battelle 
Memorial Institute, Columbus, Ohio. 

Discussion on this paper, TP 3733E, may be sent, 2 copies, to 
AIME by Jan. 1, 1955. Manuscript, Oct. 9, 1953. Chicago Meeting, 
November 1954. 
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Table |. Chemical Analysis of Semikilled Steels 
Made in the Laboratory 


Composition, Pct 


Heat 
No.* Mn/C Cc Mn P Ss Si N 
7448 1.35 17 0.23 0.015 0.021 4 0.004 
6539 2.73 0.15 0.41 0.017 0.027 0.02 0.004 
6586 5.43 0.14 0.76 0.011 0.023 0.07 0.004 
7517 8.20 0.15 23 0.016 0.021 0.07 0.004 
6590 1.16 0.19 0.22 0.015 0.026 0.05 0.003 
7532 2.37 0.19 0.45 0.015 0.031 0.03 0.004 
3.80 0.20 0.76 0.015 0.023 0.05 0.004 
7518 5.06 0.19 0.96 0.017 0.028 0.04 0.004 
6554 5.17 0.18 0.93 0.016 0.017 0.11 0.005 
7516 5.89 0.18 1.06 0.016 0.025 0.08 0.004 
6599 7.30 0.20 1.46 0.015 0.022 0.06 0.004 
6589 0.92 0.25 0.23 0.016 0.024 0. 0.004 
2.09 0.22 0.46 0.014 0.024 0.05 0.004 
6547 3.95 0.21 0.83 0.015 0.028 0.05 0.004 
6598 5.29 0.24 1,27 0.016 0.026 0.07 0.004 
7519 6.23 .21 31 0.017 0.025 0.0 0.005 
7520 0.78 0.27 0.21 0.014 0.027 0.0 0.004 
7521 1.65 0.26 0.43 0.015 0.029 0.02 0.003 
7522 2.36 0.28 0.66 0.016 0.025 0.03 0.004 
7533 84 0.26 1.00 0.016 0.030 3 0.003 
7527 78 3 1 0.016 0.027 3 0.004 
6596 1.44 0.34 0.49 0.015 0.023 0.06 0.003 
6597 2.50 0.32 0.80 0.017 0.024 0.06 0.004 
7525 2.84 0.31 0.88 0.016 0.025 0.04 0.004 
7524 4.4 9 0.018 0.026 3 0.005 


* Data for A steel are averages for eight heats, and data for B 
steel are averages for seven heats. 


The tensile and notched-bar properties of the ex- 
perimental steels are presented in Table II. Both 
upper and lower yield points are listed, and all 
values are averages for duplicate specimens. 

Transition temperatures based on three criteria 
are given. The keyhole Charpy transition tempera- 
tures are the temperatures at which the energy- 
temperature curves based on averages of four speci- 
mens cross the 20 and 12 ft-lb levels. Both defini- 
tions of Charpy transition temperatures have been 
used by other investigators. Charpy tests were made 
at intervals of 10°F, using a pendulum with an 
available striking energy of 220 ft-lb and a velocity 
of 18.1 ft per sec. The specimens were oriented 
parallel to the rolling direction and notched normal 
to the surface of the plates. The tear test transition 
temperatures are based on the usual’ criterion of the 
highest temperature at which at least one of four 
specimens exhibits brittle behavior. 

The dimensions of the tear test specimens are 
shown in Fig. 1. The specimen is loaded eccentrically 
in tension, with pin and shackle fixtures, through 
the large holes while submerged in a liquid bath at 
the proper temperature. A specimen developing a 
fracture area with less than 50 pct shear or ductile 
texture is classed as brittle. Tear tests were made 
at intervals of 10°F. 
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Effect of Carbon and Manganese on Tensile Properties 


Since the carbon and manganese contents were 
varied independently, the steels cover a range in 
tensile strengths. The influence of these two elements 
on tensile properties is shown by the equations in 
Table III. The equations were obtained by multiple 
correlation analyses on the steels representing the 
25 compositions listed in Table I. The relative effects 
of carbon and manganese can be summarized as 
shown in Table IV. The data show that, pound for 
pound, carbon raises the ultimate strength of steel 
about eight times as much as manganese. The effect 
on reducing the elongation values is even more pro- 
nounced. The tensile-elongation values of these hot 
rolled steels were lowered by increases in either 
carbon or manganese. For equal increases in strength, 


however, the loss in elongation values was about 
three-fourths as large when manganese was used as 
the strengthening element. On the other hand, carbon 
is only about five times as effective as manganese 
in raising the yield strength; hence, raising the man- 
ganese level of mild steels increases the ratio of 
yield strength to tensile strength. 

The equations in Table III were obtained by cor- 
relation analysis of data obtained on semikilled 
steels made in the laboratory and hot rolled to % in. 
plate with a finishing temperature of 1850°F. How- 
ever, the equations give calculated properties in 
good agreement with those reported by Quest and 
Washburn’ for commercial steels. 


Effect of Manganese and Carbon on Tear Test 
Properties 

Table II shows that the composition of the steels 
influenced the maximum load and the energy re- 
quired to start and to propagate fracture in tear 
tests at temperatures 10°F above the transition tem- 
perature. Kahn has shown that the maximum load 
and the energy required to start the fracture are 
practically unaffected by the mode of fracture over 
a wide range in temperature.° 

The data on these laboratory steels indicate that 
the energy required to start a fracture in the tear 
test decreases with increasing carbon content for 
steels with the same manganese content. On the 
other hand, the energy associated with crack initia- 
tion increased with manganese, though this change 
was less marked and less consistent. Thus, combin- 
ing the individual effects of carbon and manganese 
is equivalent to showing a beneficial effect of higher 
Mn-C ratios in raising the energy required to start 
a failure. This should not be confused with the in- 
fluence, which will be discussed later, of the effect 
of manganese on the transition temperature where 
the mode of fracture changes from ductile to brittle. 


Table II. Properties of Semikilled Steels Made in the Laboratory* 


Tear Test Properties}+ 


Tensile Properties} Tran- Charpy Proper- 
- Energy Energy to ition ties}} i 
Elongation Yield Strength, Psi Tensile Maximum to Start Proaneate Tempers: 
- in 8 In., Strength, Load, Fracture, Fracture, ture, 
Heat No.** Pet Upper Lower si Lb. Ft-Lb Ft-Lb oF 12 Ft-Lb 20 Ft-Lb 
7448 35.0 33,300 28,700 50,700 33,500 950 670 
6539 30.5 31,850 30,750 53,300 35,650 930 690 
6586 28.5 33,000 32,000 54,400 38,500 1270 1130 40 —35 —24 
7517 29.5 37,150 36,000 61,400 42,570 1180 870 30 —44 —32 
6590 30.5 33,100 31,450 55,100 34,100 840 740 
7532 32.5 31,700 31,450 56,100 36,900 870 770 70 i Met: 
28.0 36,350 35,350 62,250 39,500 870 750 73 —28 —15 
7518 33.0 36,200 35,350 61,700 40,100 960 820 50 —33 —21 
6554 29.5 38,550 37,100 64,900 40,900 890 800 70 —54 —45 
7516 31.5 36,200 34,700 59,600 40,800 1220 840 40 —54 —38 
6599 24.5 43,850 43,400 72,400 46,800 970 850 60 —50 —38 
6589 29.5 34,050 32,800 58,400 35,200 820 670 
28.0 37,000 35,200 61,900 37,000 780 660 
6547 26.5 36,900 36,000 65,400 39,200 760 730 80 —36 27 
6598 23.0 42,900 42,200 74,200 45,500 950 830 70 —76 = 60 
7519 29.0 37,700 37,000 64,200 43,600 980 810 50 —44 —29 
7520 29.0 34,250 32,000 58,600 35,000 670 710 
7521 30.0 36,450 33,900 62,300 36,800 720 710 100 50 
7522 25.5 38,450 36,950 68,500 37,800 600 560 90 —2 22 
7533 27.5 41,900 39,250 73,600 43,200 950 830 70 —29 fc 9 
7527 30.0 34,650 33,800 63,000 35,700 590 64 
6596 21.0 41,300 38,600 72,900 36,500 520 370 130 73 
6597 24.5 40,900 40,100 75,100 41,000 640 610 90 +5 5 19 
7525 27.0 40,500 40,100 76,300 43,800 670 540 90 —6 : is 
7524 26.5 45,800 45,450 80,800 47,300 740 660 100 —37 oa 


* Compositions are given in Table I, tests made on % in. hot rolled plates. 
** Data for steels A and B are averages for eight and seven heats, respectively. 


+ Tensile data are averages for duplicate specimens. 


y+ Tear test values are for four specimens tested 10°F above transition temperature. 


each temperature of interest. 


Four Charpy keyhole specimens were tested at 
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Table Ill. Equations for Calculating the Effects of Carbon 
and Manganese on the Properties of Hot Rolled, Semikilled Steels 


1—Upper Yield Strength, psi = 23,000 + (39,200x pct C) + 
(7,200 x pet Mn) 
Standard Error of Estimate = 1500 psi 
2—Lower Yield Strength, psi = 20,700 + (39,800x pet C) + 
~ (8,400 x pct Mn) 
Standard Error of Estimate = 1300 psi 
3—Tensile Strength, psi = 30,800 + (104,000x pet C) + 
(13,000 x pet Mn) 
Standard Error of Estimate = 2200 psi 
4—Elongation in 8 in., pct = 38.2 — (32.6x pet C) — (3.2 x pet Mn) 
Standard Error of Estimate = 2.4 pct elongation 
5—Maximum Load in Tear Test, lb = 29,000 + (13,800 x pet C) + 
(9,820 x pct Mn) 
Standard Error of Estimate = 900 lb 
6—Tear Test Transition Temperature, °F = 17 + (330xpcetC) — 


(23 x pet Mn) 
Standard Error of Estimate = 10°F 
7—Keyhole Charpy Transition Temperature, °F = K* — 19 4+ 
(349 x pet C) — (74x pet Mn) 
(For 20 ft-lb level) Standard Error of Estimate = 10°F 
8—Keyhole Charpy Transition Temperature, ° F = — 15 + 
(225 x pet C) — (68 x pet Mn) 


(For 12 ft-lb level) Standard Error of Estimate = 12°F 


* Values of K are given in Table VI, or can be taken from the 
two curves in Fig. 6. 


If all steels deformed the same amount up to the 
point of maximum load in the tear test, then the 
energy used in starting a crack would depend only 
on the maximum load. This appears to be approxi- 
mately true. The nominal stress at maximum load 
in the tear test is less than the ultimate strength in 
tension because of the notch and eccentric loading 
characteristic of the test method. The sensitivity to 
these two stress-concentrating factors is influenced 
by strength and by composition, as shown in Fig. 2. 

Fig. 2 is based on tensile strengths measured at 
room temperature and maximum loads measured in 
tear tests 10°F above the transition temperature. 
This difference in testing temperatures is unimpor- 
tant because the maximum load in a tear test is 
almost independent of mode of fracture, or tempera- 
ture in the range covered. Fig. 2 shows that increas- 
ing the carbon content by 0.05 pct increased the 
strength reduction factor by 0.17. For this discussion 
the strength-reduction factor is considered to be the 
nominal strength in tensile tests at room tempera- 
ture divided by the nominal strength in tear tests 
made 10°F above the transition temperature. This 
can also be deduced from the equations in Table III. 
Large variations in manganese content among steels 


Table IV. Relative Effects of Carbon and Manganese 


Relative Effect 


Property Cc Mn 
Lower yield strength +4.7 +1 
Upper yield strength +5.4 +1 
Ultimate tensile strength +8.0 +1 
Elongation in 8 in. —10.2 —1 


at the same carbon level had comparatively little 
effect on the strength-reduction factor. However, 
manganese tended to decrease the sensitivity to the 
notch and eccentric loading. 

The data for these hot rolled steels indicate that 
greater notch sensitivity is not a necessary conse- 
quence of increased strength. The equations in 
Table III show that manganese raised the notched 
strength in the tear test about half as much as it 
raised the tensile strength. This contrasts with car- 
bon, which raised the notched strength only one- 
tenth as much as it did the ultimate strength. The 
disparate effects of carbon and manganese on the 
strength of tear test specimens may result from their 
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Fig. 2—Influence of carbon on the strength reduction factor result- 
ing from the notch and eccentric loading in the tear test. 


effects on notched ductility. In this regard, Ripling’ 
concluded that the strength of notched tensile bars 
depends on their ductility as evidenced by contrac- 
tion in area, a point which was not investigated in 
the current studies. However, it should be empha- 
sized that tear test specimens show at least 10 pct 
contraction in area at the root of the notch when 
tested at the temperature separating fractures which 
have predominantly shear textures from those with 
predominantly cleavage textures. This is true for 
specimens showing either type of fracture. Tem- 
peratures about 100°F below those of current in- 
terest are necessary to produce tear test fractures 
with no measurable deformation at the base of the 
notch. 

The equations in Table III also show the influence 
of carbon and manganese on the transition tempera- 
ture in tear tests. Manganese lowers the transition 
temperature in addition to improving the notched 
strength at temperatures above the transition tem- 
perature. Carbon, on the other hand, raises the 
transition temperature. This harmful effect of car- 
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Fig. 3—Influence of Mn-C ratio on the tear test transition tem- 
perature of semikilled steels. 
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Fig. 4—Influence of Mn-C ratio on the 12 ft-lb keyhole Charpy 
transition temperature of semikilled steel. 


bon would seem to reflect its potent influence on 
notch sensitivity. 

The equations indicate that carbon and manganese 
have independent effects on tear test transition tem- 
peratures. Within the range of carbon contents 
studied, increasing the manganese content by 0.20 
pct lowered the tear test transition temperature ap- 
proximately 4.6°F. Nevertheless, it is convenient to 
compare steels with equal strengths on the basis of 
their Mn-C ratios. Fig. 3 shows-that steels with 
higher Mn-C ratios have lower transition tempera- 
tures in tear tests. The improvement amounted to 
about 30°F, for steels of similar strengths, when the 
Mn-C ratio increased from two to five. 

The graphs also show a range of about 25°F in 
transition temperatures for steels with the same 
Mn-C ratio, but with tensile strengths varying from 
53,000 to 76,500 psi. With equal Mn-C ratios, the 
stronger steels have poorer transition temperatures 
in the tear test, despite their higher manganese con- 
tents. This results from the fact that the accom- 
panying increase in carbon overcomes the beneficial 
effect of manganese in the stronger steels. 

Fig. 3 indicates that increasing the Mn-C ratio 
from two to four, for steels of equal strengths, cor- 
responds to an improvement in tear test transition 
temperature of approximately 20°F. These Mn-C 
ratios are typical of those for ABS class A and class 
B ship plate, respectively. 


Effect of Manganese and Carbon on Charpy Properties 


Since the carbon and manganese contents were 
varied independently, the experimental steels cover 


Tensile Strength 


© $0,000-60,000 psi 
60,100- 64,000 pai 
 64,500-80,000 psi 


x 


a 


Chorpy Tronsition Temperature. F 
(20 ft-lb level) 
° 
° 
e 
x 


© e 
x 
2 3 4 5 7 J 


Manganese- Carbon Ratio 


Fig. 5—Influence of Mn-C ratio on the 20 ft-lb keyhole Charpy 
transition temperature of semikilled steel. 
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a range in tensile strength. Table V shows that 
strengthening hot rolled steels of this kind by in- 
creasing the carbon content lowered the room tem- 
perature Charpy value. On the other hand, raising 
the manganese content at a constant carbon level 
raised the Charpy values of specimens tested above 
the transition temperature. These observations 
agree with the conclusions of Rinebolt and Harris* 
from their studies on killed steels. They reported 
that carbon changes the shape of the temperature- 
energy curves in Charpy tests, while the principal 
effect of manganese is to increase the energy values 
of ductile specimens. 

Figs. 4 and 5 show the influence of the Mn-C 
ratio on the Charpy transition temperatures of the 
experimental steels. Unlike the tear test data in 
Fig. 3, these charts indicate that the Charpy transi- 
tion temperature is relatively independent of tensile 
strength in the range from 50,000 to 80,000 psi. 
Steels with the higher Mn-C ratios usually have 
lower Charpy transition temperatures, regardless of 
their strength. The fact that stronger steels do not 
necessarily have inferior Charpy properties has also 
been noted in tests on heat-treated steels tempered 
at various temperatures.” 

Barr and Honeyman” were among the first to 
attach importance to the Mn-C ratio as a factor 
affecting the notched-bar properties of steel. Their 
data indicated the benefits of higher Mn-C ratios, 
but were too few to establish the independent effects 
of manganese and carbon on Charpy transition tem- 
peratures. This could be done in the present in- 
vestigation because the larger number of experi- 
mental heats covered a wider range in composition 
and tensile strength. 

Carbon raises and manganese lowers the transi- 
tion temperature of notched bars and the elements 
seem to act independently. The separate effects of 
carbon and manganese on the Charpy transition 
temperatures of semikilled laboratory steels are 
shown by the equations in Table III. Combining 
Eqs. 3, 7, and 8 indicates that replacing carbon with 
manganese while maintaining the same strength 
should 1—lower the 20 ft-lb transition temperature 
11°F, and 2—lower the 12 ft-lb transition tempera- 
ture 8°F for each 0.01 pct C replaced. The improved 
toughness results from the combined benefits of 
adding manganese and of removing carbon. Such 
changes in composition alter the Mn-C ratio by 
amounts which depend on the original analysis of 
the steel. The change in the Mn-C ratio accompany- 
ing the replacement of carbon with manganese is 
more noticeable at low carbon or high manganese 
levels. This accounts for the curvilinear relation- 
ship between the Mn-C ratios and the transition 
temperatures in Figs. 4 and 5. The Mn-C ratio does 
not seem to have any intrinsic importance, although 
it is a convenient device for distinguishing between 
steels of comparable strengths. 

Fig. 6 illustrates an important point concerning 
the beneficial effects of manganese. The effect of 
this element in lowering the 20 ft-lb Charpy transi- 
tion temperature decreases appreciably at higher 
levels. The chart is based on data for the experi- 
mental steels corrected to 0.23 pet C. The points 
show moving averages* for groups of five steels after 


* The moving average is a device for obtaining a series of 
which represent the general trend of data hetiee than een 
observations, because fluctuations in the individual readings are 
averaged out in the calculations. The process can be illustrated for 
hypothetical observations forming the series 2, 6, 4, 7, 8, 6, 9; the 
el ye moving averages for groups of three are 4.0, 5.7, 6.3, 
.0, and 7.7. 
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Table V. Keyhole Charpy Values in Foot-Pounds of Hot Rolled, 
Semikilled Steels, Differing in Carbon or Manganese Contents, 
Tested at 75° to 80°F.* 


C Content, Pct 


Mn Content, 

Pct 0.14-0.17  0.18-0.20  0.21-0.25 0.26-0.28 0.31-0.34 
0.20-0.25 44 30 28 23 19 
0.40-0.50 38 367 327 24 20 
0.65-0.85 55 38 38 28 24 
0.86-1.05 — 42+ — 31 30 
1.06-1.25 57 56 _— — — 
1.26-1.50 50 467 34 


i: Most of the values quoted are averages for four specimens. 
7+ These values are averages for eight or more specimens. 


the data were arranged in order of manganese con- 
tent. These values differ enough from a straight 
line to justify inclusion of the factor K in Eq. 7 of 
Table III. Suitable values of K for calculating 
transition temperatures of steels with different 
manganese contents are given in Table VI. The 
change in transition temperature for each unit of 
manganese using the other two criteria also becomes 
less pronounced at high manganese levels. The 
effect is less marked, however, so little would be 
gained by using more complicated equations for 
expressing the influence of manganese on the tear 
test or 12 ft-lb Charpy transition temperatures. 

The standard errors of estimate of Eqs. 5, 7, and 
8 are small compared to the precision of notched- 
bar data. This suggests that transition temperatures 
of the experimental steels can be estimated almost 
as well by calculations as by experiments. 


Agreement Between Calculated and Experimental 
Transition Temperatures 

The regression equations for estimating the tear 
test transition temperature and the Charpy 20 ft-lb 
transition temperature from carbon and manganese 
analyses were tested both on the laboratory steels 
and on a series of commercial steels. Fig. 7 is a 
correlation plot of the experimental and calculated 
transition temperatures for the 25 laboratory steels. 
The amount of scatter is normal and all values but 
one (98 pct) fall within the limits of twice the 
standard errors of estimate. 

Table VII compares calculated transition temper- 
atures for 25 commercial steels with actual data ob- 
tained by Kahn” and Battelle Memorial Institute. 
For about two-thirds of the materials, the experi- 
mental and calculated values agree within twice the 
standard errors of estimate given in Table III. This 
is much poorer agreement than for the steels made 
and rolled under controlled conditions in the labora- 
tory. Most of the calculated temperatures are lower 
than the transition temperatures determined experi- 
mentally. This is invariably true for the materials 
giving the poorest correlations. 

Apparently, for the same composition, commercial 
steels are likely to have slightly higher transition 


Table VI. Values for K in Eq. 7 of Table III, Showing the Effect 
of Manganese on the 20 Ft-Lb Charpy Transition Temperature. 


Mn, Pct K, °F Mn, Pct K, °F 
0.20 +6 0.90 —8 
0.30 +3 1.00 —5 
0.40 +1 1.10 —2 
0.50 =i 1.20 +2 
0.60 —3 1.30 +5 
0.70 —6 1.40 +8 
0.80 —8 1.50 +12 
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0.23 % carbon 


60K 
\ 
50 \ 


oF 


x 
Average of standard | 
Type A steels 


n 
te} 


Curve colculated from Formula TT = 
349 x %C- 74x % Mn-l9 


20 Ft-Lb Keyhole Charpy Transition Temperature 


10 
Average of standard Type B steels 
x 
210 


° 0.50 1.00 1.50 
Mongonese Content, per cent 


Fig. 6—Influence of manganese on the Charpy transition tempera- 
ture of semikilled steels. 
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Fig. 7—Correlation of actual and calculated transition tempera- 
tures of experimental steels. 
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a—0.31 pct C-0.21 
pet Mn alloy. 


c—0.19 pct C-0.22 
pct Mn alloy. 


b—0.31 pct C-1.39 
pct Mn alloy. 


d—0.15 pct C-1.23 
pct Mn alloy. 


Fig. 8—Effect of manganese and carbon on the McQuaid-Ehn grain size of experimental 


ship-plate steels. X100. 


temperatures than the laboratory steels made and 
processed in this investigation. This is probably an 
effect of rolling temperature. The laboratory steels 
on which the equations are based were rolled at 
1850°F, while some of the commercial steels were 
probably finished at higher temperatures. It has 
been demonstrated previously* that increasing the 
temperature of the last rolling pass raises notched- 
bar transition temperatures. Increasing the finish- 
ing temperature 100°F raises the transition tem- 
perature in tear tests about 20°F. The same increase 
in finishing temperature raises the Charpy transition 
temperature about 5°F for steels containing 0.22 pct 
C and 0.50 pct Mn, and 10°F for steels containing 0.18 
pet C and 0.76 pet Mn. If appropriate corrections 
are made to the calculated temperatures on the 
assumption that most of the commercial steels were 
rolled at 1950°F, the agreement is better than indi- 
cated by data in Table VII. 


Relationships Among Carbon, Manganese, Grain 
Size, and Notched-Bar Properties 

Various investigators have shown that heat treat- 
ments which refine the ferritic grain size of a par- 
ticular semikilled steel improve its notched-bar 
properties.” The available information indicates 
that the Charpy transition temperature decreases 
approximately 25°F when the number of grains per 
unit volume of steel is doubled. This change in 
grain size corresponds to an increase of one number 
on the ASTM scale. On the other hand, it has also 
been demonstrated that semikilled steels with the 
same ferritic grain size can differ significantly in 
notched-bar properties. There is also some evidence’ 
indicating that a relationship exists between the 
prior austenitic grain size of ship steels and their 
transition temperatures. 
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For these reasons it seemed desirable to measure 
the grain size of the experimental steels. Therefore, 
McQuaid-Ehn tests and ferrite grain counts were 
made on each steel with the results shown in Table 
VIII. 

The grain counts show the average number of 
ferrite grains per 0.0001 sq in. of steel. For steels 
with equal amounts of ferrite, larger numbers in- 
dicate smaller ferrite grain sizes. Although it would 
be expected that increasing the manganese content 
would decrease the amount of ferrite, Table VIII 
indicates that the grain counts were independent of 
the manganese contents of these experimental steels. 
Therefore, manganese must have refined the ferritic 
grain size of these steels. 

Table VIII also indicates that the number of fer- 
rite grains per 0.0001 sq in. usually increased with 
carbon content. Since the total amount of ferrite 
decreased as the carbon content increased from 0.15 
to 0.34 pct, the increase in carbon was obviously 
accompanied by a decrease in size of the ferrite 
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Fig. 9—Poor correlation between austenitic or ferritic grain sizes 
and Charpy transition temperatures. 
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Table VII. Transition Temperatures of Commercial Semikilled 
34 in. Ship Plate 


20 Ft-Lb 
Tear Test Keyhole Charpy 
Transition Transition 
Compo- Tempera- Tempera- 
sition, Pct ture, °F ture, °F 

Plate Calcu- Calcu- 

Code Cc Mn Actual lated* Actual lated* 
G-3 0.25 0.42 100 90 —_— = 
A 0.25 0.49 710 89 +10 +31 
(@ 0.25 0.51 135 88 +15 +30 
S-7 0.21 0.49 120 75 +17 +17 
S-6 0.20 0.55 100 71 +14 +8 
s-9 0.18 0.50 80 65 +10 +6 
S-10 0.19 0.54 90 68 0 +6 
S-11 0.20 0.55 90 71 +36 +8 
s-8 0.14 0.46 90 o3 +22 —4 
58x428 0.33 0.55 130 114 +43 +55 
5779 0.25 0.44 80 91 +20 +36 
Average 0.22 0.50 99 80 +19 +19 
G-6 0.18 0.96 50 55 
S-2 0.17 0.60 110 60 +7 —7 
S-21 0.22 0.81 70 71 —5 —10 
S$-23 0.20 0.75 100 66 +12 —12 
S-1 0.17 0.66 100 58 +19 —13 
S-13 0.17 0.68 90 58 —1 —16 
$-22 0.19 0.77 100 62 +8 —17 
S-20 0.18 0.73 80 60 +1 —16 
S-19 0.19 0.78 80 62 +10 —18 
S-18 0.17 0.73 100 et —8 —20 
B 0.16 0.76 60 53 —34 —27 
S-5 0.17 0.90 70 53 +5 —35 
50x426 02h 0.78 80 69 —24 —12 
1046 0.20 0.77 50 66 —28 —14 
Average 0.18 0.76 81 60 —3 —17 


* These transition temperatures were calculated according to the 
equations in Table III. 


grains. Therefore, it appears that the influence of 
carbon on ferritic grain size tends to minimize its 
harmful effect on notched bar toughness. 

The grain counts indicate that the ferritic grain 
sizes of the experimental steels ranged less than one 
number on the ASTM scale. This would also be true 
if the counts were corrected for the pearlite con- 
tents of the steels. Previous data*”” indicate that 
such a change in grain size would correspond to a 
shift of about 25°F in Charpy transition tempera- 
ture. Therefore, very little of the 150°F range in 
transition temperature of these steels could be 
caused by variations in ferritic grain size. 

Fig. 9 shows that the correlation between ferrite 
grain count data and Charpy transition temperature 
is very poor. Apparently, the minor differences in 
grain sizes of these steels were too small to have 
any marked effect on transition temperature. The 
rolling practice, which was the same for all steels, 
apparently controlled the ferritic grain size in these 
experiments. 


Table VIII. Grain Size Data for 34 In. Laboratory Steels Differing 
in Carbon and Manganese Contents 


Carbon, Pet 
Manganese, 
Pet 0.14-0.17 0.18-0.20 0.21-0.25 0.26-0.28 0.31-0.34 

ASTM Grain Size* 

0.20-0.25 3.5 3 3.3 2.3 2.3 

0.40-0.50 2.8 2 3.5 2.3 2.5 

0.65-0.85 3.5 2.0 3.0 13 1.3 

0.86-1.05 —_— 27 2.3 1.5 1:3 

1.06-1.25 1.8 1.8 — — — 

1.26-1.50 1.5 1.47 — 
Ferrite Grains per 0.0001 Sq In. 

0.20-0.25 66 80 93 95 87 

0.40-0.50 17 69 93 90 112 

0.65-0.85 78 86 86 77 113 

0.86-1.05 — 87+ — 98 91 

1.06-1.25 93 76 

1.26-1.50 84 837 88 


* Measured after McQuaid-Ehn tests involving carburizing for 8 
hr at 1700°F. 
+ Averages for more than one steel. 
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The McQuaid-Ehn data show that all steels were 
coarse grained after carburizing for 8 hr at 1700°F. 
This indicates that all experimental steels had a 
coarse austenitic grain size during hot rolling at 
1850°F. Both carbon and manganese influenced the 
austenitic grain size developed in the standard car- 
burizing test. Table VIII shows that increasing the 
amount of either element while holding the other at 
a constant level resulted in coarser austenite grains. 
These effects on the carburized grain size are illus- 
trated by the micrographs in Fig. 8. The mechanism 
of this effect on grain size is obscure, although in- 
creasing either manganese or carbon would be ex- 
pected to decrease the oxygen level of steel. It is 
well known, of course, that manganese lowers the 
grain coarsening temperature of aluminum-free 
steels, but the effect of carbon was not anticipated. 

Fig. 9 also shows the poor correlation found be- 
tween austenitic grain sizes and Charpy transition 
temperatures. The variations in austenite grain 
sizes were much larger than those noted in ferrite 
grain counts. This resulted from the grain coarsen- 
ing produced in the McQuaid-Ehn tests, attributable 
to higher carbon or manganese contents. Although 
both elements coarsened the austenite, only carbon 
raised the Charpy transition temperature. Hence, 
the poor correlation. 


Summary 


Semikilled steels covering a range from 0.14 to 
0.34 pet C and from 0.20 to 1.50 pet Mn were made 
and rolled in the laboratory. The effects of these 
elements on grain size, tensile properties, and 
notched-bar properties were evaluated. The follow- 
ing conclusions seem justified from the data ex- 
amined. 

Carbon raised and manganese lowered the transi- 
tion temperature of semikilled steels. The effects of 
a particular change in composition differ quantita- 
tively with the criterion used to define the notched- 
bar transition temperature. The transition tempera- 
ture of semikilled steels in notched-bar tests can be 
improved by decreasing the carbon content. Man- 
ganese can be used to replace carbon in order to 
maintain the desired tensile strength. For equal 
strengths, steels with higher Mn-C ratios have bet- 
ter notched-bar properties. 

Equations derived by multiple correlation of the 
experimental data provide satisfactory predictions 
of changes in strengths and notched-bar properties 
resulting from differences in manganese and carbon 
contents. The agreement between calculated and 
experimental values for semikilled steels is im- 
proved by taking rolling temperatures into consid- 
eration. 

The McQuaid-Ehn grain size of semikilled steels 
increases significantly with increases in either car- 
bon or manganese contents. 

Carbon and manganese tend to refine the ferritic 
grain size of semikilled steels hot rolled at 1850°F, 
but these effects on notched-bar properties were 
not large enough to be important in this study. 

No correlation was found between the notched- 
bar transition temperatures and either austenitic or 
ferritic grain sizes of the hot rolled steels studied. 
This does not mean that grain size has no effect on 
notched-bar toughness. 
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Impact Transition Temperatures of Some Pearlite-Free Mild Steels 


As Affected by Heat Treatments in the Alpha Range 


by Ake Josefsson 


The transition temperatures of 0.01 to 0.02 pct carbon steels are 
shown to be strongly influenced by cooling rate in the a range, 
quenching from A, causing a very low transition temperature even 
after strain aging. In a titanium-stabilized steel and in a steel 
with 0.05 pct C this effect is absent. 


ORMAL mild structural steels usually show a 

structure of more or less pure ferrite, as a 
matrix, in which cementite grains or pearlite are 
embedded. Of these components, ferrite is by far 
the most interesting one as far as ductility and brittle 
(cleavage) fracture are concerned. Obviously, pear- 
lite and carbide are by no means necessary for a 
cleavage crack to nucleate and grow in the ferrite, 
as steels with a very low carbon content (Armco 
iron with 0.02 pct C) have an impact transition tem- 
perature just as high as semikilled steels with 0.26 
pet C.' Although it has been argued that a very em- 
brittling effect is to be expected from cementite, 
precipitated as continuous films along the ferrite 
grain boundaries,” * the micrographic evidence for a 
direct causal connection between the brittleness and 
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Discussion on this paper, TP 3769E, may be sent, 2 copies, to 
AIME by July 1, 1954. Manuscript, Oct. 16, 1953. 


652—JOURNAL OF METALS, MAY 1954 


these films does not seem to be very convincing. On 
the other hand, it has been stated that cementite 
particles in ferrite are able to stop ferrite cracks.* ° 
In any case, the properties of the ferrite itself seem 
to be of overwhelming importance to the ductility 
of steels, justifying a thorough study of steels con- 
sisting of ferrite of different compositions, but prin- 
cipally free from pearlite, which means a carbon 
content below 0.02 pct. 

Such investigations have been carried out using 
the impact transition temperature as a criterion of 
the tendency to brittle fracture and have given some 
rather unexpected results. One result is the pro- 
found influence of carbon on the transition tem- 
perature of the steel in normalized condition. If the 
carbon content is reduced from 0.02 to 0.015 pet and 
below, a nearly discontinuous decrease in transition 
temperature appears even with high percentages of 
such elements as phosphorus and nitrogen present. 
This will be reported elsewhere.’ The present paper 
deals with another effect of carbon upon transition 
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temperature, namely, the influence that heat treat- 
ments in the e range have been found to exert in 
steels with carbon contents around 0.02 pct. It is 
known from previous studies that in ordinary low 
carbon steels a slow cooling from the y range causes 
a coarse grained ferrite-pearlite structure with inter- 
spersed small carbide particles and a very high 
transition temperature.” * In that case, however, both 
grain size and carbon distribution are affected by 
the variation in cooling rate, and the lower transi- 
tion temperature in the quenched steel generally has 
been ascribed to the smaller grain size. In order to 
isolate the influence of carbon distribution upon 
transition temperature, grain size has to be kept 
constant. An investigation by Allen et al.* includes 
a comparison of the transition temperature of high 
purity FeC alloys, furnace-cooled from 950°C to 
room temperature, in one case directly after this 
treatment, in the other after an additional reheating 
to 700°C and water quenching. The latter treatment 
was shown to decrease the transition temperature 
for steels with carbon contents between 0.005 and 
0.020 pct by a substantial amount, whereas for 0.04 
and 0.11 pet C this additional quenching treatment 
caused a slight rise in transition temperature; this 
was believed to be due to, in the first case, a re- 
moval of the grain boundary carbides and, in the 
second, a slight thickening of these carbides. 

Apart from this paper the subject does not seem 
to have been dealt with in the literature. 


Composition and Origin of Steels Tested 


Contrary to what has been the case in the work 
mentioned above,’ the materials in the present in- 
vestigation are not especially pure. Some of them 
are taken from ordinary production and others have 
been melted in a high frequency vacuum furnace 
(capable of 2 mm Hg). The content of residual 
metallic elements was rather low in all steels: Cu, 
traces; Cr and Ni, nil; Co, traces; but otherwise the 
percentages of impurities may be considered as rep- 
resentative for commercial mild steels. All steels de- 
rive originally from the same kind of basic bessemer 
pig iron produced at Domnarvet. Table I gives the 
compositions. 


Table |. Analyses of Steels Tested 


Cc, Si, Mn, P, Ss, N, Alsoiubie, Ti, 

Steel Pct Pct Pet Pet Pet Pet Pet Pet 
A 0.015 Nil 0.30 0.031 0.015 0.015 0.02 —- 
B 0.02 Nil 0.08 0.014 0.010 0.002 — —_— 
Cc 0.015 Nil 0.16 0.032 0.017 0.013 — — 
D 0.006 Nil 0.41 0.012 0.016 0.015 — —_— 
E 0.05 Nil 0.19 0.022 0.025 0.002 -= — 
F 0.002 0.01 0.27 0.008 0.027 0.003 0.10 — 

G 0.013 Nil 0.15 0.009 0.022 0.007 0.07 0.27 


Steel A is an aluminum-killed, low carbon basic 
bessemer steel; B is a rimming, low carbon, electric 
are furnace steel, low in nitrogen; C, D, F, and G 
are melted in a laboratory, high frequency, vacuum 
furnace, C and D without any deoxidizing additions, 
F and G with aluminum and titanium, respectively, 
added in the furnace; E is an oxygen-blown rimming 
steel. The ingots (of which A, B, and E weighed 
about 2 tons; C, 40 kg; D, F, and G, 15 kg) were 
rolled to 15x200 mm (A and E), 15 mm square (B 
and C), or forged to this dimension (D, F, and G). 

A detailed report of the investigation of steel G 
and other titanium-stabilized steels is given else- 


where.® 
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Fig. 1—Absorbed energy transition curves for steel A after different 
heat treatments. 


Heat Treatments 


First all steels were given an austenitizing treat- 
ment in order to create defined conditions for the 
ferrite formation. The grain size and other char- 
acteristics inherent from the y-a transition in this 
way were kept constant as far as possible within a 
certain series. The specimens then were cooled in 
different ways through the a range, the factor varied 
was the temperature from which quenching was 
performed. Further, specimens, previously quenched 
from 700°C, were aged artificially or reheated to 
different temperatures up to 600°C. 

All heat treatments were carried out on sections 
15x15 mm in electrically heated muffle furnaces. 
Unless otherwise specified, the time at temperature 
was 15 min. 

Particulars regarding the heat treatments are 
given in connection with the results, Tables II, III, 
and IV. 
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Fig. 2—Absorbed energy transition curves for steel B after different 
heat treatments. 
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Fig. 3—Transition temperature for steel A, as a function of 
quenching temperature. 


Testing Methods 


After the various heat treatments, impact testing 
at different temperatures was carried out and the 
absorbed energies plotted against temperature, giv- 
ing transition curves. An ordinary Charpy pendulum 
with a capacity of 15 kg-m and 10x10 mm Charpy 
bars with standard keyhole notch were used. Par- 
ticular attention was paid to the strained and aged 
condition, but in many cases unstrained material 
was tested, too. Straining was performed in a tensile 
testing machine to 10 pct elongation; the yield 
strength, evaluated as the stress at the lower yield 
point, was obtained at the same time. When no yield 
point occurred, which was the case in the steels F 
and G, the yield strength was evaluated from the 
stress-strain curve as the stress at 0.2 pct permanent 
strain. In a few cases strain hardening was insuf- 
ficient to allow a uniform elongation of 10 pct before 
local contraction occurred. Stretching was then re- 
placed by drawing through a die giving 10 pct area 
reduction. For artificial aging the strained speci- 
mens afterwards were heated to 200°C for 6 hr. 

Microscopical examination included evaluation of 
the ferrite grain size using the Jernkontoret scale 
(JKM)* and a study of the occurrence of grain 


* An estimate of the corresponding ASTM grain size number may 
be obtained by subtracting the JKM grain size number from 17; 
JKM 10 = ASTM 7 


boundary carbides and precipitates. The nature of 
the brittle fracture, furthermore, was observed on 
sections through the nickel-plated fracture surfaces 
of Charpy bars. 

Results 


Influence of Quenching Temperature upon Impact 
Transition Temperature: Quenching from different 
temperatures within the a range was carried out 
only on the two steels A and B, and the resulting 
transition temperatures, as well as grain sizes and 
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yield point values, are compiled in Table II. Exam- 
ples of the complete transition curves are given in 
Figs. 1 and 2. The curves are generally rather steep 
in the critical interval, and the transition tempera- 
tures comparatively well defined. They are dis- 
placed toward higher temperatures by strain aging; 
the shifts show some variations and are generally 
greater in series 2 than in series 1, but both the non- 
aged and the strain-aged transition temperatures are 
affected in the same way by the heat treatments. 
The series 1, 2, and 3 all show that quenching from 
above 600°C gives very much lower transition tem- 
peratures than quenching from some temperature 
below 600°C. The change is confined to a relatively 
small temperature range around 600°C, as can be 
seen from Fig. 3, in which the transition tempera- 
tures of steel A are plotted against quenching tem- 
perature. There is no significant difference between 
series 1, in which furnace cooling from 950°C was 
interrupted at the quenching temperature, and series 
2, where all specimens were furnace cooled from 
1050°C down to room temperature and then re- 
heated to the quenching temperatures. 

After quenching treatments giving low transition 
temperatures, the yield strength values are gener- 
ally somewhat higher than after quenching from the 
lower temperatures. 


Table II. Influence of Quenching Temperature upon Transition 
Temperature and Yield Strength in Pearlite-Free Steels A and B 


Transition 
Temperature 
Yield 
Grain Strength, Un- Strained 
Size, Kg per strained, and aged, 
Cc °C 


Heat Treatment JKM Sq Mm 


Series 1. Steel A, Furnace 
Cooled at a Rate of 100°C per 
Hr from 950°C to: 


675°C, brine quenched 11 * —60 —15 
650°C, brine quenched alat 30.9 —60 —30 
625°C, brine quenched ifs * —50 —15 
600°C, brine quenched ial * —5 +30 
550°C, brine quenched 11% Dalal +0 +45 
350°C, brine quenched 11% 18.7 +10 +50 
Room temperature abl 19.2 +35 
Series 2. Steel A, Furnace 


Cooled from 1050° to Room 
Temperature at a Rate of 25°C 
per Hr, then Reheated to: 
800°C per 4 hr, brine quenched 11% 24.9 —90 —45 


750°C per 4 hr, brine quenched 11% 26.4 —100 —30 
700°C per 4 hr, brine quenched 11% 23.4 —95 —25 
600°C per 4 hr, brine quenched 11% 23.5 —40 +30 
550°C per 4 hr, brine quenched 11% 20.8 —10 +50 
500°C per 4 hr, brine quenched 111% 20.4 +0 +50 
400°C per 4 hr, brine quenched 11% 19.3 +5 +60 
Series 3. Steel B, Furnace 
Cooled at a Rate of 100°C per 
Hr from 950°C to: 
700°C, brine quenched, aged 
at 100° for 3 days 12 21.8 —35 
600°C, brine quenched, aged 
at 100° for 3 days 12 22.3 —45 
brine quenched, aged 
at 100° for 3 days 12 19.3 — 
535°C, brine quenched, aged 
at 100° for 3 days 12 17.8 +60 
500°C, brine quenched, aged 
at 100° for 3 days 12% phils) +60 
Room temperature 12% 16.2 +80 
Varied Cooling Rates from the 
Austenite Range (for Compari- 
son): 
Steel A, cooled in air from 
950°C 10% 22.8 —40 +15 
Steel A, quenched in brine 
from 950°C 91 36.2 —60 —45 
Steel A, furnace cooled from 
1050° to room temperature 
at a rate of 100°C per hr, 
aged 200°C per 24 hr 12 16.9 +45 
Steel B, cooled in air from 
950°C 10% 19.5 —30 +30 


* Strained by drawing through a die. 
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As will be shown further on, aging at room tem- 
perature has an appreciable effect upon the transi- 
tion temperature after quenching. This may be the 
reason for the discrepancies displayed in the right 
part of Fig. 3, as the time elapsed between quench- 
ing and testing varied, probably between one and 
three weeks. In series 3, an overaging treatment 
(100°C for 3 days) was given after quenching in 
order to avoid variations due to different aging time. 

The last part of Table II gives results representing 
different conditions for the y-a transition, which are 
included for comparison. The transition temperatures 
obtained by quenching steel A from 950°C is not 
lower than those of the first treatment in series 2, 
although the grain size is much smaller. 

Influence of Aging, after a Quench from 700°C, 
upon Impact Transition Temperatures: At tempera- 
tures around A,, carbon was taken into solid solu- 
tion, and by quenching from these temperatures the 
steels rendered capable of quench aging. The effect 
of aging at different temperatures on the two steels 
A and B was investigated and the results are shown 
in Table III. In most cases only strain-aged speci- 
mens were tested. For steel A, aging at room tem- 
perature raises the yield strength as well as the 
transition temperatures. On aging at +100° the 
transition temperature is at first slightly raised, then 
lowered again, obviously reflecting an overaging 
process, which also appears in the yield strength 
values. Aging at 200°C for one day which, too, may 
be characterized as overaging, gives a transition 
temperature of —85°C, which is the lowest value 
obtained by any treatment, after straining and 
aging. Reheating to still higher temperatures caused 
the transition temperature to rise successively, see 
Fig. 4. Steel B raises its transition temperature 
slightly when aged at room temperature; this effect 
is prevented by prior aging at 100°C for 3 days. 

A comparison of oil quench and brine quench 


Table III. Effect of Aging after Quenching from 700°C upon 
Transition Temperature and Yield Strength in Pearlite-free 
Steels A and B 


Transition 
Temperature 


Yield 


Grain Strength, Un- Strained 


Aging or Heat Treatment Size, Kg per strained, and aged, 
After Quenching from 700°C JKM Sq Mm °C °C 
Steel A 
Aged at room temperature 
for 6 hr 11 —110 
Aged at room temperature 
for 5 days 11 24.5 —80 —65 
Aged at room temperature 
for 120 days 11 37.8 —55 —35 
Aged at 100°C for 6 hr 12 23.5 —90 —60 
Aged at 100°C for 24 hr 11 30.2 —40 
Aged at 100°C for 96 hr 11% 26.4 —80 —50 
Aged at 100°C for 384 hr 11% 25.5 —85 —60 
Aged at 200°C for 24 hr 10% 22.2 —85 
Reheated to 300°C for 24 hr 10% 21.4 —80 
Reheated to 500°C for 1 hr 1044 20.5 —40 
Reheated to 500°C for 24 hr 10% 19.5 —40 
Reheated to 600°C for 4 hr 11% 19.6 +0 
Reheated to 650°C for 4 hr 10% Oil +20 
(Reheating in all cases fol- 
lowed by furnace cooling 
25°C per hr) 
Steel B 5 
Aged at room temperature 
2% hr 12 22.9 —40 
Aged at room temperature 
30 days ll‘ 22.8 —40 
Aged at room temperature 
for 120 days —20 
Aged at 100°C for 3 days 12 21.6 —40 
then at room temperature 
for 120 days 
Steel A 
(Oil quenched) aged at 100°C 
for 3 days 10% 27.0 —s80 
(Brine quenched) aged at 
100°C for 3 days 10 29 —55 
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TRANSITION TEMPERATURE 
(STRAINED AND AGED) 


-/00 
100 200 300 400 50 600 650°C 


REHEATING TEMPERATURE AND -TIME 


Fig. 4—Transition temperature for steel A, brine quenched from 
700°C and reheated to different temperatures, as a function of 
reheating temperature. 


from 700°C is shown at the bottom of the table. The 
former gives the lowest transition temperature. 
Consequently, a complete undercooling is not essen- 
tial, and may not even be desirable, for attaining the 
very low transition temperatures. 

Transition Temperatures after Quenching and 
Furnace Cooling, Respectively, as Affected by Steel 
Composition: Table IV shows how some variations, 
mainly in carbon and nitrogen content, affect the 
possibilities of achieving low transition tempera- 
tures by quenching from 700°C. All results refer 
to the strain-aged condition. In some cases two dif- 
ferent preliminary treatments in the austenite 
range were included in order to give an idea of the 
influence of varying grain size. 

Nitrogen, even as high as 0.015 pct, is no obstacle 
for the lowering of transition temperature by 
quenching; this may he done in oil or in brine with 
about the same effect (compare steel C and D with 
steel B). If carbon is raised to 0.05 pct, there is no 
significant change in transition temperature by 
quenching in oil, neither in the fine grained (JKM 
9142) nor in the coarse grained (JKM 11) condition. 
If nitrogen is fixed as aluminum nitride and carbon 
reduced to 0.002 pct (steel F), alternatively fixed as 
titanium carbide (steel G), the transition tempera- 
tures are not affected by the rate of cooling from 
700°C. It may be noted, however, that these transi- 
tion temperatures, which may be considered as rep- 
resentative of a nonaging ferrite, are appreciably 
higher than, for instance, those of steel C after 
quenching. Steel D, with only 0.006 pct C, does not 
obtain as low transition temperatures after quench- 
ing as did steel C, which has 0.015 pct C. 

Broadly speaking, the differences in yield strength 
between furnace cooled and quenched specimens 
parallel the corresponding shifts in transition tem- 
peratures, being high for the steels B and C and al- 
most absent for the steels F and G. Steel E, how- 
ever, shows an increase in yield strength of the 
same order as steel B, in spite of the absence of the 
transition temperature shift. 
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Fig. 5—Steel A. Furnace cooled from 
700°C, strained and aged. Etched in hot 
sodium picrate. Grain boundary cementite. 
X200. Area reduced approximately 50 pct 
for reproduction. 


Fig. 6—Steel B. Furnace cooled from 950° 
to 535°C, brine quenched, aged at 100°C 
for 3 days, strained, and aged. Etched in 
hot sodium picrate. Grain boundary ce- 
mentite (indicated by arrows) and slag in- 


clusions. X200. Area reduced approxi- 
mately 50 pct for reproduction. 


: 


Fig. 7—Steel E. Normalized at 920°C, 
reheated to 700°C for 4 hr, oil quenched, 
aged 100°C for 3 days, strained, and aged. 
Etched in hot sodium picrate. Grain 
boundary cementite and slag inclusions 
(round dots). X500. Area reduced ap- 
proximately 50 pct for reproduction. 


Yield Point Appearance: The character of the 
stress-strain curves obtained on straining 10 pct 
showed no remarkable variations between speci- 
mens quenched from 700°C and those that were fur- 
nace cooled from the same temperature. In both 
cases a yield point and a yield elongation appeared, 
except in steels F and G. In steel F only a very 
faint yield point could be detected in the furnace 
cooled specimens, and the quenched ones had com- 
pletely smooth stress-strain curves. Steel G showed 
only the smooth curves, regardless of heat treat- 
ment. The arrangements for recording the stress- 
strain curve, however, were not very good; the 
specimens were clamped between jaws in the cross- 
heads of the testing machine without special care 
being taken to attain exactly axial loading, and the 
strain was measured as the displacement of the 
movable crosshead. 

Microscopical Observations: After furnace cooling 
from 700°C, specimens of the steels A, B, and D 
showed grain boundary cementite, generally re- 


stricted to some of the grain boundary corners. Fig. 
5 shows this for steel A. Cementite also appeared in 
steels A and B quenched from lower temperatures 
than 600°C, which may be seen from Fig. 6. Its 
presence, consequently, seems to follow the higher 
transition temperatures. In steel E with the higher 
carbon content of 0.05 pct, grain boundary cementite 
was present after quenching from 700°C. In this 
case, however, it was less massive and had the ap- 
pearance of isolated, relatively thick particles, dis- 
tributed along the grain boundaries, see Fig. 7, note 
the higher magnification. 

Steel C had rather few particles of normal grain 
boundary cementite after furnace cooling, but in- 
stead comparatively large platelike precipitates lo- 
cated, for the most part, close to the grain bounda- 
ries, see Fig. 8. These are thought to be a nitride or 
a carbonitride.’ The absence of these precipitates in 
steel D, after furnace cooling, may be related to the 
difference in carbon and/or manganese content be- 
tween these two steels. 


Table IV. Transition Temperatures (As Strain-Aged) and Yield Strength of Some Low Carbon Steels after 
Furnace Cooling and Quenching, Respectively, from 700°C 


Rate of Cooling from 700°C* 


In Furnace, 


(100°C per Hr) Oil Quench Brine Quench 
Yield Trans. Yield Trans. Yiel 
Analysis, Pct Grain Strength, Temp. Strength, Temp. 
Preliminary Heat Size, Kg per (Strain- Kg per (Strain- Kg per : (Strain- 
Steel Cc N Treatment JKM SqMm Aged),°C SqMm Aged), °C Sq Mm Aged), °C 
B 0.02 0.002 Air cooled from 920°C, reheated 
to 700°C for 4 hr 11 18.5 
Furnace cooled from 1100°C, re- +50 25.7 —30 
heated to 700°C for 4 hr 14 13.9 10 
0.015 0.013 Furnace cooled 950° to 700°C 11 21.6 28.9 —50 
D 0.006 0.015 Furnace cooled 950° to 700°C 12 21.6 +70 22.3 =10 22. oy 
E 0.05 0.002 Normalized 920°C, reheated to ; = iyicks 
700°C for 4 hr 9% 21.9 
cooled from 1100°C, re- 3 +20 
eated to 700° for 4 hr ty 18.5 
F 0.002 0.003+ Normalized 950°C, reheated to 
700°C for 4 hr 15 12.5 _ 
cooled from 1100°C, re- “320 
eated to 700° for 4 hr 12-15 11:2 —- 
G 0.013t 0.007t As reheated to 700°C for 
1 hr 10/11 = 
Furnace cooled from 1050°C, re- 
heated to 700°C for 1 hr 15 10.7 +20 13.8 +15 


*In addition to the treatments specified above, all s i ° ini ; 
+ Soluble aluminum, 0.10 pct. pecimens were aged at 100°C for 72 hr before straining and aging at 


¢ Ti, 0.27 pct; Al, 0.07 pct. 


200°C. 
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Fig. 8—Steel C. Furnace cooled from 
950°C to room temperature. Etched in 4 
pet picral for 15 sec and 1 pct nital for 
60 sec. Precipitates of two kinds (the 
coarser disks may correspond to Fe,N, the 
finer ones to the transition phase quoted 
by Dijkstra). X750. Area reduced approx- 
imately 50 pct for reproduction. 


Fig. 9—Steel 


D. Furnace cooled from 
950°C to room temperature, aged at 
100°C for 3 days. Etched in 4 pct picral 
for 30 sec and 1 pct nital for 60 sec. Pre- 
cipitates in the ferrite (fine disks, of the 
same kinds as in Fig. 8) and grain boundary 
cementite. X1500. Area reduced approxi- 
mately 50 pct for reproduction. 


Fig. 10—Steel A. Furnace cooled from 950° 


to 700°C, brine quenched. Etched in 4 pct 
picral for 30 sec and 1 pct nital for 60 
sec. Ferrite with rough surface. X1500. 
Area reduced approximately 50 pct for re- 
production. 


In addition, both steels C and D contained a rather 
dense precipitate of small platelike particles within 
the ferrite grains, which are thought to be nitrides 
or carbonitrides. In steel D a subboundary network 
occurred consisting of such particles, see Fig. 9. In 
the other steels slow cooling from 700°C did not 
develop any visible precipitates within the ferrite 
grains. 

As might be expected neither steel F nor steel G 
contained any cemenite even after furnace cooling. 
In steel G (titanium stabilized) yellow angular 
particles, probably titanium carbonitrides, could be 
seen. They showed no relation to the grain bound- 
aries. 

Aging treatments did not alter the microstructure 
of the furnace cooled steels. 

After quenching in brine from 700°C, grain 
boundary cementite disappeared completely in all 
steels except in steel E, nor were any precipitated 
particles visible in the ferrite. After etching, how- 
ever, the surface of the ferrite in the steels A to E 
generally appeared “rough” in a very fine pattern, 
Fig. 10. This was not observed in the furnace cooled 


~ 


Fig. 11—Steel D. Furnace cooled from 


Fig. 12—Steel A. Oil quenched from 700°C, Fig. 


specimens. If the furnace cooling from 700°C was 
interrupted at 500°C and followed by quenching (in 
steels A and B), roughness could appear in some 
areas but was generally weaker or absent. 

Aging at 100°C after brine quenching from 700°C 
gave a fine, dense precipitate. Particle size varied 
somewhat in the various steels, but also from grain 
to grain in the same specimen, see Fig. 11. In steels 
A and B, however, the same treatment gave a much 
finer precipitate. 

Oil quenching from 700°C caused precipitates to 
occur within the ferrite grains even without any 
artificial aging. This may be seen in Fig. 12 and 
seems to strengthen the belief that the roughness of 
the ferrite after brine quenching from 700°C is due 
to some submicroscopical precipitate formed mo- 
mentarily during the quenching, since this must be 
the way in which the precipitate in Fig. 12 has been 
formed. See also Fig. 13 of steel C, where the pre- 
cipitates are comparatively large and grain bound- 
ary particles (cementite?) are developing simulta- 
neously; along the grain boundaries there is a zone 
almost free of precipitates. 


13—Steel 


C. Furnace cooled from 


950° to 700°C, brine quenched, and aged 
at 100°C for 3 days. Etched in 4 pct picral 
for 30 sec and 1 pct nital for 60 sec. Pre- 
cipitates of varying density. X1500. Area 
reduced approximately 50 pct for reproduc- 
tion. 
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no aging. Etched in 4 pct picral for 30 sec 
and 1 pct nital for 60 sec. Precipitates 
formed during quenching. X1500. Area re- 
duced approximately 50 pct for reproduc- 
tion. 


950°C to 700°C, oil quenched, no aging. 
Etched in 4 pct picral for 30 sec and 1 pct 
HNO, for 60 sec. Precipitates formed dur- 
ing quenching. X1500. Area reduced ap- 
proximately 50 pct for reproduction. 
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Fig. 14—Steel A. Brine quenched from 
700°C, reheated to 300°C for 24 hr, 
strained and aged. Etched in 4 pct picral 
for 30 sec and 1 pct nital for 60 sec. Pre- 
cipitates within the grains and along the 


Fig. 15—Steel A. Brine quenched from 


700°C, reheated to 500°C for 24 hr, 
strained and aged. Etched in hot sodium 
picrate. Cementite particles along the 
grain boundaries. X1000. Area reduced ap- 
proximately 50 pct for reproduction. 


Fig. 16—Steel A. Brine quenched from 
700°C, reheated to 650°C for 4 hr, strained 
and aged. Etched in hot sodium picrate. 
Cementite particles along the grain bound- 
aries. X1000. Area reduced approximately 
50 pct for reproduction. 


grain boundaries. X1500. Area reduced ap- 
proximately 50 pct for reproduction. 


When carbon is very low, as in steel F, both pre- 
cipitates and roughness are absent, even after an oil 
quench. 

After quenching from 700°C and reheating to 
200°C for 24 hr, steel A showed a very fine pre- 
cipitate similar to that in Fig. 12 but less dense. If 
the reheating temperature was raised to 300°C, the 
precipitate coarsened a little, and further small dots 
appeared along the grain boundaries, Fig. 14. In 
specimens reheated to 500°C, the precipitate within 
the grains had disappeared, whereas the grain 
boundary particles were more numerous, see Fig. 15. 
Still higher reheating temperatures caused these 
particles to grow a little and to assume the character 
of rounded, isolated grains, see Fig. 16. The grain 
boundary particles are supposed to be cementite. 
The difference between the carbides in this photo- 
graph and those in Fig. 5 may be emphasized; note 
the different magnifications. 

The microscopical examination of sections of the 
nickel-plated fracture surfaces revealed that the 
brittle fracture in all cases occurred by cleavage. No 
intercrystalline cracks were observed. The appear- 
ance of the fracture did not vary in any detectable 
way when heat treatment was changed. 


Discussion 


At a first glance, the variations in transition tem- 
perature following changes in cooling rate through 
the ferrite range seem to be related to the grain 
boundary cementite, the presence of this constituent 
causing high transition temperatures. This relation 
has been advocated by Gorrissen’ and by Allen et al.* 
First, it may be emphasized that the mechanism of 
this embrittlement cannot be the simple weakening 
or embrittling of the grain boundaries that is pos- 
tulated in many quarters, since the brittle fracture 
has always been found to be transcrystalline for the 
furnace cooled specimens. More likely is the ex- 
planation of Allen et al.’ that a first stage of plastic 
deformation preceding fracture may cause micro- 
cracks in carbide films, leading to triaxial stresses in 
the surrounding ferrite and thus facilitating frac- 
ture. Carbide present as fine globules is assumed to 
be less damaging. 

There are, however, several reasons to doubt that 
this mechanism is the cause of the phenomena re- 
lated above. At least, it alone cannot be responsible: 
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1—In Fig. 7, the carbides of steel E do not have 
the appearance of films but are rather massive, and 
still the transition temperature is high. The same 
is true for steel A, quenched and reheated to 650°C, 
Fig. 16. On the other hand, the carbides of Fig. 16 
do not differ very much from those of Fig. 15, and 
still the shift in the corresponding transition tem- 
peratures amounts to 60°C. 

2—Examination of sections through the nickel- 
plated fracture surfaces of broken Charpy bars has 
not given any example of cleavage cracks starting 
from carbide cracks, whereas in some cases stopping 
up of such cracks against a carbide has been ob- 
served. 

3—The complete elimination of grain boundary 
carbide that has been made in steel G does not bring 
down the transition temperature to the low values 
obtained in steel A after quenching from 700°C and 
artificial aging. 

On the other hand, the factor responsible for the 
shift in transition temperature must be the change 
in the distribution of carbon effected by quenching 
from 700°C, since this shift occurs irrespective of 
deoxidation and nitrogen fixation, but only in steels 
containing a certain amount of carbon. The fact 
that lower transition temperatures have been ob- 
tained in the carbon-containing steels than in the 
carbon-free ones signifies that carbon, in the proper 
distribution, actively promotes ductility. This dis- 
tribution is probably a very fine precipitate evenly 
dispersed in the ferrite grains. Presumably it is not 
the precipitate visible in the microscope after arti- 
ficial aging, because low transition temperatures are 
obtained also when such preciptate is absent. Fur- 
ther, a precipitate with the same appearance may be 
seen also after quenching from 500°C and artificial 
aging, giving high transition temperatures. 

The behavior of steel E, however, does not fit this 
picture and seems to be an indication toward the di- 
rect influence from the grain boundary carbide. But 
it is also possible that the presence of grain bound- 
ary carbide at the moment of quenching is sufficient 
to suppress or modify the submicroscopic precipitate 
enough to make it unsuitable for the role it may be 
supposed to play for the ductility. We know that at 
furnace cooling, carbon gathers in grain boundary 
cementite particles leaving no precipitates within 
the grains; those in Figs. 8 and 9 are due to nitrogen. 
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As to the mechanism by which such a precipitate 
could act, the experiments were not carried far 
enough to justify any definite conclusions. The ex- 
planation is complicated by the mechanism for 
brittle fracture, which is still obscure. Some hints 
at the lines along which the solution may be found 
may, however, be of some interest: 

1—The precipitate may create additional sources 
of dislocations, whereby slip is favored (although no 
difference is perceptible in slow straining, for ex- 
ample, in tensile testing), so that the steel can start 
to flow more readily when loaded in impact, and the 
maximal normal stress be restricted to a lower 
value. If this be the case, differences in delay time 
for slip’ would be observed, if measured. No dif- 
ference, however, is perceptible in slow straining, 
for instance, in the tensile test. 

2—According to a suggestion by Zener,” the high- 
est normal stress that a metallic material can stand 
without fracturing in a brittle manner is determined 
by the degree of “crystal damage” existing in the 
structure. This may be imagined as internal notches 
in the form of microcracks, occurring at points 
where a slip band has been stopped by an obstacle. 
Under certain conditions, such “crystal damage” can 
result even from the very minute amounts of plastic 
strain which may be assumed to precede a seemingly 
completely brittle fracture. Now, a finely dispersed 
precipitate may split up slip in this prefracture 
stage, otherwise occurring as relatively large trans- 
lations on a few planes, into smaller displacements 
on a greater number of planes, giving less “crystal 
damage.” In the same paper,” Zener describes a 
case where the ductility of zinc has been raised con- 
siderably by a treatment which involved the crea- 
tion of a finely dispersed precipitate of a second 
phase. The phenomenon was thought to be due toa 
more gradual stopping of the slip system caused by 
the precipitate. 

As shown, the low transition temperatures are ob- 
tained only by quenching from above 550° to 600°C. 
Further, they occur as well without any aging treat- 
ment as after aging at 300°C for 24 hr. These facts 
seem to indicate that the chemical characteristics of 
the precipitated phase are of greater importance 
than the particle size, for its ability to increase the 
ductility. It is possible that the precipitate as a 
further property has an ability to bind carbon (and 
possibly nitrogen) into a state of low free energy, 
thus being able to compete successfully with dis- 
locations in trapping free atoms of these elements. 
This would lead to less dense Cottrell clouds around 
dislocations (only the interstices giving the lowest 
free energy may be occupied), which, therefore, be- 
come less anchored and may start slip at a lower 
stress level.” 

Obviously there is a great need of further studies 
on brittle fracture, plastic deformation, and pre- 
cipitation kinetics in a iron in order to settle these 
questions. 

Summary 

Charpy impact tests have been carried out on mild 
steels with 0.00 to 0.05 pet C, heat treated in differ- 
ent ways in the a range. The results are given in 
terms of transition temperatures and show: 

1—If carbon is very low, of the order of 0.001 pct, 
or fixed as insoluble titanium carbide, the transition 
temperature is not perceptibly affected by the cool- 
ing rate in the a range, provided that nitrogen is 
reduced to the same low level. 

2—Steels with around 0.02 pct C show very low 
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transition temperatures if quenched in oil or brine 
from a temperature above 600°C, as compared to 
the same steel after slow cooling through the range 
600° to 500°C. The difference can amount to 100°C. 

3—This effect of quenching is not impeded by the 
presence of up to 0.015 pct N. It cannot be devel- 
oped, however, in steels with higher carbon con- 
tents, for instance, 0.05 pct. 

4—The transition temperature of a steel with 
about 0.02 pct C, quenched from 700°C, is raised by 
aging at room temperature but may be appreciably 
lower by overaging, for instance, at 200°C for 24 hr. 

d5—The transition temperature of a steel with 
0.015 pet C quenched from 700°C is much lower 
than it has been possible to attain in a titanium- 
stabilized steel, where both carbon and nitrogen are 
fixed as insoluble titanium compounds, even if this 
is tested in a finer grained condition. 

6—The low transition temperatures are believed 
to be due to a finely dispersed carbon-containing 
precipitate. Possible mechanisms for this were dis- 
cussed briefly. 
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Plastic Deformation of Iron Between 300° and 77.2°K 


by Donald F. Gibbons 


DISCUSSION, E. C. Burke and F. H. Wilson, Chairmen 


J. D. Fast (Philips Research Laboratories, N. V. 
Philips’ Gloeilampenfabrieken, Eindhoven, Nether- 
lands)—Mr. Gibbons is to be highly congratulated for 
his fundamental study on the influence of oxygen and 
carbon on the plastic properties of iron. As far as I 
know our laboratory was the first to demonstrate, 
although in a less fundamental way, both the grain 
boundary embrittling effect of oxygen in a iron and 
the remarkable “curing” effect of traces of carbon.” 
The embrittling effect of oxygen in the meantime has 
been confirmed by the National Physical Laboratory, 
England,” but the ‘‘curing” effect of traces of carbon 
was not confirmed by other investigators before the 
author’s paper appeared. The only contrast between 
his results and ours seems to be that we found no in- 
fluence of carbon after quenching from 700°C, where- 
as in the author’s experiments it made no difference 
whether the carbon was retained in solid solution by 
quenching, or precipitated as carbide. The cause of 
the contrast could be the smaller grain size of the au- 
thor’s samples (about 200 grains per linear centimeter 
as contrasted to 30 or 40 grains in our samples). How- 
ever, a detailed comparison of the experiments is diffi- 
cult, because the author measured tensile properties 
whereas we measured impact strengths. 


H. W. Paxton and W. D. Biggs (Metals Research 
Laboratory, Carnegie Institute of Technology, Pitts- 
burgh, and Metallurgy Dept., The University, Birming- 
ham, England, respectively)—-We should like to con- 
gratulate the author on this paper which brings out 


Table Il. Effect of Prestraining on Behavior of Single Crystals 
at —185°C 


Pct Strain at —70°C Behavior at —185°C 


0 Copious twinning in large bursts; 
extension at fracture approxi- 
mately 2 pct 

Twinning but in much smaller 
bursts; extension at fracture 
3% pet 

No twinning but maximum duc- 
tility approximately 8 pct 

No twinning—ductility small— 
about 1 pct 


34 pet (% lower yield extension) 


1% pet (just to end of lower 
yield extension) 

3 pet (on work hardening part 
of stress strain curve) 


several points concerning the deformation of iron. 
Recent work at the University of Birmingham, mainly 
on single crystals of iron, shows that many of the 
phenomena are reproduced in these, but that some 
effects are different and even more complex. 

We should first like to query the efficiency of de- 
carburization in the author’s specimens. The method 
described in the paper probably will not give complete 
removal of carbon down to the point where there is 
insufficient to complete the dislocation ‘‘atmospheres.”” 
Much longer times than 2 hr are required, and we 
should like to suggest that the residual carbon is re- 
sponsible for the small yield extension in Fig. 4d. This 
variation in yield phenomena with carbon content is 
discussed elsewhere.* 

The effect of deformation on the specimens at a 
temperature which is above that at which twinning 
occurs in tension prior to testing at a lower tempera- 
ture has also been studied to some extent. Single 
crystals containing 0.003 pct C were strained various 
amounts in tension at —70°C before further straining 
at —185°C in a hard testing machine. The results are 
tabulated in Table II. 

This behavior is being investigated more fully, but 
it appears that, in agreement with the author’s results, 
the presence of dislocations anchored by solute atoms 
is necessary for twin formation. This was confirmed 
in another way by measuring the time of return of 
ability to form twins under a standard impact blow 
at room temperature following a 5 pct extension at 
room temperature. This time was found after aging 
at various temperatures and the activation energy de- 
termined. This was 21,000 cal per mol in single crys- 
tals of Armco iron, and 18,700 cal per mol in a poly- 
crystalline aluminum-killed iron. Both these values 
are close to the value for diffusion of carbon in q iron 
(20,100 cal per mol),® and it seems likely that what is 
happening is the raising of the stress for slip above that 
for twinning, by anchoring of the dislocations due to 
carbon diffusion back to these. 


2 J. D. Fast: International Foundry Congress, Congresboek, Me- 
talen (1949) pp. 171-183. 

2W. P. Rees and B. E. Hopkins: Journal Iron and Steel Inst. 
(1951) -169, p. 157; (1952) 172, p. 403. 

22 A. H. Cottrell: Dislocations and Plastic Flow in Crystals. (1953) 
Oxford University Press. 

23H. W. Paxton and A. T. Churchman: Acta Metallurgica (1953) 
1, p. 473. 
2C, Wert: Journal of Applied Physics (1949) 20, p. 943. 


Grain Boundary Attack on Aluminum in Hydrochloric Acid 
And Sodium Hydroxide 


by E. C. W. Perryman 


DISCUSSION, J. M. Hodge and P. A. Beck, Chairmen 


M. Metzger and J. Intrater (Columbia University, 
New York, and Rutgers University, New Brunswick, 
N. J., respectively)—The author is to be complimented 
on his contribution to the understanding of a difficult 
subject and on his fine micrographs. Somewhat sim- 
ilar studies on the intergranular corrosion of high 
purity aluminum in hydrochloric acid were recently 
made by us and are described in manuscripts sub- 
mitted to the National Advisory Committee for Aero- 
nautics, Our work involved comparisons of aluminum 


TRANSACTIONS AIME 


containing 0.0004, 0.004, and 0.023 pct Fe, in each case 
with 0.002 pct Cu and 0.001 pct Si. Like the author, we 
concluded that iron atoms segregate to the grain 
boundaries and affect the rate of intergranular attack. 
However, the effect on the intergranular corrosion 
rate was not in the same direction with 7 pct hydro- 
chloric acid (where conditions are believed to have 
been roughly comparable with those in the author’s 
10 pet acid) as with 20 pct acid (where the rate and 
certain other features of the corrosion process were 
distinctly different, as noted below). While it would 
not therefore be expected that all of the author’s con- 
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clusions would be reconcilable with the results of 
other investigators who used acid of different concen- 
tration, it is a matter of some interest that the author 
has concluded the boundaries to be cathodic, while 
Mears and Brown have found the boundaries of a 
quenched specimen to be anodic in 22.5 pct acid. A 
brief discussion of our observations relating to this 
point is given below. It may be noted that, besides the 
strength of the acid, its metallic impurity content can 
also be important, and we have found that some fea- 
tures of the behavior in 20 pct acid can be duplicated 
by adding copper or iron to 7 pct acid. 

Our results in 20 pct acid, where the rate of inter- 
granular penetration was of the order of 1 mm per week, 
are as follows: Specimens quenched from within the 
single-phase region showed higher rates of intergran- 
ular corrosion the higher the final annealing tempera- 
ture and the lower the iron content. This was inter- 
preted to indicate that the corrosion rate was greatest 
for the smallest concentrations of iron and other im- 
purity atoms in the grain boundaries. Thus, in this 
acid the boundaries appeared to be inherently anodic, 
which was considered to be a reasonable consequence 
of the abnormal structure and higher free energy of 
the grain boundary region. 

A continual evolution of hydrogen bubbles from the 
corroding intergranular crevices accompanies the 
rapid attack in 20 pct acid. This feature of the corro- 
sion reaction may be related to the unusual ability of 
high purity aluminum to undergo rapid intergranular 
attack in this solution, although the corrosion of high 
purity metals generally results only in slow or super- 
ficial attack of the boundaries. 

We believe an approximate comparison may be 
made between the author’s results in 10 pct acid and 
the observations made by us using 7 pct acid. Here, 
the conditions were distinctly different from those in 
20 pct acid. Since the rate of intergranular penetration 
was only of the order of 10 microns per month, there was 
no continual evolution of hydrogen bubbles, and the film 
forming over the grain surfaces was more substantial 
as shown by electron diffraction and other evidence. 
For specimens quenched from 647°C and exposed to 
7 pet acid, the intergranular attack was greatest for 
the aluminum of the highest iron content, in agree- 
ment with the behavior found by the author. How- 
ever, the attack was still substantial (up to 20 microns 
in 2 months) and not appreciably different for 0.0004 
as against 0.004 pct Fe; for these two compositions, the 
consistent variations in rate of attack with iron con- 
tent and final annealing temperature which had been 
noted in 20 pct acid were not observed now. These 
results are not incompatible with those of the author, 
since his comparison started at higher iron content 
(0.001 vs 0.009 pet). However, our results suggest that 
the intergranular attack would not be absent even in 
ideally pure material, and thus suggest that a concen- 
tration of impurity atoms in the grain boundaries is 
not the only factor responsible for susceptibility to 
intergranular attack in this acid. 

If the author’s conclusion that the boundaries are 
cathodic was applied to our specimens in 7 pct acid, 
these specimens would be considered to have cathodic 
boundaries in 7 pet acid and anodic boundaries in 20 
pet acid. Additional information on the grain bound- 
ary-grain body relationships for both the lower and 
higher ranges of acid strength is evidently needed. 

An important part of the author’s argument is that 
the broad V shape of the grain boundary attack shown 
in Fig. 19 can only be attributed to a cathodic bound- 
ary. This does not seem consistent with our observa- 
tion that specimens exposed in 20 pct acid for a rela- 
tively short time show a superficial attack which takes 
the form of broad grooves similar to that shown by 
the author, while after longer exposures the deep 
intergranular crevices are very sharp, the ratio of 
depth to width sometimes being as great as 50 to 1. 


E. C. W. Perryman (author’s reply)—First I would 
like to thank Drs. Metzger and Intrater for their very 
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Fig. 21—Hypothetical diagram showing variation of hydrogen over- 
voltage as a function of iron content. 


interesting discussion of my paper. Their observation 
that the variation of grain boundary attack with iron 
content and annealing temperature is different de- 
pending upon whether they corrode in 20 or 7 pct 
hydrochloric acid is extremely interesting. They offer 
no explanation as to why the grain boundary attack 
in 20 pct hydrochloric acid should decrease with in- 
creasing iron content and decreasing annealing tem- 
perature and only suggest that the grain boundary 
attack is a result of an anodic grain boundary. This 
they consider to be a reasonable consequence of the 
abnormal structure and higher free energy of the 
grain boundary region. This implies that the grain 
boundary attack should be independent of the iron 
content and the annealing temperature which is not 
in agreement with their results, either in 20 or 7 pct 
hydrochloric acid. I would suggest that the results 
the discussers obtained in 20 pct hydrochloric acid are 
still in keeping with the idea that iron segregates to 
the grain boundary and that this effect will increase 
with decreasing annealing temperature. If we accept 
that iron in solid solution decreases the hydrogen over- 
voltage, then this will be a function of the iron con- 
tent, probably taking some form such as that shown 
in Fig. 21. Thus for material with a low iron content 
x, the excess concentration of iron at the grain 
boundaries will cause them to have a lower hydrogen 
overvoltage than the grains, hydrogen will be evolved 
from the boundaries, and rapid grain boundary attack 
will take place. If we now increase the iron content 
to y, the hydrogen overvoltage will be the same at the 
grain boundaries and the grains and so more rapid 
general corrosion would be expected, but the tendency 
to grain boundary attack would be decreased. 

Drs. Metzger and Intrater suggest in paragraph 
three that in high purity metals attack generally takes 
place at the grain boundaries. This has not been my 
experience. Although the grain boundaries may ap- 
pear black under the microscope, this is generally due 
to the presence of a slope connecting the adjacent 
grains which, because of the variation in rate of at- 
tack with crystal orientation, are at different levels. 

In paragraph four, Drs. Metzger and Intrater con- 
clude that, because no difference was observed be- 
tween 0.0004 and 0.004 pct Fe, grain boundary attack 
would occur in an ideally pure material. In view of 
the fact that Montariol, Albert, and Chaudron" have 
shown segregation of impurities in 99.9986 pct alumi- 
nium, I would hesitate to conclude from the results of 
Drs. Metzger and Intrater that grain boundary attack 
would occur in an ideally pure metal. 

I look forward to the publication of the results 
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which Drs. Metzger and Intrater have obtained, for it 
appears that much more work is needed in order to 
elucidate the mechanism of this peculiar grain bound- 


ary attack to which aluminum seems so prone. 


18 F, Montariol, P. L. Albert, and G. Chaudron: Revue de Métal- 
lurgie (1953) 50 (11) p. 768. 


Identification of the Precipitate Accompanying 885°F Embrittlement 


In Chromium Steels 


by R. M. Fisher, E. J. Dulis, and K. G. Carroll 


DISCUSSION, J. M. Hodge and P. A. Beck, Chairmen 


J. J. Heger (United States Steel Corp., Pittsburgh)— 
Recently we had the opportunity of examining a sam- 
ple of severely cold worked 17 pct Cr steel that had 
been exposed for 32,600 hr at 900°F. This sample is 
from the same heat of steel in which o phase had been 
reported earlier” and also is from the same heat of 
steel as sample F described in the investigation by 
Fisher, Dulis, and Carroll. The sample investigated 
earlier” and that investigated by Fisher, Dulis and 
Carroll had been exposed for only 5000 hr. 

Our investigation of the sample that was exposed 
for 32,600 hr included metallographic, X-ray diffrac- 
tion, and hardness studies. Fig. 7 shows the micro- 
structure of the sample that was exposed for 32,600 hr. 
The structure shown in Fig. 7a was developed by 
etching in Vilella’s reagent, while that in Fig. 7b was 
developed by etching in glyceregia. Inasmuch as gly- 
ceregia etches only o in the ferritic stainless steels, it 
is obvious that this sample contains a large amount of 
co. This amount is estimated to be 30 pct. 


A 

J 
7 
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a—o and carbides. Etched in Vilella’s reagent. 


amount is much smaller than was found to be true for 
the sample that was exposed for 5000 hr at 900°F. In 
other words, continued heating beyond 5000 hr at 
900°F is causing this phase to disappear or has caused 
it to disappear completely. 


These more recent data suggest that the high 
chromium body-centered cubic phase, which Fisher, 
Dulis, and Carroll found to be the cause of the 885°F 
embrittlement in 17 pct Cr steel, disappears or at least 
tends to disappear and the amount of o increases on 
prolonged heating at 885°F. One might, therefore, 
predict that overaging at 885°F will be marked by the 
formation of « at the expense of the body-centered 
cubic phase and, further, that at the completion of 
overaging, only o will remain. Presumably, o and not 
the body-centered cubic phase is the stable phase at 
885°F. Thus, the high chromium body-centered cubic 
phase might be a transition phase in the transforma- 
tion of ferrite to « phase. However, the mechanism 
for the reaction of ferrite to the high chromium body- 
centered cubic phase to o phase must be complicated. 


b—oc attacked. Etched in glyceregia. 


Fig. 7—Micrographs illustrating o and/or carbides in 17 pct chromium steel that was heated 
32,600 hr at 900°F. X1000. Area reduced approximately 20 pct for reproduction. 


This sample does not contain the fine unresolvable 
general precipitate that was observed in the sample 
heated for 5000 hr and that has been positively identi- 
fied by Fisher, Dulis, and Carroll as the high chromi- 
um, body-centered cubic phase. 

X-ray diffraction measurements were made on a 
nonmagnetic residue extracted from the sample that 
was exposed for 32,600 hr. The residue was collected 
from the surface of a specimen that had been etched 
for 24 hr in Vilella’s reagent. Diffraction lines for a, 
chromium carbide, and chromium nitride were formed. 
Although some lines with interplaner spacings similar 
to those of the high chromium body-centered cubic 
phase were found, the complexity of the pattern (that 
is, overlapping of lines) made it impossible to deter- 
mine whether or not this phase was present. The least 
that can be said is that, if this phase is present, its 
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R. M. Fisher, E. J. Dulis, and K. G. Carroll (authors’ 
reply)—The authors wish to thank Mr. Heger for his 
valuable new data on the structure of one of the em- 
brittled steels of our investigation after further ex- 
posure at 900°F and also for the opportunity to exam- 
ine this sample. We confirm Mr. Heger’s conclusion 
that the 17 pct Cr steel (steel F) does not contain any 
of the body-centered cubic precipitate after 32,600 hr 
exposure at 900°F following 95 pct cold reduction, 
although there was some precipitate present after 
5000 hr exposure. 

Mr. Heger’s estimate of 30 pct « phase formed in 
this steel after 32,600 hr at 900°F, is of considerable 
interest to us. This rather large amount of o phase in 
the 17 pct Cr steel indicates apparently that it is in 
equilibrium with a lower chromium ferrite than has 
been reported previously. With the assumptions of 
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Fig. 8—Uranium shadowed replica of 17 pct Cr steel after 5000 hr 
at 900°F following 95 pct cold reduction. X14,000. Area reduced 
approximately 40 pct for reproduction. 


30 pet o in the 17 pct Cr steel and a minimum chromi- 
um content in « phase of 40 pct,” the chromium con- 


tent for the ferrite computes to be approximately 7 
pet, less whatever chromium is combined as carbide 
or nitride. This is considerably lower than the pre- 
viously reported” minimum composition one is} (Cre 
for o formation at 900°F and indicates that a fully 
equilibrated phase diagram of the Fe-Cr binary sys- 
tems remains to be determined. 

Fig. 8 shows an electron micrograph of steel F after 
5000 hr exposure at 900°F following 95 pct cold reduc- 
tion. This micrograph shows a particle of o phase that 
has formed during exposure surrounded by smooth 
ferrite which is surrounded by the roughened ferrite, 
which seems to be associated with the body-centered 
cubic precipitate. Our interpretation is that as the o 
phase particle grows, it depletes the surrounding fer- 
rite of chromium to a level less than the composition 
required for precipitation of the body-centered cubic 
phase so that the precipitate redissolves. This precipi- 
tate free area would increase as the amount of o 
increases until finally no precipitate remains, as Mr. 
Heger observed. The overaging that Mr. Heger pre- 
dicts is somewhat different than the possible overaging 
without « phase formation that we refer to in the 
discussion section of the paper. 

The relationship between the body-centered cubic 
precipitate and o phase still is not clear. However o 
phase, if nucleated by cold work, will form and dis- 
place the embrittling precipitate, since it apparently 
can equilibrate with a lower chromium content ferrite. 

21A.J. Cook and F. W. Jones: The Brittle Constituent in the Iron- 


Chromium System (Sigma Phase). Journal Iron and Steel Inst. 
(1943) 148 (11) p. 217. 


Measurement of Particle Sizes in Opaque Bodies 


by R. L. Fullman 


DISCUSSION, J. M. Hodge and P. A. Beck, Chairmen 


L. Muldawer and A. D. Franklin (The Franklin In- 
stitute, Philadelphia)—In general, the relation for av- 
erage area s is derivable from the equation s = V/J. 
While this result is not given in Dr. Fullman’s paper, 
it can be shown to follow from equations N, = JN, and 
N.s = N.V which he does give. Since this general re- 
lation holds for particles of any shape, the use of it 
would have obviated starting from scratch for different 
shapes. The only restriction would be that, for any one 
sample, all particles have the same shape and volume. 
Similarly, the general equation for average traverse 
length is 1 = V/a. 

Furthermore, the mathematical techniques used in 
this paper do not make clear the averaging concepts. 
A more direct derivation of s = V/J can be given 
using simple probability theory. 

Replace the sample by a single particle which takes 
all possible positions and orientations about the in- 
tersecting plane. If the plane axes are y and z and the 
plane normal is x, 


x) sin ¢d¢ dx 


f7? sin ¢ de dx 


where ¢ is the angle between the x axis and some di- 
rection in the particle, J(#) is the projected particle 
length on the x axis, and s(¢, x) is the intersected area 
when the particle position is defined by x and ¢. Then 


fr V sin d¢ Vv 


f7? sin ¢ de J 
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An alternative derivation, and one conceptually just 
as Satisfying, is given by finding the average s in a 
unit cube of sample with randomly distributed and 
arranged particles. 


Total area of cut particles 


Total number of cut particles 
For a single intersecting plane, 
x) dx ] 2x No sin ¢ d¢ dy dz 


s = 
No sin do dy dz 


where Np is the density of end points of sample direc- 
tions on the unit sphere per unit volume. 
an No V V 


Now df 


Similarly, the expression | = V/a follows from 
SSS? Ue, y, 2) sin ¢ dy dz 


ihehtfee sin ¢ d¢ dy dz 


It should be noted that these results are not obtained 
if the average s or 1 for a fixed ¢ is found first, and 
then the average of these quantities for random ¢ is 
taken. 


R. L. Fullman (author’s reply)—I would like to 
thank Messrs. Muldawer and Franklin for their al- 
ternative derivations of some of the relationships pre- 
sented. I have tried to use derivations that emphasize 
the physical concepts as much as possible, but those 
readers who are well grounded in probability theory 
may find these more direct derivations more satisfying. 
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Plastic Deformation of Single Crystals of Copper 


by J. J. Becker and J. N. Hobstetter 


DISCUSSION, F. D. Rosi and Paul Gordon, Chairmen 


H. M. Murphy and E. A. Calnan (National Physical 
Laboratory, Teddington, Middlesex, England)—Becker 
and Hobstetter’s observations on the correlation of 
cross-slip with orientation near [100] are most inter- 
esting. In some recent tension experiments on a-brass 
single crystals where the amount of cross-slip is even 
greater than in copper, the present authors have noted 
a similar orientation dependence. In this work it has 
been shown that the orientation boundary between 
primary and conjugate slip in a brass is no longer the 
symmetrical [100] [111] line but is removed a distance 
of some 9° out of the primary unit triangle, Fig. 11. 
From this fact and using the ideas proposed by Calnan’ 
for the presence of additional slip systems observed in 
single crystals, the advent of cross-slip is simply ex- 
plained. It is suggested that for a part of a crystal 
under applied tension the effective stress system can 
be represented by a simple tensile stress, T,, initially 
coincident with the applied stress direction but which 
under increasing applied stress moves to a point of 
lower resolved shear stress. This movement continues 
until an element of slip occurs. For an applied stress 
axis p, for example, the most likely path for the ef- 
fective stress is down the contour gradient of the re- 
solved shear stress function cosycosi towards q. If slip 
occurs while the effective stress is on the path pq, 
only primary slip will result, but if the effective 
stress is on the path q [100], duplex slip corresponding 
to the most favorable systems of the two unit triangles 
adjacent to q [100] will take place. These systems will 
be the primary system and the most favorable system 


for triangle [100] [110] [111] which is indeed the 
primary cross-slip system. For applied stress direc- 
tions well removed from [100], the contour gradients 
lead away toward [111] and [110], and therefore the 
attainment of q [100] by the effective stress and the 
resulting cross-slip is much less likely. The authors 
are inclined to correlate this unequal hardening of the 
slip planes with the presence of foreign atoms, but 
Becker and Hobstetter’s result suggests that the effect 
is present to some extent in high purity copper, and 
accordingly it would be most valuable to know the 
chemical analysis of the crystals as tested. 

The phenomenon of the edges of the bunches of slip 
bands making a small angle with the slip lines them- 
selves is observed in aluminum also.” Between the 


101 


New Boundary 


Conjugate as 


7 Pri 


Fig. 11—Showing part of the new orientation boundary divid- 
ing regions of primary and conjugate slip. 
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bunches are bands characterized in general by little 
primary slip together with an additional slip system, 
the appearance of the bands depending on the orienta- 
tion of the additional systems with respect to the crys- 
tal surface. In aluminum a particular kink band al- 
though interrupted by the band of secondary slip may 
sometimes be seen extending on both sides of the lat- 
ter. If the band of secondary slip was a macroscopic 
region of inhomogeneity inherent in the crystal, so 
divorcing the regions of primary slip on either side 
from one another, this would hardly be expected. It 
therefore seems likely that during the early stages of 
slip deformation, when the locations of the kink bands 


B' A 


SPRL 


Fig. 12—Part of crystal showing formation of bunches of slip 
lines slightly inclined to slip line direction. 


Fig. 13—Aluminum single crystal after 9 pct extension showing 
band of secondary slip slightly inclined to primary slip lines. X500. 
Area reduced approximately 30 pct for reproduction. 


MAY 1954, JOURNAL OF METALS—665 


YY 
Yj YY 
Vv 
/ x Qs 
45, 7 
» © 


are decided, some process takes place which results 
in the development of the bands of secondary slip. A 
possible explanation of their formation is as follows: 
Let a barrier to the passage of dislocations in the slip 
line A’A be formed at a point A, Fig. 12. Due to the 
pile-up of dislocations here, there will be a stress field 
which will cause another slip system to become active 
in this vicinity. The dislocations on this second system 
will lead to sessile dislocation formation on the adja- 
cent primary slip line BB’ causing a barrier at B. This 
in turn will produce more of the second slip on the 
side of B opposite to the pile-up of dislocations around 
A, since the latter will resist penetration by the sec- 
ond system. The process will continue, resulting in 
barriers at C, D, ete. so building up one side of the 
band at a small inclination to the direction of the slip 
lines. Fig. 13 shows such a band in aluminum where 
the primary and second slip are so oriented with re- 


spect to the surface to produce well marked slip lines. 

The original barrier at A could be due to a minute 
region of impurity in the crystal or to some inhomo- 
geneity of stress which has caused an additional sys- 
tem to operate and lock the primary system at that 
point. Therefore, the bands might be expected to be 
more prevalent in experiments where no special pre- 
cautions have been taken to insure uniformity of ap- 
plied stress, but nevertheless it may be virtually im- 
possible to eliminate the effect entirely. 

J. J. Becker and J. N. Hobstetter (authors’ reply)— 
We are very grateful for the interesting discussion by 
Miss Murphy and Dr. Calnan. Our raw material was 
commercial OFHC copper, but the single crystals were 
not analyzed. 


7E. A. Calnan: Acta Crystallographica (1952) 5, p. 557. 


Plastic Deformation of Rectangular Zinc Monocrystals 


by John J. Gilman 


DISCUSSION, F. D. Rosi and Paul Gordon, Chairmen 


C. S. Barrett (Institute for the Study of Metals, Uni- 
versity of Chicago, Chicago)—Since it is now well rec- 
ognized that surface films can strongly influence the 
flow stress of crystals, it is doubtful whether unambig- 
uous conclusions can be drawn from experiments of 
the type reported by the author unless all danger of 
film effects has been removed. I suggest that the expe- 
riments should be done with the complete absence of 
films that could influence the flow stress. It would 
seem wise to conduct the tests in a medium, perhaps a 
dilute reagent, that removes the film and keeps it re- 
moved without contaminating or otherwise altering the 
metal. The test of this condition might well be that 
the metal surface be shown to be clean enough to 
prevent the abnormal after-effect in torsion,“ since 
this test appears to be one of the most sensitive ones 
for the purpose and one of the simplest to set up and 
use. 


J. J. Gilman (author’s reply)—Dr. Barrett’s point is 
a good one. Surface films may have influenced the 
results given in the paper. This was pointed out in the 
text. It should be remembered, however, that the pur- 
pose of the work was to look for a shape effect which 
previous authors had reported in rock salt and alumi- 
num. If such an effect had been found, the result 
would have been unambiguous. It was only the fact 
that this effect was lacking but a small size effect was 
found that made the results of the present work am- 
biguous. Since the shape effect is small or nonexistent 
(at least for zinc), it is quite right, as Dr. Barrett sug- 
gests, that the conditions at the surface must be care- 
fully controlled in future work of this kind. 


4C, S. Barrett: Acta Metallurgica (1953) 1, p. 2. 

1C, S. Barrett: Trans. AIME (1953) 197, p. 1652; JouRNAL oF 
Merats (December 1953) . 

16 C, S. Barrett, P. M. Aziz, and I. Markson: Trans. AIME (1953) 
197, p. 1655; JourNnaL or Metats (December 1953). 


Variation of Plastic Properties with Annealing Procedure 


In Zinc Single Crystals 


by Choh Hsien Li, J. Washburn, and Earl R. Parker 


DISCUSSION, F. D. Rosi and Paul Gordon, Chairmen 


P. A. Beck (Dept. of Metallurgical Engineering, Uni- 
versity of Illinois, Urbana, Ill.)—Perhaps the most in- 
teresting result of the present work is the direct proof 
it provides for the view that the presence of a sub- 
structure greatly increases the strength, as shown, for 
instance, by the difference between the two 400°C 
curves in Fig. 5. The hardening effect is in reality 
even larger than that indicated in the figure, since ap- 
parently only a fraction of the total slip plane area 
was affected by the indentation that produced the 
substructure shown in Fig. 6. That other imperfec- 
tions, which also may have been introduced by the 
indentation along with the subboundaries, most likely 
are not responsible for the hardening effect, is strongly 
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suggested by the fact that the latter was not elim- 
inated by annealing at 400°C. It is shown for instance 
by Drouard, Washburn, and Parker® that the work 
hardening not associated with substructure can be an- 
nealed out even below room temperature. Undoubted- 
ly, in the general type of plastic deformation, partic- 
ularly in polycrystalline metals where fine substruc- 
tures are formed, the subboundaries are responsible 
for a large fraction of the total work hardening.® 


C. H. Li, J. Washburn, and E. R. Parker (authors’ 
reply)—The role of small angle boundaries as barriers 
to slip is also illustrated by another simple experi- 
ment. The cantilever beam specimen shown in Fig. 7 
originally contained a 1° boundary near the center of 
the beam. A load was rapidly applied upward at the 
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Fig. 7—Small angle boundaries as barriers to slip. 


end of the beam causing slip on the horizontal (0001) 
set of planes. Deformation apparently started near 
the point of application of the load and progressed 
toward the gripped end of the crystal. It can be seen 
that the 1° boundary was enough of a barrier to stop 
all the dislocations at that position, causing the speci- 
men to bend in the middle rather than adjacent to the 
grips where a drop in shear stress occurs. 

Although it seems well established that small angle 
boundaries are effective barriers to slip, the mechan- 
ism of this interference is not clear. A quantitative 
investigation of this strengthening effect is now in 
progress in which the effect of boundary angle, bound- 
ary orientation, and number of boundaries will be 
investigated. 


8 R. Drouard, J. Washburn, and E. R. Parker: Recovery in Single 
Crystals of Zinc. Trans. AIME (1953) 197, p. 1226; JourNat or Met- 
ats (September 1953). 

® Paul A. Beck: Notes on Work Hardening and Recovery. Acta 
Metallurgica, 1 (1953), p. 422. 

10 Bainbridge, Li, and Edwards: To be published in Acta Metal- 
lurgica (1954). 


Recovery in Single Crystals of Zinc 


by R. Drouard, J. Washburn, and Earl R. Parker 


DISCUSSION, F. D. Rosi and Paul Gordon, Chairmen 


P. A. Beck (Dept. of Metallurgical Engineering, 
University of Illinois, Urbana, Ill.)—This paper pro- 
vides the first quantitative isothermal recovery data 
for single crystals deformed in pure shear, without 
bending, where all of the work hardening is recover- 
able. The choice of material and of method is partic- 
ularly favorable, since it allows the study of recovery 
under conditions where interface migration phenom- 
ena, such as subgrain growth or recrystallization, do 
not intervene. It is significant that true recovery can 
occur in the absence of interfaces, and independently 
of any detectable “polygonization.” I wonder whether 
the authors would care to advance an explanation of 
the recovery kinetics shown in their Fig. 5. 

The data of Masing and Raffelsieper’® on the iso- 
thermal! recovery of aluminum single crystals deformed 
in tension lead to a linear decrease of the activation en- 
ergy with progressive recovery, in agreement with the 
theory of recovery by Kuhlmann, Masing, and Raffel- 
sieper.'' However, in the present study the activation 
energy is apparently constant and independent of re- 


covery. It would be interesting to know the reason for 
this discrepancy. 

R. Drouard, J. Washburn, and E. R. Parker (authors’ 
reply)—With regard to Dr. Beck’s discussion, Fig. 5 
was included to emphasize the fact, as brought out by 
these experiments, that recovery (R) is a function of 
time and temperature alone when a pure shear defor- 
mation is achieved. This is definitely not the case for 
a more complex deformation such as that studied by 
Masing and Raffelsieper. The shape of their original 
stress-strain curves suggest that local bending was 
taking place in the course of the prestrain. During 
annealing of a bent region of crystal, two interde- 
pendent and to some extent competing processes 
(recovery and polygonization) are operative. Since 
the yield stress, which was taken as a measure of 
recovery, is affected by both of these processes, a more 
complex behavior might be expected. 


10G, Masing and J. Raffelsieper: Mechanische Erholung von 
Aluminium-Einkristallen. Ztsch. Metallkunde (1950) 41, p. 65. 

11D. Kuhlmann, G. Masing, and J. Raffelsieper: Zur Theorie der 
Erholung. Ztsch. Metallkunde (1949) 40, p. 241. 


Some Observations on the Work Hardening of Metals 


by E. H. Edwards, Jack Washburn, and Earl R. Parker 


DISCUSSION, F. D. Rosi and Paul Gordon, Chairmen 


A. E. Deruyttere (Institut de Metallurgie, Univer- 
sité de Louvain, Heverlé, Belgiwm)—The authors have 
observed that zine crystals deformed in simple shear 
strain harden much more rapidly during duplex slip 
than during simple slip. While working at the Depart- 
ment of Metallurgy, University of Sheffield, England, 
on the cleavage fracture of zinc single crystals, I made 
some very similar observations. These crystals were 
strained both at room temperature and at —196°C by 
an applied tensile stress, and those crystals in which 
two slip directions were equally favorably oriented 
strain hardened more rapidly than those in which one 
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slp direction was nearer the tension axis than the 
other two. The ratios of the rates of strain harden- 
ing were approximately the same as that deduced from 
Fig. 4 of the paper. At the elastic limit the resolved 
shear stress along the slip direction was independent 
of the orientation of the crystals. 

A microscopical examination of the crystals after 
deformation revealed that, in the duplex case, slip did 
not take place by simultaneous slip along the two slip 
directions in the same planes throughout the volume 
of the crystal. Instead, it appeared that one slip di- 
rection had been active in some thin lamellae of the 
crystal, and the second in the other lamellae. After 
deformation these lamellae could be seen clearly as 
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Fig. 9—Cylindrical zinc crystal with two slip direc- 
tions initially at 32° to specimen axis. Unpolished, 
etched in 10 pct HCl-alcohol before straining. X6.5. 


illustrated in Fig. 9, but no lamellae could be recog- 
nized in the case of simple slip. It seems that the 
higher rate of strain hardening could be due to the 
distortion which must occur at the junctions between 
lamellae where the slip direction changes; the lattice 


rotation relative to the specimen axis is indeed differ- 
ent for neighboring lamellae. 

It would be interesting to know whether the authors 
examined their crystals after deformation and, if so, 
whether they also found evidence for alternating slip. 


E. H. Edwards, J. Washburn, and E. R. Parker 
(authors’ reply)—The authors wish to thank Dr. 
Deruyttere for his interesting observation that slip in 
zine single-crystal tension specimens occurs as two 
separate sets of interspersed slip bands when two slip 
directions are symmetrically oriented with respect to 
the tension axis. Shear deformed crystals tested at 
liquid nitrogen temperature show a much more uni- 
form distribution of slip both in simple slip and in 
double slip. It would be of great interest to know 
whether a significant difference on a microscopic scale 
exists between the distribution of slip in single and 
double glide. The specimens used for these experi- 
ments did not lend themselves to following the devel- 
opment of slip lines at high magnification because of 
their shape. It is probable that electron microscope 
work would be necessary, since even at X1000 the field 
becomes densely populated with slip lines at very 
small strains. 


Some Applications of the Thermodynamic Theory of Irreversible 


Processes to Physical Metallurgy 


by E. S. Machlin 


DISCUSSION, L. S. Darken and Leslie Seigle, Chairmen 


R. L. Fullman (General Electric Research Labora- 
tory, Schenectady)—In the section of his paper con- 
cerned with “Continuous Grain Boundary Migration,” 
Professor Machlin has included an analysis of the in- 
fluence of impurity adsorption on the kinetics of con- 
tinuous grain growth. He has considered the effect of 
adsorption due to its influence on grain boundary free 
energy, in contrast to a previous analysis® which 
treated the alteration in growth kinetics that might 
result from boundary mobility changes associated with 
adsorption. Several errors appear in Professor Mach- 
lin’s analysis. The equation given for boundary con- 
centration C; in terms of the number of N; of impurity 
atoms traveling with the boundary and the boundary 
radius R does not take into account the decrease in 
boundary area with increase in the average boundary 
radius. As a result, the equation is inconsistent with 
the text statement that “as the total boundary area 
decreases, the concentration of impurities at the grain 
boundary increases.” Furthermore, Ni should not be 
considered a constant and the term 


Oa OC, 


should not be introduced as an independent driving 
force in the growth equation. 
In the growth equation 


dt R [ ] 
the influence of adsorption on the interfacial free en- 
ergy may be introduced directly by inserting the 
proper dependence of « upon R. 


G Jo = do 

[III-2] 
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where C; is the impurity concentration in the bulk and 
s is the surface area per unit volume. Since s = 3/2R, 
III-3 
Let Q = 00/0Cs. Then in accordance with the Gibbs 
adsorption isotherm,” the surface excess concentration 
lr at the grain boundaries is given by 


III-4 
= [III-4] 


Since the total concentration C is equal to the bulk 
concentration plus sT, 


and upon differentiation, the following is obtained: 


OCs KTC(@ aL 
Os 


(kT — sQ)? 


Since at the low concentrations where Q is large 
enough to be of importance it is substantially constant, 
the term in 0Q/0ds may be eliminated, leaving 


OCs kTCQ 4kTCQR? 
= — = [ITI-5] 
Os (kT — sQ)? (2kTR — 3Q)? 


Combining Eqs. III-2, 3, and 5 leads to the desired re- 
lationship between o and R. 


R 
° (2kTR — 3Q)? 
2kTR CQ) 
2kTR — 3Q 


Letting P = o. + CQ and inserting Eq. 6 in the growth 
equation, 


[III-6] 
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A-t (cm* erg!) 


Fig. 2—Grain growth kinetics predicted by Eq. 8 for various values 
of the adsorption coefficient Q = 00/0C3. 


dR PR 
[III-7] 
On integration, the result is 
2P 2kTP® T?P* 
2kTPR — 
= At. [III-8 | 


n 
2kTPR. — 3Qo. 


Formally, Eqs. III-7 and 8 require a limiting grain 
size when R = 3Qo./2kTP if both P and Q are nega- 
tive. However, this limiting size would correspond to 
reduction of the grain boundary free energy to zero, 
a condition certainly never approached with attainable 
values of Q. In order to estimate the possible influ- 
ence on grain growth kinetics of boundary free energy 
reductions arising from adsorption, we may use for Q 
values in the neighborhood of —3.36x10°° erg cm 
atom”. This value was derived from measurements™ 
of the influence of oxygen adsorption on the surface 
free energy of silver and was substantially constant up 
to a concentration of 1.6xi0* atom cm™. Since surface 
free energies are several times as large as grain bound- 
ary free energies, it is unlikely that any impurity will 
adsorb at grain boundaries with a larger negative 
value of Q. The curves plotted in Fig. 2 were com- 
puted for an initial grain radius of 0.01 mm, C = 10* 
atom cm=, oo = 500 erg cm”, and kT = 2x10™ erg 
atom. Under these conditions, the grain boundary 
free energy is reduced to zero during growth if Q < 
— 5x10“ erg cm atom™. It may be seen that the shape 
of the grain growth curve is not altered significantly 
unless Q has a negative value nearly large enough to 
produce a limiting grain size, i.e, unless the grain 
boundary free energy is reduced to zero. Hence it does 
not appear that reductions in grain boundary free en- 
ergy as a result of adsorption can be responsible for 
the low values of the grain growth exponent usually 
observed in metals. 

2R. L. Fullman: Boundary era eon During Grain Growth. 


Metal Interfaces. (1952) Cleveland. AS 
23, W. Gibbs: Scientific Papers. (1906) Vol. 1. New York. Long- 


mans, Green & Co. 
22F. H. Buttner, E. R. Funk, and H. Udin: Adsorption o oes 
on Silver. Journal of Physical Chemistry (1952) 56, p. 657 


E. S. Machlin (author’s reply)—In answer to Dr. 
Fullman’s comments, it can be remarked that a re- 
reading of the text will show that the analysis as given 
is consistent with the assumptions specifically made 
and the grain boundary migration model used. The 
real point of difference relates to the reasonableness of 
an assumption that the number of impurity atoms 
traveling with the grain boundary remains constant. I 
concede Dr. Fullman’s point that this assumption has 
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no reasonable basis. However, neither is the assump- 
tion of Dr. Fullman’s treatment in the discussion rea- 
sonable. This assumption is that the migration of the 
boundaries occurs such that the concentration of im- 
purity atoms in the matrix removed from the bound- 
aries is in equilibrium with the excess in the bound- 
aries at all times. A detailed look at the mechanism of 
continuous grain growth shows that this condition is 
improbable. Let me elucidate this detailed model of 
continuous grain growth. It is generally agreed that 
grains in a polycrystal become larger during contin- 
uous grain growth as a result of the disappearance of 
smaller grains. A schematic description of this process 
is presented in Fig. 3. Grain A increases in size by the 
migration of boundary 1-1 into grain B. This basic 
step is repeated successively by removal of some of the 
remaining boundaries, such as 2-2 which moves into 
and devours grain C. Now suppose that at the start all 
boundaries contain the equilibrium number of im- 
purity atoms per unit area. As boundary 1-1 moves 
into grain B, its composition is in equilibrium with the 
surrounding grains A and B. However, the area of 
boundary 1-1 is decreasing and hence the excess con- 
centration of impurity atoms associated with the dis- 
appearing boundary area must be dissipated. Where do 
these excess impurity atoms go? A glance at Fig. 3 
will show that the most likely sites to absorb these 
atoms are the boundaries 2-2 and 3-3, the loci of the 
regions along which the boundary 1-1 is annihilated. In 
other words, the migration of one boundary will lead to 
an increase in the excess impurity concentration of the 
adjoining boundaries above that of the level in equi- 
librium with the surrounding grains. Now, the adjoin- 
ing boundaries are supersaturated with impurity 
atoms. The initial rate of migration of these bound- 
aries is determined either by the rate at which these 
atoms diffuse into the surrounding grains or into the 
intersecting boundaries, or the rate of migration of the 
supersaturated boundary initially carrying all the 
impurity atoms with it, whichever is the faster. That 
is, there may be a local barrier to the migration of the 
supersaturated boundaries, or the driving force may be 
markedly reduced. In either case, one would expect a 
period of no migration to very slow migration of the 
supersaturated boundaries, followed by an acceleration 
in the rate until the normal rate of migration of a 
saturated* boundary is reached. One can attempt to 


* The term, saturated, is meant to apply with respect to the aver- 
age impurity concentration of the matrix. 


Fig. 3—Schematic model of grain growth showing how part of grain 
boundary impurity excess is transferred to adjoining boundaries. 
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treat the driving force of a supersaturated boundary in 
a polycrystalline matrix according to the model de- 
scribed. For such a boundary the decrease in free 
energy per unit area of boundary per unit decrease in 
the radius is 


d 20(R dr 
dR R dR 


e 


where o is the interface energy, ergs per sq cm; R is 
the average radius of grains, cm; k is Boltzmann’s con- 
stant, 1.38x10° ergs per °K per atom surface excess 
concentration, atoms per sq cm; V is the atomic vol- 
ume, cu cm per atom; 0 is the average solid angle cir- 
cumscribing moving area; D is the average grain di- 
ameter, cm; T is the absolute temperature, °K; I, is 
the surface excess concentration in equilibrium with 
average matrix composition; » is the chemical poten- 
tial of impurity in excess at average matrix composi- 
tion; and AT, is the degree of supersaturation of surface 
excess in boundaries adjoining moving boundary 2-2. 

In this equation, the first term is due to the annihila- 
tion of grain boundary area; the second term accounts 
for the increase in free energy, due to the segregation 
of the impurity excreted by the boundary, in move- 
ment dR, into the matrix adjoining the boundary of 
volume @R°dR, over the free energy associated with the 
solute being thoroughly mixed in volume D? (ideal 
mixing is assumed here); the third term is the decrease 
in surface energy due to the decrease of the super- 
saturation in the surface excess concentration; the 
fourth term is the free energy increase due to the ad- 
dition of (" — T.) to the surface excesses of those parts 
of the adjoining boundaries traversed by the moving 
boundary such as 2-2 (in the latter two terms, Henry’s 
law is assumed to apply to the surface activity co- 
efficient) . 

Substitution of reasonable numbers in Eq. III-9 leads 
to the conclusion that at first practically all of the im- 
purity atoms must travel with the boundary to keep 


the free energy decreasing. Thus, the initial mobility 
of the boundary is controlled by the mobility of the 
impurity atoms in the boundary. As the boundary be- 
comes cleaner, the rate of migration of this boundary 
increases as described before. 

In order to obtain the influence of impurity atoms 
on the grain growth exponent, it is necessary to know 
how the impurity content of each grain boundary at 
the start of its migration varies with the average grain 
diameter. On considering the model outlined in Fig. 3, 
it seems reasonable to assume that the increase in im- 
purity concentration is proportional to the decrease in 
grain boundary area per unit volume. To a first ap- 
proximation, the initial rate of migration, which, as 
indicated, will account for almost all the lifetime of a 
given grain boundary, is then 
dR L 2c(r) L or 


6 


(It should be noted that Eq. III-10 as a function of R 
is similar to Eq. II-7.) or is the increase in impurity 
concentration per unit, Os is the increase in grain bound- 


6 
ary area per unit volume, (i.e., s = me approximately). 


Thus, the conclusion arrived at in the text is valid and 
the conclusion reached by Dr. Fullman is invalid. 

I would like to correct a mistake in the description 
of the term Ag applying to the equation at the bottom 
of the first column on p. 441. It should be noted that 
Ag is the difference in free energy for the chemical 
reaction o’ to 2 for a plane interface. Thus, 


Ag (C)s (wo’) — Cus’) 5) 


where (C); represents the larger numerical concentra- 
tion of the two possible: (Ci’); or (C.’);. Also, I would 
like to emphasize that Eq. II-11 is an approximation. 
A more rigorous treatment of the pearlite problem is 
required. 


Self-Diffusion of Iron in Iron Oxides and the Wagner Theory 
Of Oxidation 


by L. Himmel, R. F. Mehl, and C. E. Birchenall 


DISCUSSION, L. S. Darken and Leslie Seigle, Chairmen 


J. Benard (Faculté des Sciences, Université de Paris, 
Paris, France)—The authors admit that the growth 
law of the oxides Fe,O, and Fe.O; on the surface of 
iron during oxidation is of the parabolic type. Thus 
they agree with the conclusions given by Davies, 
Simnad, and Birchenall.’ They emphasize in this con- 
nection the disagreement which exists between these 
conclusions and those previously brought out by Benard 
and Coquelle.” 

It seems necessary to us to present again our view- 
point on this subject. In effect, since the time when 
Coquelle first stated the possibility of determining the 
growth kinetics of the different iron oxides experi- 
mentally by thickness measurements on polished cross 
sections, several attempts have been made to apply this 
method under various conditions, sometimes different 
from those under which the first experiments had been 
carried out. It is by no means surprising that certain 
differences arose among investigators, due to the well 
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known influence of the state of the metal surface and 
the conditions of primary film formation on the whole 
process of oxidation. 

On the one hand, the thickness measurements of the 
layers of the oxides Fe,O;, and Fe.O, published by 
Davies, Simnad, and Birchenall’ do not seem to permit 
an unambiguous conclusion concerning the growth law 
of these oxides in the course of the oxidation of iron. 
On the other hand, oxidation curves of the oxides FeO 
and Fe;O, obtained by gravimetric methods refer to 
reactions performed in the absence of an underlayer 
of metallic iron, and consequently cannot be used in- 
discriminately in order to help in the interpretation of 
the oxidation mechanism of the metal. 

We recently made a new series of experiments using 
every precaution to avoid any disturbance of the course 
of the reaction. The variation of thickness of the oxide 
layers Fe;O, at 850° and at 900°C is indicated in Fig. 11 
One can see that after a few hours, during which the 
curve presents a parabolic shape, the law becomes 
linear. In particular, at 900°C, the velocity remains 
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Fig. 11—Growth of the FeO, layer during oxidation in air. Curve 
1—Experimental points of Bernard at 900°C. Curye 2—Parabolic 
curve recalculated from the 5 hr point of curye 1. Curve 3—Experi- 
mental points of Bernard and Coquelle,® and Paidassi® at 850°C. 


rigorously constant from the fifth hour until the thirty- 
third hour. 

The comparison of the experimental curve with the 
parabolic part of the curve extrapolated on the basis 
of the law followed during the first few hours, proves 
without any doubt that the process taken as a whole 
cannot be represented by a single relationship. 

This result presents no basic discrepancy with the 
first experiments, which in the same way showed a 
period of slowing down of the velocity of reaction pre- 
ceding the linear period. The only difference is in the 
delayed observation of the linear running of the re- 
action in the recent experiments. 


Moreover, the latter results are not in disagreement 
with those published a short time ago by Paidassi.” 
Doubtless this author improved the technique used in 
producing micrographic sections of a very high degree 
of perfection, and doubtless the accuracy of his measure- 
ments is the best ever reached in such experiments. 


Now, we have to define the possible significance to 
be given to the development of a linear law taking 
place after a period during which the process seems to 
follow a normal diffusion law. It was more likely to 
consider the inverse succession as a function of time. 
In our opinion, one cannot interpret satisfactorily the 
latter experiments without considering the interference 
of another factor, the influence of which would be apt, 
in a progressive way, to modify the part played by the 
normal diffusion in the oxidation process. 

In addition, careful studies of the metal close to its 
surface in contact with the oxide showed the appear- 
ance of gaps, the volume of which increased as a func- 
tion of the oxidation duration. These gaps do not seem 
to result from the breakage of the metal-oxide contact, 
consequently to tensions arising at the metal-oxide 
boundaries; in fact, this breakage produces cracks of 
a very different appearance parallel to the interface. 
They are more likely to be relevant to the kind of 
phenomenon, reported by Kirkendall and Smigelskas,* 


44 A, D. Smigelskas and E. O. Kirkendall: Trans. AIME (1947) 
171, p. 130; Merats TecHNoLocy (October 1946). 


which takes place in the neighborhood of the inter- 
faces where diffusion is particularly intense. In the 
present case the expansion of such gaps leads, in a 
progressive way, to the screening off of the upper 
layers of the oxide film from the diffusion flow of 
metal and consequently increases the apparent growth 
velocity of the higher oxides, particularly Fe;O,. Thus 
the substitution of the law of the linear form for the 
expected parabolic law, after a certain period of oxida- 
tion, could be explained. 

In a more general way, one can think that this inter- 
fering phenomenon is apt to explain certain discrep- 
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ancies in the research on metal oxidation kinetics at 
high temperature. 

L. Himmel, R. F. Mehl, and C. E. Birchenall (au- 
thors’ reply)—In presenting additional data to support 
the earlier measurements of Bénard and Coquelle,” 
Professor Bénard once again emphasizes the view that 
the kinetics of growth of the individual oxide layers 
on iron cannot be uniquely represented by a parabolic 
rate law. Specifically, Professor Bénard finds that at 
temperatures between 850° and 900°C, the thickness of 
the magnetite layer increases parabolically with time 
only during the first few hours of oxidation and that 
thereafter the growth rate becomes linear. Although the 
authors admit that situations do exist under which the 
transfer of iron or oxygen atoms across the metal-oxide 
or oxide-gas interface becomes rate-controlling,® they 


45K. Hauffe and H. Pfeiffer: Ztsch. Metallkunde (1953) 44, p. 27. 


do not believe Bénard’s observations can be interpreted 


unambiguously in this manner. 

Furthermore, the comments made by Professor Bénard 
seem to leave the mistaken impression that his results 
are not in conflict with the recent work of Paidassi.* 
Using improved micrographic techniques, Paidassi also 
measured the rates of growth of the higher oxides in 
multilayer scales formed on iron and demonstrated that 
the magnetite and hematite layers both grow para- 
bolically with time at all temperatures between 700° 
and 950°C for oxidation times of from 1 to at least 16 
hr. On the basis of these results, Paidassi himself con- 
cluded that the rates of growth of the Fe,O; and Fe.O; 
layers are limited not by interface reactions but by dif- 
fusion processes within the oxides themselves. Paidassi’s 
data, therefore, confirm the conclusions reached by 
Davies, Simnad, and Birchenall,’ but are clearly in dis- 
agreement with the work of Bénard and Coquelle. 


It now seems well established that as long as metal- 
oxide contact is maintained, the growth of the mag- 
netite layer follows a parabolic rate law. Under these 
circumstances iron ions are continuously being sup- 
plied from the metal to the wustite-magnetite interface 
by diffusion through the underlying wiistite layer. At 
the opposite extreme, where the scale is divorced com- 
pletely from the metal, Davies, Simnad, and Birchenall 
have shown that the magnetite layer continues to grow 
parabolically with time on a wistite substrate, although 
at a somewhat faster rate. Thus, even when the supply 
of metal ions to the wustite is seriously restricted, 
chemical reactions at this wustite-magnetite interface 
do not become rate-controlling. The authors therefore 
find it difficult to accept Professor Bénard’s suggestion 
that a progressive reduction in the supply of metal ions 
to the scale will produce more than an apparent change 
in kinetics while the system adjusts from one parabolic 
rate to another. 


Certain other consequences of this proposal have been 
overlooked by Professor Bénard. If, for any reason, 
metal-oxide contact diminishes to the extent that trans- 
port across this interface becomes slow in comparison 
to the rate of diffusion of iron in wiistite, then the 
wustite layer itself should grow at a linear rate. There- 
after, the thickness of the wustite layer must increase 
less rapidly than would be predicted from an extra- 
polation of the initial parabolic rate curve. Moreover, 
the relative thickness of the higher oxides should be 
substantially greater than those observed in completely 
adherent scales.* Information of this type is very per- 


* Paidassi®é has shown, for example, that over the entire tempera- 
ture range from 750° to 950°C, the thicknesses of the wiistite, mag- 
netite, and hematite layers remain in the approximate ratio 95:4:1; 
these relative percentages are also independent of time up to at 
least 16 hr of oxidation in air. It has even been suggested22 that the 
relative percentages of the higher oxides be used as a rough meas- 
ure of the degree of adherence of the scale during oxidation. 


tinent to the problem raised and has not been included 
in Professor Bénard’s data. We hope that this aspect 
will be reported when the investigation is completed. 

In our opinion, the presence of pores or voids in the 
metal adjacent to the oxide interface is a separate phe- 
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nomenon in itself and has only indirect bearing on the 
kinetics of growth of the magnetite layer. Porosity of 
the kind described by Professor Bénard could possibly 
develop within the metal if there were a net. flux of 
vacancies from the metal-oxide interface toward the 
interior.*® On the other hand, it is difficult to imagine 


46 W. J. Moore: Journal of Chemical Physics (1953) 21, p. 1117. 
Moore looked for evidence of such an effect during the oxidation of 
copper and failed to find any. 


that the flow of vacancies which could be maintained 
by self-diffusion alone would be sufficient to produce 
pores of visible size in the metal. Such an effect has 
not been reported heretofore in pure metal systems, 
but is generally confined to metallic solid solutions in 
which chemical interdiffusion occurs in the presence 
of a concentration gradient. Professor Bénard’s ob- 
servation nevertheless may be significant and certainly 
merits further study. 


Decay of Lattice Defects Frozen into an Alloy by Quenching 


by A. E. Roswell and A. S. Nowick 


DISCUSSION, L. S. Darken and Leslie Seigle, Chairmen 


D. L. Martin (General Electric Research Laboratory, 
Schenectady)—This interesting paper recalls some re- 
sults reported in an AIME paper ten years ago by Earl 
Parker and myself.” We found that the rate of cooling 

15D. L. Martin and E. R. Parker: Effect of Cooling Rate and 


Minor Constituents on the Rupture Properties of Copper at 200°C. 
Trans. AIME (1944) 156, pp. 126-140. 


from the annealing treatment, prior to rupture testing 
at 200°C, influenced the life of high purity copper. 
Specifically it was shown that: 

1—The faster the cooling rate from 850°C, the shorter 
the 200°C rupture life, and the lower the ductility. 

2—The cooling rate effect was more pronounced 
when the specimens were cooled from 850°C than from 
BNO (Cy 

3—The cooling rate effect was more pronounced in 
a specially prepared copper containing 0.013 pct of the 
normal wire bar impurities than for the high purity 
copper. 

Preliminary results presented in the same paper in- 
dicated that the rupture characteristics of high purity 
silver were affected by the cooling treatment. Detailed 
results were subsequently obtained on silver and are 
presented in Fig. 7. The interesting point to note is 
that the rupture life of silver was influenced by the 
cooling rate from the 850°C anneal when tested at 
150°C, but not at 200°C. 

The explanation advanced by Parker and myself was 
one involving freezing-in of lattice imperfections. It 
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Fig. 7—Effect of cooling rate and test temperature on rupture 
properties of high purity silver. 
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was suggested that water quenching retained imperfec- 
tions generated at high annealing temperatures, whereas 
slow cooling resulted in a more perfect arrangement 
of the atoms. It was further assumed that the differ- 
ences in rupture properties were related to the pres- 
ence of more lattice imperfections in the water quenched 
specimens. At the higher annealing temperatures the 
number of imperfections should increase because of 
increased thermal activity, and thus account for the 
more pronounced cooling rate effect observed for the 
specimens annealed at 850°C compared to 500°C. The 
absence of a cooling rate effect for silver tested at 
200°C might be attributed to faster relaxation at that 
temperature. 

The hypothesis of freezing-in of lattice imperfections 
was originally advanced to explain the cooling rate 
effect for the high purity metals on the assumption that 
the presence of less than 0.001 pct impurities could not 
account for the effect. After ten years I do not feel so 
confident about the validity of this assumption. For 
one thing, our results show a more pronounced cooling 
rate effect with the addition of 0.013 pct impurities to 
the high purity copper. If 0.013 pct solute atoms can 
be very effective, why not a significant effect due to 
0.001 pet? Additional experimental data are needed to 
clarify the role of solute atoms and of lattice defects. 

The anelastic measurements used by the authors to 
study relaxation of defects in silver-zinc would appear 
to be an excellent method of studying the cooling rate- 
rupture life phenomena observed for copper and silver. 
Have the authors made any anelastic studies on silver 
or copper that might help in the interpretation of the 
effect of cooling rate on the rupture characteristics? 
If not, I hope they will be able to extend their studies 
to these metals in order to provide the needed infor- 
mation to clarify the relative role of lattice defects and 
of solute atoms. 


A. E. Roswell and A. S. Nowick (authors’ reply) — 
The results reported by Dr. Martin are not inconsistent 
with the hypothesis that vacancies are responsible for 
the observed effects. To explain the absence of a 
quenching effect in silver tested at 200°C, it seems 
necessary to suppose that only vacancies which decay 
under stress contribute toward shortening the rupture 
life, while those that decay out before stress is applied 
have no effect. Thus at 200°C we must assume that 
the vacancy decay time is of the order of the time that 
the specimen is left in the furnace before stress is ap- 
plied, presumably several minutes. Such a decay time 
is observed at a somewhat lower temperature (about 
80°C) for the silver-zine alloy in the paper under dis- 
cussion. This difference is consistent with the lower 
composite activation energy for diffusion of Ag-Zn 
(30.5 kcal per mol) as compared to the value of 46 
kcal per mol for pure silver. 


16 W. A. Johnson: Trans. AIME (1941) 143, p. 107. 
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On the other hand, until the effects of impurities are 
better understood and the possible role of quenching 
stresses clearly eliminated, the question of the origin 
of the shortened rupture life is still an open one. Un- 
fortunately, the anelastic methods described in this 


paper would not be able to contribute toward clari- 
fication of the rupture mechanism, since they are limited 
to substitutional alloys. The basis of the method is 
stress-induced ordering, which cannot occur in a pure 
metal. 


The Ternary System Ti-Ta-C 


by John G. McMullin and John T. Norton 


DISCUSSION, Otto Zmeskal and D. J. Blickwede, 
Chairmen 


Irving Cadoff and John P. Nielsen,(New York Uni- 
versity, New York)—We should like to comment on 
the differences in reported data in the case of the lower 
carbon limit of the 6 (TiC) field. In analyzing the data 
presented by Ehrlich,* we found that the disagreement 
in this area of the binary Ti-C system was most likely a 
result of contamination of oxygen and/or nitrogen. It 
is quite possible to substitute oxygen and nitrogen 
atoms for the carbon atoms in the interstitial sites of 
the TiC lattice and thereby obtain a stable TiX com- 
pound at lower carbon content. In support of this we 
cite the lattice constants reported for TiC. In both the 
present investigation and Ehrlich’s work, the lattice 
constants are significantly lower than those obtained in 
our earlier work.* Since the lattice parameters for TiO 
and TiN are both lower than that for TiC, the presence 
of oxygen and/or nitrogen in substitution for carbon 
would result in lower lattice parameters for contam- 
inated TiC. The inability to obtain true stoichiometric 


TiC can also be attributed to the presence of oxygen 
and/or nitrogen in the interstitial sites which would 
normally be occupied by carbon in forming TiC. 

On this basis the higher carbon 8 boundary approaches 
the case of the oxygen and nitrogen free system, whereas 
agreement between the present data and that of Ehrlich 
indicates that similar contaminating disturbances were 
present in both these investigations. 


J. G. McMullin and J. T. Norton (authors’ reply)— 
The remarks by Cadoff and Nielsen on the influence of 
oxygen and nitrogen as impurities in titanium carbide 
are very pertinent. Small amounts of these elements 
are very difficult to exclude and their presence results 
in lower values of the lattice constant. No analysis for 
these elements was made in the present work, but every 
attempt was made to keep them at as low a value as 
possible. Although there seems little doubt as to the 
general positions of the phase boundaries, their exact 
location can only be fixed by the use of specimens in 
which the amounts of oxygen and nitrogen in solution 
in the TiC phase are accurately determined by chem- 
ical analysis. 


Order-Disorder Transformation in Cu-Au Alloys 


Near the Composition CuAu 


by J. B. Newkirk 


DISCUSSION, Otto Zmeskal and D. J. Blickwede, 
Chairmen 


M. Hirabayashi (The Research Institute for Iron, 
Steel, and Other Metals, Tohoku University, Sendai, 
Japan)—I should like to present evidence for heter- 
ogeneous transition from order to disorder in the 
Mg-Cd alloys near the composition MgCd. Fig. 7 shows 
the two-phase regions, separating the ordered and dis- 
ordered phase fields, as determined by specific heat 
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measurements’ during the disordering reaction. Three 
specific heat curves are replotted in Fig. 8. Their char- 
acteristic shapes are similar to those of specific heat 
curves obtained during fusion of solid solutions, such 
as Bi-Sb” or Mg-Cd alloys," and may be interpreted 
in terms of the existence of a two-phase region, al- 
though direct evidence of the two-phase region by 
X-ray diffraction has not yet been obtained. The “dis- 
ordus” and “ordus” correspond to the “liquidus” and 
“solidus,” respectively. Although the author stated’ 
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Fig. 8—Specific heat curves of Mg-Cd alloys. 
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that specific heat measurements are poorly suited to 
the study of equilibrium phenomena, at least in this 
case there seems to be little doubt that the specific 
heat curves reveal the nature of the disordering re- 
action under nearly equilibrium conditions, for the 
transformation rates of these alloys are relatively fast. 

By a similar method, I have investigated several 
Cu-Au alloys near CuAu.” It appears that the author’s 
remark described above fits this case. The curves of 
specific heat (or thermal coefficients of electrical resis- 
tivity and thermal expansion) vs temperature for 
Cu-Au alloys show two peaks. However, they do not 
correspond to heterogeneous order-disorder transfor- 
mations as is the case for the Mg-Cd alloys, but to two 
transitions, namely, from CuAu I to CuAu II and from 
CuAu II to the disordered state. The evidence for this 
conclusion is that the two peaks have been observed 
only over the composition range of about 47 to 55 
atomic pct Au, including the stoichiometric composi- 
tion 50/50, but not at other compositions. The transi- 
tion temperatures (peaks of specific heat curves) are 
replotted in Fig. 9. It would be of greatest interest to 
hear the author’s opinion or expectation concerning 
the following two regions in the phase diagram of these 
alloys, namely: 1—the transformation in the region 
(about 30 to 35 pct Au) between the ordered CuzAu 
and CuAu II phases, and 2—the phase boundary be- 
tween CuAu I and CuAu II near the 50/50 composition. 

From the appearance of a latent heat of evolution, 
it could be concluded” immediately that the order- 
disorder transformation of CuAu as well as MgCd 
should be regarded as first order. Finally, it is interest- 
ing to note that a CuAu crystal, at an early stage of 
the ordering reaction, shows X-ray diffuse scattering 
effects closely resembling those found in CoPt crystals 
by Newkirk et al.,“ and as ordering proceeds, the face- 
centered tetragonal spots for the ordered phase appear 
in addition to the cubic spots. Further X-ray inves- 
tigations are now in progress. 


S. Ogawa and D. Watanabe (The Research Institute 
for Iron, Steel, and Other Metals, Tohoku University, 
Sendai, Japan)—We have investigated the ordered 
state in the Au-Cu alloy of the atomic ratio 1 to 1 by 
electron diffraction with well orientated thin films 
which were condensed in vacuum on cleavage surfaces 
of rocksalt heated at 400°C. Gold and copper were 
evaporated from fine wires laid in a tungsten filament, 
the quantity of each metal being so determined that 
the alloy film of a proper thickness of 300 to 400A had 
a definite atomic composition, and films thus formed 
were sufficiently homogenized at appropriate tempera- 
tures. The crystal structures of these films were studied 
after quenching at various temperatures and, espe- 
cially, the structure of CuAu II was elucidated in detail 
by electron diffraction.™ 
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The transition region between the ordered and the 
disordered states near the atomic composition 1 to 1 
in the equilibrium diagram was also the object of the 
examination, because the direct evidence of the co- 
existence of the two phases by X-ray hitherto has not 
been given in the Au-Cu system, though Haughton and 
Payne” deduced it from the change in electrical resis- 
tance. Soon after we finished our work, the paper 
under discussion was published. Our study is, there- 
fore, not original on this topic, but it is not meaning- 
less that such a two-phase region also could be con- 
firmed by electron diffraction. One well orientated film 
containing 55 pet Au and four polycrystalline films 
containing respectively 40, 42, 45, and 46.5 pct Au were 
quenched at various temperatures. The heat treatment 
was carried out in a highly evacuated copper tube and 
the quenching was done by pouring water rapidly onto 
the copper tube immediately after removal from an 
electric furnace. Fig. 10 shows an electron diffraction 
pattern given by the orientated film of 55 pct Au 
quenched at 370°C. The coexistence of spots belonging 
to CuAu II and those belonging to the disordered phase 
is clearly seen. The films, in general, were kept at 
quenching temperatures for 3 hr. In order to examine 
whether or not the equilibrium was attained, the pro- 
longed annealing of 20 hr was made, which, however, 
had no influence on the diffraction pattern. Also for 
other reasons the equilibrium already seemed to be 
attained by the 3 hr annealing. The results obtained 
are shown in Fig. 11, and are similar to those Newkirk 
obtained by X-ray. The two-phase regions are not sym- 
metrical about the composition CuAu. 

Thus it was proved by electron diffraction that in 
Au-Cu alloys near CuAu in composition there is a co- 
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Fig. 10—Spots belonging to the cubic lattice in the 
CuAu film containing 55 pct Au quenched at 370°C. 
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existence range of the ordered and disordered states 
in the equilibrium diagram. The detailed report will 
appear in the Journal of the Physical Society of Japan. 


J. B. Newkirk (author’s reply)—The author is grate- 
ful to Hirabayashi and to Ogawa and Watanabe for the 
discussions and additional data which they have con- 
tributed. It is, of course, pleasing to learn that they 
have observed effects which support the conclusions 
expressed in this paper. 

The univarient construction, which Hirabayashi sug- 
gests below 40 and above 68 pct Cd in Fig. 7, is ques- 
tionable on theoretical grounds. However, the positions 
of the ordus and the disordus lines between these com- 
positions are in remarkably good agreement with those 
derived from equilibrium electrical conductivity and 
thermal expansion data by Grube and Schiedt.” This 
constitutes a good basis for Hirabayashi’s assertion that 
specific heat measurements are significant for the rela- 
tively rapid ordering reaction in MgCd. It is for such 
alloys as CuAu and CusAu (unfortunately the classic 
ones for early order-disorder studies) wherein the 
transformation occurs slowly, that specific heat meas- 
urements have been quite misleading. 

The transformation in Cu-Au alloys near the com- 
position 36 pet Au occurs at a relatively low tempera- 
ture and is therefore extremely slow, making very 
difficult and tedious any observations as to its nature. 
Our X-ray tests on alloys near this composition have 
been inconclusive, due to the failure of a six months’ 
isothermal heat treatment to attain equilibrium. How- 


ever, it appears that the two-phase region associated 
with CusAu extends up to a composition of about 32 pct 
Au. There is some recent electrical resistivity evidence* 
which suggests that a eutectoid reaction may occur at 
a composition of about 36 pct. 

To date we have found Debye-Scherrer evidence for 
the coexistence of the CuAu I plus the CuAu II struc- 
tures in two initially disordered and cold drawn wires 
which had been held 65 days in a temperature gradient. 
A 49 pct Au alloy, annealed at 397°C, gave only the 
CuAu II pattern; however, between 392° and 367°C the 
CuAu I and CuAu II patterns were both present. A 50 
pet Au alloy had the CuAu I structure at 392°C, the 
CuAu II structure at 397°C, and both at 393° and 395°C. 
We are not yet certain that these tests represent equi- 
librium conditions. 

Hirabayashi’s investigation of diffuse X-ray scatter- 
ing from a partially transformed single crystal of CuAu 
should be significant and his results are awaited. 


®M. Hirabayashi, H. Maniwa, and S. Nagasaki: Journal Japan 
Inst. Met. (1950) 14, No. 3, p. 6 (in Japanese). 

10 Unpublished data. 

uM. Hirabayashi: Journal Japan Inst. Met. (1952) 16, p. 295 (in 
English) . 

12M. Hirabayashi: Journal Japan Inst. Met (1951) 15, p. 565 (in 
English). 

13 J. B. Newkirk, R. Smoluchowski, A. H. Geisler, and D. L. Mar- 
tin: Acta Crystallographica (1951) 4, p. 507. 

14S. Ogawa and D. Watanabe: Crosses Observed in the Electron- 
Diffraction Pattern of an Orientated CuAu Film. Acta Crystallo- 
graphica (1952) 5, p. 848. The details will be published in the 
Journal of Phys. Soc. of Japan. 

J, L. Haughton and R. J. M. Payne: Transformations in the 
Gold-Copper Alloys. Journal Inst. Metals (1931) 46, p. 457. 

16 G. Grube and E. Schiedt: Ztsch. anorg. allgem. Chemie (1930) 
194, pp. 190-222. 


Silver-Cadmium Eutectoid 


by G. R. Speich and David J. Mack 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
Chairmen 


L. Muldawer (Temple University, Philadelphia)—I 
am afraid that some of the authors’ conclusions must 
be changed because of their use of a faulty phase dia- 
gram in the Metals Handbook.*® The high temperature 
phase is body-centered cubic (8), the intermediate 
temperature phase is hexagonal (¢), and the low tem- 
perature phase is CsCl ordered (f’). Thus, it is seen 
that the €¢ and p’ phases have somehow been inter- 
changed in the Metals Handbook. The evidence for this 
revised picture comes from two sources: l—a careful 
study of the literature, and 2—a recent experimental 
investigation™ using electrical resistance measurements 
and X-ray diffraction studies on samples at tempera- 
ture and on quenched samples. When the results of 
the beautiful metallographic work of Speich and Mack 
are re-examined in the light of the corrected phase dia- 
gram, some interpretations become simpler and more 
natural. 

I should like to re-examine several of the items listed 
at the beginning of their discussion: 

Item 4—The pg” metastable phase is hexagonal as the 
authors point out on the basis of etching pits. It is 
only metastable in that it contains too much silver. 
With precipitation of a phase, the ¢ phase reaches 
equilibrium composition while still maintaining the 
same (or nearly the same) crystal structure. This 
change in composition may explain the change in the 
color of etching. It is unlikely that the consumption 
of the gp” by the ¢ phase is an ordering reaction, since 
the ¢ phase is nearly completely disordered.” 

Item 6—Upon quenching below 240°C, most of the 
6 converts to ordered p’. Below 240°C, #’ is stable and 
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the p” that was formed was formed while the alloy was 
in transition from 440° to 240°C. This explains why 
the pearlite nodules formed below 240°C consume only 
the 6” and do not grow into the surrounding p’. Since 
the cooling was very rapid, only a portion of the alloy 
converted to 6”. The phase transformation at 240°C is 
very marked when observed by resistance measure- 
ments, a 25 pct change in resistance being noted. 


G. R. Speich and D. J. Mack (authors’ reply)—The 
discussion of Professor Muldawer is most welcome. He 
is correct in showing that the Ag-Cd phase diagram 
published in the Metals Handbook and used in the 
present work is in error. The #’ and ¢ phases have been 
interchanged in this diagram; the correct diagram is 
given by Hansen.” 

The recent X-ray work of Muldawer, Amsterdam, 
and Rothwarf™ on a 51.7 pet Ag alloy has further clari- 
fied the transformations which occur in Ag-Cd alloys 
of near-eutectoid compositions. These investigators de- 
termined the phases present in samples quenched from 
different temperatures and also while at temperature. 
The high temperature X-ray diffraction patterns 
showed that the main phase present at 361°, 229°, and 
204°C was ¢ (hexagonal close-packed). The phases 
present in samples quenched from below the eutectoid 
temperature (440°C) but above the lower transforma- 
tion temperature (240°C) were a (face-centered cubic), 
(hexagonal close-packed), and (ordered body- 
centered cubic). The presence of p’ in these samples 
was explained through the ¢ > #’ reaction occurring on 
the quench. 

The above-mentioned X-ray work, which was not 
available before the publication of the present work, 
and the use of the correct phase diagram leads to a 
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much simpler interpretation of the eutectoid trans- 
formation in these alloys. The high temperature phase 
g (body-centered cubic) transforms rapidly 
(hexagonal close-packed) upon quenching below the 
eutectoid temperature. The ¢ phase, which was errone- 
ously labeled metastable p”, rejects a (face-centered 
cubic) in the form of parallel plates at higher tempera- 
tures and in the form of two-phase pearlite nodules at 
lower temperatures. The third phase, p’ (ordered body- 
centered cubic), which was present in almost all the 
microstructures, was formed when the specimens were 
quenched to room temperature through the rapid 
ordering reaction (>f’. The p’ is not formed at higher 
temperatures as originally supposed and is only stable 
below 240°C. This new picture of the transformation 
is in conformity with the X-ray and metallographic 
results. 


The sharp color change observed in these alloys is 
not due to compositional changes as suggested by Pro- 
fessor Muldawer. It is associated with the (>p’ re- 
action. This is evident since, if the color change was 
due to compositional changes in the ¢ accompanying 
the rejection of a, then the color change would occur 
uniformly in the ¢ and not as shown in Figs. 10 and 11. 

With regard to Item 6, we agree with Professor 
Muldawer in that only a portion of the alloy trans- 
formed to ¢ upon quenching below 240°C, and this 
explains why the pearlite reaction stops. 


11], Muldawer, M. Amsterdam, and F. Rothwarf: The Silver- 
Cadmium Beta and Zeta Phases. Trans. AIME (1953) 197, p. 1458; 
JOURNAL OF Metats (November 1953). 

2A. Olander: Eine elektrochemische Untersuchung von Cad- 
mium-Silber-Legierungen. Ztsch. Physikalische Chem. (1933) 163, 
p. 107. : 

13M. Hansen: Der Aufbau der Zweistofflegierungen (1936) Ber- 
lin. Springer. 


On the Theory of the 


Formation of Martensite 


by M. S. Wechsler, D. S. Lieberman, and T. A. Read 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
Chairmen 


E. C. Bain (United States Steel Corp., Pittsburgh)— 
It is gratifying to note that the oversimplified, basically 
intuitive concept of the crystallographic formation of 
martensite proposed 30 years ago has proven helpful 
in this recent analysis of the problem. The precision 
currently attained in such researches so far exceeds 
that available 30 years ago that it is intriguing to find 
the authors’ regarding with such favor a mechanism 
proposed so long ago and, in the interim, replaced by 
other more complex and, at the time they were pre- 
sented, seemingly more scientifically acceptable anal- 
yses. 

The authors’ comments lead to speculation as to 
whether increasing refinement in measurement may 
not sometimes lead to such involved data that the 
simple, basic mechanism responsible may be tempo- 
rarily obscured. However that may be, the pattern of 
scientific progress has often involved the sequence 
from the relatively simple to the complex and ulti- 
mately back again to the simple, with accompanying 
refinement and far greater understanding than was 
possible in the beginning. 


A. H. Geisler (General Electric Research Labora- 
tory, Schenectady )—The authors have supplied a quan- 
titative treatment of the basic concept that concurrent 
slip or twinning plays an important part in controlling 
irrational crystallographic features of martensite. 
While their treatment explains only the (3, 10, 15) 
habit plane for iron-base martensite, further applica- 
tions of other of the concepts which have been de- 
scribed qualitatively elsewhere” should permit the ex- 
tension of the authors’ treatment to explain other habit 
planes. For example, the (225) habit plane can be ex- 
plained qualitatively if it is assumed that the accom- 
panying slip is concentrated in the austenite surround- 
ing the growing martensite plate. Possibly the ana- 
lytical treatment could be formulated by using irra- 
tional elements for slip in the martensite that are 
parallel to face-centered cubic slip elements of austen- 
ite. Although the slip is regarded as being applied to 
martensite, this arrangement would represent the local 
conditions in the austenite just before being consumed 
by the advancing martensite plate. Another method 
would be to consider the strains for forming austenite 
from martensite, allowing slip in the austenite, then 
proposing that the distortions would be equivalent to 
those induced in the austenite when martensite is 
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formed from it. The habit plane expressed relative to 
the martensite lattice could be transformed in indices 
to express it in the usual manner relative to the austen- 
ite lattice. 

Once the limiting cases of slip concentrated in the 
martensite and in the austenite have been formulated, 
then habit planes intermediate between (3, 10, 15) and 
(225) such as the (259) would be predicted for propor- 
tionate mixtures of the two limiting cases. Likewise, 
to explain habit planes for products formed at higher 
temperatures under conditions where long range diffu- 
sion may operate, will require an analytical treatment 
in which only part of the strains need be relieved by 
concurrent deformation with the balance being ac- 
commodated by crystal recovery. 

As the authors have pointed out, more information 
is needed concerning the crystallographic details of 
the process in iron-base alloys. Specifically, the iden- 
tity and nature of the concurrent deformation process 
need to be determined. To determine experimentally the 
deformation elements will require two steps further ad- 
vanced beyond the usual orientation relationship and 
habit plane determinations. First, a specific variant of 
the family of habit planes will have to be related to a 
specific variant of the orientation relationship; then 
after suitable preparation to reveal the striated sub- 
structure either in the martensite or matrix, the re- 
sponsible slip elements can be identified from trace di- 
rections and macroscopic distortions. The procedure 
would require that the martensite plate be large 
enough to use single crystal X-ray diffraction tech- 
niques for orientation determination and twin detec- 
tion. Only one investigation has been pursued in this 
general direction and that was the work of Greninger 
and Troiano. In this regard I would like to ask the 
authors whether they believe the results on the Fe- 
Ni-C alloy are adequate to conclude that twinning is 
not involved in that alloy. The details of In-Th mar- 
tensite have been determined by Bowles, Barrett, and 
Guttman,” and their complete rationalization on the 
basis of a product of parent and twinned regions has 
been made by Geisler and Martin.2»*= Twins with only 
two out of a possible number of four orientations occur 
during the process. I wish to ask the authors whether 
their analytical treatment will predict which of the 
four twin orientations should occur, or is this a matter 


which must be supplied intuitively in formulating the 
analysis? 


E. E, Lahteenkorva, R. F. Bunshah, and R. F. Mehi 
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Fig. 9—A micrograph (a), a contour map (b), and an interferogram (c) of an unetched transformation relief in a Fe-30 pct Ni alloy. A is 
austenite, M is martensite, 1 to 4 are deformation markings. X1000. Area reduced approximately 15 pct for reproduction. 


(Metals Research Laboratory, Carnegie Institute of 
Technology, Pittsburgh)—The authors have presented 
a very attractive theoretical treatment of the marten- 
site formation. Related to the same problem, the 
morphology of martensitic structures is being studied 
in the Metals Research Laboratory of the Carnegie In- 
stitute of Technology. The material is an alloy of iron 
containing 30 pct Ni. The habit plane of the martensite 
in this alloy is the same as that considered by the 
authors, viz., one of the {259}. type. In addition to the 
conventional metallographic microscopy, a two-beam 
interferometer and a balsam-layer interference tech- 
nique” are used in these studies. In the latter tech- 
nique, the specimen is coated with a thin layer of 
Canada balsam and examined under an ordinary mi- 
croscope. 

The specimens were austenitized at 1300°C for 18 hr 
and water quenched to retain the austenite at room 
temperature. They were then polished, electrolytically 
or mechanically, and subsequently transformed by 
subzero cooling. 

The micrographs, Figs. 9 and 10, represent some de- 
tails of the resulting unetched austenite-martensite 
aggregate. Figs. 9a and 10a show two fields of the re- 
lief structure, and Figs. 9c and 10c are the interfero- 
grams of the same fields. The contours of the constitu- 
ents are seen in a simplified form in Figs. 9b and 10b. 
The balsam-layer technique was used for both inter- 
ferograms, the specimen being polished mechanically 
in both cases. 

The vertical resolution of the two interferometric 
methods is 500 to 1000A in favorably oriented areas on 
the specimen. The lateral resolution is relatively poor 


in the two-beam technique, but in the balsam-layer 
method it approximates that of the microscope. 

In general, the fringes on the martensite needles are 
rather straight and parallel, as in several areas in Fig. 
9c, only occasionally does the direction change locally 
at the midrib. The general direction of the fringes is 
about the same on both halves of a needle. Sometimes, 
when the spacing of the fringes is large, the surfaces 
reveal more curvatures, as in Fig. 10c. 

Most of the visible slip bands in austenite show dis- 
placements of fringes in interferograms of this type. 
The same is true for deformation markings in mar- 
tensite, examples of which are seen in Fig. 9, denoted 
with numbers 1 to 4. In general, the deformation seems 
to be rather uneven in distribution, and most of it is 
presumably due to large scale accommodations. The 
observed curvatures of the surfaces apparently result 
from these accommodation processes. 

Local striations are frequently observed at edges of 
martensite needles, often on one side of the midrib. In 
a few cases, the striae appear to extend almost over 
the entire martensite area, as on needle 1 in Fig. 10. 
In this case the deformation still is preferentially dis- 
tributed, and a single heavy marking appears in the 
middle of the needle. 

In the case of Fig. 10, it was possible to find some 
information on the crystallographic relations. The ori- 
entation of the austenite was determined by means of 
three sets of slip bands and a habit plane could be 
found for needle 1. Assuming that there is a one-to-one 
correspondence between the habit plane and the mar- 
tensite orientation, except, perhaps, for a twin relation, 
two possible orientations, corresponding to two twins, 


a b c 


Fig. 10O—A micrograph (a), a contour map (b), and an interferogram (c) of an unetched relief in a Fe-30 pct Ni alloy. Note striations in 
martensite needles 1 and 2. A is austenite, M is martensite. X1000. Area reduced approximately 15 pct for reproduction. 
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were obtained for the martensite plate. The result of 
this analysis indicates that the striae are traces of the 
twinning plane common to the two twin orientations; 
this plane is nearly perpendicular to the surface of the 
specimen. In particular, in the case of the CLO elo) 
habit plane, corresponding to the indices in Table II 
of the paper, the twinning plane would be the closest 
one to the original (110). plane, and the displacement 


direction would lie near [110]4. In the authors’ mar- 


tensite indices, this displacement direction is [111]u, 
and the corresponding twinning plane is (112). Rela- 
tive to the sample, the [lll] direction lies at about 
20° from the normal to the surface. 

With the specific indices obtained in this way, the 
distortion in the martensite plate under consideration 
could, perhaps, be identified with the twinning postu- 
lated by the authors in their twin product analysis. 
On the other hand, even these striations seem to be 
more irregular than that which would be expected 
from a transformation distortion alone. The preferen- 
tial distribution of striated areas and the nonuniform 
appearance of the individual striae indicate that the 
deformation may be due primarily to other effects. 

Even though residual stresses from the polishing 
operation may have aided the development of some of 
the features observed, it is very probable that the 
striations of the type seen in needle 1 of Fig. 10, as 
well as those of the more localized type, such as in the 
adjacent needle 2, are essentially related to the trans- 
formation process. Since the transformation is known 
to give rise to high internal stress concentrations, their 
effect should be considered. The internal stresses are 
apparently very inhomogeneous, within a plate as well 
as at its boundaries, and a nonuniform deformation is 
expected as a result of these stresses. It appears that 
the inhomogeneity of the observed striations is prop- 
erly accounted for if these patterns are mainly at- 
tributed to the stresses resulting from the transforma- 
tion, rather than to the transformation distortion it- 
self. It is possible that the striae appear almost im- 
mediately after the transformation distortion, perhaps 
even before other parts of the same plate are com- 
pleted. 

In this interpretation, striations of the type in Fig. 10 
could result from a transformation involving either 
twinning or slip. In the latter case, the striae may be 
an indirect consequence of a slip process on the (112) x 
plane, or, on the anomalous slip plane (110)4. Twin- 
ning in the [111]» direction on the (112) plane, in the 
form of the observed striae, seems a likely process for 
stress relief after this kind of slip. The striae persist 
on etching to a considerable degree, which shows that 
their characteristics in this respect are closer to twin 
bands than to slip bands. 

Except for random cross markings, all striations ob- 
served in these studies have consisted of a single set 
of striae within a martensite needle. This, along with 
the observation that the interference fringes traverse 
a needle in nearly straight lines, can be taken as an 
indication that the elementary displacements are essen- 
tially parallel on both sides of the midrib. 

Apart from a possible faint background pattern in 
areas like needle 1 in Fig. 10, no direct evidence for 
uniform slip or twinning has been found in these 
studies. Irregular striations of the type of twinning 
have been observed in martensite. It appears that 
these represent primarily an accommodation process 
subsequent to the transformation distortion. It may be 
that there exists a regular distortion pattern whose 
dimensions are in general just beyond the resolution 
of the techniques used and which can only be detected 
in cases of favorable surface orientation, i.e., when 
both the plane of the distortion and the displacement 
direction are about perpendicular to the surface. To 
investigate this possibility, further work is under way 
on samples with initially known austenite orientation. 


M. A. Jaswon (Dept. of Mathematics, Imperial Col- 
lege, London, England)—Any proposed atomic mecha- 
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nism for the martensite transformation must be judged 
not only by crystallographic considerations but also 
from the point of view of the energy factors involved. 
Significant features of the transformation are that it 
takes place extremely rapidly at even the lowest tem- 
peratures and generally leads to a structure which is 
metastable relative to the equilibrium structure at the 
temperature of formation.’ It is apparent that the 
process of formation involves an extremely small ac- 
tivation energy and that it is uninhibited, unlike diffu- 
sion, by lowering of temperature. All the character- 
istics of the transformation indicate an orderly, homo- 
geneous rearrangement of atoms within small regions, 
so that the paths of the atoms almost certainly consist 
of definite straight line sequences presumably deter- 
mined by activation energy valleys. The total net dis- 
placements of the atoms may be described by finite 
strain tensors in a variety of ways, but the components 
of any such strain tensor cannot have any physical 
significance, since they are assumed to be all simul- 
taneously operative. It is necessary to distinguish 
clearly between these formal displacements and the 
unique, physically meaningful sequence of movements 
which carry the atoms from their initial to their final 
positions. If by the Bain mechanism* we understand 
certain contractions and expansions followed or pre- 
ceded by a finite rotation, as discussed in the paper, 
then this picture of the transformation seems uncon- 
vincing, for it is difficult to see how straightforward 
finite contractions and expansions could ever be initi- 
ated without enormous activation energy, energy which 
would be available for generating the equilibrium 
structure. Apart from the pure strains postulated, the 
mechanism also necessitates a rigid body rotation in 
order to explain the observed lattice relationships. 
More precisely the Bain homogeneous distortion is ad- 
mittedly the smallest which transforms a face-centered 
cubic primitive cell into a body-centered cubic primi- 
tive cell, but at the same time it automatically deter- 
mines a relative orientation between them which turns 
out not to be that observed for austenite-martensite. 
Why should the lattice relations be such that an extra 
rotation comes into play, and whence arises the driv- 
ing force for the rotation? When the rotation displace- 
ments are superimposed on the pure distortion the 
total net atomic displacements of the cell are those de- 
fined by the displacement matrix o« of Jaswon and 
Wheeler,’ and, as is evident either from the form of 
o, or directly from the lattice relationships, could be 
brought about by the double shear mechanism of 
Kurdjumow and Sachs’. This property is also possessed, 
though much less transparently, by other double shear 
mechanisms,* but Kurdjumow and Sachs warrant par- 
ticular consideration, since the paths they suggest for 
the atoms turn out to be feasible in terms of modern 
views of slip. It is this and related topics that we now 
proceed to examine. 

The Kurdjumow and Sachs mechanism consists in 


the first place of a shear of a {111}, [121],. Although 
this direction is not as closely packed as <0 the 
nominal slip direction, it is almost certainly one of the 
directions in which slip actually takes place on this 
plane,” i.e., by means of a twinning movement of 
Burgers vector (a/6) <112>, where a is the lattice 
parameter of austenite. The activation energy barrier 
for twinning is presumably lower than that for slip, so 
that two successive twinning movements, ie., (a/6) 
[121] + (a/6) [211] are preferred to the vectorially 
equivalent movement (a/2) <110S. It may be re- 
marked that two successive twinning movements are 
preferred to one, since they have the effect of restoring 
the original stacking and hence eliminating the surface 
energy at the interface between twins. The marten- 
site shear is just half the twinning shear, and could 
therefore be produced by an imperfect edge disloca- 
tion of Burgers vector (a/12) <112>. Such a disloca- 
tion could well arise out of the disassociation (a/6) 
<112> = (a/12) <112> +4 (a/12) <112>, and would 
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Fig. 11—Variation of free energy (F) of 
face-centered cubic lattice with shear (9) line represents mod- 
on {111} as system passes through two ification of Fig. 11 
successive twinning configurations B, B’. to allow for the 
The dashed line refers to shear on {111} fact that the system 
in nominal slip direction. (Schematic) passes through body- 
centered cubic con- 
figuration prior to 
twinning. (Schemat- 
ic) 
have the effect of generating a body-centered tet- 
ragonal structure” without appreciable activation en- 
ergy. Dislocations of this kind, of course, exist at high 
temperatures, i.e., when austenite is the stable phase, 
but only become active for slip when the temperature 
is suddenly lowered, a plausible realization of the 
frozen-in free energy fluctuations envisaged by Hollo- 
mon and Turnbull” in their theory of martensite 
kinetics. Since dislocation movements are readily ini- 
tiated and propagated, and helped rather than hin- 
dered by decrease in temperature (owing to the re- 
duced damping effect of lattice vibrations), it becomes 
clear why the martensite phase, though metastable, 
forms preferentially to a stable phase precipitating out 
by the usual nucleation and growth process. From the 
dislocation point of view the formation of isothermal 
martensite” ” is quite analogous to a creep phenom- 
enon, the free energy difference between the phases 
providing the driving force for flow at constant tem- 
perature. 

The intermediate body-centered tetragonal structure 
a generated by the first shear is evidently unstable 
relative to the final body-centered cubic structure a, 
but may be readily transformed into the latter by a 


suitable shear of the type {112}, <110>,, e.g., (112), 


[110], would follow (111), [121],. By virtue of the 
lattice relationships, this second shear may be alter- 
natively expressed as (121), [111],, in which form it 
is seen to be parallel to the twinning shear (b/6) 
<111> in a. Interestingly enough, as may be verified 
by a simple calculation, the magnitude of this shear 
turns out to be about half that of the twinning shear 
and it therefore constitutes a feasible unit of slip. This 
slip could be produced by imperfect dislocations of the 
type (b/12) <111>,, which in turn are most probably 
created at the interface between y and a’ by the stress 
concentrations arising from the disregistery of the 
atoms and the volume and shape misfit of the trans- 
formed region.“ It is the building up of strain energy 
in both matrix and precipitate, and of surface energy 
at the interface, which eventually brings the growth 
of an individual martensite plate to a stop. Apart from 
minor dimensional adjustments, which follow auto- 
matically in the wake of the dislocations, the trans- 
formation is now completed. 

The appearance of irrational habit planes in mar- 
tensite transformations is a feature which need not 
receive undue prominence, for habit planes are de- 
termined by factors which bear little relevance to the 
mechanism of the atomic movements. In particular, 
and in common with various other kinds of precipita- 
tion phenomena,” they are obviously chosen by the 
criterion of best matching of atoms across the inter- 
face or by some cognate factor, discussed in ref. lal 
and the paper, so as to minimize the inevitable crea- 
tion of surface energy. This view has been partially 
confirmed by the result of Jaswon and Wheeler that 
the irrational habit plane {225}, is an unrotated plane 
of the austenite-martensite transformation assumed 


“Fig. 12—The dotted 
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homogeneous. Strains, of course, take place within this 
plane but, since the net atomic displacements involved 
in the transformation are the minimum possible,’ the 
disregistry across such a boundary is the minimum 
possible. Although it has been established beyond 
doubt that the transformation within a single plate is 
inhomogeneous, the interpretation of Jaswon and 
Wheeler may still be maintained for the following 
reason: There are 24 crystallographically equivalent 
variants of the Kurdjumow and Sachs double shear 
mechanism, but there are only 12 different variants of 
{225},: a given plane of this type, e.g., (225) is thus 
common to two distinct double shearing sequences. If 
these variants were to occur in alternate layers, as 
discussed in the paper, it would have the effect of 
enormously reducing the misfit at the boundary. By 
assuming that the relative amounts of the two variates 
have a suitable proportion, it should be possible to in- 
terpret the relief effects found by Greninger and 
Troiano without postulating shearing movements on 
irrational planes. The appearance of {259} at higher 
carbon contents possibly may be understood on the 
lines suggested by the authors, especially if their the- 
ory turns out to be independent of the Bain mechanism 
on which they base their analysis. 

The most important implication of our present ideas 
is that martensite transformation constitutes a mode of 
plastic flow equally with slip and twinning and taking 
place by essentially the same type of mechanism. 
Transformation, of course, only occurs if there is suffi- 
cient chemical free energy available to balance the 
considerable strain and surface energies involved, 
though under special conditions it may be induced by 
external stress. It is probable that the basic disloca- 
tion unit in cubic lattices is the imperfect half-twinning 
dislocation, and that macroscopic slip and twinning in 
fact take place by the movement of sequences of such 
dislocations with appropriate Burgers vectors. This 
situation corresponds with the energy curve illustrated 
in Fig. 12; straightforward twinning corresponds with 
that given in Fig. 11. 


C. Crussard (Institut de Recherches de la Sidérurgie, 
St. Germain-en-Laye, France)—The present paper is 
correct from an analytical point of view if the crystals 
are considered as continuous media. In that case the 
minimum (homogeneous) distortion is the Bain dis- 
tortion. But in crystals atoms are not bound to move 
homothetically, that is, as congruent points of a contin- 
uous medium; they can also suffer small incongruent 
displacements, as is known in many paramorphic trans- 
formations of minerals. Thus, if one takes as criterion 
of minimum distortion that the total sum of the paths 
of atom movements is minimum, the minimum does not 
occur for the Bain distortion, but for that proposed by 
Neerfeld and Mathieu.” 

Let us examine in more detail the mechanism proposed 
by the latter authors. It is based on experiments where 
martensite was produced by pulling wires of 18-8 steel, 
or Fe-Ni alloys showing a pronounced [111] fiber tex- 
ture before transformation. After transformation, the 
martensite shows a pronounced [210] fiber texture. 
Neerfeld and Mathieu deduced from these observations 
that the mechanism of transformation was as follows: 

a {111} y plane (normal to wire axis) transforms into 

a {210} a plane 

a {011} y plane (containing wire axis) transforms 

into a {001} plane. 

Thus, a set of three orthogonal directions [111], 
[011], and [211] are respectively parallel to three 
directions of the transformed a phase, namely [210], 
[001], and [120]. 

Neerfeld and Mathieu chose as shear planes for the 
Nishiyama transformation a {111} y plane that was per- 
pendicular to the wire axis. Unfortunately they neg- 
lected the fact that one of the {111} y planes not per- 
pendicular to the wire axis may also act as shear plane 
(transforming in this case into a {110} a plane). The 
texture that results is almost the same as the one they 


MAY 1954, JOURNAL OF METALS—679 


considered, the orientation difference being only 1°02’ 
which is below the precision of texture determination. 
The only restriction is that in order to find the same 
orientation as Neerfeld and Mathieu, shear must occur 


only in one of the [211] y directions, namely, the pro- 
jection of the wire axis on the {111} y shear plane. If 
we assume the Nishiyama mechanism, this restriction 
is not surprising, as the stress enhances transformation 
in this direction and hinders it in the others. 

It must be emphasized that in Neerfeld and Math- 
ieu’s experiments, the martensite was produced at a 
temperature above the M, point. Thus, stress favored 
the transformation. This can be explained by both 
mechanisms. If we assume the Nishiyama mechanism, 
we have just shown that the shear stress on the acting 
{111} y plane is directed in the right way to promote 
transformation; if we assume the Neerfeld and Mathieu 
mechanism, as transformation produces an expansion 
in the direction of the wire axis amounting to 3 pct, 
it is favored by tension. We could also use a third 
mechanism of the double shear type. The same con- 
clusion could be reached, as approximately the same 
lattice relationships are obtained. Thus, for Neerfeld 
and Mathieu’s experiments, it seems impossible to de- 
cide which was actually the acting mechanism. 

If we turn now to the relief effect produced by 
martensite platelets, we know that it can be explained 
either by a double shear mechanism or by the lamellar 
mechanism proposed by the authors of the paper under 
discussion. But if we consider incongruent displace- 
ments of atoms, as suggested in the first paragraph of 
this discussion, the authors’ lamellar mechanism opens 
the way to an infinite number of possibilities. In par- 
ticular, one could think of lamellae deformed individ- 
ually by Neerfeld and Mathieu’s distortion, and ro- 
tated by suitable (alternating) amounts in order to 
produce the correct habit plane. All the possible hy- 
pothesis of this kind should be tested carefully before 
deciding which is the true mechanism. 

Nevertheless some arguments of a different kind can 
help in making a decision. Let us consider true mar- 
tensite, i.e., martensite where the growth of individual 
platelets is very rapid, adiabatic, and like propagation 
of a shock-wave (steel, lithium, etc.). It should first 
be pointed out that twins are not frequently observed 
in platelets of this martensite. Thus, between the two 
mechanisms proposed by the authors, only the distor- 
sion and slip mechanism is possible. But this mecha- 
nism requires more slip and a higher energy than the 
shear and slip mechanism proposed recently by 
Geisler,” which is also compatible with a mechanism 
proposed some time ago.” Thus, the mechanism pro- 
posed by the authors seems less probable. In conclu- 
sion, a dynamical examination of the growth condition 
is necessary and will be published soon. 

For pseudomartensite (i.e., martensite where plate- 
lets are not formed adiabatically, Scheil’s “Scherenum- 
wandlung’”’), the author’s mechanism is quite possible, 
although other distortions can be considered as stated 
above. The most conclusive evidence is the observation 
of the orientation of the twin or slip plane. 


M. S. Wechsler, D. S. Lieberman and T. A. Read 
(authors’ reply)—The authors appreciate the com- 
ments of Dr, Bain. His early work forms the founda- 
tion upon which this theory is based; as such, the au- 
thors are grateful for Dr. Bain’s intuitive insight into 
the martensite problem. 

In recent months an analysis similar to the one under 
discussion has been completed that formulates the 
problem of the formation of martensite in terms of a 
single Bain distortion, coupled with slip on planes that 
before transformation are octahedral planes in the 
austenite. The results of this analysis appear to be in 
good agreement with experimental observations on 
(225) martensite. In view of the suggestion of Dr. 
Geisler that the (225) habit plane can be explained in 
terms of accompanying slip in the austenite, it should 
be pointed out that the above-mentioned approach 
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treats the slip, not as an accompanying factor, but as 
an inherent part of the transformation distortion. This 
“transformation slip” takes place directly in the region 
that undergoes transformation and results from the 
motion of dislocations situated at the intersections of 
the slip planes with the austenite-martensite interface. 
This is a matter quite apart from the plastic deforma- 
tion that inevitably takes place in the surrounding 
austenite to accommodate the volume and shear con- 
straints. The success of such a slip treatment for the 
(225) case leads one to suspect that it is the slip mode 
that operates in the (259) case, although no direct ex- 
perimental evidence is available at present to decide 
the question with certainty. 

On Dr. Geisler’s question on the details of the micro- 
structure that appears in the In-Tl product phase, the 
authors have found that an application of their theory 
to the In-Tl transformation leads to orientation rela- 
tionships in agreement with the experimental results 
presented in Figs. 7 and 8 of ref. 14. Furthermore ap- 
plication of the theory to the In-Tl transformation 
leads to the result that the 24 variants of the habit 
plane can be divided into six groups of four habits. 
The four habits in each group have very nearly the 
same orientation and correspond to the four types of 
main bands that are apparent in Fig. 1 of ref. 14. On 
the basis of the theory, one can determine unambigu- 
ously the two twin orientations present within each 
main band. 

The experimental work of Lahteenkorva, Bunshah, 
and Mehl shows progress in the direction of the de- 
termination of the microstructure of martensite. With 
reference to their discussion it is true that one might 
expect more regular striations due to the transforma- 
tion distortion alone. However, the authors have 
pointed out that their theory minimizes the energy 
associated with the interface plane and does not in its 
present form consider additional constraints such as 
1—the interference with the volume expansion of the 
martensite plate and 2—the interference with the 
macroscopic average shear of the plate. It is certainly 
possible that these additional constraints and subse- 
quent stress relief could result in irregularities in the 
observed striations. 


It should also be pointed out that in other systems 
exhibiting a martensite transformation, but in which 
the interface separating the two phases completely 
traverses the specimen (thus eliminating the two con- 
straints discussed above), a high degree of regularity 
in the bands of the low temperature structure is ob- 
served. For these alloys, the low temperature struc- 
ture is known to consist of twin related domains. The 
agreement between theoretical and observed habit 
planes, directions and magnitudes of macroscopic 
shear, and orientation relationships would seem to in- 
dicate that the most important consideration is the 
energy associated with the interface. It is to be hoped 
that further experimental work along the lines indi- 
cated by the discussers will resolve the question of the 
actual structure of the martensite plates. 


It is clear that there are marked differences in point 
of view between Jaswon and Crussard and the present 
authors, but space does not permit a full discussion of 
them here. Two major points will be touched on, how- 
ever. The first of these concerns the significance of the 
Bain distortion, which specifies the simplest possible 
relation between atom positions in the austenite and 
martensite lattices. By itself it yields no prediction 
of the orientation relation of the two lattices or of the 
habit plane orientation. It was precisely on this basis 
that Bain’s work was criticized by Kurdjumow and 
Sachs in 1930. It is now clear, however, that the Bain 
distortion must be combined with an inhomogeneous 
distortion, as is done in the present paper, to yield any 
prediction at all, and this prediction does agree well 
with experiment. 

Another point of view has, however, been expressed 
in the literature, and repeated here by Crussard and 
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Jaswon, which is that the Bain distortion by itself 
does predict an orientation relation (see, e.g., the 
paper by Neerfeld and Mathieu). When examined 
closely this contention is seen to involve the physically 
unreasonable assumption that a single Bain distortion 
is the only distortion involved in the formation of a 
martensite plate. Bain himself pointed out in his 
original paper the probability of inhomogeneity of 
transformation within a single martensite plate. Thus 
criticism of the use of the Bain distortion in the pres- 
ent paper is based on a misconception as to its sig- 
nificance. 

The success of the present treatment of martensite 
formation would seem to make the alternate ap- 
proaches of Crussard and Jaswon unnecessary, particu- 
larly since unpublished work in this laboratory has 
shown that the (225) type of habit plane can also be 
accounted for by a single Bain distortion coupled with 
slip. Except for the choice of slip plane this calcula- 
tion is identical with the one presented in this paper. 
It is to be noted particularly that the only arbitrary 
feature of these calculations is the choice of slip plane 
(and surely only a few planes of low indices warrant 
consideration). Otherwise the orientation relation, 


habit plane orientation, and macroscopic distortion are 
calculated from a knowledge of the initial and final 
lattice parameters and the application of the criterion 
of no macroscopic distortion at the interface. The re- 
sult that the calculated orientation relation, for given 
values of the parameters and choice of slip plane, is 
both unique and irrational makes it clear that any 
alternate treatment based on an assumed rational ori- 
entation relation cannot yield correct results. 
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Rate of Propagation of Martensite 


by R. F. Bunshah and R. F. Mehl 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
Chairmen 


J. C. Fisher (General Electric Research Laboratory, 
Schenectady)—There is one question I would like to 
ask regarding the interpretation of the oscilloscope 
figures. Figs. 4 and 10 are taken by the authors as 
characteristic of the formation of a single plate of 
martensite. There is an initial rise in resistance fol- 
lowed by a decrease about twice as great, so that after 
a period of at most a few tenths of a microsecond the 
resistance is stabilized at a new value, as far below the 
initial value as the transient peak lay above it. Now 
if this interpretation were correct, I would expect the 
general level of resistance in Fig. 8, where many plates 
have formed in one oscilloscope sweep, to drop with 
time, whereas in fact it even appears to rise on the 
average. The vertical amplification in Fig. 8 seems to 
be about as great as in Figs. 4 and 10, and conse- 
quently I would expect the trace to have dropped to 
the bottom of the scale and to stay there after about 
three or four plates had formed. Actually, after well 
over a dozen plates, it does not even touch the bottom 
of the scale. 

One possible interpretation is that the oscilloscope 
does not trigger immediately upon a resistance in- 
crease, and that some of the initial rising portion of 
the curves in Figs. 4 and 10 has been missed. If this 
were so, these curves would rise and then fall again 
nearly to the initial value of resistance. Fig. 8 would 
fit in satisfactorily with this interpretation, but it 
would be necessary to account somehow for the shape 
of the resistance vs time trace, it no longer being as 
certain that it is caused by the formation of an increas- 
ing volume of martensite and an associated resistance 
drop. 

I would appreciate the authors’ comments concern- 
ing their interpretation of these figures. 


R. F. Bunshah and R. F. Mehl (authors’ reply)—Dr. 
Fisher has raised an interesting point. The interpreta- 
tion suggested by him is incorrect, as it would neces- 
sarily imply that the zero of the vertical scale (i.e., 
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where the trace starts initially) is close to if not at the 
left-hand bottom corner of the figure. This is not so. 
The zero line of the start of the trace is half-way up 
the vertical scale. There is no average rise in Fig. 8, 
the apparent rise in the figure as printed is due to a 
slight tilt to the left in the mounting of the print, 
which escaped the authors’ attention in the proofs. 

Stated very simply, Dr. Fisher’s question is this: 
Starting with the individual pulse cycle as represented 
in Fig. 4 (sweep-rate 50 millimicroseconds per em), how 
does one get the trace in Fig. 8 (sweep-rate 200 milli- 
microsecond per cm), whereas one would expect the 
trace to sink out of sight after three or four pulse 
cycles. 

The following characteristics of the transformation 
and of the apparatus used are pertinent to this: 

1—The martensitic transformation in this alloy is 
strongly autocatalytic; i.e, a large number of plates 
form in a very short period of time. 

2—The apparatus used measures the change in re- 
sistivity of the sample as a whole and cannot dis- 
tinguish between resistance changes due to the forma- 
tion of individual plates. All it “sees” is the algebraic 
sum of the changes due to martensite plate formation. 

3—The pulse cycle corresponding to the formation of 
a plate of martensite consists of an initial increase in 
resistance (say, one unit upward) followed by a de- 
crease of the resistance of twice the above magnitude 
(say, two units downward), so that at the end of the 
pulse cycle the trace ends one unit below its initial 
level. This is in agreement with the observation that 
the resistance of the sample decreases with the forma- 
tion of martensite. 

4—The magnitude of this rise and fall in the pulse 
cycle will depend upon the orientation of the plate 
formed with respect to the longitudinal axis of the thin 
cylindrical specimen and obviously on the size of the 
plate. However, the ratio of the increase to the de- 
crease is essentially constant. 

Thus the vertical position of the trace at any given 
instant where there is superposition of the individual 
pulse cycles is the algebraic sum of the various incre- 
mental and decremental components of these superim- 
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Fig. 16a—Fig. 8 of the paper reproduced. Each division is 200 
millimicroseconds. 


Fig. 16b—Free hand reproduction of Fig. 16a, horizontal scale 
magnified. 


posed pulse cycles. If two plates form almost simul- 
taneously within the sample, so that at that particular 
instant the increments in resistance due to these plates 
almost coincide in time, there will be a large upward 
component of the resultant trace followed by a large 
drop. On the other hand, as it most often seems to 
happen, this coincidence in time of plate formation is 
not so close, the decrement in resistance due to the 
first plate will be opposed by the increment in re- 
sistance due to the succeeding plate, and the position 
of the trace will be the algebraic sum of the two. 

The composite traces shown in Figs. 6 and 8 are 
composed of superposed individual pulse cycles of the 
type illustrated in Fig, 4. 


Analyzing Fig. 6 (horizontal resolution same as Fig. 
4), ie., 50 millimicroseconds per cm, the downward 
progress of the pulse cycle due to the first plate is in- 
terrupted and reversed by the formation of the second 
plate which appears to be very large and of favorable 
orientation (i.e., perpendicular to the long axis of the 
sample). The maximum due to this second plate is not 
seen, because the vertical deflection due to this plate 
is beyond the upper deflection limit of the apparatus, 
and instead the trace has to remain horizontal for a 
short time, subsequently descending with a strong 
downward component. However, its downward prog- 
ress is reversed by the upward component due to the 
third plate, which just barely overcomes the down- 
ward motion of the trace due to the second plate. (The 
third plate to form is perhaps not so large or favor- 
ably oriented as the second plate.) The trace almost 
immediately goes through the maximum and progresses 
downward. The subsequent horizontal progression of 
the trace is due to the lower deflection limit of the 
oscilloscope where the trace is forced to remain. The 
maxima due to subsequent plates can be seen inter- 
rupting the horizontal progression of the trace toward 
the end of the figure. Thus it is possible by logical 
analysis to construct Fig. 6 from a superposition of 
pulse cycles of the type shown in Fig. 4. 

In the same way, the trace as depicted in Fig. 8 can 
be explained. In this figure the horizontal resolution 
is cut by a factor of four and further by a factor of 
two in reproduction. Thus the small maxima (of the 
type of No. 3 in Fig. 6) appear as blurs or local thick- 
ening of the trace as at A, B, C in Fig. 16a, which is a 
better print of Fig. 8 of the paper, and Fig. 16b is a 
freehand duplication of the path of the same trace as 
it appears to the authors. It is easy to miss these small 
maxima in an examination of Fig. 8. In electronics in- 
strumentation of this kind, the trace after deflection 
tends to return to zero in a finite period of time which 
is called the decay time of the circuit. In the circuit 
used, the decay time was measured to be about 3 to 5 
microseconds so that the superposed effect due to this 
phenomenon may complicate Fig. 8 to a small extent 
and Figs. 4 and 6 to a much smaller and perhaps in- 
significant extent. 

We trust this answers Dr. Fisher’s question. 

It must be pointed out that the question raised by 
Dr. Fisher does not apply to the first pulse cycle in 
each oscilloscope trace (i.e, one full sweep on the 
oscilloscope) on which the measurements of the time 
of formation of martensite were based, since the new 
(a second) trace always starts at the zero of the ver- 
tical scale automatically. 

We hope, with this additional detailed discussion, 
that the matter is entirely clear; it should be evident 
that the conclusions of this paper are entirely valid. 


Rate of Formation of Isothermal 


Martensite in Fe-Ni-Mn Alloy 


by R. E. Cech and J. H. Hollomon 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
Chairmen 

B. S. Lement (Massachusetts Institute of Technol- 
ogy, Cambridge, Mass.)—The authors believe that what 
they observe as stabilization taking place on interrupt- 
ing the cooling above M, is due to the same cause as 
that resulting from cycling from below M, to room 
temperature. They suggest that diffusion of carbon 
plays a role in stabilization and infer that this concept 
is contrary to the suggestion of Das Gupta and Lement 
that stabilization is caused by the removal of an accel- 
erating effect imposed on the steel by partial trans- 
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formation. Actually, as discussed in more detail in a 
recent paper,” diffusion of carbon is considered by 
Das Gupta and Lement to be one of the mechanisms 
by which stabilization occurs. In accordance with the 
reaction-path theory, diffusion of carbon atoms into 
strain embryos resulting from partial transformation 
could immobilize these embryos and remove what would 


otherwise be an accelerating effect. Although stabil-_ 


ization was only observed if partial transformation had ~ 
already occurred in the chromium steel, it was acknowl- ~ 
edged that diffusion of carbon might also induce stabil- 
ization in a wholly austenitic structure. 


TRANSACTIONS AIME 


; 
N So ON 


In this connection, I would like to know what the 
authors believe to be the mechanism of stabilization by 
carbon diffusion. According to Fisher,” interrupting 
the cooling allows diffusion of carbon into the surround- 
ing austenite to occur from a subcritical ferrite plate 
that formed in a carbon-poor region. Thus the sur- 
rounding austenite becomes stabilized against trans- 
formation on subsequent cooling because of its increased 
carbon content. If this mechanism is accepted, then a 
conflict apparently arises with the concept that trans- 
formation to martensite occurs completely by thermal 
nucleation in the Fe-Ni-Mn alloy. For, if carbon-poor 
and consequently carbon-rich regions must exist in the 
austenite to permit stabilization, the conditions are 
right for athermal nucleation. 


RK. E. Cech and J. H. Hollomon (authors’ reply)—We 
thank Professor Lement for his discussion to our paper. 
First we shall consider the experimental results and 
the postulates formulated to explain them. He found 
stabilization only in the presence of martensite whereas 
we noted it both in the presence and complete absence 
of martensite. Since his explanation as outlined in his 
earlier paper* could not be reconciled with our data, 
we could not accept it for this alloy. We were unable 
to consider his more recent viewpoint“ which is more 
closely in accord with our own, since our paper was 
in press at the time his appeared. 

We believe the phenomenon occurring in austenite 
to bring about stabilization is the familiar Cottrell pic- 
ture of condensation of carbon or nitrogen on disloca- 
tions. These sites being regions of high local strain 
energy would be preferred sites for nucleation of mar- 
tensite. The condensation of carbon or nitrogen would 
decrease the strain energy of the site but, more im- 
portantly, would alter the free energy of the region, 
probably to stabilize the austenite. Because of the great 
sensitivity of the nucleation potential barrier to free 
energy change alteration, these sites would not be 
thermally activated. Thus martensite would be ob- 
served to form only after the formation of nuclei in 
less energetically favorable sites. This would be stabil- 
ization. It is expected that the sites most closely con- 
nected with this phenomenon are those at or near grain 
boundaries. It is here that the preferred sites for mar- 
tensite are experimentally observed. The grain bound- 
ary diffusion rate of carbon or nitrogen in austenite is 
thought high enough to allow the phenomenon to occur 
in a short time at room temperature. 

The mechanism outlined above is different from that 
proposed by Fisher.” For our alloy it is doubtful if the 
0.05 pet C is sufficiently above the equilibrium concen- 
tration in Fe-Ni-Mn ferrite to permit the operation of 
Fisher’s mechanism. 

We believe that the current experiments on stabil- 
ization are insufficient with too many variables un- 
defined to resolve a mechanism. We can at best spec- 
ulate on a mechanism that explains the information 
which we have. We believe that before the mechanism 
of isothermal martensite stabilization can be clearly 
defined we must determine the effect on stabilization 
of removal of carbon, nitrogen, and grain boundaries. 


C. Shih, Morris Cohen, and B. L. Averbach (Dept. of 
Metallurgy, Massachusetts Institute of Technology, 
Cambridge, Mass.)—This paper makes an important 
point of complete suppressibility of the martensitic 
transformation, using the Fe-Ni-Mn alloy as an exam- 
ple. There is no issue as to the possibility of complete 
suppression in a particular alloy by rapid cooling if 
the athermal transformation is absent. However, there 
is a question as to whether the authors have actually 
demonstrated complete suppressibility in their alloy. 
They concede that up to 0.5 pct martensite was present 
on quenching to —196°C, but they discount the effect 
that such small amounts of martensite can have on the 
kinetics of the isothermal transformation. 

Recent data obtained at M.I.T. demonstrate that the 
complete absence of athermal martensite has an im- 
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Fig. 5—Isothermal formation of martensite at —196°C. 


portant effect on the subsequent isothermal reaction. 
tig. 5 shows the isothermal transformation in a similar 
alloy (alloy 79-22.99 Ni, 3.67 Mn, 0.025 C, 0.04 Si) on 
quenching to and holding at —196°C. These results were 
obtained on wires 0.050 in. diameter water quenched 
from 1150°C and electropolished to remove the entire 
surface layer. The wires were then subquenched to 
various isothermal holding temperatures and the prog- 
ress of isothermal transformation followed by means of 
electrical resistivity measurements. Resistance changes 
were calibrated in terms of the percentage of martensite 
formation by means of quantitative lineal analysis. 

Wires treated in this manner formed no martensite 
on quenching into liquid nitrogen. This was indicated 
by the resistance data and by metallographic exam- 
ination of the entire surface of the electropolished wire. 
Furthermore, Fig. 5 shows that the isothermal trans- 
formation at —196°C exhibited a long incubation time, 
and the first detectable isothermal martensite was not 
formed until more than 20 min had elapsed at —196°C. 
The data obtained by Cech and Hollomon are plotted 
in Fig. 5 on the same scale, and it is seen that their 
apparent initial transformation rate corresponds to a 
rate obtainable after 0.5 to 1 pct martensite is already 
present. In the absence of prior martensite, the initial 
isothermal rate is substantially zero, and not a max- 
imum as indicated by the authors. The significance of 
these data with respect to the theory of martensite 
formation are discussed in connection with a paper by 
Fisher.* 

Additional evidence for the importance of small 
amounts of initial martensite on isothermal martensite 
formation is provided by Das Gupta and Lement.™ 
These authors show that even supposedly trivial quan- 
tities of martensite in a chromium steel have the effect 
of stimulating the transformation at lower tempera- 
tures. 

It thus appears that even small traces of prior mar- 
tensite cannot be ignored in considering the isothermal 
transformation in the Fe-Ni-Mn alloy. 


R. E. Cech and J. H. Hollomon (authors’ reply)— 
Drs. Shih, Cohen, and Averbach’s contribution supple- 
ments nicely the results that we have reported. Their 
work fortifies the evidence that in some alloys the 
athermal component can be completely suppressed by 
rapid quenching and all of the martensite may be 
formed isothermally. Thus the pioneering experiments 
of Kurdjumov are vindicated. If our data leave some 
doubt of this, the isotherm presented by Drs. Shih, 
Cohen, and Averbach does not. 

We do not agree with their statement that our trans- 
formation curves at zero time are comparable to theirs 
after a small quantity of martensite has formed. The 
derivative dR/dt of rate of transformation with respect 
to time is negative for our alloy and positive for their 
alloy. It continues to be positive for their alloy until 
more than 6 pct transformation has occurred, whereas 
for our alloy dR/dt is always negative. It is not clear 
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how such marked differences in kinetics can result 
from the presence or absence of initial traces of mar- 
tensite. : 

It is important to realize that there are other vari- 
ables in the experiments being compared: 

1—The compositions may not be as similar as the 
analyses reported indicate. The accuracy of our analyses 
are +0.3 pct Ni, +0.1 pct Mn, £0.01 pct C, 0.003 pct N. 
These are about the accuracies that can be attained 
without statistical treatment of multiple determina- 
tions. It has been predicted that composition variations 
of this order should have a tremendous effect on the 
transformation kinetics.” 

2—There may be structural variations in the alloys 
used in the two sets of experiments. The martensite 
transformation is extremely structure sensitive. The 
heat treatments were at different temperatures, the one 
used by Drs. Shih, Cohen, and Averbach probably 


effecting a larger grain size. The period of room tem- 
perature delay was probably different in the two cases, 
being 30 sec in our alloy and an unstated period in 
Drs. Shih, Cohen, and Averbach’s alloy, while surface 
metal was being removed by electrolytic polishing. 
This delay period may allow stabilization to occur. 

We do not assert that any of the before-mentioned 
variables alone cause the observed differences in ki- 
netics. Rather, that they, in addition to the factors 
stated by Drs. Shih, Cohen, and Averbach, must be 
considered in accounting for the differences in kinetics. 
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Calculation of Martensite Nucleus Energy Using the Reaction-Path Model 


by J. C. Fisher and D. Turnbull 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
Chairmen 


E. S. Machlin (Dept. of Metallurgy, Columbia Uni- 
versity, New York)—In practically all treatments of 
nucleation in the solid state, the assumption is made 
that the rate of nucleation is proportional to the number 
of embryos having a critical configuration and/or com- 
position given by the Boltzmann distribution. The crit- 
ical state is defined by the relation dG* = 0, d’G* > 0, 
where G* is the work required to produce the nucleus 
having the critical configuration and/or composition. 
This assumption is not necessarily correct and is based 
on a particular model of the mode of “growth” of the 
nucleus to supercritical size. This model involves an 
atom-by-atom addition to the nucleus. In this case, to 
a first approximation, the rate of nucleation is given by 


T 


where t is the mean time required for an atom on the 
matrix side of the matrix-nucleus interface to jump 
over to the nucleus side. The approximation involves 
the assumption that all those nuclei which add one 
atom never return to the nucleus size by losing an 


atom. Hence, according to this model N, is too large 
by a factor of about 2. Let NY, be the corrected value 


of Ni corresponding to the Becker-Doring correction to 
the original Volmer-Weber treatment of nucleation. 
Now, there is an entirely different way a rate of 
nucleation can be calculated, which also depends on a 
particular model of nucleus formation. The latter model 
involves a configuration fluctuation in a given sized 
region by means of a superposition of the normal modes 
of vibration of the atoms in the region. This possibility 
has long been recognized and it has been investigated 
by Crussard,* Smoluchowski,’ and Cohen, Machlin, and 
Paranjpe.’ The latter authors have denoted this model 
of nucleation by the words reaction-path. It is inherent 
in the reaction-path model that the rate of nucleation 
is not proportional to the equilibrium number of the 
“nucleation and growth” type nuclei considered in the 
subject paper, but rather to the probability of jumping 
the activation energy barrier between austenite and 
martensite along a configuration fluctuation path (as 
the region strains in changing from austenite to mar- 
tensite). In this theory the rate of nucleation per unit 
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volume of untransformed matrix is given by the fol- 
lowing relation: 


fv 


where v is the number of times per second the energy 
of region of volume V* fluctuates; e°*”"” is the frac- 
tion of v the energy in V* exceeds the activation 
energy Q(V*); f is the fraction of ve-°”*/*” that the 
configuration is right to form martensite; and V* is the 
volume of the critical nucleation and growth nucleus. 

Crussard® has devoted some attention to the calcula- 
tion of some of the terms in the latter relation. He has 
come to the conclusion that configuration fluctuations 
of the magnitude, type, and in the region of volume 
V* are probable. 

The point of this discussion can now be made. The 
authors have not calculated the nucleus energy for the 
reaction-path model, but have calculated a strain cor- 
rected nucleus energy for the nucleation and growth 
model. The reaction-path model is not concerned with 
the saddle point in a plot of free energy as a function 
of transformation strain @ and volume V of embryo, 
because in this model the rate of nucleation is not pro- 
portional to the number of embryos having values of 
o* and V* defined by this saddle point. Rather, the 
rate of nucleation according to the reaction-path model 
is given by Eq. 11. Which of these models is correct 
can only be decided by experiment. At the present 
writing both models are in need of development. For 
example, the quantitative aspect of the reaction-path 
model is missing. The nucleation and growth model 
although quantitative is not in agreement with the im- 
plications of the successful Wechsler-Lieberman-Read” 
model for the martensite habit plane, orientation rela- 
tions, and other crystallographic features of the trans- 
formation. The latter authors have shown that the 
interface between austenite and martensite is not really 
a coherent interface of zero strain on a submicroscopic 
scale, but is a plane of zero strain only on the average. 
Thus, one would expect that the interface energy of 
such a plane for the nucleus as well as for the macro- 
scopic martensite plate would be at least an order of 
magnitude larger than the value of about 20 ergs per 


Ne e [11] 


.Sq cm calculated by comparing the nucleation and 


growth model with experiment. The energy that cor- | 
responds to the heterogeneous strains is not taken into 
account in the nucleation and growth model and may 
modify the quantitative conclusions of the model. 
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J. C. Fisher and D. Turnbull (authors’ reply)—The 
concept of atom-by-atom growth plays no role in the 
nucleation process as we have treated it. We have cal- 
culated the volume and energy of formation of a crit- 
ical size nucleus, which we believe we have shown to 
be the correct volume V* and activation energy Q(V*) 
for Dr. Machlin’s Eq. 11. It makes no difference 
whether the necessary energy is thought to be assembled 
by the superposition of thermal waves or by another 
means. In either event the fraction of time that the 
energy is assembled at a given site is exp(—AG*/kT) 
= exp[—Q(V*)/kT], and the nucleation rate is given 
by the product of this probability and a frequency 
factor v. It is through the frequency factor v, which 
is not an object of investigation in the paper under 
discussion, that an assumed atom-by-atom growth 
mechanism could exert an influence on the nucleation 
rate. The growth mechanism does not influence the 
critical nucleus energy. 

The essential point concerning the activation energy 
Q(V*) is that it must represent a saddle-point of con- 


figurational energy with respect to any change in con- 
figuration whatever, be it volume of the region under 
consideration, shape of the region, or strain within or 
outside it. We have calculated this saddle-point energy 
and the configuration to which it corresponds. In agree- 
ment with our earlier and more intuitive treatment, 
the critical volume is one within which the material 
is elastically strained martensite, and outside of which 
it is elastically strained austenite, with an atomically 
thin transition region separating them. 

We wish finally to point out that the habit, orienta- 
tion, and interface configuration of fully formed mar- 
tensite plates do not necessarily reflect the correspond- 
ing quantities for the critical size nucleus, which we 
believe may be coherent with the austenite. 


8C. Crussard: Contribution to the Theory of the Martensitic 
Transformation. Comptes Rendus (June 1948). 

®R. Smoluchowski: Phase Transformations in Solids. (1951) pp. 
149-183. New York. John Wiley and Sons. 

1M. S. Wechsler, D. S. Lieberman, and T. A. Read: On the 
Theory of the Formation of Martensite. Trans. AIME (1953) 197, p. 
1503; JouRNAL oF Metats (November 1953). 


Martensite Nucleation in Substitutional Iron Alloys 


by John C. Fisher 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
Chairmen 


C. Shih, Morris Cohen, and B. L. Averbach (Dept. of 
Metallurgy, Massachusetts Institute of Technology, 
Cambridge, Mass.)—The author has proposed a theory 
of the martensite transformation’ which fits the data 
on isothermal martensite formation obtained by Cech 
and Hollomon.’ This theory thus predicts an isothermal 
transformation rate which is a maximum at the begin- 
ning of the reaction and then becomes slower as the 
transformation proceeds. 

Cech and Hollomon admit that a small amount of 
martensite (up to 0.5 pet) was present at the beginning 
of the isothermal reaction in their alloys. Recent data” 
obtained under conditions where there was no initial 
martensite present indicate that the initial isothermal 
transformation rate is almost zero at —196°C, and that 
the higher rate observed by Cech and Hollomon can 
be attained only after some martensite has formed. 
Fig. 5 in the discussion of the second Hollomon paper 
(this issue, p. 683) shows the data reported by Cech 
and Hollomon in comparison with measurements ob- 
tained on a similar alloy in which all prior martensite 
formation was strictly suppressed. It is seen that, in 
the absence of prior martensite, the isothermal trans- 
formation at —196°C is not detected until an incubation 
period of about 20 min has elapsed. The reaction rate 
then increases with time and passes through a max- 
imum. This behavior is due to autocatalytic effects 
which seem to play a major role in the isothermal 
transformation under consideration and which have 
been omitted from the author’s theory. 

In the absence of the autocatalytic factor, the author’s 
theory should account for the very low initial isothermal 
rate indicated in Fig. 5 referred to above, and not the 
“secelerated” initial rate found by Cech and Hollomon. 
This would require some modification of the adjustable 
parameter 6’o*, and the C-curves in Fig. 1 would then 
be displaced to the right, i.e., to lower nucleation rates. 


11 See discussion to ref. 2, this issue, p. 683. 


B. S. Lement (Dept. of Metallurgy, Massachusetts 
Institute of Technology, Cambridge, Mass.)—The au- 
thor refers to the transformation behavior of the 0.75 
pet C, 15 pet Cr steel investigated by Das Gupta and 
Lement® that was described in terms of two classes of 
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martensite: athermal and isothermal. Because of the 
similarity between the experimentally determined iso- 
thermal transformation curves for this chromium steel 
and those calculated for an Fe-Ni alloy containing 29 
pet Ni on the basis of homogeneous thermal nucleation, 
the author suggests that transformation in the chro- 
mium steel occurs entirely by thermal nucleation. It 
is also stated by the author that athermal martensite 
is believed to form in steels containing significant 
amounts of carbon. Since the chromium steel contains 
what ordinarily would be considered a significant 
amount of carbon, 0.75 pct, why should the transfor- 
mation occur entirely by thermal nucleation rather 
than partly athermally? Furthermore, the isothermal 
transformation curves obtained by Kurdjumov and 
Maksimova’” for a 1.6 pct plain carbon steel are similar 
to those of the chromium steel. Using this as a criterion, 
it also might be concluded that transformation occurs 
entirely by thermal nucleation in a plain carbon steel. 
Since this conflicts with the author’s viewpoint, I would 
like him to explain this matter. I would also like to 
find out if any attempt has been made to analyze the 
kinetics of martensite formation in a plain carbon steel 
on the basis of thermal nucleation. 


2G. V. Kurdjumov and O. P. Maksimova: Kinetics of the Trans- 
formation of Austenite to Martensite at Low Temperatures. Doklady 
Akademii Nauk, SSSR (1948) 61, No. 1, p. 83. 


J. C. Fisher (author’s reply)—Shih, Cohen, and 
Averbach have pointed out that the autocatalytic nature 
of the isothermal martensite transformation, neglected 
in the analysis, has a relatively large influence on the 
nucleation rate at a given temperature, and they ask 
how the agreement between theory and experiment is 
modified thereby. In particular, they point to a dis- 
agreement between their experimental results and 
those of Cech and Hollomon for steels of essentially 
the same composition tested at —196°C. They found 
an initial transformation rate considerably slower than 
that of Cech and Hollomon, perhaps by a factor of a 
million or so, followed after an induction period by a 
rate essentially the same as that of Cech and Hollomon. 

Reference to Fig. 6 of the first mentioned paper’ in 
the discussion shows that of all the measurements made 
by Cech and Hollomon, the one made at —196°C falls 
farthest from the calculated martensite C-curve. At 
—196°C the calculated time for 3 pct transformation 
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is about a million times longer than observed, whereas 
the calculated times are correct to within a factor of 
two at all other temperatures. The time for 3 pct trans- 
formation measured by Shih, Cohen, and Averbach is 
longer than that measured by Cech and Hollomon by 
a factor of about three, so that it agrees only a little 
better with the calculated curve. 

It is possible, as the discussers suggest, that the dis- 
crepancy at —196°C is due to the autocatalytic effect 
which, when present, speeds up the nucleation process. 
If so, then I would expect the process to be speeded up 
about the same at all temperatures, rather than just 
at —196°C. However, an increased yield strength at 
—196°C could be a possible cause for an increased effect 
at this temperature, allowing less stress relief and less 
inhibition of the autocatalytic effect. 

Aside from the departure of the —196°C measure- 
ments from the calculated curve, there is the question 
of the smaller disagreement between the two experi- 
mental measurements. This difference may be due in 
part to autocatalytic effects, but is likely due in part 
also to a real difference between the steels. This view- 
point is reinforced by the fact that the two steels do 
not transform at the same rate even when partially 
transformed. 

If it were decided to fit Cech and Hollomon’s —196°C 
point with the theory, and to ignore the other 12 points 
that lie on the curve, then this could be done with a 


20 pet change in the parameter 6°o°, or by a change of 
10° or so in the coefficient of the expression for the 
nucleation rate. Since this change would shift the cal- 
culated C-curve away from the 12 temperatures where 
it fits the experimental results, I prefer to treat the 
—196°C point as anomalous, with no way of accounting 
for it at the present. 

Lement points out that reference to the work of 
Das Gupta and Lement on a steel containing 0.75 pet 
C in connection with Fig. 4 for isothermal nucleation 
of martensite, a steel containing no carbon at all, is 
inconsistent with the idea that athermal martensite 
forms in steels containing carbon. In reply, may I say 
that I agree entirely with this criticism. The point I 
wished to make was that one could not tell from the 
shape of the transformation vs time curve alone whether 
or not there had been athermal transformation preced- 
ing isothermal transformation, and that further evi- 
dence is needed. Actually, Das Gupta and Lement did 
have athermal martensite, and I am sorry if I have 
given an impression to the contrary. 

With regard to the isothermal formation of mar- 
tensite observed by them following considerable 
athermal transformation, this type of transformation 
was not the subject of the present paper. It is my 
opinion that it is associated with the promotion, by 
thermal fluctuations, of almost critical nuclei, probably 
in carbon-free regions. 


Stabilization of the Austenite-Martensite Reaction in A 


High Chromium Steel 


by S. C. Das Gupta and B. S. Lement 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
Chairmen 


Samuel J. Rosenberg (National Bureau of Standards, 
Washington, D.C.)—The authors conclude that no ap- 
preciable stabilization of the austenite-martensite re- 
action occurs in a 15 pet Cr-0.7 pet C steel unless some 
martensite is initially present. More specifically, this 
means to the writer that regardless of what is done to 
the steel at any temperature above M. (provided, of 
course, that the steel has not been cooled to a tempera- 
ture below the M,), no stabilization of the austenite- 
martensite reaction will result. As the authors point 
out, this is at variance with the results of Klier and 
Troiano,” who reported stabilization in the same steel 
studied by the authors as a result of holding at some 
temperature above the M,. The authors note that Harris 
and Cohen™ report that stabilization occurs only if 
cooling is interrupted below M,; however, Harris and 
Cohen state that “There are instances where o, may 
lie above M, and stabilization can be obtained in the 
absence of martensite.” (Note: o; is the critical tem- 
perature for any particular steel below which stabiliza- 
tion may be effected.) More recently, Morgan and Ko,” 
showed that stabilization of austenite occurred in most, 
but not all, of a series of Fe-C-Ni alloys at tempera- 
tures above the M.. 

The results of a study of the M, in two SAE 1050 
steels, made at the National Bureau of Standards, indi- 
cated that the austenite-martensite transformation in 
these steels was not affected by variations in rate of 
cooling. When austenitized at very high temperatures, 
however, these steels had a definitely higher M, than 
when austenitized at lower temperatures. If the higher 
M, is taken as a base line, it would seem that lower 
austenitizing temperatures effected a stabilization of 
the austenite-martensite reaction. We do not believe 
this to be so and show, in a paper submitted to the 
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American Society for Metals, that the change in M, 
in these two steels was caused by a change in austenite 
grain size. Decrease in austenite grain size resulted in 
a decrease in M,. 

In reporting the effects of variations in treatment 
upon the amount of martensite formed at —197° and 
—150°C (Figs. 1 to 3), the authors use a base holding 
period of zero minutes. This is rather indeterminate 
phraseology. Taken literally, it may mean that the 
specimens were quenched to these temperatures and 
removed immediately. If so, the specimens being 1/16 
in. thick, it is doubtful that the entire mass of the 
specimens attained the low temperature. In a previous 
paper" the authors indicate that specimens of the same 
size required 10 + 3 sec to cool from +5° to —197°C, 
and 18 + 3 sec to cool from +5° to either —60° or 
—150°C. It is difficult to understand why the same 
amount of time is involved in cooling to —60° and to 
—150°C, and considerably less time in cooling to the 
still lower temperature of —197°C. In any event, some 
finite time interval at —150° and —197°C must have 
been used and should be so stated. 

It is interesting to compare the amount of martensite 
formed (presumably instantaneously in zero minutes) 
on quenching from +5° to —197°C (14 pct, Fig. 1) and 
to —150°C (20.5 pct, Figs. 2 and 3). In view of what 
is known regarding the insuppressibility of the athermal 
formation of martensite, and of the reaction-path theory 
discussed by the authors, it may be expected that the 
lower the temperature below the M,, the greater should 
be the amount of athermal martensite formed. The 
data given in the present paper seem to indicate that 
under comparable austenitizing conditions, the amount 
of athermal martensite increases and then decreases 
with decreasing temperature below the M,. 

A comparison of the amount of total martensite 
formed on direct cooling to various temperatures below 
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Table Il. Comparison of the Amount of Total Martensite Formed 


Temperature, °C, Total Martensite, 


Held 30 Min Pct 
10 2.5 
—130 23.0 
—150 26.5 

— 197 19.0 


the M, and held at these temperatures for 30 min (Figs. 
1 to 4) is given in Table II. These data indicate that 
the total amount of martensite (athermal plus iso- 
thermal) also increases to a maximum at some tem- 
perature below the M,, and then decreases. Such a 
trend indicates that the formation of martensite may 
be suppressed on cooling, a finding that is at variance 
with most published information on the austenite- 
martensite transformation. 

The last few years have witnessed the publication 
of numerous papers relating to the austenite-martensite 
reaction. The disagreements in experimental data are 
becoming so numerous and the theorizing so conjectural 
that our understanding of the phenomenon is becoming 
more confused. Yet a definite understanding of the 
natural laws governing this phenomenon is clearly of 
major importance. It is of sufficient importance to 
justify the various metallurgical societies creating a 
committee to plan and coordinate research on this sub- 
ject under more controlled conditions, both as to the 
materials being studied and laboratory techniques. It 
is possible that under such a committee the metallur- 
gical fraternity can reap benefits commensurate with 
the time, money, and energy being devoted to the 
study of the austenite-martensite reaction and that 
order can be brought out of disorder. 


Eric R. Morgan (Scientific Laboratory, Ford Motor 
Co., Detroit, Mich.) —The general thermodynamics and 
kinetics of the martensitic transformation are well 
established but there are still controversial results and 
theories for the thermal stabilization of austenite. This 
latter phenomenon may be concerned with a second- 
order effect but, nevertheless, it can under certain con- 
ditions give rise to results that are both theoretically 
and commercially important. 

As scientific knowledge and techniques advance, 
metallurgists are increasingly concerned with small- 
scale effects and it is recognized that trace amounts of 
impurities can give rise to important metallurgical 
phenomena. In this category might be placed the 
boron hardenability effect, temper embrittlement, the 
yield point, and thermal stabilization of austenite. In 
all these examples, including the thermal stabilization 
of austenite,” it is possible to explain the phenomena 
on the basis of segregation of small amounts of inter- 
stitial impurities to dislocations. Until the presence of 
impurity elements such as hydrogen, nitrogen, carbon, 
boron, and oxygen is more carefully controlled, it is 
likely that the present discrepancies between the re- 
sults of different workers will continue. 

Even the use of vacuum melting techniques will not 
remove the difficulties, because not all impurities are 
removed by the use of this technique. In fact, impuri- 
ties such as boron are often inadvertently introduced 
under such conditions. Furthermore, austenitizing con- 
ditions which are apparently similar’’® can introduce 
discrepancies. For example, deboronization can occur 
under conditions which are neutral with respect to 
carbon removal” and may occur even under carburiz- 
ing conditions. The object of the above statement is 
not to imply that boron is the sole cause of such erratic 
results but it is likely that impurity amounts of the 
order of 10* pct can be of profound significance. 

With these and similar facts in mind it is under- 
standable that there are apparently anomalous results. 

On the basis of the results of Morgan and Ko” it is 
evident that thermal stabilization of austenite can, 
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under certain conditions, occur rapidly between M, 
and So* in the absence of martensite. The value of 


* The temperature above which stabilization cannot occur. 


So and the rate of thermal stabilization can be ex- 
pected to be markedly dependent on the amount and 
types of substitutional and interstitial elements pres- 
ent in the steel. Thus the fact that thermal stabiliza- 
tion was not observed above M, can also be explained 
on the basis that it occurred too rapidly to be sup- 
pressed by the most rapid cooling rate utilized. There 
is too much supporting evidence from a variety of 
sources” *** to simply ignore this possibility. 

In order to avoid the addition of ambiguous data to 
the subject of thermal stabilization it would certainly 
be profitable for future workers to either eliminate, or 
at least standardize, the amounts of impurity elements 
in the alloys under investigation. 


S. C. Das Gupta and B. S. Lement (authors’ reply )— 
With reference to the occurrence of stabilization above 
M, as reported by Klier and Troiano,”’ this phenomenon 
was not confirmed by experiments on the same alloy 
composition carried out by Bogacheva and Sadovskii,” 
by Zanardi,” as well as by the authors in the present 
investigation. Likewise, although Morgan and Ko” re- 
ported the occurrence of stabilization above M, in 
nickel steels, later Ko and Edmondson" failed to re- 
produce this phenomenon using the identical steels. 
The statement of Harris and Cohen” with regard to the 
occurrence of c, above M, referred to the results of 
Klier and Troiano.” Thus there is no record of the 
occurrence of stabilization above M, in steel that has 
been confirmed by a separate group of investigators. 
Recently Cech and Hollomon” reported the occurrence 
of this phenomenon in an Fe-Ni-Mn alloy containing 
about 0.05 pct C. However, stabilization was manifest 
by a small decrease in the rate of subsequent iso- 
thermal transformation in specimens cooled below a 
certain temperature, rather than by a significant de- 
crease in the M, point as reported by Klier and 
Troiano.”” 

Questions were raised as to why it should take a 
specimen the same time to reach —60° and —150°C 
and a shorter time to reach —197°C. Actually, it was 
found that it took about 15 sec to reach —60°C and 
about 21 sec to reach —150°C. The reported value of 
18 sec represents the average time over the range of 
—60° to —150°C. The shorter time to reach —197°C is 
attributed to the fact that cooling to —60° or —150°C 
was carried out in a mixture of methyl cyclohexane 
and petroleum ether, whereas cooling to —197°C was 
carried out in liquid nitrogen. Liquid nitrogen is con- 
sidered to be a faster cooling medium. The time to 
reach within 1° of —197°C was found to vary more 
than to reach within 1°C of either —60° or —150°C, 
+3 sec as compared to +1 sec. 

Zero time as used by the authors refers to the in- 
stant a 1/32 in. thick specimen reached the subzero 
bath temperature as determined by a thermocouple 
placed at the center of the specimen. Although the 
specimen surface reached the bath temperature ahead 
of the center, the difference in time was considered to 
be quite small. 

The fact that less martensite formed on cooling to, 
and holding at, —197°C for 0 and 30 min as compared 
with a temperature of —150°C should not be inter- 
preted as indicating that suppression of athermal 
martensite formation has occurred. The values of mar- 
tensite for 0 min at these temperatures are believed 
to represent the combination of athermal and _ iso- 
thermal martensite formation just as do the values for 
the 30 min hold. As discussed in the previous paper,’ 
martensite forms anisothermally on cooling below M,. 
Because of the faster rate of cooling in liquid nitrogen 
at —197°C, the isothermal component of the reaction 
is considerably smaller than that for cooling to —150°C. 
However, the athermal component is believed to be 
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slightly larger on cooling to —197°C, as indicated by 
the extrapolated martensite range curve.’ Thus, the 
authors’ interpretation of the phenomena involved is 
not in contradiction with the concept of athermal 
transformation. 

The discusser laments the confused state that exists 
with respect to experimental evidence and theory of 
martensite formation, and proposes that a special com- 
mittee be set up to clarify this situation. In fairness to 
those metallurgists who have contributed to present- 
day knowledge of martensite reactions, it should be 
pointed out that this is a difficult problem and the 
progress made compares favorably with that made on 
other metallurgical problems of equivalent difficulty. 
However, since the authors are deeply interested in 
the martensite problem, they would be happy to see 
such a committee set up. 

Morgan points out the possible role of interstitial 
elements with respect to thermal stabilization of aus- 
tenite. The authors are in agreement with the concept 
that segregation of such elements to dislocations that 
act as strain embryos, is the mechanism involved in 
this phenomenon. However, since a larger amount of 
carbon is usually present in steel than any other inter- 


stitial element, carbon is likely to be the most impor- 
tant element from the standpoint of stabilization. In 
this connection, Bogacheva and Sadovskii” have re- 
ported that stabilization did not occur in a carbon-free 
70 pct Fe-30 pet Ni alloy either above or below M;. 
Since Machlin and Cohen’® did find stabilization to oc- 
cur below M, in a 71 pct Fe-29 pct Ni alloy containing 
0.04 pet C, it appears that the presence of a small 
amount of carbon may be necessary for the occurrence 


of this phenomenon. 


15 EB, R. Morgan and T. Ko: Thermal Stabilization of Austenite in 
Iron-Carbon-Nickel Alloys. Acta Metallurgica (January 1953) oa) 


“4¢'T. Ko and B. Edmondson: Thermal Stabilization of Austenite 
in Nickel Steels. Letter to Editor. Acta Metallurgica (July 1953) 1, 
. 466. 
17 J. C. Shyne and E. R. Morgan: to be published. 

18R. T. Howard, Jr. and M. Cohen: Trans. AIME (1948) 176, p. 
384. 

19G. N. Bogacheva and V. D. Sadovskii: On the Stabilization of 
Austenite with Respect to the Martensite Transformation. Reports 
of the Academy of Science USSR (1952) 83, p. 569 (Brutcher 
translation No. 2905) 

20T. J. Zanardi: The Martensitic Transformation in High Chro- 
mium Steels. Massachusetts Institute of Technology thesis (August 
1952). 

2.R. E. Cech and J. H. Hollomon: Rate of Formation of Iso- 
thermal Martensite in Fe-Ni-Mn Alloy. Trans. AIME (1953) 197, 
p. 685; JournaL or Metats (May 1953). 


Inhomogeneity in Creep Deformation of Coarse Grained High Purity Aluminum 


by H. C. Chang and N. J. Grant 


DISCUSSION, D. N. Frey and Howard Scott, Chairmen 


Ray Guard (General Electric Research Laboratory, 
Schenectady)—The technique used by the authors 
shows in a very elegant manner that the deformation 
during creep occurs inhomogeneously on a micro- 
scopic scale. The evidence shows clearly that if con- 
sidered on a sufficiently small scale the creep process 
is cyclic in nature. However, it is not necessarily true 
that because of this cyclic character of the deforma- 
tion on microscopic scale, the treatment of creep data 
as a single type of behavior, although statistical, is 
impossible. In this connection the following questions 
seem to be in need of clarification: 

1—Is grain boundary deformation clearly a reaction 
to the applied stress or can it be a movement induced 
by microscopic stresses built up by flow within the 
grains? 

2—Are the deformation characteristics of a gage 
length containing a grain boundary dependent on the 
properties of the boundary or on the plastic properties 
of the grains? 

3—Is the term deformation by subgrain formation 
used in this paper inconsistent with the conclusions of 
Gervais, Norton, and Grant’ that subgrain formation 
is primarily a consequence and not a cause of deforma- 
tion? 

4—What fraction of the total deformation takes place 
near the grain boundary region? 

It does not seem on the basis of the evidence pre- 
sented that it is inconsistent to consider the flow within 
the grains as the important process and that subgrains 
form and grain boundaries slide and migrate as a con- 
sequence of microscopically inhomogeneous stresses 
set up by flow within the grains. 


6A. M. Gervais, J. T. Norton, and N. J. Grant: Trans. AIME 
(1953) 197, p. 1166; JournaL or Metats (September 1953). 


H. C. Chang and N. J. Grant (authors’ reply)—We 
quite agree that the cyclic creep behavior of metals on 
a microscopic scale is not necessarily a basis for dis- 
couraging the treatment of creep data as a single type 
of behavior. It is our belief that we should first under- 
stand the behavior of grains and grain boundaries in 
response to temperature and stress. Without this in- 


688—JOURNAL OF METALS, MAY 1954 


formation any creep equation proposed can only be a 
rough approximation and its validity is very much 
limited. To glorify the constants for the creep curve 
equations as “physical constants” is indeed a doubtful 
procedure. 

With regard to Mr. Guard’s specific questions, there 
is no doubt that grain boundary deformation is a re- 
action to the applied stress. More research of a re- 
fined technique is required to settle the question 
whether grain boundary deformation is the primary 
effect of applied stress, or the secondary effect of the 
applied stress through the microscopic stresses built 
up by flow within the grains. The results on high 
purity aluminum are best explained on the basis that 
the grain boundary is the first to respond to stress for 
tests run at 700°F and above. Measurements show that 
the grain boundary slides first before any measurable 
deformation in the grains. 

The deformation characteristics of a macro-gage 
length containing a grain boundary are dependent both 
on the properties of the grain boundary (its orientation 
with respect to the two neighboring grains, that is, 
degree of registry, and to the applied stress) and on the 
properties of the grains (the orientation of each grain 
will determine the plastic properties to a significant 
degree). 

Though it was not intended in this paper to present 
a discussion of the mechanisms of deformation (this 
has been presented elsewhere’) the term deformation 
by subgrain formation was used to indicate the metal- 
lographic appearance of a particular region. This term 
should not, therefore, be interpreted as being incon- 
sistent with Gervais, Norton, and Grant’s concept of 
subgrain formation. 

We do not have enough measurements to answer 
this question quantitatively. As we have mentioned in 
the paper, the grain boundary deformation is a func- 
tion of stress and temperature. Besides these two 
factors, as shown in Fig. 4, the contribution of grain 
boundary deformation to total creep is also a function 


‘of time during the test. 


7H. C. Chang and N. J. Grant: Mechanism of Creep Deformation 
in High Purity Aluminum at High Temperatures. T i 
by the Institute of Metals, London. cs eee 
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Subgrain Formation in High-Purity Aluminum During Creep 


At High Temperatures 


by Andre M. Gervais, John T. Norton, and Nicholas J. Grant 


DISCUSSION, D. N. Frey and Howard Scott, Chairmen 


G. Wyon (Centre de Recherches Métallurgiques de 
VEcole des Mines de Paris, Paris France)—We have 
been deeply interested in the results obtained by the 
authors, and we would like to point out that similar 
experiments led us to the same conclusions. In a re- 
cent paper,” we admitted that two fragmentation proc- 
esses were in operation: 

“...Big kinkings are arising from accidental and 
very strong reactions of the neighboring grains through 
which the crystal is ‘obliged’ in a way to break into a 
few large blocks, starting with the beginning of the 
creep.” 

Cellular boundaries are the consequence of the 
rearrangement into polygonization subboundaries of 
bent areas, through the complicated stresses exerted 
either on the unkinked grains or on the fragments re- 
sulting from the large kinkings. The breaking up is 
thus thinner and appears later....” 


35 G. Wyon: Métaux et Corrosion (1953) 28, No. 332, pp. 143-151; 
No. 333, pp. 203-221; No. 334, pp. 244-261. 


It should be noted that our experiments were per- 
formed at 330°C (630°F), thus a temperature far below 
the dissolution temperature of the impurities in our 
aluminum (470°C for 0.004 pet Fe content). In those 
conditions it was shown that the reagent giving etch 
pits could not reveal the formed subboundaries. Bound- 
aries revealed by etchpits are only available after 
creep at temperatures high enough for a complete dis- 
solution of the impurities (about 500°C for our alumi- 
num). 

We thus conclude that there exists at least two dif- 
ferent micrographic aspects, if perhaps not two kinds 
of fragmentation boundaries, both due to polygoniza- 
tion processes: 

1—The subboundaries appear as a thin continuous 
line similar to a grain boundary; these are the only 


Fig. 18—AI-Si, 0.2 pct Si. After annealing of 1550 hr at 630° 
(attack giving etch pits followed by an attack with a reagent con- 
taining a wetting agent). A is boundaries; B is subboundaries. X75. 
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ones appearing for a creep at temperatures lower than 
that of solid solution for the iron. 

2—The subboundaries are revealed by the etch pits 
reagent; they appear at a lower temperature when the 
purity of aluminum is higher. (In this range of tem- 
perature and as observed by the authors and myself, 
the two types of subboundaries may coexist.) 


Fig. 19—Same area as Fig. 18. After annealing of 1550 hr at 630° 
followed by an annealing of 1 hr at 400° (same attacks). X75. 


Fig. 20—Aluminum of high purity after creep of 10 pct at 330°. 
Subboundaries revealed by a continuous line, attacked by a reagent 
containing a wetting agent. A is boundaries; B is subboundaries. 


X150. 
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The size of the subgrains of the second type may be 
large enough to be as easily seen as those of the first 
type; this size depends overall on the rate of the creep 
between 0 pct and about 6 pct of elongation and prac- 
tically does not vary any more until deformations of 
15 pet. The deformations then do not produce any new 
fragmentation, but a displacement of the boundaries 
with increased disorientation between neighboring 
subblocks. 

As for the aspect of the two types of subboundaries 
in terms of the disorientation of the neighboring 
blocks, it can be said that: 

1—For the subboundaries revealed by etch pits, the 
appearance depends more on the cooling conditions 
after creep (the cooling may produce a precipitation 
in the neighborhood of the subboundaries) than on the 
importance of the disorientation between neighboring 
subgrains, as it appears in Figs. 18 and 19 for an Al-Si 
alloy with low content, respectively annealed and aged. 

2—-For the subboundaries revealed by a continuous 
line, the appearance depends slightly on the disorienta- 


tion of the neighboring subgrains. The subboundaries 
are clearer and more visible when the disorientation 
between subgrains increases and when the local bend- 
ing areas in their neighborhood are narrower, 1Le€., that 
the dislocations are better aligned along clear walls. 
But their appearance remains practically unchanged 
when the value of the disorientation between neigh- 
boring subgrains becomes fairly strong (more than 
about 30 min), Fig. 20. 

A. M. Gervais, J. T. Norton, and N. J. Grant (au- 
thors’ reply) We are pleased to have Dr. Wyon’s dis- 
cussion. We have followed his fine work and are 
pleased to know that our observations and general con- 
clusions are quite similar. Since most of our work has 
been on higher purity aluminum and at higher tem- 
peratures than 330°C, we have had little opportunity 
to see the very straight boundaries outlined by etch 
pits. Is it possible that at 330°C in the less pure metal 
there are many subgrains which are too small to be 
revealed by the etch pit technique and that only the 
large straight subboundaries are revealed? 


Creep Behavior of Extruded Electrolytic Magnesium 


by C. S. Roberts 


DISCUSSION, D. N. Frey and Howard Scott, Chairmen 


R. W. Guard and R. P. Carreker, Jr. (General Elec- 
tric Research Laboratory, Schenectady)—The author 
has contributed to an increasing store of observations 
relating the creep behavior of metals to microscopic 
changes in surface appearance. He has expressed his 
observations using terminology current in the field— 
subgrain formation, grain boundary sliding, grain 
boundary migration, creep strain, transient creep, 
secondary creep rate. These are descriptive words, 
bringing to mind definite concepts and physical pro- 
cesses which, unfortunately, mean different things to 
different people. For clarification, we raise the follow- 
ing questions: 

1—What is creep strain? Does it include the total 
extension of the specimen or does it exclude some 
initial strain? Is it possible that such initial strain is 
responsible for the slip lines observed? 

2—How were the two separable elements of creep 
strain, transient creep and steady-state creep, unam- 
biguously separated? The question is promoted by the 
typical examples of the two types of creep behavior 
given in Figs. 2 and 3. If these data are plotted as log 
creep strain-log time, Fig. 15, they form a remarkably 
good family of straight lines of the form e=st". We can 
detect no difference in kind between the two examples 
of transient creep and the two examples of steady-state 
creep. It would have been desirable to publish all the 
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Fig. 15—Magnesium, data of C. S. Roberts, 1953. 
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strain-time curves to permit independent analysis of 
the fundamental data obtained in the investigation. 
We realize, however, that the prevailing publication 
policy of the Institute would discourage including such 
data. 

3—How does the process of accelerated grain growth 
result in deformation? Does it constitute a deforma- 
tion mechanism or is it an accessory after, or perhaps 
before, the fact? 

4—The same question may be asked of the subgrain 
formation process. Is it a deformation mechanism 
producing extension of the specimen, or is it a re- 
arrangement of previously deformed material? In this 
regard, the following quotation from Gervais, Norton, 
and Grant is pertinent: “Since polygonization is indi- 
cated to be chiefly responsible for subgrain formation, 
subgrains must form as a consequence of deformation 
and are not a main cause of deformation.”*™ 

5—Does the absence of slip lines on the surface of 
the specimen indicate that slip has not occurred? Can 
it be that the slip line offsets have been smoothed by 
surface diffusion? 


O. D. Sherby and R. E. Frenkel (Institute of Engi- 
neering Research, University of California, Berkeley, 
Calif.) —We wish to congratulate Dr. Roberts on his in- 
teresting contribution to the literature on creep. Al- 
though Dr. Roberts’ conclusions appear in part to be 
substantiated by his experimental results, alternative 
interpretations appear to be worthy of consideration. 

1—Dr. Roberts suggests that primary and secondary 
stages of creep arise from two independent phenomena. 
This is in agreement with Andrade’s original ideas on 
transient and quasi-viscous (steady-state) creep. 
McLean’s investigations on aluminum,” ” however, 
clearly reveal that the main processes of deformation, 
i.e., migration of dislocations and grain boundary 
shearing, occur during primary creep as well as during 
secondary creep. Therefore the transient and steady- 
state components of creep cannot be ascribed to mi- 
gration of dislocations and grain boundary shearing, 
respectively. 

2—Dr. Roberts indicates that steady-state creep be- 
comes predominant at high temperatures whereas 
transient creep is predominant at low temperatures. 
Other evidence,** however, strongly suggests that 
stress and not temperature is the important factor in 
determining the shape of the creep curve. In recent 
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Fig. 16—Correlation of creep strain-time data for high purity mag- 

nesium by the relation « —f(0) at a stress of 2500 psi. 


investigations™™ it has been shown that the creep 
strain, «, at high temperatures, can be correlated by 
means of the functional equation 


[1] 


where o is the creep stress and 6 = te*”/*"; t, time 
under stress; AH, activation energy for creep; R, gas 
constant; and T, absolute temperature. Thus at a given 
stress o, the creep strain-time curves at various tem- 
peratures can be correlated by means of the parameter 
6. An example of this correlation for the creep of high 
purity magnesium under a constant load of 2500 psi 
is reproduced in Fig. 16. It will be observed that the 
401° and 496°F tests superimpose well for all three 
stages of creep yielding an activation energy of 34,000 
cal per mol. These data suggest that the temperature 
does not determine the shape of the creep curve and 
that the separation of a creep curve into two distinct 
components, each of which have markedly different 
temperature dependence, is untenable. 
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Fig. 17—Correlation of stress-secondary creep 
rate data for pure magnesium by the relation 
o — #(ée*”/""). Data from Roberts’ Figs. 4 and 5. 
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Fig. 18—Correlation of stress-secondary creep rate 
data for pure magnesium by the relation o = 
f(ée*”/""). Data from Roberts’ Figs. 4 and 5. 


3—We question the validity of drawing breaks in 
the isothermal curves of the stress-secondary creep 
rate plots in Roberts’ Figs. 4 and 5. With the possible 
exception of the 600°F data, curvilinear. lines would 
appear equally justified. Furthermore, on the basis of 
Eq. 1, the stress-secondary creep rate data can be cor- 


related by means of a single parameter ¢e*”/"", since 
as previously proven*™ 
[2] 


where o is the stress and é is the secondary creep rate. 
This method of correlation was applied to the data re- 
ported in Roberts’ Figs. 4 and 5. As shown in our Figs. 
17 and 18, these data correlate very well assuming an 
activation energy of 31,000 cal per mol in good agree- 
ment with the 34,000 cal per mol value obtained in our 
Fig. 16. It will be observed that Roberts’ datum point 
at 1000 psi, 300°F veers to the right of the main curve; 
this is possibly due to the fact that at this low stress 
the secondary stage was not yet reached for the dura- 
tion of testing and consequently the rate was faster 
than the actual secondary creep rate. 

4—-Dr. Roberts’ analyses on transient creep suggest 
an activation energy of 15,500 cal per mol. This was 
deduced by observing a straight line relationship be- 
tween p’ (from the empirical relation « = pt”) and the 
reciprocal of the absolute temperature at a given stress. 
But 8 is simply the value of the creep strain at 1 hr; 
consequently, the strained states that are being com- 
pared by this procedure are different for each tem- 
perature, and therefore the activation energies so ob- 
tained are fictitious. The results shown in our Fig. 16 
reveal that the activation energy for transient creep is 
no different from the activation energy for secondary 
creep, which furthermore should equal the activation 
energy for self-diffusion.” 

The AH values during transient creep can also be 
obtained from Roberts’ data. Interpolation of the data 
in Table I and Fig. 7 yields 8B = 0.084 at 2500 psi and 
500°F, which also represents the strain at 1 hr under 
these test conditions. In Roberts’ Fig. 2 extrapolation 
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of the 400°F, 2500 psi data to e = 0.084 indicates that 
the time to reach this strain equals about 30 hr. There- 
fore, from Eq. 1 


30 
Rint,/t 4.6 logio 
H= a te = = 31,000 cal per mol. 
1 1 i| 1 
471 533 


The same answer was also obtained in comparing the 
400° and 500°F data at 1000 psi. These results yield 
further evidence that the activation energy for the so- 
called transient creep is essentially equal to that for 
steady-state creep. 

5—Dr. Roberts suggests that the transient stage of 
creep arises solely from intragranular processes of 
basal slip and subgrain formation, whereas steady- 
state creep results from a cyclic process of sliding and 
migration of grain boundaries. McLean’s results” on 
the creep of aluminum during secondary creep, how- 
ever, indicate that the contribution of grain boundary 
shearing was never greater than a few percent of the 
total strain, the main contribution to creep being crys- 
tallographic slip. He also showed that the strain due 
to grain boundary shearing exhibited primary and sec- 
ondary creep characteristics similar to those exhibited 
by the total creep strain. Furthermore, Chaudhuri, 
Grant, and Norton™ obtained extensive basal slip and 
subgrain formation at about 600 psi and 500°F for high 
purity magnesium throughout the whole creep curve. 

6—It is surprising that the size of subgrains formed 
during creep of magnesium remains constant inde- 
pendent of all test conditions investigated. Recent in- 
vestigations on aluminum by Servi, Norton, and Grant® 
as well as by Sherby and Dorn® indicate that for a 
constant amount of deformation the size of subgrains 
depends solely on the stress level independent of tem- 
perature. At high stresses the subgrains were very fine 
and at low stresses very coarse. 


C. S. Roberts (author’s reply)—I am grateful to the 
discussers for their active interest and considerable 
effort concerning alternative interpretations of the data. 
It was considered advisable to publish two illustrations 
which would show only the representative curve forms 
because of the large publication space which would 
have been required for all of the original creep-time 
data. However, I would be pleased to submit copies 
of my data to anyone who wishes to make an inde- 
pendent interpretation. It is unfortunate that the dis- 
cussers somewhat inaccurately obtained and utilized 
data appearing in the tiny published graphs. 

Several investigators currently believe that the ki- 
netics of the creep phenomenon should be interpreted 
in more or less close connection with a mechanical 
equation of state, although different qualifications are 
used at different times. With this phenomenological 
viewpoint, the creep-time curve becomes a homo- 
geneous thing and its kinetics must be expressed either 
implicitly or explicitly as a single function. Now an 
examination of the shape of many constant stress creep 
curves shows that such a function must be quite com- 
plex. Mr. Carreker with several of his associates**~° 
and most recently Hazlett and Parker’ have chosen 
to define the function explicitly by adjudging the sec- 
ondary and tertiary stages as unreal. Sherby, Frenkel, 
and Dorn have elected to accept the reality and com- 
plexity of the generally observed curves and to define 
the creep-time function only implicitly. The adoption 
of the approach used by these groups necessarily leads to 
a great de-emphasis of the creep studies of Andrade, ” 
Orowan,” Cottrell,“ and many others who have found 
it necessary to recognize the creep phenomenon as 
essentially heterogeneous. After examination of all my 
data, I could find no reason not to accept the classical 
kinetics as modified over the past 40 years. As a result 
of discoveries of significant variations in n of transient 
creep from the value of 1/3, a test of the creep com- 
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ponent approach with only Andrade’s original terms 

is not always sufficient now. I believe that the phe-— 
nomenological approach is certainly valuable from a 

practical correlative standpoint as the work of Pro- 

fessor Dorn and his colleagues has shown. It appears 

that one must be careful not to extrapolate too far | 
from the stress and temperature region in which the 

approximate functional fit has been established. ; 

With reference to Carreker and Guard’s first point, 
creep strain is all that strain which can be measured 
as a function of time after the application of the load. 
It excludes the essentially non-time dependent elastic 
strain. The so-called instantaneous element which is 
often included must be primarily elastic strain in this 
material because many comparisons of creep strain 
measured at the end of the test with divider-measured 
plastic strain after unloading showed no significant 
differences. 

I have replotted the precise original data of Figs. 2 
and 3 on log-log coordinates, Fig. 19. Some points 
which were not crowded into the representative linear 
coordinate plots have been added. I can only state that, 
in my opinion, the curvatures of the two lower lines 
are clear within the precision of the data. If one wishes 
to prove, as do Carreker and Guard, that all of a group 
of data fit the single function « = pt", then the log-log 
plot of creep-time data is a very good testing ground. 
It has the characteristic that graphic curvature is almost 
always reduced. All power functions result in straight 
lines and a family of lines which are apparently straight 
furnish a very enticing argument. Cottrell has made 
some other pertinent remarks about the deception 
which may result from the log-log plot when used 
alone. If one wishes to establish clearly whether one 
power function will fit the data adequately over the 
entire experimental range, it is almost imperative to 
use the linear plot first. 

I made a special effort in the paper to explain the 
grain boundary deformation process as involving alter- 
nate elements of boundary sliding (generating strain) 
and boundary migration. The migration is in the direc- 
tion of normal grain growth (interfacial energy driven) 
and does not generate strain. The migration does con- 
dition the next cycle of sliding however, probably be- 
cause it lowers the local elastic strain energy. In the 
test the cyclic process was referred to as one of accel- 
erated grain growth (boundary migration) accom- 
panied by the generation of strain (boundary sliding). 

The subgrain formation observed metallographically 
in this research shows the characteristics of kinking. 
In general, the delineation of subboundaries formed 
by polygonization require special etch pit and X-ray 
diffraction techniques. Gervais, Norton, and Grant* 
have helped greatly to clarify the phenomenon of sub- 
grain formation. Since kinking is known to be a 
primary deformation mechanism, it is reasonable to 
conclude that the subgrain formation observed here 
is also, although the geometry of the kinks is much 
more complex than in the single crystal case. 

Of course, the absence of optically observable slip 
lines on the specimen surface does not indicate that 
slip does not occur. The question of smoothing of slip 
line offsets by surface diffusion probably would be 
answered best by direct experimentation. I believed 
it more scientific to base my conclusions primarily on 
what I did observe rather than on negative evidence. 
The grain boundary deformation process becomes very 
pronounced at sufficiently high temperature and/or 
low stresses. Some rough preliminary measurements 
of surface contours have shown that it contributes a 
large portion of the strain under those conditions. I 
hope to refine these measurements in the future. 

I thank Sherby and Frenkel for their remarks and 
am happy to comment on their interpretation of my 
data. Turning to their first and fourth items, the con- 
fusion results primarily from the discussers’ misinter- 
pretation of the text of the paper. Care was taken to 
state consistently that the mechanistic correlations were 
with the transient and steady-state components and not 


TRANSACTIONS AIME 


with the primary and secondary stages. The important 
difference was defined with special emphasis. Since 
the components are both continuous from zero time, 
they superimpose in both the primary and secondary 
stages. In the intermediate range of stress and tem- 
perature where the components are of comparable 
magnitude, they will be significant in both stages. The 
shape of McLean’s creep curves indicate that this is 
the experimental range in which he worked, 670 to 
1500 psi at 200°C (392°F), with aluminum. I realized 
that it was necessary to go to the extremes of a rather 
wide range of stress and temperature to prove the cor- 
relation with the creep components. McLean’s results 
do not seem to be in essential contradiction with my 
conclusions. 

Concerning the discussers’ second point, the correla- 
tions of the components with stress and temperature 
were stated in conclusions 3 and 4. Both variables are 
important. Which is more important depends on the 
quantitative definition of importance. 

The final point is appreciated. If I had understood 
clearly the distinction between subgrains formed by 
kinking and by polygonization and had identified my 
observations as the former at the time when I wrote 
the paper, this confusion would never have arisen. 

Although Sherby and Frenkel did not comment on 
it, I was interested to see that their Fig. 16 shows the 
entrance of tertiary creep at strains between 0.15 and 
0.20. This helps to explain my failure to observe it 
at less than the strain of 0.10 to which I was limited 
experimentally. 

Most of the remainder of the discussion by Sherby 
and Frenkel involves the application of a form of the 
mechanical equation of state to my data. These efforts 
bear comment of both a general and specific nature. A 
general criticism of the approach as a fundamental re- 
search tool is that it carries a kinetic analysis all the 
way to citing activation energies for creep on a rather 
shaky foundation. The time law of a phenomenon 
should be the basis of any rate analysis. Sherby and 
Frenkel have chosen to lump the undefined time de- 
pendence with the temperature dependence in their 
Eq. 1. 

Concerning their Eq. 2, although I believe with the 
discussers that the secondary rate extends over a finite 
strain range and is real, I cannot attach fundamental 
significance to it except when steady-state creep is 
predominant. The basic principles of kinetic analyses 
warn us against building on such time and rate vari- 
ables and then proceeding to the very limit in the 
interpretation of the activation energies obtained. The 
final conclusions may be correct, but primarily as a 
result of fortuity or intuition rather than from proof 
within the discipline of chemical kinetics. 

When one is deciding that such a correlation has 
scientific significance over a wide range of the variables 
concerned, care must be taken in assessing graphical 
plots such as Sherby and Frenkel’s Figs. 17 and 18. It 
appears that the individual isothermal groups follow 
their individual courses through the scatter bands of 
these figures. I feel that the test plot in Fig. 16 does 
not cover a wide enough temperature range (95°F) to 
be very significant to the argument. 

I now believe that the inclusion of Fig. 5 in the paper 
led to much unnecessary confusion which I had hoped 
to avoid by explanation in the text. Apparently it was 
not made sufficiently clear that the secondary creep 
rates on the low-temperature and high-stress side of 
the transitions were found to be somewhat illusory 
because the transient component was predominant at 
the time when the tests had to be stopped. Those on 
the low-stress high-temperature side of the transitions 
were real secondary rates resulting primarily from a 
steady-state component. The fact that the discussers 
were able to obtain a correlation over the entire range 
despite the transitions adds to my doubt concerning 
the scientific value of the correlation. 

Concerning activation energies, Sherby and Frenkel 
brand the figure of 15,500 cal per gram-atom as fictitious 
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Fig. 19—Plot on log-log coordinates of the curves in Figs. 2 and 3. 


on the basis that 6 is simply the value of creep strain 
at 1 hr. On the contrary, 8 is the modifying constant 
of the rate equation which fits the transient creep com- 
ponent over a wide range of time. The fact that B is 
incidentally equal to the strain at 1 hr is significant 
only as a convenience in the mechanics of analysis. 
The value of 15,500 cal per gram-atom is not directly 
comparable with the activation energies obtained by 
the discussers. Their analyses were of the temperature 
dependence of implicit constants from Eqs. 1 and 2 
which must have the synthetic time dependence of 
time”, since the true time dependence of the process 
has not been defined. The activation energies so ob- 
tained are inseparably related to this time dependence. 
I have defined the time dependence of transient creep, 
and as a result the constant 8 must have the units of 
time’. An activation energy derived from the tem- 
perature dependence of £ is related to this time de- 
pendence. If Sherby and Frenkel wish fairly to com- 
pare my figure with theirs it must be divided by n: 


15,500 
H = 5 = 29,000 cal per gram-atom. 


The interpolation and extrapolation used in their 
fourth item led to considerable inaccuracy in the cal- 
culation of an activation energy. When this is done 
correctly with the original data, ti = 46 hr and Bp = 
0.089 at 2500 psi and 500°F. The resultant AH is 34,000 
cal per gram-atom. The discrepancy between this value 
and the one above can be understood from the devia- 
tion of the 400° and 500°F points from the average 
line in Fig. 7 and also somewhat from the use of 2500 
psi rather than 3000 psi intercepts as in the paper. 
Because of the averaging over a wider temperature 
range, I would regard 29,000 cal per gram-atom as the 
most reliable activation energy for transient creep to 
be used with the necessary qualifications. 
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Further Progress in the Development of Mg-Zr Alloys to Give 


Good Creep and Fatigue Properties Between 500° and 650°F 


by C. J. P. Ball, A. C. Jessup, P. A. Fisher, D. J. Whitehead, and J. B. Wilson 


DISCUSSION, D. N. Frey and Howard Scott, Chairmen 


K. E. Nelson (Dow Chemical Co., Midland, Mich.)— 
The authors are to be congratulated on an excellent 
paper dealing with a new and very interesting system 
of magnesium alloys. We are also investigating the 
Mg-Th-Zr system of alloys for use at elevated tem- 
peratures. In fact, a paper reporting the results of 
tensile and creep tests on Mg-Th-Zn-Zr alloys has been 
published.” 

It is pointed out by the authors that the ternary 
alloy, Mg-3 pct Th-0.7 pet Zr, in the solution treated 
plus aged condition develops tertiary creep after ex- 
tended testing time at 600° and 662°F. The authors 
have stated that the addition of 2.5 pct Zn to the ter- 
nary composition effects a definite improvement in its 
creep resistance at these temperatures and also, that the 
quaternary alloy requires only a “simple, low-tempera- 
ture heat treatment.” It is agreed that the ternary alloy 
(proposed ASTM designation HK31XA-T6) is inferior 
to the quaternary composition (proposed ASTM desig- 
nation HZ32XA-T5 and called ZT1 by the authors) for 
longer testing times at 600° and 662°F. As reported in 
an earlier publication,” there are testing times and 


16K, E. Nelson: Properties of Sand-Cast Mg-Th-Zn-Zr Alloys. 
Trans. AIME (1953) 197, p. 1493; JourNnaL oF Metats (November 


7K, E. Nelson: Magnesium Sand Casting Alloys Containing 
Thorium. Trans. Amer. Foundrymen’s Soc. (1953) 61. 


temperatures at which both of these alloys are useful. 
As a matter of record five graphs from this publication 
are reproduced in this discussion as Figs. 7 to 11. These 
figures show the effect of testing time on the alloys 
HK381XA-T6 and HZ32XA-T5 tested at 400°, 500°, 550°, 
600°, and 662°F. The curves show the stress necessary to 
give 0.2 and 0.5 pct total extension after various test- 
ing times up to 1000 hr. It is evident from these graphs 
that at 500°F or lower for long testing times the 
HK31XA-T6 alloy possesses excellent creep resistance. 
For short times at higher testing temperatures this 
composition is superior to the HZ32XA-T5 alloy. When 
applications require exposure at temperatures above 
500°F for any extended time, HZ32XA-T5 alloy exhibits 
maximum resistance to creep. A replot of the authors’ 
data on ZT1 tested for 1000 hr at 600° and 662°F using 
the log-stress vs log-extension method of plotting shows 
very good agreement with our results for HZ32XA-T5 
tested at the same temperatures. As has been stated in 
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Fig. 7—Stress for 0.5 and 0.2 pct total extension at 400°F. Sep- 
arately cast test bars. 


694—JOURNAL OF METALS, MAY 1954 


other publications, in order for a design engineer to 
choose an alloy for use at elevated temperatures, he 
must know the time and temperature at which the 
part will operate, he must know the allowable stresses 
involved, and he should know how much deformation 
the part can stand before trouble will be encountered. 
Knowing these factors as well as some of those men- 
tioned by the authors as a requirement for high tem- 
perature materials, he can intelligently design a part. 

It is the feeling at Dow that the most satisfactory 
method of presenting creep data for use by the design 
engineer is as presented in Figs. 7 to 11. When creep 
characteristics on several alloy compositions are pre- 
sented at several testing temperatures in this manner, 
it is easily shown where one composition is superior 
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Fig. 8—Stress for 0.5 and 0.2 pct total extension at 500°F. Sep- 
arately cast test bars. 
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Fig. 9—Stress for 0.5 and 0.2 pct total extension at 500°F. Sep- 
arately cast test bars. 
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Fig. 10—Stress for 0.5 and 0.2 pct total extension at 600°F. Sep- 
arately cast test bars. 


1000 P. S.I. 
0.5% EXT.—HK3IA-T6 
10 
x 
¢ 6 
0.5% EXT.—HZ32A-T5 


~ 


SE % EXT.-HZ32A-T5 
3 


0.2% EXT.-HK3IA-T6 
No 
0.8 
0.6 
0.4 
I 10 100 1000 
MINUTES HOURS 


TESTING TIME 


Fig. 11—Stress for 0.5 and 0.2 pct total extension at 662°F. Sep- 
arately cast test bars. 


to the other and how great the differences are. Figs. 12 
to 14 compare the 0.5 pet total extension creep limits 
for the Mg-Al-Zn system of alloys, the Mg-RE-Zr sys- 
tem, HK31XA-T6 alloy, and HZ32XA-T5 alloy at 250°, 
400°, and 600°F. When the design characteristics of 
these alloys are considered along with the cost factors, 
it can readily be seen that all of these alloys have uses 
in specific applications. 

The authors suggest that a time to rupture test might 
be used as an acceptance test. Because of the wide 
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Fig. 13—Stress for 0.5 pct total extension at 400°F. Separately 
cast test bars. 


scatter obtained on this type of testing and because, 
as the authors indicate, such large extensions are 
encountered, we do not feel that the test results are of 
much significance. 

The authors suggest that the alloy HK31XA-T6 
“suffers from the serious drawback that a high tem- 
perature solution heat treatment is essential for the 
development of optimum creep resistance.” It is also 
suggested that protective atmospheres and careful jig- 
ging are a deterrent from using this composition. Ad- 
mittedly it is necessary, in order to develop optimum 
tensile and creep properties in HK31XA alloy, to solu- 
tion heat treat and artificially age the alloy. However, 
this type of treatment is well known and standard with 
the commercial Mg-Al-Zn type of alloy and also with 
some of the Mg-RE-Zr type of alloys. We do not find 
the solution treatment a deterrent in those systems. 
As to protective atmospheres in the heat treat furnaces, 
we find the same concentration used on the Mg-RE-Zr 
alloys is enough to protect the HK31XA alloy. We find 
no more difficulty in jigging HK31XA castings for heat 
treatment than we have in Mg-Al-Zn or Mg-RE-Zr 
alloys. 

We confirm the authors’ findings on the tendency of 
the Mg-Th-Zr alloys to form casting skins during pour- 
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Fig. 14—Stress for 0.5 pct total extension at 600°F. Separately 
cast test bars. 


ing of the mold. We also agree that the alloys are very 
good as regards the formation of microporosity and 
cracks in the castings. However, we have observed 
that in certain conditions: of casting design the alloys 
exhibit a tendency to form a lined-up type of segrega- 
tion which is not normally found in similar locations 
in other magnesium alloys. This condition has been 
eliminated by modifying the feeding characteristics of 
the particular casting. 

The micrographs shown by the authors are excellent. 
We have observed the same structures in our exam- 
inations of samples of the Mg-Th-Zn-Zr system of alloys. 
Would the authors care to disclose the etchants used 
to bring out these structures? 

The authors state that the preferred composition in 
the Mg-Th-Zn-Zr system consists of Mg-3 pct Th-2.5 pct 
Zn-0.7 pet Zr, yet they suggest a range in the zinc con- 
tent of 1.75 to 2.5 pct for specification purposes. The 
usual practice would be to establish the mean value, 
or 2.1 pct, as the nominal zinc value. Would the authors 
object to this nominal value? 

I would like to take this opportunity to again con- 
gratulate the authors on their contribution to the field 
of new magnesium alloys to be used at elevated tem- 
peratures. I want to thank them for publishing their 
work for others to use. I wish to point out that the 
comments I have made during this discussion are meant 
only to present our feelings on the subjects involved, 
and in no way are they meant to take away in any 
manner from the excellent work of the authors. 


P. A. Fisher (authors’ reply)—We are grateful to 
Mr. Nelson for his comments on our paper and par- 
ticularly for the interesting comparison which he gives 
of creep test data at various temperatures on the Mg- 
3 pet Th (HK31XA-T6) and ZT1 (HZ32XA-T5) alloys. 
We agree with Mr. Nelson that curves showing the 
stress required to produce a fixed strain in various 
times are a very convenient way of representing creep 
test results. We feel it desirable to point out, however, 
that when time is plotted on a log scale, the curves 
appear to give undue emphasis to the early stages of 
creep and perhaps insufficient emphasis to the later 
stages, particularly the stage between 500 and 1000 hr. 
This effect of the log scale should be carefully borne 
in mind by anyone using curves of this type. 

As pointed out by Mr. Nelson, the zinc-free alloy 
(HX31XA-T6) is superior in creep resistance to ZT1 
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at 400°F. It is our experience, however, that the well 
tried ZRE1 (EZ33-T5) alloy fulfills all design require- 
ments for creep resistance in castings for use at such 
temperatures. We believe that the much greater cost 
of alloys containing thorium and the difficulty of de- 
signing cast components to take full advantage of the 
increased creep resistance, will in practice preclude 
any extensive use of the thorium alloys at such low 
temperatures. 

Ag 500°F, a temperature at which ZRE1 (EZ33-T5) 
alloy still possesses considerable creep resistance and 
is in fact being very successfully used in service, similar 
considerations apply. Mr. Nelson’s curves for stress to 
produce 0.2 and 0.5 pct strain at this temperature show 
that HK31XA-T6 is only superior to ZT1 for periods 
of less than 250 hr and less than 1000 hr respectively. 
From 250 to 1000 hr the stresses required to produce 
0.2 pet extension in ZT1 are considerably higher than 
for HK31XA-T6. Although Mr. Nelson’s tests do not 
exceed 1000 hr in duration, it is evident that when the 
permissible strain is 0.5 pet ZT1 will be superior for 
periods exceeding 1000 hr. 

Above 500°F the HK31XA-T6 alloy becomes increas- 
ingly short-lived compared with ZT1. Table XI, com- 
piled from Mr. Nelson’s curves, gives the time in hours 
at which ZT1 becomes superior to the zinc-free alloy 
for extensions of 0.2 and 0.5 pct and for various tem- 
peratures. 

It appears to us that when choosing an alloy solely 
on the criterion of creep resistance for components 
operating at and above 500°F for appreciable periods, 
e.g., for aircraft engine castings, ZT1 would be the 
logical choice. Alloy HK31XA might however be pre- 
ferred for very short duration expendable items of 
equipment, e.g., rocket mechanisms. 

With regard to the use of high temperature solution 
heat treatments, such treatments have of course been 
applied to magnesium for many years. We feel how- 
ever that there is a distinct advantage in using an alloy 
which does not require these complex and difficult heat 
treatments, both from the point of view of easing the 
foundryman’s difficulties and also to remove a potential 
heat treatment bottleneck in the event of emergency 
large scale expansion of requirements. 

Mr. Nelson’s reference to a tendency in Mg-Th-Zr 
alloys to form a “lined-up” type of segregation is also 
of interest. This phenomenon has been observed pre- 
viously in the Mg-Zr-RE metal alloys and, we think, 
may occur through a number of causes which are in 
general common to most casting alloys, but the effects 
of which in this class of alloy are more readily ob- 
served radiographically owing to the large difference 
in density between the various metallographic con- 
stituents of the alloy. One type of this segregation is 
almost certainly due to the presence of an incipient 
hot tear which becomes filled with the rare earth-rich 
eutectic during solidification. Mg-Th alloys containing 
about 3 pct Th appear rather more prone to this effect 
than the alloys containing rare earth metals, but elim- 
ination of the defect by control of casting technique 
does not appear to be very difficult. 

With regard to metallographic preparation, the sam- 
ples illustrated were hand polished and lightly etched 
in 3 pet nital. They were then washed in boiling 
alcohol or cold acetone. 

With regard to zine content, the nominal figure for 
1s) 2:2 pet, 


Table XI. Time in Hours at Which the ZT1 Alloy Becomes Superior 
to the Zinc-Free Alloy Under Various Conditions 


Temperature, °F 0.2 Pet Strain 0.5 Pct Strain 


500 250 1000 
550 30 70 
600 2 20 
650 0.3 1 
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Finally, we would again thank Mr. Nelson for his 
comments on our paper and express our pleasure that 


our results have been confirmed so closely by his work 
on these alloys. 


The Properties of Sand 
by K. 


DISCUSSION, D. N. Frey and Howard Scott, Chairmen 


P. A. Fisher (Magnesium Elektron Ltd., Clifton 
Junction near Manchester, England)—The author is to 
be congratulated on a well planned, comprehensive, 
and lucidly illustrated survey of the short term creep 
and tensile properties of the Mg-Th-Zn-Zr alloys. 

Allowing for differences due to the use of different 
test bars, the tensile properties quoted are in good 
agreement with values we have obtained. We note 
that no correlation was observed between strength 
properties and grain size. In the course of our inves- 
tigations and development work on ZT1 (HZ32XA-T5) 
and closely related alloys, we have made many hun- 
dreds of melts and are inclined to agree that tensile 
strength is less affected by grain size than in the case 
of certain other zirconium-containing magnesium al- 
loys. This however does not apply in our experience 
to low thorium-high zine alloys where fine grain is 
essential for the development of maximum tensile prop- 
erties. 

The relatively high creep resistance of low thorium- 
low zinc alloys is a matter of considerable interest, and 
we have investigated the possibilities of utilizing zir- 
conium-containing alloys with approximately 2 pct Th 
and 1% pct Zn. As the author’s diagrams show so well, 
however, very close control of thorium and zinc would 
be necessary. The room temperature tensile properties 
of such an alloy are also somewhat inferior to those of 
ZT1 alloy. 

We would be interested to hear Mr. Nelson’s views 
on the relationship between high creep strength and 
microstructure in these alloys. Is it thought that the 
keying action of the jagged acicular compound is re- 
sponsible for high creep strength, or does this com- 
pound merely indicate the presence of a more favor- 
able solid solution, the creep strength depending on 


Cast Mg-Th-Zn-Zr Alloys 


E. Nelson 


the precipitation of submicroscopic particles as sug- 
gested by Mellor and Ridley? 


K. E. Nelson (author’s reply)—I wish to thank Mr. 
Fisher for his comments on this paper and find it very 
gratifying that, in general, our results agree. 

In reference to Mr. Fisher’s comment on the effect 
of grain size on tensile properties, the paper states: 
“Within the grain size range exhibited in these alloys 
(0.001 to 0.0035 in.), there appears to be no correlation 
between grain size and the strength properties or duc- 
tilities listed in Table II.’ The ranges of grain sizes are 
reported in Table I. Of the two to four samples exam- 
ined for each batch of metal, we did not observe such 
a range—they were, in fact, quite uniform from sample 
to sample. Perhaps a better statement than that given 
in the paper would be: Within the grain size range 
exhibited in these various alloys (0.001 to 0.0035 in. as 
indicated in Table I) composition seems to have a 
greater influence on the room temperature tensile prop- 
erties than does grain size. Admittedly these state- 
ments are made on the basis of trends. The variables 
indicated were not individually controlled. Another 
factor to be considered is that the heat treatment given 
these alloys was a stabilization treatment and was not 
meant to develop optimum tensile properties. If such 
a treatment had been given, possibly the grain size 
effect would be more apparent. 

In the last paragraph of Mr. Fisher’s discussion he 
poses a very good question. We know that in the Mg- 
Th-Zn-Zr system the jagged, acicular compound is 
present in alloys with the better resistance to creep. 
We have no evidence to indicate the presence of a more 
favorable solid solution with improved creep strength 
depending on precipitation of submicroscopic particles. 
We are currently checking the binary Mg-Th system 
of alloys to determine if this is true. 


Deformation Mechanisms in Alpha Titanium 


by E. A. Anderson, D. C. Jillson, and S. R. Dunbar 


DISCUSSION, Frederick Bens and J. P. Nielsen, 
Chairmen 


T. S. Liu and M. A. Steinberg (Horizons Incorpo- 
rated, Cleveland)—The authors have performed a val- 
uable piece of research on the deformation mechanisms 
of a titanium. We are particularly interested in the 
results obtained on the twinning behavior. We would 


like to comment on the {1123} and {1124} twinning 
planes which we found but were not found by the 
authors. It should be pointed out that the titanium 
single crystals produced in our laboratory by fused- 
salt electrolysis are flakes about 0.005 in. thick and 
with the (0001) plane parallel to the flat surface. 

Fig. 13 shows a typical Laue back-reflection photo- 
gram of these flakes, and Fig. 14 shows the actual ap- 
pearance. The oxygen content of the titanium crystals 
was approximately equal to 0.02 to 0.04 pct maximum. 
It is quite conceivable that the twinning mechanism can 
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be considerably influenced by both orientation and im- 
purity. With tension or compression along the hex- 
agonal axis of the titanium crystal, the resolved shear 
stress increases as the angle between the twinning 
plane and basal plane is decreased. It is to be noticed 
that in the present investigation, the closest angle be- 
tween specimen axis and crystal axis, that of grain 19, 
is about 15°. Such is also the case of the specimens 
used in the work reported by Rosi and his coworkers."* 
Under these conditions, twinning on low order pyra- 
midal planes such as {1012}, {1121}, and {1122} is more 
favorable than on higher order pyramidal planes, such 
as {1123} and {1124}. The recent findings of Rosi and 
Perkins** highly suggest this orientation dependence 
of the twinning mechanism in a titanium, as they have 
observed five twin types in coarse grained specimens 
deformed in tension at —196°C. In order of frequency, 


these are {1124}, {1122}, {1121}, {1123}, and {1012}, and 
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Fig. 13—Back-reflection Laue pattern of a titanium single 
crystal, reduced 50 pct for reproduction. Molybdenum radia- 
tion is 40 kvp, 20 ma, 2 hr, with growth direction marked on 
film. 


they indicate that the same twin types are present at 
room temperature but that at low temperatures, the 
preponderance of twinning shifts from {1121} to the 
{1124} planes. They have, therefore, substantiated our 
findings that five twin types are observed in the 
deformation of titanium single crystals. 


Fig. 14—Titanium single crystal (0001 surface) with two sets of 
twin traces. Note the thin lines which are perpendicular to the 
original set of twin traces. X70. 


5F. D. Rosi, C. A. Dube, and B. H. Alexander: Trans. AIME 
(1953) 197, p. 257; JournaL or Merats (February 1953). 

6L Seigle, F. D. Rosi, F. C. Perkins, L. Sama, and A. J. 
Opinsky: Quarterly Progress Report to WADC, August 1953. 

7F. D. Rosi and F. C. Perkins: Journat or Merats (September 
1953) p. 1083. 


The Cold Rolled Texture of Titanium 


by D. N. Williams and D. S. Eppelsheimer 


DISCUSSION, Frederick Bens and J. P. Nielsen, 
Chairmen 


B. F. Decker and W. R. Hibbard, Jr. (General Elec- 
tric Research Laboratory, Schenectady)—The presence 
of a second maximum on the (0001) pole figure for 
commercial sample number three is puzzling, since 
a second orientation is not apparent on the (1010) pole 
figure. The authors’ explanation that the method of 
plotting would mask all other maxima because of the 
intense (1010) maximum in the rolling direction does 
not seem valid. Since the second maximum on the 
(0001) pole figure is almost equal in intensity to the 
first maximum, one would expect to see an effect on 
the (1010) pole figure of about the same magnitude as 
the secondary maximum due to the usual texture. The 
only condition which could wipe out such an effect 
would be a large amount of rotation about the (0001) 
pole. This would not seem a likely assumption, any 
more than the authors’ assumption of no rotation about 
the (0001) pole for the first orientation. They have 
made such an assumption in order to build up enough 


intensity at the rolling direction in the (1010) pole 
figure so that the method of plotting would effectively 
mask low maxima. At any rate, the need for these two 
diametrically opposite assumptions to explain this ex- 
perimental result indicates that the explanation is 
probably incorrect. 

Bakarian® has reported that as little as 0.20 pct Ca 
causes a double maximum in cold rolled magnesium. 
This double maximum, however, results from a dif- 
ferent arrangement of the high intensity areas, not 
just the addition of a new local spot. Geisler” reports 
spurious areas in pole figures made by geiger counter 
techniques due to reflections by white radiation from 
other planes. These spurious reflections can be readily 
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checked by film technique adjusting the specimen so 
that the reflection circle crosses the intense area in 
question. 


®P. W. Bakarian: Trans. AIME (1942) 147%, p. 266. 
10 A. H. Geisler: Trans. ASM (1953) 45A, p. 149, footnote 4. 


D. N. Williams (authors’ reply)—We wish to thank 
the authors of this discussion for pointing out certain 
objections to our explanation of the pole figures of 
commercial sample number three. We feel that these 
objections are in part due to our attempt to limit the 
paper to experimental results as much as possible and 
to include a minimum of interpretive discussion. The 
following brief comments on their discussion may be 
supplemented by reference to our more complete theo- 
retical discussion of the textures of titanium.* 


The (1010) and (0001) pole figures of titanium shown 
in Figs. 1 and 2 of our paper are in very close agree- 
ment with each other and we feel that there can be 
no valid argument with the assumption made that 
these textures arise from an unusually strong tendency 


in titanium for one of the (1010) poles to be fixed in 
the rolling direction with extensive rotation occurring 
about this pole. As is shown by these pole figures, very 
little rotation occurs about the (0001) poles. 

The origin of the second (0001) maximum along the 
axis of rolling in commercial sample number three is 


not known. However, examination of the (1010) pole 
figure shown in Fig. 3 of our paper indicates that rota- 
tion about the (0001) poles in the second (0001) maxi- 
mum must be moderately extensive if the pole figures 
are correct. A number of samples of cold rolled tita- 
nium were examined, but only sheet rolled from com- 
mercial sample number three showed this second 
maximum, and sheet rolled from this sample showed 
the second maximum after several different reduc- 
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tions. Unfortunately, we did not check for the oc- 
currence of spurious radiation as suggested by the 
authors of the discussion. However, in recently pub- 
lished work on the textures of alloyed titanium, 
McHargue, Adair, and Hammond" reported a second 
(0001) maximum along the axis of rolling in both 
Ti-Cb and Ti-Ta alloys. This work was carried out 
using standard photographic pole figure techniques. 
Their results give additional support to the presence 
of a second (0001) maximum, and also lend support 
to our tentative suggestion that the second (0001) 


maximum occurring in commercial sample number 
three was due to some minor composition variation. 

We feel that there can be no doubt as to the presence 
of the second (0001) maximum in commercial sample 
number three or to the occurrence of moderate rota- 
tion about this maximum. The explanation of the ori- 
gin of this maximum must await further experimental 
studies. 


uC. J. McHargue, S. E. Adair, Jr., and J. P. Hammond: Trans. 
AIME (1953) 197, p. 1199; JourNaLt or Merats (September 1953). 


Textures of Rolled and Annealed lodide Zirconium 


by J. H. Keeler, W. R. Hibbard, Jr., and B. F. Decker 


DISCUSSION, Frederick Bens and J. P. Nielsen, 
Chairmen 


R. K. McGeary and B. Lustman (Atomic Power Div., 
Westinghouse Electric Corp., Pittsburgh)—It is gratify- 
ing to note the marked similarity between many of 
the authors’ pole figures and those determined previ- 
ously by us by the film technique.® However, it is un- 
fortunate that our second paper,’ containing pole fig- 
ures determined by the X-ray spectrometer technique 
was not available to the authors. In Table II the most 
important orientation relationships for the three in- 
vestigations have been compiled. 

The greater sensitivity of the spectrometer technique 
was capable of revealing the existence of the double 
orientation which was missed by the film technique. 

With regard to the texture produced by heating 
above the allotropic transformation temperature, the 
authors stated that in the case of the work of McGeary 
and Lustman’ this treatment led only to a greater de- 
gree of scatter than was observed after a recrystalliza- 


tion. While examination of only the {1010} pole figures 
would tend to substantiate this belief, an examination 
of the basal pole figures or the diffraction photograms 
that were presented indicates clearly that the applica- 
tion of Burgers’ transformation mechanism, with the 
resultant additional orientations produced, is neces- 
sary to satisfactorily explain the experimental data. It 


is believed that because of the similarity of the {1010} 
pole figures of recrystallized zirconium and _ trans- 


formed zirconium,’ the use of only {1010} pole figures 
does not give unequivocal proof that Burgers’ mecha- 
nism does not operate at least to a degree. Since ap- 
preciable differences are apparent in the authors’ vari- 
ous transformation pole figures (Figs. 9 to 11) de- 
pendent on cooling rate or prior heat treatment, it is 
pertinent to ask if {0002} or other reflections have been 
used to substantiate this statement that additional ori- 
entations do not exist. It is surprising that no texture 
change was revealed as a result of the transformation 


Table Il. Angular Relationships of Principal Directions and Planes 
in Cold Rolled and in Annealed Zirconium 


Reference 
Relationship Condition 5 9 10 
Angle between rolling Cold rolled 30° 36° 40° 
plane and {0001} Annealed 30° 36° 40° 
Rolling direction parallel Cold rolled {1010} {1010} {1010} 
to Annealed {1120} 10° from 10° from 
{1120} {1120} 
Angle of rotation about +20° 


{0001} describing cold 
rolled to annealed 
texture 
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in rolled sheet, since considerable prior work on pole 
figures and thermal expansion’ of transformed swaged 
or drawn wire and sheet material has indicated a defi- 
nite texture change explicable by Burgers’ transforma- 
tion mechanism. 

Still further evidence that Burgers’ mechanism op- 
erates is afforded by the observation that crystal bars 
formed by the deposition of zirconium on filaments of 
zirconium wire heated above their transformation tem- 
perature have the external shape of hexagonal prisms, 
indicating that the <111> of the 6 phase is parallel to 


the rod axis. Since annealed drawn wire shows <1120> 
parallel to the wire axis and since Burgers’ mechanism 


calls for <111> of the g to be parallel to <1120> of 
the a, this behavior is explicable. It is therefore per- 
tinent to question why similar behavior was not noted 
in the authors’ specimens. Since the authors’ speci- 
mens were heated only 40°C above the transformation 
temperature of pure zirconium, it is possible that some 
contamination with gaseous impurities such as oxygen 
or nitrogen may have raised the transformation tem- 
perature sufficiently so that the specimens were not 
completely transformed. Hardness measurements 
should not be in excess of 70 DPH if the base material 
is well annealed, uncontaminated, iodide zirconium, 
and the microstructures should show a coarse serrated 
Widmanstaetten pattern if the specimens were trans- 
formed. Pole figures for specimens heated to various 
fg temperatures may also be used to indicate if Burgers’ 
mechanism can be obtained under suitable conditions. 


J. H. Keeler, W. R. Hibbard, Jr., and B. F. Decker 
(authors’ reply)—A question of semantics should first 
be clarified. By the term Burgers’ transformation 
mechanism we assume that the discussers are not re- 
ferring to transformation by a shearing mechanism, a 
discussion of which is outside the scope of our paper. 
On the other hand, the discussion is concerned with the 
orientation relationship and more specifically with the 
multiplicities of orientations which would be expected 
on heating and cooling through the transformation 
temperature. There is little doubt that the orientation 
relationship observed by Burgers® serves for the trans- 
formation in both zirconium and titanium. We do not 
deny that this orientation relationship obtains when 
the hexagonal form of zirconium is heated into the 
cubic temperature range or the cubic is cooled into the 
temperature range for the hexagonal modification. The 
observations reported in our paper were that orienta- 


tions were not observed in the (1010) pole figure when 
zirconium was annealed at 900°C and cooled, which are 
new relative to those occurring after annealing at a 
temperature below the transformation. 

The differences in the various transformation pole 
figures (Figs. 9 to 11) mentioned as appreciable by the 
discussers, were not considered by the authors to be 
more than minor variations of the major texture. Film 
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Table III. Results of Texture Analyses Using Geiger Counter 
Spectrometer 


Angle Between Angle 


Angle Axis Between 
Between RP of Tilt RD and 
Treatment and (0001) and RD [1010] References 
Cold rolled 36° 0 0 9 
Cold rolled 40° 0 0 10 
Ann. 300°C 38° 0 0 10 
Ann. 400°C 45° 0 0 10 
Ann. 500°C 38° 14 14 10 
Ann. 600°C 36° 7 20* 9 
Ann. 600°C 35° 7 20* 10 
Ann. 900°C 40° 2 24* 10 
Ann. 600°C 
+900°C 40° 0 30* 10 


* [1010] not in rolling plane. For the cases when this angle is 
30°, the [1120] is in the rolling direction. 


data have been inadequate to show departure from the 
approximate texture (0001) 30° to rolling plane, [1120] 
in the rolling direction. Sensitivity of the spectrometer 
technique permits showing the variation with anneal- 
ing temperature as shown in Table III, and in Figs. 5, 
7, 10, and 11 of our paper. 

Recent results obtained since our paper show new 
areas in the (1010) pole figures where zirconium is 
annealed at higher temperatures. Although the texture 
becomes less pronounced with increasing annealing 
temperature, the dominant component is still (0001) 


about 40° to the rolling plane with [1120] in the rolling 


direction, suggesting that appreciable reversion to the 
initial texture of the hexagonal form still occurs on 
cooling. Further details will be published later. It is 
not unreasonable to expect that some nucleating sites 
remain to cause the return of the body-centered cubic 
material during cooling to its original hexagonal ori- 
entation as we suggested in our paper, There are many 
examples of such behavior. 

In Burgers’ original work* his mechanism was de- 
rived from orientations in crystal-bar zirconium cooled 
from a deposition temperature of approximately 1300° 
to 1500°C. His material had not been in the hexagonal 
close-packed form previously and, of course, could have 
no prior history in the hexagonal close-packed state to 
influence the transformation. Burgers* found that zir- 
conium cooled through the allotropic temperature re- 
gion and then reheated to the body-centered cubic 
phase reverted to the original orientation, and com- 
mented to the effect that this finding did not neces- 
sarily contradict his other finding of a multiplicity of 
possible hexagonal orientations from a given cubic ori- 
entation. This same observation of a reversion to an 
original orientation after an allotropic transformation 
has been found for titanium,””” for thallium,” and for 
cobalt" among the hexagonal metals as well as for 
some cubic metals, and this is not unusual. 


9R. K. McGeary and B. Lustman: Trans. AIME (1953) 197, p. 
284; JournaL or Mertats (February 1953). 

10 Paper under discussion. 

uJ, B. Newkirk and A. H. Geisler: Acta Metallurgica (May 
1953) 1, p. 370. 

12 J, H. Keeler and A. H. Geisler: unpublished. 

13U, Dehlinger: Metallwirtschaft (1932) 11, p. 223. 

14U, Dehlinger, E. Osswald, and H. Bumm: Ztsch. Metallkunde 
(1933) 25, p. 62. 


Densification and Kinetics of Grain Growth During the Sintering 
Of Chromium Carbide 


by H. J. Hamjian and W. G. Lidman 


DISCUSSION, B. D. Cullity and J. F. Kuzmick, 
Chairmen 


L. Seigle and R. W. Balluffi (Sylvania Electric Prod- 
ucts, Inc., Bayside, N. Y.)—This paper draws atten- 
tion to a fact which has not been adequately recog- 
nized in analyses of the sintering process, namely, that 
grain boundaries play an extremely important, if not 
decisive, role in the elimination of porosity. As shown 
clearly by Alexander et al.,”” with the aid of synthetic 
compacts of regular geometry, once grain boundaries 
have been sufficiently eliminated by grain growth the 
process of densification practically stops. As a conse- 
quence of this fact, compacts sintered at low tempera- 
tures, in which the grain boundaries were retained 
for longer times, eventually reached higher densities 
than those sintered at high temperatures. At no tem- 
perature was it possible to achieve complete densifica- 
tion because voids disappeared very slowly, or not at 
all, after grain boundaries had migrated from their 
vicinity. The latter observation has also been made by 
the present authors. 

In the light of this evidence, it is clear that attempts 
to explain the kinetics of sintering on the basis of 
models which assume an isotropic material are com- 
pletely unrealistic, since they fail to take into account 
the action of grain boundaries. A typical example is 
the treatment of Shaler and Wulff* who assume that 
the material possesses a uniform viscosity. While it is 
true that in some cases the presence of grain bound- 
aries may impart a microscopic apparent viscosity to 
metallic materials,’ this viscosity will be a function of 
the continuously changing grain boundary configura- 
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tion.* A valid treatment of sintering kinetics therefore 


* The same remarks apply to the theories of MacKenzie and Shut- 
tleworth!® and Rhines, Birchenall, and Hughes. 


must certainly take account of the presence and 
disposition of grain boundaries as a major factor. It is 
difficult to see how an adequate theory can be formu- 
lated until more is known about the mechanism by 
which grain boundaries aid in, or are responsible for, 
the elimination of porosity. 

The division of the sintering process made in the 
present paper into a first stage of welding or bonding 
and a second stage of pore spheroidization, grain 
growth, and shrinkage seems artificial. Shrinkage be- 
gins immediately upon the formation of the smallest 
bond between adjacent particles and there is no rea- 
son to suspect any basic difference between the shrink- 
age mechanisms of the authors’ first and second stages 
of sintering. The designation of a final stage of sinter- 
ing (the authors’ third stage) is quite legitimate. This 
is the stage where the grain boundaries have largely 
disappeared and the sintering process becomes neg- 
ligibly slow. 


6B. H. Alexander, et al.: Self-Diffusion of Metals and Associated 
Phenomena. Sylvania Electric Products Metallurgical Laboratories, 
Interim Technical Reports III and IV, AFC Contract AT-30-1 GEN 
367, October 1949-October 1950. 
_ 7B, H. Alexander and R. W. Balluffi: Experiments in the Mechan- 
ism of Sintering. JourNnat or Merats (October 1950) p. 1219. 

SA, Shaler and J. Wulff: Trans. AIME (1949) 185, p. 796; JOURNAL 


or Metats (November 1949). 


®C. Herring: Journal of Applied Physics (1950) 21, pp. 437-445. 

10J. K. MacKenzie and R. Shuttleworth. Proc. Physical Soc. 
(1949) 62, pp. 833-852. 

uF. Rhines, C, E. Birchenall, and L. Hughes: Trans. AIME (1950) 
188, p. 378; JourNaL or Merats (February 1950). 3 
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Influence of Aluminum and Silicon Deoxidation on the Strain Aging 


Of Low-Carbon Steels 


by W. C. Leslie and R. L. Rickett 


DISCUSSION, B. D. Cullity and J. F. Kuzmick, 
Chairmen 


G. F. Comstock (Titanium Alloy Mfg. Div., National 
Lead Co., Niagara Falls, N. Y.)—Many interesting data 
are presented in this paper on the influence of various 
heat treatments on the strain aging, as indicated by 
tensile properties, of aluminum-killed steel. A con- 
siderable part of the paper, however, seems to be con- 
cerned with attempts to explain why many of the data 
obtained do not fit in very well with the chief conclu- 
sion that the authors seem to favor, namely, that strain 
aging is primarily due to nitrogen. How Fig. 9 could 
permit such a conclusion should be more clearly ex- 
plained, since this graph appears to be utterly devoid 
of any correlation between strain aging and nitrogen. 
It is however in good agreement with data published 
by the writer” that apparently escaped the authors’ 
attention. 

The method of testing here used to detect strain 
aging was proposed in England by C. A. Edwards and 
his coworkers several years before the American work 
referred to in the paper. This English work showed 
clearly that the so-called nonaging aluminum-killed 
steels are not really nonaging, and that this can easily 
be proved if a highly sensitive test for aging is used. 
This has been so well established by other data that 
it should no longer be puzzling. Such steels continue 
to be called nonaging commercially only because 
after the low strain applied by temper rolling in the 
mills, sheets do not age enough in storage at room 
temperature to give trouble from stretcher-strains in 
forming. But in spite of the nonaging name, nor- 
malized aluminum-killed low carbon steels have pre- 
viously been found to show very strong aging effects 
when strained 4 or 5 pct and tested by the same meth- 
od which these authors used. 

The last sentence of conclusion 1 of this paper is 
much better than the first one, but is really only a 
confirmation of conclusions already reached in many 
previous publications. Table XIII, for instance, in the 
ASTM reference * shows how Ti-C ratios of 4.4 or over 
are required to render steel nonaging by the authors’ 
test method, ratios of 3.8 or less being ineffective. When 
this is compared with the data presented in ref. 37 in- 
dicating that nitrogen is as well stabilized by titanium 
when the Ti-C ratio is 2.5 to 4 as when it is over 5, fur- 
ther support is given to the view that carbon dissolved 
in the ferrite is a more important cause of the kind of 
strain aging measured by the authors than nitrogen is. 


In order to complete the record by a disclosure 
which the authors have not made, it should be ex- 
plained that a low carbon steel having a titanium con- 
tent greater than about 4.5 times the carbon is com- 
pletely nonaging by the authors’ test method, because 
both carbon and nitrogen are stabilized as compounds 
practically insoluble in ferrite. The properties of this 
steel should be well known. It has been produced 
commercially in tonnage lots for several years by the 
Inland Steel Co., East Chicago, Ind., under the name 
of “Tinamel Steel,’ and is used chiefly for vitreous 
enameled articles. 


W. C. Leslie and R. L. Rickett (authors’ reply)— 
The authors want to thank Mr. Comstock for his dis- 
cussion, Apparently, however, most of his remarks 
are based on a misunderstanding of the purpose of the 
paper, which was to present the results of work done 
to explore the effect of deoxidation with the commonly 
used elements, aluminum, silicon, or the two in com- 
bination, on certain aspects of strain aging behavior 
after various heat treatments. An effort was made to 
correlate and explain our own observations, and others 
that have been published, on the basis of what we 
consider the best information available at this time. 
Our choice of the latter may not coincide with Mr. 
Comstock’s. 

As clearly stated in the paper, we do not claim any 
great accuracy for the data in Fig. 9. Contrary to the 
statement by Mr. Comstock, neither these data nor 
those in the references he mentions are necessarily in 
conflict with the concept that as little as 0.001 pct ni- 
trogen in solid solution can produce susceptibility to 
strain aging. 

We agree with Mr. Comstock that nonaging is a 
relative term and that the extent of strain aging may 
depend upon the method of measurement used and the 
conditions of straining and aging, as well as upon 
many other factors. The fact that such variations in 
aging behavior are recognized does not make their 
causes less puzzling nor lessen the desirability of find- 
ing the reasons for the variations. Much work still 
remains to be done before the strain aging phenomenon 
is completely understood. Meanwhile, we believe that 
it is important to have a better understanding of the 
strain aging characteristics of commercial steels and 
the factors that influence these characteristics. 


36 G. F. Comstock: Proc. ASTM (1943) 48, pp. 521-546. 
37 Metal Progress (September 1948) 54, No. 3, p. 321, Fig. 1. 


Electrical Resistivity of Liquid Metals and of Dilute Liquid 


Metallic Solutions 


by E. Scala and W. D. Robertson 


DISCUSSION, B. D. Cullity and J. F. Kuzmick, 
Chairmen 
Hans Klein (Schorndorf, Wurttenburg, Germany)— 
As mentioned by the authors a certain number of 
older data on the electrical resistivity of liquid metals 
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is available; it seems that these data are confirmed by 
the measurements obtained with their modern equip- 
ment. In this respect there are two papers of interest 
describing two different methods of measurement of 
the electrical resistivity of liquid metals." 
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The authors of the first of these papers used a 
method in which the electrical resistance to be meas- 
ured formed the secondary of a transformer, this re- 
sistance having the shape of a liquid metal ring in a 
circular channel of refractory material. In the second 
paper the electrical resistivity has been measured by 
comparison in an alternating current Wheatstone bridge. 

I would like to ask the authors if they had any spe- 
cial reasons for using direct current or if they had any 
objections against using alternating current, which 
seems to have the advantage of eliminating the influ- 
ence of electromotive forces. 

In addition to this question there is another im- 
portant problem: the behavior of the electrical resis- 
tivity during the phase change occurring in melting. 
Measurements have shown that the electrical resis- 
tivity of metals changes in melting, not in an abrupt 
but in a continuous manner. In respect to the heat 
transfer at the melting point from the liquid to the 
solid phase near the solidification front,” it would be 
interesting to know if the authors made some observa- 
tions in regard to this problem during their experimen- 
tal work, as it is well known that a strong correlation 
exists between the electrical and thermal conductivity. 

I should therefore like to ask the authors if they had 
made or could undertake some research work in this 
respect. It would certainly be of great value to have 
measurements for the change of the electrical resistiv- 


ity during melting as reliable as those for the liquid 
state of metals. 


E. Scala and W. D. Robertson (authors’ reply)—The 
authors would like to express their appreciation to Dr. 
Klein for his extensive and generous remarks. 

Our reason for using direct current methods was 
largely simplicity in apparatus. As reported, the in- 
ternal electromotive force could be accurately elimi- 
nated. In this connection, it is interesting to note the 
agreement in results obtained for zinc and tin by 
Forster and Tschentke” with an alternating current 
bridge and our measurements by a direct current 
method. There appears to be no reason why alternat- 
ing current methods cannot be used. 

No reliable data were obtained in our work con- 
cerning the solid to liquid transformation because the 
apparatus was not designed for this purpose. We 
agree that this is important, and further work may 
throw considerable light on the nature of this trans- 
formation and also on the constitution of both solids 
and liquids. 


16 W. Schmidt-Burgk, E. Piwowarsky, and H. Nipper: Ztsch. 
Metallkunde (1936) 28, p. 224. 

17F, Forster and G. Tschentke: Ztsch. Metallkunde (1940) 32, 
LOT, 
z 13 A. Schulze: Ztsch. Metallkunde (1921) p. 139; (1923) p. 33; 
(1924) p. 48. 
19H, Klein: Ztsch. Metallkunde (October 1953) 44. 
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Calculation of Interdiffusion Coefficients When Volume Changes Occur 


by Morris Cohen, Carl Wagner, and J. E. Reynolds 


The authors showed in the paper how the interdiffu- 


sion coefficient D of a binary alloy A-B may be calcu- 
lated as a function of composition when there is a 
change in overall volume of a diffusion couple. The 
question has been raised as to the recommended pro- 
cedure for the more special case when no appreciable 
change in overall volume occurs, i.e., if the molar vol- 
ume V is yirtually a linear function of the mol frac- 
tion Nz of component B. Then, according to Hartley 
and Crank,' Fick’s second law may be written as: 


=— [24] 
ot Onn 


where cz is the concentration of B in mol per cu cm, 
t is the time in seconds, and x* is.the distance in cm 
from one of the terminal planes of the diffusion couple. 
The diffusion coefficient D’ (sq cm per sec) in Eq. 24 


is identical with the D in our paper, as can be shown by 
calculations similar to those in Eqs. 16 to 18. Conse- 
quently, the Boltzmann-Matano analysis may be ap- 
plied directly to a plot of cs vs x* — x*, where x*, 
denotes the distance of the plane of discontinuity in 
composition at zero time. The plane at x*, is also the 
Matano interface for concentrations in terms of mol 
per cu cm at any time t = 0. The concentration c,; in 
mol per cu cm may be calculated as 


Cz = N2/V. [25] 

In Eq. 10 of our paper, Fick’s second law is written: 
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where §, is a modified distance parameter defined by 
Eqs. 8 and 9 in accordance with Hartley and Crank.’ 
It can be shown that Eqs. 24 and 10 can be transformed 
into each other if the molar volume V is a linear func- 
tion of Nz. This transformation is somewhat involved, 
since the partial differentiation with respect to time t 
in Eq. 24 is at constant x*, whereas in Eq. 10 it is at 
constant §,, and the zero point of the x coordinate de- 
fined by Eq. 8 of our paper is not stationary with re- 
spect to the x* coordinate system. 

In many alloys, the molar volume changes only 
slightly with mol fraction Nz so that, according to Eq. 
25, the concentration cs is virtually proportional to Nz. 
Upon substitution of Eq. 25 in Eq. 24, it follows that 


ON» ON» OV 
= D if 
One 


ot 

In this case, the Boltzmann-Matano analysis can be 
applied directly to a plot of Ns vs (x* — x*.). 

In our paper, it was mentioned that equations sim- 
ilar to Eq. 8 may be formulated for concentrations in 
terms of weight fraction or molar ratio in order to de- 
fine the plane x—0 as needed for the Boltzmann- 
Matano analysis. Our statement that the plane x — 0 is 
the same for concentrations in terms of mol fraction, 
weight fraction, and molar ratio has to be revised. 
Actually, different measures of concentration yield dif- 
ferent locations of the zero plane x = 0 at t > 0 for the 
Boltzmann-Matano analysis, as follows from the ex- 


= 0); 


plicit forms of equations analogous to Eq. 8. However, 


all the conclusions regarding the calculation of D from 
plots involving different measures of concentration are 
in no way affected by this correction. 
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Reverberatory Furnace Practice at Noranda 


by J. N. Anderson 


Developments in reverberatory furnace practice at Noranda over 
the period 1928 to 1953 are described. Features of interest are 
increasing furnace tonnage from 700 to 2000 tons per furnace day, 
the use of the suspended basic roof, and improvements in furnace 
fuel ratio. Points of comparison and contrast between Canadian 
and American furnace practice are given. 


PERATIONS at the Noranda smelter have been 

described in a series of papers published be- 
tween 1930 and 1945.** In the present paper the 
development of reverberatory furnace practice over 
the 25 year period from the beginning of operations 
up to the present time will be reviewed and current 
furnace practice will be described in some detail. 
Particular attention will be given to those features 
which are characteristic of Canadian practice: first, 
the use of the suspended basic roof; second, the de- 
liberate driving of furnaces to give tonnages in the 
range of 1400 to 2000 tons of solid charge per fur- 
nace day; and third, the continuous operation of 
furnaces at high tonnage for many years without 
any extended shutdown for repairs or rebuilding. 
Finally, points of comparison and contrast between 
reverberatory furnace practice in Canada and the 
United States will be discussed. 

The Noranda smelter, which started in Decem- 
ber 1927, was built for the reduction of ore from 
the Horne mine where early development had 
shown a comparatively small tonnage of rich cop- 
per-gold ore of a grade and character which would 
require direct smelting. The smelter was designed 
for a capacity of 1000 tons of ore a day and origin- 
ally consisted of eight roasters, two reverberatory 
furnaces, and two converters, together with neces- 
sary auxiliaries. The discovery of a large new body 


J. N. ANDERSON, Member AIME, is Smelter Superintendent, 
Noranda Mines Ltd., Noranda, Que., Canada. 

Discussion on this paper, TP 3709D, may be sent, 2 copies, to 
AIME by Aug. 1, 1954. Manuscript, July 20, 1953. Los Angeles 
Meeting, February 1953. 
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of ore in 1928 made it necessary to increase both the 
size and the scope of the reduction plant. A mill 
which was ultimately brought to a capacity of 3000 
tons a day was built for concentrating low grade ore 
and in addition the capacity of the smelting plant 
had to be greatly expanded, so that for the next 
fifteen years every effort in the smelter was directed 
toward achieving maximum tonnage. Because the 
layout and design of the smelter made it impractic- 
able to add a third furnace, it was necessary to in- 
crease the tonnage on the two original furnaces by 
improvements in furnace design and operation, 
roasting and converting equipment being added as 
required to meet the demands of increased furnace 
capacity. The smelter tonnage, which reached a 
peak in 1941, was curtailed in 1944 when it became 
necessary to operate on a one-furnace basis because 
of a reduction in the output of the Horne mine due 
to a shortage of labor. Two-furnace operation at a 
moderate tonnage was resumed in 1949. 

In the early years the smelter tonnage was made 
up almost entirely of Noranda ores and concentrates. 
However, since 1937 an increasing tonnage of ores 
and concentrates from other mines has been treated 
in the smelter. In recent years, with decreased 
production from the Horne mine, copper concen- 
trates from several mines in the district, treated on 
a custom basis, have formed an important part of 
the smelter tonnage. 

A review of developments in reverberatory fur- 
nace practice at Noranda falls naturally into the fol- 
lowing four periods: 1—1928 to 1935, the early 
years; 2—1935 to 1944, the period of greatest change 
and development; 3—1944 to 1949, one-furnace op- 
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Table I. Roaster Feed 


Analysis 
Au Ag, 
Tons Oz Oz 
per per per Cu, SiO»o, Fe, Ss, Zn, 
Material Day Ton Ton Pct Pct Pct Pct Pet 
Smelting ore 1614 0.17 03 35:4 0.1 
Noranda concentrates 372 0.69 0:2 
Custom copper 
concentrates 685. 0:59 6.7 20.9 41 31.2 32.5 3.9 
Other ores and 
concentrates 30 0.59 59.2 19.3 17.0 14.7 2.0 4.7 
Siliceous fluxing ore 338 0.15 0.1 0.0 71.8 4.8 15 — 
Total feed to roasters 3044 0.33 2.4 BGS 
Calcine produced 2764 14.7 


eration at 2000 tons a day; and 4—1949 to 1952, 
current practice. 

The period 1928 to 1935 was marked by an in- 
crease in furnace tonnage from an initial rate of 700 
tons of solid charge per furnace day to 1250 tons a 
day. The chief factors which contributed to this 
improvement were as follows: 

1—The use of secondary combustion air at pres- 
sures in the range of from 5 to 10 psi to obtain 
quick complete combustion and maximum flame 
temperatures. 

2—The increasing of the combustion area of the 
furnace near the firing end. This was the initial 
step toward a furnace design planned for efficient 
combustion of fuel and utilization of heat, which it 
since has been possible to develop and perfect more 
fully by the use of the suspended roof. 

3—Preparation of the roaster charge and opera- 
tion of the roasters to produce fine hot charge for 
the furnaces. 

The original furnace roofs were, of course, sprung 
arches of silica brick. In 1930 as furnace tonnages 
were increased to 900 tons a day, arch life for sec- 
tions close to the firing end was only 100 days and 
the frequency and the cost of arch repairs were be- 
coming a problem. This was met by the use of 
‘shoulders’? of magnesite brick extending about 40 
in. from the skewback, some improvement also be- 
ing effected by the use of better designed silica 
brick shapes for the main part of the roof. However 
as the furnace tonnages were increased to the range 
of 1250 tons a day and with a greater burden of 


concentrates which gave a finer charge, much of the 
advantage gained from the use of magnesite shoul- 
ders was lost. By 1935 it was apparent that some 
improved method of roof construction was neces- 
sary before furnace tonnage could be further in- 
creased. The solution was found in the suspended 
basic roof, the use of which had been pioneered in 
1933 by the Hudson Bay Mining and Smelting Co. at 
the Flin Flon smelter. The first trial of this type 
of roof at Noranda, made early in 1935, marked the 
beginning of a new era in furnace practice. 

In the period of 1935 to 1944 there were a number 
of changes and developments which led to increased 
furnace tonnage and to improved fuel ratio. The 
peak furnace tonnage for the period was in March 
1943, with 1600 tons of solid charge per furnace day 
and a fuel ratio of 10.3 pet, as compared with 1270 
tons of solid charge and a fuel ratio of 10.9 pct for 
the best month during the years 1928 to 1935. Per- 
haps the most important developments which led to 
this improvement were as follows: 

1—The use of the suspended basic roof. 

2—The lengthening and the widening of the fur- 
naces. 

3—Changes in the coal plant which gave drier, 
more finely pulverized coal and provided better 
control over the rate of firing. 

4—_Improvements in roaster practice, particularly 
with respect to the handling of roaster Cottrell dust, 
which gave a better and a more uniform furnace 
charge. 

At first the use of the suspended roof was con- 
fined to the firing end of the furnace, but by 1940 it 
was being used throughout the length of the fur- 
nace, and also for the roof of the uptake and the 
outlet flue. With the entire roof suspended and by 
using “hot patching”’ methods for repairs, long fur- 
nace campaigns without shutdowns for roof or other 
furnace repairs became possible. A further advan- 
tage found with suspended construction was that it 
made practicable a roof contour designed for effici- 
ent combustion of fuel and utilization of heat. 

In 1937 both furnaces were lengthened by about 
9 ft, the primary object being to permit increased 
furnace tonnage without adversely affecting slag 
losses. This change also reduced the length of the 
converter slag launder and made it possible to use 
larger ladles previously impracticable because of 
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lack of headroom in the converter aisle. In 1941 
both furnaces were widened in order to provide a 
wider clear channel in the center of the furnace for 
the free flow of matte and slag to the skimming end 
of the furnaces. This widening of the furnaces, 
which has been described,* was accomplished with 
little interference to normal furnace operation. It is 
worth noting that without the suspended roof the 
furnaces could not have been widened because a 
sprung silica arch would not have been practicable 
for the wider span. 

In 1943 a shortage of labor, particularly of miners, 
made necessary some reduction in smelter tonnage 
and early in 1944 it was found that a further con- 
siderable decrease in tonnage had to be made. It 
was decided to shut down one furnace and to oper- 
ate the smelter on the basis of one furnace at 
maximum capacity until conditions permitted a 
resumption of two-furnace operation. This period 
of one-furnace operation extended from June 1944 
to July 1949, and during this time No. 1 furnace 
operated at an average tonnage of 1910 tons of solid 
charge per furnace day. The peak month was April 
1946 with 2160 tons per day and a fuel ratio of 
10.4 pet. 

The story of how the furnace tonnage was pushed 
to this record level has been told* and need only be 
briefly mentioned here. It was of course necessary 
to raise the roof of the furnace to provide the neces- 
sary combustion area for burning 200 tons of coal 
a day. There were difficulties due to bottom ‘“‘build- 
up” as well as the physical problems of handling 
greater quantities of matte and slag. Once these 
troubles had been overcome the furnace operated as 
smoothly at 2000 tons a day as it had at 1500 tons a 
day, with little or no change in fuel ratio and no 
apparent increase in slag losses. Roof repairs were 
perhaps double what they were at the lower ton- 
nage rate, but there was no difficulty in maintaining 
the furnace roof by the regular methods of patching. 

In 1949 it became possible to resume normal ton- 
nage from the Horne mine and in addition, two new 
base metal mines in the Rouyn-Noranda district 
were scheduled to come into production in 1949 
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with an output of some 350 tons of copper concen- 
trates a day. As a result the total tonnage available 
for the smelter was considerably greater than could 
be handled through one furnace, and it was there- 
fore necessary to resume two-furnace operation. It 
was known that the tonnage to be smelted would 
amount to about 1400 tons of solid charge per fur- 
nace day, which by past standards could only be 
rated as a “moderate” tonnage. It was decided to 
modify the contour of the furnace roofs with the 
object of obtaining the maximum fuel economy and 
the most efficient operation at the necessary rate of 
firing, which was expected to be about 140 tons of 
coal a day. In making No. 2 furnace ready for op- 
eration the roof therefore was completely rebuilt; 
also, advantage was taken of the opportunity to re- 
build part of the side walls and to dig out the bot- 
tom of the furnace at the skimming end to the level 
of the tapholes. When No. 2 furnace was started in 
July 1949, No. 1 furnace was shut down for a similar 
roof rebuild. No. 1 furnace went back into operation 
in August and since that time the smelter has oper- 
ated regularly on a two-furnace basis. 


Fig. 3—Section through coal plant at B-B, Fig. 1. 
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Before describing present reverberatory furnace 
operation, a brief description of the coal plant will 
be given and some mention of the roasters and con- 
verters will be made, with particular reference to 
those features which are of importance to the rever- 
beratory furnaces. 

Coal Plant 

The original coal plant, which was designed for 
the storage system, was converted to the unit system 
in 1929 after serious trouble with fires and explos- 
sions.” Further changes in equipment have since 
been made and the present arrangement of the 
plant is shown in Figs. 1 to 3. Raw coal is drawn 
from storage and fed to one of two rotary driers 
and then elevated to surge bins above the pulver- 
izers. There are three pulverizing units for the 
reverberatory furnaces, one for each furnace and a 
third which can be used as a spare on either fur- 
nace. Each unit consists of a feeder, a ball mill in 
closed circuit with a classifier, and a fan which de- 
livers the pulverized coal to the furnace. There are 
also two small pulverizing units for the anode fur- 
naces. 

The feeders are Hardinge Constant Weight feeders 
driven by variable speed direct current motors. 
The speed regulating rheostat for each feeder, to- 
gether with an indicating tachometer calibrated in 
“tons of coal per day,” is located at the furnaces. 
With this arrangement the rate of firing can be 
directly observed and controlled by the furnace 
operator. This system gives accurate control and 
regulation of the firing rate on the furnaces and is 
an important factor in fuel economy. 

The pulverizers are Hardinge conical mills, the 
mill on No. 1 furnace being 9 ft x 60 in. in size, the 
one on No. 2 furnace being 8 ft x 60 in., while the 
mill on the spare unit is 7 ft x 60 in. The 8 ft x 60 in. 
mill went into service in 1940 when the firing rate 
was about 160 tons of coal a day, while the 9 ft x 60 
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in. mill was installed in 1944, in anticipation of go- 
ing to a firing rate of 200 tons of coal a day on one 
furnace. Both these mills are larger than is re- 
quired for the current tonnage of coal and are 
operated with a reduced ball load. In general, ball 
mill service has been excellent, the ball consump- 
tion is low, and the mill liners appear to have an 
indefinite life. Perhaps the chief objection to ball 
mills for coal is that the power consumption may be 
higher than with other types of pulverizers. How- 
ever for service on unit systems with reverberatory 
smelting furnaces, the freedom from outage with 
ball mills and their ability to regularly deliver coal 
pulverized to the required fineness are important 
advantages. 

A fineness of at least 90 pet —200 mesh is required 
for the pulverized coal and the classifier is adjusted 
to produce coal of this fineness. A typical screen 
analysis of the pulverized coal is as follows: +100 
mesh, 0.7 pct; —100 mesh +200 mesh, 8.4 pct; 
—200 mesh, 90.9 pct. 

The fan on each pulverizing unit delivers the coal 
and air mixture from the classifier into a system of 
piping which supplies the four furnace burners. The 
coal plant is some distance from the furnace build- 
ing, the coal delivery pipes being about 170 ft long 
for No. 1 furnace and about 240 ft long for No. 2 
furnace. 

As far as the reverberatory furnaces are con- 
cerned, the three important features of coal plant 
operation are: 1—drying the coal to a moisture con- 
tent of from 1 to 1% pct, 2—accurate control over 
the rate at which coal is fed to the grinding units, 
and 3—pulverizing the coal to at least 90 pet —200 
mesh. 

Roasters 

The average roaster feed for the period J anuary 
to March 1953 is given in Table I, which shows that. 
the principal constituents are direct smelting ore, 
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Noranda concentrates, and custom concentrates. A 
notable feature is the high gold content of these 
materials. The fluxing ore is purchased siliceous 
gold ore. There are ten multiple hearth Wedge 
roasters of which eight are regularly used. 

It has already been noted that hot calcine, uni- 
form in character and composition, is an important 
factor is obtaining high furnace tonnages and good 
fuel ratios. Previous papers®** have described the 
changes that were made to the roasters to yield hot- 
ter calcine and, equally important, how the roaster 
Cottrell dust and the roaster flue dust were returned 
to.the roasters to be mixed and heated with the 
calcine. In effect the roasters were altered so that 
they would operate at a higher temperature and 
this additional heat was used to bring the dust up 
to the temperature of the calcine. All the difficulties 
and troubles which may result from the separate 
charging of fine dust to the reverberatory furnaces 
are thus avoided. 

Since 1950 an improved method of returning the 
roaster Cottrell dust to the roasters has been in use, 
replacing the original system developed in 1937, 
which consisted of a number of ‘‘blow tanks” using 
high pressure air. In 1950 a new and larger roaster 
Cottrell plant was completed and provision was 
made for returning the collected dust by means of 
a Fuller pump to a bin centrally located above the 
roasters, from which the dust is distributed among 
the roasters by two Fuller-Huron ‘Air Slides.” This 
method of handling Cottrell dust is an improvement 
over the old system in that the use of expensive 
high pressure air is eliminated; added advantages 
are that it avoids the cooling effect that resulted 
from blowing the dust into the roasters with air, and 
that the dust can be more uniformly distributed 
among the roasters. The calcine from the furnaces 
is now hotter and more uniform than ever before, 
and this has been a factor in the improvement in 
fuel ratio which has been made in recent years. 

The roasters are operated to give the hottest pos- 
sible calcine consistent with making the sulphur 
elimination required to give the desired matte fall 
in the reverberatory furnaces, the usual calcine 
temperature at the roaster discharge being about 
1200°F. Ordinarily no fuel is required in the roast- 
ers except when a roaster is started after a shut- 
down for repairs. 

Converters 

Only brief mention need be made of converter 
operation. There are five converters in all, two 12 
x30 ft shells which are the original converters, 
two 13x30 ft shells which were added in 1929, and 
one 13x28 ft shell which went into service in 1940. 
At present only three converters are in operation at 
one time, service being rotated among the three 13 
ft shells and one 12 ft shell. There are three 40 ton 
cranes, of which two are in regular use, and the 
ladles for matte and converter slag are of nominal 
200 cu ft capacity which deliver about 17 tons of 
matte and 13% tons of slag. There are two anode 
furnaces, only one of which is in regular service. 
Copper production is at the rate of about 6300 tons 
a month and is shipped in the form of anodes to 
Canadian Copper Refiners at Montreal East. 


Present Furnace Operation 
In the years 1928 to 1943 there were no restric- 
tions imposed on smelter tonnage and the capacity 
of the reverberatory furnaces could be developed to 
the full, limited only by the size of the roasting 
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plant. During the period 1944 to 1949 although the 
smelter tonnage was sharply curtailed, the one fur- 
nace that was in operation was maintained at maxi- 
mum capacity. Since two-furnace operation was 
resumed in 1949, the quantity of ore and concen- 
trates available is only sufficient to maintain a ton- 
nage of about 1400 tons of solid charge per furnace 
day. In current operation the emphasis is therefore 
not on tonnage, as in the past, but on improvements 
in practice to reduce furnace costs and losses. 

Furnace design is illustrated in Figs. 4 to 6, which 
show No. 2 furnace in both plan and section. An 
important feature is the gradation in the cross- 
sectional area of the furnace along its length, with 
the object of efficient combustion of fuel and utiliza- 
tion of heat within the furnace. The maximum area 
of 160 sq ft begins at a point 6 ft from the firing 
wall and extends 30 ft along the furnace, while 
from there on the area is gradually reduced to 115 
sq ft in the section adjacent to the uptake. These 
areas are net areas based on the normal slag level 
in the furnace and allowing for the space taken up 
by the amount of calcine and fettling material that 
is normally on the side walls. The net area of the 
outlet flue is about 90 sq ft, after allowing for the 
normal accumulation of ash and clinker on the walls 
and floor of the flue. The constriction near the up- 
take end is a result of its being impracticable to 
widen the furnaces for their entire length and is 
perhaps not a desirable feature. However this re- 
duction in area is not as great as might appear 
because in the narrow part of the furnace the only 
material charged is coarse siliceous ore which, with 
its steep angle of repose, does not take up as much 
room as does calcine. 

The sections through the furnace shown in Figs. 
5 and 6 illustrate the flexibility of suspended con- 
struction for giving any desired roof contour. Speci- 
ally shaped roof tile is used in the shoulders of 
the furnace roof and also in the slopes of the uptake 
roof. This special tile is preferred to the stand- 
ard shape for sloping sections because with it 
the roof can be kept clean more easily and also be- 
cause the hot face of the shoulder or slope is less 
liable to damage from spalling. It will be noted that 
suspended blocks of basic refractory, locally termed 
“side-wall cans,” are used in the upper part of the 
side walls and of the firing wall. The replacement 
of brickwork in these parts of the furnace was a 
minor problem before the use of these suspended 
side-wall cans was developed. 


Firing Practice 

Since two-furnace operation was resumed in 1949, 
the rate of firing on the furnaces has been varied 
from 120 to 140 tons of coal a day. At the present time 
it is being maintained at about 125 tons a day, 
which experience has shown to be close to the 
minimum tonnage for efficient operation with the 
present size of furnace. The coal used is bituminous 
coal from the Sydney district in Nova Scotia and a 
typical analysis is as follows: 


Moisture content as-received 3 to 5 pet 
Proximate analysis, dry basis: 
Volatile matter 36.5 pet 
Fixed carbon 55.9 pet 
Ash 7.6 pet 
Sulphur 2.1 pet 
Btu per lb 13,970 


The current price for coal is $12.71 a ton f.o.b. 
Noranda and the cost of handling and pulverizing is 


JUNE 1954, JOURNAL OF METALS—749 


Table II. Reverberatory Furnace Data 


Lost 
Time 
for 
Tons per Furnace Day Million Brick 
Btu per Re- 
Total Fuel Ton pairsin 
Cal- Other’ Solid Coal Ratio, Solid Furnace 
Period cine Charge Charge Burned Pet Charge Days 
1934 1144 82 1226 135 11.05 3.04 12.8 
1941 1484 40 1524 153 10.06 2.71 0.2 
1945 1996 56 2052 212 10.33 2.73 0.0 
1951 1318 20 1338 130 9.72 2.64 0.0 
January 
to March 
1953 1381 37 1418 125 8.82 2.41 0.0 


about $1.00 a ton. The coal as received contains 26.8 
million Btu per ton so that the cost of pulverized 
coal delivered to the furnaces is $0.51 per million 
Btu. With this high fuel cost, efficiency and econ- 
omy in fuel consumption are of the utmost impor- 
tance. This is particularly true because, for reasons 
which are given later, the value of the credit for 
waste heat steam is small compared with the simi- 
lar credit at many other smelting plants. 

There are four coal burners on each furnace and 
the arrangement of one of the burners and the 
secondary air supply are shown in Fig. 7. The 
burner tips, made of cast iron, are of “‘fish-tail” de- 
sign and are connected to a 9 in. lateral, one leg of 
which joins the coal piping while the other leg 
serves as an inlet for the secondary air. The sec- 
ondary air pipe in the burner tip is a 4 in. pipe 
reduced to a nozzle with a diameter of 3% in. 
Secondary air is supplied by a centrifugal blower, 
the driving side of which is a pass-out turbine tak- 
ing steam at 175 psi from the high pressure steam 
main and exhausting at 40 psi into the low pressure 
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main which supplies steam for plant heating and 
process work. The turbine, which has variable 
speed control, is direct-connected to a two-stage 
blower equipped with diffuser vanes. This arrange- 
ment makes possible a wide range in both volume 
and pressure, sufficient to take care of the air re- 
quired for one furnace at low tonnage or the air 
required for two furnaces at high tonnage. The air 
inlet to the blower is equipped with steam heaters 
which maintain a constant inlet temperature of 
100°F so that for any given pressure setting the 
blower delivers a constant weight of air. 

At present the secondary air supply to the two 
furnaces is about 17,000 cfm measured at 100°F and 
28.8 in. Hg and the pressure at the blower discharge 
is 3.5 psi. The power equivalent of the steam re- 
quired by the turbine is about 275 kw and it might 
be argued that this is expensive secondary air. 
However experience at Noranda has shown that 
secondary air under pressure is necessary to obtain 
high furnace tonnage and good fuel ratios when 
burning pulverized coal. 

A good deal of experimenting has been done with 
secondary air nozzles and burner tips, most of it on 
an empirical basis, from which one or two principles 
have been established. Apparently the important 
effect of the secondary air is the turbulence it gives 
to the coal and air mixture, which produces rapid 
combustion and high flame temperature. To obtain 
maximum turbulence, it seems that volume is neces- 
sary as well as pressure; for example, it has been 
found that 8500 cfm at 3% psi is more effective than 
5000 cfm at 6 psi. Experimentation has also shown 
that the size of the burner tip is important, a small 
tip giving comparatively slow ignition while with a 
larger tip ignition takes place more rapidly. For the 
tonnage of coal now being burned, a tip that meas- 
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Fig. 5—Half section through No. 2 furnace at A-A and B-B, Fig. 4. 
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Fig. 6—Half section through No. 2 furnace at C-C and D-D, Fig. 4. 


ures 13x4 in. at the discharge is giving very satis- 
factory results. 

The quantity of air required for the combustion of 
125 tons of coal a day and to give a slight excess of 
oxygen is 27,000 cfm measured at 100°F and 28.8 
in. Hg. Of this, 9500 cfm is supplied as primary air 
with the coal and 8500 cfm as secondary air, which 
means that 9000 cfm, or one-third of the total com- 
bustion air, comes into the furnaces as induced air 
or leakage. This seems high and perhaps future 
improvement in furnace firing lies in finding ways 
of reducing this quantity of air and supplying it 
under pressure. 

As a guide in firing control, regular Orsat anal- 
yses are made on gas samples taken with a water- 
cooled sample tube through the center of the fur- 
nace roof at a point about 13 ft from the uptake. A 
typical gas analysis is as follows: CO, + SO,, 18.3 
pet; O., 0.4 pct; CO, 0.0 pct. These samples are taken 
at a fixed point and are therefore not necessarily 
representative of the gas analysis over the whole 
area at that section of the furnace. Nevertheless, 
experience at Noranda has shown that these gas 
samples and analyses are of the utmost value in 
combustion control. 

At the present time the practice is to set the firing 
rate at a figure close to 125 tons of coal a day and to 
leave it unchanged, adjusting the secondary air 
when necessary to give the correct gas analysis and 
altering the tonnage of feed to the roasters should 
the smelting rate vary. It has been found that from 
the point of view of fuel economy this practice is 
better than attempting to maintain a constant fur- 
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nace tonnage, which requires changing the firing 
rate if the rate of smelting should change. 

With a uniform firing rate and a constant weight 
of secondary air, the two variables in combustion 
control are the primary air supply and the air that 
enters the furnace as induced air through the 
burner openings and as leakage through charge 
openings or elsewhere. The weight of the primary 
air is affected by the temperature in the coal plant, 
which varies between day and night and also with 
the seasons of the year, but ordinarily the effect of 
these changes is small. However, changes in furnace 
draft have a considerable effect on induced air and 
leakage, and therefore close regulation and control 
of furnace draft are of prime importance. Furnace 
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Fig. 7—Burner and secondary air arrangement. 
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Fig. 8—Roof tile and assembly of patching unit. 


draft, measured at the same point in the furnace 
roof as the gas samples are taken, is maintained at 
minus 0.03 in. of water by adjusting the boiler out- 
let dampers or the by-pass flue damper. In addition 
to the usual indicating draft gage, each furnace has 
a draft recorder and these have been found to be of 
great value in maintaining uniform draft conditions. 
The principle of having a graded area along the 
length of the furnace has already been mentioned. 
One important advantage of this design is that it 
gives a well balanced draft condition throughout 
the furnace length. This is shown by the fact that, 
when the uptake end of the furnace is under slight 
suction, the zone of maximum temperature and 
smelting at the firing end is:either neutral or under 
slight pressure. 
Charging Practice 

It is essential that there be a wide clear channel 
between the ‘‘toes” of the two charge banks in the 
furnace to allow free flow of matte and slag to the 
skimming end of the furnace. Bridging of this chan- 
nel may occur if both sides of the furnace are 
heavily charged and the charge banks should slide. 
To prevent this, frequent small charges are made on 
alternate sides of the furnace, the present practice 
being to charge every 30 min, one side on the hour 
and the other on the half hour. Frequent charging 
has the added advantage that a more uniform com- 
bustion area is maintained in the furnace. The section 
through the furnace shown in Fig. 5 represents a 


typical condition of the charge banks in the smelt- 
ing zone, with one side fully charged and the other 
partially smelted. Wide furnaces, such as those at 
Noranda, are a necessity for obtaining high tonnage 
with roasted charge on a side fed furnace. 

Calcine is trammed from bins beneath the roast- 
ers in cars of 10 ton capacity drawn by battery 
locomotives, there being one car and motor for each 
furnace. The car is emptied into the furnace bins 
and fed directly to the furnace, the slide gates on a 
selected group of feed pipes having been previously 
opened. A charge consists of two or three cars of 
calcine for which the charging time required is from 
10 to 15 min. Inspection ports are provided in the 
firing wall on each side of the furnace through 
which the size and condition of the charge bank can 
be observed for some distance down the furnace. 
There is also a peep hole in each charge pipe 
through which the charge bank can be seen. These 
arrangements for inspection make possible close 
supervision of charging and charge distribution. 

Coarse siliceous ore is used for fettling the firing 
wall and also the side walls for some 20 ft adjacent 
to the uptake, no calcine being charged in this latter 
zone because it is too close to the slag tap hole. A 
small quantity of reverts is available and is used 
should the bank get particularly low at any point 
in the furnace. Dust recovered in the reverberatory 
furnace and converter Cottrell plants is brought to 
the furnace in cars of 3 ton capacity and charged in 
the same way as calcine. The total of fettling, re- 
verts, and dust forms only a small part of the fur- 
nace tonnage, about 97 pct of the total solid charge 
to the furnace being calcine. 

Converter slag is poured into the furnaces through 
a launder in the center of the firing wall, this 
launder being at about the same level as the coal 
burners. Because the matte is low grade, the quan- 
tity of converter slag is considerable, amounting to 
approximately 600 tons per furnace day. 


Matte and Slag Handling 

The depth of matte and slag in the furnace is 
measured three times a shift, at a point near the gas 
sampling station, and changes in the depth of matte 
are used as a guide in regulating the sulphur elim- 
ination in the roasters. A typical measurement is 
40 in. of total liquid, with 20 in. of matte and 20 in. 
of slag. There are two matte tap holes for each 
furnace, located as shown in Fig. 4, and the matte is 
tapped through a short launder into a ladle which 
sits on a transfer car in the matte tunnel between 
the two furnaces. When the ladle has been filled, 
the car is drawn to the converter aisle by means of 
a car pull. 

The use of a matte tunnel is not general practice 


Table III. Reverberatory Furnace Slag and Matte Analyses 


Au, 0z 


Ag, Oz Cu, SiO», Fe, AloOs, 

Year per Ton per Ton Pet Pct Pct Pot. 
Slag Analyses 

1934 0.0067 0.037 0.2 38.0 35. 8.6 

1941 0.0045 0.053 0.33 38.1 36.8 6.6 

1945 0.0044 0.060 0.34 37.3 35.8 7.4 15 1.6 ie 

1951 0.0046 0.078 0.32 38.6 35.9 6.6 15 15 7 

January to March 1953 0.0045 0.080 0.31 8.5 35. 6.2 13 2.1 07 
Matte Analyses 

1934 2.9 20.0 47, 

1941 0.80 4.3 22.4 

1945 0.70 43 21.8 44.7 23.1 

1951 0.88 6.9 20.9 45.0 23.0 

January to March 1953 0 6.3 20.4 45.0 23.9 
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Table IV. Furnace Repair Costs 


Repair Cost per Year 


Tons of Roof Brick Roof Brick Repair Labor, Repair Cost 
Solid Charge Used per per Ton of Man-Hours Total Roof Total Other Repair per Ton of 

per Year Year, Lb Charge, Lb per Year Material Material Labor Cost Solid Charge 

984,000 787,000 0.80 16,800 $85,400 $5,400 $21,500 $112,300 $0.114 


at copper smelters and perhaps deserves mention. 
Without a tunnel, or some similar arrangement, the 
matte must be tapped near the firing end of the 
furnace, and it is inevitable that the skimming end 
of a furnace tapped in this way will fill with magne- 
tite to a degree that makes the skimming of clean 
slag difficult if not impossible. The furnace must 
then be shut down to dig out the bottom. When a 
tunnel is used, the tap holes can be located near the 
skimming end of the furnace, which can then serve 
its true function: to act as a settling basin and a 
storage reservoir for matte and slag. The regular 
flow of matte to the tap holes helps prevent the ac- 
cumulation of magnetite at the skimming end of the 
furnace and thus makes possible longer furnace 
campaigns. Apart from the question of first cost, 
the only disadvantage of a tunnel is that it may add 
to the trouble that can be caused by a runaway tap- 
hole. Based on Noranda experience, this risk is not 
a serious drawback to the use of a matte tunnel. 

Furnace slag is not skimmed from the surface of 
the bath but is tapped through a slot in the front 
wall of the furnace at a level about half way up the 
layer of slag shown in Fig 6. Ordinarily the slag is 
tapped at a fixed level at the bottom of the slot, the 
tap hole being raised only when the depth of matte 
in the furnace is unusually great. There is little 
trouble with “floaters,” but occasionally there is 
some difficulty due to “silica mush” which may ac- 
cumulate in the furnace and float to the slag hole on 
the bath. Generally this condition results from an 
unexpected change in roaster feed which may tem- 
porarily give a charge containing an excessive 
amount of silica. 

Two four-pot slag trains are used, the pots having 
a nominal capacity of 200 cu ft and delivering about 
16 tons of slag each. The slag trains are drawn to 
the dump by trolley locomotives and the molten 
slag is granulated to be used in the mine for back- 
fill. With this method of slag disposal, dump sam- 
pling is impracticable and regular slag samples 
taken at the furnace are used for control purposes. 


Furnace Data 

Data on furnace tonnage, fuel ratio, and lost 
time for repairs are given in Table II for a repre- 
sentative year in each of the four different periods 
of furnace operation between 1928 and the present 
time. The table also gives similar figures for a three 
month period in 1953 which represents the best 
furnace performance that has been obtained at the 
current rate of operation. Tonnages are actual 
weights of ‘solid charge to the furnaces, and the coal 
consumption and fuel ratios are based on the 
weights of raw coal received and the Btu content of 
the coal for the period concerned. In recent months 
the fuel ratio on the furnaces has been the best in 
the history of the smelter, as is shown by the figures 
for January to March 1953. There is no single factor 
which had brought this about; it has come as the 
result of a number of small improvements in the 
roasters and in furnace operation and firing control. 
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Matte and slag analyses are given in Table III for 
the same representative periods as in Table II. The 
use of limerock as a flux is not practicable at Nor- 
anda, and the furnace slag therefore is essentially a 
straight silica-iron slag containing the alumina and 
the small amounts of lime and magnesia that are 
naturally present in the charge. Slag losses at 
Noranda are of interest because of the high gold 
and the low copper content of the material being 
smelted. Data on slag losses were presented in some 
detail in both tabular and graphical form in a pre- 
vious paper.* 

Furnace Repairs 

The furnace roofs are maintained by ‘‘hot patch- 
ing,” that is, the regular replacement of sections of 
the roof as the brick burns out, without shutting the 
fire off or affecting normal furnace operation. The 
patching “unit,” shown in Fig. 8, consists of two 
roof tiles supported by a hanger and enclosed in a 
casing of light sheet metal, the assembly weighing 
about 40 lb. Standard shape 12 in. tile is used in 
the main part of the roof and special shoulder tile 
in the sloping sections, while some 9 in. and a few 
15 in. tiles are also required. Unburned, chemically 
bonded magnesite brick containing about 20 pct 
chrome is used. Patching of the center of the roof 
is done from the charge floor level while the shoul- 
ders and the charge hole areas are patched from the 
feeder’s platform. Roof tiles are replaced when they 
have been burned out to a thickness of 2 in. or less 
and a single patch usually covers an area of about 
4 or 5 ft square. The old bricks are knocked into the 
furnace a few at a time and new tiles are hung in 
their place, so that at no time is there any large hole 
in the roof, and except for increasing the draft 
slightly, there is no change in the regular operation of 
the furnace when the roof is being patched. By using 
proper care in patching and with the natural ex- 
pansion of the brick, there is no difficulty in main- 
taining a tight roof. The use of side-wall cans 
for the upper part of the furnace walls has already 
been mentioned. The “can” is a light metal con- 
tainer enclosing a block of tamped basic refractory 
made from grain magnesite and chrome-base 
cement together with some sodium silicate, the 
blocks being suspended from supports carried on 
the buckstays. Other than the replacement of roof 
tile and side-wall cans, there is little repair work 
required on the furnace brickwork. 

In Table IV figures are given for the annual repair 
cost for brickwork on the furnaces, based on the 
actual cost figures for the past two years. The 
biggest single item is, of course, roof tile, which 
amounts to 0.80 lb of brick per ton of solid charge. 
Expressed in other terms, the quantity of roof tile 
used means the replacement of about 75 pct of the 
area of the furnace roofs each year. The labor re- 
quired for furnace repairs is given in man hours and 
includes the labor for handling brick and other re- 
fractories to and from storage. The total cost of all 
brickwork repairs, including labor, amounts to 
$0.114 per ton of solid charge. These cost figures are 
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Fig. 9—Section through boiler at A-A, Fig. 10. 


based on a relatively short period of operation, but 
nevertheless it is believed that, with the present 
roof and furnace construction and at the current 
tonnage, the furnaces can be maintained for a period 
of many years for a total repair cost of the order of 
$0.12 per ton. 

Waste Heat Boilers 

Waste heat boilers to generate steam for power 
were not provided when the smelter was originally 
built because it was believed that, with cheap hy- 
droelectric power and high cost fuel, the waste fur- 
nace gases should be used to preheat combustion air 
and thus reduce fuel consumption. A specially de- 
signed preheater, built to take gases from No. 1 fur- 
nace, was therefore included in the original smelter 
design. The story of the failure of this preheater has 
already been told’ and need not be repeated here 
except to say that the chief troubles were the high 
temperature and the heavy dust loading of the fur- 
nace gases. 

In order to supply heating steam, a 750 hp boiler 
was provided on No. 2 furnace in 1929 and a similar 
boiler was added to No. 1 furnace in 1933. At that 
time the preheater was still under trial and no great 
thought had yet been given to developing power 


from waste heat. As a result the boilers were de- 
signed for the comparatively low pressure and tem- 
perature of 175 psi and 525°F, and these design con- 
ditions have been maintained for subsequent boilers. 
After use of the preheater had been abandoned, a 
1000 hp boiler was added to No. 1 furnace in 1935 
and finally a boiler of the same size went into serv- 
ice on No. 2 furnace late in 1939, so that each fur- 
nace was then equipped with one 750 hp and one 
1000 hp boiler. Two turbogenerator sets were pro- 
vided for the production of power from waste heat 
steam, the first unit in 1935 and the second in 1940. 

The first three boilers were four-drum Stirling- 
type boilers while the fourth was of special design 
arranged for auxiliary firing. The chief difficulties 
with these boilers were the rapid erosion of tubes 
in the first bank, which caused frequent shutdowns, 
and the fact that it was difficult to keep the boilers 
clean even though soot blowers were used supple- 
mented by regular hand lancing. As a result steam 
production from the boilers was comparatively low 
and costs were high. 

In 1949 it became evident that the original boilers 
would soon have to be replaced because of age and 
obsolescence and it was decided that the new boilers 
should be patterned after the design of some of the 
recent waste heat boiler installations at copper 
smelters in the United States. The arrangement of 
one of these new boilers is shown in Figs. 9 and 10, 
the important features of design being the absence 
of baffles, horizontal gas flow at low velocity, im- 
proved soot blowing, and minimum height to avoid 
stack effect. Because the inlet gas temperature is 
comparatively low, water walls are not required in 
the boiler inlet chamber and in any case they would 
not be practicable because of possible acid conden- 
sation and corrosion with the low steam tempera- 
ture. The first bank consists of widely spaced 3 in. 
tubes, 6 gage, fitted into large drums for ease of re- 
placement, while the convection bank is made up of 
closely spaced 2 in. tubes. Twenty-four “Air Puff” 
soot blowers are provided, twelve on each side of 
the boiler, using air at 250 psi, and the entire boiler 
setting is of suspended construction. Total heating 
surface is 10,800 sq ft and the maximum rating of 
the boiler is 30,000 lb of steam an hour at 175 psi 
and 525°F. 

The arrangement of the boilers with respect to the 
furnace is shown in Figs. 11 and 12, from which it 
will be seen that the two boilers are located on 
either side of and above the outlet flue from the fur- 
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Fig. 11—Arrangement of 
boilers and flue system on 
No. 2 furnace. 


CALCINE CAR 


nace. This boiler arrangement does not lend itself 
to efficient waste heat steam production because of 
the long indirect passage for gases from the furnace 
to the boilers, but it is difficult to improve with the 
existing layout of the furnace, building steel, flue 
system, and calcine tracks. Each boiler is provided 
with a shut-off damper and when one boiler is down, 
part of the furnace gases go through a by-pass flue 
which is equipped with a regulating damper. 

The first of the new boilers went into service in 
July 1951 and the second in June 1952, while a third 
unit was scheduled for 1953. Experience to date has 
shown that this type of boiler will give very satis- 
factory service for conditions at Noranda and that it 
is a marked improvement over the old boilers. Per- 
haps the chief merit is that the boiler can be kept 
clean by the use of the soot blowers alone, no hand 
lancing whatever being required. Because the boiler 
is always clean, steam production is more uniform 
and furnace draft is less subject to variation, while 
with lower gas velocities in the boiler it is evident 
that tube life will be much longer than with the old 
type of boiler. With two of these new boilers on a 


Fig. 12—Section through 
No. 2 furnace flue system 
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furnace, it is expected that steam production will be 
about 45,000 lb of steam an hour when burning 125 
tons of coal a day, which represents about 35 pct of 
the heat content of the fuel burned in the furnace. 
It is estimated that when all the new type boilers 
are in service, the cost of producing waste heat 
steam, including all the costs of operating and 
maintaining the boilers but with no allowance for 
capital charges, will be about $0.10 per thousand 
pounds of steam. 

It might be of interest to outline the economics of 
waste heat steam production at Noranda. The power 
generated from waste heat steam is used to reduce 
the quantity of hydroelectric power purchased so 
that the value of waste heat steam can be set by the 
value of the power it will generate. On this basis, 
for the steam conditions and the power cost at 
Noranda, the gross value of steam is $0.30 per thou- 
sand pounds of steam, and since the boiler costs 
amount to $0.10 per thousand pounds, the net value 
of steam as a credit to furnace operation is $0.20 per 
thousand pounds. A calculation will show that with 
the figures that have been given for furnace fuel 


BOILER 


2 


BY-PASS UPTAKE 


at A-A, Fig. 11. 


INU 


NORMAL SLAG LEVEL 


OUTLET FLUE i 


TRANSACTIONS AIME 


JUNE 1954, JOURNAL OF METALS—755 


| 
DAMPER 
| 
| 
| | 
( 
| FURNACE UPTAKE 
| 
"==> ------ | BOILER | 
“Sy | | | 
SS SS 
| 
| | 
| 
al 
CALCINE CAR | 
— 
| 
| 
yy, 
| 
43'-8 4 


consumption, coal cost, and steam production and 
value, the gross credit for waste heat steam amounts 
to about 20 pct of the furnace fuel cost while the net 
credit is 13 pct. These are low figures compared 
with those smelting plants where fuel is cheap and 
where waste heat steam replaces steam generated in 
direct-fired boilers. 


Furnace Cottrell Plant 

When two-furnace operation was resumed in 1949, 
it was decided to install additional Cottrell equip- 
ment to reduce stack losses, because of the increased 
gold and copper input to the smelter, coupled with a 
higher price for copper. Accordingly a new and 
larger roaster Cottrell plant was built and the old 
roaster is now used for the treatment of the rever- 
beratory furnace gases. This program had the 
twofold object of reducing the roaster losses and 
effecting a dust recovery from the furnace gases, 
which had previously been going to the stack with- 
out treatment. The new roaster Cottrell went into 
operation in 1950 and the Cottrell plant for the fur- 
nace gases has been in use since early in 1951. Re- 
sults have been very satisfactory and the combined 
stack loss from the roasters and reverberatory fur- 
naces has been reduced to a very low figure. 

Information on the operation of the furnace 
Cottrell plant and of the dust recovery that is being 
made might be of interest. Because of the boiler 
replacement program, there have been only a few 
periods during which four boilers have been in 
operation to give gas volumes and temperatures 
that can be considered normal. It might also be 
noted that the present furnace flue system is a com- 
plicated one with the result that dilution of the fur- 
nace gases is excessive. When the last of the new 
boilers goes into service, it will be possible to sim- 
plify the outlet flue system behind the boilers and it 
is expected that this change will reduce the gas 
volume to the Cottrell plant. Despite these abnormal 
conditions, the Cottrell is making an excellent re- 
covery of the dust in the furnace gases. 

The Cottrell plant is of the rod-curtain type and 
consists of six units in parallel, each unit being 
fifteen “ducts” wide and having three sections in 
series. Inlet and outlet dampers are provided on 
each unit and rapping of the electrode systems for 
dust removal is by means of pneumatic hammers. 
The recovered dust falls into hoppers and is drawn 
off into cars to be charged to the furnaces. Although 
there is considerable zinc and some lead in the fur- 
nace gases, Cottrell operation is generally smooth 
and excellent collection efficiencies are obtained in 
the periods of normal gas volume. When one boiler 
is out of service, the gas volume and temperature 
are higher which results in somewhat lower effici- 
encies. The collected dust is weighed and sampled 
and the gases in the outlet flue from the Cottrell to 
the stack also are sampled regularly to determine 
the dust loss, using a method of continuous sampling 
developed at Noranda. Some system of regular 
measurement of the loss from a Cottrell is essential 
for controlling Cottrell operation and maintaining 
high collection efficiency. 

The Cottrell collection efficiencies on dust and 
metals for September 1952, a typical month with 
four boilers in operation, together with the gas 
volume and temperature, are as follows: dust, 92.0 
pet; gold, 94.3 pct; silver, 91.1 pct; copper, 93.9 pct; 
gas volume, 372,000 cfm at 340°F and 28.5 in. Hg. 

The weight and metal content of the Cottrell dust 
collected for this month are given in Table V, 
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together with the Cottrell loss and other figures 
on dust loading. The metal content of the Cottrell 
recovery varies from month to month depending on 
the grade of the furnace feed. Based on the col- 
lection figures for 1951 and 1952, the metal content 
of the dust recovered in the Cottrell per year 
amounts to 1900 ounces of gold, 40,000 ounces of 
silver, and 250 tons of copper, with a gross value of 
about $250,000 at current metal prices. 

The total dust loading of the reverberatory fur- 
nace gases is perhaps of some interest. The addi- 
tional information required to obtain this figure is 
the amount of dust collected at various points in the 
flue system ahead of the Cottrell, made up of daily 
cleanings from the furnace outlet flues and boiler 
inlets, dust that collects in the boilers, and dust that 
is recovered in the periodical cleaning of the flue 
from the boilers to the Cottrell. These products are 
not ordinarily weighed and sampled but an accurate 
estimate was specially prepared covering a repre- 
sentative period of current operation. In Table V 
are given the tonnage and metal content of the re- 
covery ahead of the Cottrell, of the dust collected in 
the Cottrell, and of the Cottrell loss, all for the 
month of September 1952. The sum of these repre- 
sents the dust loading of the gases at the furnace 
outlets, and the weight and metal content of this 
loading is given in Table V, and is also shown ex- 
pressed as a percentage of the weight and metal 
content of the solid charge to the furnaces. The 
dust is much lower in copper than the furnace 
charge, this being the result of dilution with coal 
ash. The figures show that dusting from the fur- 
nace charge is comparatively low; this is undoubt- 
edly due to the fact that only one-third of the 
roaster charge is concentrates, the balance being 
crushed material, that is, direct smelting ore and 
siliceous flux. The gold and silver content of the 
dust indicates that there is some volatilization of 
the precious metals in the furnaces. 


Canadian and American Practice 

It happens that at the three Canadian smelters 
which are using reverberatory furnaces, Copper 
Cliff, Flin Flon, and Noranda, the metallurgical and 
economic conditions which govern furnace practice 
are quite similar. First, the material to be smelted 
is low grade and therefore requires roasting, the 
one exception to this being Copper Cliff where there 
is some direct smelting of copper concentrates. Sec- 
ond, fuel is expensive and the value of waste heat 
steam is relatively low so that efficient utilization of 
heat within the furnace is important. Third, spare 
furnaces are not available and with large tonnages 
of low grade material to be smelted, methods of 
furnace construction and maintenance are required 
which will give long campaigns at high tonnage 
rates. 

At Copper Cliff there are seven furnaces for the 
smelting of roasted nickel-copper concentrates. 
These furnaces are side fed, pulverized coal is the 
fuel, suspended roofs are used, and maximum fur- 
nace tonnages are required. As at Noranda it was 
found necessary to widen the furnaces to obtain 
high tonnages. Only a few of the furnaces at Cop- 
per Cliff are equipped with boilers, and waste heat 
steam is generated for plant heating and process 
work only. In addition to the seven furnaces on 
calcine smelting, there are two furnaces for the 
direct smelting of copper concentrates. It is of in- 
terest to note that the first successful use of pulver- 
ized coal firing together with side charging was ona 
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Table VY. Dust Loading of Furnace Gases, September 1952 


Analysis Content 
Au, Oz Ag, Oz Cu, Zn, Pb, Au, Ag, Cu Zn, Pb 
Material Tons per Ton’ per Ton Pct Pct Pct Oz Oz Tons Tons Tons 
Flue and boiler cleanings 145 0.21 2.4 5.4 3.4 0.7 30 340 7.8 4.9 1.0 
Cottrell dust recovered 516 0.32 5.4 3.9 10.1 1.8 165 2,770 20.1 52.1 9.3 
Cottrell loss 45 0.22 5.9 2.8 14.4 2.6 10 270 1:3 6.5 1.2 
Total dust loading 705 0.29 4.8 4.1 9.0 1.6 205 3,380 29.2 63.5 11.5 
Solid charge to furnaces 82,250 0.37 2.4 8.1 2 le 0.1 30,600 220,000 6,650 870 80 
Loading as Percent of Solid Charge 
Metal Content 
Weight Au Ag Cu Zn Pb 
0.86 0.67 1.54 0.44 Vie 14.4 


furnace at Copper Cliff in 1911, and that these two 
features of furnace practice are still in use at 
Canadian smelters. 

The smelter at Flin Flon, also a roaster-reverber- 
atory furnace plant, holds perhaps a unique record 
in that the one reverberatory furnace has been op- 
erating regularly for over twenty years without a 
serious break in production. The suspended basic 
roof was first used at Flin Flon in the early years of 
operation and there is no doubt that this type of 
roof has helped to make possible the record for 
continuous operation with a single furnace that has 
been established by this smelter. Pulverized coal is 
used for fuel, the furnace hes been widened to in- 
crease capacity, and the production of waste heat 
steam is of secondary importance because the com- 
pany has its own hydroelectric power plant. Re- 
cently a zinc fuming furnace was built for the 
treatment of reverberatory furnace slag, and the 
normal smelter feed of copper concentrates was 
supplemented by a quantity of zinc plant residue. 
Thus the reverberatory smelting furnace has begun 
to play a part in the treatment of what has long 
been a “problem” by-product of the electrolytic 
zinc plant. 

Two important features of modern practice at 
copper smelters in the United States are the con- 
tinued trend to the direct smelting of concentrates 
without roasting and the widespread use of natural 
gas for fuel. The merits of direct smelting, first es- 
tablished at Cananea some twenty-five years ago, 
were further proved by the adoption of this method 
at Miami, McGill, and Douglas. Since then the three 
new smelters that have been built, Hurley, Morenci, 
and Ajo, were all designed for direct smelting. 
There are, of course, a number of roaster-reverbera- 
tory plants still in operation where special local and 
metallurgical conditions, as in Canada, make this 
practice preferable to direct smelting. At those 
American smelters which are still “hot charging,” 
the use of Wagstaff guns for feeding the furnaces 
is now general. This is in contrast to the practice at 
Canadian smelters where, with wide furnaces and 
favorable charge conditions, side charging is still 
the preferred method of feeding the furnaces 

Although natural gas as a fuel for reverberatory 
furnaces is less efficient than fuel oil or pulverized 
coal, nevertheless it is used wherever it is available 
because of its cheapness and convenience. The cost 
of fuel at copper smelters in the United States is 
generally much lower than at Canadian plants. 
Another point of contrast between conditions at 
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Canadian and American smelters is in the impor- 
tance of waste heat steam production. It has been 
shown that at Noranda steam is of relatively low 
value and this is true to perhaps an even greater 
degree at Copper Cliff and Flin Flon. At most of 
the large copper mines in the United States, power 
must be generated from steam, and under these con- 
ditions the value of the waste heat steam produced 
in the smelter is equivalent to the cost of the fuel 
required to produce that same amount of steam in a 
direct-fired boiler. As a result the waste heat boiler 
installations at most American smelters are an im- 
portant part of the power generating plant and the 
credit for waste heat steam means a considerable 
reduction in the furnace fuel cost. This is particu- 
larly true with direct smelting furnaces, where 
waste heat steam production is high and where the 
gross credit for steam usually amounts to from 50 
to 55 pet of the furnace fuel consumption. In re- 
cent years new principles of waste heat boiler de- 
sign have been developed at several American 
smelters and new types of boilers are now in oper- 
ation which promise to further improve the general 
high standard of waste heat boiler practice. 

In Canada “hot charged” reverberatory furnaces 
are operated at a much higher tonnage than is gen- 
eral on “hot charged” furnaces in the United States. 
One exception to this was in the past at Clarkdale, 
where a rate of 1600 tons of charge a day was 
reached. A comparison of furnace performance at 
Canadian smelters with direct smelting furnaces in 
the United States cannot be made on the basis of 
tonnage, because of the wide difference in fuel 
ratio with the two types of smelting. However if 
the comparison is made on the basis of fuel input, 
then it can be said that the rate on most direct 
smelting furnaces is comparable to 1400 tons of 
charge a day in terms of Canadian practice with 
calcine smelting. The record for tonnage on a direct 
smelting furnace has been set at McGill, where the 
average daily tonnage for May 1940 was 986 tons 
of charge with a fuel consumption of 223 tons,° a 
furnace performance which is comparable with 
2000 tons a day on a calcine smelting furnace. 

The suspended basic roof is being used on all 
reverberatory furnaces in Canada, in sharp con- 
trast to practice in the United States, where sprung 
silica arches are still used, supplemented by “slurry 
patching” for roof maintenance. This fundamental 
difference in methods of roof construction and 
maintenance is perhaps not as readily explained as 
some of the other differences in furnace practice. 
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Many factors are involved which are beyond the 
scope of this paper to discuss and therefore no 
attempt will be made to assess the relative merits of 
the suspended roof and the sprung arch for re- 
verberatory smelting furnaces. The important fact 
is that with the use of either the suspended basic 
roof or “slurry patching” of the sprung silica arch, 
smelter operators now have a means of prolonging 
roof life almost indefinitely. This has made possible 
greatly increased furnace tonnages and has at the 
same time resulted in lower furnace repair costs. 


Summary 


The development of furnace practice at Noranda 
has been reviewed and present operation has been 
described in considerable detail. Under present 
conditions the emphasis is no longer on maximum 
tonnage but on increased efficiency and in recent 
years the fuel ratio has been improved, modern 
waste heat boilers have been installed, and a con- 
siderable metal recovery has been effected by treat- 
ing the furnace gases in a Cottrell plant. Canadian 
and American furnace practices have been com- 
pared and some explanation given for differences in 
principles and methods. 
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Technical Note 


A Correction to “The Sigma Phase in Binary Alloys” 


by Peter Greenfield and Paul A. Beck 


ECENT work by J. Darby, Jr. in this laboratory 

has shown that the reported’ vanadium-rich 
limit of the o phase in the Co-V system at 1200°C 
is in error. The appearance of a second phase in o 
actually is restricted to alloys containing over 68 
atomic pet V. The error in the original value is due 
apparently to a reaction that takes place along the 
numerous cracks in the o specimens between the 
alloy and the impurities present in the He + 8 pct H 
atmosphere in the annealing furnace. Such a re- 
action and the consequent appearance of a second 
phase can be suppressed if the alloys are sealed 
under vacuum in Vycor tubing. 

The new value of 68 atomic pct V for the vana- 
dium-rich limit of the o phase in the Co-V system 
effects slightly the o compositions calculated from 
average values of N, and N, for various o phases.* 
The standard deviation between experimental mean 
compositions and those calculated from the assump- 
tion that o is characterized by a constant number of 
3d + 4s electrons per atom (JN), is slightly reduced 
from 9.1 to 8.8 pct. The maximum divergence for 
the V-Mn o phase is reduced from 15.5 to 14 atomic 
pete 

The standard deviation calculated from constant 
electron vacancy numbers given by 


N, = 4.66(Mo + Cr+ V) 4+ 3.2(Mn) + 
2.2(Fe) + 1.71(Co) + 1.6(Ni) 
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is now greatly reduced, as the maximum diver- 
gence for this correlation previously occurred in the 
V-Co system. This maximum divergence is reduced 
from 7.6 to 2.3 pet, and the standard deviation for all 
o phases is reduced from 4.1 to only 2.9 pct. 

The correlation for electron vacancy numbers 
given by 


N, 5.66 (V when with Ni or Co) + 
4.88 (V when with Mn or Fe) 
+ 4.66 (Cr + Mn) + 3.3 (Mn) + 
2.66 (Fe) + 1.71 (Co) + 0.61 (Ni) 


is made slightly worse, and the standard deviation 
increases from 2.8 to 3.9 pet. These changes, how- 
ever, do not affect the conclusions of the paper.’ The 
deviation between calculated and experimental o 
compositions is much less for either one of the elec- 
tron vacancy correlations than for the correlation 
with the number of 3d + 4s electrons. 


1P. Greenfield and P. A. Beck: Trans. AIME ‘ 
JouRNAL oF Merats (February 1954). 
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Activities of Fe, FeO, Fe,O,, and CaO in Simple 


Slags 


by Hugo R. Larson and John Chipman 


The data previously reported for the quantity j — Fe™*/(Fe* + 
Fe*'*) as a function of oxygen pressure at 1550°C have been used to 
compute the activities of Fe, FeO, Fe.O3, and CaO in slags of the 
ternary system. Activities of the first three have been obtained also 
for two quasi-ternaries involving fixed CaO:SiO, ratios. 


N a previous paper’ the authors reported the re- 

sults of an investigation into the effects of oxygen 
pressure on the composition of various simple slags 
analogous to some of those which are found in steel- 
making practice. The ratio of ferric iron to total 
iron was studied at 1550°C in iron oxide melts to 
which lime, magnesia, lime-plus-silica, and other 
oxides were added. The oxygen pressures involved 
those of air, carbon dioxide, and carbon dioxide plus 
carbon monoxide in several proportions. Although 
very low oxygen pressures could not be used, the 
slag-metal equilibrium studies of Fetters and Chip- 
man permitted extending the’ results to slags in 
equilibrium with iron. 

For the ternary system CaO-FeO-Fe.O, the oxy- 
gen pressure-composition relationship has been de- 
termined from zero percent lime to lime saturation 
over an oxygen pressure range from air to that rep- 
resented by equilibrium with liquid iron. Lime and 
silica were added to iron oxide in the ratios 0.54, 
1.306, and 2.235 to form three quasi-ternary systems 
which were also studied over the entire region of 
liquid melts at 1550°C. 


Ternary Gibbs-Duhem Equation 


Wagner’ has developed a method by which the 
activities of two components of a ternary system can 
be calculated if the activity of the third component 
is known throughout the composition range being 
considered. 

The fundamental form of the Gibbs-Duhem equa- 
tion for ternary systems is N,d Ina, + N.d Ina, + 
N,d In az: = 0. Wagner has developed a usable form 
of this equation by introducing the term y = N./(N; 
+ N,) and rearranging the equation to give 


(a —y 


N, 2 In ap 
ON. 7, 


To apply this equation to the slag system CaO- 
FeO-Fe.O., the activity of one of these components 


H. R. LARSON, Junior Member AIME, is Metallurgist, American 
Brake Shoe Co., Mahwah, N. J., and J. CHIPMAN, Member AIME, is 
Professor of Metallurgy, Massachusetts Institute of Technology, 
Cambridge, Mass. 

Discussion on this paper, TP 3777C, may be sent, 2 copies, to 
AIME by Aug. 1, 1954. Manuscript, Dec. 11, 1953. New York Meet- 
ing, February 1954. 
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must be known. However, the only activity which 
is known from the experimental data is the activity 
or pressure of oxygen in the gas phase with which 
tne slag is in equilibrium. The activity of oxygen in 
the slag can be defined as the square root of the 
oxygen pressure. In order to use oxygen as one 
component, the composition of the slags must be 
converted to the basis Fe-O-CaO. Oxygen, exclu- 
sive of that contained in CaO, then becomes com- 
ponent 2 in Eq. 1, Fe is selected as 1 and CaO as 3. 
Then y = Neao/ (Now + Nee). Eq. 1 then becomes 


( —y ( =) 


No 
1—WNo y 


In order to evaluate Eq. 2, the boundary conditions 
must be known. The obvious choice of a standard 
state for iron is to assign slags in equilibrium with 
iron an activity of one. Then In a;, or log dy., which 
is substituted for convenience, is determined by in- 
tegrating along a line of constant y from the slag in 
equilibrium with iron to the composition at which 
log ay. is to be determined. Mathematically this can 
be expressed as 


( 0 108 Aye 


log dre (No, y) = log a'y. + i ) BAe 


) ONo 
[3] 


where the primes indicate equilibrium with liquid 

When Eq. 3 is integrated along a line of constant 
y, the following is obtained: 


% 
log (No, y) = — Y ( ) 
Oy (1 — N,)’ 


oO 


Lime-lron Oxide Slags 


Iron Activity: The oxygen pressure of lime-iron 
oxide slags is shown in Fig. 1 as a function of j, de- 
fined as 7 = Fe***/(Fe* + Fe***) for various constant 
mol percentages of lime. The 7 values at 0 to 60 pct 
lime were then determined for oxygen pressures of 
1, 10°, ete. to 10° atm. For purposes of calculation, 
the line for zero percent lime was extrapolated to 
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Fig. 1—Oxygen pressures in CaO-FeO-Fe,O, slags at 1550°C. 
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Fig. 2—Function y = Noao/(Noao + Nye) vs mol fraction oxygen 
(exclusive of CaO) at constant oxygen pressures. 


higher oxygen pressures. Since the lines of Fig. 1 
are relatively straight, there is little uncertainty in 
extrapolating and the calculations are simplified. 

These slag compositions expressed as 7 and mol 
percent lime were recalculated to the basis Fe-O- 
CaO to permit their application in Eq. 4. Since the 
composition of a ternary system is fixed by the con- 
centration of one component and the ratio of the 
other two, these compositions were expressed as No 
and y (as defined above). 

These latter values have been plotted in Fig. 2 
where each line represents a constant value of log do. 
The two terms in Eq. 4 were evaluated by reading 
the appropriate values from Fig. 2 and performing 
the various differentiations and integrations by 
graphical methods. The calculated values of log ay. 
are plotted against N,. for different values of y in 
Fig. 3. The compositions of slags for which log ay. 
is 0, —1, etc. to —5 were converted to the basis CaO- 
FeO-Fe.O;, and the results are plotted in Fig. 4 as 
lines of constant iron activity. 

It is difficult to estimate the accuracy of the cal- 
culations. The first term in Eq. 4, involving differ- 
entiation before the integration, is certainly the 
least accurate. Since it is multiplied by y, the ac- 
curacy decreases as y increases, i.e., at higher lime 
contents. 

As a check on the calculated activity of iron, ex- 
periments were performed utilizing the fact that 
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LOG of, 
T 


iron dissolved in the platinum crucibles in an 
amount which depended upon the iron activity of 
the slags. Platinum foils were equilibrated with 
slags of different lime contents but with the atmos- 
phere adjusted to give the same iron activity. If the 
same iron content were found in the platinum, the 
calculated iron activities would be verified. These 
experiments were carried out in groups of 3 to 5 
foils at four levels of iron activity. On a plot of the 
activity vs mol fractions of iron, the maximum de- 
viation in mol fraction was + 0.01. The results have 
been utilized’ to obtain the activity coefficient of Fe 
in the solid solution Pt-Fe. 

Lime Activity: It would be possible to calculate 
the lime activities in precisely the same manner as 
the iron activities were determined. However, an 
easier method is available. The fundamental form 
of the Gibbs-Duhem equation for this ternary sys- 
tem is Ny. dInay. + NodIndo + dInCaO = 0. 
Along a line of constant oxygen activity, the equa- 
tion reduces to Ny. dln dpe + Noa = 0. If 
the activity of CaO is based on pure solid lime, it 
becomes 


Ncao 
log Acro = — f d log Ape 


NCaO(sat.) Cad 


The necessary data are available from Fig. 3. The 
plotted points can be connected by lines of constant 
oxygen activity which are approximately parallel 
to the horizontal axis. The integrations were per- 
formed on the data along oxygen pressure lines of 
1, 10°, 10%, 10°, and 10° atm. For each of these 
constant pressures, the activity of lime was plotted 
against the mol fraction of lime. The compositions 
with lime activities of 1.0, 0.8, 0.6, 0.4, 0.2, and 0.1 


were read from these curves. The appropriate con- 


centrations were marked off on the oxygen pres- 
sure lines of Fig. 4 and the points were joined by 
lines of constant lime activity. 

The lime activities along the line representing 
slags in equilibrium with iron were also determined 
by an independent calculation. Since the activity of 
iron is constant, the ternary Gibbs-Duhem equation 
reduces to 


Neao d log Acao + No d log ao (Oe 
Therefore, 


No 


d log = — d log ap - 


CaO 


The variation of log a (= % log Po.) with com- 
position along this line of iron saturation is shown 
in Fig. 1. When the integration was carried out, the 


36 0. 


MOL FRACTION OF IRON 


Fig. 3—Activity of iron as a function of slag composition, ex- 
pressed as N,, and y. 
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Fig. 4—Activities of O, Fe, and CaO in the system CaO-FeO-Fe.O,. 
Compositions in mol fraction. 


points for dow = 0.8, 0.6, etc. were in satisfactory 
agreement with the lines of constant lime activity 
shown in Fig. 4. 

Activity of Ferrous Oxide: The calculation of iron 
activity shown in previous sections is permissible 
from a thermodynamic standpoint. However, since 
slags are usually considered in terms of oxides 
rather than elements, it is desirable to calculate the 
activities of ferrous and ferric oxides. In addition 
the activity of iron changes rapidly with composi- 
tion, in fact by a factor of 100,000 in the range from 
iron saturation to an oxygen pressure of 1 atm. The 
activity of ferrous oxide, defined as the product of 
the activities of iron and oxygen, changes much less 
rapidly over the same range. 

The data necessary for this calculation have been 
plotted in Fig. 3. The value of log a,. + log do was 
determined for each of the slags represented by the 
plotted points. The standard state was selected as 
the hypothetical stoichiometric FeO. The value of 
log dy. + log d in the standard state was deter- 
mined by plotting these values for pure iron oxide 
slags (i.e., zero percent lime) against the mol frac- 
tion of FeO. This procedure gave a value of —4.272 
for (log ay. + log da) in the standard state, where 
do = po”. The activity of FeO based on pure FeO 
could then be determined by subtracting this ex- 
trapolated value from the value of log ap. + log do 
for each of the slags. 

For each group of slags with a constant value of y 
as shown in Fig. 3, the activity of FeO was plotted 
against the mol fraction of FeO. Compositions cor- 
responding to dreo = 0.9, 0.8, etc. were picked off and 
plotted in Fig. 5 as lines of constant FeO activity. 

Activity of Ferric Oxide: The activity of ferric 
oxide was determined in a somewhat analogous 
manner. 

= Ave X A’, = 2 1OG dre + 3 log Go. 
Since none of the slags approaches the composition 
Fe,O,, some other standard state than the pure com- 
pound must be chosen. The standard state was es- 
tablished by making the activity of Fe.O; in the pure 
iron oxide slag in equilibrium with iron equal to its 
mol fraction. The values of log Qre.o; based on this 
standard state were plotted against the mol fraction 
of Fe.,O, for each group of slags with constant y. 
Slags with activities from 0.005 to 5 were plotted in 
Fig. 5 as lines of constant ferric oxide activity. 


Lime-Silica-lron Oxide Slags 


Three master lime-silica slags were made which 
had lime:silica ratios of 2.235, 1.306, and 0.540. 
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These were melted with varying additions of iron 
oxide under the same atmospheres used in the study 
of lime-iron oxide slags. The experimental results, 
expressed as 7 = Fe***/(Fe*** + Fe**) vs mol percent 
of lime + silica, were presented in the previous 
paper.’ 

Slags in Equilibrium with Iron: Since very re- 
ducing atmospheres could not be used in these ex- 
periments, the data of Fetters and Chipman’ have 
been used to obtain the composition and oxygen 
pressure of the slags in equilibrium with iron. How- 
ever, since these included only a few slags which 
had lime: silica ratios sufficiently close to the above 
ratios, the procedure used for lime-iron oxide slags 
was modified.* 

Fetters and Chipman plotted in their Fig. 5 lines 
of constant ferric oxide content on the ternary dia- 
gram (MgO + CaO) — SiO, — FeOctctay. Lines were 
drawn from the iron oxide corner of the diagram 
which had lime:silica ratios of 1.306 and 2.235. The 
intersections with lines of constant ferric oxide con- 
tent were determined, and the compositions were 
expressed as j7 vs mol percent lime-plus-silica. Sim- 
ilarly the oxygen content of the metal was read 
from the appropriate diagram for the same lime: 
Silica ratios, and the equilibrium CO./CO ratios of 
Darken and Gurry’ were used again to establish gas 
compositions in equilibrium with the slags. It was 
thus possible to obtain, for the lime:silica ratios 
1.306 and 2.235, curves (not shown here) corre- 
sponding to Figs. 4, 5, and 6 of the previous paper. 
Similar data for the ratio 0.540 were not available. 
It should be pointed out that this procedure is less 
satisfactory than in the case of the simple ternary 
system. Not only was the magnesia content of their 


Fe,0, 


CoO + SLAG 


CoO + LIQUID IRON + SLAG 


Fig. 5—Activities of FeO and FeO, in the system CaO-FeO-Fe.O.. 
Compositions in mol fraction. 
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Fig. 6—Activity of iron in lime-silica-iron oxide slags at 1550°C. 
Compositions in mol fraction. 
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Fig. 7—Activity of FeO in lime-silica-iron oxide slags at 1550°C. 
Compositions in mol fraction. 
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Fig. 8—Activity of Fe,O, in lime-silica-iron oxide slags at 1550°C. 
Compositions in mol fraction. 


slags higher, but also the interpolation in the dia- 
grams of Fetters and Chipman is less certain. 

Activity of Iron: In a lime-silica-iron oxide sys- 
tem in which the ratio of lime to silica remains con- 
stant, the two can be treated together as one com- 
ponent. Thus the two quasi-ternary systems 
1.306CaO-SiO, — FeO — Fe,O, and 2.235CaO'SiO, — 
FeO — Fe.O, are amenable to the same kind of ac- 
tivity calculations as those already applied to sim- 
ple lime-iron oxide slags. The results of these cal- 
culations are shown in Fig. 6 as lines of constant 
iron activity. 

The activities of ferrous and ferric oxide were de- 
termined as already described for lime-iron oxide 
slags. The results are shown in Figs. 7 and 8. 
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Technical Note 


Purification of Antimony and Tin by a New Method 
Of Zone Refining 


by M. Tanenbaum, A. J. Goss, and W. G. Pfann 


T HE purification of two metals, antimony and tin, 
by zone refining is described, and a reciprocat- 
ing method of passing molten zones through a 
straight ingot, which effects a considerable economy 
of time and apparatus, is discussed. 

Antimony has been used extensively as a doping 
agent in germanium and silicon. More recently, it 
has become important in the preparation of new 
semiconducting compounds such as InSb, GaSb, and 
AlSb. High purity is especially necessary in this 
latter use, since the antimony may comprise as 
much as 80 pct by weight of the compound. Anti- 
mony is generally available in a commercial form 
of about 99.8 pct purity. Column 1 of Table I is a 
typical emission spectra analysis of commercially 
available 99.8 pct antimony. 

Zone refining has been quite successful in increas- 
ing the purity of such samples. Columns 2 to 4 of 


M. TANENBAUM, A. J. GOSS, and W. G. PFANN, Member 
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Table I are analyses of an ingot of the antimony of 
column 1 after the passage of seven molten zones in 
an atmosphere of nitrogen. The ingot length was 
9% in.; the mean zone length was 2 in.; convection 
was the only means of stirring. The column head- 
ings are sample locations in inches from the leading 
end of the ingot. The results illustrate both the 
merit and a limitation of zone refining. It is seen 
that four of the five impurities—nickel, arsenic, lead, 


Table |. Spectrographic Analyses of Zone Refined Antimony* 


Concen- (1) 

tration, As- (2) (3) 4 

Wt Pct received 0 In. 4 In. 
aor Sb Sb Sb Sb 
0.01-0.3 Ni, Pb, As As As As, Pb 
<0.03 Ag, Cu — Cu,Fe,Pb Ag, Cu, Fe, Ni 
<0.005 Fe, Si, Sn Mg, Si, Pb Ag, Mg, Ni Mg, Si, Sn 
<0.001 — Cu, Sn Si, Sn — 


* We are indebted to E. K. Jaycox, N. B. Hannay, W. Hartmann 
A. J. Ahearn, and J. P. Wright for analytical results. ; 


762—JOURNAL OF METALS, JUNE 1954 


TRANSACTIONS AIME> 


\ 
\ 
L \ 
\ 
\ OFe0 0.2 
a 
Z = 
\ 0.4 
2 
\ 
\ 
2 
1 
0.8 


Table Il. Analyses of Zone Refined Tin 


Weight, Pct 
Location 
Material in Ingot Pb Cu* Fe 
As-received — 0.001 0.00003 0.0005 
As-zone refined Beginning <0.0001 0.00002 0.0002 
As-zone refined Middle <0.0001 0.00001 0.0004 
As-zone refined End ~0.03 0.00010 0.0020 


* Values are relative rather than quantitative, but are known to 
be <0.0002. : 


silver, and copper—have been reduced in concentra- 
tion by factors of the order of a decade or more at 
the pure end of the ingot. Two, nickel and silver, 
were not detectable. Arsenic, however, was not re- 
moved from the leading end, which was expected, as 
the As-Sb phase diagram indicates that the equilib- 
rium distribution coefficient is close to unity. 

To prepare antimony with an extremely low 
arsenic content, chemical purification was used. 
Chemically pure antimony trichloride was distilled 
from a hydrochloric acid solution and reduced with 
carbonyl iron. The metallic antimony was then zone 
refined. After ten zone passes, the only impurities 
found, by mass spectroscopy, were zine and arsenic 
in concentrations of about 1 part in 10 million. 

Zone refining has also been successfully applied 
to tin. The metal was initially of high purity, 
99.99+ pct, and further purification was achieved 
by passing 40 molten zones through a 100 gram, 10 
in. ingot sealed in vacuum in a pyrex tube. 

The mean zone length was 1% in. Spectrographic 
and chemical analyses were made. Despite the dif- 
ficulties of the quantitative measurements, they 
show clearly that lead, copper, and iron, the only 
metallic impurities detected, were segregated at the 
end of the ingot. It is likely that fewer zone passes 
would have sufficed, but at the present time a mini- 
mum number has not been established. 

The reciprocating heater method described as 
method 3 below was used in these experiments. It 
produces zone travels with greater overall economy 
of time and apparatus than the perhaps more con- 
ventional methods with which it is compared. 
Therefore, it makes feasible experiments or pro- 
cesses which might not otherwise be attempted. A 
given number, P, of molten zones can be made to 
pass through a straight ingot of length, L, in the 
following ways which are equivalent in purifying 
effect: 

1—By P passes through a single heater, as in Fig. 
la. The main objection to this method is that it 
wastes time. 

2—By one pass through P heaters, as in Fig. 1b, 
which method does the job in the least possible time 
but in which the length of the refiner, the number 


—»| 


FA 
Id wd 


Fig. 1—Methods of passing P molten zones through an ingot of 
length L: a—One heater, P passes; b—P heaters, one pass; c— 
L/d heaters, P + (L/d) — 1 reciprocating strokes of length d. 
Ingot is shown full at beginning, dashed at end, of cycle. 


of heaters, and the heater power are unduly great, 
particularly if P is large. 

3—By a series of short reciprocating strokes, 
using N heaters, as in Fig. lc, where N = L/d and 
where the stroke length is equal to the heater inter- 
val, d. A stroke begins with the leading edge of the 
ingot about to emerge from the first heater. The 
ingot is advanced slowly, with respect to the heat- 
ers, a distance d, whereupon it is rapidly returned 
to its starting position, transferring each molten 
zone to the next heater. Repetitions of this cycle 
can effect the passage of any number of molten 
zones through the ingot. 

These three methods are compared in Table III 
with respect to four processing parameters of eco- 
nomic importance. Rows 1 to 3 contain general 
expressions for length of refiner, number of heaters, 
refining time, and heater energy required to pass P 
zones through an ingot of length L. In rows 4 to 6 
the numerical values of these parameters are shown 
seen that the reciprocating heater method is mark- 
edly superior to method 2 in three categories and to 
method 1 in the all-important time category. Fur- 
thermore, its margin of superiority increases with P. 

These considerations apply particularly to ingots 
of straight form, which is probably the most con- 
venient form to work with. It should be pointed out, 
however, that all of the advantages of method 3 can 
be obtained, without reciprocating motion, by using 
a circular ingot as shown in Fig. 12 of ref. 1. 


1W. G. Pfann: Principles of Zone-Melting. Trans. AIME (1952) 
194, p. 747; JourNnaL or MetTats (July 1952). 


Table III. Process Parameters for Three Methods of Zone Refining 


Length of Refiner 


Number, N, Time, t, Heater Energy 
Row Method Ingot Moving Heaters Moving of Heaters Rel. Units Nt, Rel. Units 

1—One-heater 2L Lth PL PL 
2 2—One-pass 2L + (P—1)d L + 2(P—1)d P L + (P—1)d P[L + (P—1)d] 
3 3—Reciprocating +d L+h L/d L+ (P—1)d (Lh 
4 1—One-heater 18 10 1 90 90 
5 2—One-pass 45 63 10 36 360 
6 3—Reciprocating 12 10 3 36 108 
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Creep Rupture Properties and Structural Changes 


In Carbon and Low Alloy Steels 


by A. B. Wilder, E. F. Ketterer, and D. B. Collyer 


The microstructural stability of 59 carbon and low alloy steels 
after 34,000 hr exposure at 900° and 1050°F, including the weld 
heat-affected zone, is discussed. The tensile and creep rupture 
properties of the parent metal of many of the steels before and 
after 10,000 hr exposure are presented. 


ne eas pipe has been used for many years at 
elevated temperatures. When seamless first be- 
gan to be used, operating temperatures and pres- 
sures were relatively low and the steel produced 
adequately met the existing requirements. The need 
for knowledge of creep properties and graphitiza- 
tion was nonexistent. Today the requirements for 
tubular products have changed considerably. Oper- 
ating temperatures and pressures are increasing 
continually and corrosion, particularly at high tem- 
peratures, presents a problem. Carbon steels have, 
under these conditions, certain economic advantages 
particularly in oil refinery use. However, the use of 
low alloy steels in the generation of steam power 
has increased appreciably due to the influence of 
molybdenum on creep strength and the control of 
graphitization with chromium. 

The behavior of carbon and certain low alloy 
steels after long periods of exposure at 900° and 
1050°F (480° and 565°C) has been investigated. 
The steels were examined before and after 10,000 
to 34,000 hr exposure. Results obtained with mate- 
rial exposed at 1200°F (650°C) are not presented due 
to the severe oxidation and resulting decarburiza- 
tion after long periods of exposure. 

The graphitization characteristics of carbon and 
low alloy steels are of fundamental concern to the 
users of these materials. This is particularly true 
where welded joints are employed. In order to 
evaluate properly the behavior of steels at elevated 
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temperatures, it is desirable to employ not only 
long periods of exposure under controlled condi- 
tions, but to use material with known properties 
and steelmaking practices. 

The purpose of this investigation has been to 
study the microstructure of the weld and the tensile 
and creep rupture properties of the parent metal 
after long periods of exposure at elevated tempera- 
tures. In the report”*’ of a previous investigation 
data were presented on the microstructure, impact 
strength, hardness, and oxidation characteristics 
after 10,000 hr exposure at elevated temperatures. 

When this investigation was planned, methods 
for controlling the graphitization characteristics of 
steel were not established and, therefore, a number 
of special alloy steels were included in the study. 
During the exposure of these steels, the influence of 
aluminum in accelerating the rate of graphitization 
and the inhibiting power of chromium were estab- 
lished by various investigators. Also, the vanadium- 
bearing steels, because of their outstanding creep 
properties, received attention. As a result of these de- 
velopments, considerable progress has been made 
in the field of high temperature tubular products, 
and the necessity for special alloys to prevent graph- 
itization has been restricted largely to the use of 
chromium. 

Material 

Chemical analysis, deoxidation treatment, and 
austenitic grain size of the 59 steels discussed in this 
paper are shown in Table I. The steels were forged 
to 1xl in. bars with the exception of steels 12B, 
12DX, 12DY, 12DZ, 70, 70A, 72 to 78, 82, and 83 
which were machined from heavy wall pipe. All 
bars were surface ground before exposure. Heat . 
treatment before exposure is shown in Table II. The 
majority of the steels included were melted in either 
a basic open hearth or basic electric furnace; how- 
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ever, some of the steels were melted in a laboratory 
induction furnace. 


Procedure for Testing 

Exposure Furnaces: All samples were exposed at 
900°, 1050°, and 1200°F (480°, 565°, and 650°C) in 
electric furnaces without atmosphere control. 

Weld Bead Tests: Two 6 in. weld beads* with dif- 
ferent heat inputs were deposited at U. S. Steel Corp. 
Research Laboratory on opposite sides of a 1x1x6 in. 
bar. Results with the small weld bead deposited 
from a 4 in. diameter electrode using 100 amp at 
24 v and an arc travel speed of 10 in. per min 
are reported in this investigation. The preheat, 
postheat, and type of electrodes used are shown in 
Table II. All welds, including steels 40D and 41D, 
except class 1 (carbon steels), were preheated at 
500°F (260°C) and postheated at 1200°F (650°C). 

Graphitization Chart: A transverse section of the 
weld bead samples was examined microscopically as 
follows: zone 1, in the coarsened structure immedi- 
ately beneath the weld metal; zone 2, in the rela- 
tively fine grain structure beneath zone 1; zone 3, 
near the boundary of the heat-affected zone where 
the grain size is similar to the parent metal; and 
zone 4, in the unaffected parent metal. Results are 
reported after 34,000 hr exposure at 900° and 
1050°F (480° and 565°C) for the small weld bead, 
except for steel 82 which was exposed only 10,000 
hr. The graphitization chart,‘ containing designa- 
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Fig. 1—Test specimen. 


tions A, B, C, etc. (A being the smallest size parti- 
cle), was used. A rating of 10C, for example, indi- 
eates 10 particles of dispersed graphite with an 
average size C in a 4x5 in. field at magnifications of 
500. 

Tensile and Creep Rupture Tests: The tensile and 
creep rupture specimen is shown in Fig. 1. Tensile 
tests after exposure were made at room tempera- 
ture. Creep rupture tests were made at 900° and 
1050°F (480° and 565°C) after 10,000 hr exposure 
at these temperatures in accordance with the pro- 
cedure and facilities which have been described.’ 
Most of the rupture data were based on tests of 
several hours duration to approximately 1000 hr, 
and the values for 10,000 hr were obtained by ex- 
trapolation. 

Creep Rupture Properties 

The creep rupture properties are summarized in 

Table III and Figs. 2 and 3. The identification of 


Table I. Chemical Composition of Carbon Steels 


Deoxida- 

tion, Lb Al 

per Net Tons 
No. Type Process* of Ingots Cc Mn Pr. Ss Si Al N Mo Cr Ni Cu Others 
i Capped O.H. Capped 0.07 0.40 0.008 0.030  — 0.003 0.005 0.004 0.026 0.006 0.01 — 
2 Capped B Capped 0.10 0.55 0.077 0.028 — 0.005 0.016 0.001 0.010 0.004 0.01 — 
3A Carbon B 4 0.16 0.50 0.079 0.028 0.014 0.031 0.017 0.006 0.014 0.006 0.01 = 
3D Carbon B 3 0.15 0.51 0.074 0.022 0.156 0.023 0.020 0.003 0.013 0.005 0.01 = 
4A Carbon B 4 0.24 0.61 0.072 0.021 0.199 0.044 0.018 0.003 0.009 0.010 0.02 = 
4D Carbon B 3 0.25 0.58 0.069 0.022 0.161 0.044 0.019 0.003 0.008 0.010 0.02 — 
5A Carbon O.H. 1.8 0.17 0.46 0.009 0.029 0.028 0.025 0.005 0.004 0.092 0.007 0.01 = 
5B Carbon O.H. 0 0.20 0.57 0.011 0.032 0.224 0.006 0.005 0.004 0.023 0.005 0.01 = 
5C Carbon O.H. 0.4 0.19 0.45 0.016 0.023 0.249 0.003 0.006 0.005 0.043 0.007 0.01 = 
5D Carbon O.H. 1.4 0.20 0.37 0.010 0.038 0.257 0.024 0.005 0.004 0.022 0.006 0.01 0.0003 Ti 
5E Carbon O.H. aie 0.18 0.40 0.007 0.021 0.032 0.016 0.004 0.003 0.022 0.007 0.01 0.006 Ti 

BS 
6A Carbon O.H. 1.4 0.27 0.54 0.008 0.028 0.054 0.032 0.005 0.004 0.038 0.009 0.02 — 
6D Carbon O.H. 1.4 0.26 0.48 0.007 0.025 0.269 0.029 0.006 0.006 0.026 0.011 0.01 0.0003 Ti 
6E Carbon O.H. Ye 0.26 0.54 0.007 0.032 0.048 0.008 0.005 0.006 0.026 0.009 0.01 0.006 Ti 

0.3 1b Ti 
40D Resulphurized O.H. 3.0 0.16 1.65 0.020 0.121 0.062 0.047 0.011 0.004 0.008 0.009 0.01 — 
41D Resulphurized O.H. 1.4 0.37 1.51 0.012 0.129 0.236 0.023 0.006 0.003 0.006 0.009 0.01 = 
73 0.5 Cr-0.5 Mo E 0.5 0.14 0.47 0.012 0.019 0.205 0.003 0.009 0.50 0.48 0.06 0.03 = 
74 0.5 Cr-0.5 Mo E 0.13 0.11 0.54 0.010 0.023 0.153 0.003 0.009 0.52 0.49 0.14 0.08 = 
79 0.5 Cr-0.5 Mo-Al I 4 0.18 0.44 0.011 0.033 0.250 0.17 0.007 0.54 0.06 0.06 0.02 — 
80 0.5 Cr-0.5 Mo-Al I 4 0.18 0.50 0.010 0.030 0.260 0.17 0.007 0.56 0.55 0.06 0.03 = 
82 0.5 Cr-0.5 Mo E 0.5 0.14 0.48 0.012 0.018 0.180 0.005 0.011 0.48 0.51 0.08 0.02 = 
70 1 Mo-0.25 V E 0.5 0.20 0.58 0.013 0.017 0.270 0.004 0.011 0.99 0.09 0.06 0.02 0.22 V 
70A 1 Mo-0.25 V E 0.5 0.20 0.58 0.013 0.017 0.270 0.004 0.011 0.99 0.09 0.06 0.02 0.22 V 
81 0.5 Cr-1 Mo-0.25V iI 0 0.13 0.36 0.007 0.038 0.240 0.009 0.009 1.03 0.56 0.05 0.02 0.23 V 
81A 0.5 Cr-1 Mo-0.25V I 0 0.13 0.36 0.007 0.038 0.240 0.009 0.009 1.03 0.56 0.05 0.02 0.23 V 
10D 0.25 Cr-0.5 Mo-P I 2 0.13 0.46 0.099 0.020 0.145 0.043 0.006 0.51 0.23 0.014 0.06 0.0003 Ti 
11D 0.25 Cr-0.5 Mo-Ti I 2 0.13 0.48 0.025 0.020 0.180 0.059 0.007 0.50 0.24 0.023 0.07 0.07 Ti 
13D 0.5 Cr-1 Mo-P I 2 0.11 0.42 0.156 0.020 0.114 0.043 0.006 1.01 0.46 0.032 0.06 0.0003 Ti 
14D 0.5 Cr-1 Mo-P-Ti I 2 0.13 0.49 0.152 0.018 0.172 0.070 0.007 1.01 0.50 0.11 0.07 0.11 Ti 
58 0.5 Cr-0.5 Mo-P E 0 0.15 0.42 0.116 0.037 0.140 0.011 0.006 0.66 0.47 0.03 0.02 
59 0.5 Cr-0.5 Mo-P E 1.25 0.19 0.49 0.118 0.035 0.200 0.044 0.007 0.64 0.50 0.03 0.02 = 
44 C-Zr I 16.25 Ib 0.20 0.58 0.006 0.022 0.222 0.007 0.006 0.03 0.014 0.059 0.02 0.023 Ti 

Si-Ti-Zr 0.10 Zr 
45 C-Zr-0.5 Mo I 16.25 Ib 0.19 0.49 0.006 0.023 0.290 0.006 0.007 0.51 0.011 0.061 0.06 0.032 Ti 

Si-Ti-Zr 0.13 Zr 
60 C-0.5 Mo I 2.5 0.08 0.50 0.016 0.028 0.293 0.029 9.007 0.57 0.020 0.023 0.02 No Ti 
61 0.5 Mo-0.5 Ti I 25 0.09 0.60 0.018 0.029 0.425 0.031 0.006 0.56 0.064 0.025 0.04 0.47 Ti 
62 1 Mo-0.5 Ti I 2.5 0.10 0.60 0.018 0.030 0.348 0.032 9.006 0.95 0.056 0.025 0.04 0.50 Ti 
63 0.5 Mo-0.25 Ti I 2.5 0.09 0.61 0.016 0.027 0.359 0.034 0.006 0.53 0.043 0.025 0.03 0.25 Ti 
64 1 Mo-0.25 Ti I 2.5 0.09 0.61 0.016 0.029 0.344 0.033 9.006 1.05 0.046 0.025 0.03 0.25 Ti 
65 0.5 Mo-1 Cb I 2.5 0.08 0.60 0.015 0.027 0.378 0.047 0.007 0.52 0.019 0.025 0.01 0.003 Ti 

1.08 Cb 
66 1 Mo-1 Cb I 25 0.08 0.62 0.016 0.028 0.434 0.046 9.006 0.98 0.022 0.024 0.01 0.006 Ti 

67 2 Ni-Cu-Ti ul 3 0.09 0.62 0,016 0.028 0.200 0.124 9.006 0.005 0.02 1.89 0.73 0.36 Ti 
68 0.5 Ni-0.5 Mo-Ti I 3 0.08 1.49 0.020 0.024 0.200 0.126 9.007 0.55 0.01 0.56 0.07 0.37 Ti 
69 0.75 Mo-Cu-Ti I 3 0.08 0.50 0.018 0.029 0.185 0.128 9.007 0.70 0.05 0.02 0.70 0.37 Ti 


Note: 70, 70A, 73, 74, and 82 were pipe samples. All other samples were forged bars. 


* O.H., basic open hearth. B, acid bessemer. E, commercial basic electric furnace. I, laboratory induction furnace. 


TRANSACTIONS AIME 


JUNE 1954, JOURNAL OF METALS—765 


ao 
/ 
3° 


additional steels referred to for comparison pur- 
poses in the creep rupture and tensile test data is 
shown in Table IV. With reference to the carbon 
steels (group I), the creep rupture strength of bes- 
semer steel after 10,000 hr exposure at 900° or 
1050°F (480° or 565°C) is equivalent or superior 
to open hearth steel. Before exposure the silicon- 
killed open hearth steel and capped bessemer steel 
had higher creep rupture strength, but this was 
reduced after exposure. It has been recognized for 
many years that straight silicon-killed open hearth 
steel has superior creep rupture properties. The 
data presented in this paper indicate that after 
long periods of exposure steels with various types of 
deoxidation practice have similar creep rupture 
properties. 

The creep rupture ductility properties for the 
carbon steels are shown in Fig. 2. Although the 
elongation and reduction of area were in certain 
instances increased and in others decreased, the 


properties in general are satisfactory for most engi- 
neering applications. 

The creep rupture properties of the C-0.5 pet Mo 
steels were not appreciably changed after 10,000 hr 
exposure at 900°F (480°C), but the properties were 
appreciably reduced after 10,000 hr exposure at 
1050°F (565°C). This would indicate that these 
steels are more stable at the lower temperatures. 
Variations in deoxidation practice did not appre- 
ciably affect the creep rupture properties. The creep 
rupture strength of the C-1 pct Mo steel was supe- 
rior to the C-0.5 pct Mo steel, particularly after 
10,000 hr exposure. The creep rupture properties of 
the C-1 pct Mo steel after 10,000 hr exposure indi- 
cate the superior strength of this material and sup- 
port the current practice of using higher working 
stresses. The creep rupture ductility characteristics 
of the C-Mo steels were not appreciably changed 
at 900°F (480°C) but were increased at 1050°F 
(565°C). The ductility properties of group II steels 


Table Il. Heat Treatment and Welding Electrode 


Post- 
Heat Treat- Grain Size Before Exposure Welding welding 
ment Before Elec- Heat 
No. Type Exposure Ferritic Austenitic trode Treatment 
1 Capped 1650°F normalized 5-6 1-3 E-6010 None 
2 Capped 1650°F normalized 5-7 1-3 E-6010 None 
3A Carbon 1650°F normalized 7-8 6-8 E-6010 None 
3D Carbon 1650°F normalized 7 6-8 E-6010 None 
4A Carbon 1650°F normalized 7-8 6-8 E-6010 None 
4D Carbon 1650°F normalized 7-8 6-8 E-6010 None 
5A Carbon 1650°F normalized 6-7 6-8 E-6010 None 
5B Carbon 1650°F normalized 6-7 1-3 E-6010 None 
oe Carbon 1650°F normalized 6-7 1-3 E-6010 None 
5D Carbon 1650°F normalized 7-8 6-8 E-6010 None 
5E Carbon 1650°F normalized 71-8 6-8 E-6010 None 
6A Carbon 1650°F normalized 7-8 6-8 E-6010 None 
6D Carbon 1650°F normalized 7-8 6-8 E-6010 None 
6E Carbon 1650°F normalized 7-8 85 pet 1-3 E-6010 None 
15 pet 5-7 
40D Resulphurized 1650°F normalized 7-8 6-8 E-6010 500°F preheat 
1200°F postheat 
41D Resulphurized 1650°F normalized 6-8 6-8 E-6010 500°F preheat 
73 0.5 Cr-0.5 Mo Pipe, stress-relieved 5-6 ferrite, coarse 1-3 E-7010 ROOF Leereey” 
(1200°F carbide areas 1200°F postheat 
74 0.5 Cr-0.5 Mo Pipe, stress-relieved 5-6 ferrite, coarse 1-3 E-7010 500°F preheat 
1200°F ; carbide areas 1200°F postheat 
r-0.5 Mo-Al 1650°F normalized 7 6-8 E-7010 preheat 
0.5 Cr-0.5 Mo-Al 1650°F normalized 71-8 6-8 E-7010 500°F preheat 
82 0.5 Cr-0.5 Mo stress-relieved 4-5 Few 1 E-7010 
Balance 2-4 
70 1 Mo-0.25 V As-rolled pipe 10 pct fine ferrite 7-8 E-7010 ters ener 
grains (6-7) 1200°F 
90 pct coarse car- 5 
bide areas 
704 1 Mo-0.25 V Pipe, stress-relieved* Fine ferrite, coarse 71-8 E-7010 500°F preheat 
carbide areas 
: 1200°F postheat 
81 cr. 0-0.25 V 1650°F normalized 7 7-8 E-7010 500°F preheat 
81A 0.5 Cr-1 Mo-0.25 V Stress-relieved* Fine ferrite, coarse 7-8 E-7010 BOF Leah 
carbide areas 
10D 0.25 Cr-0.5 Mo-P 1650°F normalized - 80 pct 1-3 E-7010 S00°F te 
20 pet 6-8 1200°F 
11D —0.25 Cr-0.5 Mo-T ° 
o-Ti 1650°F normalized 71-8 6-8 E-7010 500°F preheat 
13D 0.5 Cr-1 Mo-P 1650°F normalized 7-8 85 pet 2-4 E-7010 ar ater 
15 pet 6-8 
145 0.5 Cr-1 Mo-P-Ti 1 oF 1200°F postheat 
650°F normalized 7-8 6-8 E-7010 500°F preheat 
58 0.5 Cr-0.5 Mo-P 1650°F 
0°F normalized 7-8 3-5 E-7010 500°F preheat 
59 0.5 Cr-0.5 Mo-P 1650°F 
normalized 71-8 6-8 E-7010 500°F preheat 
44 C-Zr 1650°F normalized 1-8 
45 C-Zr-0.5 Mo 1650°F normalized 7-8 T7010 t 
prehea 
60 C-0.5 Mo 1650°F normalized 5-7 
61 0.5 Mo-0.5 Ti 1650°F normalized 6-7 a8 Euvolo Noe 
62 1 Mo-0.5 Ti 1650°F normalized 5-7 6-8 E-7010 
63 0.5 Mo-0.25 Ti 1650°F normalized a! 6-8 E-7010 None 
64 1 Mo-0.25 Ti 1650°F normalized 6-7 6-8 E-7010 None 
65 0.5 Mo-1 Cb 1650°F normalized 6-7 6-8 i Nene 
66 1 Mo-1 Cb 1650°F normalized 6-7 6-8 E7010 Mee 
67 2 Ni-Cu-Ti 1650°F normalized 7-8 7-8 E-7020 600° oth t 
prehea 
68 0.5 Ni-0.5 Mo-Ti 1650°F normalized 7-8 8 E-7020 
= °F preheat 
6-7 7-8 E-7010 500°F preheat 


1200°F postheat 


*70A and 81A heated 2 hr 1925°F (1050°C), furnace’ cooled to 1750°F (950°C), 


then air cooled. 


then air cooled; stress-relieved 4 hr 1300°F (700°C), 


766—JOURNAL OF METALS, JUNE 1954 


TRANSACTIONS AIME 


were, in general, at a lower level compared with the 
carbon steels of group I. 

The creep rupture properties of the Cr-0.5 pct Mo 
steels were, in general, similar to the C-Mo steels. 
One of the 0.5 pct Cr-0.5 Mo steels before 10,000 hr 
exposure at 1050°F (565°C) had a high creep 
strength, but after exposure the properties were ap- 
preciably lower. Water quenching and tempering, 
normalizing, or annealing did not appreciably 
change the creep rupture strength of the 0.5 pct 
Cr-0.5 pct Mo steel. The ductility characteristics of 
the Cr-0.5 pct Mo steels are shown in Fig. 3. 

In the special. steels of groups VI and VII, the 
creep rupture strength was reduced after 10,000 hr 
exposure at 900°F (480°C). At 1050°F (565°C) 
the creep strength of the Mo-Zr steel was increased 
and the Cr-Mo-P steel decreased. The creep rup- 
ture strength of the phosphorus steels before ex- 
posure was high. After exposure the results were 
similar to the C-1 pct Mo steel. The special alloying 
elements did not appear to be particularly bene- 
ficial. The ductility characteristics of the creep 
rupture tests at 900°F (480°C) were, in general, 
decreased and at 1050°F (565°C), increased. 


Tensile Properties 

The tensile properties before and after 10,000 hr 
exposure at 900° and 1050°F (480° and 565°C) are 
summarized in Figs. 4 and 5. The yield and tensile 
strengths were, in general, decreased after exposure 
for 10,000 hr at 900° and 1050°F (480° and 565°C). 
The ductility in the carbon steels after exposure 
was increased. The tensile properties were not af- 
fected adversely by the exposure treatments. 


Metallographic Results 

Metallographic specimens containing the small 
bead weld were microscopically examined, em- 
ploying conventional polishing and etching methods. 

Capped Steels: Graphite ratings of the capped 
steels are shown in Table V. Graphite was observed 
in the open hearth steel after 34,000 hr exposure at 
1050°F (565°C) but was not observed in the capped 
bessemer steel. The higher nitrogen content of the 
capped bessemer steel is believed to be effective in 
preventing graphite formation. The difference in 
phosphorus content between the steels is probably 
of little significance, and the effectiveness of nitro- 
gen in inhibiting graphitization has been previ- 
ously established.” ° More spheroidization at 900°F 
(480°C) was visible in the capped open hearth steel 
than in the capped bessemer steel, although spheroi- 
dization at 1050°F (565°C) was quite complete in 
both steels. 

Killed Carbon Steels: The graphitization of the 
killed carbon steels, both bessemer and open hearth, 
is shown in Table V. The killed bessemer steels 
graphitized, and thus behaved in a different manner 
than the capped bessemer steel. The presence of 
the aluminum in the killed bessemer steels,. with 
the resultant combination of aluminum with nitro- 
gen in the steel, has apparently been responsible for 
the loss of the effectiveness of the nitrogen in pre- 
venting graphitization. 

It can be seen that deoxidation practice had some 
effect upon the amount of graphite. The killed open 
hearth steel 5C, which had a very small amount of 
aluminum content, contained no graphite in the 
parent metal after 34,000 hr exposure at 900°F 
(480°C). The straight silicon deoxidized steel 5B 
at 900° or 1050°F (480° or 565°C) and also the low 
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aluminum-silicon deoxidized steel 5C at 1050°F 
(565°C) contained graphite. The amount of graphite 
was much less than in the steels containing higher 
aluminum. 

The very low aluminum content steels 5B and 5C 
were not completely normal in the McQuaid-Ehn 
carburizing test. Fig. 6a and b illustrates that steel 
5C exhibits a greater degree of abnormality com- 
pared with steel 5B. Commercial carbon steels 
deoxidized with silicon or small amounts of alumi- 
num may have some abnormality in the McQuaid- 


Table III. Creep Rupture Strength 


Stress (1000 Psi) 


Exposure* 1000 Hr 10,000 Hr+ 
and Testing 
Tempera- Un- Un- 
No. ture, °F exposed Exposed* exposed Exposed 


Group 1, Carbon Steels 
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12D 900 
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12DZ 900 


RRR OR ORO 


oo 
for) 
N 


82 900 
1050 

Group 4, 1 Cr-0.5 Mo Steels 
15C 900 
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83 900 


No 


1 
Group 5, Cr-Mo-V Steels 
84 900 
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1050 
1200 


1400 
Group 6, Cr-Mo-P-Ti Steels 
9D 900 
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10D 900 


11D 900 
13D 900 
14D 900 
1050 
Group 7, Mo-Zr-Ti-Cb Steels 
44 
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pS 


Ow 


45 900 
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* Exposed for 10,000 hr without stress and then creep rupture tested. 
Extrapolated. 
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Group 2, C-Mo Sf 
7B | 
Group 3, 0.5 Cr-0 
12B | 
21.0 
45.5 
14.0 
4.6 
48.0 
18.0 
1050 
1050 
1050 


Ehn carburizing test. The abnormal condition of 
steels 5B and 5C may account for the graphitization 
of these steels, which had a coarse austenitic grain 
size. The relatively coarse grained, aluminum plus 
titanium deoxidized, carbon steel 6E also graph- 
itized, as shown in Table V. 

The aluminum deoxidized steels were of fine 
austenitic grain size and were otherwise similar to 
the low aluminum steels, except for the greater de- 
gree of abnormality of the higher aluminum steels. 
The higher carbon steels contained a greater amount 
of graphite. 

The carbon steels had spheroidized to a great ex- 
tent, and, in addition, evidence was visible in some 
specimens of a subcritical growth of ferritic areas 
at 1050°F (565°C) in portions of the weld heat- 
affected parent metal directly beneath the bead 
weld. This condition was observed and described 
previously.. The phenomenon of growth of ferrite 
areas apparently is associated in this investigation 
with welding stresses. This effect was observed in 
steels 4D, 5B, 5C, 5E, 6A, 6D, and to a lesser extent 
in steel 44. The growth of the ferritic areas did not 
progress to any great extent during exposure from 
10,000 to 34,000 hr at.1050°F (565°C), and it 
appeared that this growth was virtually complete 
after 10,000 hr exposure. It is not known why all 
steels were not similarly affected, except that the 
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Fig. 2—Creep rupture elongation and ductility. 
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deoxidation 
varied. 

There appears to be no significant difference in 
the graphitization properties of killed bessemer and 
killed open hearth steels. 

Resulphurized Steels: The graphite rating of the 
C-1137 resulphurized steel is shown in Table V. No 
evidence of graphitization was observed in the 
C-1118 steel, probably due to the smaller amount of 
carbon present. It should be noted, contrary to gen- 
eral practice with the free machining steels, that 
both of these resulphurized steels were deoxidized 
with aluminum. This deoxidation was necessary 
because the steel was melted for fabrication into 
seamless pipe. 

Due to the fact that no great difference existed 
between C-1118 steel and some of the carbon steels, 
other than the resulphurizing, it is believed that the 
sulphur was effective in retarding graphite forma- 
tion. Spheroidization, though not great at 900°F 
(480°C) for either steel, was quite complete in both 
steels at 1050°F (565°C). No change was observed 
in the appearance of the sulphide inclusions after 
long exposure. 

0.5 Pct Cr-0.5 Pct Mo Steels: No graphite was ob- 
served in pipe samples from three 0.5 pet Cr-0.5 pct 
Mo steels. The steels were in the as-rolled and 
stress-relieved condition. It should also be noted 
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Fig. 3—Creep rupture elongation and ductility. 
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Fig. 4—Tensile properties before and after 10,000 hr exposure. 


that these steels were coarse grained in the McQuaid- 
Ehn test. The exposure of these steels at 1050°F 
(565°C) may be considered an accelerated ex- 
posure test and therefore significant for steels used 
at a lower service temperature. The microstructures 
were relatively stable with a small amount of sphe- 
roidization. 

High Aluminum Steels: Large amounts of alumi- 
num were used with two induction furnace melts, 
one a C-0.5 pct Mo-Al steel (No. 79) and the other 
a C-0.5 pet Cr-0.5 Mo-Al steel (No. 80). The graph- 
ite in steel 79 is shown in Table V, with no evidence 
of graphite in steel 80. Although coarse grained 
steels have been produced with large amounts of 
aluminum, these steels were fine grained (Nos. 6 
to 8) by the McQuaid-Ehn test and contained 0.17 
pet Al. Therefore, fine grained steels can be pro- 
duced with large amounts of aluminum. 

A grain boundary type of graphite approaching 
the chain type of graphite was observed in the weld 
heat-affected zone of the parent metal in steel 79 
exposed for 34,000 hr at 1050°F (565°C). This 
grain boundary type of graphite is illustrated in 
Fig. 7. The examination of these steels revealed 
that 0.5 pet Cr, even in the presence of large 
amounts of aluminum, is very effective in inhibiting 
graphite formation. These steels had a fairly stable 
microstructure and did not spheroidize to any extent. 
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Fig. 5—Tensile properties before and after 10,000 hr exposure. 


Mo-V Steels: Graphitization of the Mo-V steels 
has been observed and reported.” * The graphitiza- 
tion of steels 70 and 70A after 34,000 hr exposure is 
shown in Table V. The addition of vanadium in 
these steels resulted in a fine-grained structure as 
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a—Steel 5B. b—Steel 5C. 


Fig. 6—Carbon steel. McQuaid-Ehn carburizing test, hypereutectoid 
case. Picral-nital etch. X1000. Area reduced approximately 35 pct 
for reproduction. 
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Fig. 7—Carbon-0.5 pct Mo-Al. Steel 79. Grain 
boundary graphite in weld heat-affected zone of 
parent metal exposed 34,000 hr at 900°F (480°C). 
Picral-nital etch. X1000. Area reduced approxi- 
mately 30 pct for reproduction. 


indicated by the McQuaid-Ehn carburizing test. 
The presence of graphite was questionable in steel 
70A, and it appears that the special heat treatment 
was beneficial. 

The presence of vanadium in the steel imparts a 
microscopic appearance somewhat different than 
the usual structure of carbon steels. The structure 
of the vanadium steels, particularly after the high 
temperature heat treatment, appears to be a dis- 
persion of carbides within certain grains of ferrite. 
The structure of steel 70A (1 pct Mo-0.25 pct V) 
in the unexposed condition is illustrated in Fig. 8a. 
The manner in which the microstructure differs 
from the usual carbon steels is that the vanadium 
steels lack the lamellar-type pearlitic appearance of 
the carbon steels. This structural condition, for con- 
venience, has been described as the ‘‘vanadium- 
type” structure. 

The question of stability of the vanadium steels is 
of importance because of the possible creep ad- 
vantages, particularly in the case of the Cr-Mo-V 
steels. Therefore, it is of interest to determine the 
structural stability upon exposure of the vanadium 
steels which were given the special treatment at 


1925°F (1050°C) before exposure. Fig 8b depicts 
the change in microstructure of the 1 pct Mo-0.25 
pet V steel after 34,000 hr at 1050°F+(565°C).It can 
be seen that the carbides are smaller and more 
widely dispersed due to the exposure, as compared 
with the structure before exposure. Evidence is 
also visible of small unetched carbides at certain 
grain boundaries, and this change due to exposure 
may indicate to some degree lack of structural 
stability of the vanadium steels. 

It was pointed out that the vanadium-type struc- 
ture differed considerably from the usual pearlitic 
structure of carbon steels. A somewhat similar dif- 
ference in microstructure has been observed in 
many of the C-Mo and Cr-Mo steels, although it 
does not resemble the vanadium-type structure. 
For convenience, the particular structure of many 
of these C-Mo and Cr-Mo steels has been referred 
to as the “molybdenum-type” structure. In the case 
of the molybdenum-type structure, the carbides ap- 
pear to be more discontinuous and in somewhat of 
a Widmanstaetten-type pattern, as compared with 
the usual pearlite in carbon steels. The structural 
appearance of a commercial 0.5 pct Cr-0.5 pet Mo 
steel (No. 82) is illustrated by Fig. 8c. 

0.5 Pct Cr-1 Pct Mo-0.25 Pct V Steels: Two dif- 
ferent heat treatments were employed on the same 
0.5 pet Cr-1 pet Mo-0.25 pct V (No. 81 and 81A) in- 
duction furnace steel. Small nonmetallic inclusions 
were visible in this steel but no material resembling 
graphite could be identified after exposure at either 
900° or 1050°F (480° or 565°C) for 34,000 hr in 
either of the two heat-treated conditions. Here 
again, the presence of the 0.5 pct Cr prevented 
graphitization. It should be noted that this steel 
contained only 0.5 pct Cr, whereas regular com- 
mercial steels of this type contain 1 pct Cr. A vana- 
dium-type structure was observed which changed 
during exposure to a more widely dispersed carbide 
structure. 

Low Alloy Steels Containing Special Elements: 
The graphite ratings of the group of low alloy steels 
containing special elements are shown in Table V. 
No graphite was observed in any of the 0.5 pct Cr- 
0.5 pct Mo steels containing special elements such as 
phosphorus, titanium, or columbium within the 
limits of the tests made. Graphite was observed in 


Table IV. Identification of Steels with Creep Rupture and Tensile Data not Included in Table* 


Deoxida- 
tion, Lb rain 
Al per Chemical Analysis, Pct 2 are Heat 
Proc- Net Tons Aus- Fer- Treat- 
No Type ess} ofIngots C Mn P Ss Si Ni Cr Mo Al N Cu Ti tenitic ritic mentt 
7B 0.5 Mo O.H None 0.16 0.85 0.020 0.019 0.24 0.02 0.03 0.51 0.010 0.005 f —_— - - 
{ke 0.5 Mo O.H 0.4 0.22 0.51 0.012 0.020 0.17 0.05 0.05 0.50 0.004 0.005 0:09 — as 3 : a 
7D 0.5 Mo O.H 1.6 0.13 0.52 0.012 0.021 0.16 0.04 0.06 0.52 0.044 0.005 0.02 —_— 6-8 7 (1) 
8D 1 Mo I 2.0 0.14 0.45 0.021 0.014 0.16 0.03 0.01 0.97 0.048 0.006 0.06 — 20pct2-4 7-8 (1) 
80 pct 6-8 
9D 0.25 Cr-0.5 Mo I 2.0 0.12 0.41 0.020 0.014 0.11 0.02 0.21 0.57 0.028 0.0 — - 
12B 0.5 Cr-0.5Mo E None 0.13 0.51 0.010 0.015 0.22 0.04 0.48 0.58 0.007 ool 0.08 —_— ts 5-7 a 
12D 0.5 Cr-0.5 Mo I 2.0 0.14 0.47 0.025 0.018 0.17 0.10 0.48 0.51 0.050 0.006 0.06 — 6-8 6-7 (1) 
12DX 0.5Cr-0.5Mo E 3 0.11 0.46 0.010 0.015 0.14 0.07 0.43 0.58 0.021 0.013 0.03 —_— 5-7 6-7 (1) 
WDY 0.5 'Cr-0.5 Mo EF 1.3 0.11 0.46 0.010 0.015 0.14 0.07 0.43 0.58 0.021 0.013 0.03 —_— 5-7 6-7 (2) 
12DZ 0.5Cr-0.5Mo E 1.3) 0.11 0.46 0.010 0.015 0.14 0.07 0.43 0.58 0.021 0.013 0.03 —_ 5-7 6-7 (3) 
15C 1 Cr-0.5 Mo E 0.5 0.12 0.45 0.013 0.015 0.74 0.03 1.13 0.50 0.010 0.011 0.04 0.002 1-3 6-8 (4) 
82 0.5 Cr-0.5Mo E 0.5 0.14 0.48 0.012 0.018 0.18 0.08 0.51 0.48 0.005 0.011 0.02 — 2-4 4-5 (5) 
83 1 Cr-0.5 Mo E 0.5 0.11 0.44 0.005 0.019 0.15 0.09 0.97 0.52 0.005 0.012 0.03 — 2-4 6-7 (5) 
84 2.25Cr-l1Mo E EO 0.08 0.60 0.010 0.016 0.29 0.09 2.46 0.87 0.009 0.013 0.04 _— 4-6 7-8 (4) 


Note: Steels 12B, 12DX, 12DY, 12DZ, 82, and 83 are pipe samples; all others are f 
* The graphitization characteristics of these steels were reported in previous STO nee 
; O.H., basic open hearth furnace. E, electric furnace. I, induction furnace. 


¢t Heat treatment prior to exposure: (1)—1650°F normalize. 
(4)—1650°F normalize, 1300°F draw. (5)—As-rolled pipe. 


(2)—1650°F, furnace cool. (3)—1650°F, water quench, 1200°F draw. 


770—JOURNAL OF METALS, JUNE 1954 


TRANSACTIONS AIME 


| 


the 0.25 pet Cr-0.5 pct Mo-P steel (No. 10D) to a 
limited extent. The presence of graphite in a 0.25 
pet Cr-0.5 pct Mo steel (9D) had been observed 
and reported earlier.” It appears that a minimum 
of 0.5 pet Cr should be considered for graphitization- 
resistant high temperature steels placed in service 
with the temperature range studied. 

All steels of various analyses which contained a 
substantial amount of either titanium or columbium 
did not graphitize. The graphitizing effect of nickel 
was previously described;” * however, a 2 pct Ni steel 
(No. 67) containing 0.36 pct Ti did not graphitize, 
indicating the effect of titanium. 

It should be noted that the amounts of titanium in 
the steels in this low alloy group were actually al- 
loying additions. Titanium carbides were visible in 
these titanium steels; similarly, columbium carbides 
were visible in the microstructure of the colum- 
bium steels. Some chromium was present in steel 
11D in addition to the 0.07 pct Ti. 

Zirconium does not appear to be effective in pre- 
venting graphitization, as evidenced by the ratings 
in Table V for the C-Zr steel (No. 44) and the 
C-0.5 pet Mo-Zr steel (No. 45). 

The microstructures of the steels containing spe- 
cial elements, except for the zirconium steels, were, 
in general, relatively stable. This could be expected 
due to the fact that many of the steels contained 
large amounts of stable titanium or columbium car- 
bides. 

Weld Metal: An attempt was made during exam- 
ination of these steels to study the deposited weld 
metal to some extent, particularly with relation to 
possible graphite deposits. Numerous small non- 
metallic deposits were visible in the weld metal. 
However, no deposits could be identified as graphite. 

Postheating: Special postwelding heat treatments 
were employed in order to evaluate the effects of 
different heat treatments on structural stability in 
both the heat-affected zone and also the parent 
metal after exposure at 1050°F (565°C). These 
treatments included heating to 1300°, 1425°, and 
1650°F (705°, 775°, and 900°C) for 1 hr and then 
air cooling, compared with the conventional 1200°F 
(650°C) postwelding heat treatment. 

After exposure at 1050°F (565°C), only the 0.25 pct 
Cr-0.5 pet Mo-P steel 10D contained graphite with 


c 


Fig. 8—Alloy steels. Picral-nital etch. X1000. Area reduced ap- 

proximately 35 pct for reproduction. 

a—Unexposed 1 pct Mo-0.25 pct V. Steel 70A. 

b—1 pct Mo-0.25 pct V. Steel 70A exposed 34,000 hr at 1050°F 

c—Unexposed 0.5 pct Cr-0.5 pct Mo. Steel 82. 


1200°F (650°C) postweld heat treatment, whereas 
no graphite was visible in the other samples. In the 
case of the 0.25 pct Cr-0.5 pect Mo-P steel, the special 


Table V. Graphite Rating of Steels After 34,000 Hr Exposure 


Graphite Ratings; 


Deoxida- 
tion, Lb Al 900°F (480°C) 1050°F (565°C) 
per Net Tons 
No. Type Process* of Ingots (1) (2) (3) (4) 1) (2) (3) (4) 
1 Capped O.H. Capped 0 0 0 0 3F 2E 0.4G 0.2G 
3A Carbon B 4 0 0 0.2G 0 0 0.5G 0.7H 0.3K 
3D Carbon B 3 0 0 5E 0.1G 0 0.2H 0.6H 0.1L 
4A Carbon B 4 5B 10C 50B 25C 0 16E 40C 0.5H 
4D Carbon B 3 3A 10C 25B 30B 3A 15E 18D 20C 
5A Carbon OF: 1.8 1F 12E 6F 0.3G 0 oF 6F 0.35 
5B Carbon O.H. 0 0 0 5D 1D 0 0.45 0.3L 
5C Carbon Ocne 0.4 0 3E 4F 0 0 0.1H 0.5K 0.1M 
5D Carbon O.H. 1.4 1E 8D 115B 5F 0 6F 80C 0.6G 
5E Carbon O.H. 1.2 lb Al, 0.3 1b Ti 0 3E 9F 5F 0.04G 0.2G oF 0.5G 
6A Carbon O.H. 1.4 1C 9E 8D 16D 1F 0.35 17F 0.6G 
6D Carbon O.H. 1.4 2F 8E 60B 30C 1F 11F 35€ 22D 
6E Carbon O.H. 0.8 lb Al, 0.3 1b Ti 0 10D 0.4G 0.2H 0 0.2H 1.2G 0.2L 
41D Resulphurized O.H. 1.4 0 6 10C 2E 0 2B 3D 3D 
79 0.5 Cr-0.5 Mo-Al T 4 6D 17D 70C 0 5C 60B 135B 0.3G 
70 1 Mo-0.25 V E 0.5 0 0 Trace 0 0 0 14A 2B 
TOA 1 Mo-0.25 V E 0.5 0 0 ? 0 0 0 ? 2 
10D 0.25 Cr-0.5 Mo-P I 2 0 0 ? 0 0 0 12A 0 
44 C-Zr I 16.25 lb Si-Ti-Zr 0 2E 4F 0.25 1D 6F 0.4G 0.25 
45 C-Zr-0.5 Mo I 16.25 lb Si-Ti-Zr 0 0 Trace 0 0 20B 100D 5F 
60 C-0.5 Mo I 2.5 0 0 8A 8A 0 0 10A 8B 


* O.H., basic open hearth. B, acid bessemer. E, commercial basic electric furnace. I, laboratory induction furnace. 


! 


+ (1)—-Coarse zone beneath weld. (2)—Finer area beneath zone 1. (3)—-Area near boundary of heat-affected zone. (4)—Parent metal. 
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postwelding heat treatments were effective in pre- 
venting graphitization. Samples 11D, 13D, and 14D 
did not graphitize. 

Special postwelding heat treatments had been 
previously reported’ for the 0.25 pet Cr-0.5 pet Mo 
steel 9D. In this steel after 34,000 hr exposure at 
1050°F (565°C), only a small amount of graphite 
was visible in zone 3 with conventional 1200°F 
(650°C) postheating and no graphite was observed 
in the parent metal. A small amount of graphite 
was also observed in the special 1650°F (900°C) 
postwelding heat-treated bar in zone 3 of the weld 
heat-affected parent metal after 34,000 hr exposure 
at 1050°F (565°C). This would indicate that treat- 
ments of this nature will not always prevent 
graphitization in the heat-affected zone of a weld. 


Conclusions 


1—The creep rupture properties of bessemer steel 
after 10,000 hr exposure at 900° and 1050°F (480° 
and 565°C) are equivalent, and in certain instances 
superior, to those of open hearth steel. 

2—The creep rupture strength of silicon-killed 
open hearth steel was superior to steels deoxidized 
with over 0.5 lb of aluminum per ton, but the con- 
dition was appreciably reduced after 10,000 hr ex- 
posure at 900° and 1050°F (480° and 565°C). 

3—The creep rupture strength of C-0.5 pct Mo 
steel with different deoxidation practices was ap- 
preciably reduced after 10,000 hr exposure at 
1050°F (565°C). There was no significant change 
after 10,000 hr exposure at 900°F (480°C). 

4—The creep rupture properties of the Cr-0.5 pct 
Mo steels were similar to the C-0.5 pct Mo steels 
after 10,000 hr exposure at 900° and 1050°F (480° 
and 565°C). 

5—Nitrogen was seemingly effective in prevent- 
ing graphite formation in capped bessemer steel 
during a 34,000 hr exposure interval at elevated 
temperatures. 

6—Bessemer and open hearth steels thoroughly 
killed with aluminum were similar in graphitization 
behavior. Silicon-killed steels were somewhat ab- 
normal by the McQuaid-Ehn test and did graphitize, 
although to a lesser degree than the abnormal 
aluminum or aluminum-silicon killed steels. Graph- 
ite was observed in a relatively coarse grained carbon 
steel with aluminum-titanium deoxidation. 

7—Coarse grained areas in the weld heat-affected 
zones in some steels occurred during 10,000 hr ex- 


posure, but the grain size was essentially unchanged 
after longer periods of exposure. 

8—Sulphur retarded graphitization in C-1118 re- 
sulphurized steel. Zirconium did not appear to be 
effective in preventing graphitization during ex- 
posure. Titanium and columbium in the quantities 
used appeared to prevent graphitization. Phosphorus 
did not appear to influence graphitization. 

9—-No graphite was observed in steel which con- 
tained at least 0.5 pct Cr even in the presence of 
considerable aluminum. Graphite was observed in 
steel containing 0.25 pct Cr. 

10—There was no evidence of chain-type graph- 
ite in the weld heat-affected zone after 34,000 hr 
exposure, but grain boundary type of graphitization 
was observed in several steels. 

11—The 1925°F (1050°C) high temperature heat 
treatment of the molybdenum-vanadium steels 
prior to exposure appeared to aid in retarding 
graphitization. 

12—Graphite was not observed in deposited weld 
metal. Special postwelding heat treatments were 
not always effective in preventing graphitization in 
the heat-affected zone of a weld. 
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Technical Note 


New Technique for Preparing Homogeneous Alloys 


by Pascal Levesque 


1 ba the process of alloying two metals to obtain a 
single-phase alloy, the end product is nearly 
always a cored structure. The mechanism of solid- 
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Fig. 1—Constitutional diagram of a hypothetical binary system. 


ification of a liquid alloy yields successive layers of 
a solid phase with constantly changing chemical 
composition. Upon microscopic examination this solid 
alloy shows a dendritic segregation which results 
from the gradual crystallization of the alloy. By 
cooling the melt under the equilibrium conditions, 
however, a perfectly homogeneous single-phase 
alloy would be obtained which, upon examination, 
would be indistinguishable from a pure metal. The 
extremely slow cooling of the melt permits the 
homogenization of this solid structure by allowing 
atomic diffusion throughout the successive layers of 
the solid alloy and between the solid phase and the 
melt, but at the same time necessitates a rate much 
lower than is ordinarily possible. 

The following technique, of special interest to the 
metallurgist, is an extension of work by W. G. 
Pfann.* It describes the utilization of zone melting 
principles to provide faster alloy homogenization by 
permitting the melt to freeze at constant tempera- 
ture and by favoring the freezing of a solid phase 
invariant in chemical composition. If the liquid alloy 
corresponding to some composition C, is cooled down 
slowly as shown in Fig. 1, the first material to freeze 
out at T will have the composition C,. As the cooling 
continues, the solid separating becomes richer and 
richer in B. If, however, a mixture of A and B of 
composition C, is added to the melt at the proper 
rate, then the process of solidification proceeds at 
constant temperature and concentration. Thus, a 
molten zone can be moved along a charge consisting 
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Fig. 2—Homogenization by zone melting. 
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Fig. 3—Approximate concentrations before and after single pass 
homogenization. 


of a mixture of A and B having a composition such 
that the process of solidification is isothermal. 

The experimental technique consists in preparing 
two charges of concentration related by the phase 
diagram of the system. The initial charge might be 
a quenched casting, while the remainder of the boat 
might be a mixture of powdered constituents. The 
two should be separated very sharply in the loading 
of the boat so that the initial zone, which is going 
to be the molten zone, will have a concentration 
which does not differ very much from C,. Slight 
errors in the estimation of the concentration of the 
initial charge may lead to C,’, for example, as shown 
in Fig. 1. The first crystals to separate out will then 
have the concentration C,’ but this will not affect the 
final result, since the system is self-equalizing. A 
schematic diagram of the process is shown in Fig. 2. 
Assuming that a molten zone of width L advances 
a distance dz in the direction of C., and that the 
cross section of the charge is uniform along the 
length of the boat, the total concentration in the 
molten zone can be expressed as 

where C,’ is the average concentration of the molten 
zone. A rearrangement of this equation gives 


Thus the average concentration of the molten zone 
lies between C,’ and C,, and the distance x neces- 
sary to move the molten zone before C,’ is reduced 
to C, can be calculated in specific cases. A similar 
treatment applies for C,” > C, (Fig. 1). In practice, 
the progress of homogenization can be followed from 
X-ray examinations of the crystallized alloy. There- 
fore it can be concluded that an error in the estima- 
tion of C, either on the high or low side does not 
affect the homogenization as long as the value of 
C, and C, vary monotonically with temperature 
along the solidus and the liquidus lines, and if C; in 
the solid charge is uniform. Those results are shown 
in Fig. 3 where approximate concentrations of the 
alloy are plotted against the length solidified for the 
conditions discussed above. 


1W. G. Pfann: Trans. AIME (1952) 194, p. 747: JOURNAL OF 
Merats (July 1952). 
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Solid Solubility of Oxygen In Columbium 


by A. U. Seybolt 


The solubility limit of oxygen in columbium has been determined 
in the range between 775° and 1100°C by means of lattice parameter 
measurements and microscopic examination. The solubility is a func- 
tion of temperature and varies, in the range given above, from 0.25 


to 1.0 pct O, respectively. 


ECAUSE of the marked deleterious effect of 
oxygen upon the mechanical properties of some 
of the transition metals, it is desirable to know 
something about the solubility of oxygen in these 
metals. The brittleness caused by oxygen in solution 
is particularly marked in the case of the group VA 
elements, vanadium, columbium, and tantalum. The 
solubility of oxygen in vanadium has already been 
reported in an earlier paper,’ and Wasilewski’ has 
given a value (0.9 wt pct) for the solid solubility of 
oxygen in tantalum at 1050°C. 

Brauer® in 1941 investigated the Cb-O system up 
to Cb,O;, but made no real effort to investigate the 
extent of oxygen solubility in the metal. He made 
the observation, however, that this solubility must 
be less than 4.76 atom pct (0.86 wt pct) oxygen. 
This estimate was made from X-ray diffraction re- 
sults on the alloys ChO)1, and CbO.5; all 
alloys consisted of the terminal (Cb) solid solution 


plus CbO, but the last alloy containing 4.76 atom pct. 


O showed only three very weak CbO lines. It is sur- 
prising that Brauer, by examining only three alloys, 
arrived at an estimate of the solubility which agrees 
very well with the results to be reported herein. 


Experimental Procedure 

A columbium strip obtained from Fansteel Metal- 
lurgical Products was cut into strips, 0.020x%2x2 in. 
Two holes, about 3/16 in. in diameter, were made 
near the ends of the strips in order to hold them 
against a flat steel block for mounting in a General 
Electric X-ray spectrometer for lattice parameter 
measurements. The same holes were used to hang 
the specimens inside a fused silica vacuum furnace 
tube which was part of a Sieverts’ gas absorption 
apparatus. The apparatus and method of adding 
oxygen gas has been previously described.* 

According to the supplier, the columbium obtained 
had the analysis given in Table I. 

After degreasing the samples, approximately 0.001 
in. was etched from each side of the samples in order 
to remove possible surface impurities from the last 
rolling operation. For this purpose the following 
cold acid pickle was found satisfactory: 8 parts 
HNO,, 2 parts H.O, and 1 part HF. 


A. U. SEYBOLT, Member AIME, is associated with the Research 
Laboratory, General Electric Co., Schenectady. 

Discussion on this paper, TP 3795E, may be sent, 2 copies, to 
AIME by Jan. 1, 1955. Manuscript, Jan. 29, 1954. Chicago Meet- 
ing, November 1954. 


Various Cb-O compositions were obtained up to 
0.75 wt pct O by the gas absorption and diffusion 
technique. After the sample had absorbed all the 
oxygen gas added at 1000°C, an additional 24 hr 
was allowed for homogenization. This treatment ap- 
peared to be adequate, as shown by the linearity of 
the lattice parameter-composition plot. More con- 
centrated alloys were prepared by arc melting mix- 
tures of Cb and Cb.O;, since it was very time-con- 
suming to make Cb-O alloys in the neighborhood of 
1 pet O, or over, by the diffusion method. 

When the flat strip specimens were used, they 
were ready for the X-ray spectrometer after cooling 
from the Sieverts’ apparatus. The cooling rate ob- 
tained by merely allowing the hot fused silica fur- 
nace tube to radiate to the atmosphere (when the 
furnace was lowered) was sufficiently fast to keep 
the dissolved oxygen in solution. 

Arc-melted alloys were reduced to —200 mesh 
powder in a diamond mortar, wrapped in tantalum 
foil, sealed off in evacuated fused silica tubes, and 
then heat treated as indicated in Table II. The fused 
silica tubes were quickly immersed in cold water 
without breaking the tubes after the heat treat- 
ments. The tantalum foil prevented reaction between 
the fused silica and the sample; there was no re- 
action between the powdered samples and the foil 
at 1000°C, but some trouble was experienced at 
1100°C. At this temperature level a reaction be- 
tween the sample and the foil was sometimes ob- 
served, which resulted in erroneous parameter 
values. 

Experimental Results 

Hardness Tests: Since most of the X-ray samples 
were in the form of flat strip, it was convenient to 
obtain Vickers hardness numbers as a function of 
oxygen content. Compared to the V-O case,’ oxygen 
hardens columbium much more slowly, presumably 
because of the larger octahedral volume in colum- 
bium (about 12.0A* compared to 9.3A° in vanadium), 
hence, requiring less lattice strain for solution. The 
plot of VHN vs wt pct O is shown in Fig. 1. 


Table 1. Columbium Analysis Given by the Supplier 


Columbium 99.4 min 
Carbon 0.1 max 
Tantalum 0.5 max 
Titanium 0.04 max 
Silicon 0.02 max 
Iron 0.01 max 
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Table Il. 


Lattice Parameter Data 


Oxygen, Lattice Heat 
Wt Pct Parameter, A Treatment Remarks 
Oxygen content of 

0.014 3.3002 + 0.0002 2 hr, 1000°C original sheet 
0.101 3.3014 + 0.0003 1 day, 1000°C — 
0.194 0.3032 + 0.0002 1 day, 1000°C — 
0.25 3:3042 + 0.0003 1 day, 1000°C _ 
0.294* 3.3045 + 0.0002 16 hr, 1100°C —_— 
0.55 3.3086 + 0.0005 1 day, 1000°C _— 
0.75 3.3112 + 0.0002 37 hr, 1050°C _— 
2.6* 3.3125 + 0.0004 18 hr, 1000°C Some CbO lines 
yah 3.313 + 0.001 18 hr, 1000°C Some CbO lines 
3.10% 3.3049 + 0.0007 1 week, 800°C Some CbO lines 
3.76* 3.3061 + 0.0004 2 days, 900°C Some CbO lines 
3.76* 3.313 + 0.001 2 days, 1100°C Some CbO lines 
* Arc melt 


Lattice Parameter Measurements: The X-ray spec- 
trometer method yielded parameter measurements 
accurate to about +0.0003A in low oxygen alloys, 
but as the oxygen content increased to 0.5 pct and 
over, the precision dropped to something like 
+0.0005A, or poorer, in some cases. The reason for 
this difference is not entirely clear, but may be due 
in part to increased lattice strains in the solid solu- 
tion. However, there are probably other factors in- 
volved, since the precision was variable in the same 
supersaturated alloy, given a number of different 
but essentially equivalent heat treatments. 

Table II lists the lattice parameter measurements 
of the different alloys together with the heat treat- 
ments used. The same data are presented graph- 
ically in Fig. 2. 

By applying the parameters found at 800°, 900°, 
1000°, and 1100°C for supersaturated alloys to the 
curve of Fig. 2, compositions are selected correspond- 
ing to the amount of saturation at these tempera- 
tures. When these values are plotted on a logarithmic 
scale against the reciprocal of the absolute tempera- 
ture, Fig. 3, it is found that the data fell reasonably 
close to a straight line. This linearity means that 
the Van’t Hoff equation is probably obeyed, although, 
with only four points, the degree of agreement to 
the Van’t Hoff relationship 


In N = —AH/RT +C [1] 


is somewhat in doubt. In this equation, N is mol 
fraction of oxygen, or in this case, weight percent; 
AH is the heat of solution in cal per mol; R is the 
gas content, 1.986 cal per °C per mol; and T is the 
absolute temperature. 
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Fig. 1—Vickers hardness of columbium as a function of oxygen 
content. 
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Fig. 3—Solubility of oxygen in solid columbium. 


The data were plotted both as atom percent and 
weight percent, but in these relatively dilute solu- 
tions the closeness of fit to a straight line was the 
same with either method of plotting. 

Metallographic Investigation: Because the accu- 
racy of the X-ray lattice parameter measurements 
left something to be desired, the tentative solubility 
line was checked by another method. Metallographic 
examination was employed on two alloys containing 
0.25 and 0.55 pet O. The X-ray diffraction data 
seemed to indicate that the more dilute alloy should 
be on the a/a + CbO boundary somewhere between 
750° and 800°C. Similarly, the alloy containing 0.55 
pet O should be at the boundary somewhere between 
925° to 975°C. The heat treatments used, and the 
metallographic observations made, are recorded in 
Table III. These data are also incorporated in Fig: 3. 

These results indicate agreement, within 25°C at 
least, with the X-ray data; hence, the line as orig- 
inally drawn probably is fairly accurate. Figs. 4 and 
5 show the microstructure of the Cb-0.55 pct O 
treated just above and just below the a/a + CbO 
phase boundary. It will be noted that the columbium 
shows a cold worked structure, indicating that at 
the temperature of oxygen absorption, 1000°C, re- 
crystallization had not occurred even after 24 hr. 
However, the presence of cold work does not appear 
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Fig. 4—Cb-0.55 pct O soaked at 1000°C 24 hr to ab- 
sorb oxygen, then reheated to 975°C for 25 hr, water 
quenched. All oxygen in solid solution. Etched in 2HF/ 
18 HNO,/5 glycerine. X500. 


Table III. Heat Treatments and Metallographic Results 


0.25 Pct O Alloy 0.55 Pct O Alloy 


4 days, 800°C, 1 phase 
7 days, 775°C, 2 phases 
8 days, 750°C, 2 phases 


1 day, 975°C, 1 phase 
1 day, 950°C, 1 phase 
1 day, 925°C, 2 phases 


to affect the solubility values, since an arce-melted 
alloy containing 0.294 pct O treated at 1100°C (see 
Table II) fits the lattice parameter-composition 
curve. 

By taking the slope of the line in Fig. 3, it is found 
that the heat of solution (AH in Eq. 1) is approxi- 
mately 12,500 cal per mol. 

The solubility line in Fig. 6 is transposed from 
that of Fig. 3 into ordinary coordinates. 

Effect of Oxygen Pressure Upon the Solubility 
Limit: While no data were obtained on the effect of 
pressure upon the oxygen solubility, it appears that 
under the conditions prevailing during these experi- 
ments, the decomposition pressure of the Cb-O solid 
solution was very much lower than the average 
pressure (10°-10" mm Hg) used in the preparation 
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Fig. 5—Cb-0.55 pct O. Same original treatment as in 
Fig. 4, but reheated to 925°C for 24 hr, water quenched. 
Shows some CbO phase. Etched in 2HF/18 HNO,/5 
glycerine. X500. 


of the samples. This stability must be so, since minor 
variations of pressure during the vacuum homo- 
genization of the strip samples at 1000°C or varia- 
tions in time of soaking would have resulted in more 
or less random amounts of oxygen in solid solution. 

However, at some higher temperature the dis- 
association pressure of the solid solution becomes 
sufficiently great so that oxygen can be pumped out 
of the metal. This extraction has been demonstrated 
for columbium by Ang and Wert‘ who heated colum- 
bium wires to 2000°C in a vacuum of 10° mm, and 
thus reduced the oxygen content to less than 0.002 
pet. Evidently the equilibrium pressure of oxygen 
over the Cb-O solid solution is greater than 10° mm 
Hg at 2000°C. 

Similarly, R. Powers’ has purified vanadium of 
oxygen by heating it to 1400°C in a vacuum of 10° 
mm Hg. Andrews’ observed that in tantalum, “The 
dissolved oxygen .. . can be re-evolved if the fila- 
ment is run in vacuum at 2200° to 2300°C.” There- 
fore, the disassociation pressure of the solid solution 
places an upper limit upon the maximum amount of 
oxygen which can be retained in solid solution 
in these metals at very high temperatures during 
vacuum heating. Such an effect apparently has not 
been observed in the case of the group IVA metals. 

In spite of the unstable nature of the oxygen solid 
solution in the group VA metals, the solubility line 
in Fig. 3 probably could be extrapolated safely by 
about 200°C in order to obtain an approximate solu- 
bility at higher temperatures. 

While oxygen can be pumped out of vanadium 
at 1400°C, it is very unlikely that extraction at 
1400°C could be done with columbium which has 
a much higher melting point. The melting point of 
vanadium is 1900°C, of columbium, 2415°C. 
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Development of Oxygen 


Steelmaking 


by Otwin Cuscoleca 


The OMAG oxygen steelmaking shop at Donawitz is housed in a building of special 
design consisting of charging, converter, and casting bays. This view of the shop 
shows the oxygen accumulators. For a section through the shop, and the layout for 
flow of materials, see Figs. 5 and 6. 


The Austrian plants at Donawitz and Linz were the first to blow 
steel with high purity oxygen. The paper shows how the process was 
developed and gives a survey of the results achieved to date. Com- 
pared with open hearth steel of equal quality, the obvious advantages 
of oxygen steel are the low investment and conversion costs. The 
nitrogen content of oxygen steel is not higher than that of good open 
hearth steel. Rimmed and killed steel products made by the oxygen 
process are superior to rimmed and killed steel products made by the 


best open hearth process. 


4 fete new steel plants using the principle of mak- 
ing steel with high purity oxygen went into 
operation in Austria, one at Linz (Vereinigte Oster- 
reichische Stahlwerke) in November 1952 and the 
other at Donawitz (Osterreichisch-Alpine Montan- 
gesellschaft) in May 1953. An estimated 330,000 
metric tons were produced by the two plants in 1953, 
the first year of operation. In 1954 production by 
Austrian plants using the high purity oxygen ap- 
proach will be raised to 450,000 metric tons. This 
will be in addition to facilities in Huckingen (Man- 
nesmann A. G., Diisseldorf, Germany), those planned 
and under construction at Hamilton, Ontario, Canada 
(Dominion Foundries and Steel, Ltd.), and else- 
where. It is expected that by 1955 a total capacity 
of one million tons of high purity oxygen steel will 
be available. 

At the close of the last century, because of in- 
creasing availability of scrap, open hearth steel pro- 
duction forged ahead at an ever increasing pace. 
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This caused world steel production to rise faster 
than pig iron production and finally to overtake it. 
In 1911 65 million tons of steel were produced against 
64 million tons of pig iron. World steel production 
was 209 million tons in 1951, while pig iron output 
was only 147 million tons. The 1951 breakdown for 
steel shows 118 million tons made from pig iron, 
while the balance, 91 million tons or 44 pct of the 
total tonnage of steel produced, was made from 
scrap. This increase in crude steel production on a 
basis of high scrap consumption led to the world 
market scrap shortage and soaring scrap prices. In 
the United States and other nations, production of 
converter steel has fallen far behind that of open 
hearth steel. The surplus of processing scrap, un- 
absorbable by converting mills and thus a welcome 
source for open hearth and electric melting shops 
in the past, together with regular scrap purchases, 
no longer can meet requirements of both open hearth 
and electric steel production in Europe. In addition, 
recent modification of the basic bessemer process, 
blowing with oxygenated blast, substantially raised 
the scrap capacity of these plants. Any further ex- 
pansion of world steel production will necessitate 
utilization of self-containing processes in regard to 
scrap because of the shortage. 
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Development, Especially in Europe, of Metallurgical 
Uses of Oxygen 

There is nothing new in the idea of lowering the 
nitrogen ballast in the refining of steel. Henry 
Bessemer in 1856 touched upon this problem. Sim- 
ilarly, it has been known that, by lowering the 
nitrogen ballast in the converter blast, the nitrogen 
content of blown steels can be reduced. Practical 
use of oxygen could not be contemplated before 
1928-1929 when large oxygen production plants 
based on the Linde-Frankel process were developed 
and tonnage oxygen of sufficient purity could be 
produced economically. 

First metallurgical applications were in the blast 
furnace to increase pig iron production and lower 
fuel consumption by oxygen enrichment of the blast 
(Oberhausen-Rheinland). Durrer turned experience 
gained in this work to good use in the development 
of the low-shaft oxygen furnace (Gerlafingen-Liége- 
Oberhausen), which shows promise of utilizing in- 
ferior grades of coal for pig iron production. 

In steelmaking, it seemed logical to investigate 
the possibilities of oxygen enrichment of the blast 
in basic converting mills. Experiments were started 
at Max-Hiitte (Germany) in 1924-25" * and ended 
in completion of the process which, a few years ago, 
was adopted for full scale production in the Ruhr 
and in Belgium.** A number of other experiments 
aimed at elimination of nitrogen by using mixtures 
of oxygen and steam and of oxygen and carbon 
dioxide to achieve a better quality product.” Apart 
from obtaining a better quality basic bessemer prod- 
uct and permitting a higher percentage of scrap in 
the charge, these experiments resulted in a reduced 
blowing time. Several million tons of steel a year 
are being produced in Europe by this process. 

In open hearth steelmaking, first attempts to in- 
crease production through the new tool oxygen were 
made in the United States, both by injecting it into 
the bath by means of a lance and by using it for the 
melt down through the end burners. Production in- 
creases achieved were reported to be from 10 to 15 
pct. However, it was impossible, to the knowledge 
of Austrian steelmakers, to find a satisfactory solu- 
tion to the problem of reduced roof life. 


Fig. 1—Converter 
of symmetrical de- 
sign as used in the 
oxygen steelmaking 
shop, Donawitz. 
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Fig. 2—Converter 
of unsymmetrical 
design as used in 
the oxygen steel- 
making shop, Linz. 


Oxygen is used in electric steelmaking, too, in the 
production of low carbon stainless steel and for a 
general production increase at the cost of reduced 
roof life. 


The Development of Oxygen Steelmaking 

While most open hearth shops could keep hot 
metal in the charge as low as 20 to 40 pct and were 
only recently forced by acute scrap shortage to raise 
hot metal to 50 and 60 pct for a very long time, the 
Donawitz open hearth shop was less fortunate. Hot 
metal charges of 70 pct and over had to be used, 
which is near the economic limit of this process. Any 
increase in production would depend on the amount 
of circulating scrap available in the home plant. This 
tonnage of scrap is too small for the open hearth 
shop to operate on an economically favorable basis. 

The theoretical and practical work from which 
the new oxygen steelmaking process emerged dates 
back several years. In 1941 experiments were run 
at August Thyssen-Hitte and at Hagendingen to 
find out whether the Donawitz-type pig iron lent 
itself to blowing in a basic converter with normal 
air blast. The average analysis was: 3.7 to 4.3 pet C, 
0.5 to 0.85 pet. Si, 2:5: to 3.2 pct Mn; 
pet P, and 0.02 to 0.04 pet S. Results showed that 
while heats could be blown under certain conditions 
(silicon content raised above approximately 0.6 pct 
minimum and elevated hot metal temperatures), the 
heat balance for normal blows would be on the low 
side. Furthermore, the yield was low because of 
accretions and heavy slopping, and the blown steel 
was inferior in quality to open hearth steel as a 
result of nitrogen pickup during the blow. Experi- 
ments continued after the war were discouraging. 
At the same time experiments had been started with 
pure oxygen as the refining medium™™ and, after 
preliminary theoretical work, it was decided to 
tackle the problem by using high purity oxygen. 
Experiments were started in 1949 at Donawitz by 


Rosner and Kiuhnelt and at Linz by Trenkler and - 


Hauttmann.”™” Both groups used makeshift equip- 
ment: a 5 ton and later a 10 ton vessel at Donawitz, 
and a 2 ton and then a 15 ton vessel at Linz. Within ~ 
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Fig. 3—Progress of process in making a heat of oxygen steel. 


a short period, these experimental plants yielded 
results that were so favorable” ” that final decisions 
could be made in 1950 and 1951 by the two com- 
panies, and the erection of production units started 
at Linz and Donawitz. It should be mentioned that 
the promising results from experimental and pilot 
operations were realized on a production basis after 
a few weeks and, in time, surpassed. 

For a better understanding of the reasons that 
led to this special approach, these facts should be 
borne in mind: 

1—In regard to conversion costs, efficiency, and 
plant costs, the converting processes are superior to 
the open hearth process with hot metal as the primary 
charging material. 

2—It is mainly the high nitrogen content that 
makes converter steels inferior in quality to open 
hearth steels and suitable only for a restricted range 
of uses. 

3—Adaptation of the conventional converting proc- 
ess is possible only with specific pig iron analysis, 
frequently difficult to obtain, if at all, from a given 
supply of pig iron. 

The application of high purity oxygen as the re- 
fining agent combines the qualitative advantages of 
open hearth steel with the merits of the converting 
process as to productivity. 

From earlier experimental work” it was known 
that bottom-blown converters were unsuitable for 
working the blow with high purity oxygen. The 
high temperatures caused rapid destruction of the 
tuyere bottom. Therefore, oxygen must be blown 
from above against the surface of the bath. Experi- 
ments showed conclusively that this method was 
capable of producing a steel of excellent quality, 
provided certain conditions were maintained. 

By suitably spacing the nozzle of the jet device 
with respect to the surface of the bath and by ap- 
propriate adjustment of gas pressure at the nozzle, 
the oxygen jet can be made to impinge on a rela- 
tively large area of the bath surface. When all adjust- 
ments are correct, the oxygen jet will be turned into 
a turbulent stream, equalizing to a certain extent 
the difference in pressure between center and pe- 
riphery of the impingement area. Impinging on the 
surface of the liquid bath, the oxygen mols instan- 
taneously start reactions leading to the formation of 
FeO, part of which goes into the slag, while part 
enters the bath by diffusion. Further, CO is evolved 
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in the mechanism which gives rise to a vigorous 
boil. In the reaction zone, enlarged by ejected 
splashes and droplets of metal, temperatures close 
to the boiling point of iron prevail. Temperatures 
of this order promote solubility of the oxygen in 
FeO and Fe, and increase the diffusion rate of FeO 
through the metal bath. The evolution of CO is 
strongest in the immediate vicinity of the reaction 
zone. This causes an agitation of the bath which 
carries a continuous stream of metal to the reaction 
center where it is oxidized. The carbon boil also 
results in a mechanical mixing of the FeO with the 
bath, whereby the oxidizing process is propagated 
throughout the contents of the converter. With this 
reaction mechanism, a slag initially high in FeO is 
formed. Together with splashing metal particles and 
bubbles of CO, this slag forms a foaming iron-slag 
emulsion covering the metal bath. Extremely high 
temperatures cause the initially high FeO content 
of the slag to diminish rapidly by reaction with the 
carbon. In good practice the risk of heats becoming 
overoxidized is negligible. Highest temperatures 
occurring in this exothermic chain of reactions are 
within the area exposed to the action of the oxygen 
jet, i.e., on the surface of the bath, which results in 
a highly effective heating of the bath from above. 
Thus, fundamentally, conditions in the oxygen steel- 
making process resemble those of open hearth steel- 
making. They are even better in that the process 
progresses much more rapidly because of high tem- 
perature of the bath and slag in the primary reaction 
area and also because of the vigorous boiling action. 
Fig. 1 shows the progress of reactions schematically 
in the symmetrical converter developed for the Dona- 
witz plant. As will be seen from Fig. 2, the conven- 
tional converter design was followed closely in the 
construction of the Linz vessel. 

Fig. 3 shows a time study of the oxygen refining 
process on a basis of Donawitz-type pig iron con- 
taining about 4.0 pct C, 2.5 pct Mn, 0.2 pet Si, 0.075 
pet P, and 0.05 pct S. It will be noted that with 
suitable control of the blow it is possible to complete 
dephosphorization prior to decarburization. This not 
only holds true for low phosphorus steelmaking iron, 
but also for pig iron higher both in phosphorus and 
in silicon.” 

Large Scale Operation 

Plant: Based on process fundamentals, new steel- 
making shops have been erected at Linz and at 
Donawitz which are producing 1000 metric tons per 
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Fig. 4—Section through the oxygen steelmaking shop, Linz. 
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Fig. 5—Section through the oxygen steelmaking shop, Donawitz. 


24 hr. Fig. 4 shows a cross-sectional view of the 
oxygen steelmaking shop at Linz, erected in line 
with the existing open hearth shop. The OAMG 
oxygen steelmaking shop at Donawitz is accom- 
modated in a special building consisting of charging 
bay, converter bay, and casting bay, shown in Fig. 5. 
This arrangement is favorable for material flow as 
illustrated in Fig. 6; some stages of the operation 
are shown in Fig. 7. 

With an overall length of 265 ft, the 3 bay build- 
ing is 180 ft wide and contains, in this first stage of 
the project, one 500 ton hot metal mixer and two 
converters, each with a charging capacity of up to 
33 metric tons. In planning the building, provision 
was made for the erection of a second mixer and a 
third converter, which would double production. 

The numbers in the following paragraphs refer 
to the numbered parts of Fig. 6. From the blast 
furnace the molten iron is conveyed in ladle cars (3) 
to the oxygen melting shop and stored there in the 
hot metal mixer (1). (See Fig. 7a.) The mixer pours 
into transfer ladles positioned on a weigh-bridge (4) 
for positive adjustment of charging weights. The 
charging of hot metal from the transfer ladle is 
effected by tilting the converter (2) to the charging 
bay side. (See Fig. 7b.) Cooling scrap is placed on 
gravity chutes and charged into the converter from 
the charging bay side. Storage of lime is in high- 


line bins (11) positioned in the center bay and fed 
by means of drop-bottom buckets (10). From the 
bins a high-line skip car transfers the lime to in- 
clined chutes (12) feeding directly into the converter 
when in the upright position. 

The required volumes of oxygen are supplied from 
a tonnage oxygen plant rated at 70.630 cu ft of 98.5 
to 99.5 pect O per hr. At a pressure of 356 psi, the 
oxygen is led to accumulaters (8) by an all-welded 
pipe line with short-length copper tubing incor- 
porated for safety. In the feed line to the converters, 
pressure is kept at a constant level by Askania pres- 
sure regulators. A reducing valve actuated manually 
from the control panel on the converter platform 
permits positive adjustment of oxygen pressure re- 
quired at the entrance to the nozzles. Connection 
with the retractable jet devices (9) is made by rubber 
hoses, and the same applies for water connections 
serving the cooling jackets of the lances. There are 
two lances, one a stand-by, for each converter. If 
necessary, lances can be changed in a few minutes. 
When the blow is finished, the converter is lowered 
to the pit side and the steel flows into a pouring 
ladle placed under the converter by a simple trans- 
port buggy. A crane (16) lifts the ladle (5) from the 
buggy, and the molten metal is poured into big-end- 
down molds positioned on casting buggies (7) for 
direct delivery to the stripping bay. (See Fig. 7d.) 
Removal of slag is on a track below the converters 
in the direction of the charging bay (14). 

Two cranes of 65 ft span and each of 50 and 15 
ton capacity are provided for charging bay opera- 
tions (15) while the converter bay is served by a 10 
ton high-line crane (17) of 21 ft span. The casting 
bay is covered by a crane of 75 and 15 ton capacity 
(16) and a 25 ton service crane (18) of 66 ft span. 

Gases escaping from the converter mouth during 
the process are removed by hoods (19). Interference 
on crane runways was avoided by designing them 
to lead in an oblique angle from the center bay into 
the casting bay; at present they terminate in the 
open air about 145 ft above floor level. 

In contrast to the conventional converting process 
and because of elimination of the nitrogen ballast, 
working of a heat with oxygen produces only a 
small volume of off-gas escaping from the converter 
at a high temperature. Fresh air intake through the 
stack provides for adequate cooling of the hot gases. 
Dust carry-over by the escaping gases amounts to 


Fig. 6—Flow of materials in 
the Donawitz oxygen steel- 
making shop. 
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a—Molten iron is conveyed in ladle cars from the 
blast furnace to the oxygen melting shop and stored 
there in the hot metal mixer. (See 1 and 3, Fig. 6.) 


b—Charging of hot metal from 
the transfer ladle is effected by 
tilting the converter to the charg- 
ing bay side. (See 2 and 4, Fig. 6.) 


c—After charging, the converter is returned 
to the upright position while the blow is being 
made. 


d—Molten metal being poured into big-end- 
down molds, which are positioned on casting 
buggies for direct delivery to the stripping 
bay. (See 5, 7, and 16, Fig. 6.) 


Fig. 7—Some operations in the OMAG oxygen steelmaking shop, Donawitz. 


4.5 to 5 oz per cu ft. Dust consists mainly of iron 
oxides. The iron loss caused by dust production is 
lower than 1 pct. This dust consists of infinitesimal 
particles. Determination of grain size has shown 
that 15 pct of the dust is more than 1 micron; dust 
particles up to 500 microns are rare exceptions. 
Sixty-five percent of the dust varies from 1 to 0.5 
microns, while the balance is smaller than 0.5 micron. 
By and large this type of dust constitutes an aerosol, 
whose separation and collection by conventional 
methods entails certain difficulties. Experiments are 
being carried out at Linz and at Donawitz for an 
economic and efficient solution to this problem. 
Investment Costs: Investment costs of the order of 
$5 million can be given for an oxygen steelmaking 
shop rated at 1000 metric tons daily production or a 
yearly average production of from 200,000 to 220,000 
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tons of steel. These costs are computed for the shop 
ready for operation and include all necessary special 
cars, but do not include outlay for the site, track 
layout, locomotives, and rolling stock. The estimate 
is based on European conditions. Additional cost to 
increase production from 220,000 to 440,000 tons will 
be of the order of $2.5 million. Thus, total expendi- 
tures for an oxygen steelmaking plant rated at a 
production of 440,000 tons per year will be approxi- 
mately $7.5 million. 

A comparison of cost sheets reveals that, based on 
European conditions, erection and installation of an 
open hearth shop of comparable capacity containing 
two 220 ton furnaces would involve a total expendi- 
ture of $9 million, while the costs for an open hearth 
shop with a yearly capacity of 440,000 tons, cor- 
responding to the capacity of a 3 converter oxygen 
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shop, would run $16.5 million. The savings in capital 
investment and resulting saving in amortization per 
ton of steel produced will be of the order of 44 and 
54 pet, respectively, compared with the open hearth 
installation. 

Results Obtained from Current Operations: The 
production plant results surpassed those obtained in 
the pilot plant. The process is based on mixer metal 
of the following average analysis: 4 pct C, 2.5 pct 
Mn, 0.2 pct Si, 0.100 pet P, and 0.080 pct S. Calcu- 
lated from the metallic charge (hot metal, plus scrap, 
plus metallic additions), the yield of sound ingots 
averaged 89 pct, 2 pct higher than originally esti- 
mated and on a level with yields obtained in open 
hearth shops. 

On an average of 18 pct scrap in the charge, ap- 
proximately the amount of scrap produced by the 
plant, the balance of materials used per ton of steel 
in lb per ton is given in Table I. 

The volumes of slag carried vary from 11 to 12 
pet. The CaO content of the slag varies between 35 
and 40 pct; the average for Fe is approximately 14 
pet while the Mn content is as high as 15 pct, caused 
by specific analysis of hot metal used. Slag of this 
composition can be used in the blast furnace charge 
and represents a potential credit item. The iron 
losses into the slag are, therefore, lower than under 
the pig iron-ore process. 

Converters are lined with pressed brick made 
from a mixture of sintered magnesite and tar. Bricks 
are used in the unburnt state. Within a short period 
it was possible to increase the lining lfe to 200 to 
250 heats. Based on this performance, the consump- 
tion of refractories is about 18 to 24 lb per ton of 
steel produced. The open hearth furnace requires 
36 lb of refractory brick for the furnace lining with 
some 40 lb of sintered dolomite added for fettling 
operations for a total of 76 lb per ton of steel. 

The average consumption of oxygen is 1940 cu lb 
per metric ton, including the volume required for 
the heating-up of converters after relining. An 
oxygen efficiency of 95 pct has been established. 
Oxygen jet devices have a life of several hundred 
heats and maintenance costs are low. Water require- 
ments for cooling the lance amount to 2.64 gal per 
sec, lower than the cooling water requirements of 
an open hearth furnace. 

From the angle of energy requirements, the favor- 
able economics of heat in the oxygen converter brings 
about a savings of at least 75 pet compared with the 
open hearth process. A consumption of 1940 cu ft O 
per metric ton under the oxygen melting process, 
representing an energy value of 0.25x10° kg-cal max, 
stands against a heat input of 1x10° kg-cal for the 
open hearth furnace. 


Table |. Balance of Materials Used Per Ton of Steel in Pounds 


Per Ton* 

Materials Lb per Ton 
Pig iron 1884 
Scrap : 360 
Metallic additions 3.2 

Total 2247.2 
Melting and other losses 213.2 
Liquid steel 2034 
Pit scrap 34 
Ingot yield 2000 


.* On an average of 18 pct scrap in the charge,.a roxim, 
amount of scrap produced bythe plant. 
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Fig. 8 Fig. 9 Fig. 10 
Fig. 8—Accumulative frequency for nitrogen in the first 2000 heats 
of soft rimming oxygen steel produced at Donawitz. 


Fig. 9—Accumulative frequency for sulphur in the first 2000 heats 
of soft rimming oxygen steel and in open hearth heats made at the 
same time from the identical grade of pig iron at Donawitz. No 
desulphurization in either case. 


Fig. 10—Accumulatiye frequency for phosphorus in the first 2000 
heats of soft rimming oxygen steel at Donawitz. 


With approximately equal costs for materials 
handling, mixer, and pit operations, conversion costs 
for the oxygen steelmaking process are substantially 
lower than for the open hearth process. In the fourth 
month of operation, the conversion costs for the new 
oxygen melting shop dropped to 52 pct of those of 
the open hearth shop. 

Briefly summarized, the economic advantages of 
the oxygen steelmaking process over the open hearth 
process,” realized after a short period of operation, 
are: 1—Capital expenditure and, with it, amortiza- 
tion per ton of steel are lower by 44 and 54 pet, 
respectively. 2—Energy requirements show a reduc- 
tion of 75 pct. 3—The productivity per man-hr is 
higher than that obtainable in good open hearth 
practice. 4—There is a continuous flow of ingots 
into the blooming mill. A comparison of charging 
costs may be somewhat unfavorable with respect to 
lower percentages of hot metal in the open hearth 
charge. However, this drawback is offset by lower 
conversion costs. 

Increased steel production cannot always be ob- 
tained by charging the open hearth furnace with 
higher percentages of scrap, since the limited avail- 
abilities of scrap necessitate use of higher hot metal 
charges. Therefore, it might appear quite useful to 
unburden the open hearth from high hot metal per- 
centages in the charge by a partial change-over to 
the oxygen steelmaking process, as in Austria. Well 
balanced application of both open hearth and oxygen 
steelmaking presents a scheme by which, as a final 
combined result, a reduction of average costs for 
either process can be achieved. Hot metal essen- 
tially will be processed in oxygen converters under 
favorable conditions. Scrap will be allocated pri- 
marily for open hearth melting, thus turned to best 
advantage. Open hearth shops that are no longer 
burdened with high hot metal charges will be able 
to reduce charging costs and will achieve an increase — 
in production at lower conversion costs. 

The oxygen steelmaking process will be of par- 
ticular interest where pig iron high in phosphorus 
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or silicon is produced, since refining an iron of this 
composition in the open hearth is bound to cause 
substantial difficulties and costs. 


Quality of Products 

From the nature of the charge and melting process, 
oxygen steelmaking incorporates all requirements 
favorable for production of steel particularly low in 
impurities and quality impairing elements.” 

Nitrogen content of pig iron rarely rises above 
0.010 pct.** Neither the technically pure oxygen 
used as the refining agent (containing a maximum 
of 0.3 pct N.) nor scrap and other materials added 
carry substantial amounts of nitrogen. Thus, nitrogen 
pickup of the metal bath can be termed negligible 
despite high temperatures developed in the oxygen 
bath reaction area. Above all, refining reaction con- 
tinues vigorously up to the end point and effectively 
causes elimination of such major amounts of nitrogen 
present in the bath because of untoward conditions. 
This set of conditions results in a low nitrogen con- 
tent of the steel produced. Frequency curves pre- 
pared at Donawitz have shown an upper limit for 
nitrogen content of oxygen steel of 0.002 to 0.003 pct, 
with 95 pct of heats blown showing a maximum 
content of 0.004 pct N.. 

Fig. 8 presents the accumulative frequency curve 
for the nitrogen contents of the first 2000 heats of 
30 tons each of soft rimming oxygen steel produced 
at Donawitz. On the whole, it can be said that oxygen 
steel is even lower in nitrogen than open hearth 
steel. 

The effective heating of slag cover and metal bath 
from above and the boiling action setting in at an 
early stage of the process are highly beneficial. They 
promote the formation of a fluid and reactive slag 
relatively high in lime. This condition does much to 
speed up the rate of phosphorus and sulphur re- 
moval from the bath, leaving the steel low in both 
elements. Again, oxygen steelmaking is distinguished 
from conventional converter processes. 

If a steelmaking iron of moderately high sulphur 
and phosphorus content is refined to carbon contents 
below 0.10 pet by the oxygen melting process, the 
final content of either element in the finished steel 
would be difficult to surpass in open hearth melting 
without additional steps. Fig. 9 shows accumulative 
frequency curves for sulphur content of 2000 heats 
of soft rimming oxygen steel blown at Donawitz 
from typical hot metal charges (average analysis 
4 pet C, 2.5 pet Mn, 0.2 pct Si, 0.10 pct P, and 0.08 
pet S) with lime additions of 4.5 pct, and for the 
sulphur content of open hearth steel produced at 
the same time from pig iron of identical chemistry. 
Fig. 10 shows the accumulative frequency curve for 
the phosphorus content of the same 2000 heats of 
open hearth steel. 

If a pig iron lower in sulphur is available, or soda 
desulphurization in the ladle is practiced, the sul- 
phur content of the finished oxygen steel can be 
kept at an even lower level. 

It will be noted, Fig. 3, that during the last minutes 
of the blow, the P and S curves level out to such an 
extent that even structural steels caught at higher 
carbon contents are not noticeably higher in sulphur 
and. phosphorus. 

Experimental blows have been run on pig iron 
grades containing up to 1.5 pct P. Results revealed 
conclusively that rapid formation of a highly re- 
active slag enables the oxygen steelmaking process 
to keep the phosphorus content of the finished steel 
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well below 0.05 pct,” “ despite the high phosphorus 
in the charge. The same results were obtained by 
Springorum” ” on blowing specific basic bessemer 
iron with about 2.0 pct P on the principles of oxygen 
steelmaking. 

The vigorous boil, continuing right up to the end 
point, and the circulation of the bath metal, a dis- 
tinguishing feature of the new process, effectively 
counteract overoxidation of the bath, providing 
the heat is properly worked. For this reason oxygen 
steels never suffer from the deteriorating effects of 
high FeO contents. Direct oxygen determination by 
the hot extraction method yielded oxygen contents 
of 0.040 pct max for heats that were decarburized 
to an end carbon of from 0.05 to 0.10 pet C. This 
result compares easily with the oxygen contents of 
open hearth steel in the same carbon range. 

Since the oxygen steelmaking process is self- 
contained as to scrap, it is obvious that with a hot 
metal poor in detrimental elements, such as copper, 
the oxygen steel will be comparatively free from 
elements that in the case of open hearth steel are 
entrained by the scrap used, and that can have an 
undesirable effect. 

Because of the high temperature and low slag 
volumes, the manganese content of a heat of oxygen 
steel is generally higher than from an open hearth 
heat melted from the same grade of iron under the 
pig iron-ore process and refined to the same end 
carbon. With low manganese hot metal this means 
a saving of ferromanganese, while with high man- 
ganese iron no additions of ferromanganese are 
necessary.” It will be noted from Fig. 3 that the 
manganese oxidation curve has a definite hump. 
This and slag analysis show that under the oxygen 
melting process the oxidation of carbon during the 
last third of the refining period causes reduction of 
iron and manganese into the bath, while any throw- 
back of phosphorus can be avoided by proper slag- 
ging practice and temperature control. It is also 
possible to maintain constant conditions to keep the 
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Fig. 11—Relationship of manganese and carbon contents 


based on analysis of heats made in the 30 ton converter at 
Donawitz. No recarburization. 
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rise of the manganese hump within narrow limits, 
establishing a close interrelationship of the man- 
ganese and carbon contents with carbon as the gov- 
erning element. This is demonstrated in Fig. 11 on 
a heat produced from the Donawitz-type of steel- 
making iron of the usual chemistry. By adjustment 
of operating conditions, it is possible to obtain vary- 
ing contents of manganese with given carbon con- 
tents, which, with a view to different end uses, offers 
a desirable amount of flexibility. 

The particular purity of oxygen steel heats, in 
combination with easily maintained high tapping 
and casting temperatures, impart a high degree of 
fluidity to the heat. Thus, ingots cast from rimming 
heats have exceptionally few blowholes, segregates, 
and sonims. 

Fig. 12 is a cross section of an ingot cast from soft 
rimming oxygen steel: Owing to the excellent uni- 
form quality of this type of ingot, rejection of semi- 
finished bars high in inclusions has become rare. 


The lower contents of phosphorus and sulphur | 


and the reduced amount of segregation, particularly 
in regard to sulphur, over the better part of the 
ingot length will be noted from Fig. 13. This favor- 
able condition enables Donawitz steelmakers to use 4 
to 5 pet more of the ingot weight for qualities in- 
tended for deep drawing, or cold reducing, or similar 
applications in the case of oxygen steel, than in the 
open hearth process. 

By the nature of the process, steels produced 
under the oxygen steelmaking method are dis- 
tinguished by soundness, implying good workability 
as well as good mechanical properties of the finished 
product. ~ 

A breakdown by uses of the 330,000 tons of oxy- 
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Fig. 13—Segregation of accompanying elements in rimming steels 


of 57,000 psi tensile strength made under both open hearth and 
oxygen steelmaking processes. 
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Fig. 12—Cross section of rimming, 4 ton 
oxygen steel ingot with 0.080 pct C and 
0.45 pct Mn. 


gen steel produced in Austria in 1953 is given in 
Table II. 

Experience gained from this varied manufactur- 
ing program is diverse and promising. Among other 
factors, the higher purity of oxygen steel results in 
a tensile strength in the as-rolled and normalized 
condition that is about 4270 psi lower than for 
Donawitz open hearth steel of comparable chemistry 
in regard to carbon and manganese. 

From Fig. 14 it will be noted how far this condi- 
tion affects the average chemical composition of a 
steel produced at Donawitz, both in the open hearth 
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Fig. 14—Comparison of average chemical composition in 
steels of 52,000 to 64,000 psi tensile strength made under 
different processes. 
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Fig. 15—Strain hardening of wire drawn from rimming low carbon 
steels of different origins. } 
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Table Il. Breakdown of 330,000 Tons of Oxygen Steel 
Produced in Austria, 1953 


Uses Pct 


Donawitz Production 


Structural, bar, and rail mill products 39 
Wire manufacture 36 
Welding electrodes 1 
Strip and sheet, hot and cold rolled 12 
Tube strip 5 
Sundry uses 2 
Linz Production 
Tin strip 26 
Autobody sheets, cold rolled 11 
Deep drawing sheets, hot and cold rolled 19 
Galvanized sheets 6 
Plates 10.5 
Bar and section mill products 26 
Commercial qualities 1.5 


and in the oxygen converter—German standards 
St37 having a tensile strength of from 52,600 to 
64,000 psi. The yield-tensile ratio is about the same 
for both steels made at Donawitz, while mean values 
obtained for elongation and reduction of area are 
slightly higher in the case of the oxygen steel.” 
Oxygen steels with carbon contents of 0.5 pct and 
less are free from red shortness and have excellent 
hot forming properties. This condition is most 
strikingly expressed by flawless surfaces and par- 
ticularly sound edges of rolled products. 

Oxygen steel has been used to great advantage in 
the manufacture of wire. Strain hardening values 
for oxygen steel have been shown to be at the lower 
limit of values obtained for comparable open hearth 
steels, and the susceptibility to strain hardening is 
perceptibly lower than in the basic bessemer steels 
shown in Fig. 15. 

Dead soft rimming steels, widely used for wire 
manufacture, can be produced more economically 
in the oxygen converter than in the open hearth fur- 
nace. Soft rimming wire rods of 0.22 in. diameter 
rolled from oxygen steel stocks can be cold drawn 
down to 0.012 in. without any intermediate reheat. 
The processing of oxygen steel rods in various wire 
drawing shops has confirmed that even with higher 
carbon contents the cold forming properties of oxy- 
gen steel outmatched those observed in standard- 
grade open hearth steel, with the additional advan- 
tage that oxygen steel wire is less susceptible to 
cupping. i 

In the manufacture of welding electrodes from 
oxygen steel, it has been found that the wire fuses 
easily and smoothly when used in light and medium- 
coated electrodes. In gas welding oxygen steel rods 
give exemplary performances because of the ab- 
sence of interfering slag films. In addition, oxygen 
steel electrodes are suitable for automatic welding 
where, with properly prepared surfaces, a good 


Fig. 16—Upsetting tests on electric-resistance welded pipes manu- 
factured from 0.16 pct C oxygen steel. 
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weld is obtained without spattering. In all the cases 
investigated so far, the beads were flawless. 

There are undeniable advantages to the utilization 
of oxygen steel in the cold rolling of rimming low 
carbon strip. Less passes are required to reduce 
this material to the desired thickness than with open 
hearth steel. Consumers report less tendency toward 
the formation of ears in deep drawing than is 
observed when standard open hearth deep drawing 
sheet is used. This favorable behavior occurs 
because the oxygen steel is lower in impurities and 
segregation products. Since oxygen steel gives bet- 
ter performance than open hearth steel under con- 
ditions of pressure welding, oxygen steel is pre- 
ferred for the manufacture of welded pipe from hot 
and cold rolled strip. 

Evaluation of welding results shows a definite de- 
crease in discards arising from unsound welds com- 
pared with open hearth welds. Where electric- 
resistance butt welding was concerned, higher speeds 
were possible, especially when dimensions were 
close to the limits of the process. The use of oxygen 
steel has proved to be of particular advantage in the 
manufacture of welded pipe that is subjected to 
bending operations subsequent to welding. 

Fig. 16 shows a number of current upsetting test 
specimens from oxygen steel pipe. For the manu- 
facture of precision steel tubing drawn to small di- 
ameters subsequent to mechanized gas welding, 
good deformability and surface finish (for nickel 
plating) of the weld are first considerations. Owing 
to the low contents of phosphorus and sulphur as 
well as the comparative freedom from segregates, 
no difficulties were encountered when welding tubes 
from slit oxygen steel strips. Again, this compares 


Fig. 17—Parts man- 
ufactured from oxy- 
gen steel strip and 
sheet. 


Fig. 18—Parts man- 
ufactured from oxy- 
gen steel strip and 
sheet. 
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Fig. 19—Weld bending test specimens prepared from 1.57 in. plate. 
Comparison of specimens in the as-rolled, w, and normalized, n, 
condition cut from plates of rimming oxygen steel U13 and rim- 
ming open hearth steel SM with carbon contents of 0.13 and 0.10 
pct, respectively. Specimens were cut from positions representing 
distances from the top of the slab of 10, 50, and 90 pct, respec- 
tively. Testing temperature, 68°F. (Data partly from Hauttmann.”) 
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Table Ill. Values Obtained for Plate Rolled from Killed Oxygen Steel” 


Notch Impact Values** Bending 
Upper mu i Reduc- Ft-lb per Sq In. Angle of 
Yield Point, Tensile Elongation tion of fe 
Heat Point, 1000 Strength, (L = 5.65\/F), Area, 
Analysis Sampling 1000 Psi Psi 1000 Psi Pet Pet malize g 
0.18 pet Cc Top of 14 ton ingot 
0.64 pct Mn normalized, longitu- 
0.12 pct Si dinal (1.575 in. plate) 46.2 43.1 69.4 26.4 61 750 n.d.j >150°+4 
0.04 pctP Middle of 14 ton ingot 
0.013 pet S as-normalized, trans- 
0.057 pet Al versal (1.575 in. bin 
0.006 Bot Ne plate) 44.2 41.2 67.5 26.4 63 746 433 >150° +7 
Bottom of 14 ton ingot 
as-normalized 45.9 39.0 63.1 29.9 66 741 n.d.j S1502h4 
0.20 pet C 3.15 in. plate, longi- 
1.49 pct Mn tudinal, as-normal- Sen 
0.47 ae Si ized 62.2 57.2 90.2 28.6 63 629 270 >120°+7 
0.043 pet P 2.360 in. plate, longi- 
0.017 pet S tudinal, as-normal- 
0.029 eee Al ized 61.2 57.7 89.3 30.0 66 731 443 >130°tt 
0.007 pct Ne 1.575 in. plate, longi- 
58.5 61.6 93.0 28.9 64 703 471 
0.787 in. plate, longi- 
60.6 59.2 86.6 30.1 63 774 513 >150° ++ 
0.18 pcetC 1.575 in. plate, 
t Mn tudinal, as-normal- 
O43 mee Si ized 57.9 n.d.+ 84.5 28.6 63.1 760 564 158°++ 
0.037 pct P 1.575 in. plate, trans- ‘= 
0.022 pct S versal, as-normalized 59.6 n.d.j 86.5 26.4 60.2 615 447 162°77 
n.d.+ 


* Partly according to Hauttmann.2 
** DVMR, test piece. 

n.d.: not determined. 
++ No fracture. 


favorably with open hearth material, where troubles 
are not infrequent. 

Its good cold forming properties and weldability 
have opened up a wide field of applications for oxy- 
gen steel in the form of thin sheets. At Donawitz 
and Linz, thin sheets were produced from oxygen 
steel. The total was 100,000 tons, the better part 
of which is accounted for by the Linz plant. Because 
of the favorable conditions under which rimming 
steels of particularly low carbon contents can be 
produced by the oxygen steelmaking process, the 
opportunity they offer for production of quality 
steel sheets and strip is obvious, especially for deep 
drawing applications. Results from Erichsen cup- 
ping tests are even better than those obtained for 
comparable open hearth steels. Various reports re- 
ceived note an exceptionally good performance of 
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Fig. 20—Susceptibility to aging of steels originating from 
different processes. 
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oxygen steel sheets and strip and a decrease in dis- 
cards. Part of these reports are included in recent 
publications.” 

Figs. 17 and 18 show parts made from oxygen 
steel sheets and strip (cold rolled). Even with high 
degrees of cold work, no cracking was observed 
compared with the case of basic bessemer sheets. 

In the field of steel structures, bridges, and ship- 
building, and boiler and container fabrication, plates 
made from rimming oxygen steel are equal or bet- 
ter than the qualities of open hearth products. It 
has been shown that oxygen steel plates are freer 
from brittle fracture than open hearth plates of 
identical strength. While results from weld bending 
tests have shown that brittle fracture is likely to 
occur in 0.59 in. St37 basic bessemer steel plates and 
in open hearth products with qualities of the same 
type from a thickness of 1.18 in. upward, this limit- 
ing thickness (according to Hauttmann”) is over 
1.57 in. for St37 oxygen steel plates, as shown by 
Trenkler™ in Fig. 19. 

By deoxidation with silicon or other deoxidizers, 
it is possible to produce killed steels of excellent 
quality under the oxygen steelmaking process. Here 
again, the production of steel plate appears highly 
attractive. Plates used for welded constructions 
normally have carbon contents of less than about 0.25 
pet, which can be obtained easily in oxygen steel- 
making by catching the heat at that point or by sub- 
sequent recarburization. It has been shown that the 
aging and welding properties of killed oxygen steel 
together with freedom from brittle fracture, all- 
important for the performance of the steel in welded 
constructions, are better than those established for 
open hearth steel of identical strength.” It is 
possible to produce steels of higher strength and 
perfect freedom from brittle fracture by special de- 
oxidation methods, as demonstrated by the experi- 
mental values listed in Table III (partly according 
to Hauttmann™), and by DVMR impact values in the 
transition range as shown graphically in Fig. 20. 

The oxygen steelmaking process is not limited to 
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n.d.7 Ne 


the production of low carbon steels, as evidenced by 
the 0.55C rail steel produced at Donawitz. It is im- 
possible to present data from which conclusions may 
be drawn on service performance of these rails at 
present. The above-normal results obtained during 
inspection of the rails from laboratory tests, as well 
as fatigue testing and tests for wear resistance and 
welding properties, hold good promise that oxygen 
steel rails will stand up well in actual service. 

Small-scale experiments have shown that the de- 
gree of purity displayed by oxygen steels easily 
meets the normal requirements for purity specified 
for case hardening and heat treating steels, and that 
oxygen steel is as responsive to heat treatment as 
is open hearth or electric steel. 

The oxygen steelmaking process will be applied 
chiefly in the production of mass steels. However, 
in regard to quality considerations, the potential 
range of this process goes far beyond the production 
of commercial steels. In economy of operation and 
quality of product, the first oxygen steelmaking 
plants at Donawitz and Linz have proven successful. 
It is expected that this new steelmaking process will 
be utilized in areas where suitable raw materials are 
available as a supplement to conventional processes. 
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Technical Note 


G-Modulus Temperature Coefficient 


For Beryllium Copper Wire 


by John T. Richards 


LASTIC constants, including E-modulus, G- 
modulus, Poisson’s ratio, and compressibility, 
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are affected by temperature, but not necessarily to 
the same degree nor in the same direction. Theo- 
retical expressions relating the temperature co- 
efficients for the various elastic constants have been 
introduced by Gruneisen.* 

In considering the thermoelastic characteristics 
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Table |. G-Modulus Temperature Coefficient 


Temperature G-modulus 
Source Range, °F Coefficient, m* 
Keulegan and Houseman? —60 to +120 0.000334 
Richards?® —95to +32 0.000355 
+32 to +212 0.000389 
Present study —95to +85 0.000256 
+85 to +212 0.000330 
+212 to +340 0.000407 
1 G, dG 
*m = — —— where G is G-modulus, and —— is the change of 
aT aT 


G 
G-modulus with temperature. 


applicable in shear or torsion, the G-modulus* of 


* Known variously as torsion, shear or Coulomb’s modulus, or 
modulus of rigidity. 


most materials decreases with an increase in tem- 
perature. Since earlier tests”*® to determine the tem- 
perature coefficient for beryllium copper have been 
of rather limited scope and have not shown good 
agreement with theoretical considerations, addi- 
tional work has been undertaken. 

G-modulus values, in the present investigation, 
were calculated from the load-deflection character- 
istics of helical compression springs. Tests were 
limited to low stress ranges to minimize the effects 
of end coils and changes in pitch angle. Dead weight 
loading was applied, while deflection was measured 
with an electronic micrometer having a sensitivity 
of 0.00001 in. and an estimated accuracy of 0.000025 
in. Springs were mounted in a suitable furnace per- 
mitting adequate temperature control over the de- 
sired test range. 

Test material details were as follow: composi- 
tion, 1.83 pct Be, 0.22 pct Co, 0.11 pet Fe, and the 
balance essentially Cu; diameter, 0.091 in.; cold 
drawn reduction, 44 pct; aging treatment, 2 hr at 
600°F; and tensile strength, 206,500 psi. 

The effect of temperature upon deflection rate 
(and also G-modulus) ‘is apparent from Fig. 1. 
Plotted values represent the difference between ob- 
served values at a given load and those calculated 
from an assumed deflection rate. If actual and 
assumed deflections are identical, points fall on a 
vertical line. Variations are indicated by a sloping 
or curved line. In the case of a spring having greater 
stiffness (higher modulus) than the assumed de- 
flection rate, points fall to the left of the vertical, 


od of oh oO) of woh oh © © 
a 
< 
3 
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Fig 1—The effect of temperature upon the deflection character- 
istics of Be-Cu compression springs. The calculated G-modulus is 
shown. 
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Fig. 2—The variation in G-modulus with temperature. Solid line 
is based upon data taken from Fig. 1. 


while decreased stiffness or reduced modulus causes 
points to fall to the right. The average slope of the 
resulting curve is then applied as a correction factor 
to the deflection rate employed in the usual spring 
formula for determining G-modulus. 

Incidentally, this method of plotting is particu- 
larly effective in illustrating the practical signifi- 
cance of the temperature coefficient, since the change 
in stiffness of the spring with temperature is readily 
apparent. The curvature results from the decrease 
in the number of active coils resulting from the con- 
tinuous closing of end coils with increasing load. 

Although Fig. 1 shows the variation in G-modulus 
for rising temperature, tests were actually conducted 
over the complete temperature cycle. Good agree- 
ment was noted between rising and falling tempera- 
tures with no evidence of an open loop. Average 
temperature coefficients are listed in Table I. 

A number of attempts have been made to relate 
the temperature coefficient with either the melting 
point or the thermal expansion coefficient of various 
metals and alloys. For example, Sutherland‘ has 
proposed the following formula: 


m 


where G is the G-modulus at any absolute tempera- 
ture, G, is the G-modulus at absolute zero, T is the 
absolute temperature at which G is to be computed, 
and T,,, is the absolute temperature of melting point. 

A curve corresponding to Sutherland’s formula is 
shown in Fig. 2 drawn through the G-modulus value 
obtained from Fig. 1 at 75°F. The temperature co- 
efficient according to Keulegan and Houseman’ has 
also been superposed in Fig. 2 upon the curve rep- 
resenting the data from Fig. 1. The present data are 
considered more reliable than earlier values by the 
writer* because of the wider temperature range and 
greater number of experimental values. Further- 
more, the increased deflection rates of the springs 
employed in the present tests mean improved sensi- 
tivity. 
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On the Basic Bessemer Process 


by Pierre Coheur and Hans Kosmider 


New processes of blowing with an oxygen-enriched air or gas 
mixtures of oxygen and steam allow the steelmaker to produce, in 
a basic converter, a rimmed steel low in nitrogen (0.0020 pct), 
Phosphorous (0.020 pct), and sulphur (0.020 pct). The physical 
properties (ductility) of the new steels are excellent. Furthermore, 
from the point of view of economy, these new methods of blowing 


offer outstanding possibilities. 


HE natural occurrence of geological deposits of 

iron ore and local economic circumstances led 
European blast furnace men to work large quan- 
tities of lean iron ore with a phosphorus content as 
high as 0.5 pet. The iron obtained from these ores 
generally contains 1.5 to 2.1 pet phosphorus, 3.6 to 
3.9 pct carbon, 0.3 to 0.6 pct silicon, 0.04 to 0.08 pct 
sulphur, and 0.3 to 1.2 pct manganese. 

To produce steel from this pig iron, the steelmaker 
has at his disposal several processes. One of the 
simplest and most economical is the pneumatic 
process developed by S. G. Thomas in 1879. This 
process of steelmaking, called the Thomas process, 
consists of blowing through the bottom of a basic 
bessemer converter and is used widely in Western 
Europe, as shown in Table I. Due to the develop- 
ment of tonnage oxygen plants, this process has be- 
come more important because the use of oxygen 
offers new possibilities of steel manufacture. Not 
only may the quality of the steel be improved, but 
liquid pig iron also may be used, the composition of 
which does not meet the heat requirements of the 
blow with atmospheric air. 

It is not intended to present here a detailed sci- 
entific discussion of the basic bessemer process but 
rather to discuss briefly its industrial possibilities in 
the case of rimmed steel and when blowing with 
atmospheric air, oxygen-enriched air, or gas mix- 
tures of oxygen and steam. This paper is based on 
the current practice at Klockner-Huttenwerk Haspe’s 
steel division, and at six Belgian and Luxemburg 
steel works. The latter are members of the Liege 
section of the C.N.R.M. (National Institute for Met- 
allurgical Research) and are: ARBED, John Cocker- 
ill, Esperance-Longdoz, HADIR, Miniére et Métal- 
lurgique de Rodange, and Ougrée-Marihaye, most 
of which are working with tonnage oxygen plants.* 

In order to avoid any misunderstanding, it should 
be noted that most of the techniques to be men- 
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Liege and Director, Centre National De Recherches Metallurgiques, 
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tioned, or similar ones, are used currently at many 
steel plants in Western Europe. 


* The studies made by the Liege section of the C.N.R.M. were 
sponsored by I.R.S.I.A. (Belgian Institute for Scientific Research in 
Industry and Agriculture). 


Background 

The basic converters used in Europe have a capa- 
city of 17 to 65 tons of steel, and are similar in shape 
to the one in Fig. 1. The lining is brick or rammed 
dolomite and has a life of 250 to 500 blows. The 
bottom is rammed dolomite and has a life of 40 to 80 
blows. 

As far as we know, the type of blast used does not 
appear to have any influence on the life of the lining. 
Bottom life, on the contrary, depends very much 
upon the composition of the blast. It is only when 


Fig. 1—Basic bes- 
semer converter. 
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resorting to special measures that the values indi- 
cated in Table II can be obtained. For example, in 
steel plant 3, bottoms had a mean life of 70 blows 
when blowing with atmospheric air. Since Decem- 
ber 1952, this plant has been blowing all its iron with 
enriched air or with mixtures of oxygen and super- 
heated steam. Results show that, when blowing 
with enriched air, the bottom life is 70 blows. When 
using both processes during the life of one bottom, 
50 heats are blown with the superheated mixtures 
of oxygen and steam and at least 10 heats with en- 
riched air. 

In normal practice, liquid pig iron, lime for flux- 
ing the silica, phosphoric acid, and scrap, ore, or 
limestone are employed. The amount of scrap, ore, 
and limestone depends on the oxygen concentration 
in the blast, the grade of steel to be produced, and fin- 
ally on the economic conditions, Fig. 2 and Table III. 
For example, with atmospheric air the quantity of 
scrap used is 3 to 9 pct of the liquid iron. With en- 
riched air, the quantity of heat developed during 
blowing is greater and this provides heat for melting 
additional scrap. With an oxygen concentration of 
30 pct in the blast, the total amount of scrap charged 
may be increased to 15 or even 20 pct, i.e., approxi- 
mately 0.3 lb of scrap for every additional cubic foot 
of oxygen added in the blast. When scrap is expen- 
sive, ore may be used. The equivalent factor, in 
respect to heat balance, between scrap and ore is 
approximately 2 to 2.8, which means that 1 lb of ore 
can be charged to the converter instead of 2 to 2.8 
lb of scrap. A certain amount of limestone also may 
be charged instead of lime, and in this case, the 
equivalent factor is 1.8, which means that 1 lb of 
limestone can be charged instead of 1.8 lb of lime. 
With a mixture of oxygen and steam used from the 


Table |. Steel Production in Western Europe, 1952* 


Total Basic Besse- Basic Besse- 


Steel Pro- mer Steel Pro- mer Steel, 
Country duction, Tons duction, Tons Pct 
Luxemburg 3,302 3,238 98 
Belgium 5,608 4,631 82.6 
Saar 3,105 2,319 74.7 
France 11,954 7,265 61.2 
West Germany 17,387 7,630 43.8 


* In thousands of tons per annum. 
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beginning to end of the blow, the proper ratio of 
oxygen and steam may be chosen in order to melt 
the same amount of metallic additions melted with 
atmospheric air. In this case, the ratio of oxygen to 


Table II. Lining and Life of Converter Bottom, Blow: 
Atmospheric Air 


Thick- Quan- 
ness of Life of tity of Blow- 


Capacity 
of Con- Life of Bot- Bot- Dolo- ing 
Steel verter, Lin- Lining,* tom, tom, mite, Lb Time, 
Plant Tons ing Blows In. Blows per Ton** Min 
al 22 Rammed 400 to 4507 25 60to70 18per22 15 
2 30 Rammed _ 500 to 6507 386 55to65 18per22 21 
3 15tol16 Bricks 350 to 400 28 70to80 22per26 12 
4 19to20 Bricks 250 to 300 24 55to65 18per22 15 
5 16to17 Bricks 250 to 300 34 50to60 24per28 15 
6 26to27 Bricks 300 to 500 36 75to85 l16per20 16 


* The life depends on the thickness of the lining. 
** Pounds of dolomite used per ton of steel produced. 
7 With one repair. 


40 
%P.C,Mn 
3.6 


32 


2A 


.010 20 
N% 
008 1.1.6 
004 | .8 
002 | .4 
0 20 40 60 80 100% 
Blowing time 
a—Blow with an oxygen-enriched blast. Haspe. 
Ao 
% P,C,Mn 
3.6 
32 
28 Ne 
24 
010 _ 2.0 


NY 
-006 |. 1.2 


0041. 8 
.4 


0 20 40 60 80 
Blowing time 


100% 


b—Blow with a mixture of oxygen and steam. Haspe. 


Fig. 3—Variation of carbon, phosphorus, nitrogen, and manganese 
content with the blowing time. 
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steam expressed in weight is approximately 1.7. It 
is, of course, possible to modify this ratio in order to 
decrease or increase the quantity of metallic addi- 
tions to be transformed into steel. 

In 1953, the steel plants mentioned blew more 
than 120,000 heats with enriched air or with the 
mixtures of oxygen and steam. The experience 
gained, and the economic factors involved, have 
supported the following four processes: 1—Blowing 
with enriched air and scrap. 2—Blowing with en- 
riched air, scrap, and ore. 3—Blowing with enriched 
air, ore, and limestone. 4—Blowing with the oxygen 
and steam mixtures and scrap. With these four 
processes, the conversion time may be reduced by 
30 to 50 pct of the time needed while blowing with 
atmospheric air. This provides a means of increas- 
ing production from 10 to 20 pet. 

The iron yield (i.e., the quantity of steel produced 
in the ladle divided by the quantity of iron and 
metallic additions charged into the converter) is 
satisfactory for various types of blast and is 88.5 to 
91 pet. The losses are due to the following: 1—The 
oxidation of the carbon, silicon, phosphorus, and 
manganese (a loss of 5.5 to 6.5 pet). 2—The iron in 
the slag which represents a loss of 2 to 2.4 pet.* 3— 
The ejections which cause a loss of about 1 pct. 


* 500 lb of slag per ton of liquid iron. Iron content of the slag is 
10 to 11 pct. 

750 lb per ton of liquid iron. Iron content of the ejections is 40 
to 50 pct. 


Quality of the Steel Produced 

The quality of the steel produced with atmos- 
pheric air, or by one of the four processes men- 
tioned, will be discussed from a chemical viewpoint. 

Phosphorus: Whatever the type of the blast, the 
phosphorus concentration of the blown metal de- 
pends mainly (for the same slag basicity) on the 
bath temperature and its degree of oxidation. This 
degree of oxidation is generally estimated by taking 
into consideration the iron concentration of the slag 
as indicated in Fig. 4. In general, the bath tempera- 
ture is about 2875° to 2975°F, and the blower stops 
the conversion when the phosphorus concentration 
is about 0.035 pct for which the iron content of the 
slag is around 10 pct, as shown in Fig. 5. 

If reduction cf the phosphorus is desired, it is only 
necessary to form a second slag. The first slag is the 
normal basic one. The blower stops the conversion 
when the phosphorus concentration is about 0.060 
to 0.080 pct and pours off the slag. Afterwards, the 
blower charges the converter with a new basic slag 
(e.g., 200 lb of Na,CO, for a 17 ton converter), 
turns the vessel upright, and blows for another 15 
to 20 sec. The new slag is formed in a very short 
time, and the phosphorus content drops rapidly from 
0.060 to 0.080 pct to 0.015 to 0.025 pct, Fig. 6a. 


Table Ill. Raw Materials Used for Production of Converter Steel 
Enriched Air, 30 Pct 
Atmospheric Oxygen 
Air 1 2 3 and Steam 
Scrap, pct* 3to9 15to20 5.5 to7.5 6to9 
Ore, pct* 2 to 3 3 to4 — 
CaO, pct* 13'to 15. 13'to15 131015 12to13 13 to 15 
Speed of conversion: 
tons per min fora 
16 ton vessel 1.5 1.5 1.9 
Oxygen consumption: 
cu ft per ton — 730 730 730 1755 


* Percentage of liquid pig iron. 
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Fig. 4—Variation of oxygen in liquid steel with the iron content 
of the slag. 


It seems that a correlation exists between the 
phosphorus content of the blown metal before and 
after the second slag. Indeed, it was found that ten 
points of variation in the phosphorus content before 
the second slag led to a variation of only one point 
after the second slag as shown in Fig. 6b. This 
standardizes the phosphorus content of the finished 
steel, Fig. 6a. It is worthwhile to note that the degree 
of dephosphorization obtained in a converter is ap- 
proximately 99 pct. 

Sulphur: The sulphur in the steel depends upon 
the sulphur content of the liquid pig iron and the 
degree of desulphurization during the conversion. 
In general the sulphur of the liquid pig iron can be 
regulated at the level desired by one or more treat- 
ments with soda ash in the iron ladle, as shown in 
Fig. 7. Another alternative is to mix the iron vigor- 
ously with the soda ash in the converter before 
charging the lime and the metallic additions. This 
reduces slightly the output of a converter but has 
the following benefits: 1—It reduces the cooling of 
the iron. 2—It increases the surface contacts be- 
tween the slag and the iron. 3—It may be used in 
every steel plant, which is not the case for processes 
using the teapot ladle. 

During conversion the degree of desulphurization 
depends primarily on the quality and quantity of 
the lime charged. In general this is 25 to 50 pct 
provided that the concentration of the sulphur in 
the lime does not exceed 0.150 pct and that the 
quantity of lime be sufficient to provide 10 to 15 pct 
free lime in the slag as shown in Fig. 8. The steel 
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Fig. 6a—Frequency curve of phosphorus in the finished steel. 
Process with one or two slags. Esperance-Longdoz and John Cockerill. 


produced has a sulphur content of 0.035 pct which, 
if necessary, can be reduced to 0.020 to 0.025 pct, as 
indicated in Figs. 9 and 10, or even below. 

Nitrogen: Unlike phosphorus and sulphur, nitro- 
gen in steel depends upon the blowing process. 
When blowing with atmospheric air, the nitrogen 
content varies between 0.008 and 0.014 pct. This 
rather broad dispersion is a consequence not only 
of variation in the quality of the iron but also of vari- 
ation in temperature of the blown metal, mainly. For 
instance, in the case of bottom pouring of the steel, 
the temperature has to be 85° to 100°F higher than 
for top pouring, and the nitrogen is consequently 
0.001 to 0.002 pct higher. 

When the double slag process is used to reduce 
phosphorus, a higher temperature is needed to build 
the second slag. The nitrogen content of the steel is 
consequently higher, and this is one of the reasons 
why it is difficult, if not impossible, to consistently 
produce with atmospheric air a steel containing both 
low nitrogen and low phosphorus. 

Fig. 11 is a frequency curve of the nitrogen con- 
tent of one of C.N.R.M. steel plants (top pouring and 
one slag). The mean value of the nitrogen is 0.011 pct. 
To reduce this value, steelmakers have suggested 
several processes such as using ore, mill scale, or 
limestone instead of scrap. These processes are 
shown in Figs. 12 and 13. 

Another way to reduce nitrogen, following Sie- 
verts’ law, is to lower the partial pressure of nitro- 
gen in the blast. For this purpose the air is enriched 
with oxygen or, more drastically, the air is elim- 
inated and the blast is blown with a mixture of 
oxygen and steam. 

With the three processes using enriched air 


Table IV. Steel Analysis: Mean Value, M, and Standard Deviation, 
G, of Steel Produced in Converter with Atmospheric Air, Enriched 
Air, and a Mixture of Oxygen and Steam 


Enriched Air, 
30 Pct Oxygen 


Atmospheric Oxygen 
Air 1 2 3 and Steam 
Nitrogen M 0.0110 0.0082 0.0063 0.0049 0.00225 
G 0.0025 0.0015 0.00125 0.0010 0.0004 
Phosphorus, M_ 0.046 0.046 0.034 — = 
One slag G 0.0125 0.0125 0.0075 — — 
Phosphorus, M — —_— — 0.019 0.0195 
Two slags G — — — 0.007 0.005 
Sulphur M 0.034 0.034 0.023 0.024 0.020 
G 0.0065 0.0065 0.0045 0.0055 0.003 
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Fig. 6b—Relation between the phosphorus content before (P,) and 
after (Ps) the second slag. Esperance-Longdoz and John Cockerill. 


which were mentioned earlier, the steelmaker can 
reduce the nitrogen 20 to 60 pct and produce a steel 
with a nitrogen of 0.008, 0.006, or even 0.005 pct, 
which is comparable with open hearth steel, as 
shown in Figs. 11 and 14, and Table IV. 

With the mixture of oxygen and steam, a steel is 
produced with a nitrogen content of 0.002 pct and 
a standard deviation as low as 0.0004 pct, which 
means that the production is more uniform and the 
ingot more homogenous, Fig. 11. With these mix- 
tures of oxygen and steam, the influence of tempera- 
ture disappears completely making it possible to 
blow a steel with both a low nitrogen and a low 
phosphorus concentration, which was considered 
impossible only three years ago. It is also interest- 
ing to note that the temperature of the blown metal 
may be rather high and, if necessary, brought be- 
tween 3000° and 3100°F. 

Carbon and Oxygen: It should be noted that the 
carbon in the blown metal is rather low and about 
0.03 to 0.05 pet. If a higher carbon content is de- 
sired (i.e., 0.06 to 0.10 pct which is similar to the 
carbon content of open hearth steel), it is only neces- 
sary to add agents high in carbon, such as graphite, 
coke, etc., in the steel ladle. The oxygen content of 
any liquid steel depends on the carbon content, as 
is well known. It has been observed that whatever 
the type of blast used for blowing, the oxygen in the 
middle of the ingots is 0.015 to 0.025 pct for a carbon 
of 0.04 to 0.07 pet. This is similar to what is found 
in the case of the open hearth process. In other 
words, the relationship between the oxygen and the 
carbon, or the laws and constants of chemical equi- 
librium, are equivalent in both processes. 

Manganese: Manganese in the liquid iron varies 
from 0.3 to 1.2 pet. During the first part of the blow, 
a certain amount is oxidized rapidly and enters the 
slag according to the laws of chemical equilibrium. 
The residual manganese in the blown metal may be 
0.06 to 0.17 pet depending on the manganese con- 


‘tent in the liquid iron, as shown in Fig. 15...Ferro- = 


manganese is added either in the converter or in the 
steel ladle in order to bring about deoxidation and 
to add the required amount. The manganese yield © 
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Fig. 7—Effect on degree of desulphurization of the amount of 
Na.CO, used, two teapot ladles. The yalues near the dots refer to 
the number of charges treated. Arbed. 
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Fig. 8—Relation between the degree of desulphurization and the 
free lime content of the slag. Hadir. 
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Fig. 9—Frequency curye of the sulphur content in the steel and the 
liquid pig iron. The pig iron is mixed with a soda slag in the con- 
yerter. This pig iron has a manganese content of 0.80 to 0.90 pct. 
Ougree-Marihaye. 


is 60 to 90 pct depending primarily upon the physi- 
cal state of the ferromanganese added, the method 
of addition, and the chemical composition of the 
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Fig. 10—Frequency curve of the sulphur content in the steel and 
liquid pig iron. The pig iron is mixed with a soda slag in the iron 
ladle, and its manganese content is approximately 0.80 to 0.90 pct. 
M. M. Rodange. 
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Fig. 11—Frequency curve of nitrogen in the steel when blowing with 
atmospheric air or a mixture of oxygen and steam. John Cockerill 
and Esperance-Longdoz. 
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Ne1074 
Fig. 12—Frequency curve of nitrogen in steel blown with atmos- 
pheric air. The bath is cooled with scale. John Cockerill. 


blown metal. This loss is not necessarily dependent 
upon the nature of the blast used for blowing. 


Physical Properties 
The steel products obtained either with enriched 
air or with steam and oxygen mixtures have been 
subjected to physical tests and statistical studies 
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made at the steelworks or the Research Institute, 
and the results have been confirmed by consumers. 
Those tests, studies, and results are too numerous to 
be described here and will be published, in detail, 
in a separate paper. The only point that should be 
stressed is that improvement in ductility, which was 
the original and primary object of the use of oxygen, 
is obtained. Figs. 16 to 18 give indirect evidence of 
this. Steels produced by the methods described here 
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Fig. 13—Variation of denitriding of the blown metal with the 
amount of limestone charged in the converter. Ougree and John 
Cockerill. 
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Fig. 14—Variation of nitrogen in the steel with the amount of ore 
charged in the converter. Ougree. 
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Fig. 15—Effect of manganese in liquid iron on residual manganese 
in the blown metal. Hadir. 
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have hardness and strength values, work hardening, 
cold bend, and drawability properties comparable 
to or better than values for normal open hearth steels. 


Conclusion 
From what has been presented, it appears that at 
the present time the steelmaker is in a position to 
choose the process of blowing to meet phosphorus, 
sulphur, and nitrogen specification requirements. 
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Fig. 16—Work hardening curve: Vickers hardness after aging vs 
reduction in thickness by compression. 
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Fig. 17—Work hardening curve: Vickers hardness vs reduction in 
thickness by cold rolling. 
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Fig. 18—Work hardening curve: tensile strength ys cold reduction 
in diameter by wire drawing. 


One of the steel plants mentioned has made 3140 
blows with oxygen and steam. The steel had the 
analysis given in Table V. This analysis, compared 


Table V. Analysis of Steel Blown with Oxygen and Steam 


Mean Value Standard Deviation 


Pct phosphorus 0.0195 0.005 
Pct sulphur 0.020 0.003 
Pct nitrogen 0.0023 0.0004 


with blowing with atmospheric air, demonstrates 
the improvements in the pneumatic process. This 
also applies to the standard deviation which, in fact, 
is a measure of the production regularity. The duc- 
tility of these steels is excellent and at least equal to 
that of normal open hearth steel. 

From the point of view of economy, these methods 
of blowing offer outstanding possibilities. Besides 
ensuring a steel of excellent quality, they increase 
the production capacity of converters while main- 
taining the principle of bottom blowing. Further- 
more, they enable the use of pig irons of abnormal 
chemical composition which heretofore were either 
difficult to blow with the classic methods or which 
did not meet the heat requirements of the blow. 


Forgeability of Steels with Varying Amounts Of 
Manganese and Sulphur 


by C. Travis Anderson, V. V. Donaldson, Robert W. Kimball, and Francis R. Cattoir 


HIS paper is the second of a series on the effect 

of various elements on hot-working character- 
istics of Fe-C alloys to be issued by this laboratory.’ 
The investigations being conducted at the Ferroalloy 
Research Branch of the U.S. Bureau of Mines, Red- 
ding, Calif., involve fundamental research on the 
effects of various alloying materials and impurities 
on the physical properties of high purity Fe-C alloys. 
This paper deals with the determination of the limit 
of forgeability of steels containing varying amounts 
of manganese and sulphur. A paper discussing the 
hot-working characteristics and the physical proper- 
ties of the forgeable alloys is being prepared. 

One of the principal impurities in all steels is sul- 
phur. The phenomenon, hot-shortness, commonly 
attributed to sulphur, has long been a source of 
expense and inconvenience to both the maker and 
user of steels. In steelmaking practice, this effect of 
sulphur has been overcome by the addition of man- 
ganese which, apparently, acts as a desulphurizer. 
Manganese is also used as a deoxidizer and alloying 
material. The critical and strategic position of man- 
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ganese gives added importance to research which 
may contribute to its conservation and more effec- 
tive utilization. It is not the purpose or intention in 
the present paper to give any explanation of the 
mechanism of either hot-shortness or its prevention 
but rather to report the results of forging high pur- 
ity Fe-C alloys of the range of compositions near the 
limit of hot-forgeability. Temperatures for each 
phase of reduction were duplicated within 20° to 
30°F for all tests. 

The starting material was sponge iron, which, 
after melting and purification, gave a high purity 
iron containing about 0.001 pct each of silicon and 
phosphorus. Scrap iron was not considered suitable 
because of its high percentage of contaminants and 
wide variation in analyses. The sponge iron was 
melted and refined for melting stock in a three- 
phase, direct-arc, size ST, Moore Rapid Lectromelt 
furnace with a 500 kva rating as described in the 
preceding paper. 

Additives were carefully selected to avoid addi- 
tion of contaminants. The sulphur was added as 
resublimed flowers of sulphur or purified roll sul- 
phur of analytical grade. The manganese used was 
dehydrogenated high purity electrolytic material 
produced by the Bureau of Mines plant at Boulder 
City, Nev. High purity aluminum in the form of 
wire was used for deoxidation. The limestone was 
obtained locally and had the following analysis: 
CaO, 53.7 pct; MgO, 0.8; ignition loss, 42.4; R.O,, 0.2; 
SiO, 3.0; and P.O,, 0.014. 
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Fig. 1—Forgeable and non-forgeable alloys obtained by varying 
additions of sulphur and manganese to Fe-C alloys. 


Since test results can vary considerably due to 
differences in pouring and fabricating procedures, 


this investigation was made on materials produced 
under carefully controlled conditions. Procedures 
were standardized insofar as possible to prevent 
variation in melting, pouring, forging, rolling, and 
testing operations. 

For an average yield of 765 lb of metal, 850 lb of 
purified metal containing less than 1 pct C, 62 lb of 
limestone, 19 lb of lime (CaO), and 51 lb of raw ore 
were charged. The limestone was charged on the 
furnace bottom. During melting an effort was made 
to prevent the limestone boil until virtually all the 
metal had become molten. The oxidizing action of 
the strong limestone boil further lowered the car- 
bon, silicon, and manganese content of the metal. 
After the limestone boil the slag was removed, car- 
bon was added as coke or graphite, and lime was 
added to form a protective slag. 

For steels containing up to about 0.25 to 0.30 pct 
S, additions of sulphur, aluminum, and manganese, 
in that order, could be added successfully to the 
ladle. With higher percentages of sulphur, recovery 
of the sulphur in the metal was erratic as a result of 
losses by evaporation before reaction with the melt. 
Therefore, it was found to be more practical to add 
the sulphur to the melt in the furnace just before 


Table |. Compositions Near the Limit of Hot-Forgeability 


Heat Ingot Hot Heat Ingot Hot 
No. No C, Pet Mn, Pet S, Pct Forgeable No No C, Pct Mn, Pct S, Pct Forgeable 
147B 1 0.25 0.040 0.021 Yes* 202B 1 0.2 
148B 1 0.25 0.045 0.022 Yes* 202B 2 038 Os ee Yes 
149B 1 0.22 0.051 0.022 Yes* 203B 1 0.28 0.21 0.101 Yes 
150B 1 0.19 0.049 0.017 Yes 203B 2 0.28 0.21 0.090 Yes 
151B 1 0.29 0.062 0.015 Yes 204B 1 0.25 0.15 0.070 Yes 
152B 1 0.22 0.053 0.014 Yes 204B 2 0.25 0.15 0.069 Yes 
153B 1 0.19 0.055 0.010 Yes 205B 1 0.28 0.14 0.083 Yes 
154B 1 0.25 0.067 0.070 No 205B 2 0.28 0.14 0.080 Yes 
155B 1 0.26 0.060 0.058 No 206B 1 0.25 0.10 0.067 No 
156B 1 0.21 0.076 0.049 No 206B 2 0.25 0.105 0.064 N 
157B 1 0.28 0.087 0.035 Yes 207B 1 
158B 1 0.19 0.068 0.026 Yes 207B 3 O25 
159B il 0.27 0.070 0.022 Yes 208B 1 0.28 0.15 nee ae 
160B 1 0.22 0.17 0.044 Yes 208B 3 0.28 O18 
161B 1 0.22 0.083 0.19 Yes 209B A 0:25 Gos wee No 
162B 1 0.27 0.15 0.040 Yes 209B 2 
163B 1 0.24 0.11 0.015 Yes 210B 1 
165B 1 0.20 0.040 0.014 Yes 210B 020 wes 
166B 1 0.21 0.026 0.011 Yes 
167B 1 0.20 0.037 0.012 Yes 0.336 Yes 
168B 1 0.20 0.088 0.026 Yes 2 0.24 0.46 0.333 Yes 
169B 1 0.18 0.14 0.062 Yes 0.47 0.252 Yes 
170B 1 0.19 0.20 0.065 Yes 0.250 Yes 
171B 1 0.21 0.15 0.084 No are , Gat 0.49 0.313 Yes 
172B 1 0.22 0.19 0.076 Yes cae 2 ee 0.49 0.297 Yes 
173B 1 0.25 0.18 0.052 Yes eae ee 0.44 0.257 Yes 
174B 1 0.23 0.18 0.110 No Stan a hy 0.43 0.236 Yes 
175B 1 0.20 0.17 0.045 Yes z 0.25 0.50 0.349 Yes 
176B 1 0.19 0.23 0.159 Yes 215B 2 0.25 0.49 0.351 Yes 
177B 1 0.25 0.25 0.194 No 216B 1 0.22 0.39 0.263 Yes 
178B 1 0.26 0.25 0.186 No 216B 2 0.22 0.39 0.270 Yes 
179B 1 0.24 0.28 0.228 No 217B 1 0.21 0.42 0.254 Yes 
180B 1 0.20 0.25 0.176 No 217B 2 0.21 0.42 0.255 Yes 
181B 1 0.22 0.36 0.210 Yes 218B 1 0.26 0.49 0.331 Y 
182B 1 0.25 0.38 0.188 Yes 218B 2 0.27 0.47 0.326 <3 
189B il 0.23 0.105 0.057 Yes 219B 1 0.23 0.53 0.350 Shae 
189B 2 0.23 0.10 0.054 Yes 219B 2 0.23 0.52 0.351 he 
190B 1 0.21 0.15 0.097 Yes 220B 1 0.19 0.47 0.433 ne 
190B Y 0.21 0.14 0.095 Yes 220B 2 0.19 0.46 0.415 No 
191B ft 0.22 0.18 0.089 Yes 221B 1 0.21 0.41 a 
191B 2 0.22 0.18 0.097 Yes 221B 2 0.21 0.41 se ee 
192B 1 0.19 0.19 0.119 222B : He wes 
192B 2 0.19 0.19 0.110 Yes 222B 3 Yes 
193B 1 0.21 0.11 0.056 Yes 223B 1 oe ere 0.323 Yes 
193B 2 0.21 0.11 0.0 223B No 
53 Yes 2 0.21 0.45 

194B 1 0.22 0.08 0.044 No 224B 1 0.23 ‘4 pees Ae 
1948 0.22 0.08 0.044 No 2248 2 0.23 Oe No 

195B 2 0.21 0.055 0.043 No 225B 5 oae pas 0.361 No 
196B 1 0.20 0.20 0.126 Yes 226B 1 0.21 Hee 0.365 No 
196B 2 0.20 0.205 0.125 Yes 226B 2 nee caro ne 
197B 1 0.24 0.29 0.213 Yes 227B 1 Keb es Sea No 
197B 2 0.24 0.28 0.213 Yes 227B 2 ee ee pace No 
198B i 0.25 0.36 0.193 Yes 228B 1 aoe pe 0.243 Yes 
198B 2 0.25 0.35 0.193 Yes 228B 2 Gas oe 0.165 Yes 
199B 1 0.22 0.42 0.257 Oe 0.31 0.147 Y 
1998 0.22 Yes 229B 1 0.24 0.49 0 
1998 2 0.22 0.41 0.243 Yes 229B 2 0.24 0.48 paee Yes 
200B 2 0.21 37 0.27 0 152 Yes 

0.282 No? 231B 2 0.23 0.29 0 


* Small ingots. Large ingots failed during forging tests before standard procedure was established 


+ Analyses outside range considered. 
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the high sulphur heats were tapped. As little as a 5 
gram addition of sulphur to the 850 lb charge could 
be detected by the analytical method used in the 
chemical laboratory. Aluminum just sufficient to 
prevent rimming action was added either to the fur- 
nace or ladle at the start of the tap. Manganese was 
added at intervals to the ladle in the metal stream 
during the early portion of the tap. Tapping was 
scheduled to obtain a final carbon content of 0.20 to 
0.25 pct in most heats, the extreme analyses being 
0.18 and 0.29 pct. 

As a check on the possible effects of variation in 
aluminum content on test results, an additional 
weighed amount of aluminum wire was added to the 
mold of the second test ingot during pouring to 
increase the residual aluminum over that in the first 
ingot poured. 

From each heat two test ingots of approximately 
200 lb each, averaging about 7x7 in. cross section, 
were cast big-end-up with generous hot tops. Pour- 
ing usually was completed so as to leave a small 
skull in the ladle. After cropping the ingots a few 
inches below the shrink head, initial breakdown and 
forging to 2x2 in. bars were performed with an air- 
operated 1100 lb forging hammer. For forging and 
rolling, the ingots were heated to 2250°F in a bu- 
tane-propane-gas-fired furnace and soaked at that 
temperature for at least 3 hr. In general, after light 
forging on all four sides and corners, each ingot was 
given an additional 30 min at 2250°F. Further re- 
duction was performed with a minimum of reheats 
to maintain the temperature between 1800° to 
2250°F, finishing at the lower temperature. Follow- 
ing the forging, the bars were cut to suitable length, 
reheated to 2250°F, and rolled to %4 in. diameter 
rods, finishing temperatures being a maximum of 
1600° to 1700°F. Form rolls having five diamond and 
five round passes were used for the rolling operation. 

By controlled adjustment of the sulphur and man- 
ganese contents, a series of steels has been produced 
having compositions near the limit of forgeability. 
No known previous work of this nature and scale 
has been reported, and as a result much exploratory 
work was necessary before the trend of the curve 
representing the limit of forgeability could be defi- 
nitely established. The excellent reproducibility and 
agreement of the results over the range of composi- 
tions studied appears to justify the work done in the 
preliminary phases of the investigations. 

A series of controlled additions of aluminum was 
made to give ingot analyses ranging from 0.02 to 
0.14 pct residual aluminum. Optimum addition of 
aluminum required for killing gave 0.06 to 0.08 pct 
residual aluminum. Although this amount may ap- 
pear unusually high, it should be noted that alumi- 
num was the only addition other than the carbon, 
sulphur, and manganese. 

Segregation, nearly always found in steel ingots, 
made sampling of the ingots containing high per- 
centages of sulphur quite difficult. No difficulty was 
experienced with regard to variation in carbon con- 
tent and very little variation was found in man- 
ganese analyses of samples from different parts of 
an ingot. The uniformity of the manganese and 
carbon and also the lack of uniformity in the sulphur 
analysis in the two ingots from the same heat can be 
seen in Table I, which gives the chemical analysis 
of the ingots. Sulphur tended to exhibit greatest 
variation from the outside to the center of the cast 
ingot and, to a considerably lesser degree, from top 
to bottom of the ingot. Rods, however, after forging 
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and rolling, gave satisfactorily uniform analyses. 

As has been reported previously, high purity 
manganese-free steels containing over 0.017 pct S 
could not be forged successfully. Increasing the 
sulphur content by only 0.008 to 0.025 pct required 
the addition of 0.06 pet Mn before hot-forgeability 
was attained. This is illustrated graphically in Fig. 
1. Alloys that broke up during forging or rolling 
and from which rod was not obtained are considered 
as not forgeable. Above 0.03 pct S, the manganese 
requirements for hot-forgeability follow a linear 
relationship which can be expressed by the formula: 

Pct Mn required = 1.25 (pct S) + 0.03. 
This expression is valid under the test conditions up 
to above 0.375 pet S and 0.5 pct Mn, which were the 
limiting percentages used in the present work. 

It may be noted that the term hot-forgeability as 
used in this paper refers only to the conditions of 
the laboratory test. It was possible to forge several 
compositions above the line determined by this 
work. However, variations of heating and forging 
procedures would have been required for each case, 
and this was not considered desirable for purposes 
of this investigation. The conditions of testing may 
be thought to be unnecessarily severe, but the re- 
markably consistent results obtained appear ample 
to justify adherence to the standardized program 
used. 

Undoubtedly hot-shortness, which has been con- 
sidered as due to a low Mn-S ratio should also be 
attributed to the effects of other minor constituents 
of the steel. Lack of fundamental knowledge re- 
garding the exact role and effect of the individual 
elements on the properties of steel indicates the 
necessity for examining the effects many minor con- 
stituents exert on the forging characteristics of steel. 


Summary 


A series of high purity Fe-C alloys with carefully 
controlled additions of sulphur and manganese was 
prepared from sponge iron. A standardized proced- 
ure was established for melting, pouring, and fabri- 
cation by forging. Heats averaging 765 lb of metal 
product were produced in a basic-lined electric arc 
furnace. Two test ingots of about 200 lb each were 
poured from each heat. The compositions at the limit 
of hot-forgeability of Fe-C alloys containing man- 
ganese and sulphur in varying amounts has been 
determined. Manganese-free steels with over 0.017 
pet S could not be forged. Above 0.03 pct S and 
0.06 pct Mn, the relationship found can be ex- 
pressed by the formula: 

Pct Mn required = 1.25 (pct S) + 0.03. 

Variation in neither the carbon content within the 
limits tested nor the pure aluminum used for killing 
in this work had any significant effect on the limit 
of hot-forgeability as determined in this investiga- 
tion. Every effort has been made to eliminate or 
control the effect of variables that could interfere 
in determining the value of this research. 
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Desilverizing of Lead Bullion 


by T. R. A. Davey 


ie 1947 the author became interested in the funda- 
mental aspects of the desilverizing of lead by 
zinc, conducted some experimental work, and 
searched the technical literature for all available 
fundamental data. Since then a revival of interest 
in the subject in Europe resulted in the appearance 
of quite a number of papers. It became evident that 
it would be more profitable to collect together and 
examine thoroughly the results of various workers, 
than to attempt to duplicate the experimental de- 
terminations. There are many inconsistencies in the 
various publications, and it is opportune to review 
at this time the present status of knowledge on the 
Ag-Pb-Zn system. There is also a need for a clear 
description, in fundamental terms, of the various 
desilverizing procedures. 

This paper is presented in four sections: 

1—There is an historical review of the origins of 
the Parkes process, of the results of many attempts 
to find a satisfactory fundamental explanation for 
the phenomena, and of the modifications proposed 
to date. 

2—A diagram of the Ag-Pb-Zn system is pre- 
sented. This is believed to be free of obvious incon- 
sistencies or theoretical impossibilities, although 
thermodynamic analysis subsequently may reveal 
errors. 

3—The fundamental bases of the various desilver- 
izing procedures, which have been used up to the 
present day, are described; and a new method is 
suggested for desilverizing a continuous flow of soft- 
ened bullion in which the bullion is stirred at a low 
temperature in two stages producing desilverized 
lead at least as low in silver as that from the Wil- 
liams continuous process and a crust which, on 
liquation, yields a very high-silver Ag-Zn alloy. 

4—-A suggestion is made for the revival of de- 
golding practice, following a recently published 
account which does not seem to have attracted the 
attention it deserves. 

The terms “eutectic trough” and “peritectic fold” 
as used in this paper are synonymous with “line of 
binary eutectic crystallization” and “line of binary 
peritectic crystallization” as used by Masing.* 

The German literature on ternary and higher sys- 
tems is rather extensive and a fairly general system 
of nomenclature has arisen, whereas in English 
usage the corresponding terms are not as well estab- 
lished. For this reason the meanings of terms used 
in this paper, together with the equivalent German 
terms, are given as follows: 

1—Eutectic trough—eutektische rinne: line at 
which a liquid precipitates two solids S, and S, 
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simultaneously. If the composition of a liquid which 
is cooling reaches this line, it then follows the course 
of this line until a eutectic point is reached, or until 
all the liquid is exhausted. The tangent to the eutec- 
tic trough cuts the line joining S,S;. 

2—Peritectic fold—peritektische rinne: line at 
which a solid S, and a liquid L transform into an- 
other solid S;. If the composition of a liquid which 
is precipitating S, reaches the line, on further cool- 
ing only S, is precipitated. The liquid composition 
moves from one phase region (L + S.) into the 
other (L + S,), and does not follow the course of 
the boundary. The tangent to the peritectic fold cuts 
the line S,S, produced nearer S2. 

3—Liquid miscibility gap, or conjugate solution 
region—mischungsliicke: the region within which 
two liquid phases coexist in equilibrium over a cer- 
tain range of temperature. A system whose com- 
position is represented by a point in this region 
comprises one liquid at high temperature; then as 
the temperature is progressively reduced, two liq-- 
uids, one liquid and one solid, one liquid and two 
solids, and finally three solids. 

4—Liquid miscibility gap boundary—begrenzung 
der flussigen mischungslicke: the line along which 
the surface of the miscibility gap dome, considered 
as a solid model, intersects the surrounding liquidus 
surfaces. 

5—Tie lines—konoden: lines joining points repre- 
senting the compositions of two liquids, a liquid and 
a solid, or two solids, in equilibrium. In binary sys- 
tems the only tie lines customarily drawn are those 
through invariant points, e.g., through the eutectics 
of the Pb-Zn and Ag-Pb systems, or the various 
peritectics of the Ag-Zn system, as in Figs. 1 to 3. 
In ternary systems it is desirable to draw sufficient 
tie lines to indicate the slopes of all possible tie lines. 

6—Ternary eutectic point—ternares eutektikum: 
point at which liquid transforms isothermally to 
three solids, S,, S., and S:. Such a point can lie only 
within the triangle S,S.Ss. 

7—Invariant peritectic (transformation) point— 
nonvariante peritektische umsetzungspunkt: (a)— 
On the miscibility gap boundary, the point at which 
two liquids and two solids react isothermally so that 
L, + Si:> L, + Sx (b)—On the eutectic trough, the 
point at which a liquid and three solids react iso- 
thermally so that L + S,> S,+ Ss. Such a point 
must le on that side of the line joining S.S: which is 
further from S, (c)—A further possibility, not 
found in this ternary system, is that the point is at 
the intersection of two peritectic folds when the re- 
action concerned -is Sy. 


Historical Introduction 
Karsten discovered in 1842 that silver and gold 
may be separated from lead by the addition of zine.” 
Ten years later Parkes used this fact to develop the 
well known desilverizing process which bears his 
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name.* A variation of the procedure prescribed by 
Parkes was patented by Balbach in the United 
States in 1864 and practiced by some American 
refineries for a few years.‘ However, the Parkes de- 
silverizing process as generally practiced today 
differs little (except in engineering techniques) 
from the original: stirring-in of zinc, cooling and 
skimming crusts, liquation and then distillation of 
crusts, and cupellation of the rich retort bullion. 

The correct theoretical interpretation of the phe- 
nomena occurring in the desilverizing process was 
not given for many years although various state- 
ments occur in the older text books, some partially 
correct, but many completely erroneous. The liquid 
miscibility gap which occurs in the binary Pb-Zn 
system, and hence also in the ternary system Ag- 
Pb-Zn, was usually considered to be bound up with 
the phenomena. The first determinations of its extent 
were made by Wright and Thompson in 1890.° 

Kremann and Hofmeier® in 1911 were the first to 
show that the liquid miscibility gap has no bearing 
on the practical process, and later Hofman’ made 
this fact generally available to members of the 
German-reading world. The liquid miscibility gap 
of Bogitch*® in 1915, was much less accurately de- 
termined. 

Williams in 1920,” independently of Kremann and 
Hofmeier whose work was unknown to him, showed 
that in desilverizing processes the liquid miscibility 
gap is not entered by the bullion composition, but 
that solid Ag-Zn phases are rejected by the cooling 
bullion or “mother liquor.” He redetermined the 
miscibility gap and determined for the first time the 
progressive changes in composition of lead contain- 
ing zinc and silver as the temperature is lowered. 
These changes may be followed on his cooling 
curves. 

Williams also determined, although no claim of 
great accuracy was made, the liquidus isotherms in 
the region of the lead corner and the course of the 
eutectic trough which runs between the eutectic 
points on each of the systems Pb-Ag and Pb-Zn. 

The practical applications by Williams of his 
theoretical findings should be too well known"™™ to 
warrant more than brief mention here. He used his 
cooling curves first for the accurate determination 
of the most economical zine additions to be used for 
the two-stage batch desilverizing process; his liquid 
miscibility gap and tie lines for the development of 
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Fig. 1—Binary diagram of Ag-Pb.” 
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Fig. 2—Binary diagram of Ag-Zn.” 


the crust enrichment process; and finally, his knowl- 
edge of the whole system for his now famous one- 
stage continuous desilverizing process which he 
termed the “‘conjugate solution process.” 

It is of interest to note that Williams was not the 
first to enrich Parkes crusts by liquation, although 
he was apparently the first to liquefy the zinc-rich 
phase as well as the lead-rich phase. Lead was liq- 
uated from Parkes crust in Europe® and the United 
States‘ before the advent of the Howard press. After 
the introduction of this press, the liquation of crusts 
was almost universally discontinued, but still per- 
sists in a few cases. 

In 1947 Jollivet“ made a more accurate determi- 
nation of the eutectic trough of the ternary system. 
His interpretation of the results was based on the 
assumption that the intermediate phases of the Ag- 
Zn system are of fixed compositions, whereas in fact 
each exists over an appreciable range of composition. 

In 1948 Henglein and Koester” examined the en- 
tire ternary system again determining, in particular, 
the critical and invariant points on the liquid mis- 
cibility gap. Their diagram appears to be the first 
in which all the phase boundaries in the system are 
represented correctly. Only two minor details of 
their results cannot be reconciled with the other 
data collected here: their Fig. 20 depicts the eutectic 
trough as sloping continuously downward from the 
Pb-Zn eutectic to the Pb-Ag eutectic, and the e-7 
invariant point on the miscibility gap is too far from 
the Pb-Zn side to be consistent with all other work 
dealing with the lead-rich corner. 

In 1950 Johannsen and Lange-Eicholz” re-exam- 
ined equilibrium relations in the field where Wil- 
liams’ cooling curves were determined, that is, be- 
tween the liquid miscibility gap boundary and the 
eutectic trough in the lead corner. Their experi- 
mental method was most ingenious: holding lead at 
constant temperature in an Ag-Zn crucible of known 
composition and sampling the lead solution after it 
was presumed equilibrium had been established. 
This method should give very accurate determina- 
tions of the liquidus isotherms but, unless the tie 
lines that join the crucible (Ag-Zn solid phase) 
compositions and the lead saturated solution com- 
positions pass through the lead corner when pro- 
duced, it is doubtful whether true equilibrium could 
result in a reasonable time. In this system only one 
such tie line produced does pass through the lead 
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Fig. 3—Binary diagram of Pb-Zn.~ 
corner.* In all other cases the walls of the crucible 


* One tie line at each temperature. The tie line to the maximum 
on the eutectic trough must pass through the lead corner when pro- 
duced. 


have to change in composition to achieve equilib- 
rium with the lead solution, and only after diffusion 
in the solid walls has re-established their homo- 
geneity, could true equilibrium be reached. Then 
the composition of the crucible should be redeter- 
mined for the results to be accurate. The implicit 
contradiction between these laboratory tests and re- 
sults of some carefully controlled plant tests is ig- 
nored by these authors although it is evident if their 
Figs. 1 and 6 are drawn on the same co-ordinates. 

The position of the eutectic trough found by 
Johannsen and Lange-Eicholz is stated to confirm 
Jollivet’s results although their drawings show it in 
a rather different position. Finally, Johannsen and 
Lange-Eicholz found a ternary eutectic point near 
the binary Pb-Zn eutectic which, however, is geo- 
metrically impossible, since this point lies outside 
the triangle joining the limits of composition of the 
« + n region with the lead corner. Assuming that 
their “line of doubly saturated solution” does in 
fact represent a phase boundary, then it is not a 
eutectic trough, but a peritectic fold where the re- 
action is L + «> ». The boundary meets the eutec- 
tic trough in an invariant peritectic transformation 
point where L + «> 7 + Pb, and not in a ternary 
eutectic point. 

In 1951 and 1952 further determinations within 
the miscibility gap were reported.” These are in a 
region which is not of present practical importance 
and will not be discussed here. The results may well 
provide valuable material for thermodynamic cal- 
culations on the system. 

A most significant paper” appeared in 1952, fol- 
lowing the application for a German patent in 
1951,” describing a new method for batch desilver- 
izing of lead by a low temperature, practically iso- 
thermal, process. The zine addition is made in two 
stages, but the process is conducted in such a way 
that the time requirement could not be reduced by 
making the process one stage. 

A similar method had already been used in lab- 
oratory tests by the present author, with the object 
of providing data which could be used to propose a 
continuous low temperature desilverizing operation 
more suitable than the Williams process for treating 
small lead production rates+ by virtue of lower 


7+ The Williams process has been used commercially at Port Pirie 
Australia for lead flows from 10 to 37 tons per hr, which even near 
the lower limit are above the capacities of many plants. With the 
smaller flows the practical operating difficulties are greater, and 
maintenance costs per ton of bullion are higher. 
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maintenance and fuel costs. The intention of the 
author clearly has been anticipated by Lange- 
Eicholz and Wasow” although it is not suggested in 
their paper that they realize that their process, with 
slight modifications, could be operated on a con- 
tinuous flow of bullion. 


The Ag-Pb-Zn Phase Diagram 

The binary diagrams Ag-Pb, Ag-Zn, and Pb-Zn 
are shown in Figs. 1 to 3. Critical or invariant tem- 
peratures and compositions are marked on them. 

The representation. of any ternary diagram as 
complicated as the Ag-Pb-Zn system is difficult. If 
all solidus and liquidus boundaries are shown, the 
diagram becomes almost unintelligible. It is perhaps 
due mainly to the difficulty experienced in under- 
standing other authors’ representations and de- 
scriptions that so many publications relating to this 
system reveal apparent neglect or misinterpretation 
of what has gone before. 

The present paper attempts to deal with the diffi- 
culty in the following way: Scale drawings are pre- 
sented, showing the entire diagram on an equilateral 
base with only liquidus phase boundaries and iso- 
therms marked; the lead side and the zinc side of 
the liquid miscibility gap on rectangular co-ordi- 
nates; and two greatly magnified sections of the lead 
corner on rectangular co-ordinates. Then schematic 
representations, not to scale, are used to illustrate 
the course of a number of desilverizing procedures. 

Fig. 4 shows the projection of the liquidus phase 
boundaries and isotherms on to the base of the tri- 
angular prism, which is required to represent the 
solid model of the system if temperature be included 
as the third (vertical) dimension. 

The central liquid miscibility gap, or conjugate 
solution region, is crossed by a number of tie lines 
to show the compositions of solutions mutually in 
equilibrium. The tie lines drawn are those connect- 
ing the peritectic invariant points on either side of 
the miscibility gap. The invariant points are shown 
with greater clarity in Figs. 5 and 6, which respec- 
tively show the lead and zine corners, plotted rec- 
tangularly. 

The border system temperatures and compositions 
taken are those from Figs. 1 to 3. The border of the 
miscibility gap is taken from Kremann and Hofmeier,’ 
as are the tie lines, with one exception. The lowest 
tie line at 425°C is drawn to the lead-rich boundary 
at the point found by Johannsen and Lange-Eicholz™® 
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Fig. 4—Ternary diagram Ag-Pb-Zn. 
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Fig. 5—Pb-Ag side. 


for the intersection of the miscibility gap and their 
line of doubly saturated solution. The temperature 
which Kremann and Hofmeier quote for this point, 
namely 425°C, fits in quite well with Johannsen and 
Lange-Eicholz’s diagram of the lead corner. The 
isotherms drawn inside the miscibility gap are taken 
uncritically from the paper by Seith and Helmold.” 

The lead corner is shown in two different magni- 
fications in Figs. 7 and 8, to scale, and schematically 
in Fig. 9. It is not possible here to describe fully the 
processes by which the invariant points were reached. 
In brief, the isotherms and eutectic trough of Jo- 
hannsen and Lange-Eicholz” were used. The data 
of Jollivet,* together with the cooling curves of 
Williams’ which are confirmed by Johannsen and 
Lange-Eicholz’s plant tests,” have been used to 
determine the positions of invariant points on the 
eutectic trough. All data have been accepted unless 
contradicted by apparently more accurate work or 
unless internally inconsistent. No definite degree of 
accuracy can be claimed therefore for the diagram, 
but it is the best that the author could construct, 
taking into account all available published work, 
and avoiding theoretical impossibilities as they were 
recognized. 

Some further mention should be made perhaps of 
the peritectic folds. The L + «, L + 7 boundary is a 
true peritectic fold at all points, where L + «> 7. 
The other boundaries (a, 8, y, «) are actually eutec- 
tics for an undetermined extent in the centers. At 
their upper extremities the peritectic reactions are 
of the type L + a> §, and the temperatures fall to- 
ward the Pb-Zn side. At their lower extremities the 
reactions are of the type L + B> a, and the temper- 
atures fall away from the Pb-Zn side. 

No temperatures have been shown on the eutectic 
trough, since the only information available is that 
it is practically an isotherm at 315°.* It is theo- 
retically necessary, however, that the trough has a 
temperature maximum in the region sloping down- 
ward both past the «—7 peritectic transformation 
point to the Pb-Zn eutectic, and past the « — y, y — B, 


TRANSACTIONS AIME 


and 8—a peritectic transformation points to the 
Ag-Pb eutectic. This fact has not been recognized 
in previous publications of this diagram, but arises 
from consideration of a few geometrical necessities 
of the graphic representation of phase equilibria, in 
conjunction with the cooling curve data.’ 

A further point of minor interest is that, on cool- 
ing a lead bullion containing zinc and silver, the 
composition changes along a curve concave upward 
as Williams has shown, not in a straight line as 
almost all other writers have assumed. The theo- 
retical necessity for this can be appreciated by con- 
sidering the binary Ag-Zn diagram. While any 
solid phase is crystallizing from a cooling liquid, the 
solid phase is richer in zine and poorer in silver, the 
lower the temperature. In the ternary diagram, 
the tangent to a cooling curve must point to the 
composition of the Ag-Zn alloy being precipitated, 


t This is strictly true only for nonequilibrium cooling, in which a 
solid phase once precipitated does not react continuously with the 
remaining liquid, and progressively change its composition. (Non- 
equilibrium cooling occurs in practice.) But even if solid phases 
already precipitated were to react with the liquid so that the final 
solid product would be homogeneous and in equilibrium with the 
final liquid to solidify, then the cooling curve would still not be a 
straight line. 


and since the alloy is poorer in silver the lower the 
temperature, the slope of the tangent must be less 
at lower temperatures; and thus the cooling curve 
is concave upward. 

It should be observed that whenever a cooling 
curve cuts the boundary between e« and 7 phase pre- 
cipitation regions, there will be an abrupt change of 
slope. That means that the crust formed just above 
the temperature of the intersection will be much 
higher in Ag-Zn ratio than that just below. 

There is practical significance in the fact that this 
boundary intersects the eutectic trough in a peri- 
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tectic transformation point, and not in a ternary 
eutectic point. If the point were a eutectic, its com- 
position would be the lowest silver concentration 
obtainable in lead by making zinc additions in any 
manner. Lange-Eicholz and Wasow” erroneously 
consider that their process would overcome this 
fundamental difficulty. There is in fact no limit to 
the degree of removal of silver from lead. By re- 
peated zinc additions, silver may be reduced to any 
desired figure, since the Pb-Zn eutectic is ap- 
proached with every treatment. At Port Pirie assay 
lead is desilverized to less than 0.000032 pct Ag by 
successive batch treatments. 

In conclusion, although the fact may not be of 
practical significance, it is theoretically possible to 
dezinc lead by addition of silver, and zinc may be 
reduced to any desired figure by repeated treat- 
ments, approaching the Ag-Pb eutectic in this case. 


Practical Desilverizing Processes 

It is possible to desilverize lead to very low limits 
using any number of stages, from one up, of zinc 
addition. The greater the number of stages, the less 
is the total zinc consumption in production of Ag-Zn 
alloy or crust (provided that crusts are returned 
from each stage to the preceding one) and the lower 
the temperature required for stirring in each stage. 
But the time requirement and the zinc loss by oxi- 
dation are both greater. The zinc consumption for 
saturation of the desilverized lead is, of course, in- 
dependent of the number of stages. 

The practical difficulty which precludes the use 
of only one stage in most cases is that of dissolving 
all the zine required at a high temperature without 
severe loss by atmospheric oxidation.” For example, 
a lead containing 0.2 pct Ag (65 oz per long ton) re- 
quires about 2 pct Zn to be stirred in at a tempera- 
ture exceeding 450°C, in order that the lead when 
cooled to its freezing point shall contain about 0.0005 
pet Ag (0.16 oz per long ton). 

The two-stage process, in one form or other, is 
almost universally used. A third stage of treatment 
is conducted whenever the silver content is still too 
high after the second stage. 
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Fig. 7—Lead corner. 
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Fig. 8—Lead corner, further magnified. 


Batch Processes, Using Zinc in Two Stages: The 
possible varieties of this procedure have been dis- 
cussed so thoroughly by Williams’ that it is un- 
necessary to repeat here at length the advantages 
and disadvantages of each variation. The three 
main ones are illustrated schematically in Fig. 10, 
and for convenience are designated ‘Pirie’, “Ameri- 
can,” or “German.” The Pirie method has been re- 
ported frequently,“” the German and American 
methods have been discussed.” 

Each of the two stages comprises two steps: the 
first step being stirring in of zinc, the second step 
cooling of the bullion and skimming the crust. In 
all three methods, in the first stage, second crusts 
are stirred into softened bullion (step 1), the bullion 
is cooled and skimmed (step 2), and in the second 
stage new zinc is stirred in (step 3), and bullion is 
cooled to its freezing point and skimmed (step 4). 

In the Pirie and American methods, no new zinc 
is added in the first stage (step 1), whereas a small 
amount is added in step 1 of the German practice. 

In the Pirie and German methods, the cooling in 
step 2 is carried nearly to freezing point, while in 
the American, cooling is stopped at about 420°C. 

The best practice is seen to be the return of 
second-stage crusts to the bullion in the first stage, 
stirred in at a temperature sufficient to hold all the 
zine and silver in solution, and cooling of bullion in 
the first stage to the lowest possible temperature 
consistent with the removal of the rich crust rela- 
tively free from entangled lead. Enough zinc is 
added in the second stage (at a temperature suffi- 
cient to dissolve it completely) to reach a cooling 
curve which intersects the eutectic trough at a silver 
value below the standard set for market lead. 

If the bullion entering the desilverizing stage is 
relatively constant in silver composition from batch 
to batch, the zine addition in the second stage will 
be (Z + A/R) pct of the bullion weight, where Z is 
the percentage of zinc content remaining in the de- 
silverized lead, A is the percentage of silver in the 
initial bullion to be desilverized, and R is the de- 
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Fig. 9—Lead corner, schematic. 


sired ratio of silver to zine in the rich crusts pro- 
duced in the first stage. 

If the bullion varies in silver content from batch 
to batch, the zinc additions required for a number 
of procedures are listed in the very complete zinc- 
ing tables of Williams.° These tables appear to be 
the only ones published although many plants have 
compiled their own for the particular variation 
practiced. 

In the first stage an e-phase of high Ag/Zn ratio is 
precipitated from the bullion while cooling, and in 
the second stage an e-phase of low Ag/Zn ratio. It 
is not necessary to operate so that the still lower 
grade n-phase is precipitated. A second (poor) 
crust of Ag/Zn ratio of about 18.5/81.5 = 0.227 may 
be obtained while leaving only 0.0005 pct Ag and 
0.55 pet Zn in the desilverized lead if care is taken 
to have the lead just at its freezing point while the 
final skim is made. In practice it is, of course, pref- 
erable to have a little more than this quantity of 
zine remaining in the desilverized lead, so that the 
finishing temperature is not so critical. 

If less than 0.0005 pct Ag in desilverized lead is 
desired, then it is necessary that the cooling curve 
enters the phase region L + 7. At least some of the 
final crust will have an Ag/Zn ratio of less than 
5/95 = 0.0526, so that the rich crust produced will 
also have a lower Ag/Zn ratio than the previous 
case, and the overall zinc consumption will be 
greater. 

For a given silver input analysis, increasing the 
zine addition to the second stage lowers the attain- 
able final silver analysis. Economic considerations 
determine the point at which it would be prefer- 
able to use three zincings, rather than increased 
zine addition, to obtain a lower final silver analysis. 

Fig. 11 illustrates the differences between de- 
silverizing operations with one, two, and three zinc- 
ings, designated I, II, and III, respectively. The sub- 
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script m, indicates first mixing step, c, first cooling 
step, etc. It is assumed that third-stage crust is re- 
turned without new zinc addition to the second 
stage, and second-stage crust without new zinc ad- 
dition to the first stage. 

Since the total zinc consumption, as previously 
stated, is Z + A/R and both Z and A are indepen- 
dent of the number of zincings, the only variation 
that can occur is in R, the ratio of silver to zine in 
the first-stage crust. Fig. 11 shows how this ratio is 
higher the greater the number of stages there are, 
since the cooling curve IIIc, is steeper, and Ic flatter, 
than IIc;. 

The recirculation of crusts, in effect, concentrates 
the silver from several batches of lead into the one 
batch, so that a higher Ag/Zn ratio is obtained in 
the lead, and a higher Ag/Zn ratio results in the 
crusts formed. 

A many-stage recirculation procedure to build up 
a silver content of hundreds of ounces per ton was 
patented some years ago in this country,” but is 
apparently no longer practiced. 

Isothermal Low Temperature Batch Process: This 
process is, fully described in the German ltera- 
ture” ” but will be described here briefly because, 
to the author’s knowledge, no English reference has 
yet been published. 

Fig. 12a shows, on the 330°C isothermal phase 
diagram, the course followed by bullion composition 
during the process. (The fact that the bullion tem- 
perature rises from 330°C to 340°C and then falls to 
320°C can be ignored for the sake of simplicity.) 
The original bullion is placed in a kettle in which 
the second crust of the previous charge remains. 
One third of the total zinc addition is made while 
the kettle is stirred, the bullion temperature being 
about 330°C. The crust which results after this 
stirring is removed for liquation, after which it con- 
tains about 30 pect Ag and 60 pct Zn. The remain- 
ing two-thirds of the zinc is then added, with con- 
tinued stirring, and the bullion finally is allowed 
to cool from 340° to 320°C, just above its freezing 
point. When the fine crystals of the Ag-Zn alloy have 
floated out, the desilverized lead is tapped from the 
bottom of the kettle, leaving the second crust as a 
solid bridge on the kettle. 

The process from start to finish requires only 2 to 
2% hr, and the silver kettle itself requires no fuel 
as hot bullion from softening is used to melt the 
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Fig. 10—Comparison of two-stage batch processes. 
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Fig. 11—Comparison of one, two, and three-stage batch processes. 


second crust from the previous charge. Zinc is added 
as a saturated solution in lead at 550°C, the quan- 
tity of lead required for this purpose being one- 
third to one-half the amount of that to be desilver- 
ized. In order to prevent the loss of 0.54 to 0.58 pct 
Zn in this extra lead, a portion of the desilverized 
lead is pumped back to the solution kettle to dis- 
solve the zinc required for the next charge. 

The qualitative illustration of what occurs in each 
stage of the process is given in Fig. 12b, which 
again shows the isothermal section at 330°C of the 
phase diagram, but for the sake of intelligibility 
omits showing all the tie lines drawn in Fig 12a. 
The second zincing will be illustrated first. 

The zinc solution in lead, S, is added to bullion 
B,, from which the first crust has been removed. The 
resulting mixture is M,. At equilibrium this mixture 
consists of B, and A., the liquid bullion and the solid 
Ag-Zn alloy, respectively. The stirring ensures that 
something approaching equilibrium is established. 
B., the desilverized lead, is tapped out of the kettle, 
leaving behind the alloy A. with some entangled B., 
the resultant crust having the composition C.; this 
is the second crust. 

Now the initial bullion B is added to the crust C., 
the resultant mixture being M’,, and the portion of 
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Fig. 12a—Isothermal phase diagram. 
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zinc in lead solution, S, for the first zincing is added, 
yielding mixture M,. After stirring to produce equi- 
librium, the products are bullion B, and alloy Ak. 
The high grade or first crust, C., consists of alloy A, 
and entangled bullion B,, which may be partially 
removed by liquation. 

Two criticisms may be leveled at the process as 
described: 1—There seems to be no advantage in 
adding new zinc to the first stage. The only ad- 
vantage in the old batch method is that a reduced 
quantity of second crust must be skimmed off and 
returned to the first zincing kettle. Here no skim- 
ming of the second crust is required, so it should be 
of advantage to add all the new zinc in the second 
stage, thereby achieving either lower silver values 
in the desilverized lead, or else a higher Ag/Zn 
ratio in the first crust skimmed, and therefore lower 
zine consumption. 2—There seems to be no overall 
advantage in using a solution of zinc in lead rather 
than solid zinc additions. Rather more vigorous 
stirring would be required to react solid zinc than a 
Zn-Pb solution, but as against greater stirring 
charges, the absence of a solution kettle and also 
nonretention of one-third to one-half of the desil- 
verized lead as a solvent for zinc for the next charge 
must be credited. 

Before reading ref. 19, the present author had, in 
laboratory tests, desilverized 5000 gram charges of 
bullion from 60 oz per long ton silver to a fraction of 
an ounce per ton, by stirring in solid zine at 350°C 
for 1 hr, and cooling to the lead freezing point. 

Williams Crust Enrichment Process: In 1923 Wil- 
liams developed his crust enrichment process for 
working up the rich Parkes crusts mainly by sepa- 
rating entangled lead. His process differed from 
liquation processes which had been used many years 
previously in that, instead of merely raising the 
temperature of the crust sufficiently to melt out the 
lead and leave the Ag-Zn alloy solid, Williams 
melted both phases and thus obtained conjugate 
solutions. Thus a more complete separation of the 
two phases (lead-rich and zinc-rich) is possible by 
using higher temperatures than previously. 

It was found that liquation of the crusts is hin- 
dered by oxide films, and addition of a flux, such as 
zinc chloride or ammonium chloride, is beneficial. 
Further, a narrow deep kettle is better than a flat 
open kettle in avoiding excessive oxidation of zinc 
during the melting period. 
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Fig. 12b—Isothermal batch process. 
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If the crust melting kettle is kept at a high tem- 
perature near the top and a low temperature near 
the bottom, rich alloy may be dipped from the top 
and completely desilverized lead tapped from the 
bottom, or more conveniently, siphoned out. This 
fact was recognized as a significant pointer to a 
method of refining lead for silver in a continuous flow. 

The crust enrichment process was conducted at 
Port Pirie from 1923 to 1930 when continuous de- 
silverizing commenced. It has also been employed 
at Kellogg since the late 1920’s.* 

A new publication” discloses the results, but not 
the procedure, of a crust enrichment process prac- 
ticed in Brazil since 1951. From the description it 
appears that a process quite similar to that of Wil- 
liams has been developed there independently. 

Williams Continuous Desilverizing Process: It has 
already been pointed out that a batch of bullion can 
be completely desilverized with one zincing at a 
high temperature followed by cooling to nearly 
freezing. 

It therefore follows that, if lead is saturated with 
zinc at the conjugate solution boundary, on cooling 
the lead low grade crusts will separate and desilver- 
ized lead will be produced when the temperature 
has fallen nearly to the freezing point. 

In the Williams kettle’ * lead containing silver 
is introduced at the top at high temperature (about 
600° to 650°C) where a layer of molten zinc is 
maintained. At this temperature about 10 pct Zn 
can be absorbed by lead. The lead flows downward 
through the kettle, of which all but the top section is 
cooled by air draught. (The top section is fired to 
keep the zinc-rich layer molten.) As the tempera- 
ture of the lead falls, the saturation limits of zinc 
and silver progressively fall, so that solid «-phase 
Ag-Zn is continuously rejected. The cooling of the 
kettle is so arranged that at the bottom lead is very 
close to its freezing point, and thus its composition 
is at a point very close to the eutectic trough. 

For practical reasons the lead near the bottom of 
the kettle enters a so-called siphon pipe which leads 
it upward again through the hotter zones of the 
kettle, so that it is finally discharged at a tempera- 
ture of about 350°C, well above freezing point. 
Also, to ensure that the lead entering the siphon 
pipe is very close to its freezing point, a solid layer 
of lead is maintained on the bottom of the kettle. 
The thickness of the solid layer is measured period- 
ically by a probe inside the siphon pipe extending 
to near the kettle bottom. If the solid layer decreases 
in thickness, more vigorous cooling is applied to the 
lower part of the kettle; if it increases, less. In this 
way, temperature control of a large body of lead 
(350 long tons) is maintained without adjustments. 

The alteration in bullion composition during this 
operation can be studied in Fig. 13, which is schem- 
atic only. The initial composition (Pb-Ag only) is 
B. The bullion absorbs zinc at the top of the kettle, 
bringing its composition to B,. The zine layer ab- 
sorbs lead and silver, bringing its composition to A,. 
As bullion falls in temperature by moving down- 
ward in the kettle, its composition changes from B, 
to B, As it discharges from the kettle into the 
siphon pipe, its composition is B., lying nearly on 
the eutectic trough. The bullion thus behaves ex- 
actly as if in a batch one-stage zincing operation. 

The crusts, which separate from bullion that 
changes from B, to B, while cooling, will now be con- 
sidered. They rise to the surface of the lead where 
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Fig. 13—Williams’ continuous conjugate- 
solution process. 


the temperature is sufficient to melt them, or at 
least to dissolve them in the zinc layer. 

The adjacent portions of lead and zinc layers, 
which together had a total composition M,, thus 
gradually become enriched in silver, and move in 
the direction of M’,. This mixture is seen to be com- 
posed of a zinc-rich solution A’, and bullion B’;. The 
bullion B’, when it reaches the bottom of the kettle 
will have a composition B’,, higher in silver and lower 
in zinc than the lead which flowed out earlier. The 
melting point of A’, is at a higher temperature than 
the earlier alloy A,. Thus the longer the lead flow 
is continued through the kettle, the greater is the 
theoretically expected silver content of desilverized 
lead, and the higher the melting point of the Zn-Ag 
alloy layer on top of the kettles. The process ob- 
viously cannot continue in this way indefinitely. 

Port Pirie practice is to dip off the silver alloy 
layer when its appearance indicates that it is about 
to solidify. The desilverized lead at that stage still 
contains less than 0.0003 pct Ag, and in fact it has 
not been demonstrated that the silver content of de- 
silverized lead rises throughout a cycle. 

When the silver alloy has been dipped off, fresh 
zinc is added to the top of the kettle where it melts, 
and a new cycle commences, the alloy layer moving 
in composition from pure zinc to A, and then gradu- 
ally to A’;. The lead flow is not stopped while skim- 
ming the alloy or adding fresh zinc so that the lead 
flow is continuous, whereas removal of the alloy is 
discontinuous. Once a week the lead flow is stopped, 
the kettle sides heated to free adhering crusts which 
have not floated, and the kettle bottom cooled to 
nearly freezing before the lead flow is recommenced. 
The stoppage is normally for 8 hr. 

In order to correct certain misconceptions of the 
limitations of this process, the author has previously 
published a short account.” For completion here, a 
statement of the advantages and disadvantages of 
the process as compared with other methods is 
included: 

1—It is evident from the foregoing description 
that calculation of zine additions is unnecessary. 
The input bullion silver content need not be known. 
The bullion may be very high or very low in silver, 
and long-term variations or short-term fluctuations 
have no effect whatsoever upon the operational con- 
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trol. The silver alloy is dipped off when its silver 
content is high enough to cause incipient freezing. 
If the silver content of input bullion increases, sil- 
ver alloy must be dipped more frequently, but ad- 
vance information by assaying is not needed. The 
silver and zinc contents of bullion in the kettle bear 
no relation whatever to the silver content of bullion 
entering at that instant. They are determined by the 
temperature at the top of the kettle, and the stage 
reached in a cycle; thus toward the end of a cycle, 
the lead entering the kettle may actually absorb 
silver from the alloy layer ( B to B’). 

2—The bullion flow to the kettle may vary widely 
without adversely affecting operations, provided 
only that the temperature at the bottom is con- 
trolled by increase or decrease of draught cooling, 
the necessity for which is indicated by the thickness 
of the solid layer at the bottom. 

3—It is not necessary to press the alloy dipped as 
it is already liquated, although incompletely, be- 
cause oxide particles prevent complete separation of 
lead. Thus in practice the alloy dipped contains 
15 pet Ag, 20 pct Pb, and 65 pct Zn. The Ag/Zn ratio 
is lower than that obtained in a two-stage batch 
process. To obtain a ratio of one-half, comparable 
with the latter, a top temperature of 610°C theo- 
retically suffices. In practice this temperature is in- 
sufficient to maintain the alloy layer liquid if the 
silver content exceeds the figure quoted. 

4—The whole of the bullion treated must be 
heated to a high temperature in order first, to 
liquate the crusts formed, and second, to ensure 
sufficient solution of zine for complete desilverizing. 
Maintaining a layer of molten zinc-rich alloy at 
high temperature entails severe corrosion of the 
cast-iron kettle top, so that replacement costs are 
proportional to time, and not to the tonnage treated. 
Thus the economic attractiveness of the process is 
less the lower the treatment rate. If a material 
could be found which is of high thermal conduc- 
tivity and resistant to molten zine corrosion, this 
disadvantage would disappear. There is no funda- 
mental reason why infinitesimally small bullion 
flows, with silver contents varying from 0 to 100 pct, 
should not be treated by this process. 

Proposal for a New Low Temperature Continuous 
Desilverizing Process: This process was conceived to 
overcome the disadvantages of high temperature in- 


Fig. 14—Proposed isothermal continuous 
process. 
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curred by Williams’ continuous process. Savings in 
fuel and maintenance costs should result from its 
development, particularly for small producers. Ad- 
vantage could then be taken of the greatly superior 
continuous processes for the other refining steps. 

The process is essentially the same as that de- 
scribed above as a low-temperature isothermal 
process, conducted continuously instead of in 
batches. The process may be conducted in one stage, 
yielding a low grade silver alloy on liquation, or 
preferably in two stages, yielding a very high grade 
silver alloy on liquation. 

Bullion flows continuously into a kettle where the 
second crusts are stirred in. The outflowing mixture 
is separated in another kettle into first crusts and 
bullion which flows on to the second stirring kettle. 
Here the zinc addition is made and the resulting 
mixture flows to a separating and cooling kettle 
similar to the bottom section of Williams’ kettle. 
The second crusts separating here are returned to 
the first stage. 

The new zinc additions to the second stirring 
kettle must always be sufficient to produce the re- 
quired low silver value in desilverized lead, and 
thus depend upon the input bullion silver per- 
centage. If the highest input silver value is known, 
the amount of zinc required to desilverize bullion 
of this composition could be added continuously, the 
only disadvantage of this procedure being that the 
Ag/Zn ratio would not be at all times the highest 
possible. It would approach one-half and compare 
favorably with that obtained in good batch process- 
ing, if the input silver value does not vary greatly. 

The method is illustrated in Fig. 14 where it is as- 
sumed that the operating temperature is 400°C for 
both stages, although operation is possible at all 
temperatures from about 330°C upward. Above 
420°C, of course, the zinc added to the second stir- 
ring stage would melt, and some corrosion of the 
kettle and stirrer would result. Whether this would 
be of serious concern is a matter for practical trial. 

The bullion B entering the system is stirred with 
the second crust C., yielding mixture M,, which at 
equilibrium at 400°C comprises bullion B, and the 
e-phase Ag-Zn alloy A,. The first crust skimmed 
C, would give alloy A, and bullion B, on complete 
liquation. 

Bullion entering the second stage B, is mixed 
with pure zinc, yielding mixture M., which at equi- 
librium at 400°C comprises bullion B, and the e- 
phase Ag-Zn alloy A;. In the final cooling kettle the 
bullion changes in composition from B, to B;, the 
final desilverized lead, and rejects e-phase Ag-Zn 
alloy varying in composition from A, to A;. The re- 
sulting crust skimmed from the final cooling kettle 
is C, (lying between B.A, and B,A,) which is re- 
turned to the first stirring stage. 

The plant required comprises four kettles oper- 
ated at a constant temperature and two stirrers 
operated continuously. The zinc addition should be 
proportioned to the silver input and lead through- 
out, and can be readily calculated from the approp- 
riate cooling curves. A liquating kettle or furnace is 
required for separating the lead entrained in the 
first crust, otherwise retorting and cupellation costs 
would be rather high, as the crusts from 0.184 pct 
Ag input bullion (60 oz per long ton) would contain 
approximately 10 pet Ag, 20 pct Zn, and 70 pct Pb. 


Degolding by The Parkes Process 
At one time it was general practice at lead re- 
fineries using the Parkes process to produce a so- 
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called gold skim before desilverizing proper. Prac- 
tically all the gold and copper, together with a 
fraction of the silver, are removed by adding a rela- 
tively small amount (0.3 pet) of zinc to the bullion. 

The explanation invariably given for this phe- 
nomenon is that “zinc has a greater affinity for gold 
and copper than for silver.” It is difficult to improve 
upon this explanation, unless the more sophisticated 
expression is preferred: that the free energies of 
formation of Zn-Cu and Zn-Au phases are greater 
than those of Zn-Ag phases. Figures are quoted for 
phases of unspecified composition by Henglein and 
Nowotny,” namely, —5.2, —2.8, and —2.2 kcal for 
Au-Zn, Cu-Zn, and Ag-Zn, respectively. The differ- 
ences are great enough to ensure the removal of 
practically all the gold and copper with as little as 
13 pct of the silver in practice.* The gold to silver 
ratio in the gold skim was increased by recycling 
crusts from treated batches to succeeding batches. 
In the case cited™ the Bunker Hill smelter adopted 
the Port Pirie practice of recycling the gold crusts 
through five kettles. 

This practice of producing a small amount of crust 
containing all the gold and copper, and a larger 
amount of silver crust which is free from gold and 
copper afforded two advantages. First, the amount 
of doré bullion to be parted was greatly reduced; 
and second, the cupellation of retort bullion is much 
more rapid in the absence of copper. The practice 
has fallen into disuse, presumably because the extra 
treatment stage in the main line of lead production 
is more expensive than extra work involved in the 
byproduct treatment section for cupelling and part- 
ing. No doubt improved removal of copper prior to 
softening was also a big influence; it is stated to be 
the main factor responsible for the elimination of 
degolding at Port Pirie.*® 

Recently, however, the process was revived in a 
new application. Although degolding of softened 
bullion may be uneconomical, in some circumstances 
degolding retort bullion offers economic advantage. 

Frayne” developed and introduced such a degold- 
ing practice at Namtu, Burma, in 1934. From lead 
containing 0.25 parts Au per 1000 parts Ag, he pro- 
duced two silver products, one containing 0 to 0.03, 
the other up to 3.5, parts gold per 1000. The publi- 
cation of this achievement provoked a good deal of 
adverse criticism” but the fact remains that Frayne 
pioneered a new development which may well prove 
of value to all lead refineries. The primitive methods 
which Frayne used seem certain to be improved. 

Fig. 15 shows two alternative flowsheets by which 
the process may be carried out. Fig. 15a is the sim- 
plest possible, but would not provide the degree of 
enrichment afforded by Fig. 15b unless very ac- 
curate thermal and analytical controls were con- 
stantly maintained. 

The process will not be discussed in conjunction 
with a phase diagram, since the quinary system Ag- 
Au-Cu-Pb-Zn cannot be represented readily. It is 
sufficient to state that when limited zine additions 
are made to bullion, all the gold and copper may be 
removed, together with only a portion of the silver; 
also that the Au/Ag ratio of any crust formed is 
higher the higher the temperature of its formation. 

Following the flowsheet of Fig. 15a, it can be seen 
that the retorting of silver alloy must be stopped 
while there is sufficient zinc remaining to permit 
conducting a Parkes process on the retort bullion. 
Alternatively, new alloy could be added to provide 
the zinc required. The retort bullion is cooled until 
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Fig. 15—Flowsheets, a and b, for degolding of retort bullion. 


all the copper and gold have been precipitated as a 
crust, which is removed, leaving copper-free, gold- 
free bullion which may be cupelled to yield market 
silver. The Cu-Au crust may be recycled through 
the retort until a very high concentration of copper 
and gold is reached when the crust is separately re- 
torted, cupelled, and parted. 

In the flowsheet of Fig. 15b two additional fea- 
tures are provided. The copper-free, gold-free re- 
tort bullion is allowed to cool, the crusts are 
skimmed, and the remaining low silver lead is re- 
turned to the lead desilverizing section. This lead 
is not lost in cupellation, but returned directly 
to the refinery. The rich silver crusts are cupelled 
to give market silver after retorting to recover zinc, 
if present in sufficient quantity to warrant recovery. 

The Cu-Au crusts are not recycled through No. 1 
retort, but are retorted separately and enriched by 
recycling through this second retort and cooling 
kettle to any desired extent. The final very high 
grade Au-Cu crusts, which are a very small fraction 
of the original retort bullion quantity, are removed, 
retorted if warranted, and then cupelled and parted. 

The economic evaluation of such a treatment de- 
pends upon the balance between power and labor 
saved in the parting plant plus lead returned direct- 
ly to the refinery, as against slightly increased re- 
torting costs, the labor cost of the degolding process, 
and zinc lost by oxidation when recycling crusts, 
although there could be a net zine gain if less zine 
were lost in cupellation. 

It is not possible to quote the exact temperatures 
required for all the combinations of silver, gold, 
copper, zinc, and lead encountered in retort bullions 
in practice. It suffices to say that Frayne operated 
his degolding process between 550° and 480°C by 
diluting retort bullion with lead to give baths of 
3000 oz per ton Ag in both degolding and gold crust 
enrichment kettles. The process can be operated at 
higher temperatures in bullion baths of much higher 
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silver content, the author having used baths of 
12,000 to 13,000 oz per ton Ag experimentally at 
temperatures around 600°C. 


Conclusion 

Published work which has contributed to the 
present day knowledge of the ternary system Ag- 
Pb-Zn has been reviewed with special emphasis on 
the section of the diagram (the lead corner) con- 
cerned in the practical desilverizing processes. The 
field of practical interest is still imperfectly known. 
Although the course of the eutectic trough and the 
isotherms on the liquidus surface between the 
eutectic trough and miscibility gap boundary are 
quite well established, there is need for a precise 
determination of the compositions of Ag-Zn phases 
in equilibrium with liquid lead, containing silver 
and zinc in solution, for a range of composition and 
temperature. There is need also for confirmation 
of the position of the peritectic transformation point 
between « and 7 Ag-Zn phases, liquid, and solid lead, 
which this paper has assumed to coincide with 
Johannsen and Lange-Eicholz’s supposed ternary 
eutectic point. 

The course of practical desilverizing processes has 
been demonstrated on schematic phase diagrams. 
The desilverizing of lead bullions in practice is car- 
ried out, not in the miscibility gap between two 
liquid phases, but in a similar gap between the solid 
e-phase (Ag-Zn) and liquid lead-rich solution. 
When very low silver contents in desilverized lead 
are obtained (below 0.0005 pct Ag), the y-phase 
(Ag-Zn) is rejected from the lead, at least in the 
last stages of cooling. 

A fundamentally sound process for continuous 
desilverizing of lead at a low temperature has been 
proposed. No radically new engineering techniques, 
but development of suitable plant design, would be 
necessary. The process should be more economical 
than the Williams method for small producers, but 
has the comparative disadvantage that calculation 
of zine addition, based on input bullion tonnage and 
silver analysis, would still be required. 

A recent innovation, that of degolding and de- 
coppering retort bullion by Parkes treatment, has 
been briefly discussed in qualitative fashion. A 
few laboratory tests on any particular grade of 
retort bullion would show whether the process has 
economic value for the plant concerned. 
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Ingot Cracks in Killed, Fine-Grained C1020 Steel 


by M. A. Orehoski, N. R. Arant, and J. A. Pusateri 


Plant studies on commercial-size ingots and laboratory experiments with induction 
furnace heats have demonstrated that the major source of ingot cracks is associated with 
two conditions arising during top-pouring practice: 1—solidification during pouring, and 
2—turbulence created by the impact of the stream. Methods of controlling the two fac- 
tors were effective in eliminating or significantly reducing ingot cracks. 


ECAUSE the process of removing surface defects 
from hot-rolled product is so costly, the steel 
industry is striving constantly to develop methods of 
preventing, or at least decreasing, the occurrence of 
surface defects. Investigations have revealed steel- 
making and processing variables related to major 
surface defects, and controlling these variables has 
led to improvements in surface quality. However, 
the fundamental causes of major surface defects, 
such as ingot cracks, have not been determined; 
consequently such defects persist. 

At the Research and Development Laboratory of 
the United States Steel Corp. in Pittsburgh, a seam 
research program was initiated to determine the 
fundamental causes of certain major defects. As a 
part of the program, ingot cracks in killed, fine- 
grained C1020 steel were selected for study. A cost 
survey indicated that, of the steels produced in siz- 
able tonnages, carbon steels in the range of 0.18 to 
0.23 pet C content require the most conditioning. 
Since this is particularly true of C1020, any im- 
provement of surface quality that might be effected 
from the study would be beneficial. Also, since the 
frequency of ingot cracks is exceedingly high for 
this grade, the steel would provide an excellent 
opportunity for a thorough study of the ingot-crack- 
ing problem. Why steels in this carbon range tend 
to exhibit more ingot cracks than do other steels 
was not considered in the investigation; the mech- 
anism of ingot-crack formation was of paramount 
importance. Also, only the top-pouring practice was 
considered in the investigation, because this pouring 
procedure is used more extensively than others. 

In this study, ingot cracks are defined as deep sur- 
face defects that sometimes are observed in an ingot 
prior to rolling but usually are observed during the 
initial stages of rolling on the primary mills. These 
defects may occur at any angle to the rolling direc- 
tion but are most prominent in the transverse or 
nearly transverse direction. The appearance of in- 
got cracks on the rolled product varies with respect 
to their angle of formation and with the extent of 
rolling after their first occurrence. Ingot cracks are 


also termed “‘deep seams,” “arrowheads,” “irregular 
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are associated with the United States Steel Corp., Pittsburgh, and 
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cracks,” and “transverse cracks.” Fig. 1 shows ingot 
cracks in a rolled bloom. 

This report summarizes: 1—the exploratory in- 
vestigation of commercial-size ingots; 2—the labor- 
atory investigations related to determining the 
source of ingot cracks and developing corrective 
methods; and 3—the plant evaluations of laboratory 


methods of decreasing ingot cracks. 


Exploration of Ingot Cracks in Commercial Ingots 


Materials and Experimental Work: At the Du- 
quesne Works of the United States Steel Corp., five 
heats of killed, fine-grained C1020 steel were selected 
for the exploratory phase of the seam-research pro- 
gram. The heats were made by open-hearth prac- 
tices that are considered most conducive to good 
surface quality. They were top-poured into 22x25 
in. big-end-up hot-topped molds. One as-cast ingot 
and four other ingots rolled to the following cross- 
sectional sizes were set aside from each heat: 16x20 
in.; 94%x10 in.; 5x5 in.; and 2x2 in. The processing 
of the heats, from the time of charging in the open 
hearth furnaces to the end of the rolling operation 
on the primary mill, was observed carefully and re- 
corded. 

The cast ingot and the four rolled ingots from 
each heat were examined for surface defects. The 
cast ingots were split longitudinally near the verti- 
cal center plane to expose the ingot structure be- 
neath badly cracked regions. Also, a series of trans- 
verse sections was cut at about 1 in. intervals in a 
badly cracked area of one ingot. All sections were 
ground, polished, examined by sulphur printing and 
deep etching, and photographed. The rolled ingots 


Fig. 1—Photograph of ingot cracks in a bloom section. Area 
reduced approximately 70 pct from actual size for reproduction. 
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This page of Metals Transactions AIME follows p. 848. The inter- 
vening non-Transactions pages appeared in the Journal of Metals. 


Fig. 2—Vertical deep-etched section from a com- 
mercial 22x25 in. ingot that was split 2 in. off the 
vertical center plane. Arrows point to ingot cracks. 
Area reduced approximately 98 pct from actual size 
for reproduction. 
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Fig. 3—Photograph of sulphur print representing an area on the 
vertical section shown in Fig. 2. Note the association between the 
ingot crack and the wavelike pattern of bands near the ingot surface. 
Area reduced approximately 40 pct from actual size for reproduction. 


were examined by deep etching longitudinal and 
transverse sections through major surface defects. 
Some of the major defects in the cast and in the 
rolled ingots were examined microscopically. 
Results and Discussion: Observations on the pri- 
mary mill indicated that most of the ingot cracks 
in these heats occurred during the initial breakdown 
passes and that a few occurred during the later 
stages of rolling. The cracks were not confined to 
any particular position in an ingot. They occurred 
at random orientations, but those perpendicular to 
the rolling direction were by far the most prevalent. 
With each pass on the primary mill, the cracks 
gradually became re-oriented in the rolling direc- 
tion. The tendency to develop ingot cracks varied 
widely among the heats and ingots within a heat. 
The most significant and interesting phenomenon 
was revealed in sulphur prints and deep-etch tests of 
vertical sections from as-cast ingots. Near the sur- 
faces of the ingots, between the chilled and colum- 
nar zones, were bands of lines that were more re- 
sistant to acid attack than the surrounding metal. 
These bands appeared in wavelike patterns. In 
numerous regions where the waves of bands were 
nearest the ingot surfaces, either cracks or inter- 
sections of dendritic crystals or both occurred. (In- 
tersections of dendritic crystals in the columnar zone 
create planes of weakness from which ingot cracks 
may develop subsequently as a result of the stresses 
produced in an ingot during cooling or during roll- 
ing.) Fig. 2 illustrates the prevalence of ingot cracks 
in a vertical, deep-etched section from a commercial- 


size ingot. Figs. 3 and 4 indicate that these cracks 


and. intersecting dendritic crystals are associated 
with the wavelike pattern of bands near the ingot 
surface. As was expected, the dendritic crystals in 
other regions of the columnar zone were aligned at 
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a fairly uniform angle to the ingot surfaces, with 
the result that the crystals were substantially paral- 
lel to one another. Transverse deep-etch tests also 
showed a wavelike pattern of bands. 

Such bands of lines between the chilled and 
columnar zones have been observed and reported by 
other investigators.’* The deep-etch tests of cast in- 
gots illustrated in Humfrey’s paper’ revealed bands 
of lines. The white bands are not confined only to 
killed steels; similar patterns are visible in cast sec- 
tions from rimmed steel ingots presented by Hult- 
gren and Phragmen.* 

Binnie’ observed pronounced banding only in the 
bottom half of a medium carbon, killed-steel ingot 
that was bottom-poured, but was unable to detect 
segregation of elements across the bands. He also 
observed that the dendritic crystals extended 
through these bands. In a discussion of Binnie’s 
paper, Northcott’ and Fell’ suggested that the banded 
effect resulted from turbulence of liquid steel during 
pouring. 

In his paper, Northcott® conclusively demonstrated 
that turbulence of molten steel in a mold caused 
bands of lines. He produced a severe and extreme 
condition of heavy bands in a cast ingot by stirring 
the liquid steel in a mold with metal rods soon after 
pouring. On the other hand, with bottom-pouring or 
with top-pouring through a 16 hole tundish, only a 
few light bands occurred. 

In discussing the bands of lines observed in cast 
ingots selected for their investigation, Mackenzie 
and Donald’ state: ‘The banding effect was probably 
the result of a combined effect of forced convection 
and superheat. As the steel ran into the mold, it 
would set the liquid in motion. A flow of metal 
against the solidifying surface would check the 
growth of columnar crystals, and when the flow was 
streamlined, solidification would be inhibited as long 
as the liquid was superheated. If the flow was tur- 
bulent, there would be intervals during which solid- 
ification took place, alternating with periods during 
which solidification was inhibited, so that the pri- 
mary structure presented a banded appearance.” 

Although bands of lines were reported by many 
investigators, none have associated their wavelike 
appearance with ingot-crack formation despite the 
fact that this effect is discernible in photographs of 
many split ingot sections appearing in publications. 

In this investigation, a limited study of the bands 
of lines, involving macro-etching, microscopic ex- 
amination, and microhardness surveys, indicated 
that the bands of lines were similar to centers of 
dendrites and that the mode of solidification of the 
bands was similar to that of dendrite centers. The 
bands of lines were not considered detrimental to 
steel quality, nor was their manner of formation of 
such importance as to warrant extensive study. 
They served only as an indication of an initial solid- 
ification front during the pouring operation; hence, 
laboratory experiments were directed accordingly. 


Laboratory Experiments 


Materials and Experimental Work: The laboratory 
phase of the seam-research program was classified 
into four sections. 

In the first section, a study was conducted to de- 
termine whether bands of lines that were observed 
near the surfaces in deep-etched sections of com- 
mercial-size ingots are related to solidification fronts 
that occur during the pouring operation. Induction 
furnace heats of 60 lb were melted to C1020 com- 
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position and were top-poured into 4x4 in. big-end- 
up cast iron molds, Fig. 5. The heats were melted in 
the induction furnace and were lip-poured through 
the refractory-lined pouring boxes and into cast 
iron molds supported on trunnions. Soon after pour- 
ing, the molds were upset by rotating them on the 
trunnions so that only thin solidified ingot shells 
remained in the molds. 

In the second section, experiments were con- 
ducted to determine whether solidification time, 
carbon content, pouring temperature, pouring rate, 
and pouring height affect the irregularities in thick- 
ness of an ingot shell. For this section of the labora- 
tory study, 28 ingot shells were made. 

In the third section, an investigation was con- 
ducted to develop a method for studying flow pat- 
terns during pouring. For simulating liquid steel, a 
dilute suspension of bentonite in water was used. A 
slice model of an ingot mold was made of transpar- 
ent plastic material with internal dimensions of 
1x5 in. and simulated a commercial 22x22 in. ingot 
mold. The pouring equipment for the model was 
designed to simulate the pressure and velocity en- 
countered in pouring steel through a 2 in. diameter 
nozzle with a 10 ft height of metal in a ladle. A 
Mariotte bottle supplied the bentonite-water sus- 
pension at a constant pressure to a cylindrical vessel 
fitted with a stopper rod and a nozzle. 

The manner in which the equipment was used for 
fluid-flow study is illustrated in Fig. 6. The ben- 
tonite suspension flowed from the Mariotte bottle to 
the cylindrical vessel and through the nozzle into 
the transparent slice model placed between polariz- 
ing and analyzing screens.: A light beam, polarized , 
by the polarizer screen, passed through the model. 
Interference patterns caused by movement of the 
bentonite suspension in the model were photo- 


Fig. 4—Photograph of sulphur print representing an area on the 
yertical section shown in Fig. 2. Note the association between the 
ingot crack, intersecting dendritic crystals, and the wavelike 
pattern of bands near the ingot surface. Area reduced approxi- 
mately 40 pct from actual size for reproduction. 


AUGUST 1954, JOURNAL OF METALS—893 


graphed through the analyzer. Motion pictures of 
the following pouring conditions were taken at 64 
frames per second (4 times normal speed): pouring 
with the stream off-center in the mold; pouring with 
the stream centered in the mold; and interrupted 
pouring, as is practiced on hot-topped ingots. 

In the fourth section of the laboratory program, 
experiments were conducted to determine whether 
the pouring techniques described below would 
either retard solidification during pouring or control 
turbulence to the extent of eliminating the condi- 
tions associated with the formation of ingot cracks. 


Fig. 5—Photograph of the laboratory equipment used for melting 
induction-furnace heats and for dumping ingots. 


Moriotte Bottle 


Norz/le 


Poralle/- Light Source 


Polorizer 


Slice model ef 
ingot mold 


Analyzer 


Fig. 6—Diagram illustrating equipment used in simulated ingot- 


pouring experiments. 
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As in previous tests, 60 lb induction-furnace heats 
were melted to C1020 composition; and immediately 
after pouring the heats by different procedures, the 
molds were dumped so as to produce ingot shells by 
means of the arrangement shown in Fig. 5. 

One method was investigated as a means of re- 
tarding solidification rates during pouring process: 

Pouring Through Molten Slag: About 3 lb of slag 
consisting of the following materials was placed in 
a graphite crucible and melted to temperatures 
ranging from 2400° to 2750°F: 4 parts lime, 4 parts 
silica, 2 parts cryolite, and 1 part fluorspar. The 
molten slag was poured into a cast iron mold prior 
to pouring the steel through a ¥% in. diameter nozzle 
in the pouring box. 

Four methods were investigated to determine 
whether turbulence during pouring can be con- 
trolled sufficiently to prevent the irregularities in 
ingot-shell thickness: 

Multiple-Stream Pouring: The first method tried 
was pouring into a mold with several streams. The 
following openings were used in each pouring box 
for the multiple-stream-pouring experiments: four 


Fig. 7—Photograph 
of a dumped 60 Ib 
ingot illustrating the 
irregular thickness of 
a shell that was cast 
in a manner simulat- 
ing commercial prac- 
tice. Arrows point to 
cracks in the shell. 
Area reduced ap- 
proximately 85 pct 
from actual size for 
reproduction. 
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5¥e in. diameter holes; twelve %4 in. diameter holes; 
and four slots, each 5/8x3/16 in. 

Extended-Nozzle Pouring: For the second method, 
a mold was placed on a platform that could be 
raised or lowered readily. The pouring box was 
fitted with a 38 in. diameter nozzle that extended to 
the bottom of the inside cavity of the mold when 
the platform was in the raised position. During 
pouring, the mold was lowered gradually so that 
the bottom of the nozzle was in constant contact 
with the rising liquid surface but did not penetrate 
it to a depth greater than % in. 

Glass-Wool Packing in Molds: For the third 
method, glass wool was loosely packed inside the 
entire mold cavity, and then the steel was poured 
through a % in. diameter nozzle into the mold. 

Pouring Through Stovepipes: For the fourth me- 
thod, a 2 in. diameter stovepipe with a wall thick- 
ness of 1/16 in. was placed inside the mold; it ex- 
tended along the entire height of the mold. Hori- 
zontal bars were welded to the top of the pipe and 
fastened to the top of the mold so that the stovepipe 
would remain rigid during pouring. The heat was 
poured through a % in. diameter nozzle in the pour- 
ing box; the stream entered the mold inside the 
stovepipe. 

The ingot shells from all the foregoing laboratory 
studies were sectioned through vertical center planes 
and examined. Some of the shells were deep etched 
in hot 50 pet HCl and photographed. 

Results and Discussion: The shells that were made 
for determining the relationship between bands of 
lines and initial rates of solidification varied erratic- 
ally in thickness regardless of ingot position and had 
a wavelike contour along the interior surface in 
both vertical and horizontal directions, Figs. 7 and 8. 
These shells indicate that the conditions affecting 
solidification during pouring have a random effect. 
Deep-etch tests of longitudinal sections through the 
shells disclosed bands of lines similar to those found 
in commercial ingots. These bands of lines were ap- 
proximately parallel to the wavelike contour of the 
ingot shells, Fig. 8. This observation indicated that 
the bands of lines represented a series of solidifica- 
tion fronts during pouring. 

The exploratory plant study, together with the 
laboratory study, suggests the following explanation 
for the formation of ingot shells of erratic thickness 
and for subsequent occurrence of ingot cracks in 
regions where the shells are initially the thinnest: 

As the mold is being filled, the steel adjacent to 
the mold walls solidifies rapidly and forms an ingot 
shell. Also during the pouring, the impact of the 
stream creates turbulence (churning or circular 
motion) of erratic severity in the direction of the 
mold walls. This turbulence below the rising surface 
carries superheated liquid steel to the cooling zone 
adjacent to the solidifying shell, and causes the shell 
to be uneven in thickness by momentarily retarding 
solidification rates in some areas more than in others 
and/or by unequally eroding the shell already 
formed. However, the direction of dendritic-crystal 
growth during the course of solidification after 
pouring is affected by the contour of the solidifica- 
tion front produced during pouring. Dendritic crys- 
tals grow at a fairly constant angle to a solidifying 
front. In regions where the solidification front is 
essentially in a single plane, the dendritic crystals 
are substantially parallel to one another. But in 
regions where the solidification front has a wave- 
like contour, the dendritic crystals intersect in the 
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a b 
Fig. 8—Vertical deep-etched section of a dumped ingot shell illus- 
trating the wavelike pattern of bands of lines following the contour 
of the interior surface of the shell. a—Area reduced approximately 
70 pct from actual size for reproduction. b is magnified 3X more 
than a. 


originally thin areas of the ingot shell. Such inter- 
sections of dendrites create planes of weakness in 
which cracks develop, particularly when stresses re- 
sulting from cooling or rolling occur in a direction 
transverse to the planes of weakness. 

The solidification occurring during pouring and 
the turbulence resulting from the impact of the 
stream are considered detrimental principally be- 
cause of the formation of columnar crystals. If 
dendritic crystals in the columnar zone of a cast 
ingot structure could be eliminated by some means, 
such as by controlling solidification rates or by in- 
oculating the steel with special addition agents, then 
the two aforementioned factors would play a lesser 
role in the formation of ingot cracks. However, 
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Fig. 9—Vertical section through an ingot illustrating a fold and 
transverse ingot cracks. 


methods of eliminating or decreasing the thickness 
of the columnar zone were not investigated. 

As was indicated in further experiments with 
dumped ingots, irregularities in the thickness of an 
ingot shell gradually disappear as the solidification 
time increases. By that time, however, the dendri- 
tic crystals will have intersected already and created 
planes of weakness. 

Ingot shells of nonuniform thickness do not occur 
only in steels of 0.20 pct C content. This condition 
also occurred in laboratory ingots ranging from 
0.08 to 0.45 pet in carbon content. The effects of 
pouring temperature, rate, and height on conditions 
associated with ingot cracking could not be evalu- 
ated properly because of their interrelation and be- 
cause of the continual changes occurring in the 
characteristics of a stream when only 60 lb of metal 
is poured. 

However, certain trends were indicated by this 
study. Combinations of high pouring temperatures, 
fast pouring rates, and considerable pouring heights 
develop severe irregularities in ingot-shell thickness. 
Low pouring temperatures and slow pouring rates 
develop a rough ingot surface that also may retard 
initial solidification rates nonuniformly by produc- 
ing an insulating effect in localized areas in ingot- 
shell thickness, Grossmann and Stephenson‘ have 
shown in earlier research work that such an insulat- 
ing effect produced by an ingot surface develops 
ingot cracks in the following manner: 

_During pouring, the surging and splashing of 
molten metal creates a wave motion and causes the 
metal to strike the sides of the mold above the rising 
surface. When the waves of molten metal recede 
temporarily, fins of solid metal remain above the 
surface. These fins, because of contraction, pull 
away from the mold walls and leave air spaces be- 
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tween the walls and the ingot surface. As the metal 
continues to rise, the metal flows over the fins and- 
fills part of the air space. The space that is not filled 
with metal acts as an insulator in that region, re- 
tards initial solidification during pouring, and causes 
the dendritic crystals to intersect and to develop 
ingot cracks, Fig. 9. ; 

The apparatus that was developed for simulating 
the pouring of steel and for studying fluid flow, ade- 
quately demonstrated the circular motion of a liquid 
in a mold during pouring, Figs. 10 and 11. Motion 
pictures of the simulated top-pouring practice 
showed that the flow created by the impact of a 
stream is extremely erratic, particularly in the vi- 
cinity of the mold walls. The flow pattern is not 
consistent even where the pouring stream is cen- 
tered. The severity of the upward motion of the 
liquid along the mold walls appears to be of such a 
magnitude that, in pouring steel, it would momen- 
tarily retard solidification in localized areas or erode 
parts of the solidified ingot shells. 

The objective in the last series of laboratory ex- 
periments was to control either the initial rate of 
solidification or the turbulence, since the simultane- 
ous occurrence of these two factors contributed 
chiefly to the formation of ingot cracks. 

In pouring through molten slag, the steel dis- 
placed the slag, which coated the walls above the 
rising metal surface. Such a coating of hot slag on 
the mold walls retarded initial solidification rates 


' Fig. 10—Photograph of a slice model illustrating simulated pouring 
with bentonite-water suspension as observed in transmitted polar- 
ized light. A 2 in. nozzle with a 10 ft head of metal in the ladle 
and a 22x22 in. ingot mold are simulated. Ingot mold half filled. — 
Area reduced approximately 40 pct from actual size for reproduction. 
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Fig. 11—Photograph of a slice model illustrating simulated pouring 
with bentonite-water suspension as observed in transmitted polar- 
ized light. A 2 in. nozzle with a 10 ft head of metal in the ladle 


and a 22x22 in. ingot mold are simulated. Ignot mold three- 
fourths filled. Area reduced approximately 40 pct from actual size. 


during pouring sufficiently to produce an ingot shell 
that increased uniformly in thickness from top to 
bottom, Fig. 12. This pouring method produced on 
the ingot surface a thin coating of slag, which flaked 
off when the ingot was stripped. In many areas, the 
ingot surface had a bright metallic surface beneath 
the slag coating. 

In pouring through a pouring box with several 
openings, the turbulence of individual streams ap- 
peared to be offset sufficiently to produce the desired 
effect, since thickness irregularities in an ingot shell 
were eliminated. 

Turbulence was decreased considerably in ex- 
tended-nozzle pouring by the continuous contact of 
metal from the pouring box to the rising metal in 
the mold. 

Ingot shells similar to the one shown in Fig. 12 were 
produced by the two foregoing methods. 

Pouring into molds packed with glass wool and 
pouring through stovepipes were ineffective in con- 
trolling the turbulence of the metal. 


Plant Evaluations 


Methods and Procedures: Two laboratory methods, 
pouring through molten slag and multiple-stream 
pouring, were investigated at Duquesne Works on 
22x25 in. big-end-up ingots of killed, fine-grained 
C1020 steel. These methods were not intended 
necessarily as practicable solutions to the problem; 
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they were investigated primarily to determine 
whether the laboratory findings relating to the 
mechanism of ingot-crack formation extend to com- 
mercial-size ingots. 

Pouring Through Molten Slag: A tilting-type, gas- 
fired furnace with a hearth capacity of 8 cu ft was 
constructed at the laboratory and installed on the 
pouring platform of No. 2 open hearth at Duquesne 
Works. In this furnace, slag consisting of the fol- 
lowing materials was melted at 2250° to 2670°F: 4 
parts lime, 4 parts silica, 1 part cryolite, and 1 part 
fluorspar. One mold from a drag of molds for each 
of six heats was set aside for pouring through 
molten slag. The slag-melting furnace was tilted, 
and 350 to 600 lb of molten slag was poured into this 


Fig. 12—Vertical 
deep-etched section 
of an ingot shell | 
that was produced | 
by pouring molten | 
slag. Note the uni- | 
formly increasing 
thickness from top 
to bottom. Approxi- 
mately one-half ac- | | 
tual size. | 
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Table |. Data on Commercial Heats Selected for Plant Experiments 
with Pouring Through Molten Slag 


Nozzle 
Temperature, °F Total Number of Diame- 
Ingots Cast ter, In. 
Pour — 
Pour from From 
Heat from Bas- From Bas- Through La- Bas- 


No. Tap Ladle ket Ladle ket Slag dle ket 


100 2980 2900- 2865- 


2850 2805 7 25 1 2% 1% 
200 2980 2880- 2845- 
2845 2800 19 15 1 2% 1% 
300 3000 = = 27 _— 1 3 1% 
400 —_— 2910- 2850- 
2865 2800 2 31 1 2 1% 
500 3020 = = 9 25 al 1% 1% 
600 3000 — 2840- 
2805 t 22 1 2% 1% 


mold prior to casting a 9000 lb ingot. The other in- 
gots in the six heats were cast either directly from a 
ladle (direct poured) or from a ladle through a tun- 
dish or basket (basket poured). Data relative to the 
six heats and to the slag-poured ingots are listed in 
Tables I and II. 

The identities of the slag-poured ingots, together 
with the direct-poured and basket-poured ingots, 
were maintained throughout charging, heating, roll- 
ing, and conditioning. Except for maintaining the 
identities of the ingots in the three groups, the six 
heats were processed in the same manner as regu- 
lar heats. 

During rolling, all ingots of the six heats were 
observed carefully for ingot cracks. In the condi- 
tioning yards, the surface quality of blooms from 
the slag-poured ingots was further examined and 
compared with the surface quality of blooms from 
other ingots of the heats. The blooms also were ex- 
amined for internal quality by deep etching trans- 
verse sections from top, middle, and bottom ingot 
positions. 

Multiple-Stream Pouring: In the initial phase of 
this study, both multiple-stream pouring and slow 
pouring were investigated and compared with direct 
pouring and basket pouring. A _ refractory-lined 
pouring box with either one, two, three, or four 1 in. 
diameter nozzles was placed above each of two 
molds. Only two ingots in each of five heats were 
cast with such a pouring arrangement; the re- 
mainder of the steel from each heat was direct 
poured and/or basket poured. 

Since the results of the initial study indicated that 
an improvement in surface quality was effected by 
such a procedure, the experimental work was modi- 
fied so that an entire heat or any desired number of 
ingots might be cast with one pouring box suspended 
from the bottom of a ladle. 

Three heats were poured through the suspended 
pouring box; the diameter of the nozzle in each 


Table II. Pertinent Data on the Special Slag-Poured Ingots 
Obtained from Commercial Heats 


ladle was 2% in., whereas the diameters of the four 
nozzles in the pouring box were varied. From the 
first heat, 8 ingots were cast through four 1 in. 
diameter nozzles in the suspended pouring box; 12 
ingots from the second heat were cast through four 
1% in. diameter nozzles; and 6 ingots from the third 
heat were cast through four 1% in. diameter noz- 
zles. All other ingots from the three heats were 
direct poured from the ladle. Data relevant to the 
conditions of multiple-stream pouring and slow 
pouring are shown in Tables III and IV. 

As in the slag-pouring experiments, the identities 
of the specially poured ingots were maintained 
throughout processing. Also, the procedure fol- 
lowed in evaluating the surface quality of the two 
groups of ingots for the three heats was the same as 
that used in the slag-pouring experiments. 

Results and Discussion: Pouring Through Molten 
Slag: When the six heats were rolled on the bloom- 
ing mill, all the slag-poured ingots, except one that 
was overheated in the soaking pits, were superior 
to all other ingots with respect to cracking; that is, 
the slag-poured ingots were rolled into the desired 
bloom sizes without developing ingot cracks, where- 
as many of the regular ingots cracked so severely 
that it was necessary to roll them into an interme- 
diate size for surface conditioning. Even for those 
ingots that were rolled directly to the desired sizes, 
extensive conditioning was required to remove the 
surface defects resulting from ingot cracks. Only 
light surface seams and cracks were found in the 
product of the slag-poured ingots. 

Deep-etch tests of product from the slag-poured 
ingots revealed varying amounts of entrapped slag 
in the ingot body. Only one slag-poured ingot ap- 
peared to be free of entrapped slag. Although there 
were indications that this pouring method could be 
improved to overcome the problem of entrapped 
slag, the process was considered too troublesome 
and costly for commercial use in large tonnage 
shops; accordingly, additional trials were discon- 
tinued. These experiments, however, demonstrated 
that the laboratory findings with small ingots also 
applied to commercial-size ingots. 

Multiple-Stream Pouring: Of the specially poured 
ingots in the initial trials, multiple-stream pouring 
with four streams was the most effective in reduc- 
ing the incidence of ingot cracks. Slow pouring ap- 
peared to decrease only the severity of ingot cracks 
and not their frequency. These results were based 
on observations during rolling and on actual count- 
ing of ingot cracks in the rolled blooms. 

' Because multiple-stream pouring appeared prom- 
ising, the experimental work was modified so that 
an entire heat or any desired number of ingots 


Table III. Data on Slow Pouring and Multiple-Stream Pouring. 
Individual Boxes per Ingot 


Pouring Time for Ingot Body, Sec 


1st 2nd 3rd 4th 5th 
Heat Heat Heat Heat Heat 


Pouring Tem- Pouring 
Ingots Perens Time, Sec Slag One 1 in. nozzle Unabl 

P n. nable 
Heat No. Poured Slag Steel Slag Steel Stas ean aie 375 330 to pour — = 

“ae 11 Three 1 in. nozzles 

308 350 pouring box 110 — 
6 2630 — 35 a 400 Four 1 in. nozzles TT an 
300 10 2600 = 30 = 400 pouring box = 110 130 105 120 

400 27 2520 2860 40 as 450 1% in. nozzle 

500 2550 2950 60 120 600 109 85 105 85 
0 2930 35 120 450 direct poured 40 35 40 3) 40 
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Table IV. Data on Multiple-Stream Pouring. 
Suspended Pouring Box 


Diameter Diameters of 4 No. of Ingots Poured 
of Nozzle Nozzles in Pour- 
Heat No. in Ladle, In. ing Box, In. Through Box Direct 
A 2¥2 1 8 25 
B 2% 1% 12 11 
2% 12 6 28 


could be cast with one multiple-hole pouring box 
suspended from the bottom of a ladle. Eight ingots 
from the first heat were cast through a suspended 
pouring box equipped with four 1 in. diameter noz- 
zles. Observations during rolling and examination 
of the rolled blooms indicated that the surface qual- 
ity of the multiple-stream-poured ingots was sig- 
nificantly superior to that of the other ingots in the 
heat. Because of the excessive pouring time re- 
quired for the special pouring arrangement, the 
1 in. diameter nozzles in the pouring box were re- 
placed with 1% in. diameter nozzles for the next 
two heats. The surface quality of these two heats 
was better than average for this grade. The larger 
diameter nozzles, however, did not effect an im- 
provement in surface quality. Since pouring diffi- 
culties occurred in all three heats for which a pour- 
ing box was suspended from a ladle, further experi- 
ments for evaluating other-size nozzles and more 
than four nozzles were discontinued until improve- 
ments in the ladle-stopper riggings have been made. 


Summary 


A study of ingot cracks in killed, fine-grained C- 
1020 steel revealed that the major source of such 
defects is associated with conditions arising during 
the top-pouring practice. Controlling these condi- 
tions effects a significant improvement in surface 
quality. However, it must be recognized that ingot 
cracks may originate in other sources which were 
not investigated in the present program. Results of 
both plant and laboratory experiments may be sum- 
marized as follows: 

1—Exploratory Plant Studies: Sulphur prints and 
deep-etch tests of vertical sections from commercial- 
size ingots revealed an interesting phenomenon 
associated with the formation of ingot cracks. Near 
the surfaces of the cast ingot sections, bands of 
white lines occurred in wavelike patterns; in nu- 
merous areas where the bands were nearest the 
ingot surfaces, cracks and/or intersecting dendrites 
occurred. The intersecting dendrites were consid- 
ered as planes cf weakness along which ingot cracks 
developed, especially when stresses, as those pro- 
duced during rolling, occurred in a direction per- 
pendicular or nearly perpendicular to these planes. 

2—Laboratory Studies: The initial phase of the 
laboratory program demonstrated that the bands of 
white lines indicated a series of solidification fronts 
which formed during the pouring operation. Ingot 
shells that were produced by dumping 60 lb ingots 
had wavelike contours along the interior surfaces. 
Deep-etch tests of vertical sections from these ingot 
shells showed that bands of white lines similar to 
those observed in commercial ingots appeared in 
wavelike patterns and that these bands were about 
parallel to the contour of the interior surfaces of the 
ingot shells. 

Results of dumped-ingot experiments and fluid- 
flow studies suggested an explanation for the forma- 


TRANSACTIONS AIME 


tion of ingot cracks: As the mold is being filled, two 
conditions occur simultaneously, 1—the metal adja- 
cent to the mold walls solidifies rapidly, and 2—the 
impact of the stream creates turbulence that moves 
superheated metal in the direction of the mold walls 
and momentarily affects the thickness of an ingot 
shell in localized areas. The combined effect of the 
two conditions produces an ingot shell that is thin 
in some areas and thick in others. In such a shell, 
stress concentration is greatest in the thin areas; 
consequently, cooling stresses often cause ingots to 
crack in these areas prior to heating and rolling. 
Furthermore, the contour of the solidification front 
affects the direction of dendritic crystal growth and 
causes intersections of dendrites, which, as was 
mentioned previously, are another source of weak- 
ness during rolling. 

Slag pouring was an effective laboratory method 
of retarding solidification during pouring. Multiple- 
stream pouring and extended-nozzle pouring were 
effective laboratory methods of controlling turbu- 
lence. 

The laboratory method of dumping ingots to pro- 
duce ingot shells, described above, is considered a 
useful test procedure for evaluating methods of 
eliminating ingot cracks. 

3—Plant Evaluation of Laboratory Methods: Pour- 
ing into molds containing molten slag is an effective 
method of decreasing the incidence of ingot cracks 
in commercial-size ingots. But this procedure is too 
troublesome and costly for commercial use. Multi- 
ple-stream pouring produces a significant reduction 
in the frequency of ingot cracks and may prove sat- 
isfactory in some open hearth and electric furnace 
shops for curtailing cracks. 

Although the last two methods may not be con- 
sidered practicable for commercial use, their effec- 
tiveness indicates that the laboratory results extend 
to commercial practice. 
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Roasting Metallic Sulphides in a Fluid Column 


by H. M. Cyr, C. W. Siller, and T. F. Steele 


The development of a new metallurgical roasting device is de- 
scribed. It consists of a refractory column into which air ts injected 
at various levels, forming several superimposed fluidized beds with 
no supporting grates. When pelleted zinc sulphide concentrates 
are charged, the roasted product needs no further sintering before 


reduction to metal. 


HEN a gas such as air is blown upward with 

increasing velocities through a loose mass of 
solid particles, marked changes in the physical be- 
havior of the particles are noted. At first, when the 
velocity of the gas is insufficient to support any of 
the solid, the mass constitutes a “fixed bed.” As the 
gas velocity increases until the pressure drop through 
the bed approaches the effective weight of the bed per 
unit area, the bed expands until the solid particles 
are supported by the air rather than by the lower 
particles. Some vibration of the particles becomes 
apparent, but little mixing occurs. This condition is 
called a “‘quiescent fluid bed.” 

A further increase in gas velocity imparts more 
separation and more motion to the individual par- 
ticles until a condition of turbulence is reached. This 
“turbulent fluid bed’ resembles a rapidly boiling 
liquid with the characteristic highly agitated diffuse 
surface and many small eruptions of the boiling 
mass. Different degrees of turbulence can be gener- 
ated and all produce excellent mixing. 

The final stage occurs when the gas velocity be- 
comes so great as to create a “dispersed suspension.” 
Here no surface of the mass is defined and the gas 
carries solid particles out of their original positions. 

These changing conditions of fluidization have 
been studied carefully and pertinent nomenclature 
standardized by a committee of the American Insti- 
tute of Chemical Engineers.’ 

Many mathematical analyses*” have been made of 
the forces acting in a fluid bed. These analyses are 
invaluable, especially for the design of column sizes 
and selection of equipment. However, in a metallur- 
gical process involving solids of many sizes with 
changing densities, varying temperatures, and 
changing gas compositions within the bed, calcula- 
tions based on theory become approximate. Opti- 
mum operating conditions then are best determined 
experimentally. 

Many applications have been made of the princi- 
ples of fluid-bed action by mechanical, chemical, and 
metallurgical engineers. Especially when good con- 
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tact between reacting solids and gases is desired, 
very effective results are obtained from fluid beds. 
They permit excellent temperature control and uni- 
formity throughout a mass of solids in fluid action. 
Heat transfer to walls and any coolers is high, and 
fast reaction rates are attained because the solid sur- 
faces are continuously swept clean. 

The main disadvantages of fluid-bed operations are 
the danger of short-circuiting in a single bed, dan- 
ger of incipient sintering which stops action, the 
necessity of avoiding large changes in particle size 
or density during roasting, and dust losses when 
particles of the charge are carried out with exit gases. 

In the metallurgical field the roasting of sulphide 
ores to form oxides and sulphur dioxide appears to 
combine several operating conditions which can be 
achieved to advantage in a fluid bed. Roasting in- 
volves a solid-gas reaction where a high reaction rate 
is necessary for high capacity, where good tempera- 
ture control is important in order to prevent sinter- 
ing, where good heat transfer is needed, and where 
the density of the solids, when changing from sul- 
phides to oxides, is not largely changed. 

Short-circuiting, however, constitutes a major 
problem when a single fluid bed is used. Because 
of the turbulence of the bed, an entering particle 
may be in the region of the discharge before it is 
roasted. Hence, to attain a satisfactorily low sulphur 
in the calcine, a long average residence time with 
correspondingly low capacity is required. 

The solution to this difficulty is the use of multiple 
stages, which in the conventional fluid-bed design 
requires separate hearths with feed and discharge 
mechanisms for each stage. 

A further practical difficulty in fluid-bed roasting 
of flotation zine concentrates is their fine particle 
size which makes a true fluid action without exces- 
Sive carry-over of dust very difficult to attain, es- 
pecially when the large air volumes necessary for 
high capacity are used. 


A New Design 

After considerable experimentation in the labora- 
tory and on a semipilot-plant scale, a new method 
and equipment for roasting were devised which 
provided a unique solution to these problems. A de- - 
tailed account of this development appears in the 
patent literature,’ and many of the variations of this 
development reported herein are the subject of 
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pending patent applications. The fine ore was formed 
into small aggregates which permitted the desired 
fluid-bed action with only a little dust carry-over. 
These aggregates were charged into the top of a 
“fluid column,” which consisted of several superim- 
posed fluid beds established by introducing air at 
several levels and thereby creating beds of varying 
apparent density. No grates were used, as the differ- 
ent stages were defined by the successive increments 
of injected air. 

Of the many experimental columns constructed 
and tried, the most practical type can be illustrated 
by the sketch in Fig. 1. Here four zones—1, 2, 3, and 
4—are shown. In the lower zone 1, just enough air 
was blown through ports 5 to keep the charge in an 
expanded state, forming a quiescent fluid bed. This 
air completed the roasting and swept the discharg- 
ing material free of SO., while it also cooled the dis- 
charge and became heated itself. At inlets 6 more 
air was admitted. This volume added to that of the 
lower ports was sufficient to vigorously agitate the 
charge forming a turbulent fluid bed. A similar and 
even more violent effect occurred in the region above 
inlets 7. Here the combined effect of the three air 
injections, which had been heated and expanded to 
a large volume, created a vigorous suspension. The 
action of this section was confined by maintaining 
a mildly turbulent bed above it in the cone and 
larger diameter top. Here the lower gas velocity 
minimized the ejection of solids from the column. 

In normal operation, the aggregates of ore were 
charged into the top of the column onto the top bed 
where they were heated to temperature and were 
partially roasted. As they passed into the two lower 
zones, roasting was vigorous and practically com- 
pleted under conditions of high turbulence which 
minimized adhesion or sintering. The lowest bed 
completed the roasting and preheated the large 
amount of air injected through the bottom ports. 
The four zones maintained in the fluid column acted 
like four superimposed fluid beds. The charge grad- 
ually passed from one bed to the next one below, 
thus avoiding short-circuiting. 

The unique feature of this fluid column was the 
absence of grates between the several stages. This 
obviated many mechanical difficulties connected 
with the construction, cleaning, and repairing of 
such grates. The absence of grates allowed such de- 
vices as coolers, sampling tubes, or temperature- 
measuring equipment to be inserted through the top 
and to reach any part of the interior. Charging and 
discharging were quick and simple. 


Operation of the Roaster 

The preparation of the charge was adjusted to the 
ore used and to the subsequent use of the material. 
Some zinc sulphide concentrates formed strong ag- 
gregates by simply moistening and forming pellets 
or flakes, then drying. Other zinc sulphide concen- 
trates required the addition of small amounts of 
binder, such as sulphite liquor, bentonite, zinc sul- 
phate, or sodium sulphate. A convenient size for 
flakes, pellets, strudes, or other aggregates was be- 
tween the limits of 6 to 20 mesh. Smaller sizes were 
partially carried out with exit gases when enough 
air to give high capacities was used. Larger sizes 
created a sluggish bed, created high temperature 
zones, and did not rapidly roast to their center.* 


*In the subsequent larger-scale development, it was found feasi- 
ble to extend the size range to include some 4 mesh pellets without 
serious loss in capacity at a given sulphur limit. 


Best fluid action was observed when the charge con- 
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Fig. 1—General 
design of experi- 
mental fluid col- 
umn. 1 to 4 are 
zones of varying 
fluidization. 5 to 
7 are air inlets. 


sisted of a range in sizes rather than of uniform- 
size materials. 

During roasting the dust losses from zinc sulphide 
concentrates aggregated into the 6 to 20 mesh size 
were usually in the region of 10 pct. This was in- 
fluenced by the amount of binder, the mechanical 
densification given to the charge, the violence of the 
fluid action, the temperature of the roast, and the 
composition of the ore. 

The completeness of the roasting operation could 
be adjusted by the amount of charge passing through 
the column. In most tests the sulphide sulphur re- 
maining in the roast was about 0.1 pct. If lower 
sulphurs were desired, they could be reduced to 0.01 
pet by using a slower feed rate. 

The sulphate content of the calcine was deter- 
mined largely by the lime and magnesia content of 
the ore, since the usual roasting temperatures were 
below the decomposition temperatures of these sul- 
phates. 

The temperature at which zine sulphide concen- 
trates were roasted normally varied from 950° to 
1150°C. The temperature selected depended largely 
upon the sintering characteristics of the ore, which 
in turn were influenced by the impurity content. 
Best results were obtained by operating just below 
the sintering point. This produced rapid roasting, 
and any incipient sintering minimized dust losses. 
A temperature of 1050°C was commonly used. 

The first successful fluid column developed in the 
laboratory consisted of a tube of 4 in. inside diameter 
and about 3 ft height with an expanded 9 in. top 
section. This size was considered to have the mini- 
mum diameter to avoid strong wall effects. Due to 
the large ratio of wall to volume, this column was 
not autogenous and was enclosed in a heated cham- 
ber in order to control temperature. 
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Later trials were made in a column of 12 in. in- 
side diameter and 41 in. height plus an upper expan- 
sion chamber of 24 in. inside diameter by 51 in. high 
connected by a 12 in. conical section, see Fig. 2. The 
12 in. fluid column was large enough to require no 
outside heating chamber, and the usual metallic 
sulphide concentrates could be roasted autogenously 
in it. This unit required air at 5 psi for its operation. 
The results obtained in this column served as guides 
for larger columns having much greater capacities. 

Small-scale tests indicated that the capacity of a 
multistage fluid column was high, being of the order 
of at least 3 tons per day of zinc sulphide concen- 
trates per sq ft of grate area. In the 12 in. inside 
diameter column with a bottom grate area of 0.78 sq 
ft, the normal capacity was 2 tons per day. However, 
if coolers were used to remove the excess heat, this 
capacity could be increased to 4% tons per day. 
Other ways of increasing capacity by using cooling 
devices were also effective. One of these ways was 
to recirculate cooled calcine along with the fresh 
green aggregates. The heat-absorbing action of the 
inert material permitted a 20 pct increase in the feed 
rate into the column. 

Data were secured regarding the heat transfer 
between roasting pellets in a fluidized column and 
the water in a stainless steel cooling tube. The 
pellets were in the —3+20 mesh size, being fed into 
the 12 in. fluid column continuously at the rate of 
270 lb per hr, using 30 pct excess air. The pelleted 
green ore (Paragsha zinc concentrates) had an ap- 
parent density of 113 lb per cu ft, and the discharged 
calcine had an apparent density of 105 1b per cu ft. 
Without the water cooler, the temperature averaged 
1100°C, but when 2 gal per min of water passed 
through the cooler, the temperature of the 500 lb 


0) —Ore feed pipe 

--F —Bustle pipe exhaust 

A ~ 

51” A) ane -F —Fireclay arch brick 

—Normal operating bed levei 
4 

—Firefrax cement 


T—Top air inlets 


-----M—Middle air inlets 


4. —Firefrax cement 
—Water cooling spray ring 
B —Bottom air inlets 


—Air pipe cleanout plunger 
—Rapid Discharge pipe 


y —Vane-type discharge valve 


Fig. 2—Cross section of 12 in. experimental fluid column. 


—Sump for cooling water 
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bed averaged 1000°C. The cooler was a long stain- 
less steel pipe of 13/16 in. outside diameter and 
3/32 in. wall. It was immersed in the center of the 
charge, passing through the expanded 24 in. section 
and the cone section into the very active top of the 
12 in. section, and thus was exposed to zones of 
varying charge activity which had different solids 
concentration. The portion of the cooler not im- 
mersed in the fluid column was well heat insulated, 
leaving 42 in. exposed with the area available for 
heat transfer amounting to 1.49 sq ft. 

The average heat transfer coefficient determined 
from eight tests was 43.8 +0.6 Btu per sq ft per hr 
per °F. 


Application to Roasting of Zinc Sulphide Concentrates 


Zine sulphide concentrates from many different 
sources were processed in the 4 and 12 in. fluid-col- 
umn roasters. These ores varied widely in composi- 
tion and in particle size. Some differences were 
noted in roasting behavior but all were processed 
satisfactorily. Lowering of sintering temperature 
was attributed to relatively high copper and lead 
contents, but one ore containing 13 pct Pb was satis- 
factorily processed. Iron present as pyrite was ob- 
served to cause weak aggregates and increased dust 
losses. However, other iron compounds, such as 
marmatite, did not have these effects. High lime and 
magnesia contents were responsible for high total 
sulphur contents in well roasted ore. The most 
finely crushed ores formed the strongest aggregates, 
especially when a thin film of sulphate had formed 
on their surfaces. Since the 12 in. fluid column usu- 
ally contained about 500 lb of charge during its 
operation, and since a feed rate of 250 lb per hr was 
customary, each ore aggregate underwent about a 
2 hr roasting: treatment. 

Table I shows the data from roasting tests of four 
different pelleted zinc concentrates in the 12 in. 
fluid column, and shows a range of ores, tempera- 
tures, feed rates, air quantities, and aggregate sizes. 
The ore analyses are averages of the particular 
shipments of zinc concentrates used in the experi- 
mental work. 

Ore 1 (Paragsha) was finely ground and had a 
high water-soluble salt content. It aggregated well 
without any binder, and these aggregates did not 
dust appreciably during roasting. Its low lime and 
magnesia content did not hold much sulphur. Its 
iron content, though high, was not in the form of 
pyrite. 

Ore 2 (Eldona) contained considerable pyrite 
and low water-soluble salts, hence showed a higher 
dust loss in spite of the use of considerable binder. 
High lead and copper contents made it necessary to 
avoid temperatures over 1100°C for fear of clinker- 
ing during roasting. 

Ore 3 (Austinville) was an easily processed ma- 
terial, but even a well roasted calcine still contained 
over 1 pct of sulphate sulphur due to its high lime 
and magnesia content. 

Ore 4 (Eagle) contained the most pyrite of the 
four. It processed well, but gave some trouble from 
disintegration of the aggregates during roasting, re- 
sulting in dust losses often over 10 pet. 

When the fluid-column roasting process for zinc 


sulphide flotation concentrates is compared with 


kiln or flash roasting followed by sintering, several 
advantages for the former are apparent. The step 
of fine grinding is not necessary for the fluid-column 
charge. Aggregation of the charge by flaking or 
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Fig. 3—Calcine from two 
zinc concentrates, A and B. 


pelleting is necessary before fluid-column roasting 
but is also necessary before sintering. Because the 
ore is aggregated as the first step and is discharged 
as hard pellets, dust losses are very low. The fluid 
column in one operation produces a roasted aggre- 
gate suitable for subsequent reduction, whereas the 
other roasting method needs the second step of 
sintering. The fluid column device is a compact high 
capacity unit with no moving parts and is of simple 
construction. 


Application to Roasting of Iron Sulphides 


In addition to zine sulphide concentrates from 
many sources, other metallic sulphides were suc- 
cessfully roasted in these columns. Pyrrhotite (FeS) 
can be obtained in both the massive form and as 
flotation fines. A massive form which was crushed 
through 4-mesh could be well roasted by charging 
into the top of the furnace in a manner similar to 
that used for zinc sulphide. Most of the fines smaller 
than 35-mesh were carried out of the column by the 
exit gases. However, they were well roasted and 
easily separated by means of cyclones and dust 
catchers. It was found that, when the crushed pyr- 
rhotite containing many fines was introduced con- 
siderably below the top surface of the bed rather 
than on the top, lower sulphur contents were found 
in the dusts separated from the exit gases. 

When the raw material consisted entirely of fine 
pyrrhotite or fine pyrite, two methods were used to 
roast them in the fluid column. In the first method 
the fines were aggregated into flakes or pellets. As 
was the case with zinc sulphide concentrates, some 
ores could be formed readily into strong aggregates 
using only water, whereas other ores required 
binders such as sulphite liquor, bentonite, borax, or 
sulphates. These aggregates could be roasted in the 
normal manner, producing a strong sulphur dioxide 
gas carrying little dust from the top of the column 
and discharging from the bottom strong aggregates 
of iron oxide containing low sulphur. 

The second method consisted of injecting the fine 
unaggregated charge into a fluidizing charge of some 
inert material, preferably pellets of iron oxide. The 
injection was made by means of a tube through the 
side of the column near the bottom. As the fine ma- 
terial worked its way up with the ascending gases, 
roasting took place, maintaining the column at the 
desired temperature. The roasted dust was mostly 
carried out of the column by the gases. It was col- 
lected in dust catchers and cyclones and was found 
to be well roasted. 

The concentration of sulphur dioxide in the exit 
gases from a sulphide-roasting operation can be 
relatively high. When low sulphide sulphur is de- 
sired in the calcine, it is advisable to use 10 to 20 pct 
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excess air. Theoretically, when 20 pct excess air is 
used and when zinc sulphide concentrates are being 
roasted, a sulphur dioxide concentration of 12.3 pct 
SO, should be found in the exit gases. When pyrrho- 
tite is being roasted, this figure becomes 10.8 pct. 
When pyrite is the charge, an SO, content of 13.3 pct 
can be expected, assuming complete oxidation of the 
iron to the ferric condition. Actually, SO, concen- 
trations close to these theoretical values have been 
found in gas samples taken at the top of the column. 
However, when the exit gases are drawn by fans 
through much piping, lower values usually are 
caused by inevitable false air also being drawn into 
the roaster system. 

Experimental work has demonstrated the applic- 
ability of this new fluid-column method to other 
operations involving solid-gas contacts. 

Two main potential advantages inherent in the 
fluid-column roasting method as developed in the 
laboratory were believed to justify an attempt to 
apply it to the commercial roasting of zine sulphide 
concentrates. These two advantages were: 

1—The calcine would be obtained in an agglom- 
erated form which would make possible the elim- 
ination of the conventional sintering step in certain 
smelting operations. With the exception of sinter 
roasting, processes used in the past for roasting zinc 
sulphide concentrates have required a second step 
of sintering to prepare the calcine for use in a pyro- 
metallurgical process. While this sintering step is 
relied on sometimes for the final elimination of sul- 


Table |. Roasting Tests of ZnS Concentrates 
In the 12 in. Fluid Column 


Ore 1, Ore 2, Ore 3, Ore 4, 
Paragsha Eldona Austinville Eagle 
Screen size —3+20 —3+20 —6+4+20 —6+20 
Binder* None 1+4+2* 1+1* 1+1* 
Density: lb per 

cu ft 114 113 120 122 
Lb per hr— 

feed 270 228 253 219 
Air x theory 1.2 1.4 Ack 
Temperature, 

We 1075 1075 1000 1075 
Dust loss, pet 6 13 5 12 
Sulphide S 0.03 0.5 0.02 0.1 
Total S 0.52 1.2 1.4 0.7 
Typical Analyses, Pct 

Zn 47.8 46.4 59.4 48.7 

Pb 2.6 2.6 0.9 0.9 

Fe 10.67 2.4 13.17 

Cd 0.15 0.1 0.11 0.24 

Cu 0.12 1.9 0.03 0.73 

Ss 31.8 33.5 30.9 33.9 

CaO 0.09 os 1:5 0.06 

MgO 0.05 — 1.2 0.15 

Water-soluble 

salts 4.8 low 0.6 0.5 


* 142 indicates 1 pct bentonite plus 2 pct sulphite liquor. 
+ Fe present largely as pyrite. 
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phur, its essential purpose is to change the physical 
condition of the calcine to yield a more easily re- 
duced charge for the smelting operation and for 
better zinc recovery. 

2—The amount of dust to be handled in the roast- 
er-gas recovery system and dusting losses would 
both be small. As contrasted with processes which 
do not employ an agglomerated charge, the fluid- 
column process operates with a material which is in 
essentially a nondusting form throughout the charge 
preparation, roasting, and calcine-handling stage. 
As a result, dust losses in the entire roasting opera- 
tion are reduced to a minimum, and only a small 
percentage of the product leaves the roaster as dust. 

Realization of these advantages would result in 
savings in plant investment and operating costs, as 
well as in better overall recovery of zinc. 


Pilot Plant Operation 

With these advantages in mind, a pilot plant with 
a capacity of 10 to 15 tons of concentrate per day 
was built to study the commercial aspects of roast- 
ing agglomerated zine concentrates in a fluid col- 
umn. The roaster operated well, producing an ag- 
glomerated calcine low in sulphide sulphur and with 
only a small amount of dust carried over with the 
roaster gas. Even at relatively high temperature, 
clinkering was not a problem. 

At the conclusion of the pilot-plant work, it was 
decided to test the process on an experimental unit 
of commercial size to verify the pilot plant results 
and to obtain more accurate data for future design. 

The plant has operated for about a year with good 
recovery of dried on-size agglomerates (—4+20 
mesh) and smooth operation of the fluid-column 
roaster with sulphide sulphur analyses of the cal- 
cines comparabie to those of calecines produced by 
flash roasting and sintering. 


Fig. 3 shows the pellets discharged from the com- 
mercial fluid-column roaster charged with two dif- 
ferent zinc concentrates. These pellets were hard, 
nondusting, and free flowing. They showed only 
moderate moisture pickup or decrepitation when 
stored outdoors. 

Full commercial-scale tests of the agglomerate 
calcine on one battery of vertical retort smelting 
furnaces showed good mix-preparation characteris- 
tics, good briquetting operation, good green, coked 
and residue briquet quality, and metallurgical per- 
formance equal to sinter prepared by flash roasting 
and sintering. Tests of the agglomerate calcine on a 
6000 kw Sterling Furnace compared well with those 
employing a sintered charge prepared by flash roast- 
ing and sintering, showing normal behavior of the 
charge banks, smooth smelting operation, and high 
condenser efficiency. 

The capacity of the experimental roaster with a 
hearth area of 20 sq ft is 75 tons of concentrate per 
day for an average concentrate. Indications from 
the work are that the dimensions of the roaster can 
be increased with no loss in metallurgical perform- 
ance. Tests are now under way on a larger unit. 
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Technical Note. 


An Fe-Cr-Mo-Ni Sigma Phase 
by A. G. Allten 


XAMINATION by metallographic and X-ray 
diffraction means of an austenitic steel contain- 
ing 0.06 pct C, 1.26 pct Mn, 0.38 pct Si, 21.15 pct Ni, 
18.72 pct Cr, 3.07 pet W, and 9.14 pct Mo indicated 
that a o phase, which had not been reported in the 
literature, existed in this steel. Both the o and car- 
bides of the M.C type were present in the as-forged 
steel. The carbides dissolved completely in the aus- 
tenite at approximately 2200°F (1205°C). The ao, 
however, was present at all temperatures up to the 
solidus temperature of the steel at approximately 
2375°F (1300°C). Ferrite was not found in any 
condition of the steel. 
The faintness of some of the o lines in X-ray pat- 
terns obtained from samples of the steel made it 
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Fig. 1—Comparisons of o phase diffraction patterns. Joined lines 
illustrate similarity of structures, Cr Ka radiation. a—38 Fe, 30 Cr, 
16 Mo, and 16 Ni. b—Fe-Cro, 


desirable to isolate the o prior to verification of its | 
entire pattern. It was found that the o phase could 
be separated from samples of the steel which had 
been water quenched from 2250°F (1230°C) by dis- 
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solving the austenitic matrix in boiling aqua regia 
of the following composition: 30 parts concentrated 
HCl, 10 parts concentrated HNO,, and 5 parts con- 
centrated H,PO,. The H,PO, prevented precipitation 
of tungsten and molybdenum compounds from the 
aqua-regia solution near the end of the extraction. 

The o was obtained from the aqua-regia extrac- 
tion as a grey powder which was free of austenite 
and carbides as indicated by X-ray diffraction 
means. The composition of the o was deduced from 
chemical analyses of the extracted residues as given 
in Table I. 

The diffraction pattern of the Fe-Cr-Mo-Ni o was 
compared with a pattern obtained from Fe-Cr co. 
The patterns are shown in Fig. la and b. It was 
found, as shown in Table II, that all but a few very 
weak lines of the pattern of the Fe-Cr-Mo-Ni o of 
Fig. la could be matched to corresponding lines in 
the Fe-Cr o pattern of Fig. 1b. The interplanar spac- 
ings of the Fe-Cr-Mo-Ni o are 1.018 times those of 
Fe-Cr 

Sully* has suggested that the o phases are electron 
compounds. Following this suggestion, Bloom and 
Grant’ and also Greenfield and Beck* have worked 
out empirical relations between atomic compositions 
and electron vacancies for various o phases. 

Bloom and Grant’ assumed that the o-phase com- 
position is characterized by a constant number N, 
of 3d + 4s electrons per atom calculated” as follows: 


N,=5(V) +6 (Cr) + 6 (Mo) + 7 (Mn) + 
8 (Fe) + 9 (Co) + 10 (Ni). 


The chemical symbols represent the atomic fraction 
of the corresponding element in the o phase. 

An average N,, calculated by Greenfield and Beck’ 
from the mean compositions of nine binary o phases, 
is 6.93. Bloom and Grant’* found an N, value of 7.4 
for the ternary 37 pct Cr, 27 pct Mo, and 36 pct Ni 
o phase. 

Greenfield and Beck* have proposed the following 
correlation of composition with electron vacancies 
N, per atom in the 3d level: 


N, = 4.66 (Mo + Cr + V) + 3.2 (Mn) + 2.2 (Fe) + 
1.71 (Co) + 1.6 (Ni). 


This relation gives an average N, value of 3.41 for 
binary o phases. 

If the composition 37.6 pct Fe, 30.3 pct Cr, 16.0 pct 
Mo, and 16.1 pct Ni is inserted in the above equa- 
tions, values of N, = 7.4 and N, = 3.3 are obtained. 
It must be remembered that the composition of the 
Fe-Cr-Mo-Ni o phase, given above, is probably not 
the mean composition. However, the correlations 
are sufficiently good to indicate that the quaternary 
Fe-Cr-Mo-Ni o phase obeys these empirical rules 
which were derived from compositions of binary and 
ternary o phases. 

A 15 lb induction-melted ingot was made up to 
the composition of the Fe-Cr-Mo-Ni o phase. This 
ingot analyzed as follows: 0.05 pct C, 0.86 pct 
Mn, 0.45 pct Si, 15.20 pct Ni, 24.67 pct Cr, 24.45 pct 
Mo, and 0.07 pct N. 


Table 1. Composition of Sigma 


Fe Cr Mo Ni 
Atomic pct 37.6 30.3 16.0 16.1 
Wt pet 34.4 25.3 25.0 15.3 
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Table Il. Comparison of Interplanar d* Spacings of 38 Fe, 30 Cr, 
16 Mo, and 16 Ni Sigma Phase and Fe-Cr Sigma Phase 


Fe-Cr-Mo-Ni o Phase Fe-Cr** o Phase 


d I* d/1.018 d 
2.61 Vw 2.56 = = 
2.53 Vw 2.49 2.47 Vw 
2.47 Vw 2.43 = 
2.41 MW 2.37 2.36 Vw 
2.32 2.28 2.27 MW 
2.23 VVW 2.19 2.17 Vw 
2.16 2.12 2.13 Ss 
2.10 2.06 2.06 M 
2.08 VVW 2.04 == = 
2.06 MS 2.02 2.03 MS 
2.01 1.98 1.97 S 
1.98 VVW 1.95 —= = 
1.96 Vs 1.93 1.93 VS 
1.94 VVW 1.91 = — 
1.92 Ss 1.89 1.89 S 
1.87 M 1.84 1.84 Ww 
1.79 M 1.76 1.76 MW 
1.69 VVW 1.66 1.67 VVW 
1.67 VVW 1.64 1.63 VVW 
1.64 VVW 1.61 1.61 VVW 
1.62 VVW 1.59 = — 
1.585 VVW 1.555 — 

1.416 M 1.390 1.390 Vw 
1.400 M 1.375 1.375 Vw 
1.357 MW 1.332 = _— 
1.350 MS 1.325 1.325 MW 
1.336 M 1.312 
1.278 Ss 1.254 1.256 S 
1.264 M 1.241 1.242 M 
1.260 VS 1.238 1.237 S 
1.254 M 1.231 1.232 M 
1.247 MS 1.225 1.226 MS 
1.241 M 1,220 1.219 M 
1.227 S 1.205 1.206 S 

= 1.197 M 
1.210 M 1.188 — — 
1.206 MW 1.185 1.185 M 
1.197 M 1.176 1.17 M 
1.187 Ss 1.166 1.16 Ss 
1.171 Vw 1.150 
1.162 Ss 1.140 Cut off _— 
1.156 Ww 1.135 Cut off —~ 


* All d values are in the Angstrom units. All intensity I estimates 
are in the usual abbreviations: VS is very strong, S is strong, MS 
is medium strong, W is weak, and VVW is very very weak. 

** Fe-Cr pattern was obtained from a 45 pct Cr, 3 pet Si, and 52 
pet Fe alloy which was heated 1400°F 16 hr in air, powdered, and 
annealed 1400°F 32 hr in vacuo. 


Metallographic and X-ray diffraction examination 
of the ingot showed that it consisted of the o 
phase of Fig. la, in which there was dispersed 
a eutectic of austenite and the Fe-Cr-Mo-Ni co. 
Homogenization at 2000°F (1095°C) apparently 
converted the austenite to o, since no austenite lines 
could be found in the diffraction patterns of samples 
which were so homogenized. 

In the as-cast and as-homogenized state, the ingot 
of the Fe-Cr-Mo-Ni o was very brittle and numer- 
ous cracks could be detected in it by macro and 
microscopic examination. Microhardness values 
equivalent to 1100 VPH were obtained. 

The equilibrium stability of the Fe-Cr-Mo-Ni o 
phase was not established. However, no evidence 
was found of decomposition of the o, and apparently 
it can be retained quite readily from the solidus to 
room temperature. This suggests that it may be 
possible to grow a single crystal of the Fe-Cr-Mo-Ni 
o from the melt for crystallographic structure de- 
terminations. 
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Effect of Aluminum on the Low Temperature Properties 
Of Relatively High Purity Ferrite 


by H. T. Green and R. M. Brick 


True stress-strain data on alloys of pure iron with up to 2.4 pct Al 
were obtained in the temperature range +100° to —185°C. Alumi- 
num was found to reduce yield and flow stresses of iron at low 
temperatures but to have little or no effect on ductility. The effects 
of temperature and composition on strain hardening are discussed. 


aM eta independent studies of the behavior of 
high purity iron binary alloys at low tempera- 
tures are now in progress in attempts to evaluate 
systematically the variables affecting the low tem- 
perature brittleness of ferritic steels. This paper 
reports the results of one such investigation in which 
the tensile properties of aluminum and aluminum 
plus silicon ferrites were measured from 100° to 
—192°C. True stress-natural strain data have been 
obtained in order to evaluate as many as possible of 
the parameters which describe the behavior of the 
materials involved. 

In comparable studies at the National Physical 
Laboratory in England, iron and iron alloys of high 
purity have been produced’ and tested at subat- 
mospheric temperatures.’ True stress-natural strain 
curves were obtained there also. The purest iron 
contained 0.0025 pct C and 0.001 pct O and N. Even 
this, as normalized at 950°C following hot rolling, 
showed little ductility at —196°C. The grain size 
was ASTM No. 3, and the room-temperature yield 
strength was 17,800 psi (which seems too high for 
pure iron). Some of the NPL irons contained con- 
siderably more oxygen and demonstrated intergran- 
ular fracture at —196°C. The authors’ carefully 
differentiated between intergranular fractures asso- 
ciated with excessive oxygen content and transcrys- 
talline cleavage with little ductility encountered at 
—196°C in the purer material. The cleavage stress 
was half again as great as that associated with inter- 
granular fracture. 


Test Material, Preparation, and Procedures 
Of a number of Fe-Al alloys produced, eight were 
considered to be sufficiently pure for testing. Partial 
chemical analyses (Table I), low observed yield 
points, and high ductilities indicate these alloys to 


H. T. GREEN, Junior Member AIME, is Research Metallurgist, 
Babcock & Wilcox Co., Alliance, Ohio, and R. M. BRICK, Member 
AIME, is Professor of Metallurgy, University of Pennsylvania, Phil- 
adelphia. 

Discussion on this paper, TP 3780E, may be sent, 2 copies, to 
AIME by Oct. 1, 1954. Manuscript, Aug. 20, 1953. New York 
Meeting, February 1954. 

This paper is from u dissertation presented by H. T. Green to the 
Faculty of the Graduate School, University of Pennsylvania in 
partial fulfillment of the requirements for the PhD degree. 


906—JOURNAL OF METALS, AUGUST 1954 


be comparatively pure for vacuum-melted irons of 
sizable ingots, 5 lb or more. 

To produce the binary Fe-Al alloys, electrolytic 
iron was melted in air, cast into slabs, and rolled to 
strips 0.010 in. thick. These strips, joined into a 
continuous ribbon and wound into 2% in. diameter 
spools, were subjected for four weeks to a moving 
atmosphere of purified dry hydrogen in a stainless- 
steel tube at 1050° to 1150°C. Charges of these 
spools were melted in beryllia crucibles under good 
vacuums (1 micron), and aluminum (99.97 pct Al) 
was added to the melts. Compositions of these alloys 
are recorded in Table I. 

The ingots were hot forged and then cold rolled at 
least 65 pct to % in. rods which were vacuum 
annealed to the desired grain size, approximately 
ASTM No. 4, prior to machining into tensile test 
bars. All tensile specimens had gage sections 1 in. 
long, with a fillet of 1.5 in. radius to the shoulder. 
Gage diameters were 0.250 in. except for a few rods 
where additional cold work required use of a 0.200 
in. gage section. 

After machining, 0.002 in. was removed from the 
gage diameter using 240, 400, and 600-grit metallo- 
graphic papers. The final polish with 600 grit left 
the fine scratches running in the longitudinal direc- 
tion. By this means, surface metal strained during 
machining was removed. A few specimens heat 
treated after machining were similarly reduced 
0.004 in. to remove any material affected chemically 
by the atmosphere during heat treatments, as is dis- 
cussed in a later section. 

Tensile tests of the eight alloys at constant tem- 
peratures from +100° to —185°C were performed in 
apparatus which has been described.* The essentials 
include a double-walled insulated metal vessel 
which contained the liquid heat-transfer medium 
surrounding the test specimen. A constant tempera- 
ture was maintained by means of a pyrometer which 
regulated the pressure of dry air driving liquid air 
through a copper coil. Temperature variation was 
less than +2°C during a specific test. 

For axial straining, two lengths of case-hardened 
chain, terminating in simple shackles, loaded the’ 
specimen through threaded grips. The lower grip 
bar passed through a hole in the bottom of the test. ~ 
vessel to which it was joined by a thin-walled 
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Table |. Compositions of the Aluminum and Aluminum-Silicon Ferrites 


Alloy Al, Pet Si,Pct Mn,* Pct Ni,* Pct Cr,* Pct S, Pct C, Pet O,; Pet N,; Pct H,; Pct AlsOs, Pct 
27 0.02 0.002 0.002 0.000 0.000 0.002 = == = = 0.002 
26 0.20 0.001 0.002 0.000 0.000 0.003 — 0.000(9)  0.000(4)  0.000(5) 0.005 
28 2.41 0.005 0.002 0.000 0.000 0.002 == = — = 0.003 
25 (oxides) 0.20 0.002 0.002 = = = 0.084 
11 0.012 0.16 == = = = 0.009 

5 0.27 0.09 0.003 <0.01 0.003 0.006 0.006 = == — 0.008 
9 0.41 0.20 == == 0.013 
8 1.41 0.16 = == = = — = = == 0.015 


* Gravimetric or volumetric analyses reported. Spectrographic analyses for these elements in comparable irons prepared from the 
_ Same raw materials by similar methods have reported values in the range of 0.0003 to 0.0008 pct. 
7 Analyses by National Bureau of Standards, courtesy of Dr. J. G. Thompson. 


(0.004 in.) flexible metal bellows serving as a seal. 

The simultaneous values of load and minimum 
diameter throughout the tensile tests were recorded 
autographically, using a special diameter gage. 
This consists of two stainless-steel arms, extending 
down into the test vessel and terminating with hard- 
ened stainless-steel anvils which contact the reduced 
section of the specimen. The movable arm actuates 
a microformer. As the position of the core is 
changed by decrease in specimen diameter, this 
change is matched and magnified in an autographic 
stress-strain recorder. Load vs diameter plots are 
thus produced at a nominal diameter magnification 
of 100:1. A Baldwin strain pacer in the circuit en- 
abled the minimum diameter to be followed readily 
throughout the test. The precision of the diameter 
gage appeared to be 0.001 in., which was satisfac- 
tory, since elastic moduli values were not desired. 

Initial and fracture diameters were measured at 
room temperature and are expressed as room-tem- 
perature values without correction for thermal 
expansion or contraction to the test temperature. 
Frequently, the specimen fracture was somewhat 
elliptical. Less often, some ellipticity was found to 
exist at the gage marks. In these cases, the major 
and minor diameters of the ellipses were recorded. 
Very light surface marks, from traversing with the 
gage anvils, were visible on the gage section of each 
specimen and identified the direction of strain meas- 
urement with respect to the ellipse axes. 

For the calculation of the true stress-natural 
strain diagram, 20 or 30 points were selected on the 
load-diameter chart, to each of which was appended 
the corrected load value and the calibrated diam- 
eter. The calibrated diameter values, representing 
the true diameter measured during the test, were 
then corrected for ellipticity when necessary. 

For each test the true average stress-natural strain 
diagram was constructed through the selected points 
and the following data recorded: yield stress and 
yield type; flow stress at strains of 0.1, 0.2, 0.3, 0.5, 
and 1.0; fracture stress; uniform strain; total strain; 
and slope of the diagram from the limit of uniform 
straining to a strain of 1.0. 

The grain size of each specimen was determined 
metallographically after testing. Not all specimens 
had the same grain size across the entire section; 
both mixed and duplex grain distributions were en- 
countered. The test data indicated agreement with 
the qualitative observation of Edwards and Pfeil* 
that, for the same average grain size, the nonuniform 
distribution produced higher strengths, therefore, 
reflecting more the presence of the smaller grains. 


Results 
The test results for three binary aluminum fer- 
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rites, 0.02, 0.2, and 2.41 pct Al, will be presented and 
discussed first. Attention will be restricted to speci- 
mens which were furnace cooled after recrystalliz- 
ing to grain sizes ASTM Nos. 3 to 5, and which were 
tested at a constant rate of crosshead motion of the 
testing machine. To these results will be appended 
results of partial investigations of the effects of sili- 
con, heat treatment. and strain rate. 

Fig. 1 shows representative stress-strain curves 
for the 0.2 pct Al alloy at several temperatures. 
While only one of these particular curves shows a 
point between a strain of 2.0 and fracture, the up- 
ward curvature is sufficiently established by many 
other tests to be qualitatively accurate. It will be 
observed that a fairly straight-lined portion exists 
in these curves from just after the limit of uniform 
strain to strains in excess of 1.0. The slope of this 
portion, the “strain-hardening modulus,” », has been 
measured from the limit of uniform strain to a 
strain of 1.0, see Fig. 1. 

The changes in specified values of yield or flow 
stress and strain with decreasing temperature are 
shown in Figs. 2 to 4 for the plain aluminum ferrites. 
Superposition of these yield or flow-stress curves 
shows, particularly at a strain of 0.2, a more rapid 
rate of increase of stress with decrease in tempera- 
ture by the 0.02 and 0.2 pct Al alloys than by the 
2.41 pet Al alloy. Thus a higher aluminum content 
apparently reduces the yield or flow stress for a 
given strain at low temperatures, an effect which 
will be called ‘“‘solid-solution softening.” When the 
flow stress at a strain of 0.2 is plotted against alumi- 
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Fig. 2—Effect of temperature upon the yield stress, flow stresses 
at selected strains, and fracture stress (bottom) and ductility in 
terms of uniform and total strain (top) of the 0.02 pct Al ferrite 
with a grain size of ASTM No. 3 to 4 (alloy 27). 
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Fig. 3—Effect of temperature upon the yield stress, flow stresses 
at selected strains, and fracture stress (bottom) and ductility in 
terms of uniform and total strain (top) of the 0.20 pct Al ferrite 
with a grain size of ASTM No. 3 to 4 (alloy 26). 
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num content at various temperatures from atmos- 
pheric to —185°C, Fig. 5, the anomalous ‘solution 
softening” at temperatures below —145°C becomes 
manifest. The same reversal in effect of aluminum 
content upon the flow stress between +25° and 
—185°C is demonstrated at several strains in Fig. 6. 

Lower total strains are associated with the higher 
aluminum content of the 2.41 pct Al alloy in the 
vicinity of room temperature. The decrease in total 
strain with decreasing temperature, however, is less 
rapid (Fig. 4), and near —185°C the difference be- 
tween low aluminum and higher aluminum ferrites 
disappears, as is seen in the illustration. 

It will be noted that these materials demonstrated 
great ductility above —100°C, e.g., reductions of 
area of 90 to 96 pct. 

As the test temperature was lowered to —100°C, 
fracture stress increased even though total strain 
was constant in the 0.02 and 0.2 pct Al ferrites, or 
decreased gradually in the 2.4 pct Al alloy. This in- 
crease in fracture stress followed the increase of all 
stress values at given strains with decreasing tem- 
perature down to about —100°C. Below —100°C, the 
observed decrease in total strain resulted in less 
total strain hardening and thereby caused the frac- 
ture stress to decrease. 


Discussion of Results 

Fracture strain and the related fracture stress are 
very structure sensitive at the temperature of liquid 
air where the difference between flow stress and 
fracture stress in these alloys is small. For example, 
specimens of an alloy 0.20 pct Al-0.09 pct Si, held 
over from a group tested two years previously,’ 
showed very little ductility at —185°C, whereas a 
specimen of the same alloy rerolled from one shoul- 
der of a large bar, annealed to its previous grain size, 
and machined after annealing, had a total strain of 
0.8 at liquid air temperature. The original specimens 
were found to have suffered subsurface oxidation 
during vacuum annealing which produced a net- 
work of grain boundary inclusions in the surface 
zone. These inclusions severely reduced low tem- 
perature ductility. 

Observed differences in grain size accounted for 
differences in properties in a few cases. Compo- 
sitional differences among specimens of the same 
alloy might well have existed, since the melts were 
slowly solidified from the bottom, the ingots were 
quarter-sectioned (in the cases of the aluminum fer- 
rites), and little hot working was performed. Gen- 
erally, however, differences between duplicates were 
small compared to the effect of temperature and 
composition. 

The room-temperature test data show the expected 
increase in tensile properties with increase in alumi- 
num content. Comparison among the aluminum fer- 
rites of this study, those of Lacy and Gensamer,’ and 
Yensen and Gatward," reveals that all three sets of 
data show generally a progressive increase in yield 
and ultimate strengths with increasing aluminum 
content, Table II. The low yield stresses obtained 
by Lacy and Gensamer may be explained by their 
wet-hydrogen annealing. 

When the logarithm of the stress at a specified 
strain is plotted against the reciprocal of the test 
temperature in degrees Kelvin, Fig. 7, two straight 
lines are obtained. This suggests that the tempera- 
ture dependence of the flow stress is related to an. 
“activation energy.” The flow stress apparently is 
inversely related to the rate of some deformation 
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Table Comparative Engineering Tensile-Strength Data 
for Aluminum Ferrites 
Room Room 
Tempera- Tempera- 
ture ture 
Yield Ultimate 
Strength, Strength, 
Alloy Al, Pet 1000 Psi 1000 Psi Grain Size 
27 0.02 32 4to5 
Yensen and 
Gatward 0.09 13.7 33.7 = 
26 0.20 12.3 34.1 3to4 
Lacy and 
Gensamer 0.50 9.0 36.6 4 
Lacy and 
Gensamer 1.00 12.5 40.5 5 to6 
Lacy and 
Gensamer 1.50 14.9 42.2 5 
28 2.41 25.4 46.7 3 
Yensen and 
Gatward 2.67 30.1 49.4 _ 
Yensen and 
Gatward Dia 45.0 61.6 _ 


“reaction.” In the expression, o = ke“/”’, the expo- 
nent is positive because decreasing temperature re- 
sults in increasing stress. It is improbable that a 
simple inverse relation exists between the velocity 
of a deformation reaction and the flow stress at an 
arbitrary rate of deformation. Therefore, q and k 
are not presented as the numerical equals of A and E 
in the usual expression for reaction velocity. 
Nevertheless, the linearity of log o vs 1/T is not 
peculiar to the present tests’ and an analogy appears 
to exist. The slope of the line of log o vs 1/T must 
be related to an activation energy; the steeper the 
line, the greater the temperature dependency of the 
process, and, therefore, the greater the activation 
energy. The value of k, in the expression for acti- 
vated deformation, is the inverse analogous counter- 
part of a measure of the probability of, or loosely, 
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Fig. 4—Effect of temperature upon the yield stress, flow stresses 
at selected strains, and fracture stress (bottom) and ductility in 
terms of uniform and total strain (top) of the 2.41 pct Al ferrite 
with a grain size of ASTM No. 3 to 4 (alloy 28). 
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frequency of, instances of possible reaction. This 
value is equal to the stress intercept at 1/T = 0. 

The activation energy for deformation, q, can be 
considered to be the energy necessary to initiate 
movement of dislocations, and the value, k, a meas- 
ure of the dislocations available for deformation. In 
Fig. 7, for instance, it will be noted that in the tem- 
perature range +100° to —100°C the slopes of the 
log o vs 1/T curves for flow at « = 0.2 and 0.5 indi- 
cate a value for q in the vicinity of 0.4 kcal per mol, 
while the slopes for the yield stresses indicate values 
for q in the vicinity of 1.2 kcal per mol. This sug- 
gests a lesser activation energy for continuing the 
movement of dislocations than for initiating their 
movement. At the same time, the number of avail- 
able dislocations appears to decrease with increasing 
strain. 

The different slopes of the log o vs 1/T relation 
for temperatures above and below the region of 
about —120°C strongly suggest a change in mecha- 
nism of deformation. When yield data for ingot 
iron” are so plotted, all show two linear portions 
with the change in this same region, and similar 
slopes among the different heat treatments. In the 
low temperature regions, the slopes indicate an acti- 
vation energy of only about 0.15 kcal per mol. The 
yield of the ingot iron specimen cold drawn 14 pct 
prior to testing has the same low temperature slope 
and a lesser slope at warmer temperatures. The 
yield stress of the National Physical Laboratory 
53AF1 iron’ between room temperature and —73°C, 
coplotted with the ingot iron specimens, is similar 
to these and has a slope that is similar. 
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Fig. 5—(Top)—Effect of aluminum on the flow stress at a strain 
of 0.2 for several temperatures, showing solid-solution softening. 


Fig. 6—(Bottom)—Effect of aluminum on the flow stress for several 


strains at room temperature and at —185°C, showing solid- 
solution softening. 
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The change in mechanism could be associated 
with mechanical twinning at lower temperatures. 
Among the aluminum ferrites, twins were observed 
in all alloys deformed at —185°C. Geil and Carwile”™ 
found twinning up to —120°C, to about the same 
degree in specimens of ingot iron in all four heat 
treatments. These twins were present prior to frac- 
ture and increased in number as the temperature 
was decreased. An investigation of ingot iron single 
crystals by Vogel’ also showed twinning occurring 
from —185° up to about —110°C. 

Twinning was not observed by Geil and Carwile 
in the ingot iron cold drawn prior to testing except 
at fracture edges. However, a change in slope 
occurred at —150°C in the plot of log o vs 1/T indi- 
cating a change in mechanism, and the slope at low 
temperature is the same as for annealed ingot iron. 
It is possible that the mechanism, productive of visi- 
ble twins in the heat-treated ingot iron samples, op- 
erated in the deformation of the previously strained 
material but produced twins of either insufficient 
length or distinctness to be observed. 

As indicated previously, the temperature —100°C 
marked the beginning of rapid decrease in ductility 
in all aluminum ferrites. The temperature of de- 
crease in ductility, then, correlates with the temper- 
ature at which the mechanism of deformation appar- 
ently starts to change. 

In the present tests, the role of aluminum in 
producing solid-solution hardening near room tem- 
perature and apparent “solid-solution softening” 
near liquid air temperature, appears to have two 
explanations based upon the dual function of alumi- 
num in iron, as follows: 

As a solute element, aluminum hardens the iron 
lattice at room temperature. A different deforma- 
tion mechanism at low temperatures apparently re- 
sults in a different effect by aluminum here. If, for 
instance, the tendency toward twinning is greater 
for high aluminum contents than for low (in a man- 
ner analogous to silicon ferrites”), and this tendency 
manifests itself-in a lower activation energy, then, at 
a sufficiently low temperature, the flow stress for the 
low aluminum alloys could exceed that for alumi- 
num-rich alloys. In Fig. 7, the slopes of the lines of 
log o at e = 0.2 and « = 0.5 vs 1/T show a decrease 
with increasing aluminum content. 

The observed decrease in activation energy at low 
temperatures with increasing aluminum content is 
also evident at warmer temperatures, Fig. 7. In fact, 
without a mechanism change between —100° and 
—150°C, the flow stress for the low aluminum alloys 
would exceed that for the 2.4 pct Al alloy at a suffi- 
ciently low temperature. Higher aluminum contents 
therefore result in higher k values related, perhaps, 
to a decreased number of dislocations, but in lower 
energies necessary to move these dislocations. 

The second function of aluminum in iron is that 
of reducing the soluble oxygen and nitrogen content 
by forming stable oxides and nitrides. In this role, 


Table Ill. Effect of Constant True Strain Rate on Tensile Properties 
of the 0.02 Pct Aluminum Ferrite at —95°C 


Constant 
Crosshead Rate, 
0.00067 per Sec 


Constant Strain 
Rate, 0.00067 per 
Sec to Fracture 


Yield stress, psi 47,200 47,300 
Fracture stress, psi 274,000 165,000 
Observed y, psi 59,000 31,800 
Fracture strain 2.77 2.74 
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Fig. 7—Yield and flow stresses at strains of 0.2 and 0.5 for the 
three aluminum ferrites, plotted against reciprocal temperatures, 
showing a definite change in slope at around —120°C. 


aluminum may well reduce the energy necessary to 
move dislocations by reducing solute elements 
which tend to attach themselves to dislocations or 
otherwise block their progress. Since the increase in 
aluminum in these ferrites is accompanied by an in- 
crease in the value of k in both temperature regions, 
it must be presumed that a reduction in the number 
of dislocations is accomplished. 

Yielding Phenomena and the Effect of Heat Treat- 
ment: At room temperature, furnace-cooled speci- 
mens of the 0.02 and 0.2 pct Al alloys showed no 
yield point. The 2.4 pct Al alloy showed some dis- 
continuity at the yield point, while an alloy of 0.2 
pet Al with 0.1 pct oxides* suffered a marked drop 


* This alloy, No. 25, Table I, picked up oxygen between the hy- 
drogen deoxidation and the vacuum remelt with aluminum. It is 
not the same alloy as the 0.2 pct Al alloy, No. 26, whose properties 
ate Seas in Figs. 1 and 3 and which was substantially free of visi- 

e oxides. 


in load. The degree of the yield-point discontinuity 
increased with decrease in test temperature. 
Quenching following recrystallization rather than 
furnace cooling had a marked effect upon the yield 
type. The quenching temperature was generally 
700° or 650°C. Quenching not only suppressed the 
yield point discontinuity at test temperatures down 
to —29°C, but also markedly lowered yield stresses 
for the 0.2 pet Al alloy containing oxides. In the 
other alloys, quenching tended to suppress the yield- 
effect point which normally appears at lower tem- 
peratures but did not noticeably alter stress values. © 
Some investigation of the effect of cooling rate - 
upon the Rockwell hardness of the 0.2 pct Al alloy . 
with oxides indicated: 
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1—Specimens water quenched after 12 hr at 
875°C significantly were harder than those which 
were furnace cooled. 

2—Rapidly cooled specimens softened slightly 
after reheating at 400°C. 

3—This material has been shown not to strain age 
in 70 min at 425°F following 25 pct cold reduction 
by rolling. 

The association between the higher Rockwell 
hardness and yield-point depression in quenched 
specimens of this 0.2 pct Al alloy with oxides is by 
no means obvious. The production of residual macro- 
stresses upon quenching cannot account for the yield 
suppression, since specimens, machined from 0.375 
to 0.200 in. diameter after quenching, do not differ 
consistently from specimens requenched after ma- 
chining although both types of specimens differ de- 
cidedly from unquenched specimens. 

The lengthy high temperature treatment in dry 
hydrogen followed by vacuum melting has reduced 
the carbon and nitrogen contents to below 0.006 and 
0.0004 pct, respectively. These appear to be sufficient 
at low temperatures to cause double yielding. It is 
hypothesized that contraction of the lattice at lower 
temperatures results in a greater effectiveness of the 
residual traces of carbon and nitrogen atoms in 
locking dislocations. The quench-hardening effect at 
present must be attributed to a solution effect of AlO 
or Al.O;, since this effect was observable only in the 
alloy containing 0.1 pct aluminum oxide. 

Strain Hardening: The occurrence of a straight- 
line portion, following maximum load, in the dia- 
grams of true average stress vs natural strain for 
iron specimens is probably fortuitous because the 
indicated stress is only an average through the cross 
section, triaxiality of stress is becoming measure- 
able, and the strain rate is gradually increasing, 
Table III. When linearity exists, the slope is called 
the strain-hardening modulus, p, and is supposed to 
be a measure of the rate of increase in flow stress 
with strain or do/de. The data of Fig. 1, from maxi- 
mum load to « = 1.0, show that this slope increases 
with decrease of temperature. The strain-hardening 
modulus of each alloy increased slowly from room 
temperature to about —100°C, after which the in- 
crease was more rapid to —185°C. 

The apparent higher rate of strain hardening at 
low temperatures has not been confirmed by pene- 
tration-hardness readings at room temperature on 
specimens strained at low temperatures. A series of 


specimens, tested at temperatures from room tem-' 


perature to —185°C, were sectioned longitudinally 
and microhardness measurements taken at compar- 
able values of «. The microhardness was found to 
be lower in specimens strained at low temperatures 
rather than higher, Fig. 8. Furthermore, the strain 
at maximum load, Fig. 1, decreased appreciably 
with decrease in test temperature. This is further 
evidence of lesser strain hardening at low tempera- 
tures,“ since it can be shown that the strain at maxi- 
mum load is numerically equal to the strain harden- 
ing exponent n in the equation o = Ke”. 

Strain Rate: It was stated previously that a con- 
stant rate of total crosshead movement, or of elon- 
gation of the specimen during testing, results in a 
progressive increase in the true strain rate. This 
increase is particularly great during necking and it 
will be shown that this appreciably increases the 
flow stress at strains of 1.0 and greater. 

A mechanical device was constructed which al- 
lowed the rate of straining to be adjusted to a spe- 
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cific true strain rate at any point during the test. An 
indicating needle, driven by the autographic re- 
corder, revolved once for every 0.010 in. of decrease 
in diameter. Mounted behind and coaxially with the 
needle was a pacer disk. The rate of rotation of the 
disk was decreased during test so that its rate, the 
true strain rate of 0.00067 per sec., was dependent 
upon the existing diameter of the specimen. Explic- 
itly, the conditions for constant true strain rate é, are 


d(d;) 
d, de — 
= 2lIn —_.,, =-—2 dt = 0.00067 per sec 
d; dt 
d, 
d(d;) 0.00067 
or + 

dt 2 


where d; is the instantaneous diameter and d, is the 
original diameter. 

The number of available specimens prohibited 
testing at both a constant crosshead rate and a con- 
stant true strain rate. It was found that during a 
test, conducted at a constant rate of crosshead move- 
ment (0.00067 in. per sec), the rate could be de- 
creased until the true strain rate was obtained, held 
for several thousandths decrease in diameter, and 
then returned to the original rate without impairing 
the test. This procedure was followed during a 
number of tests, but decreases to the true strain rate 
were limited, in most tests, to one or two so that 
this variation in strain history would not be signif- 
icant. 

Since specimens were tested in duplicate or trip- 
licate at several test temperatures, it was hoped 
that the values of o/ oe * could be obtained at enough 


** ¢/oe is the ratio of the stress for a particular strain, reached 
under conditions of constant rate of elongation, to the stress for 
the same strain reached under conditions of constant strain rate. 


strains to allow an approximate o vs « diagram for 
é = 0.00067 per sec to be constructed. This infor- 
mation at several temperatures would allow some 
evaluation to be made. Actually the data were not 
sufficient for complete analytic treatment although 
a few conclusions can be reached. 

The data show the marked effect of the increasing 
true strain rate, produced by a constant rate of 
crosshead movement, upon the fracture stress and 
apparent strain hardening. It is interesting to note 
that the strain at fracture is not greatly affected, 
indicating that if fracture occurs at a limiting stress 
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Fig. 8—Microhardness test data (Vickers pyramid in Tukon tester) 
for the 0.02 pct Al ferrite which was strained different amounts at 
five different temperatures. Despite scatter of these plotted 
averages and apparently high values for the —52°C specimens, the 
data show lower strain hardening for lower temperatures of 
straining. 
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value, the limiting value also must be dependent 
upon the rate of deformation. 

The same tests gave the information presented in 
Table IV, showing the change in the true strain rate, 
€, produced at different strains by a constant rate 
of crosshead movement of 0.00067 in. per sec and 
the resulting increase in flow stress, o/ o.. These are 


average values from several tests. The effect of test- 
ing at a constant rate of crosshead motion, upon both 
the true strain rate (€) at large strains and the 
measured flow stress, appears to be appreciable. It 
must be emphasized that the effect of strain rate 
was by no means evaluated completely in this in- 
vestigation. The results obtained, however, clearly 
indicate that strain rate is an important variable in 
these data and its explicit control or evaluation must 
be made if the fundamental parameters of defor- 
mation are to be measured. 

Aluminum-Silicon Ferrites: Early in this inves- 
tigation, four alloys were produced by a preliminary 
aluminum deoxidation of electrolytic iron rather 
than by hydrogen deoxidation. The air melt crucibles 
contained some silica and, as a result, these first four 
alloys were essentially aluminum-silicon ferrites 
containing up to 0.2 pet Si. These should be re- 
garded as less pure than the aluminum ferrites be- 
cause they did not receive the extended dry-hydro- 
gen treatments at 1150°C to remove oxygen, carbon, 
nitrogen, and sulphur to which the material for the 
binary aluminum ferrites was subjected. Neverthe- 
less, their properties put these alloys in the same 
category as the purest alloys. 

The chemical analyses for these alloys are listed 
in Table I. In Fig. 9, yield and flow-stress values 
at different temperatures for both aluminum and 
aluminum-silicon ferrites are plotted against the 
sum of the percent atomic solid-solubility limits of 
the solutes. Fig. 9 indicates that, in the absence of 
oxygen, the effect of silicon in the usual steelmaking 
range of compositions is only that of another solute. 
The apparent “‘solid-solution softening” observed for 
the aluminum ferrites is not altered by the presence 
of these small amounts of silicon. 

The most significant finding from the tests of these 
alloys is that silicon, as such, is not embrittling, at 
least in small amounts. One specimen of an alloy 
with 0.27 pct Al and 0.09 pct Si had a total strain 
of 0.8 (55 pet reduction of area) at —185°C. 


160 
140}|— 
130} — 
woo} 
ea 
eo, 
z 
= 
80 
: = +26°C .2 
w 
— 
6 
ALLOY ALLOYS ALLOY ALLOY 


SUM OF THE ATOMIC PER CEMT SOLUBILITY LIMITS OF AL, 31,80 1m IRON 


Fig. 9—Yield and flow stresses at room temperature and at 
—185°C for both aluminum and AI-Si ferrites plotted against the 
sum of the fraction of solubility of these solutes. 
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Table IV. Increase in True Strain Rate, €, and in Flow Stress, 
o/o , Produced by Constant Rate of Crosshead Movement; 


0.02 Pct Aluminum Ferrite at —95°C 


€ 0.00067 
0 0.00067 1 1 
0.4 0.0026 3.9 1.02 
0.9 9.01 15 1.09 
1.6 0.035 52.0) 1.16 
2.0 0.059 88.5 1.25 
2.2 0.074 112 1.32 
2.3 0.086 129 1.4 


Conclusions 


1—Alloys of vacuum-melted hydrogen deoxidized 
iron with from 0.02 to 2.41 pet Al have appreciable 
ductility in uniaxial tension at —185°C. However 
ductility is rapidly decreasing at this liquid air tem- 
perature and complete brittleness at some lower 
temperature may be assumed. Since the amount of 
aluminum in these oxygen and nitrogen-free alloys 
was not of appreciable effect, it is concluded that the 
beneficial effect of aluminum in semikilled steel may 
be attributed to its deoxidizing and grain-size effects. 

2—Yield stress and flow stress of these alloys at 
fixed natural strains increased with decrease of test 
temperature. The more rapid rate of increase of 
these stress values for low aluminum-content ferrites 
caused apparent “solid-solution softening” below 
about —150°C, i.e., increased aluminum content re- . 
duced the flow stress at a given strain. At room 
temperatures, the usual solid-solution hardening by 
aluminum was found. 

3—Fracture stress and energy to fracture increased 
from +100° to —100°C because of the increase in 
flow stress and constancy of total deformation. Below 
—100°C, fracture stress and energy to fracture de- 
creased rapidly as ductility and related strain hard- 
ening diminished. The rate of decrease of fracture 
stress was less for the higher aluminum ferrites in 
which the rate of loss of ductility was lower. 

4—As much as 0.2 pct Si in aluminum ferrites acts 
only as another solute element. It does not specif- 
ically embrittle iron under conditions of uniaxial 
static tensile deformation. 

5—There appears to be a change in mechanism 
of deformation in ferrites at about —100°C as indi- 
cated by an appreciable decrease in apparent acti- 
vation energy for deformation below this tempera- 
ture. The effect is similar in ferrites of all composi- 
tions studied. The temperature range for this change 
is the same as that in which ductility starts to de- 
crease and mechanical twinning becomes apparent. 

6—Low aluminum ferrites show no yield point 
at room temperature but develop yield-point dis- 
continuities at lower temperatures. The yield-point 
discontinuity is reduced by quenching from 650°C 
even though these were pure alloys and micro- 
graphically were single-phase structures. 

7—The constant rate of crosshead motion used in 
most of the tests caused greatly increased flow 
stresses at large strains as compared to the flow 
stress for constant true strain rate. The slopes of 
the stress-strain line and the fracture-stress line 


were also greatly affected but total strain or ductility 
was not. 
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Technical Note 


Locations and Sizes of Interstitial Holes in the Alpha-Uranium Lattice 


by A. J. Opinsky 


Fig. 1—Model of uranium lattice illustrating interstitial surrounded 
by four atoms. 


Z A. J. OPINSKY, Junior Member AIME, is Senior Engineer, Atomic 
Energy Diy., Sylvania Electric Products, Inc., Bayside, N. Y. 
TN 226E. Manuscript, June 4, 1954. 
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HE purpose of this note is to indicate the loca- 

tions and sizes of various interstitial holes in 
the orthorhombic uranium lattice based on a hard- 
sphere model. First, plane configurations of three 
and four atoms will be examined, and then the true 
interstices surrounded by four atoms in space and 
by five atoms in space will be obtained. The data 
and notation contained in a report by Tucker’ will 
be used. 


Plane Configurations 

Fig. 1 presents the orthorhombic uranium lattice 
made of spheres touching at the closest interatomic 
distance. The three light-colored spheres in the ab 
plane are illustrative of the first type of configura- 
tion to be examined. If one edge of the unit cell is 
taken as the origin, the three atoms can be repre- 
sented by the vectors [07 + 0) + 0k], [ai + 07 + 0k] 
and [(a/2)i + (b/2)j + 0k] where i, j, and k are 
respectively parallel to a, b, and c. In the future, 
this notation will be shortened to [000], [a00] and 
[a/2 b/2 0], respectively. A vector R = [7 s t] de- 
scribes the position of the hole surrounded by the 
atoms. Since the center of the hole must be equi- 
distant from the three atoms 


IRPHrt+ts +0 = 
(r-a/2)? + (s-b/2)? + 


R = [a/2 (6/4) — (a*/4b) 0] is the solution of these 
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Table |. Location of Various Interstitial Holes in the Uranium Lattice (The Origin is at the Edge of the Unit Cell) 


Hole Location Diameter 
Type Atoms Associated General Terms Numerical of Hole, A 
[0 0 0 J 
La 0 0 ] [a/2 b/4 — (a?/4b) 0] [ 1.43 1.12; 0 ] 0.88 
plane [a/2 b/2 0 i| 
0 0 0 
eee a/2 b/2 0 J Solved numerically [ 0.44 1.60 0.88 J 1.00 
ab plane [a/2 b/2-2by c/2 J 
4 atoms 0 3 
i rru- a 
—2by [a/2 — by c/4] [ 1.43 —0.62 1.24 1.22 
plane [a —2by 
toms [0 0 0 ] 
[a/2 b/2-2by —c/2 | [0 (a2/4b) + (b/4) —2by —{c/4+ (by/c) (a2/b+b—4by) } [0 0.58 —1.84 ] 1.10 
space [ —a/2b/2-2by —c/2 ] 
[0 —2by —c/2 
5 atoms LO 0 0 J 
in La 0 0 J 
space [0 —2by c/a [a/2 (a?/4b) — (b/4) {c/4— (by/c) (b—a®/b—4by) } ] [1.43 —1.12 0.99] 1.36 
La —2by 
[a/2 —b/2 0 ] 


equations, or, evaluated, [1.43 1.12 0]. The dis- 
tance from [0 0 0] to [1.43 1.12 0] is 1.82A; the 
diameter of the hole, using 1.38A as the atomic 
radius of uranium, is thus 0.88A. The data for this 
and other plane configurations similarly calculated 
are listed in Table I. For these plane configurations, 
only one location is calculated and no attempt will 
be made to place them in the unit cell. 


Interstitial Surrounded by Four Atoms in Space 

Fig. 1 also illustrates the interstitial amid four 
atoms in space as the dark marble surrounded by 
the four light-colored spheres. The results of a sam- 
ple calculation are given in Table I. For counting 
purposes, this interstitial will be considered as lying 
between a base of three atoms in the ab plane and 
the near-neighbor apex atom above (or below). 
There are two tetrahedral configurations for each 
apex atom (one pointing in the general direction 
of +c and the other, —c). There are really four 
orientations of these tetrahedral configurations, 
since whenever a jump of c/2 is made, the sign of 
the 7 component when the apex is at [0 0 0] must be 
reversed. This can be seen by inspection of Fig. 1. 


Fig. 2—Model of uranium lattice illustrating interstitial surrounded 
by five atoms. 
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Table II. Locations of Various Interstitial Holes in the Uranium 
Unit Cell 


Surrounded by 
Four Atoms in Space* 


Surrounded by 
Five Atoms in Space** 


[0 U —v [0 %—U V ] 
[0 —U v J [0 —V_ 
[ % Y+u Yet+v —U 
[% —v [ —U Vv ] 
[ % Yea—-u J U —V 


* Where u = (a2/4b2) + 1/4 —y; v = (by/c?) (a2/b + b —4by). 
** Where U =% — (a2/4b2) — y; V = (by/c2) (b — a2/b — 4by). 


Since there are two interstitials per atom and four 
atoms per unit cell, there are eight four-atom inter- 
stitials in the unit cell. Table II locates these inter- 
stitials in the unit cell given by Tucker.’ 


Interstitial Surrounded by Five Atoms in Space 


Fig. 2 illustrates the five-atom interstitial as the 
dark marble amid the five light-colored spheres. 
These atoms form a slightly skewed pyramid, as is 
shown by the following calculation: Consider the 
four atoms lying in the corrugated plane; their cen- 
ter of gravity, Table I, is [a/2 — by c/4]. Since the 
apex atom will be at [a/2 b/2 — 2by c/2], the vec- 
tor V joining the apex and the center of gravity of 
the base will be V = [0 (b/2) — by c/4]. On the 
other hand, the normal to corrugated plane is given 
by the cross-product of two vectors in the plane, such 
as [0 — 2by c/2] X [a 0 0] or N = [0 ac/2 2aby]. 
If the pyramid is regular, N and V will be parallel, or 
NXV=0. Thus, N x V=[(ac’?/8—ab*y+2ab’y’) 0 0]; 
N X V = 0 only if y = 0.116. But for uranium, 
y = 0.105 + 0.005; thus the pyramid is slightly 
skewed, with the angle between N and V being ap- 
proximately 1.5°. 

Table I lists the results of the calculation of one 
five-atom interstitial. There are again two intersti- 
tials associated with each apex atom, or eight inter- 
stitial sites per unit cell, Table II. Since the pyramid 
is skewed, there are four non-parallel orientations 
of the pyramidal configuration. This is the largest 
interstice, having a diameter of 1.36A. 


1C. W. Tucker, Jr.: 
AECD—2716. 


The Crystal Structures of Metallic Uranium. 
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Columbium-Vanadium Alloy System 


by H. A. Wilhelm, O. N. Carlson, and J. M. Dickinson 


On the basis of microscopic studies, melting-point observations, and X-ray analyses, 
a phase diagram is proposed for the Cb-V system. A complete series of solid solu- 
tions is formed with a minimum in the solidus at 1810°C near 35 wt pct Cb. No 
compounds or intermediate phases were found in the system above 650°C. 


HERE is an ever increasing need for better 

structural metals and alloys for use in nuclear 
reactors. In addition to the normal properties of en- 
gineering structural materials, such as high temper- 
ature strength, resistance to corrosion, and fabric- 
ability, the nuclear properties of the material must 
be considered. In a nuclear reactor it is important 
to conserve neutrons, so a material which removes 
these neutrons from the reaction excessively is con- 
sidered to have unfavorable nuclear properties. In 
nuclear-reactor design the engineer must have 
nuclear as well as other data available on alloys in 
order to make a wise selection of materials. Due to 
the fact that many of the common structural mate- 
rials have undesirable nuclear properties, it is vital 
that new alloys of metals having more favorable 
nuclear properties be investigated. 

Columbium and vanadium are both high melting 
metals, both exhibit resistance to chemical attack, 
and no great difficulty is encountered in fabricating 
them into desired shapes. With proper treatment 
both metals can be cold rolled extensively without 
failure. In addition they have desirable nuclear 
properties for certain types of reactors. Therefore, 
the alloys of columbium and vanadium should be of 
interest in the atomic energy program. Since an 
alloy-development program is enhanced by a knowl- 
edge of the phase equilibria of the components, 
this investigation was undertaken to establish the 
phase diagram for the Cb-V system. 

According to the Hume-Rothery rules for alloy- 
ing,’ the chemical similarity, crystal structure, and 
atomic-size factor are favorable for a complete 
series of solid solutions for this system. Both ele- 
ments are in the same family of group V of the 
periodic table and thus are quite similar chemically. 


H. A. WILHELM, O. N. CARLSON, and J. M. DICKINSON are 
associated with the Institute for Atomic Research and Department 
of Chemistry, lowa State College, Ames, lowa. 

Discussion on this paper, TP 3773E, may be sent, 2 copies, to 
AIME by Jan. 1, 1955. Mansucript, Noy. 16, 1953. Chicago Meet- 
ing, November 1954. 

Contribution No. 304 from the Institute for Atomic Research 
and Department of Chemistry, lowa State College, Ames, lowa. 
Work was performed in the Ames Laboratory of the Atomic 
Energy Commission. 
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The crystal structures of columbium and vanadium 
are compatible for extensive solid solubility, since 
both have body-centered-cubic structures. The 
atomic diameters of columbium and vanadium are 
2.85 and 2.62A, respectively. This difference of 
slightly more than 8 pct is well within the 15 pct 
maximum difference allowed for extensive solid 
solubility. 
Experimental Procedures 

Source of Materials: Columbium powder and 
sheet trimmings were obtained from the Fansteel 
Metallurgical Corp. According to the manufacturer 
the metal contains less than 1 pct impurity. An 
analysis of the metal showed approximately 1800 
ppm C in the powder while the sheet trimmings 
contained less than 500 ppm C. Spectrographic 
analysis showed minor amounts of Ca, Cr, Fe, Mn, 
Si, Ti, V, and Zr in both forms of the columbium. 

No commercial source of vanadium having the 
ductility and purity desired was available to the 
authors at the beginning of this investigation. As a 
result, all of the vanadium used in this study was 
prepared by the bomb reduction of vanadium pen- 
toxide with calcium employing the method re- 
ported by Long.’ Yields of massive vanadium nor- 
mally were about 80 pct. Chemical analysis of the 
vanadium prepared in this manner showed the 
presence of 200 to 500 ppm N and 800 to 1000 ppm 
C. Minor amounts of Ca, Fe, Mn, Si, Zr, Cr, and Cb 
were detected by spectrographic analysis. This 
vanadium metal was ductile and was cold rolled 
into 5 mil sheet. Annealing was not necessary dur- 
ing this rolling and the metal retained its cold- 
rolling characteristic after arc-melting. 

Preparation of Alloys: The Cb-V alloys were pre- 
pared by melting pieces of vanadium sheet together 
with columbium in the form of sheet or pellets of 
powder. The melting was carried out under argon 
in conventional arc-melting equipment employing a 
tungsten electrode and a water-cooled copper cru- 
cible. Each alloy was remelted three or four times, 
inverting the alloy after each melting in order to 
assure complete mixing. Alloys normally were ob- 
tained as round flat disks, weighed approximately 
70 grams, and had roughly the shape of a disk 1% 
in. in diameter and % in. thick. Half of each alloy 
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Fig. 1—Cb-V phase diagram. 


was given a homogenization treatment in a graphite 
crucible at approximately 1600°C for 4 hr to elimi- 
nate possible solid-solution coring. Since some of 
these alloys reacted with the graphite during this 
treatment, the remaining portion of the alloys was 
annealed at a lower temperature, 1075°C, for a 
longer time, 48 hr, to condition them for further 
investigation and study. 

By accurately weighing the component materials 
before melting and the resulting alloy afterwards, 
a small loss in weight was usually observed. If this 
loss were attributed entirely either to the columbi- 
um or the vanadium, the shift from the intended 
composition would never have exceeded 0.3 pct. 
Thus the compositions have been assigned on the 
basis of that calculated from the charge. No chemi- 
cal analyses were performed on the final alloys. 

Metallography: Alloys of the Cb-V system were 
ground and polished in wet operations. The rough 
grinding was performed on a belt sander with a 
stream of kerosene flowing over the sample. The 
final grinding operations were performed on a 
sander in the presence of water. The alloys were 
polished on either microcloth or billiard cloth using 
Linde A polishing compound. The alloys were quite 
resistant to most etchants but it was found that by 


£ 


/ 
a 


Fig. 2—Vanadium metal arc-melted and an- Fig. 
nealed for 48 hr at 1075°C. Etchant, 2 parts 


HNO,, 1 part H,SO,, 1 part HF, and 1 part heavy etching. Etchant, aqua regia plus 5 part H,F,. 


H,O. X250. Area reduced approximately 20 
pct for reproduction. 
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sheet as-arc-melted. 
Etching pits within gtains are a result of Etchant, 2 parts HNO,, 1 part H,SO,, and 1 


3—Columbium 


immersion in a mixture of 1 part H,SO,, 1 part 48 
pet H.F., 2 parts HNO,, and 1 part H.O most of the 
structures could be revealed. The microstructures 
were examined and photographed with ordinary 
illumination employing a Bausch and Lomb re- 
search metallograph. 

X-Ray Methods: Filings were taken from the al- 
loys annealed at 1075°C. These were further an- 
nealed for 113 hr at 650°C in sealed evacuated 
quartz capillaries. X-ray diffraction patterns were 
obtained with a 114.7 mm diameter Debye-Scherrer 
camera. The resolutions of the lines in the back- 
reflection region were generally very poor and con- 
sequently it was not feasible to use a precision 
back-reflection-type camera. Accurate lattice con- 
stants were obtained by using both reflection regions 
of the Debye-Scherrer camera and by extrapolating 
the lattice constant determined for each line against 
the Nelson-Riley® function 

cos’ cos’6 | 


The film was corrected for both linear and nonlinear 
film shrinkage using a calibration method’ involv- 
ing a device which punches fiducial marks on the 
unexposed film. After processing the film, the 
positions of the marks were measured and correc- 
tions made for changes in film dimension. 

Melting Range Temperatures: The solidus for the 
Cb-V alloy system was determined by a modifica- 
tion of the method of Pirani and Alterthum.’ Briefly, 
this method consists of heating a bar of the alloy by 
passing high electric current through it while ob- 
serving the melting temperature by means of an 
optical pyrometer focused on a small hole that had 
been drilled in the bar. In some cases the hole did 
not fill immediately with metal when melting first 
started. In those instances the bar was heated until 
it melted in two. The point at which liquid was 
first observed was taken as the solidus temperature 
and the point at which the bar melted in two was 
taken as an indication of the liquidus temperature. 
A correction was made for absorption by the sight 
glass using the relationship’ 


1 1 


where T is the true absolute temperature, T, is the 
apparent or observed absolute temperature, c. is a 


A 


9 


Fig. 4—50 pct Cb alloy as-arc-melted. 


X250. Area reduced approxi- 


pct H.F,. X250. Area reduced approximate- mately 20 pct for reproduction. 
ly 20 pct for reproduction. 
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Fig. 5—30 pct Cb alloy annealed at 1075°C 
for 48 hr. One-phase structure. Etchant, 2 
parts HNO., 1 part H.SO,, and 1 part H.F.. 
X250. Area reduced approximately 20 pct 
for reproduction. 


constant 14,320, A is the percent transmission of 
sight glass, and is 0.65 microns. 


Experimental Results 

The phase diagram shown in Fig. 1 has been con- 
structed from data obtained by X-ray diffraction 
studies, metallographic examination, and observa- 
tions on melting temperatures. 

Metallographic Observations: All of the alloys 
in the solid region of the Cb-V system were found 
to be one phase, both in the as-arc-melted condi- 
tion and after various annealing treatments. Fig. 2 
is a micrograph of the unalloyed vanadium metal 
used in these studies and shows the impurities 
characteristically present in this vanadium. The 
columbium sheet was microscopically quite clean as 
can be seen in Fig. 3 . The etching pits and heavily 
outlined grain boundaries are the result of heavy 
etching and are characteristic of columbium and 
many of the Cb-V alloys. Unannealed alloys at 10 
pct intervals across the systems were examined and 
all were found to have single-phase microstruc- 
tures, similar to that shown for the 50 wt pct alloy 
in Fig. 4. Since the arc-melting process is essenti- 
ally a high temperature quench, this may not be 
representative of the structure at lower tempera- 
tures; consequently, the entire series of alloys was 
annealed for 48 hr at 1075°C, furnace cooled, and 
examined microscopically. All of the alloys were 
again found to be one phase, resembling the 30 pct 
Cb alloy shown in Fig. 5. 

Realizing that the temperature selected for the 
above annealing treatment may have been too high 
to obtain evidence of a true second phase, the 30, 
50, 60, and 70 pet Cb alloys were subsequently an- 
nealed for 170 hr at 900°C, furnace cooled, and ex- 
amined microscopically. No change in the one- 
phase appearance of any of the alloys was noted. 
Fig. 6 is a micrograph of the representative 30 pct 
Cb alloy from this series. Rostoker and Yamamoto’ 
report microscopic evidence for a possible o phase in 
a V-40 pct Cb alloy which had been annealed for 
170 hr. However, no microscopic evidence for such 
a second phase could be detected in any of the alloys 
which were annealed at 900°C in the present in- 
vestigation. 

X-Ray Data: As described earlier, the lattice 
constants of the Cb-V alloys were determined from 
powder patterns. The massive alloys were an- 
nealed at 1075°C for 48 hr and filings taken from 
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Fig. 6—30 pct Cb alloy annealed at 900°C 
for 170 hr. One-phase structure. Etchant, 
2 parts HNO,, 1 part H.SO,, and 1 part H,F.. 
X250. Area reduced approximately 20 pct 
for reproduction. 


these were given an additional anneal at 650°C for 
113 hr. Fig. 7 is a plot of atomic percent columbium 
against the measured lattice constants of the alloys. 
This curve exhibits a very slight positive deviation 
from Vegard’s law but has no discontinuities. How- 
ever this deviation might not be real, since, it must 
be remembered, the composition data employed in 
this graph were assumed to be that of the charge 
placed in the melting crucible. 

In a solid-solution system of this type, the possi- 
bility of order-disorder or of the aforementioned o 
phase formation should be considered. From the 
X-ray data no evidence was found for the existence 
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Fig. 7—Lattice constant ys atomic percent columbium. 
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of either. The powder diffraction patterns taken on 
all the alloys in the series produced no evidence for 
superlattice lines which might have indicated order- 
ing, nor were there any lines present signifying 
the presence of a o phase. Thus, on the basis of the 
above metallographic and X-ray evidence it was 
concluded that columbium and vanadium form a 
complete series of solid solutions at temperatures 
down to 650°C. 

Thermal Data: The liquidus and solidus points as 
determined by the melting-bar method are shown 
in Table I and have been plotted on the phase dia- 
gram, Fig. 1. The solidus has a long, almost flat 
section extending from about 20 to 50 pct Cb and 
in this region the liquidus is almost identical with 
the solidus. The reproducibility of the melting tem- 
perature was very good, in most cases within +15°C. 
The minimum melting temperature obtained was 
1810°C, the composition at which this minimum 
occurs is in the neighborhood of 35 pct Cb. 

Since vanadium has an appreciable vapor pres- 
sure near its melting point, a film of vanadium 
metal fogged the sight glass during the liquidus 
determinations. A temperature correction was 
made for this film by measuring the transmission 
of the sight glass after each experiment and apply- 
ing the formula given under experimental proced- 
ures. In those instances where the transmissions 
were found to be less than 80 pct, the corrections 
were considered excessive and the data obtained 
were not used in constructing the phase diagram. 

Since microstructures and X-ray data supplied 
strong evidence for a continuous solid solution 
across this system, there was little reason to make 
a detailed cooling-curve investigation. However, a 
cooling curve was run on the 30 pet Cb alloy and no 
thermal arrests were found between 1100°C and 
room temperature. 


Physical Properties 


The physical properties of the alloys are greatly 
influenced by the quality of the metals used. Alloys 
prepared from the columbium powder which con- 
tained 1800 ppm C were very brittle and difficult to 
machine or work. On the other hand alloys made 
from the columbium sheet containing 500 ppm C 
were ductile and easily machined. Alloys contain- 
ing 5, 10, and 40 pet Cb were successfully cold rolled 
into 10 mil sheet without serious edge cracking and 
with no intermittent annealing. 

Hardness values were measured on the alloys 
both as-arec-melted and after annealing and have 
been plotted against weight percent columbium as 
shown in Fig. 8. In all cases, it will be noted, the 
curves have a flat maximum and alloys made with 


Table I. Melting Temperatures of Cb-Y Alloys 


Temperature At Which 
Liquid Was 


Temperature At 


Composition, Which Bar Melted 


Wt Pct Cb First Observed, °C in Two, °C 
0 1858, 1861* 

10 1838 
20 1813, 1819, 1821 1840 
30 1811, 1820 
40 1807 1812 
50 1821, 1824 
60 1859, 1864 1874 
70 1928, 1929 1980 
80 2090 2140 

100 2420 


* Duplicate and triplicate melting-point determinations were made 
on some of the samples. 
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Fig. 8—Hardness ys composition for Cb-V system. 


columbium are considerably harder than those made 
from the columbium sheet. 

Corrosion tests were made on the 5, 10, and 50 pct 
Cb alloys, columbium sheet, and vanadium sheet in 
a stainless-steel sealed vessel. After 375 hr in 178°C 
distilled water there was very little change in the 
appearance of the alloys and the weight changes 
were all within experimental error, 0.0003 grams. 

Similar tests were then carried out at 250°C for 
60 hr. Except for the vanadium specimen which 
was covered with a black film, the specimens were 
only slightly tarnished. However, weight changes 
were small on all of the specimens tested.. A further 
test at 330°C for 60 hr produced a black film on all 
specimens but none had disintegrated. The vanadi- 
um and the 5 pet Cb alloys showed the most attack. 


Summary 

Columbium and vanadium have been shown, by 
means of metallographic examination and X-ray 
studies, to form a complete series of solid solutions. 
No evidence of a second solid phase was found for 
this system at temperatures above 650°C. The 
solidus curve has a long, nearly flat minimum ex- 
tending from about 10 to 50 pet Cb with the mini- 
mum temperature at about 1810°C near the com- 
position of 35 wt pct Cb. The liquidus curve lies 
very close to the solidus curve throughout the 
system examined. 

Alloys prepared from columbium powder were 
brittle and could not be cold rolled, whereas those 
prepared from columbium sheet were much softer 
and more ductile. This difference is believed to be 
due to impurities in the columbium powder. 
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Some Observations on Grain Boundary Shearing During Creep 


by Bernard Fazan, Oleg D. Sherby, and John E. Dorn 


McLean’‘s technique was employed to determine the effect of 
temperature on the contribution of grain boundary shearing to the 
total creep strain in pure aluminum over the range of 610° to 
747°K. The contribution of grain boundary shearing at the same 
stress was found to depend upon a temperature-compensated time, 


-AH/RT 


, Where the activation energy AH was practically identical 


with that for total high temperature creep. 


EVERAL outstanding investigations by McLean*~* 
have demonstrated that the total creep strain in 
polycrystalline aluminum at 473°K arises from mi- 
croscopically detectable slip, subgrain tilting, and 
grain boundary shearing. Whereas microscopically 
detectable slip arises from dislocations that move 
out of the grains, subgrain tilting is due to entrap- 
ment of dislocations of like sign in subgrain bound- 
aries. Consequently, creep in polycrystalline aggre- 
gates appears to be the resultant of two mechanisms, 
namely, migration of dislocations and grain bound- 
ary shearing. This suggests that an appropriate law 
for creep should contain two additive terms 


where the total creep strain, «,, depends on the sums 
of the creep strains arising from motion of disloca- 
tions, «,, and from grain boundary shearing, «,». 
But extensive investigations’ over wide ranges of 
alloys, grain sizes, temperatures, and stresses have 
shown that the total creep strain is quite accurately 
dependent on the single term functional relationship 


= (0), « = constant [2] 


where o is the stress (constant),* 9 = te*””’, t is 


* Eq. 2 is valid for either constant stress or constant load tests; 
the total creep curve, however, is different (i.e., the function, f, is 
different) for each type of test. 


the time under stress, AH is the activation energy, 
R is gas constant, and T is absolute temperature. 
Since Eq. 2 was found to be valid over those ranges 
where appreciable grain boundary shearing is ob- 
served, it appears probable that the activation energy 
for grain boundary shearing might be identical with 
the activation energy for migration of dislocations. 
Thus, under a given stress, it could be thought that 
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= + =f (9) 


where f, and f,, represent the appropriate functions 
for each mechanism of creep. The primary objective 
of this investigation was to obtain a direct check on 
the accuracy of this hypothesis. 


Experimental Procedure and Results 

Rolled aluminum sheet (99.987 pet Al), 0.100 in. 
thick, was used in this investigation. Creep speci- 
mens having a 0.25 in. wide, 3 in. long gage section 
were so machined that their axes were in the rolling 
direction. All specimens were annealed for 9 hr at 
894°K before testing to produce a mean grain 
diameter of about 0.1 in. One face of each specimen 
was polished electrolytically in 10 pect HBF, In 
order to permit accurate measurements of grain 
boundary shearing, the polished surface was lightly 
scribed with a ruling machine accurate to +0.0001 
in. to give a uniform grid of lines which were 0.01 
in. apart. Although it was thought that surface 
working might modify the creep behavior in the 
vicinity of the scribed grid lines, this technique 
nonetheless was employed because such local differ- 
ences in creep properties should not modify seriously 
the fractions of the total creep strain due to grain 
boundary shearing or to migration of dislocations. 
All creep tests were conducted under constant load 
with an initial stress of 250 psi. The specimen tem- 
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Table |. Conditions of Test. Stress, 250 Psi 


Total Creep Strain, 


Number Temperature, °K €t 
1 610 0.037 
2 747 0.037 
3 610 0.070 
4 747 0.070 
5 610 0.110 
6 640 0.110 
7 700 0.110 
8 747 0.110 


perature, as measured by two calibrated thermo- 
couples attached at the two ends of the gage section, 
was held to within +2°K of the reported tempera- 
ture. The total creep strain during the course of a 
test was measured by means of a simple rack and 
pinion extensometer sensitive to 0.01 pct for a 2 in. 
gage length. After several exploratory tests, eight 
tests were made, see Table I. 

The tests at various temperatures from 610° to 
747°K were interrupted at prescribed total strains, 
€,, of 0.037, 0.070, and 0.110, and the specimens were 
immediately removed from the creep machine for 
metallographic analyses and measurements of grain 
boundary shearing. 

The technique employed for determining the 
amount of grain boundary shearing was that intro- 
duced by McLean.** An example of grain boundary 
shearing is shown in Fig. 1. The vertical displace- 
ment of a horizontal grid line at a grain boundary 
is designated by k. The greatest shear displacements 
were found on those grain boundaries that ran about 
45° to the specimen axis. But wide ranges of k values 
were obtained for different boundaries of the same 
orientation (relative to the specimen axis) suggest- 
ing that grain orientations also affect grain boundary 
shearing. Furthermore, in many of the cases exam- 
ined, the values of k varied appreciably even over 
a single grain boundary. 

As shown in Fig. 2 at regions where grain bound- 
ary migration took place, the grid lines appear to 
have been bent. It was assumed that the appearance 
of bending was due to alternate grain boundary 


Fig. 1—Shear along a grain boundary in high purity Al. Creep 
stress = 250 psi, e«, = 0.07, T = 610°K. X100. Area reduced 
approximately 75 pct for reproduction. 
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Fig. 2—Apparent bending of grid lines near the grain boundary as 
a result of alternate grain boundary shearing and migration in high 
purity Al. Creep stress = 250 psi, «, = 0.07, T = 747°K. X100. 
Area reduced approximately 75 pct for reproduction. 


migration and shearing. An example of this on a 
coarse scale is shown in Fig. 3. Consequently, for 
such cases of bent grid lines, k was determined by 
measuring the vertical displacement of the grid line 
over the entire region where grain boundary migra- 
tion took place. An extreme example of alternate 
grain boundary shearing and migration on a very 
fine scale is illustrated in Fig. 4. It was also observed 
that polygonization occurred preferentially along 
the grain boundaries rather than in the grain cores. 
Surface-tension effects between the differently 
oriented subgrains were often high enough to pro- 
duce angular grain boundaries. Such irregular 
boundaries exhibited less tendency toward shearing 
than smooth regularly contoured boundaries. 

In view of the wide scatter in the individual shear 
displacements, k, an attempt was made to determine 


an average value k. This was done by measuring 
each k value along five consecutive transverse grid 
lines, then skipping the next ten lines and repeating 
the measurement for the next five transverse grid 
lines, etc., until the entire gage section had been 
covered. In this way an average k was obtained over 
not less than 150 individual measurements per speci- 
men. The longitudinal strain arising from grain 
boundary shearing then is readily determined by 
multiplying longitudinal components of the average 


shear displacement per grain boundary, k, by the 
average number, n, of grain boundaries intercepted 


Table Il. Experimental Results 


Tem- Bat €gb 

pera- Time, k, AH, 
ture, °K Hr €t In. €gb et Cal per Mol 
610 9.7 0.037 0.00035 0.0035 0.095 

747 0.029 0.037 0.00031 0.0031 0.085 38,500 
610 20.4 0.070 0.00055 0.0055 0.079 

747 0.105 0.070 0.00051 0.0051 0.073 35,000 
610 55.5 0.110 0.00085 0.0085 0.076 

640 14.42 0.110 0.00071 0.0071 0.065 

700 1.215 0.110 0.00071 0.0071 0.065 38,000 
747 0.15 0.110 0.00075 0.0075 0.068 
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per inch along the axis of the specimen, namely, 
n = 10. These data are incorporated in Table II. 


Discussion of Results 


Previous investigations’* have established the 
validity of Eq. 2, and have shown that the activation 
energy for creep of pure aluminum and its dilute 
alloys is about AH = 36,000 cal per mol independent 
of subgrain structures, cold work, or grain size. Ac- 
cording to Eq. 2, the times to achieve the same strain 
for two creep tests under the same stress and dif- 
ferent temperatures are given by 


ron 


Using the times t and temperatures T given in Table 
II to achieve the same total strain, «,, the activation 
energies AH given in the last column of Table II 
were calculated. The agreement that was obtained 
with previous results again confirms the nominal 
validity of Eq. 2. 

The data of Table II further reveal that essentially 
the same value of «,, is obtained for the same total 
creep strain, «,, independent of the test temperature. 
Consequently, these data suggest that 


Ego = foo (te | o = constant [4] 


where the activation energy AH,, for grain boundary 
shearing is identical with that for the total creep 
process, namely, about 37,000 cal per mol. These 
correlations suggest that the rate-controlling process 
for grain boundary shearing is the same as that for 
creep as a whole, since both processes exhibit the 
same activation energy. Since the activation energy 
for creep and stress-rupture’ appears to be that for 
self-diffusion,’ grain boundary shearing also appears 
to be dependent on a self-diffusion mechanism. 
Rhines and Cochardt” investigated the shearing 
of bicrystals of high purity aluminum along their 
mutual grain boundary over the range from 473° to 
923°K. They observed that the amount of grain 
boundary shearing increased with increase in dif- 
ference of grain orientations. In another phase of 
their investigation they studied the effect of tem- 
perature on the displacement of the grain boundary 
under a stress of 100 psi for bicrystals whose rela- 


Fig. 3—Multiple boundary shearing and migration in high purity 
Al. Creep stress = 250 psi, e, = 0.07, T = 747°K. X150. Area 
reduced approximately 75 pct for reproduction. 
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Fig. 4—Complex deformation of the grid near a grain boundary 
region due to multiple grain boundary shearing and migration 
processes. Creep stress = 250 psi, e«, = 0.11, T = 700°K. X50. 
Area reduced approximately 75 pct for reproduction. 


tive crystallographic orientations were maintained 
constant for all samples tested. In terms of the sug- 
gestions of the current investigation, their results 
should be correlatable by means of the @ parameter. 
Such a correlation is shown in Fig. 5, wherein an 
average activation energy of about 40,000 cal per 
mol was obtained. Considering the difficulties in 
experimental techniques and the effect of sampling 
errors on this interesting investigation, the displace- 
ment # curve appears excellent. The value of the acti- 
vation energy obtained from Rhines and Cochardt’s 
data is essentially equal to the activation energy 
obtained in the present investigation, and, further- 
more, their results again suggest that the AH,, for 
grain boundary shearing is practically identical with 
that for creep. 

McLean” * has shown that the contribution of grain 
boundary shearing to the creep strain, e,,, varies with 
the duration of the test, t, in the same way as the 
total creep strain, «,, varies with time. The fact that 
the ratio of «,,/e, given in Table II is practically con- 
stant further substantiates McLean’s original obser- 
vations. Consequently, grain boundary shearing ex- 
hibits primary and secondary creep characteristics 
that are wholly compatible with those exhibited by 
the total creep strain. This is suggested also by the 
data, Fig. 5, deduced from Rhines and Cochardt’s 
investigations. Obviously, the decreasing rate of 
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Fig. 5—Grain boundary displacement as a function of @ for high 
purity Al under a stress of 100 psi. Data of Rhines and Cochardt.” 
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grain boundary shearing during the primary stage 
of creep demands that structural changes are im- 
proving the resistance to grain boundary shearing 
in the same way as they serve to improve the total 
creep resistance. This strongly suggests that grain 
boundary shearing is dependent on the crystallo- 
graphic processes of dislocation migration in the 
adjacent grains on each side of the boundary. This 
conclusion is substantiated further by the observa- 
tion that polygonization is frequently more exten- 
sive in the vicinity of a boundary than in the core 
of the grains. 

Perhaps grain boundary shearing occurs by the 
following mechanism: Shear stresses are relaxed at 
the grain boundary. Consequently, high bending and 
shear stresses are concentrated on the interpenetrat- 
ing projections of each pair of grains across their mu- 
tual irregular boundary. If the stresses are relatively 
small, as in the case of damping capacity or shear 
modulus relaxation experiments, the straining occurs 
by shear displacements in the true grain boundary, 
and no permanent changes occur in the structure of 
the grains themselves. Under these conditions the 
properties of the grain boundary will be anelastic, 
exhibiting a viscous behavior. But under high stresses 
grain boundary relaxations induce sufficiently high 
bending and shear stresses on the grain projections 
in the vicinity of the grain boundary to cause these 
regions to undertake crystallographic mechanisms of 
deformation. Because of this bending, it might be 
expected that high polygonization would be induced 
in the grain boundary region as is observed experi- 
mentally. Furthermore, the accompanying strain as 
revealed by grain boundary shearing, «,,, should then 
follow the usual history-dependent laws for crys- 
tallographic mechanisms of deformation. The grain 
boundary itself merely serves to facilitate this crys- 
tallographic-deformation process by permitting con- 
centrations of stress on the grain projections due to 
stress relaxations along the true boundary. 

A large number of different investigators’™” have 
reported that the contribution of grain boundary 
shearing to the total creep strain increases with in- 
creasing temperature. But the validity of Eq. 4 and 
the experimental data recorded in Table II indicate 
that the contribution of grain boundary shearing to 
the total creep strain is independent of the test tem- 
perature. In many of the previous investigations, 
the higher temperature creep tests were conducted 
at lower stresses. Consequently, the increased con- 
tribution of grain boundary shearing to the total 
creep strain might have been ascribed to either the 
increased temperature of test or the lower stress. 
The present investigation suggests that temperature 
as such may not have been the factor responsible 
for the previous observations. And McLean’s inves- 
tigations* have shown that the relative contribution 
of grain boundary shearing to the total creep strain 
increases as the stress is decreased in a series of con- 
stant temperature creep tests. Consequently, the pre- 
viously reported apparent increase of grain bound- 
ary shearing with increase in the test temperature 
might have been due to the simultaneous decrease 
in the applied stress. 


Conclusions 
1—The contribution of grain boundary shearing 
to the creep strain for high purity aluminum follows 
the functional relationship 
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where o is the creep stress, 90 = te*¥#/™", ¢ is dura- 
tion of test, T is the test temperature in degrees abso- 
lute, R is the gas constant, and AH,, is the activation 
energy for grain boundary shearing. 

2—The activation energy for grain boundary 
shearing is about the same as that for creep. The 
contribution of grain boundary shearing to the creep 
strain follows the same primary and secondary stages 
as exhibited by the total creep strain. Extensive 
polygonization is observed in the vicinity of grain 
boundaries. These observations suggest that grain 
boundary shearing occurs by crystallographic mech- 
anisms of deformation arising from bending and 
shearing of grain projections in the vicinity of the 
true relaxed grain boundary. 

3—The relative contribution of grain boundary 
shearing to the total creep strain is independent of 
the test temperature, but as shown by McLean, it 
increases as the stress decreases. 
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Manganese Modification of the Fe-S-O System 


by D.C. Hilty and Walter Crafts 


A qualitative pseudoternary solidification diagram for the Fe-S-O 
system modified by manganese is proposed and supported by experi- 
mental derivation of an isothermal section at 1475°C and substan- 
tially 1 pct Mn in the solid-metal phase. The solubility of oxygen in 
liquid iron containing 1 pct Mn and sulphur contents up to 0.9 pct 
has been measured at 1600°C and found to increase as the sulphur 


content exceeds 0.15 pct. 


At has been pointed out previously,‘ all oxide and 
sulphide inclusions in steel, excluding mechan- 
ically entrained matter, result from modifications of 
the basic Fe-S-O system. Therefore, one method of 
attack on the problem of the mechanism of deoxida- 
tion and inclusion formation is to examine the in- 
fluence of deoxidizers on the Fe-S-O liquidus dia- 
gram. This approach has been adopted in work on 
the subject being carried out at the Metals Research 
Laboratories of the Electro Metallurgical Co. and 
has resulted in the postulation of types of solidifica- 
tion diagrams for the Fe-S-O system modified with 
common deoxidizers. This method has been of con- 
siderable assistance in interpretation of the factors 
affecting the formation of inclusions.’ 

For the most part, however, these diagrams have 
been highly speculative. They were constructed pri- 
marily by inference from the pertinent binary and 
ternary systems and from the appearance of inclu- 
sions produced by specific deoxidizers. Moreover, 
since the systems contain four or more components, 
simplifying assumptions and qualifications were 
necessary in order to permit their representation as 
modifications of the Fe-S-O diagram. Consequently, 
experimental confirmation of the type of construc- 
tion employed for these diagrams is desirable, and 
the present paper is concerned with such evidence. 

The addition of manganese to the Fe-S-O system 
was selected for initial investigation. Manganese is 
an important component of practically all steel and 
is, therefore, of fundamental interest. Because of its 
great affinity for sulphur, manganese has a more 
profound effect on the sulphide side of the Fe-S-O 
diagram than any of the other common deoxidizing 
elements. In addition, more quantitative information 
pertaining to the contiguous binary and ternary sys- 
tems involving iron, manganese, sulphur, and oxygen 
is available than for the other deoxidizers. 
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Discussion on this paper, TP 3776C, may be sent, 2 copies, to 
AIME by Noy. 1, 1954. Manuscript, Jan. 11, 1954. New York Meet- 
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Fe(Mn)-S-O Solidification Diagram 

Many of the side diagrams of interest in connec- 
tion with this system are known. The Fe-Mn binary 
has been well established by several investigators;* 
the Fe-O system has been clarified by Darken and 
Gurry;* and FeO-MnO diagrams have been published 
by Herty,° Andrew, Maddocks, and Howat,’ and by 
Hay, Howat, and White.’ The Mn-O diagram does 
not appear to have been derived experimentally, but 
the portion of it that is of interest can be visualized 
easily from a consideration of the melting points of 
Mn and MnO and the fact that a broad miscibility 
gap must exist between them. The ternary Fe-Mn-O 
diagram has been discussed by Benedicks and 
Lofquist,, Wentrup,’ and by Korber and Oelsen.” 
Experimental study of the Fe-Mn-O system has 
been carried out by Korber and Oelsen and to a 
lesser degree by Chipman, Gero, and Winkler,” Hilty 
and Crafts,” and others. 

On the basis of published information, then, an 
outline of the Fe-Mn-O liquidus diagram can be 
constructed as illustrated by Fig. 1. In this, as in 
all succeeding diagrams, transformations such as the 
A-y reaction in iron have been ignored for purposes 
of simplification. The arrows denote falling tempera- 
ture. The distinguishing feature of this diagram is 
the broad region of liquid immiscibility extending 


| 
Fig. 1—Qualitative Fe-Mn-O liquidus diagram. 
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Fig. 2—Qualitatiye Fe-Mn-S liquidus diagram. 


completely across the diagram. It is intersected near 
the iron corner by the binary metal-oxide eutectic. 
No ternary eutectic is present. 

The Fe-S diagram has been described by Chipman’ 
and the FeS-MnS diagram by Wentrup.” As in the 
case of the Mn-O binary, the pertinent portion of the 
diagram for Mn-S can be visualized from the known 
melting points of Mn and MnS and the fact that the 
two have little solubility for each other in either the 
solid or liquid states. From his own researches and 
those of Oelsen, Wentrup’ constructed a diagram for 
the ternary Fe-Mn-S system. 

An outline of the Fe-Mn-S liquidus diagram is 
shown in Fig. 2. It is notable that the Mn-S liquid 
miscibility gap extends into the diagram and almost 
completely across to the Fe-S side. Near its nose, the 
miscibility gap is intersected by the binary metal- 
sulphide eutectic that originates in the manganese 
corner and meets the other metal-sulphide eutectic 
and the FeS-MnS eutectic in a ternary eutectic 
located at low manganese and high sulphur contents. 

The Mn-S-O diagram, on the other hand, must be 
estimated almost in its entirety. A diagram for the 
MnS-MnO binary section has been published by 
Andrew, Maddocks, and Fowler,” but, since the melt- 
ing point they reported for MnO was on the order 
of only 1600°C instead of 1785°C as it is now known 
to be, there is considerable uncertainty as to the 
reliability of their diagram. The investigation by 
Andrew, Maddocks, and Fowler did demonstrate, 
however, that MnS and MnO form a simple eutectic 
system. 

In the absence of other data, the composition and 
melting temperature of the eutectic in the MnS-MnO 
system can be approximated by thermodynamic cal- 
culation. If it be assumed that a liquid solution obeys 
Raoult’s law but that the solid solubilities of the 
components in each other can be neglected, it can 
be shown that for each component 

where R is the gas constant, T,,, is the absolute melt- 
ing point of the pure substance, N is its mol fraction, 
AS is its entropy of fusion, and T is the equilibrium 
temperature on the absolute scale. By making such 


assumptions for the MnS-MnO system, the follow- 
ing equations can then be written: 


For MnO: — 4.575 x 2058 log N = 6 (2058 — T). 


[2] 
For MnS: — 4.575 x 1893 log (1 — N) = 
6 (1893 — T). [3] 
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In these equations, the only uncertain data are the 
entropies of fusion of MnS and MnO. The entropy of 
fusion of MnO, however, is given by Kubaschewski 
and Evans” as approximately 6, and it seems reason- 
able to assume that the entropy of fusion of MnS is 
the same. By solving Eqs. 2 and 3 simultaneously, it 
can be calculated that the MnS-MnO eutectic may 
lie at approximately 40 pet MnO and 1230°C. Al- 
though admittedly subject to considerable uncer- 
tainty because of the assumptions involved, this re- 
sult seems adequate for the present purpose. 

By combining this calculated MnS-MnO diagram 
with the qualitative Mn-O and Mn-S diagrams men- 
tioned above, a qualitative liquidus diagram of the 
Mn-S-O system can be constructed as shown in Fig. 
3. It seems probable that the oxide and sulphide 
liquid miscibility gaps extend into the system, de- 
creasing in temperature until they meet. On the basis 
of temperature indications, the ternary eutectic prob- 
ably lies in the manganese corner as indicated. 

If the ternary diagrams illustrated by Figs. 1, 2, 
and 3 be combined with the Fe-S-O diagram,’ the 
four-component diagram reproduced in Fig. 4 may 
be obtained. This diagram is in reality a pyramid 
with the sides turned outward and down to the basal 
plane. It illustrates the relation the various limiting 
ternary sections bear to each other in the quaternary 
system and is of considerable help in the visualiza- 
tion of phase relations anywhere within the quater- 
nary system. For example, it is evident that as the 
manganese content of the system is increased, the 
oxide miscibility gap of the Fe-S-O system is soon 
met by a sulphide miscibility gap. Thus, the metallic 
and nonmetallic portions of the system are com- 
pletely separated by a region of immiscibility. With 
increase of manganese the origins of the metal-oxide 
and metal-sulphide eutectics shift from the non- 
metallic to the metallic side of the system so that 
they both intersect the miscibility gap. At very high 
manganese concentrations, the ternary eutectic also 
moves to the metallic side of the system. It is also 
clear that there is a quaternary eutectic at low 
manganese and high sulphur contents, although this 
eutectic cannot be indicated directly on the diagram. 

As a simplifying strategem facilitating the repre- 
sentation of complex systems of this type as modi- 
fications of the fundamental Fe-S-O system, the 
authors have found it convenient to employ a pseu- 


Fig. 3—Qualitative Mn-S-O liquidus diagram. 
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Fig. 4—Liquidus relations in the Fe-Mn-S-O system. 


doternary type of construction that considers the 
systems as if they were composed simply of metal, 
oxide, and sulphide. At the same time, in describing 
the phase relations, since the true components are 
recognized, there is no compromise with the phase 
rule. The limitation of such construction, of course, 
is that in quaternary and higher systems it is im- 
possible to indicate the specific compositions of all 
phases. Consequently, the diagrams are strictly qual- 
itative. Nevertheless, within their limited frame of 
reference, they are considered to be quite useful as 
aids to the visualization of phase relations during 
solidification. 

In Fig. 5 the authors’ Fe-S-O liquidus diagram 
has been reproduced on the metal-oxide-sulphide 
basis. Since this system is ternary, no serious com- 
plications are introduced and the diagram is quan- 
titative. It may be observed that the oxide side has 
been extended to magnetite rather than to wustite. 
This was done because the wustite-pyrrhotite sys- 
tem does not appear to be a true binary, and the 
quantitative diagram would have been incomplete. 
In postulating the subsequent qualitative modifica- 
tion of the diagram by manganese, however, mag- 
netite may be neglected; Fig. 5 adequately illustrates 
the metal-oxide-sulphide type of construction. 

Examination of Fig. 4 suggests that the greatest 
modification of the Fe-S-O system occurs when suf- 
ficient manganese is present so that the sulphur-free 
oxide phase and the oxygen-free sulphide become 
solid at the time metal begins to solidify. From the 
work of Chipman, Gero, and Winkler,” Hilty and 
Crafts’ and Wentrup,’ this level of manganese is 
inferred to be approximately 0.3 pct in the liquid 
metal. Within the range of concentrations of interest 
in steelmaking, then, manganese above-0.3 pct ap- 
pears to modify the Fe-S-O system as follows: liquid 
miscibility gaps meet to form a continuous two-liquid 
region of immiscibility; the metal-oxide and metal- 
sulphide eutectics originate near the metal, intersect 
the miscibility gaps, and continue to the ternary 
eutectic; the beginning of the ternary eutectic is in 
the same relative location as the ternary eutectic in 
the Fe-S-O system. Consequently, the solidification 
diagram postulated for the manganese modification 
of the Fe-S-O system is as illustrated by Fig. 6. 

In Fig. 6, the metal-oxide and metal-sulphide 
eutectics intersect the miscibility gaps along AB and 
EF, respectively. It should be noted that the cusps 
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Fig. 5—Fe-S-O diagram on metal-oxide-sulphide basis. 


on the immiscible liquid region are not intended to 
denote phase changes, but are mainly a convention 
employed by the authors to indicate intersection of 
two miscibility gaps. CD indicates the plane of this 
intersection and is employed merely to emphasize 
the fact that compositions below the line precipitate 
sulphide-type nonmetallics while those above the 
line precipitate oxide from the same liquid phases. 

Since this is a four-component system, the eutectics 
are presumed to decrease in temperature as they 
cross the miscibility gaps. That is, point B in Fig. 6 
is not at the same temperature as A, and F is not at 
the same temperature as E, as would be required in 
a ternary system. If this presumption is correct, 
then at any temperature below the melting point of 
the metal, but above the disappearance of the two- 
liquid region, there should be a four-phase region 
of solid metal, solid oxide, liquid metal, and liquid 
slag, and a four-phase region of solid metal, solid 
sulphide, liquid metal and liquid slag separated by 
a three-phase region of solid metal, liquid metal, 
and liquid slag. The experimental results described 
below confirmed that these relations do exist. 


Experimental Procedure 
Aside from the obvious modifications with respect 
to materials, the experimental technique was iden- 
tical with that employed in the investigation of the 
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Fe (Mn) - O S 
Fig. 6—Schematic Fe(Mn)-S-O diagram (Mn > 0.3 pct in liquid 
metal). 
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Fig. 7—Experimental isothermal section of the Fe(Mn)-S-O system 
at 1475°C. 


liquidus surface of the Fe-S-O system.’ Mixtures of 
MnS and MnO were melted in crucibles of iron con- 
taining 1.01 pct Mn. After holding at temperature 
for approximately 2 hr in an atmosphere of argon, 
the crucibles with their contents were quenched, and 
the melts then subjected to microscopic and chemical 
analyses. MnS was prepared by igniting powdered 
distilled manganese with a small excess of powdered 
sulphur. MnO was produced by hydrogen reduction 
of manganous oxalate precipitated from aqueous 
solution. The crucibles were machined from rod 
forged from ingots of electrolytic iron to which 
manganese had been added. The compositions of the 
various MnS-MnO mixtures as charged in the cru- 
cibles are listed in Table I. 

Since it was desired to investigate the system 
isothermally at a temperature only a little below 
the melting point of the metal, an effort was made 
to conduct most of the experimental runs at a tem- 
perature of 1475°C. This temperature, however, 
proved to be very near the top limit of the operating 
range of the furnace so that close control could not 
be achieved. As a result, the average temperatures 
at which most of the samples were held varied within 
a range of +10°C from 1475°C. Moreover, the operat- 
ing characteristic of the furnace-control system was 
such that a small amount of fluctuation occurred 
during the individual runs so that the average tem- 
peratures recorded for each sample also represent a 
range of +10°C from the recorded value. Subsequent 
evaluation of the experimental data, however, did 


Table 1. Nominal Composition of Samples as Charged into 
1 Pct Mn-Fe Crucibles 


Mixture MnO, Pct Mn§, Pct 
M1 50 50 
M2 33 67 
M3 83 
M4 10 90 
M5 5 95 
M6 40 60 
100 

100 
M9 30 70 
M10 37 63 
Mi1 25 75 
M12 35 65 
M13 38.5 61.5 
M14 27.5 72.5 
M15 31.5 68.5 
M16 45 55 
M17 50 45 
M18 60 40 
M19 67 33 
M20 15 25 


962—JOURNAL OF METALS, SEPTEMBER 1954 


not indicate that this amount of temperature varia- 
tion had a significant effect on the results. 


Experimental Results 


Most of the experimental melts separated into 
metallic and nonmetallic layers, a condition reflect- 
ing the presence of two immiscible liquid phases at 
the temperature specified. The results of chemical 
analyses and microscopic examination of samples 
from the various runs are tabulated in Table II. 
From these results, an isothermal partial section of 
the Fe(Mn)-S-O system at a temperature of 1475°C 
was constructed as shown in Fig. 7. In order to 
facilitate plotting of the data in a triangular dia- 
gram, the sum of the metallic components iron and 
manganese was employed as a single composition 
unit consistent with the metal-oxide-sulphide type 
of construction. It is emphasized that this diagram 
does not indicate specific compositions of individual 
phases except with regard to oxygen and“sulphur in 
the liquid phases. The diagram is a projection of 
points from within the Fe-Mn-S-O quaternary 
pyramid, and many of the points do not lie in the 
same plane. 

The intersections of the three-phase with the 
four-phase regions were located approximately on 
the basis of microscopic evidence. Mixtures M1 and 
M17 contained a very small quantity of oxide that 
had not dissolved in the melt, so that it was con- 
sidered that the solid oxide boundary must lie 
slightly below these points. Mixture M4 contained 
a fair amount of undissolved sulphide while mix- 
ture M3 did not, an observation suggesting that the 
solid sulphide boundary should fall between these 
points. 

The compositions of the liquid-metal phase could 
not be established completely because of inadequate 
samples for thorough chemical analysis. Neverthe- 
less, the analyses that were obtained serve to dem- 
onstrate the relative location of this phase with re- 
spect to the conjugate slag phase. It is notable that 
the liquid metal contained on the order of 2% to 3 
pct Mn, while the solid metal (crucible) had a man- 
ganese content of approximately 1 pct. 

It would be expected that at lower temperatures 
the three-phase region, particularly, might expand 
toward the oxide-sulphide join. Such expansion is 
indicated by mixture M2 melted at 1400°C which 
still contained microscopic evidence of the three 
phases but was located at 67.8 pct Mn + Fe and 26.1 
pet S, well outside the three-phase region of Fig. 7. 
This expansion would be accompanied presumably 
by a restriction of the region due to enlargement of 
the four-phase regions, but no pertinent experi- 
mental results are available in this respect. 

It may be observed that the boundaries at the 
nonmetallic sides of the four-phase regions tend 
toward higher oxygen and sulphur contents than 
might be predicted from the stoichiometric compo- 
sitions of MnO and MnS. However, the data are 
consistent and careful examination of the samples 
by chemical, microscopic, and X-ray methods failed 
to reveal any obvious contamination or other factor 
that might account for this apparent discrepancy. 
It is considered that the deviation is real and reflects 
the probability that MnO and MnS, like wiistite and 
pyrrhotite, may contain more oxygen and sulphur, 
respectively, than is indicated by their formulae. 

Micrographs illustrating various regions in the 
experimental diagram are reproduced in Figs. 8 to 
13. Fig. 8 shows structures developed by the non- 
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Table II. Results of Samples Melted in One Percent Mn-Fe Crucibles 


Chemical Analysis, Pct 


Slag Layer Metal Layer 


Temperature, 
°C 


Mixture Mn Fe Ss Mn Ss 


Relative 

Quantity 

of Metal 
Layer 


Remarks on Micro-observations 


M1 1467 66.0 3.9 16.1 = —y 


M2 1475 64.2 5.0 25.2 2.97 0.31 


M2 1475 67.1 4.2 23.6 a =< 


M2 1487 61.3 9.6 20.2 2.62 0.15 


M2 1482 65.7 5.3 23.1 — = 


M2 1400 67.0 0.8 26.1 a = 


M3 1468 62.6 4.3 28.9 = —~ 


M4 1468 61.6 2.8 32.1 — = 


M5 1469 60.9 2.7 


M6 1468 67.2 3.9 21.8 = = 


M8 1450 = = 


M9 1482 67.2 3.2 24.5 — — 


M9 1476 67.2 
M10 1483 66.2 


han 

| 

| 


Mil 1476 66.2 3.7 


M12 1478 “4 siren 4.6 22.9 = — 
M13 1477 67.2 5.4 21.6 = _— 
M14 1479 66.1 4.4 24.9 — — 


M15 1479 66.1 5.2 23.5 


M16 1482 66.8 3.4 
M17 1483 66.0 3.8 16.2 — — 


M18 1483 67.4 3.1 13.4 _ — 
M19 1482 68.4 3.2 


M20 1482 69.2 3.1 


10.8 


Small 
Large 


Moderate 
Large 


Large 


Very small 
Moderate 


Small 


Small 


Moderate 


None 


Very small 


Small 


Moderate 
Large 


Moderate 
Moderate 
Moderate 
Small 


Moderate 


Small 
Very small 


Very small 
Very small 
Small 


Slag layer: Primary oxide, trace undissolved oxide, 
globules of metal in ternary eutectic. Metal layer: 
Transparent, globular inclusions. 

Slag layer: Primary sulphide in ternary eutectic. 
Metal layer: translucent, globular inclusions, some 
in network pattern. 

Slag layer: Primary sulphide needles in ternary eu- 
tectic. Metal layer: A few random globular inclu- 
sions and chainlike networks of fine, translucent 
particles. 

Slag layer: Primary oxide in ternary eutectic. Metal 
layer: Random globular inclusions and many fine 
globular and irregular inclusions in eutecticlike 
network. 

Slag layer: Primary sulphide needles in ternary eu- 
tectic. Metal layer: Very fine transparent inclu- 
sions in eutectic pattern. 

Slag layer: Primary sulphide and globules of metal 
in ternary eutectic. 

Slag layer: Primary sulphide and globules of metal 
in ternary eutectic. Metal layer: Random globular 
inclusions and many fine, transparent globular in- 
clusions in eutectic pattern; the larger random 
inclusions contained primary sulphide similar to 
slag layer. 

Slag layer: Undissolved sulphide and primary sul- 
phide in ternary eutectic. Metal layer: Random 
globular inclusions containing large amount of 
sulphide in small quantity of ternary eutectic; 
many fine globular and somewhat elongated inclu- 
sions, mostly transparent, in eutectic pattern. 

Slag layer: Undissolved sulphide and a little pri- 
mary sulphide in small amount of ternary eutec- 
tic. Metal layer: Random globular inclusions; 
many fine globular inclusions, some transparent 
and some opaque, in eutectic arrangement. 

Slag layer: Ternary eutectic. Metal layer: Random, 
semitransparent, globular inclusions. 

Did not melt or sinter. 

Sample consisted of sintered sulphide. No melting 
appeared to have occurred. 

Slag layer: Sintered sulphide. No liquid slag ap- 
peared to have been present at equilibrium. Metal 
layer: A few random globular inclusions; many 
fine inclusions, possibly primary as well as eu- 
tectic. 

Slag layer: Primary sulphide in ternary eutectic. 
Metal layer: Random globular inclusions and a 
few fine globular inclusions in eutectic pattern. 

Similar to M9 above. 

Slag layer: Small amount of primary oxide in ter- 
nary eutectic. Metal layer: Random globular in- 
clusions; many fine globular particles, mostly 
transparent, in eutectic arrangement. 

Slag layer: Primary sulphide in ternary eutectic. 
Metal layer: Random globular inclusions; patches 
of fine particles of eutectic appearance. 

Slag layer: Ternary eutectic. Metal layer: Random 
globular inclusions. 

Similar to M12 above. 

Slag layer: Primary sulphide in ternary eutectic. 
Metal layer: Random globular inclusions; many 
fine particles in eutectic pattern. 

Slag layer: Primary sulphide needles in ternary eu- 
tectic. Metal layer: Globular and irregular inclu- 
sions in network; many fine particles in eutectic 
pattern. 

Slag layer: Primary oxide and globules of metal in 
ternary eutectic. Metal layer: Random globular 
inclusions of varying degrees of transparency. 

Slag layer: Small amount undissolved oxide, pri- 
mary oxide, and a few globules of metal in ter- 
nary eutectic. Metal layer: transparent random 
globular inclusions. 

Similar to M17 above, except more undissolved 
oxide. 

Similar to M18 above, except more undissolved 
oxide. 

Similar to M19 above, except more undissolved 
oxide. 


metallic phases and the liquid-metal phase during 
quenching of melts just within the oxide-rich four- 
phase region. Bearing in mind the fact that the 
crucible constituted the solid-metal phase, it is 
readily recognized that four phases, i.e., solid metal, 
solid oxide, liquid slag, and liquid metal were pres- 
ent at the experimental temperature. The highly 
transparent, globular inclusions precipitated by the 
liquid metal as illustrated by Figs. 8c and 8d are of 
special interest in view of their striking resemblance 
to the silicate types of inclusions commonly en- 
countered in silicon-killed steels. However, the sili- 
con content of these samples was observed to be less 
than 0.001 pct. Similar inclusions, of varying de- 
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grees of transparency, were observed over a wide 
range of sulphur-to-oxygen ratios. Their specific 
constitution could not be determined, but they are 
related presumably to the nonmetallic liquid phase 
which, when precipitated as small droplets in the 
metallic liquid, failed to crystallize under the con- 
ditions of the experiments. 

Fig. 9 is representative of the high oxygen side of 
the three-phase region of Fig. 7. In addition to ran- 
dom globular inclusions similar to those described 
above, large numbers of small inclusions in an ar- 
rangement strongly suggesting a eutectic formed 
during solidification of the liquid-metal phase as 
shown in Figs. 9c and 9d. 
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34.0 — — 


a—Sample M1, showing non- 
metallic phases. Undissolved 
oxide, primary oxide, drop- 
lets of metal in ternary 
eutectic matrix. The light 
area at the right is the cru- 
cible wall. X100. 


b—Same as a. X2000. 


c—Sample M17, showing 


d—Same as c. X2000. 
liquid-metal phase. Random 
globular inclusions in metal 


matrix. X100. 


Fig. 8—Structures in four-phase solid metal-solid oxide-liquid metal-liquid slag region near junction with three-phase 


region of Fig. 7. 


a—Sample M2, 1487°C, show- b—Same as a. X2000. 
ing nonmetallic phase.  Pri- 
mary oxide in ternary eutectic 


matrix. X100. 


Fig. 9—Structures in oxide-rich portion of three-phase solid metal-liquid metal-liquid 


a—Sample M6, showing 
nonmetallic phase. Ternary 
eutectic. X100, 


Fig. 10—Structures near point of maximum intersolubility 


Figs. 10a and 10b illustrate the ternary eutectic 
formed from the nonmetallic liquid in the region of 
maximum miscibility of the two liquid phases in the 
region representing the intersection of the oxide and 
sulphide miscibility gaps. Although the ternary eu- 
tectic itself was not located specifically, it is ap- 
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c—Sample M2, 1487°C, show- 


b—Same as a. X2000. 


d—Same as c. X2000. 


ing liquid-metal phase. Ran- 
dom globular inclusions and 
eutecticlike inclusions in me- 
tallic matrix. X100. 


slag region of Fig. 7. 


= 


c—Sample M6, showing liq- d—Same as c. X2000. 


uid-metal phase. Random 
globular inclusions. X100. 


of the two liquid phases in the three-phase region of Fig. 7. 


parent that it lies in the vicinity of the intersection 
of the oxide and sulphide miscibility gaps and close 
to the Mn (Fe)O-Mn (Fe)S join, so that the relative 
location assigned to it in the qualitative solidifica- 
tion diagram, Fig. 6, appears to be confirmed. With 
respect to the plain Fe-S-O system, the ternary eu- 
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|. 


b—Same as a. X2000. 


a—Sample M2, 1475°C, 
showing nonmetallic phase. 
Primary sulphide in ternary 
eutectic. X100. 


c—Sample M2, 1475°C, 
showing liquid-metal phase. 
Random globular inclusions 


and eutecticlike inclusions. 
X100. 


d—Same as c. X2000. 


Fig. 11—Structures in sulphide-rich portion of three-phase solid metal-liquid metal-liquid slag region of Fig. 7. 


a—Sample M4, showing 
nonmetallic phases. Undis- 
solved sulphide, primary sul- 
phide, globules of metal in 
ternary eutectic. X100. 


uid-metal phase. 


X100. 


b—Sample M4, showing liq- 
Random 
and eutecticlike inclusions. 


d—Sample M8, 1476°C, 
showing liquid-metal phase. 
Metal-sulphide eutectic in 
metal corner. X100. 


c—Same as b. X2000. 


Fig. 12—Structures in four-phase solid metal-solid sulphide-liquid metal-liquid slag region of Fig. 7. Also, metal-sul- 


phide eutectic at very low oxygen content. 


tectic is shifted toward higher sulphur. It was ob- 
served that in the manganese-modified system the 
sulphur-to-oxygen ratio of the ternary eutectic was 
approximately 3.15 to 1, whereas the sulphur to 
oxygen ratio of the Fe-S-O ternary eutectic is 2.67 
to 1. The pronounced cellular structure evident in 
Fig. 10b is presumably indicative of solidification of 
the ternary eutectic over a range of temperature in 
this four-component system. No quaternary eutec- 
tic was observed, although it may have been present 
in a very small quantity. As shown in Figs. 10c and 
10d, the liquid-metal phase in this region precipi- 
tated random, globular, semitransparent inclusions 
but none of eutectic appearance. 

Fig. 11 is representative of the high sulphur side 
of the three-phase region of Fig. 7. As indicated by 
Figs. lle and 11d, both globular and eutecticlike 
inclusions formed from the liquid-metal phase. 

Figs. 12a, 12b, and 12c show structures in the 
sulphide-rich four-phase region of Fig. 7. Again 
eutecticlike inclusions appear in the metal layer. 

Fig. 12d illustrates the metal layer that was formed 
from a melt charged with substantially 100 pet MnS, 
so that oxygen was present only as an incidental 
impurity. It appeared that at the experimental tem- 
perature this sample consisted of solid sulphide and 
liquid metal in the solid-metal crucible, an observa- 
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tion suggesting a three-phase region lying close to 
the metal-sulphide side of the diagram. The inclu- 
sions shown in the micrograph, therefore, are pre- 
sumed to have formed as the result of a metal-sul- 
phide eutectic located near the metal corner of the 
diagram. 

The observations of eutectic-appearing inclusions 
in the metal layer of many of the samples are be- 
lieved to be of special significance. The presence of 
such a eutectic in samples from the high oxygen 
side of the three-phase region of Fig. 7, the absence 
of a eutectic in the region of maximum miscibility 
of the two liquid phases, and the reappearance of a 
eutectic at still higher sulphur contents are con- 
sidered to be strong evidence supporting the postu- 
late of metal-oxide and metal-sulphide eutectics 
originating in the metal corner and intersecting the 
miscibility gaps as shown in Fig. 6. The observa- 
tions further suggest that the temperature of the 
metal-oxide eutectic at low sulphur contents is 
above 1475°C. Since Sample M8, charged with 100 
pet MnS but heated to only 1450°C, failed to show 
any evidence of melting, it appears that the metal- 
sulphide eutectic originates on the metal-sulphide 
side at a temperature somewhere between 1450° 
and 1475°C when the solid metal contains on the 
order of 1 pet Mn. 
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b—Same as a. X2000. 


a—Sample M2, 1482°C, sul- 
phide needles in ternary 
eutectic. X100. 
Fig. 13—Needles in nonmetallic phase of compositions near 
sulphide/oxide ratio resulting in ternary eutectic. 


Curious needles similar to those observed in the 
previous investigation of the Fe-S-O system were 
noted also in the course of the present work, as 
shown in Fig. 13. These needles occurred when the 
composition of the nonmetallic phase was slightly 
higher in sulphur content than that necessary to 
produce the ternary eutectic. As in the previous in- 
stance, the specific identity and mechanism of for- 
mation of these needles are not known. However, 
their optical properties resembled those of MnS, and 
they apparently resulted from some solidification 
phenomenon probably induced by the quenching 
treatment. 

In order to illustrate the relations these phase re- 
gions (that have been established experimentally) 
presumably bear to other regions that must occur 
within the system, the qualitative isothermal sec- 
tion reproduced in Fig. 14 has been constructed. In 
this diagram the experimentally determined regions 
are outlined by solid lines. The other regions are 
those appearing to be most probable on the basis of 
phase-rule considerations. It is considered that this 
diagram is a useful adjunct to Fig. 6 in assisting 
with visualization of phase relations during solidifi- 
cation in this system. 


Solubility of Oxygen in Liquid Fe-Mn-S Alloys 
The limits of solubility of oxygen and sulphur in 
manganese-bearing liquid metal have been deter- 


OXIDE 


METAL 


SULPHIDE 
Fig. 14—Qualitative 1475°C section of Fe(Mn)-S-O system for man- 
ganese contents in steelmaking range, but above 0.3 pct. 
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mined over only a part of the range. The relative 
location of the oxide miscibility gap in the metal 
corner of Fig. 6 was determined at 1600°C in liquid 
iron containing approximately 1 pct Mn. The ob- 
servations were made on a rotating furnace heat 
melted in a magnesia crucible under an atmosphere 
of argon according to a technique that has been de- 
scribed.” The melting stock employed was electro- 
lytic iron. Sulphur was added in the form of ferrous 
sulphide that had been prepared for the investiga- 
tion of the Fe-S-O system. Additions of ferric oxide 
were made to assure that the system was saturated 
with oxygen, and the manganese content was ad- 
justed to approximately 1 pct by the addition of 
high purity manganese metal. A small quantity of 
slag was present on the heat at all times. At the 
lowest sulphur content it was solid, and with in- 
creasing sulphur, it became very fluid. 

Oxygen analyses were performed by the vacuum- 
fusion method described by Hamner and Fowler” 
for high sulphur steels. The analytical results, listed 
in Table III, were plotted to give the oxygen solu- 
bility curve shown in Fig. 15. 

The apparent increase in oxygen solubility with 
sulphur at sulphur concentrations in excess of 0.15 
pet is notable. Presumably, at higher sulphur con- 
centrations than were attained in these experiments, 
the sulphide miscibility gap is reached; and the 
curve reverses its indicated trend, progressing 
around the miscibility gap to the metal-sulphide 
side of the diagram. The investigations of Sherman 
and Chipman” suggest that the isotherm originates 
on the sulphide side at a sulphur content on the 
order of 3 pct, but the available data are insufficient 
to permit more than general speculation as to the 
shape of the complete curve. For practical pur- 
poses, however, the curve of Fig. 15 is considered 
to be an adequate illustration of the effect of sul- 
phur on the deoxidizing ability of manganese within 
range of concentrations of interest in steelmaking. 


Summary 

In order to improve understanding of the mecha- 
nism of inclusion formation in steel, a study of phase 
relations during solidification in the Fe-Mn-S-O 
system has been made. On the basis of published 
information concerning the contiguous binary and 
ternary systems, it appears that with reference to 
the basic Fe-S-O system the introduction of manga- 
nese produces major modifications of the regions of 
limited miscibility and of the locations of the eutec- 
tics. A pseudoternary, qualitative, metal-oxide- 
sulphide solidification diagram representing manga- 
nese concentrations over 0.3 pct, but within the 
steelmaking range, is postulated. According to this 
diagram, metal-oxide and metal-sulphide misci- 
bility gaps extend into the system and join to form 


0. 10 
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0.87 — -1.07%Mn 
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0.05 Avg. 0. 96%Mn 
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Fig. 15—Effect of sulphur on the solubility of oxygen in liquid 
Iron containing approximately 1 pct Mn. 
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Table III. Results of Rotating Furnace Runs to Determine Effects 
of Sulphur on the Solubility of Oxygen in Molten Iron 
Containing Manganese 


Tempera- Chemical Analysis 

ture, °C Mn, Pct S, Pct O, Pct 
1600 0.96 0.010 0.031 
1603 1.07 0.045 0.032 
1618 0.95 0.078 0.038 
1603 0.98 0.145 0.030 
1596 0.94 0.26 0.034 
1600 0.95 0.87 0.051 
1595 0.87 0.85 0.056 


a continuous region of limited miscibility com- 
pletely separating the metal corner from the oxide- 
sulphide side of the system. The metal-oxide and 
metal-sulphide eutectics originate in the metal 
corner and progress into the diagram, intersecting 
the miscibility gaps and continuing on the other side 
to a ternary eutectic located near the intersection of 
the miscibility gaps and close to the oxide-sulphide 
side of the postulated diagram. 

Experimental support for this postulated diagram 
has been derived from an investigation of an iso- 
thermal section at 1475°C in the regions where the 
solid-metal phase contains on the order of 1 pct Mn. 
The presence of a four-phase solid metal-solid ox- 
ide-liquid metal-liquid slag region separated from a 
four-phase solid metal-solid sulphide-liquid metal- 
liquid slag region by a three-phase solid metal- 
liquid metal-liquid slag region was established, 
thereby confirming the postulate regarding the 
binary eutectics and the miscibility gaps. The loca- 
tion of the ternary eutectic was also observed to 
shift toward higher sulphur contents than in the 
plain Fe-S-O system. 

Limited observations on the solubility of oxygen 
in molten Fe-Mn-S alloys containing approximately 
1 pet Mn and up to 0.9 pet S at 1600°C suggest that 
the oxide miscibility gap of the Fe-S-O system is 
expanded by manganese. It was also indicated that, 
as the sulphur content exceeds 0.15 pct, the oxygen 
solubility begins to increase, rising from approxi- 
mately 0.033 pct at 0.15 pct S to 0.054 pct at 0.9 pct 
S. Additional observations are required, however, 
to locate the miscibility gaps more precisely in the 
metal corner of the diagram, particularly at higher 
sulphur contents. 
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OPPER sometimes is added to steel and cast iron 
as an alloying element to improve or impart 
specific properties. However, in some steels it exerts 
an impurity effect in impairing response to fabrica- 
tion by hot working and deep drawing. The resid- 
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ual-copper content in scrap is increasing slowly be- 
cause copper is not removed under the reducing 
conditions of the blast furnace or under the oxidiz- 
ing influences of the open hearth or bessemer. This 
increase in residual copper and the ill effects of the 
element in some respects make the problem of keep- 
ing it below a certain level an important one from 
metallurgical and economic viewpoints. 

A number of years ago thermodynamic calcula- 
tions: were made concerning the possibility of re- 
moving copper from molten Fe-Cu alloys by treat- 
ing them with lead. This concept was based on the 
knowledge that iron and lead are almost completely 
immiscible in the liquid state, and on the belief that 
copper would distribute itself between these two 
solvents. The distribution of copper between the 
iron phase and the lead phase was calculated, as- 
suming ideal behavior. At the time these calcula- 
tions were made, the results were assumed to indi- 
cate that treatment with lead would not be a feasi- 
ble method of removing copper from an iron-base 
melt. However, it should be noted that two patents”* 
on this approach have been granted, and that a 
Swedish paper‘ on this method of lowering the cop- 
per content of the bath has appeared very recently. 

The possible use of Na.S slags for lowering the 
copper content of molten Fe-Cu-C alloys is sug- 
gested by the known mutual solubility of Cu.S and 
Na.S. The Orford process for the separation of Cu.S 
and Ni,S,. made use of the fact that the three sul- 
phides, Cu.S, Ni,S., and Na.S, are mutually soluble 
at high temperatures. A patent’ has been granted 
concerning many aspects of the treatment of copper- 
bearing irons and steels with sulphide slags. 

An investigation of the reduction of the copper 
contents of molten baths of Fe-Cu-C alloys has been 
in progress for several months at The Pennsylvania 
State University. The results of the preliminary 
tests are given in Tables I and II. The melts were 
made using an induction furnace and were con- 
tained in graphite crucibles. 

Analyses of all heats before treatment were made 
on samples drawn from the bath into fused silica 
tubes. The final carbon and copper analyses in runs 


Table |. Results of Lead Treatment 


Approxi- 
mate 
Tem- 
Analyzed Iron Analyzed Iron 
Before Lead After Lead eh 
Run Pct Pet Pet Pet Pet Wt of Pb/Wt Pb Addi- 
No. Cu Cc Cu Cc Pb (Fe+Cu+C) tion, °C 
il 0.67 3.86 0.26 4.31 0.052 1.18 1445 
Py ORS 3.54 0.08 4.31 0.017 2.26 1455 
0.05 4.09 0.010 2.09 1573 
0:07 3.73) 0.035 1.66 1390 
9 042 2.36 0.12 4.56 0.024 1.67 1405 
2.20 1.86 4,21 0.017 53 1395 
oO 0.12 4.58 1.67 1420 
1.67 8364.21 1.53 1470 
Table Il. Results of Sulphide Treatment 
Analyzed Iron Analyzed Iron 
Before After NaoS 
Run No PetCu PctC PctS PetCu PctC PctS 
14 0.24 4.80 0.810 0.13 4.33 0.022 
15 0.17 4.73 0.260 0.08 4.42 0.022 
16 0.08 4.84 0.270 0.02 4.49 0.017 
17 0.03 4.47 0.190 <0.01 4.44 0.015 
18 0.77 4.78 0.530 0.10 4.39 0.026 
19 0.23 4.25 0.350 0.05 4.51 0.040 
20 0.17 4.55 0.280 0.94 4.50 0.034 
21 0.44 3.91 0.290 0.13 4.45 0.051 
39 0.86 4.79 None 0.20 4.48 0.082 
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1 to 3, and 8 to 10 were made on samples pulled from 
the iron layer after the addition of lead; the final 
lead analyses in these runs were made on drillings 
from the iron-rich half of the ingot which was 
formed in each case by solidification in the crucible. 
In runs 31 and 32 the crucible with the entire melt 
was quenched in water while the contents were still 
molten, and all the final analyses were obtained 
from drillings. 

The results of the lead treatment (Table I) show, 
in every case, that the iron after treatment contains 
appreciably less copper than before treatment. 
However, there is considerable vaporization of the 
lead at these temperatures, and before any practical 
applications of lead for removing copper can be 
made, this difficulty must be overcome. It is felt 
that the relatively high efficiency of copper removal 
is due in large part to the calculated high-activity 
coefficient of copper in Fe-Cu-C alloys.* In fact, it is 
worthy of mention that the activity coefficient of 
copper in iron as calculated from the Fe-Cu phase 
diagram is 12.° 

For the sulphide heats (Table II), the final 
analyses in the reported runs were made on drillings 
from the final ingot. Sulphur was added as iron 
(II) sulphide before the Na.S-slag additions in runs 
14 to 21, but no sulphur was added before the slag in 
run 39. The sulphur was added in the first eight 
runs to insure the formation of copper (1) sulphide, 
but the results of run 39 indicate that sufficient sul- 
phur escapes from the slag to form the copper (1) 
sulphide. There was a definite reduction in copper 
in all nine heats. It is possible that the copper is 
removed by a mechanism other than the formation 
of Cu.S and the transfer of this sulphide to the slag. 
This will be investigated in future work. 

Lead washing and solvent Na.S slags are two 
methods which can be used successfully to remove 
copper from high-carbon Fe-Cu-C alloys. These 
methods also might be successful in steel baths, al- 
though the activity coefficient of copper in Fe-Cu-C 
alloys, as calculated from equations which are ap- 
proximations, is lowered with decreasing carbon.‘ 
The experimental and practical difficulties in the 
two processes stem from the high vaporization of 
the lead and the foaming of the sulphide slag. More 
closely controlled experimental work with lead and 
sulphide slags and a general study of the behavior 
of copper in molten iron and steel is now in progress 
in the Div. of Metallurgy, The Pennsylvania State 
University. 
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Equilibrium Pressure Measurements Above ZnS from 680° to 825°C 


by C. Law McCabe 


The pressure of the gas in equilibrium with sphalerite has been 
determined in the temperature range of 680° to 825°C, using the 
Knudsen orifice method. A comparison of these experimental pres- 
sures with those calculated from thermal data and from other 
equilibrium measurements shows that the vapor above sphalerite is 
predominantly dissociated ZnS. Equations have been given for cor- 
rectly calculating dissociation pressures using the Knudsen orifice 
method. It has been shown that the experimentally determined 
pressure is the same, whether the zinc sulphide is sphalerite or not, 
or a mixture of wurtzite and sphalerite. 


ONFLICTING points of view appear in the lit- 

erature on the constitution of the vapor in equi- 
librium with solid zinc sulphide in the vicinity of 
800°C. By comparing the dissociation pressure cal- 
culated from thermodynamic data and the vapor- 
pressure determination of ZnS by Veselovski,* 
Lumsden* has concluded that the vapor consists 
largely of dissociated ZnS. Sen Gupta,’ however, 
concludes from his spectroscopic determinations that 
the vapor is largely ZnS molecules. In view of the 
fact that the thermodynamically calculated‘ dissocia- 
tion pressure is higher than that experimentally 
measured by Veselovski, it seemed in order to repeat 
Veselovski’s measurements. 


Experimental Procedure 

The method used for the determination of the 
pressures in this paper is the Knudsen effusion cell. 
The apparatus and procedure were described in a 
previous paper’ from this laboratory on the deter- 
mination of the vapor pressure of silver. The only 
difference is that the Knudsen cell in this work is 
made from platinum and there is no external cover 
around the cell. The cell is an ordinary platinum 
crucible of 2.2 em top diameter with a capsule cover. 
It was thought that platinum might stand up at 
these temperatures to the solid and gaseous ZnS, 
since it was found that the weight of the platinum 
cell itself did not change appreciably on heating ZnS 
in it at the working temperatures. To insure that 
reaction of the zine sulphide with the cell was not 
giving a false value, a stabilized zirconia cell was 
employed for check runs. Fig. 1 shows the com- 
parison, which is satisfactory. Veselovski’ previously 
had measured the vapor pressure of ZnS using a 
silica Knudsen effusion cell. On repeating his experi- 
ment in this laboratory, it was found that ZnS at- 
tacked the silica cell, giving it a marked frosty ap- 
pearance. This led to the belief that Veselovski’s 
results may be in error. Also, he was operating at 
pressures above the range ordinarily considered safe 
for the Knudsen method. 


C. L. McCABE, Junior Member AIME, is Member of the Staff, 
Research Laboratory, Carnegie Institute of Technology, Pittsburgh. 
Discussion on this paper, TP 3792D, may be sent, 2 copies, to 
AIME by Noy. 1, 1954. Manuscript, Aug. 24, 1953. New York 
Meeting, February 1954. 
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The effusion rate was measured by weighing the 
cell before and after each run. The weight loss dur- 
ing heating to temperature and cooling down was 
measured and subtracted from the weight loss dur- 
ing the actual run. 

The zine sulphide used in this investigation was 
from two sources: Fisher ep grade, and a sample of 
pure sphalerite supplied by Mr. E. A. Anderson of 
the New Jersey Zinc Co. Before and after the series 
of runs with Fisher ZnS, X-ray analysis showed that 
both wurtzite and sphalerite were present. However, 
the ratio of sphalerite to wurtzite increased. All 
measurements were made below the transition tem- 
perature which has been reported’ to be 1020°C. 

The data obtained in this investigation are tab- 
ulated in Table I. The pressure was calculated by 
the usual Knudsen formula’ on the assumption that 
ZnS molecules were effusing. From these data, using 
pure sphalerite in the platinum Knudsen cell, the 
vapor pressure of ZnS, in mm of Hg, as a function 
of temperature is given by the solid line in Fig. 1. 
The best straight line, as determined by the method 
of least squares, is given by 


14405 


log Pins = — [1] 
A comparison of these results with Veselovski’s 
shows that his results are about 50 pct lower. 


Discussion 

The vapor in equilibrium with solid zine sulphide 
in the temperature range of this study will consist 
of Zn, S., and ZnS mol, since other species of zinc 
and sulphur’ are relatively unstable. The question 
to be settled is whether or not ZnS is largely disso- 
ciated. The derivation® which follows gives the 
method of calculating the pressure of zinc and sul- 
phur over solid ZnS, assuming complete dissociation, 
from Knudsen cell data. 

The free energy of the reaction 


2 ZnS (solid) — 2 Zn(gas) + S.(gas) [2] 

is given by 
AF°® = —RT In K = —RT ln pyp., 
where p, is the zinc pressure and p, is the sulphur 


pressure. If dissociation occurs in a closed system, 
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LOGp,mm. Hg. 
or 
LOG Pong mM. Hg. 


10.6 11.0 1.4 


10.2 
1/T x 104 


Fig. 1—Open circle is log p,,, in this investigation, using a plati- 
num cell. Open triangle is log pzns in this investigation, using a 
zirconia cell. Closed circle is log p,,s in this investigation, using a 
platinum cell; graphite is present. Closed triangle is log py,s ac- 
cording to Veselovski.' Dashed line is log p calculated from Eqs. 
1 and 11. Dotted line is log p calculated from thermal data. 


the total pressure, p, equals the dissociation pres- 
sure, — with py 2) p>. 
This leads to 


[4] 


In the effusion measurements, thermodynamic 
equilibrium between zinc vapor (pressure = p,’), 
sulphur vapor (pressure = p.’), and solid zinc sul- 
phide is established within the cell so that 


[5] 


but the condition, p,’ = 2p.’, need no longer apply. 
The number of zinc atoms which pass through 


the orifice in unit time, denoted by Nh, is given by 


Ap, 


where A is a constant’ which is not dependent on 
species, and M, is the atomic weight of zinc. The 
corresponding equation for sulphur effusion is 


A p,’ 
= 


In the stationary state the relation between p,’ and 
p.' is given by the conditions: n, = 2n, and n, = Ny, 
where n,, is the apparent rate of effusion of ZnS mol. 

Expressing p, and p,’ by n,. from these equations 
and inserting the expression for 4p°/27, there is ob- 
tained for the dissociation pressure from the rate of 


weight of material effusing, hs = Ny (M, + M./2), 
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2A (M, + M./2) 


If zinc sulphide evaporated undissociated, its 
vapor pressure would be given by 


Ohe 9] 
A (M, + 1/2 M,) 


The true dissociation pressure is related to Dis by 


[8] 


Pas = 


3M,” 
DP = Das ( ae ) [10] 
2 (M, + M./2) 
or 
p = 1.22 pans ° [it] 


Eq. 9 was used to calculate the open-circle points 
in Fig. 1. The dashed line represents p as a function 
of temperature calculated by Eqs. 1 and 11. The 
equation for the dashed line is 
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+ 11.118: [12] 


log p = — 


Using data compiled by Kelley’ and the heat of 
formation of sphalerite determined by Kapustinsky 
and Korshunov,” the dissociation pressure of spha- 
lerite can be calculated as a function of temperature. 
The linear form of this equation, for pressure in mm 
of Hg, which is valid in the vicinity of 1000°K, is 


13540 


+ 10.15 - [13] 


log p = — 


From a comparison of Eq. 13 with Eq. 12, it is seen 
that the dissociation pressures at 1000°K, calculated 
from the two equations, agree to within 25 pct, while 
the constants on the right-hand side of the equation 
are considerably different. Since the temperature 
range available was small, further comment on this 
point is not felt to be justified. The dotted line of 
Fig. 1 is the graphical representation of Eq. 13. The 
experimental data agree with Eq. 13 within the 
probable accuracy of AF°, +3 kcal, estimated for 
this reaction by Kubachewski.” It is obvious that a 
calculation of the degree of dissociation of gaseous 
ZnS to Zn and S, from a comparison of the thermo- 
dynamically calculated dissociation pressure and the 
data obtained in this investigation is not warranted. 
The conclusion which was reached is that the data 
point to the vaporization of ZnS predominantly as 
Zn and 

Further support of this last statement is found in 
the work of Pogorelyi,” who measured the effect of 
increasing the volatilization of ZnS when using 
hydrogen to sweep over ZnS as compared to the use 
of an inert gas. Using atmospheres as the unit of 
pressure, the equation obtained by Pogorelyi for the 
dissociation of ZnS is 


40585 


log pun ps. = — + 21.012 - 


This gives log p = —3.367 at 1000°K and —2.137 at 
1100°K, where pressure is in mm of Hg. These data 
are not plotted on Fig. 1 for reasons of clarity, but 
the author’s date and Pogorelyi’s agree well within 
experimental error. This agreement again confirms 
that the vapor above ZnS is largely dissociated. 
Some additional experiments were carried out to . 
determine the effect of the presence of powdered © 
graphite mixed with the sphalerite on the effusion 
rate. Assuming complete dissociation of ZnS, it was - 


TRANSACTIONS AIME 


-1.8 
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-2.6 \ 
\ 
3.0 
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-4.2 T 
\ 
4p? 
[6] 


Table |. Summary of Experimental Data 


Orifice Duration 


Run Area, of Run, Grams Pressure, Graphite 
No. Sq Cm Min Effused Mm Hg Log p 1/Tx104 ZnS, Source Present 
9 0.002045 1300 0.0124 0.00445 —2.352 9.302 Fisher No 
10 0.002045 1270 0.0213 0.00785 —2.105 9.124 Fisher No 
11 0.002045 2725 0.0131 0.00221 — 2.656 9.506 Fisher No 
12 0.002045 3625 0.0117 0.00147 — 2.833 9.662 Fisher No 
14 0.002045 1070 0.0306 0.0135 —1.870 8.953 Fisher No 
15 0.002045 4185 0.0187 0.00205 — 2.688 9.569 Fisher No 
22 0.002045 1285 0.0232 0.00851 —2.070 9.091 Fisher No 
23 0.002045 1280 0.0260 0.00957 —2.019 9.099 Fisher No 
24 0.002045 1285 0.0212 0.00775 —2.111 9.091 Fisher No 
25 0.002045 1055 0.0198 0.00959 —2.018 9.107 Fisher No 
26 0.002045 1086 0.0209 0.00905 — 2.043 9.083 Fisher Yes 
27 0.002045 1235 0.0197 0.00747 —2.127 9.091 Fisher . Yes 
28 0.002045 4210 0.0175 0.00190 —2.721 9.542 Fisher Yes 
29 0.002045 7130 0.0063 0.000396 —3.402 10.010 Fisher Yes 
30a 0.002045 1275 0.0229 0.00842 —2.075 9.099 New Jersey No 
31a 0.002045 1170 0.0204 0.00820 — 2.086 9.116 New Jersey No 
30 0.002045 6860 0.0158 0.00104 — 2.983 9.775 Fisher Yes 
31 0.002045 1190 0.0108 0.00422 —2.375 9.311 Fisher Yes 
33 0.006282 1145 0.0368 0.00487 —2.313 9.285 New Jersey No 
34 0.006282 1240 0.0370 0.00475 — 2.323 9.312 New Jersey No 
15) 0.007751 1065 0.0331 0.00381 —2.419 9.328 New Jersey No 
37 0.007751 1688 0.0120 0.000580 —3.0706 9.766 New Jersey No 
38 0.007751 1025 0.0153 0.00181 — 2.742 9.542 New Jersey No 
39 0.007751 5800 0.0144 0.0001055 — 3.9768 10.428 New Jersey No 
40 0.007751 5580 0.0177 0.000374 —3.427 10.040 New Jersey No 
41 0.007751 9960 0.0186 0.000218 —3.661 10.215 New Jersey No 
42 0.002045 1230 0.0191 0.00725 —2.140 9.174 New Jersey No 
calculated that the weight loss should have been cell. This attempt was not reliable, since it was 


2.28 times as much with the graphite present as when 
it was absent. It was found that in the range of the 
experiments reported here there was no detectable 
difference in the weight loss of the cell whether or 
not graphite was present (see solid-circled point in 
Fig. 1 and fuller data in Table I.) This would indi- 
cate that the dissociation of ZnS was small and the 
vapor consists largely of ZnS mol. However, an 
examination of the data of Koref® shows that this 
result was obtained because of the slow reaction 
between sulphur vapor and the graphite. Further 
experiments are planned using this as a method of 
species determination of the vapor above sulphides 
which have dissociation pressures amenable to the 
use of the Knudsen method at temperatures higher 
than those used for ZnS in this investigation. 

Other experiments were carried out to determine 
the weight loss of the platinum Knudsen cell when 
a mixture of wurtzite and sphalerite was present. It 
was hoped that the wurzite would fix the pressure, 
and thus the difference in slope of log p vs 1/T 
would allow the heat of transition to be calculated. 
There was no detectable difference as seen from the 
data of Table I. Unfortunately, data are not avail- 
able to determine accurately what the difference in 
pressure should be, so that further discussion of this 
point is unwarranted. 


Summary 


1—Veselovski’s measurements of the pressure of 
the gas in equilibrium with ZnS has been repeated 
and his results have been found to be low. 

2—Equations have been derived to calculate, from 
Knudsen-orifice measurements, pressure of a sub- 
stance which vaporizes to form two gaseous species. 

3—The values obtained for the dissociation pres- 
sure of ZnS calculated from the Knudsen-cell meas- 
urements reported in this communication agree with 
those calculated from thermal data and also with 
equilibrium measurements to within the estimated 
accuracy of these latter measurements on the as- 
sumption of no ZnS molecules in the gas phase in 
equilibrium with solid ZnS. 

4—An attempt was made to further substantiate 
this point by noting the change in apparent pressure 
with the introduction of graphite in the Knudsen 
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shown that the reaction of sulphur with graphite 
was too slow at the temperatures used. 

5—It is concluded that the vapor in equilibrium 
with solid ZnS is predominantly Zn and S.. 
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Technical Note 


Diffusion of Boron in Alpha Iron 


by Paul E. Busby and Cyril Wells 


| rae study of data used in determinations of 
1—rates of diffusion of boron in austenite and 
2—-solubilities of boron in the a and y phases of iron 
and steel’ has provided an equation for the diffusion 
of boron in a iron. In brief, the previously published 
data were accumulated from the results of deboron- 
izing (and decarburizing) experiments carried out 
in the range of 700° to 1300°C. Diffusion coefficients 
(D,) for boron in austenite were calculated using 
the Grube solution of Fick’s law. However, only 
solubility values were estimated from the discontin- 
uous concentration-penetration curves, Fig. 1, which 
are characteristic of diffusion in two phases. 

Dr. Carl Wagner’ has recently provided a solution 
for calculating D values from penetration curves of 
this type as follows: 


Cre OF ( [1] 
e” erf 
Vay y) 
and D = —— [2] 
4yt 


where Cyu1, C,, C,, and € have the values shown in 
Fig. 1. D is the diffusion coefficient, sq cm per sec; 
t is time of deboronizing anneal, sec; and y is a di- 
mensionless parameter. 

For a given diffusion experiment, the value of y 
can be readily obtained by graphical solution from 
a plot of y vs the right-hand part of Eq. 1. D may 
then be evaluated from Eq. 2. 

The application of this solution to previously re- 
ported results,’ of which excerpts are given in Table 
I, permits the calculation of diffusion coefficients for 
boron in @ iron. 

On the basis of these meager data, it is tentatively 
concluded that the diffusion of boron in a may be 
represented by the equation 


where R is the gas constant, cal X °C* X mol”; and 
T is the absolute temperature, °K. Although the 
frequency factor, 10° sq cm per sec, is admittedly 
several orders of magnitude higher than expected, 
the value of Q, 62,000 cal per mol, appears reason- 
able and is, in fact, very similar to that for the self- 
diffusion of iron. It is pertinent to mention at this 
point that the value of Q obtained for the diffusion 
of boron in austenite by means of the Wagner solu- 
tion is 19,000 cal per mol and is in excellent agree- 
ment with the value previously reported’ in the 
equation 

De = 2x107 eer [4] 


which was determined by the application of the 
Grube solution to other data. The fact that de- 
termined constants A and Q in the equation 
D, = Ae“ were practically the same, independent 
of whether the Wagner or Grube solutions were 
used in determinations of D values, strengthened the 
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BORON 


<— 


DISTANCE FROM END SURFACE (CM.)—> 


Fig. 1—Schematic concentration-penetration curve representing dif- 
fusion of boron in two phases. 


Table |. Summary of Diffusion Experiments in the a Phase 


Solu- Dax108 


Test Time, Tempera- bility in a, i Sq Cm 
0 r ture, °C Pct B Cm per Sec 
11 94 700 0.0003 0.03 1.4 
12 97.8 751 0.0006 0.08 4.4 
13 17 835 0.0018 0.10 63 
14 850 <0.0035 0.035 


authors’ belief that the computed values of D, 
(Table I) using the Wagner solution are reliable. 

The relative values in Eqs. 3 and 4 for the diffu- 
sion of boron in the a and y phases, respectively, 
suggest that boron forms a substitutional solid solu- 
tion in a iron and an interstitial solid solution in y 
iron. The same tentative conclusion has been 
reached by McBride et al.* on the basis of relative 
solubilities, atom diameter, and the size of the in- 
terstitial hole in a and y iron. 

In connection with the data for test 14 listed in 
Table I, it is of interest to calculate the solubility of 
boron in a iron using the D value given by Eq. 3. As 
might be anticipated from the small movement of 
the interface in test 14, proper substitutions in Eas. 
2 and 1 give a low value, approximately 0.0004 pet 
B, at 850°C. Apparently at 835°C (test 13) eects 
possible to obtain 0.0018 pct B, and at 850°C only 
0.0004 pet B into solution in the a phase before a 
second phase appears. These observations are con- 
sistent with the Fe-B constitution diagram proposed 
by McBride, Spretnak, and Speiser.® 
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Creep-Rupture Characteristics of Al-Mg Solid-Solution Alloys 


by Arthur W. Mullendore and Nicholas J. Grant 


Three aluminum alloys of 0.94, 1.92, and 5.10 pct Mg, prepared 
from very high purity metals, were tested at 500°, 700°, and 900°F 
in creep rupture. The degree of strengthening through solid-solu- 
tion alloying and the effects on the deformation characteristics and 
fracture were examined. The ductility of the alloys as a function of 
stress and temperature was closely followed. 


TUDIES of the creep process in pure metals in 

recent years have done much to expand the 
understanding of the fundamental deformation and 
recovery processes that contribute to overall creep 
behavior. In order that this knowledge may be ap- 
plied to commercial alloys, it is necessary to know 
the principles governing the effect of alloying on the 
mechanisms of creep. A limited amount of work has 
been performed in this field, but few investigators 
have attempted to follow the changes in particular 
creep mechanisms with alloying. Recently, studies 
of the effects of solid-solution alloying on the plastic 
properties of aluminum have been conducted by 
Dorn, Pietrokowsky, and Tietz,” Sherby, Anderson, 
and Dorn,’ and Sherby and Dorn.’ 

This paper presents the results of an investigation 
of the effect of solid-solution alloying of high purity 
aluminum with magnesium on the creep-rupture 
properties, and correlates these observations with 
changes in the creep mechanisms. This work is thus 
an extension of the creep-rupture observations of 
Servi and Grant*° and the deformation studies of 
Chang and Grant.* 


Experimental Procedure 

Three alloys of aluminum containing approxi- 
mately 1, 2, and 5 pct Mg were tested. These alloy- 
ing additions are all within the solid-solubility lmit 
at the testing temperatures.© The analysis of the 
materials is presented in Table I. 

The tests fall into two categories: 1—creep-rup- 
ture tests at 500°, 700°, and 900°F, and 2—structure 
study tests performed primarily at 700°F. Speci- 
mens of 0.160 in. diameter with milled flats for 
metallographic observations” ’ were utilized for the 
structure studies. 

All specimens were annealed in one step to give 
the desired grain size for the tests. Table II presents 
the annealing data and final grain sizes. The speci- 
mens were polished electrolytically before testing 
with Jacquet solution (2/3 acetic anhydride, 1/3 
perchloric acid) at 25° to 30°C, and 15 to 20 v. 
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Table |. Analysis of Alloys Used in Creep-Rupture Tests* 


Elements, Pct 


Alloy No. Mg Cu Fe Si Na Ca 
0.94 0.002 0.007 0.004 0.000 0.000 
2 1.92 0.002 0.003 0.002 0.000 0.000 
3 5.10 0.002 0.002 0.004 0.000 0.000 


* The three alloys of aluminum and their analyses were furnished 
by the Aluminum Co. of America. 


Creep-rupture testing was performed under con- 
stant load with the apparatus previously described." 


Results and Discussion 

Creep-Rupture Properties: The log-log plots of 
creep-rupture data are presented in Figs. 1 and 2. 
For these very pure single-phase alloys, the mini- 
mum creep rate and the rupture life both exhibit 
straight-line dependence on stress in this method of 
plotting as they have for commercial alloys” * and 
for pure aluminum.* Curve breaks, based on the use 
of straight-line segments, at 500°F have been found 
by metallographic study to correspond to a transi- 
tion from low to high temperature behavior and so 
represent zones of equicohesion. Specimens on the 
high creep-rate side of the break showed normal 
granular deformation processes whereas those on 
the low creep-rate side showed rapidly increasing 
grain-boundary sliding and migration with extensive 
evidence of intercrystalline cracking at 500°F. Two 
micrographs of the 0.94 pct Mg alloy, Fig. 3, show 
the increased participation of the grain boundary in 
the deformation process at 500°F with decreasing 
stress. In Fig. 3a is shown the structure of a speci- 
men which exhibits little deformation along the 
grain boundaries and failed transgranularly; in Fig. 
3b is shown the increased deformation along the 
grain boundaries at a lower stress for a specimen 
which showed appreciable intercrystalline crack- 
ing. The severity of intercrystalline cracking in- 
creased with increasing magnesium content at 500°F. 

Intercrystalline cracking disappeared in most of 
the specimens at 700°F and persisted only in the 
5 pet Mg alloy at high creep rates. At 900°F all of 
the specimens deformed with extensive grain- 
boundary participation, including extensive grain- 
boundary migration. None of the alloys at 900°F 
showed intercrystalline cracking. 
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Table II. Annealing Data 


Annealing 


Tempera- Annealing Final Grain 


Alloy ture, °F Time, Hr Size 
Creep-Rupture Specimens 
0.94 pet 1000 3 0.9 mm average diameter 


0.9 mm average diameter 


1.92 pct M 1000 3 i 
0.8 mm average diameter 


5.10 pet Mg 1000 6 


Flat Specimens for Metallographic Observation ; 
1 to 2 grains across 


0.94 pet Mg 1050 24 to 36 diameter of specimen 
1 to 3 grains across 

1.92 pect Mg 1050 36 to 48 diameter of specimen 
2 to 4 grains across 

5.10 pct Mg 1020 100 diameter of specimen 


Equicohesion zones as determined from the log- 
log plots at 500°F and confirmed by microexamina- 
tion are given in Table III. Equicohesion shifts, 
slightly, to higher strain rates and lower rupture 
time, but at markedly higher stress levels, as the 
percentage of magnesium increases, permitting the 
use of higher stresses at a given temperature with- 
out encountering intercrystalline cracking. 

The stress to rupture values shown in Fig. 4 are 
based on the data in Fig. 2 and on the results of 
Servi and Grant.‘ While the data for pure, 99.995 
pet, aluminum were obtained from constant stress 
tests, they offer an approximate basis of comparison. 
Comparable values at constant load would be some- 
what lower than those shown for the zero mag- 
nesium alloy content. Fig. 4 shows the strengthen- 
ing of aluminum from solid-solution alloying with 
magnesium. The gain through alloying is larger at 
500°F than at 700° or 900°F. The first 1 pct alloy 
addition results in the largest improvement in 
strength. 

An examination of the data was made to deter- 
mine the influence of grain-boundary deformation 
processes on the ductility. It must be emphasized 
that these ductile alloys, tested at constant load, 
often exhibited a very extensive third stage of creep 
which could not be entirely due to necking down or 
intercrystalline cracking. The rapidly increasing 
creep rate, rather, is due to stress intensification re- 
sulting from relatively uniform reduction of cross- 
sectional area. The phenomenon is illustrated in 
Fig. 5 by the creep curves of two of the 1.92 pct Mg 
specimens tested at 500°F. One of the specimens, 
2-III, had a very short rupture life of 0.055 hr at 


500° F 
5.10%Mg 
10,000 1.92% M9 
| 700° F 
SE 0.94%Mg 
LE 5:10%Ma 
0.94%Mg 
99.995%AI_ 
1000 
= 
- 
<=, 
700° F 
99995%A1_— 
900° F 
100 99.9959, Al 
0.001 0.01 Ol 1.0 10 


MINIMUM CREEP RATE (HOUR™) 


Fig. 1—Log stress, log minimum creep-rate plot at 500°, 700°, and 
900°F for Al-Mg solid-solution alloys, compared with high purity Al.‘ 
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Fig. 2—Log stress, log rupture-life plot at 500°, 700°, and 900°F 
for Al-Mg solid-solution alloys, compared with high purity Al.* 


8700 psi, and the other, 2-VIII, ruptured in 56.7 hr at 
3000 psi. Note that the time scale in Fig. 5 is gradu- 
ated in percentage of rupture life. Specimen 2-III 
shows the more commonly observed behavior, 
namely, a long fairly constant second-stage creep 
followed by a relatively short third stage of creep. 
Specimen 2-VIII has a very long third stage of creep 
which is quite typical of these alloys in the longer 
time creep-rupture tests at higher temperature. The 
phenomenon is exaggerated somewhat by the use of 
linear strain rather than a true strain ordinate, but 
is still very evident in the latter method of plotting. 
Because the elongation in this stage is large and ex- 
tends over a long time period, the final necking 
down prior to failure is not sharply evident in the 
creep curve. 

True elongations (elongation at end of second 
stage of creep) at 500°F are plotted vs rupture life 
in Fig. 6. There appears to be a maximum in the true 
elongation in the proximity of the equicohesive zone, 
after which there is a marked decrease. The true 
elongation at 500°F follows the pattern observed in 
the past for pure aluminum‘ and for several com- 
mercial alloys,** such that, when intercrystalline 
cracking prevails, 1—true elongation decreases with 
increasing alloy content, and 2—true elongation de- 
creases with decreasing stress (decreasing strain 
rate). At the higher testing temperatures, 700° and 
900°F, temperatures at which intercrystalline crack- 
ing did not occur, the trend of true elongation with 
increasing rupture life has not been definitely estab- 
lished but the change of true elongation with tem- 
perature is quite clear. Fig. 7 shows the average 
true elongation for all the specimens of each alloy 


Table III. Equicohesion Transition at 500°F as a Function of Alloying 


All 
99.995 Pct Al, a 
from 0.94 1.92 5.10 
Serviand Grant4 Pct Mg Pct Mg Pet Mg 
Stress, psi 1500 
inimum 3900 5800 9100 
rate, hr-1 0.03 0. 
Rupture time, hr 50 
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95% Al 
ite) 100 


a—Low temperature 
behavior, 5000 psi. 


Fig. 3—Surface-deformation patterns in 0.94 pct Mg alloy tested at 500°F. (See 


Fig. 2.) X100. 


which were tested at each temperature. The average 
true elongation of all alloys increases with tempera- 
tures above 500°F, a fairly unexpected behavior 
when viewed in the light of the behavior of more 
complex commercial alloys.*** 

The Al-Mg alloys also displayed an unexpected 
behavior as regards total elongation values, see Fig. 
8. Total elongation increased with temperature and 
at 900°F even increased with alloy content; whereas 
at 500°F the results were reversed. At 700°F the 
results are mixed. These results at 900°F are related 
directly to the occurrence of the long period of 
tertiary creep during which uniform elongation 
takes place. This observation corresponds to that of 
Sherby et al.” who noted the continuance of uniform 
elongation beyond the point of maximum load in 
high temperature tensile tests of similar alloys. 
Each point represents the average total elongation 
of all the specimens of each alloy which was tested 
at each temperature. 

Structure Studies: In an effort to correlate the 
observations of increased strength and creep resis- 
tance with increasing solid-solution alloying, and to 
interpret the incidence of intercrystalline fracture 
at 500°F and its disappearance at 700° and 900°F, 


20,000 | 
0.1 HR- 500°F 
10,000 | 380% 
is 
425% 
+ 1OOHR- 500°F | 
aa 
0.IHR - 900°F = 
375% 
w 10000 
— 
lOOHR- 700°F 
=I 
=) 
1JOOHR- 900°F 
150% 
100 ! 
° 2 3 4 5 6 


PER CENT MAGNESIUM 


Fig. 4—Improvement in‘ stress for rupture for 0.1 and 100 hr 
rupture life at 500°, 700°, and 900°F with increasing Mg 
content. Percentage values at end of each curye show in- 
crease in rupture stress compared to pure Al. 
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b—High temperature 
behavior, 2500 psi. 


and to explain some of the unexpected ductility 
variations, extensive studies of structural deforma- 
tion changes were undertaken. It was decided to 
compare the alloys at approximately equal strain 
and strain rates, bearing in mind that the stress 
level is at all times higher for the more highly 
alloyed materials. 

It should be kept in mind that the structure 
studies were performed on coarser-grained speci- 
mens than were used for the creep-rupture data. 
This permitted easier, clearer observations of the 
deformation taking place, and did not change the 


60 
w 40 
a 

SPECIMEN 
3 56.7 HR. 
= 
SPECIMEN 2-II 
0.055 HR. 


°5 20 40 60 80 100 
TIME (PER CENT OF RUPTURE TIME) 


Fig. 5—Two types of curves encountered in creep-rupture tests. 
These are for 1.92 pct Mg at 500°F, specimen 2-VIII at 3000 psi 
and 2-II1 at 8700 psi. 
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Fig. 6—Second stage (true) elongation of Al-Mg alloys at 500°F 
ys rupture time. Arrows show position of equicohesive break in Fig. 2. 
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Fig. 7—Second-stage elongation (true) as a function of test 
temperature. Each value is the average of all tests at that 
temperature for each alloy. 


nature of the deformation except in degree. The 
stresses and strain rates were approximately com- 
parable for the creep-rupture and the structure- 
study specimens. 

The first group of specimens selected for compari- 
son are listed in Table IV; they are for a relatively 
low strain rate of about 9.01 per hr. 

Figs. 9, 10, and 11 are typical of the structures 
observed throughout the specimens of group I. In 
these, as in all subsequent pictures, the stress axis is 
vertical. 


Table IV. Specimens for Structure Comparison at Low Strain Rates 


GroupI 
Specimen Tempera- Strain Stress, Elonga- 
No. Mg, Pct ture, °F Rate, Hr-1 Psi tion, Pot 
MO 0.94 700 0.003 600 4 
2C 1.92 700 0.01 660 2 
3B 5.10 700 0.012 900 3 
200 
lJ 
ox 
LJ 
= 
100 


TOTAL ELONGATION 


fe) 


500 700 3900 
TESTING TEMPERATURE (°F) 
Fig. 8—Total elongation vs test temperature. Each value is 


the average of all tests at that temperature for each alloy. 
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Fig. 9, the 0.94 pct Mg specimen, shows a consid- 
erable amount of grain-boundary deformation with- 
out signs of marked deformation within the grains. 
A great deal of grain-boundary migration has taken 
place as is evident in grain II. A fold is seen in 
Fig. 9 at 2, resulting from the sliding of grain UI 
along boundary 1. The fold is not sharp or long as it 
often is in pure aluminum for similar amounts of 
deformation. This is probably due to the greater 
strength of the alloyed grain. ; 

No significant structural differences were notice- 
able in the examination of the 1.92 pct Mg specimen. 
Extensive grain-boundary sliding and migration are 
shown in Fig. 10. That considerable grain-boundary 
sliding occurred is shown in Fig. 10 by the pattern 
of lines left on the surface by grain III before it was 
consumed. Where these lines cross grain boundary 
1, they have shifted as a result of sliding between 


Table V. Specimens for Structure Comparison at High Strain Rates 


Specimen Tempera- Strain Stress, Elonga- 
a No. Mg, Pct ture, °F Rate, Hr-1 Psi tion, Pct 
IF 0.94 700 0.10 1600 
2A 1.92 700 0.17 2300 3% 
3A 5.10 700 0.12 2500 3 


grains II and IV. Subgrain patterns on the surface 
are visible. Close inspection of the texture of grains 
II and IV of Fig. 10 showed that the slip spacing was 
smaller in this alloy than in the 0.94 pct Mg alloy. 
Although no folds are shown, they occurred with 
about the same frequency as in the 0.94 pct Mg alloy. 

The 5.10 pet Mg alloy reveals more striking dif- 
ferences in creep behavior. Fig. lla shows the sharp 
reduction of grain-boundary migration as compared 
to Figs. 9 and 10. Only two boundaries, 1 and 4, 
show any appreciable migration. An interesting be- 
havior is exhibited by grain II, a nonequilibrium, 
four-sided grain. It was not consumed as would be 
expected from previous observations and surface 
energy considerations, but instead is growing. An- 
other case of unusual behavior is noted in Fig. 11b. 
Grain boundary 1 has migrated to position 2 without 
any migration of boundary 3 to maintain the low 
energy triple point. This was confirmed by re- 
polishing and etching. It is probable that 4 repre- 
sents a fold which acted as a terminus for boundary 
1. The wide black line running from top to bottom 
of Fig. lla is a reference scratch put on the speci- 
men before deformation. It shows, by its offset in 
grain I, the existence of considerable boundary slid- 
ing. Comparison of the texture of the grains shows 
that the slip-band spacing is finer with increasing 
magnesium because of the higher stress level neces- 
sary to produce equal strain rates. The widely 
spaced slip lines occurred during handling. Three 
folds, 2, 3, and 5, are shown in Fig. lla. Folds in this 
alloy were very short and broad, and they occurred 
with only slightly less frequency than in the 0.94 
and 1.92 pct Mg alloys. 

A second group of specimens tested at higher 
stresses, higher strain rates, are listed in Table V. 

Fig. 12 is typical of the 0.94 pct alloy. It shows 
concentrated deformation at and near the grain 
boundary with relatively slight grain-boundary 


migration. Fig. 12 is an intermediate structure be- . 


tween those shown by Figs. 9 and 10 and the 500°F 
structures of Fig. 3 which resulted in intercrystal- — 
line cracking. This heavy localized deformation is 
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Fig. 9—Typical defor- 
mation structure for 
0.94 pct Mg alloy at 
700°F and 600 psi, 
creep rate of 0.003 hr-. 
X150. Area reduced 
approximately 30 pct 
for reproduction. 


a—Shows boundary mi- 
gration and folds. X100. 


Fig. 10—Typical de- 
formation structure for 
1.92 pct Mg alloy at 
700°F and 660 psi, 
creep rate of 0.01 hr”. 
X100. Area reduced 
approximately 30 pct 
for reproduction. 


b—Shows nonequilibri- 
um migration of bound- 
ary 1 to 2. X200. 


Fig. 11—Typical deformation structures for 5.10 pct Mg alloy at 700°F and 900 psi, 


creep rate of 0.012 hr*. Area reduced approximately 30 pct for reproduction. 


Fig. 12—Typical de- 
formation structure for 
0.94 pct Mg alloy at 
700°F and 1600 psi, 
creep rate 0.10 hr”. 
Note large fold oppo- 
site boundary 1. X100. 


shown in area 1. Slip spacing is extremely fine as 
may be seen by careful examination of the grain 
textures and is associated with the high stresses 
used in these tests. Again no marked differences 
were noticeable in the deformation structures of the 
1.92 pct Mg alloy, Fig. 13, as compared to the 0.94 
pet alloy at this strain rate. A large broad fold is 
noted in Figs. 12 and 13 which is typical of the de- 
formation structures where heavy grain-boundary 
deformation occurs without extensive grain-bound- 
ary deformation. 

A marked difference in the 5.10 pct Mg alloy, Fig. 
14, is again noted compared to the 0.94 and 1.92 pct 
alloys. Grain-boundary sliding and migration ap- 
pear quite erratic, being heavy along some bound- 
aries and very slight along other boundaries. In 
some instances considerable migration took place 
without the usual step-wise markings and with an 
undefinable structure within the migration zone, 
Fig. 13a, points 3 and 4. The folds‘ seen in this 
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Fig. 13—Typical de- 
formation structures for 
1.92 pct Mg alloy at 
700°F and 2300 psi, 
creep rate 0.17 
Note large fold. X100. 


specimen are short and the deformation within them 
diffuse. The grains generally have smoothly curved 
surfaces, suggesting that grain deformation is more 
uniform than in the lower alloyed materials. 

Of special interest are the subgrain boundaries 
noted in Fig. 14, since these types of subboundaries 
have not been observed in the other two alloys and 
in pure aluminum. See areas 2 and 5 in Fig. 13a, 
and 1 to 5 in Fig. 14b. It is not clear whether these 
markings represent migrated subboundaries, or 
deformation bands between subgrains, or kinks. 
These boundaries are fairly broad and are oriented 
parallel to the boundaries of the grains in which 
they occur. This may indicate that they are the 
result of a high shear stress parallel to the sliding 
grain boundaries. There is evidence that they oc- 
curred late in the deformation process. 

A comparison of group II specimens with group I 
will reveal a striking difference in behavior result- 
ing from an increase in strain rate by a factor of 10. 
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By 


a—Note fold 1 and 
boundaries 2 and 5. 


b—Note wide, num- 
bered subboundaries. 


Fig. 14—Typical deformation structures for 5.10 pct Mg alloy at 700°F and 2500 psi, 
creep rate 0.12 hr“. X100. Area reduced approximately 30 pct for reproduction. 


Since the lower stress and strain rate of group I 
allow more time for recovery of strained grain 
boundaries via grain-boundary migration, the de- 
formation produced in that part of the grain ad- 
jacent to the grain-boundary region is much less 
severe and less concentrated. The decreased time 
available for migration at higher strain rates causes 
grain-boundary sliding to be more concentrated, as 
is evident by observation of the grain-boundary de- 
formation at 500°F, see Fig. 3. The formation of 
folds is more frequent and the folds are much longer 
at the higher strain rate at 700°F, probably because 
of the higher local stress imposed on the grain at 
the triple point. 

Figs. 15 and 16 are additional pictures of folds. 
These are some of the largest folds observed thus 
far and all occurred in a 1.92 pect Mg specimen de- 
formed at 700°F with a strain rate of 0.91 hr”. The 
micrographs illustrate the variations observed in the 
appearance of folds. Many appear to form entirely 
by slip as in Fig. 15. Here, it appears, a major slip 
plane was oriented in such a favorable position with 
respect to the locus of the triple point that it could 
by itself accommodate the sliding along the opposite 
grain boundary. Fig. 16 shows a fold which appears 
to be a kink band. Note that this fold is in a small 
grain on the edge of the specimen, so there was no 
restrictive effect of other grains on the fold forma- 
tion. Other folds normally observed appeared to be 
formed by a combination of slip and kinking. 


Summary 


A transition from low temperature to high tem- 
perature behavior occurs for the 0.94, 1.92, and 5.10 


Fig. 15—A fold along 
slip elements in line 
with direction of slid- 
ing grain boundary. 
For 1.92 pct Mg alloy 
tested at 700°F, with 
creep rate of 0.91 hr. 
X100. 
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pet Mg alloys of aluminum at 500°F. The transition 
is indicated graphically by the usual breaks in the 
log-log plots of stress vs rupture life and minimum 
creep rate. The incidence of high temperature de- 
formation was supported by the true elongation 
data at 500°F. Metallographically, high tempera- 
ture behavior was evidenced by active and exten- 
sive grain-boundary deformation and by intercrys- 
talline cracking of all three alloys at 500°F. The 
intercrystalline cracking became more extensive 
with increasing alloy content at 500°F and the frac- 
ture of the 5.10 pct alloy was entirely intercrystal- 
line. 

At 500°F, the deformation along the grain bound- 
aries was heavy with restricted grain-boundary 
migration. The true elongation decreased with in- 
creasing alloy content and with increasing time at 
temperature. 

At 700°F intercrystalline cracking was practically 
nonexistent and both true and total elongation val- 
ues increased over those at 500°F. 

Extensive grain-boundary migration was evident 
as compared to observations made at 500°F. The 
grain-boundary behavior at 700°F was more like 
that observed in high purity aluminum. 

At 900°F the trend of behavior noted at 700°F 
was continued with no intercrystalline cracking. 
Grain-boundary migration was extremely extensive 
and true, and total elongation increased sharply. At 
900°F, contrary to the 500°F tests where recovery 
processes were restricted, the ductility increased 
with increasing alloy content. 

Of extreme interest was the observation that 
whereas high purity aluminum, 99.995 pet, never 


Fig. 16—A kink fold 
in a grain at a free 
edge of the specimen. 
For 1.92 pct Mg alloy 
tested at 700°F, with 
creep rate of 0.91 hr7. 
X100. 
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showed intercrystalline cracking, an addition of 0.94 
pet Mg of high purity to this high purity aluminum 
brought about unquestionable evidence of inter- 
crystalline cracking. As soon as the temperature 
was raised, to 700°F, recovery processes became 
active via grain-boundary migration and subgrain 
formation to prevent intercrystalline cracking. 

Solid-solution alloying resulted in increased high 
temperature strength and creep resistance at all 
three test temperatures, but with bigger benefits at 
the lower temperatures and higher stresses. 

None of the modes of deformation and recovery 
noted in pure aluminum‘ disappeared upon alloy- 
ing up to 5.10 pct Mg, but there were definite 
changes in the extent of participation of some of 
these processes: 

1—Grain-boundary migration was markedly af- 
fected at 500°F, and resulted in intercrystalline 
cracking. 

2—Grain-boundary sliding is still a fundamental 
mode of high temperature deformation. 

3—Folds occurred in all alloys but were sensitive 
to changes in strain rate and temperature. They be- 
came shorter and less sharp with increasing alloy 
content. The reduction in frequency was slight. 
Folds were longer and sharper with increasing grain- 
boundary deformation and where grain-boundary 
migration was confined. Folds were noted to be 
combinations of slip and sharp bending of the lattice. 

4—_FExtensive kinking was rare in these alloys. 

5—No systematic study of substructure was made 
but such structures were readily evident. A sub- 
grain boundary of an unusual type was noted in the 
5.10 pet Mg alloy at 700°F. 
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Precipitation of Iron Oxide from Alpha Fe-O Solid Solutions 


by A. U. Seybolt 


Precipitation of FeO from Fe-O solid solutions has been studied 
by metallographic methods. Such precipitation, which is visible, is 
composed largely of barely resolvable spheroidal particles. No 
metallographic evidence has been found for grain-boundary oxide 
films. Oxygen diffusion into o iron does not occur chiefly by inter- 


granular penetration. 


N an earlier communication’® dealing with the solid 
solubility of oxygen in a iron, it was shown that 


PRS SEYBOLT, Member AIME, is associated with the Research 
Laboratory, General Electric Co., Schenectady. 

Discussion on this paper, TP 3825E, may be sent, 2 copies, to 
AIME by Jan. 1, 1955. Manuscript, Jan. 29, 1954. Chicago Meeting, 
November 1954. 


TRANSACTIONS AIME 


under one set of conditions it was possible to show 
FeO precipitated from supersaturated solid solution. 
However, to assist in rationalizing the effect of an 
FeO second phase upon the mechanical properties of 
iron, it would be desirable to have more information 
on the possible modes of precipitation and on the 
thermal treatments required to produce precipitation. 
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Fig. 1—Partial Fe-O phase diagram. 


Because of the comparatively minute amount of 
oxygen soluble in a iron, about 0.03 pct max, the 
metallurgist is nearly restricted to microscopic ex- 
amination as a means of following FeO precipitation. 
X-ray diffraction, for example, is hardly feasible for 
showing such effects as that the change in lattice 
parameter is less than 0.0002A.* Similarly, methods 
which rely upon changes in thermal properties could 
not be expected to be sufficiently sensitive, at least 
with ordinary techniques. 

It was the object of this investigation to make 
qualitative observations on the microstructures of 
Fe-O alloys as related to heat treatments based upon 
the phase diagram established in the investigation 
referred to above.’ 


Material and Experimental Procedure 

The iron used in this work was the same National 
Research Corp. high purity iron employed previ- 
ously, and an analysis of which is reported in Table 
I. The metallic impurities were determined by the 
supplier, as were the nonmetallic impurities except. 
for carbon. Several repeat carbon analyses per- 
formed at the Research Laboratory showed a some- 
what higher value, 0.003 pct. Two independent oxy- 
gen analyses by different operators checked the 
oxygen value given above. In general, two concen- 
trations of Fe-O alloys were investigated: an alloy 
containing 0.03 pct O, corresponding to the satura- 
tion limit at 900°C, and the “pure” iron to which 
nothing was intentionally added, but which con- 
tained about 0.006 pct O. 

The heat treatments were carried out on thin 
transverse strips cut from the 0.020x0.5x2 in. satu- 
ration samples. To prevent possible reaction with 
the fused silica evacuated tube in which these sam- 


Table I. Chemical Analysis of NRC Iron 


Al <0.001 Mn 0. 

As <0.001 (not detected) Mo oct 

Ca <0.001 Ni <0.03 to 0.003 
Co <0.001 Pb <0.001 

(Se <0.001 Si <0.005 

Cu 0.0001 to 0.00001 Sn <0.001 

Hg <0.001 (not detected) Ti <0.001 

Mg 0.003 to 0.0003 Vv <0.001 

(e 0.0013 to 0.003 N 0.000047 

Oo 0.006 
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Fig. 3—Original iron after dry hydrogen treatment at 1200°C i 


ples were heated, the samples were first wrapped in 
0.001 in. thick foil made from the same iron. The 
fused silica tubes were suspended by thin Nichrome 
wires in vertical Inconel tubes mounted in a Ni- 
chrome-wound electric-resistance tube furnace. 
Temperature was controlled to 
any possible reaction during cooling, all samples 
were quenched in ice water by crushing the fused 
silica tubes under the water with a steel rod thrust 
down through the Inconel tube and into the water. 
Two samples which were given dry hydrogen treat- 
ments at 1200°C were heat treated in a molyb- 
denum-wound hydrogen furnace inside an iron 
retort flushed with hydrogen of about —T70° to 
—80°F dew point. 


Partial Fe-O Phase Diagram 


The microstructures to be shown may be corre- 
lated with the phase diagram in Fig. 1. This com- 
bined diagram was established by Seybolt’ in the 
a region and by Kitchener et al.* in the y region. 
While Kitchener et al. could not distinguish between 
0 pct O and 0.003 pct O soluble in y iron, they claim 
that, in any case, the solubility does not exceed the 
latter figure. The actual solubility between these 
two limits is immaterial for present purposes. It is 
significant that the solubility decreases by at least a 


Fig. 2—Original NRC-58 iron containing about 0.006 pct O as 
vacuum annealed at 850°C for 2 hr. Rapid cool, but not quench. 
Shows a few inclusions which are presumably oxides of higher free 
energy than iron oxide. X1000. Area reduced approximately 30 pct 
for reproduction. 


16 hr. Rapid cool in hydrogen furnace. Structure has been com- 
pletely “cleaned up” by this treatment, substantiating the sugges- 
tion that inclusions in original iron (Fig. 2) were probably oxides. 
X1000. Area reduced approximately 30 pct for reproduction. 
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Fig. 4—Original iron soaked with excess oxygen for 24 hr at 900°C, 


which caused 0.028 pct O pick-up. Sample rapidly cooled to room 
temperature then heated to 600°C for 24 hr. Ice water quench. 
Structure is essentially identical to Fig. 2; no clearly visible FeO 
precipitate in spite of the 600°C treatment. X1000. Area reduced 
approximately 30 pct for reproduction. 


factor of 10 in heating from 900°C in the high a 
region to 925°C for example, in the low y region. 
Hence, if the phase diagram shown is correct, an 
FeO precipitate would be expected on heating an 
alloy containing about 0.03 pct to 925°C. 

A similar behavior would be expected on cooling 
the same alloy to around 700°C, providing, of course, 
that sufficient time is allowed for the necessary nu- 
cleation and growth of FeO particles. 

Because of the findings of Rees and Hopkins’ and 
of Fast," whose work suggests the presence of inter- 
granular films of oxide in pure iron, special atten- 
tion was focused on this possibility. 


Experimental Results 


Because this work is entirely a metallographic 
study, the results are presented as a series of micro- 
graphs with the pertinent data recorded in each 
caption. Unless otherwise stated, the etching solu- 
tion was 1. pct nital. All of the micrographs were 
taken at a magnification of X1000 [and the area was 
reduced approximately 30 pct for reproduction— 
Ed. ]. 

Discussion of Micrographs: Fig. 2 shows the 
general structure of the original iron with no change 
in its oxygen content. There are a few inclusions 
which were not positively identified, but which are 
probably more stable oxides than FeO. These oxides 
would be expected from the small amount of oxy- 
gen and metallic impurities present such as mag- 
nesium, aluminum, silicon, etc., even though these 
are not present in a large amount (see Table I). 

Fig. 3 shows the microstructure of the original 
iron after a dry hydrogen treatment at 1200°C. This 
solid-state deoxidation treatment was evidently 
quite effective, since the inclusions are no longer 
visible, thus lending support to the idea that they 
were oxides. 

After adding approximately the maximum 
amount of oxygen in solid solution (0.028 pct), by 
soaking the iron at 900°C with a small excess of 
oxygen gas and rapidly cooling, the oxygen is nearly 
all in solution. Fig. 4, which shows such a structure, 
is essentially identical to Fig. 2 with only 0.006 pct 
O. This is a visible indication that the oxygen is 
essentially all in solid solution. Of course, it is quite 
possible that if this sample were examined with the 
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Fig. 5—Original iron picked up 0.030 pct O during 24 hr soak at 
900°C, rapid cool to room temperature. Sample was then heated to 
900°C for 15 min, then cooled to 850°C and successively to lower 
temperatures to 650°C at 50°C increments, changing to next lower 
temperature every 15 min. Ice water quench. 5 pct picral etch. This 
slow cooling in the high @ region resulted in considerable precipita- 
tion and some agglomeration of FeO spheroids. X1000. Area re- 
duced approximately 30 pct for reproduction. 


Fig. 6—Same sample (0.03 pct O) as in Fig. 5 through 900°C, 24 
hr soak, and rapid cool. At this point, when oxygen was in solution, 
the sample was heat treated 412 days at 800°C, followed by ice 
water quench. Very fine, unresolyable precipitate formed isother- 
mally at 800°C. X1000. Area reduced approximately 30 pct for 
reproduction. 


electron microscope, some precipitation might be 
evident upon investigation. 

If this same sample is now cooled slowly from 
900°C in the high a region to around 650°C, a con- 
siderable amount of oxide precipitation occurs, as 
shown in Fig. 5. Note the very pronounced sphe- 
roidal habit. 

Fig. 6 shows the same kind of effect, but on a 
much finer scale. It was noted repeatedly that iso- 
thermal precipitation was often so fine that fre- 
quently there was some question of its presence 
when the light microscope was used. On the other 
hand, slow cooling always seemed to provide a spec- 
trum of precipitate particles including many of 
easily visible size. 

If a sample containing an oxygen content close to 
the a saturation limit is heated into the y region, a 
voluminous precipitate occurs because of the much 
lower solubility of oxygen in y iron. Fig. 7 shows 
this effect for an iron containing 0.03 pct O heated 
for several hours at 925°C. This result is, of course, 
what would be predicted by the work of Kitchener 
et al.,” and hence by the phase diagram of Fig. 1. 
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Fig. 7—Same sample (0.03 pct O) as in Figs. 5 and 6 through 
900°C, 24 hr soak, and rapid coo!. The sample was then heated to 
925°C in y iron region for 20 hr, followed by ice water quench. 
Because of the low oxygen solubility in y iron, much FeO was 
precipitated in a manner which suggests preferential precipitation 
along subgrain boundaries. X1000. Area reduced approximately 30 
pct for reproduction. 


Fig. 8—Original iron (see Fig. 2) after heating to 925°C for 22 hr, 
ice water quench. While the density of FeO is not as great as in 
Fig. 7, it is still prominent because the ~0.006 pct O in the 
original iron exceeds the solubility at 925°C. X1000. Area reduced 
approximately 30 pct for reproduction. 


The original iron containing only 0.006 pct O and 
heated to 925°C (Fig. 8) also shows a similar effect 
which, at first glance, looks much like Fig. 7 with a 
much higher oxygen content. Closer inspection, 
however, will reveal that the latter sample does not 
show nearly as much precipitate as the 0.03 pct O 
alloy. It does, however, show a precipitate because 
the solubility limit is less than 0.006 pct O. 

If the oxygen content is considerably reduced by 
a prolonged anneal at 1200°C in dry hydrogen and 
is then given the y heat treatment, no appreciable 
amount of precipitation occurs, as is demonstrated 
in Fig. 9. Here, the oxygen content was lowered to 
about the same order of magnitude as the y solu- 
bility limit; hence, no obvious precipitate was noted. 

Grain-Boundary Films: No evidence was found 
which suggested the presence of films of iron oxide 
at the grain boundaries in any of the samples in- 
vestigated by metallographic methods. However, 
failure to find oxide films at the grain boundaries 
does not mean they do not exist. 

When a supersaturated Fe-O alloy is heat treated 
to produce visible precipitation, such precipitation 
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Fig. 9—Original iron given dry hydrogen treatment at 1200°C, 16 
hr, and then wrapped in foil and heated to 925°C for 21 hr, fol- 
lowed by ice water quench. Compare with Fig. 8. Evidently the dry 
hydrogen treatment reduced the oxygen level to a point where it 
barely exceeds the solubility limit at 925°C. X1000. Area reduced 
approximately 30 pct for reproduction. 


occurs generally throughout the structure (see Figs. 
5 through 7). This circumstance indicates that only 
a small fraction of the dissolved oxygen can pre- 
cipitate at the grain boundaries, but it may be an 
important small fraction. However, because a large 
part of the dissolved oxygen does precipitate in a 
general manner, this distribution must mean that it 
is dissolved in a general manner. If this rationaliza- 
tion is correct, then the suggestion made by Kitch- 
ener et al.’ that “the diffusion of oxygen in iron is 
probably intergranular’? must be incorrect, at least 
in the samples examined here. 

There is, however, some indication that the iron- 
oxide precipitate forms preferentially along a net- 
work of subgrain boundaries. This effect is brought 
out most clearly in Fig. 7, but can be seen also in 
Fig. 6. 

Conclusions 

The microstructures agree qualitatively with the 
partial Fe-O phase diagram presented in Fig. 1. As 
predicted by the phase diagram, FeO is precipitated 
on cooling a supersaturated a solid solution. Also as 
predicted, FeO is precipitated when such an alloy is 
heated to the y region. 

The precipitation of FeO isothermally at 700° to 
800°C is sluggish, but more rapid precipitation and 
agglomeration occurs on slow cooling in the high a 
region. The precipitate in any case is small, sphe- 
roidal, and often not resolvable with the light mi- 
croscope (X1000 magnification). 

It is suggested that the iron oxide precipitate 
which has an effect upon the mechanical properties 
of iron is not the one shown in the micrographs. 
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Ferromagnetism of Certain Manganese-Rich Alloys 


by E. R. Morgan 


A series of manganese-rich ferromagnetic alloys has been studied. 
The alloys are based upon an interstitial solution of carbon in man- 
ganese. In each of the systems investigated, the ferromagnetic phase 
was found to be face-centered-cubic in structure. This magnetic 
phase is based upon the composition (Mn, X);C; where X is a metallic 
element which has both a positive size factor with respect to man- 
ganese and a high positive valence. Typical elements of this type are 
aluminum, indium, and tin. Preliminary magnetic measurements in- 
dicate that the effective magnetic moment of manganese in the 
alloys is at feast 1.0 Bohr magneton per atom. It is emphasized that 
the critical atomic separation beyond which ferromagnetism can 
occur will be governed by the electronic configuration of the man- 
ganese atoms. Lattice parameter measurements show that the 
ferromagnetic condition in the present alloys is associated with an 
increased atomic separation of only 3 to 6 pct compared with a 


hypothetical face-centered-cubic lattice of pure manganese. 


Nise which is paramagnetic and not 
ferromagnetic in the pure state can become 
ferromagnetic if suitably alloyed. Under favorable 
conditions manganese can have an effective ferro- 
magnetic moment of the order of 3.4" * or even 4.0° 
compared with a moment of 2.2 Bohr magnetons for 
iron. 

The incidence of ferromagnetism is believed to be 
controlled by the degree of atomic separation.” ° This 
is consistent with the fact that the atomic separa- 
tion, when considered in terms of the ratio of the 
atomic diameter R to the diameter r of the 3d-shell, 
is larger in the ferromagnetic metals. The values of 
R/r calculated by Slater,‘ for metals of the iron 
group are given in Table I, and Slater has suggested 
that the critical ratio of R/r is 1.5. 

Consideration of the criterion of atomic separation 
alone would suggest that there are three classes 
of possible ferromagnetic manganese alloys: 1— 
Ordered structures, of either solution or compound 
types, such that manganese atoms are not near 
neighbors; 2—Structures in which the separation of 
near-neighbor manganese atoms is sufficiently in- 
creased by the presence of suitable solute atoms; 
and 3—Dilute solutions of manganese. Typical ferro- 
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Table |. Values of R/r Calculated by Slater’ 


Ti Cr Mn Fe Co Ni 


1.12 1.18 1.47 1.63 1.82 1.97 


magnetic alloys of types 1 and 2 are the Heusler 
alloys and Mn,N, respectively. There are no recog- 
nized ferromagnetic alloys of type 3. 

In view of the proximity of the ratio R/r for man- 
ganese to the critical ratio of 1.5, the present work 
was concentrated on manganese-rich alloys rather 
than on ferromagnetic alloys of low manganese con- 
tent, several examples of which are already known. 
Calculation of the distance of closest approach of 
manganese atoms in each of its allotropic forms, 
Table II, indicates that the high temperature y phase 
provides the most suitable basis for ferromagnetic 
alloys of high manganese content. However the high 
temperature forms of pure manganese cannot be 
retained on quenching, although a face-centered- 
tetragonal form apparently can be produced by 
electrodeposition. 

Since the critical separation which must be ex- 
ceeded in order to obtain ferromagnetism is depend- 
ent upon the number of electrons in the d-shell, 
no exact critical value of R/r can be assumed. Not 
only will this separation vary from one pure metal 
to another, but it will also vary with the valency of 
the given type of atom when it is in an alloy. Raynor* 
has shown that metals of the iron group probably 
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Fig. I—Alloy 
water quenched 
from 1050°C, show- 
ing grain-boundary 
and Widmanstaet- 
ten precipitation of 
Mn,.C, and 8 man- 
ganese. Etched in 
4 pct nitric acid in 
absolute alcohol. 
X750. 


assume a negative valence when in the presence of 
a high concentration of strongly electropositive ele- 
ments although they may have zero valence under 
another set of conditions. Moreover, in the pure 
state all metals must have a positive valence. 

The following experiments were simply an attempt 
to produce the maximum possible separation of 
manganese atoms in a manganese-rich phase in the 
expectation that this experimental work would re- 
sult in a ferromagnetic alloy. 


Experimental 

It has been reported that the preparation of man- 
ganese alloys in the presence of hydrogen or nitrogen 
can lead to ferromagnetism. Thus, in order to avoid 
spurious results, the present alloys were melted, cast, 
and annealed under purified argon. Melting under 
an argon atmosphere rather than in vacuum mark- 
edly reduced the volatilization of manganese and 
other metals of high vapor pressure. 

The following base materials were used for the 
alloys: manganese of 99.9 pct purity, donated by the 
Electromanganese Corp. of America; indium of 99.99 
pet purity, donated by the Consolidated Mining and 
Smelting Co. of Canada; aluminum of 99.99 pct 
purity, donated by the Aluminum Co. of Canada; 


Table II. Distances of Closest Approach of Manganese Atoms 
Dis- 
tance of 
Closest 
Range of Crystal Approach, 
Form Stability, °C Structure kX 
below 727 Complex cubic, 58 atoms 2.24 
per structure cell 
B 727 to 1100 Complex cubic, 20 atoms 2.36 
per structure cell 
1100 to 1138 Face-centered-cubic 2.66 
or 
Face-centered-tetragonal 2.58 
5 1138 to 1245 Unknown — 


Fig.3 — Alloy 
water 
quenched from 
7 1050°C. Both the 
light and dark 
, etching phases in 
this alloy haye a 
* face-centered-cubic 
lattice and are fer- 
romagnetic. Etched 
by standing in moist 
¢ air. X400. 


984—JOURNAL OF METALS, SEPTEMBER 1954 


Fig. 2—Alloy MniC 
water quenched 
from 1050°C. This 
sample was 
quenched more rap- 
idly than the sam- 
ple illustrated in 
Fig. 1. Etched by 
standing in moist 
air. X400. 


tin of 99.5 pct purity; and carbon of spectroscopic 
purity. 

Alloy samples averaging 40 grams in weight were 
melted by high frequency induction in Norton RA84 
Alundum thimbles, and either cooled in the crucible 
or cast into a copper mold of 1 cm diameter. Initial 
experiments with a variety of alloys showed that 
the loss of any element during melting was small. 
For this reason, unless otherwise stated, the anal- 
yses given are nominal and assume no melting 
losses. 

X-ray powder patterns were produced with a 
14.32 cm diameter Straumanis-type camera using 
unfiltered Fe radiation. Samples were crushed in 
a mortar and, owing to their brittleness, did not re- 
quire annealing before irradiation. 

In view of the fact that the face-centered-cubic 
phase Mn,N, in which the nitrogen is dissolved 
interstitially, is ferromagnetic, there is a possibility 
of producing other ferromagnetic manganese-rich 
alloys containing interstitial elements other than 
nitrogen. Such elements might be hydrogen, boron, 
or carbon. 

The size of the expected interstitial hole in a 
hypothetical face-centered-cubic manganese lattice 
is such that it might readily accommodate either a 
carbon or a hydrogen atom. Owing to the experi- 
mental difficulty of controlling the amount of hy- 
drogen in an alloy, it is apparent that the use of 
carbon is to be preferred. 

Mn-C: A series of Mn-C alloys within the range 
0 to 30 pct* carbon was prepared but proved to be 


* All percentages in this paper refer to atomic percent unless 
otherwise stated. 


nonmagnetic in both the chill-cast and slowly cooled 
state. However, an alloy of composition Mn,C was 
weakly ferromagnetic after water quenching from 
1050°C, and had a_ face-centered-cubic crystal 
structure with a, == 3.869 kX. The microstructures 
shown in Figs. 1 and 2 represent the rapidly cooled 
phase Mn.C plus the decomposition products 8 man- 
ganese solid solution and the compound Mn.,C, 
(a — 10.58 kX). On slower cooling this alloy de- 
composed completely to Mn.,C, and & manganese 
and was nonmagnetic. 

All chill-cast or slowly cooled alloys within the 
range investigated decomposed by aqueous oxida- 
tion, on standing in air, to a brown powder which 
was probably a hydrated oxide of manganese. 

The fact that Mn,C was stable only at elevated 
temperatures indicated that the interstitial carbon 
atoms were probably producing appreciable lattice 
strain. Such lattice strain would be reduced as the 
interstitial hole was increased by an increased sepa- 
ration of the manganese atoms. It is well known 
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Table Ill. Results of Heat Treatments on the Alloys Tested 


Ferro- 
Alloy Composition Heat Treatment Crystal Structure magnetism* 
A MngoC2o As-cast MnzsCe; do = 10.58 kX Nil 
1050°C, water quenched 70 pet face-centered cubic; do = 3.869 kX Weak 
30 pct 
600°C,water quenched 90 pct Mn2:Ce Very Weak 
Bee As-cast 90 pct MnzsCe Nil 
1050°C, water quenched 75 pet close-packed-hexagonal Weak 
25 pet face-centered-cubic 
600°C, water quenched 75 pct close-packed-hexagonal Weak 
25 pct face-centered-cubic 
Cc MnzsInzC2o As-cast 90 pet face-centered-cubic Medium 
1050°C, water quenched 65 pct face-centered-cubic; ao = 3.870 kX Medium 
25 pct face-centered-cubic; do = 3.898 kX 
600°C, water quenched 50 pet face-centered cubic; ao = 3.900 kX Medium 
40 pct MnxCe 
D Mny77In3Cap As-cast 90 pet face-centered-cubic Medium 
1050°C, water quenched 40 pct face-centered-cubic; ado = 3.870 kX Medium 
60 pct face-centered-cubic; do = 3.899 kX . 
600°C, water quenched 60 pet face-centered-cubic; do = 3.899 kX Medium to 
35 pct MnxCe Strong 
E MnzeInsCap As-cast 90 pet face-centered-cubic Medium 
1050°C, water quenched 15 pct face-centered cubic; a) = 3.871 kX Medium 
80 pct face-centered-cubic; do = 3.898 kX P 
600°C, water quenched 70 pet face-centered-cubic; ao = 3.899 kX Medium to 
25 pct Strong 
F MnzsIneCe2o As-cast 90 pct face-centered-cubic Medium 
1050°C, water quenched 20 pct face-centered-cubic; ao = 3.871 kX Medium 
50 pct face-centered-cubic; do = 3.899 kX 
25 pct face-centered-cubic; do = 3.940 kX 
600°C, water quenched 75 pct face-centered-cubic; ao = 3.904 kX Medium to 
20 pct Strong 


* Measured at room temperature. These qualitative results were obtained by testing with a small hand magnet but may be compared 


with semi-quantitative results given later in Fig. 7. 
** This alloy showed severe segregation after casting. 


that the lattice parameter of a metal or alloy is 
generally increased by the substitutional solution of 
an element of positive size factor.** 


** Size factor refers to the percentage difference in atomic sizes 
of the two elements corrected to the same coordination number. 
The atomic size of manganese is considered to be 2.66 kX for a co- 
ordination number of 12. 


In other words, a ternary alloy (Mn,X),C, where 
X is an element of positive size factor with respect 
to manganese, might have a greater temperature 
range of stability than Mn,C. However, the mag- 
netic condition of the alloy would be modified if the 
X element was ferromagnetic or potentially ferro- 
magnetic. 

The following metals therefore were selected for 
examination in the role of a substitutional X ele- 
ment: Al, + 7.57; Ag, + 8.2; Au, + 8.2; Cd, + 13.5; 


+ The algebraic values represent the respective size factors of the 
elements. 


In, + 16.0; Sn, + 18.0 (or + 5.5 in the completely 
ionized state); Sb, + 21.0; and Zn, + 4.1. Each ele- 
ment was added in amounts up to 10 pct to alloys of 
composition Mn,C. The elements yielding ternary 
ferromagnetic alldys in the cast state were alumi- 
num, cadmium, indium, tin, antimony, and zinc. 
From these, aluminum, indium, and tin were select- 
ed for more detailed investigation, and a family of 
alloys MnwsX,Catt was prepared (where X is alu- 
minum, indium, or tin). 


++ For convenience the compositions of many alloys are shown in 
this form, but they are not considered to be of the compound type 
unless specifically stated. 


Mn.«-sInsC,: The alloys in this system contained 
0 to 20 pct In. In the cast state the alloys in the 
range 2 to 20 pct In were ferromagnetic. In all 
alloys containing more than 6 pct In, two immiscible 
liquid phases were observed, one being nearly pure 
indium. Alloys in the range 0 to 6 pct In were chill- 
cast, homogenized at 1050°C for 72 hr, and water 
quenched. The results of a subsequent series of heat 
treatments are given in Table III. All samples were 
annealed until their X-ray diffraction patterns be- 
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came sharp. Typical annealing times for all the 
series examined were of the order of 72 hr at 
1050°C, 136 hr at 900°C, or 168 hr at 600°C, unless 
otherwise specified. The amount of each phase was 
estimated visually from the relative intensities of 
similar X-ray diffraction lines. 

One further alloy in this series, of composition 
Mn,;In,;;C2 was chill-cast and heat treated but 
proved to be exceptionally prone to aqueous oxida- 
tion. After quenching from 900°C it decomposed in 
air within a few hours, yielding a finely divided 
brown-powder mixture which was also ferromag- 
netic. 

The X-ray diffraction pattern for this mixture 
was complex and did not correspond to any ASTM 
listed patterns. However, the main lines of the pat- 
tern could be indexed according to a face-centered- 
cubic lattice with a, = 3.932 kX although the re- 
maining lines did not fit the cubic pattern. 

The microstructure and X-ray diffraction pattern, 
Figs. 3 and 4, for the alloy Mn,,In,C., quenched from 
1050°C are typical of those observed for the gen- 
eral series and illustrate the coexistence of two 
face-centered-cubic phases of slightly different lat- 
tice parameters. 

Mn-sSnsC..: The alloys in this system contained 
2 to 10 pet Sn. All alloys were ferromagnetic in the 
as-cast state and also after homogenizing at 1050°C 
for 72 hr. Results of subsequent heat treatments are 
given in Table IV. 

It was not experimentally possible to increase the 
tin content to 20 pct in the presence of 20 pct C, but 
an alloy of composition Mn,Sn.C,, was prepared and 
chill-cast. This alloy was strongly magnetic after 
casting and homogenizing at 1050°C, but on anneal- 
ing at 750° or 600°C, the strength of magnetism de- 
creased appreciably. It is noteworthy that the alloy 
in the strongly magnetic condition was face-cen- 
tered-cubic with a, = 3.955 kX, whereas in the 
weakly magnetic condition it was face-centered- 
cubic with a, = 3.981 kX. Both forms exhibited a 
marked superlattice. 
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Table IV. Results of Heat Treatments on the Alloys Tested 


Ferro- 
ti 
Alloy Composition Heat Treatment Crystal Structure magnetism 
i Weak 
78 As- 90 pet face-centered-cubic 
1050°C water quenched 95 pet close-packed-hexagonal; ¢ = Nil 
a= 4. 
e h 20 pct face-centered-cubic; do = 3.882 kx 
40 pct face-centered-cubic; do = 3.900 kX Weak 
40 pct 
i Medium 
2 As-cast 100 pet face-centered-cubic 
i nee 1050°C, water quenched 50 pet face-centered-cubic; do = 3.882 kX x 
3 30 pct face-centered-cubic; do = 3.899 kX Medium 
20 pet elose-pocked 
600°C, water quenched 40 pct face-centered-cubic; do = 3. 
: 40 pct face-centered-cubic; do = 3.902 kX Strong 
20 pet MnosCe 
J Mn7zsSneCe2o 1100°C, water quenched 70 pet face-centered-cubic; a = 3.907 kX edium 
30 pct close-packed-hexagonal 
600°C, water quenched 80 pct face-centered-cubic; ao = 3.882 kx Strong 
20 pet face-centered-cubic; ao = 3.918 kX 
K Mn7Sn10C20 1050°C, water quenched 80 pet face-centered-cubic; do = 3.920 kx Strong 
20 pet face-centered-cubic; do = 3.95 kx 
80 pct face-centered-cubic; do =3.920 kX Strong 


600°C, water quenched 


20 pct face-centered-cubic; do = 3.980 kX 


Fig. 4—The X-ray powder diffraction pattern of alloy Mn,,In,C., 
water quenched from 1050°C. Patterns for two coexisting face- 
centered-cubic lattices of slightly different parameters are shown. 
Unfiltered Fe radiation. 


Mnw_sAlaC,: The alloys in this system contained 
2 to 20 pct Al and were ferromagnetic in the as-cast 
state. Two examples, alloys M and P, are given in 
Table V. 

In order to determine the relative contribution 
of carbon and X element to the stability of the 
phase (Mn,X),C, alloys were prepared in which the 
carbon content was reduced below the _ stoichi- 
ometric ratio. 

Mn-Al-C: Alloys within the composition ranges 
(Mn,Al1),C, and (Mn,Al),C,, where y (in terms of 
atomic percent) varied from 2 to 20, were melted and 
slowly cooled in the crucible. All these alloys were 
ferromagnetic and the strength of ferromagnetism 
increased progressively with increasing carbon con- 
tent. Typical alloys were L and N, as shown in 
Table V. 

Metallographic examination of alloys containing 
less than 15 pct C disclosed the presence of dark- 
etching platelets which had only one orientation 
within each grain. The quantity of this lamellar 
phase increased with increasing carbon content un- 
til at 15 pct C, the sample consisted entirely of this 
phase. On annealing the two phase alloys, the 
lamellar phase, as shown in Fig. 5, coagulated and 


Qo 


Fig. 5— Alloy 
slow- 
ly cooled in the 
crucible. The dark- 
etching lamellae 
are the ferromag- 
netic phase and the 
matrix is 8 manga- 
nese solid solution. 
Etched in 4 pct 
nital. X400. 
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exhibited annealing twins, as shown in Fig. 6. The 
structure of this ferromagnetic phase was confirmed 
to be face-centered-cubic by X-rays. 

An increase in carbon content beyond 20 pct re- 
sulted in the formation of free graphite and pro- 
duced a face-centered-cubic phase with a = 3.867 
kX. 

Mn-In-C: The survey work was extended to the 
system Mn-In-C. A series of alloys based upon 
atom ratios of manganese to indium of 7:1 and 15:1 
but with carbon contents of 5, 10, and 15 pct, all 
contained a ferromagnetic face-centered-cubic 
phase. This phase was present in alloys as-cast or 
annealed at 900°C for 136 hr. The proportion of the 
magnetic phase was found to increase progressively 
with increasing carbon content but to be virtually 
independent of indium content in the ranges ex- 
amined. 

Mn,N: For comparison purposes, a sample of 
Mn.N was prepared by nitriding finely crushed 
manganese. The resultant product was weakly 
ferromagnetic with a face-centered-cubic crystal 
structure of a, = 3.847 kX. 

Saturation Magnetization: Since the ferromag- 
netic alloys were all brittle and could not be ma- 
chined, samples for magnetic measurements of 
necessity were in fine powder form bonded by an 
organic material. The magnetic measurements 
which were obtained with a magnetic balance of the 
Fereday’ type may not be truly representative of 
saturation values because the field strength was only 
3000 +100 oersted. However, as the measurements 
were based on specimens compacted from particles 
of uniform size, they do indicate semiquantitatively 


Fig. 6 — Alloy 
an- 
nealed at 900°C 
for 39 hr. The fer- 
tromagnetic phase 
has partly coagu- 
lated and exhibits 
annealing twins. 
Etched in 4 pct 
nital. X750. 
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the trend of saturation magnetization and quantita- 
tively the trend of Curie temperature with changing 
composition. The results are shown in Fig. 7. 


Discussion 

Although the structure of 6 manganese has never 
been determined, it may be indicated by the follow- 
ing results: In the system (Mn,A1),C, the magnetic 
phase precipitated within a phase of low crystal- 
lographic symmetry as evidenced by the lamellae of 
unique orientation in each grain. Moreover, in the 
alloys Mn,In,C. and Mn,Sn.C. quenched from 
1050°C, a close-packed-hexagonal phase was ob- 
served. A crystal structure of this type can lead to 
‘the precipitation phenomena described with pre- 
cipitation occurring on the basal plane. It is a pos- 
sibility that this matrix phase was a solid solution 
derived from 6 manganese which might also be 
close-packed-hexagonal in structure. 

It was observed that relatively small quantities 
of elements such as indium or tin can readily sta- 
bilize Mn,C. This may be the explanation for the 
uncertainty of previous reports regarding the oc- 
currence of ferromagnetism in Mn-C alloys, the 
ferromagnetism being due to the stabilization of 
Mn,C by impurities. While Mn,C is the stable phase 
at high temperatures, it is only metastable at room 
temperature. This phenomenon could arise as a re- 
sult of the elastic strain produced by the solution 
of carbon. 

Calculation of the size of the interstitial hole in a 
face-centered-cubic lattice of manganese atoms, 
assuming an atomic diameter and ionic diameter for 
singly ionized atoms of 2.66 and 2.26 kX, respective- 
ly, yields a value of 1.49 kX. This compares with a 
Goldschmidt atomic diameter* of 1.54 kX for car- 
bon and suggests that a slight increase in hole size 
will markedly reduce the lattice strain produced by 
the interstitial solution of carbon. This idea is con- 
sistent with the relatively small amount of a third 
element required to stabilize Mn,C. 

A hole of diameter 1.49 kX should readily accom- 
modate a nitrogen atom of 1.42 kX diameter. How- 
ever, the lattice parameter for Mn,N was deter- 
mined as 3.847 kX, as compared with 3.73 kX for a 
hypothetical face-centered-cubic manganese lattice. 
Thus, either the hole is less than 1.49 kX in diame- 
ter in Mn,N, or the size of the nitrogen atom in that 
lattice is greater than 1.42 kX. It is noteworthy that 
the parameter of Mn,C is greater than that of Mn,N. 
Consequently, a carbon atom is effectively larger 
than a nitrogen atom in a face-centered-cubic man- 
ganese lattice; this effect is the opposite of that ob- 
served by Jack’ for carbon and nitrogen in iron. 

The suggestion that a small expansion of the Mn,C 
lattice should greatly increase its stability indicates 
that the stabilizing effect of any solute atom might 
be dependent largely on its size factor. However, this 
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Fig. 7—Magnetization relative to nickel powder for certain of the al- 
loys, identified by the appropriate letter, as a function of temperature. 


was not confirmed by the survey experiments for a 
series of solute elements of positive size factor with 
respect to manganese in a face-centered-cubic lat- 
tice. The most effective elements were those com- 
bining a positive size factor with a high valency. 
Homogeneous face-centered-cubic alloys in the sys- 
tem Mn-AlI-C can apparently arise when the lattice 
parameter a, = 3.840 kX. This increase in inter- 
atomic spacing represents a change of only 3 pct 
compared with a hypothetical face-centered-cubic 
lattice of pure manganese. 

Comparison of the lattice parameters of alloys L 
with N, and M with P, shows that change in the 
percentage of aluminum, at constant carbon con- 
tent, has no effect on the lattice parameter. It may 
be concluded that aluminum has an approximately 
zero size factor with respect to manganese in the 
Mn,;AIC structure. Such a conclusion is reasonable 
because the value of the atomic size which was used 
in the original size-factor calculation was for a 
crystal of the pure element, involving a Brillouin- 
zone overlap. Where overlap is not involved, the 
effective atomic size of aluminum is reduced” to a 
value comparable with that assumed for manga- 
nese in a face-centered-cubic lattice. 

One of the most interesting phenomena observed 
was the coexistence of two face-centered-cubic 
ferromagnetic phases in some samples, e.g., the Mn- 
In-C alloys. There are two possible explanations 
for this phenomenon; either the two phases were of 
different composition, or the atoms in each lattice 
were arranged differently. For any given annealing 
temperature the proportion of the phase with the 
larger face-centered-cubic lattice increased with the 


Table V. Results of Heat Treatments on the Alloys Tested 


Ferro- 
Alloy Composition Heat Treatment Crystal Structure magnetism 
DR Mne3.7Ale.3Cis 900°C, furnace cooled 60 pet face-centered-cubic; ay) = 3.844 kX Strong 
35 pet face-centered-cubic; ay = 3.865 kX 
700°C, water quenched 95 pct face-centered-cubic; ay = 3.843 kX Strong 
400°C, water quenched 95 pet face-centered-cubic; ao = 3.844 kX Strong 
M MngoAlzC20 900°C, water quenched 100 pct face-centered cubic; a) = 3.860 kX Weak 
700°C, water quenched 100 pct face-centered cubic; a) = 3.860 kX Weak 
400°C, water quenched 100 pet face-centered cubic; ay = 3.860 kX Weak 
N Mnzz.9Ali2.1Cis 900°C, water quenched 100 pet face-centered-cubic; a = 3.844 kX Strong 
400°C, water quenched 100 pet face-centered-cubic; do = 3.844 kX Strong 
P Mynes.sAlii.5sCe2o0 900°C, water quenched 100 pet face-centered-cubic; do = 3.859 kX Strong 
400°C, water quenched 100 pet face-centered-cubic; ay = 3.859 kX Strong 
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percentage of indium. Moreover, the phase with the 
small lattice, which was stable at high temperature, 
decomposed to a mixture of the phase with the 
large lattice and Mn,,C, at lower temperatures. As 
the phase with the large lattice was stable at the 
low temperature, it is logical to conclude that it was 
ordered and that the high temperature lattice was 
disordered. The phase which coexisted with the 
phase of large lattice had a parameter corresponding 
to that of Mn,C. Thus, it is likely that the high 
temperature disordered phase decomposed into a 
phase with a small lattice of composition Mn,C, and 
a phase with large ordered lattice which contained 
all the indium. The lattice parameter of this phase 
was also constant, varying only in quantity present, 
which is consistent with the above suggestion. 

For this phase, which is assumed to contain all the 
indium of the alloy, the lattice parameter was 
greater by 0.029 kX than that of Mn,C. If the com- 
position of this phase is taken to be Mn,,In;Cx, then 
the indium had an effective size factor of + 12.5 
with respect to manganese in the Mn,C structure. 
This size factor compares favorably with the value 
of + 16.0 originally assumed. 

The occurrence of two coexisting face-centered- 
cubic phases in the system Mn-Al-C was erratic. By 
analogy with the fact that an increase in the para- 
meter for manganese facilitates the solution of car- 
bon, it is to be expected that the solubility for 
nitrogen is similarly affected. The annealing of 
alloy L in an incorrectly purified atmosphere there- 
fore could lead to the solution of nitrogen and an 
increase in lattice parameter. Examination of the 
surface of treated alloys indicated that contamina- 
tion could readily occur, and it may be concluded 
that the two phases present in alloy L after furnace 
cooling from 900°C did not represent an equilibrium 
condition for an alloy of that composition. This 
illustration is intended merely to emphasize the 
tendency of these alloys to corrode and the neces- 
sity for the purification of the annealing atmosphere. 

In the case of the Mn-Sn-C alloys containing less 
than 10 pet Sn, two ferromagnetic phases were 
found in coexistence. The smaller lattice was face- 
centered-cubic with a, = 3.882 kX, a value appre- 
ciably larger than that for Mn,C. The larger ferro- 
magnetic lattice had a parameter in excess of 3.898 
kX. Both phases exhibited marked superlattices 
with all diffraction lines characteristic of the simple 
cubic lattice visible, so that it is probable that they 
represented ordered phases of different composi- 
tions. Similar conclusions cannot apply to the alloy 
MnsSnuC., Since in this case the structure changed 
from 98 pct of a phase with a small lattice para- 
meter to 98 pct of a phase with large lattice para- 
meter, as the annealing temperature was decreased. 
Such a transformation could not have involved a 
compositional change, and it is possible that it was 
in some way related to the degree of ionization of 
the constituent atoms. Tin is noted for variation in 
this respect. 

For pure metals such as tin, an increase in the de- 
gree of ionization produces a decrease in the atomic 
size. However, the opposite may be true for tin in 
an alloy. It has been shown by Hume-Rothery, 
Lewin, and Reynolds” that for copper or silver 
binary alloys, where size-factor effects have been 
minimized, increasing solute valency produces an 
increased lattice distortion. It is possible that this 
phenomenon occurs in (Mn, Sn).C alloys at high tin 
contents. An increase in the degree of ionization of 
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the tin atoms could produce an increase in the lat- 
tice parameter and a simultaneous decrease in the 
saturation magnetization. Both effects were ob- 
served experimentally. 

The influence of solute valency upon the amount 
of lattice distortion produced may be greater than 
that of atomic size in the present series of alloys. 
This could explain the apparent need for high 
valency solutes in the successful stabilization of the 
Mn,C-type lattice. 

Any comprehensive interpretation of the mag- 
netic properties of the present family of alloys must 
await further measurements under conditions which 
can ensure their magnetic saturation. However, 
from the present measurements it is apparent that 
a number of the alloys possess a magnetic moment 
in excess of 1.0 Bohr magneton per manganese 
atom. 

There is little doubt that further families of man- 
ganese-rich ferromagnetic alloys exist. An exten- 
sion of this survey work, combined with magnetic 
induction measurements at high field strengths, 
should yield results which will assist in a better 
understanding of the electronic configuration of 
manganese under various conditions. At present 
there is no way in which the effective ferromagnetic 
moment of manganese atoms can be forecast, so 
that any estimate of the ultimate magnetic strength 
of manganese-base alloys must remain at the purely 
conjectural stage. 
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Technical Note 


Influence of Oxygen and Nitrogen in Solution in Alpha Titanium 


On the Friction Coefficient of Copper on Titanium 


by W. R. Yankee and E. S. Machlin 


N a previous study’ of the effect of heating com- 

mercial titanium in air on its subsequent friction 
coefficient against other metals, as well as itself, it 
was found that the friction coefficient markedly de- 
creased from a value of about 0.7 to about 0.3. A 
tentative explanation was given that surfaces nor- 
mally produced at room temperature are not con- 
taminated sufficiently to prevent seizing or welding 
of the titanium to the softer mating metals. The 
latter tend to cleanse themselves during rubbing 
over the harder titanium. It was thought that the 
lack of a contaminant protective film on the titanium 
was due to the high solubility of titanium for oxy- 
gen and nitrogen and hence an inability to form a 
contaminant oxide or nitride. This explanation re- 
quires the ratio of the surface absorption rate to the 
diffusion rate to become much lower at room tem- 
perature than it is at high temperatures. 

In order to check the phenomenon further, com- 
mercial titanium specimens were nitrided or oxi- 
dized at 800°C for 20 hr in flows of prepurified N, 
and O., respectively, at about % in. H.O above at- 
mospheric pressure. Friction runs were made in 
argon using a freshly cut copper hemisphere (cut 
in argon) on surfaces cut successively into the dif- 
fusion layers in the titanium (cut in argon) using 
the techniques described in a previous publication.’ 
DPH values (100 gram load) were made as a func- 
tion of depth into the diffusion layer using a Tukon 
tester. Also, micrographs were taken at separate 
cross sections to indicate the diffusion layers. The 
results obtained are presented in Figs. 1 and 2, which 
show the ‘‘static”’ friction coefficient vs hardness for 
the nitrided and oxidized specimens, respectively. 
A separate measurement of the friction coefficient of 
clean copper vs iodide titanium also was made. From 
results reported in the literature’ giving the oxygen 
and nitrogen contents as functions of the hardness, 
cross plots were made showing the friction coeffici- 
ents as functions of the amount of interstitial solute. 
These plots are given in Figs. 3 and 4. From micro- 
graphs of the diffusion layers and the phase dia- 
grams, it was deduced that the data in Figs. 1 
through 4 correspond to the single phase a region. 
The points observed on the compound regions have 
been excluded from the figures. It is apparent that 
nitrogen or oxygen in solution in the a titanium 
markedly affects the friction coefficient against a 
softer mating metal. 
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Discussion of Results 


These results are extremely interesting from both 
a practical and theoretical viewpoint. The theoretical 
implications will be discussed first. According to 
Bowden, the friction coefficient should be given to a 
good approximation by the relation 


Ss 
H 


where a is the fraction of contact area that has 
welded, S is the shear strength of weaker compo- 
nent, and H is the hardness of softer component. 

Using this relation alone, it is difficult to under- 
stand the results because none of the terms should 
be affected by a variation in the oxygen or nitrogen 
content of the harder and stronger metal, titanium. 
Even if the ratio of S/H for titanium is used in Eq. 1, 
the ratio has been shown to be independent of oxy- 
gen or nitrogen content.” If a more rigorous equa- 
tion is used combining Eq. 1 and a result given pre- 
viously* for the case where welding is absent, then 
the relation obtained is 


[1] 


B=a 


Was 


H=a + (l—a) a [2] 
where a is constant and W,, is the work of adhesion 
between the two metals comprising the friction 
couple. 

This relation states that if a is less than ¥% or so, 
variation in the work of adhesion W., between cop- 
per and the titanium should affect the friction co- 
efficient markedly. It is reasonable to expect that 
the work of adhesion will depend on the oxygen or 
nitrogen content of the titanium. Available data‘ 
show that clean metals and oxides have much lower 
works of adhesion than the same metals against the 
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reduced oxide. According to Eq. 2, variation of the 
hardness of the copper hemisphere should result in 
a variation in the friction coefficient. An experiment 
carried out to check this point failed to reveal such 
variation. In view of this fact, it has been con- 
cluded that a, the fraction of the contact area that 
welds, must be a function of the oxygen or nitrogen 
content in solution in a titanium. An interpretation 
of this conclusion is that two phases exist in the sur- 
face layer even at bulk concentrations below the 
bulk solubility limit of one of the phases. The areal 
ratio of these two phases then must vary with the 
bulk concentration. The weldability of one of the 
phases is assumed to be much less than that of the 
other phase in this interpretation. 


Application of Results 

It is apparent that the friction coefficient of oxi- 
dized or nitrided surfaces of titanium will be low 
even with the solute in solution and the oxides or 
nitrides absent. Protection in depth thus can be 
given to titanium surfaces prior to drawing opera- 
tions by diffusing oxygen or nitrogen or air to a 
desired depth and, if necessary, removing the brittle 
compound layers. 

With respect to machineability, it would be ex- 
pected that the optimum cutting conditions would 
vary with the interstitial content of the titanium, in 
view of the probability that the friction coefficient 
between work and tool would vary likewise. 

With respect to weldability, there is no doubt that 
the lower the oxygen or nitrogen content, the better 
will be the solid-phase weldability. The rapid in- 
crease in friction coefficient with decreasing solute 
content below 0.3 pct implies that marked improve- 
ment in such weldability can be obtained if the sum 
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Fig. 4—Static fric- 
tion coefficients vs 
the amount of inter- 
stitial solute. 
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of the oxygen and nitrogen content is below 0.3 pct. 
This conclusion, which is made for the weldability 
of copper to titanium, also applies to the weldability 
of titanium to titanium, the curve of friction co- 
efficient vs percent solute having the same shape. 

With respect to ductility of titanium containing 
oxygen or nitrogen, a marked loss of ductility should 
occur at some oxygen or nitrogen level above about 
0.4 pet. Failure should occur at the grain boundaries. 
The basis for this conclusion is the fact that the fric- 
tion coefficient at the 0.4 pct level is about the same 
as that found for TiO, against TiO.” and the fact that 
the grains of TiO, do not stick together under the 
tensile stresses used. This particular conclusion has 
been verified in practice.’ A marked loss of ductility 
is found to occur above 0.3 pct O and 0.1 pect N. How- 
ever, the elongation does not become zero until about 
0.75 pet O and 0.45 pct N.” 

It is believed that this work demonstrates for the 
first time a correlation between friction data and 
mechanical properties. 
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Preferred Orientation Of 
Cold-Rolled Uranium Foil 


by W. Seymour 


Fig. 1—Stereographic spiral net. 


Uranium was cold rolled to a reduction in thickness of 90 pct and the preferred 
orientation of the grains was determined from X-ray intensity data. Complete pole 
figures for a large number of atom planes were plotted, and the preferred orienta- 
tion was found to be duplex (102) [010] + (012) [021]. These preferred orientations 
are compared with those reported for many of the hexagonal-close-packed metals. 


HE preferred orientation of a highly reduced 

cold-rolled uranium strip was determined in 
order to obtain additional experimental data which 
would be useful in further understanding the de- 
formation mechanisms of uranium. The preferred 
orientations reported herein are not in agreement 
with those theoretically predicted by Calnan and 
Clews’ for cold-rolled uranium sheets, and differ 
somewhat from those reported from experiments by 
Fisher, and Burke and Turkalo. Such variations 
might be accounted for by differences in the fabrica- 
tion temperature and the reductions. 


Experimental Procedure 

The uranium used in this investigation had been 
hot rolled to 0.060 in. at 575°C from 0.393 in., and 
from a 0.060 to 0.020 in. thick sheet at 275°C. From 
this point the sheet was cold reduced 90 pct to 0.002 
in. at room temperature. 

Three specimens were used to obtain complete 
pole-figure data. The first was a 4% in. square section 
illuminated by the X-ray beam on the rolling sur- 
face. The other two were 1% in. square longitudinal 
and transverse sections each made as follows: Ap- 
proximately 200 % in. square sections of the foil 
were piled one on top of the other, so that the rolling 
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direction for each piece was kept coincident. A % 
in. square by % in. thick steel section was placed on 
the top and bottom of a pile and the entire assembly 
was then bolted tightly together through a 4 in. diam 
hole drilled down through the center. Each pile was 
then surface-ground from the two proper sides to 
sections % in. square by 3/16 in. thick. These 
specimens were then polished flat and electro- 
polished to remove 0.005 in. of the surfaces to be 
examined. 

It can be shown that uranium is so opaque to a 
Cu Ka X-ray beam that only a small percentage 
would be transmitted by one micron of uranium. 
Therefore, a method of measuring the X-ray inten- 
sities diffracted from specimen surfaces was used. 
The specimens were mounted in a modified Schulz 
reflection holder? which automatically changed the 
position of the specimen at a constant rate. The 
holder, in turn, was mounted on a General Electric 
XRD-3 Spectro-Goniometer and an automatic rec- 
ord made of the diffracted X-ray intensity vs speci- 
men position. While a specimen moved automatic- 
ally through 10° inclination, at a rate of 1° per 
min, it simultaneously rotated 360° about a normal 
to the illuminated surface. (The inclination and 
rotation angles are referred to as ¢ and a, respec- 
tively.) The data were then plotted along the re- 
sulting spiral path on a stereographic projection, 

Because of defocusing effects on the diffracted 
beam which occur when diffracting surfaces are in- 
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(100) 
Fig. 2—(100) pole figure. 


(O10) 
Fig. 3—(010) pole figure. 


clined 40° to 50° from a plane normal to the plane 
of the spectrometer, ** the inclination angle ¢ for 
each specimen did not exceed 50°. Intensity data for 
waver (COMO), CORD), (hits). 
and (131) atom planes were obtained. These data 
were charted by a Leeds and Northrup Speedomax 
recorder as intensity (on a 1, 2, or 3 decade log 
scale) vs specimen position. 


Results and Observations 
Complete pole figures for the (100), (010), (110), 
(021), and (001) planes are presented in Figs. 2 
through 6, and the type of record obtained of (002) 
intensity vs specimen position is illustrated in Fig. 7. 
From these and other data, the uranium sheet was 
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(110) 
Fig. 4—(110) pole figure. 


found to have a duplex preferred orientation which 
could be described crystallographically as approxi- 
mately (102) [010] + (012) [021], which are repre- 
sented by large and small dots, respectively, on the 
pole Fig. 1. The former is visualized more easily if 
one starts with the [010] in the rolling direction and 
(001) of the unit crystal in the rolling plane. A 45° 
rotation to the left and to the right about [010] then 
will produce symmetrically this first idealized com- 
ponent of the preferred orientation. The second 
component of the duplex texture can be obtained 
from the hypothetical starting position by a sym- 
metrical 20° rotation of the crystal about [100]. 

Further examination of the intensity data indi- 
cated that a greater volume of the sheet is described 
by the (102) [010] component of the texture. 

It should be pointed out that, although the tex- 
ture has been referred to as duplex, actually each 
component consists of a pair of symmetrical orien- 
tations where each one of each pair is an independ- 
ently different orientation. This is true in the strict 
sense because of the orthorhombic symmetry of the 
a-uranium unit crystal. 


Discussion 


A striking similarity is observed’ between the 
physical appearance of parts of the pole figures pre- 
sented here for a-uranium with the pole figures for 
Cd,” * Zn,*° and Mg plus 0.2 pct Ca’® cold-reduced 
sheet on the one hand, and those of Zr,’ ™ Ti,” and 
Be” sheet on the other. 

This first group are hexagonal metals whose c/a 
ratio is greater than the ideal close-packed ratio of 
1.633 (except the Mg alloy whose c/a ratio appears 
to be almost the same as pure Mg, 1.624). The sec- 
ond group is one of hexagonal-close-packed metals 
where the c/a ratio is less than 1.633. Furthermore, 
while the mechanism of plastic deformation appears 
to be similar for each metal in a given group,” the 
mechanism for one group would appear to be quite 
different” * from another. 

Frequently it has been pointed out” that ortho- 
rhombic uranium may be considered as a distorted 
hexagonal-close-packed metal, with the distortion 


TRANSACTIONS AIME: 


| 
KS 
4 
xx 4 KA 
Wize, 
| 
R \ Gig 
\ 
Y 
AS 
KY 
Sop 
Y, Y 


of the basal plane as shown in Fig. 8. The distortion 
also occurs in the stacking, which for true hexagonal 
close-packing is ABA. In the case of a-uranium a 
slight lateral shift from the ideal hexagonal-close- 
packed symmetry occurs in the B layer. 

It is worth mentioning here that Cd and Zn have 
c/a ratios greater than 1.732, a value above which 


twinning will occur on {1012} as a result of com- 
pression parallel to the c axis, and below which the 
direction of resolved shear is reversed and twin- 
ning will not occur with similarly applied stresses. 
Zr, Ti, and Be all have c/a ratios of less than 1.732, 
and it is interesting to note that uranium (if consid- 
ered as distorted hexagonal) has a c/a ratio of 1.734 
using for a the a’ of Fig. 8b, or a c/a ratio of 1.565 
if b of Fig. 8b is used. 

The slip and twinning planes of all above men- 
tioned hexagonal-close-packed metals can be com- 


Fig. 5—(021) pole figure. 
R.D. 


(OO!) 
Fig. 6—(001) pole figure. 
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pared with those for e-uranium reported by Cahn” 
in the following way: 

Fig. 9 represents the atomic arrangement in the 
(001) planes of e-uranium, with the distorted- 
hexagonal basal plane, the (0001), shown in dashed 
outline. The a in Fig. 9 and b in Fig. 10 are lattice 
parameters of a-uranium. From a consideration of 
Fig. 10 which represents the e-uranium lattice with 
a [100] direction perpendicular to the page, it can 
be seen that the parameter c is the same for the dis- 
torted hexagonal cell as for the orthorhombic. If a 
symmetrical hexagonal-close-packed cell whose 
lattice parameters are a and c is oriented with re- 
spect to an orthorhombic-unit cell whose parameters 
are a, b, and c, so that the a’s and c’s are equal and 
parallel (as has been shown to be true of the dis- 
torted hexagonal-close-packed and orthorhombic 
uranium), the Miller-Bravais indices may be trans- 
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men position. 
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Fig. 8a—Hexagonal basal symmetry. b—"Distorted” hexagonal basal 
symmetry. 


Table I. Comparison of Slip and Twinning Planes of o-Uranium 
with those of other Hexagonal-close-packed Metals 


Trans- 
formed 

Transformed Twinning Twinning 
Metal Slip Plane Slip Plane Plane Plane 
Cd? {0001} {001} (1012) (113) 
Zn {0001} {001} (1012) (112) 
Mg!? {0001} {001} (1012) (112) 
Tis {1010} {110} and {010} (1011) (111) 
{1011} {111} and {021} (1012) (112) 
(1121) (131) 
(1122) (132) 
Zr13 {1010} {110} and {010} (1012) (112) 
(1121) (131) 
Belé {0001} {001} (1012) (112) 


formed to Miller indices using the formulas:” 
are the indices of a plane in cartesian coordinates 
for an orthorhombic cell, and h, k, and | are indices 
of a plane in the hexagonal coordinate system. 
Fig. 11 shows the geometrical relationship between 
the hexagonal and cartesian coordinate systems 
‘from which the above formulas are obtained. The 
results of transformations of slip and twinning 
planes for some hexagonal-close-packed metals in 
this fashion are shown in Table I. 

An inspection of this table reveals the exact coin- 
cidence of the (0001) and (001) planes. Also as 
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Fig. 9—Atomic arrangement in (001) planes of a-uranium. 
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Fig. 10—Atomic arrangement with (100) planes parallel to the 
page. 
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Table II."° Slip and Twinning Planes of «-Uranium 


Slip Plane Twinning Plane, Ki 
(130) 
~ (172) 
(112) 
(121) 
a 
Nel k 
Fig. 11—Sketch Za 
showing the rela- @) 


tionship of hexa- 
gonal and carte- 
sian coordinates. 


[0110] = [010], these equivalencies are sufficient to 
show that the major component of the cold-rolled 
uranium-sheet texture is almost precisely the same 
as the major orientation observed for Zr,” Ti,” and 
Be,” while the strong secondary component of the 
uranium-sheet texture is also almost precisely the 
same as the major orientation reported for Cd,*’ Zn,° 
and Mg alloyed with 0.2 pet Ca,° if all orientations 
are described in terms of Miller-Bravais indices. A 
comparison of the transformed slip and twinning 
elements of Table I with those in Table II for urani- 
um shows that an important group of slip planes of 
the hexagonal-close-packed metals is of the form 
{1010} one family of which, the (0110), transforms 
identically to the paramount slip plane in ortho- 


rhombic a-uranium (010), and another, the (1010), 
transforms to a minor slip plane (110). The most 
prevalent twinning plane for these hexagonal-close- 
packed metals, the (1012), is also identified by trans- 
formation to one of the twinning planes of uranium, 
the (112). The most important twin plane of urani- 
um, (130), is not predicted by these transformations. 
Frank,” however, predicts (130) twinning as a re- 
sult of lowering the symmetry from a hexagonal- 
close-packed to an orthorhombic-unit cell. With 
these relationships between the slip and twinning 
planes of many of the hexagonal-close-packed 
metals and a-uranium, it does not seem surprising 
that their cold-rolled textures also bear such a close 
resemblance to that of uranium. It might be con- 
sidered that the plastic-deformation mechanism of 
a-uranium is a complex combination of elements 
involved in the plastic deformation of most of the 
hexagonal-close-packed metals. 
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Effects of Temperature on the Deformation of Beta Brass 


by Charles S. Barrett 


Measurements of impact hardness of @-brass are reported for a 
wide range of temperatures. Abrupt softening is observed when tem- 
peratures are raised above 425°C, accompanied by abrupt widening 
of deformation bands in the deformed samples. Current theories of 
these effects, and of the lack of twinning, are discussed. 


ARDNESS' and flow stress* of a sample of 6- 

brass at room temperature depend upon the 
temperature from which the sample is quenched. It 
is believed that the state of order in the superlattice 
is responsible for this dependence—not the order 
within individual domains, which reaches near-per- 
fection during the quench from any temperature, 
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but the size of the domains which is presumed to be 
a minimum in the hardest samples, those quenched 
from temperatures near the critical disordering tem- 
perature of 468°C. 

Measurements of impact hardness made over a 
range of temperatures and microstructural studies 
of samples deformed both rapidly and slowly over a 
range of temperatures, reported herein, should be of 
aid in reaching a more complete understanding of 
the underlying factors controlling the properties of 
the disordered body-centered-cubic material and the 
ordered material. It appears that such data have not 
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been reported previously, despite current interest in 
known or suspected relationships of hardness to 
order,** hardness to deformation bands,” * deforma- 
tion bands to strain rates and temperatures,” * and 
mechanical twinning to order in certain superlat- 
tices.” (Although twinning has been found to be 
absent in ordered §-brass samples variously de- 
formed,” ” “ no report has been found of a search 
for twinning of 8-brass in the disordered condition, 
the only condition in which twinning could occur 
without the expenditure of disordering energy dur- 
ing the twinning process.) 


Experimental Procedure and Results 

Alloy Preparation: The brass was melted in graph- 
ite crucibles under a borax flux using Horsehead 
zine and electrolytic copper. After hot rolling, the 
ingots were sealed in brass tubes and heated 24 to 
48 hr at 700°C for homogenization. The absence of 
a and y phases was determined by metallographic 
inspection both in furnace-cooled specimens and in 
samples that had subsequently been heat treated. 
The conclusions of this paper were based on work 
with samples from an ingot having a chemical anal- 
ysis of 51.72 pct Cu by weight and confirmed by 
additional tests on other samples, of approximately 
51.5 pet Cu. The grain size of the samples can be 
seen in the micrographs (Figs. 1 and 2) to be men- 
tioned later. 

Deformation Bands—Metallography: Deformation 
bands were prominent in many of the specimens 
after moderate reductions in thickness by compres- 
sion, as had been previously observed.*” It was 
found that the tendency to produce bands depended 
strongly upon the temperature at which the defor- 
mation occurred and on the rate of deformation. 

To explore this temperature dependence, small 
metallographic specimens were mounted in a pre- 
heated jig and compressed by a single blow of a 
heavy hammer, then quenched 3 to 5 sec later in 
order to minimize recrystallization. 

To avoid surface effects, about one-fourth of the 
thickness of the 3/8x3/8x3/16 in. specimens was 
ground off one of the compressed surfaces in pre- 


: 


Fig. 1—Microstructure of polycrystalline 8-brass deformed slowly at 
room temperature to 30 pct reduction in thickness. X100. Area 
reduced approximately 30 pct for reproduction. 
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paring the specimens for metallographic examina- 
tion. Mechanical polishing was followed by elec- 
trolytic polishing in 900 grams of orthophosphoric 
acid per liter of solution at 0.5 to 1.0 volts for 10 to 
30 min, and by etching in a solution of 40 grams 
CrO,, 7.5 grams NH,Cl, 50 ml HNO,, and 1900 ml 
H,O. 

Fig. 1 is typical of the microstructures produced 
by compressions in the range of 15 to 30 pct with 
temperatures in the range below about 400°C. In 
some grains there were intersecting sets of bands as 
shown in this micrograph, but in general there 
tended to be a single parallel set. 

The details of the bands as seen in ordinary and 
polarized light enabled them to be distinguished 
clearly from twins and to be identified as deforma- 
tion bands. In some cases the difference in orienta- 
tion across a band boundary was infinitesimal; in 
many cases the orientation along the band altered 
continuously. When one band approached the side 
of another, it did not invariably pinch off to a sharp 
point as do twins, but very frequently ran full 
width into the other, often merging with it, with no 
visible boundary between them. Forked and wavy 
forms were also common. 

In specimens electropolished and subsequently 
compressed 2 pct at room temperature, the slip lines 
were studied in relation to the bands that were be- 
ginning to develop. It was concluded that in general 
the slip lines were comparable in length to the 
dimensions of the grains, but examples were found 
of short slip lines arrayed side by side so as to build 
up deformation bands at a high angle to the length 
of the slip lines, and other examples were found in 
which a clustering of longer slip lines appeared to 
generate bands parallel or nearly parallel to the slip 
lines. Therefore it was concluded that various types 
of deformation bands were present, including the 
type designated by Honeycombe’ as bands of second- 
ary slip and the type known as kink bands. The 
most common configurations were sets of parallel 
bands in the form of spikes extending out from a 
grain boundary, which presumably aided the accom- 
modation of strains at the boundary. Occasionally 
bands were found within larger bands. 

Fig. 2 shows typical areas in samples reduced 20 
to 30 pct in thickness by a single hammer blow at 
various temperatures in the range 20° to 525°C. 
Sharply defined bands were seen in many grains 
deformed at low temperatures, but the fraction of 
the grains in which bands could be seen is small at 
the higher temperatures and also the bands were 
larger at these temperatures. At 500° and 525°C the 
usual internal distortion of the grains was such as to 
leave almost no sharply defined band boundaries; if 
bands were present, their dimensions were generally 
comparable to the dimensions of the grains and their 
boundaries tended to be diffuse. Yet the evidence is 
clear that recrystallization had not erased the struc- 
ture of the deformed grains, for only a few small 
recrystallized grains were found in any of the sam- 
ples. (A few may be seen at the lower right of the 
475° micrograph in Fig. 2, and in the upper part of 
the 500° micrograph; they tended to occur preferen- 
tially around the rim of the specimens.) 

Spacings of Bands Produced by Impact: It was 
clear that an attempt should be made to measure 
the average spacing of the bands formed under dif- 
ferent conditions, in spite of the obvious difficulties 
of avoiding subjective and statistical errors when 
measuring. Many grains contained bands of such 
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20°C 


475°C 


irregularity that measurements of these would have 
been meaningless. Others showed parallel groups of 
many fairly uniformly spaced straight bands and it 
was assumed that the true spacing of these could be 
determined with reasonable accuracy by inspecting 
many sets and measuring the sets with the closest 
spaced bands, which would generally represent the 
bands that were standing approximately perpendic- 
ular to the surface. 

The specimens were surveyed for areas where at 
least four (usually six to nine) parallel bands ap- 
peared to have approximately the minimum spacing. 
The “spacing” was defined as the average distance 
from the center of one dark band to the center of 
the next dark one, as determined from a measure- 
ment from the first to the last band of the set, 
normal to the direction of the trace of bands in the 
surface when seen at magnifications of X50 to X150. 
In determining the number of such sets to be used in 
taking an overall average, consideration was given 
to the total number of sets available for measure- 
ment. Four to twelve sets were averaged for each 
determination. The averages for impact deforma- 
tion of 20 to 30 pct at various temperatures are 
plotted in Fig. 3. 

The arbitrary nature of the measuring procedure 
and the danger of subjective errors prompted a 
reexamination over six months after the first meas- 
urements had been completed, using freshly re- 
polished and etched surfaces. The newer measure- 
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500°C 
Fig. 2—Microstructure of 8-brass deformed 15 to 30 pct by impact at temperatures indicated. X15. 
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Fig. 3—Spacings of deformation bands produced by impact at 
different temperatures as determined by averaging closest 
spaced sets. 


ments appear in Fig. 3 as triangles, the earlier ones 
as open circles, and a third series, made at a still 
later date and using a higher magnification on the 
metallograph (X150 rather than X50 to X100) are 
plotted as filled circles. Agreement between the 
different series indicates that the important trends 
can be recognized in spite of any systematic errors 
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Fig. 4—Spacings of deformation bands produced by slow com- 
pression of 22 to 25 pct at different temperatures. Triangles 
represent average of several of the closest spaced; circles, 
minimum spacings. 


that may be inherent in the measurements and in 
spite of the complex way in which the bands are 
likely to depend upon orientation and local condi- 
tions of strain. 

The measurements disclose no major alteration in 
spacing as impact deformation temperatures vary 
from —195° to 400°C, but show a rapidly increasing 
spacing as the temperature is raised to 435°C and 
above. The spacing is still increasing as the temper- 
ature passes above the critical temperature for dis- 
ordering, marked T, in Fig. 3. Relatively few bands 
were produced at 435°C and above. At 500° and 
525°C the bands become so broad and diffuse that 
some specimens contained no sets of bands that met 
the criterion of suitability for measurement. (These 
are indicated by arrows in Fig. 3). Other specimens 
contained two or three sets only (of 40 to 70 micron 
spacings). 

Spacings of Bands Produced by Slow Compres- 
sion: Fig. 4 gives the corresponding data for a series 
of samples compressed slowly to a reduction of 22 
to 25 pct in thickness, the time for completing the 
strain varying from 60 sec at —195°C to 30 sec at 
20°C and to about 10 sec at the highest tempera- 
tures. As with the previous series, compression was 
followed immediately by quenching and the same 
procedure in measuring and averaging the narrow- 
est bands was followed, giving the data plotted as 
triangles and the full line drawn in Fig. 4; the mini- 
mum spacings in each sample are shown as filled 
circles and the dashed curve. The constancy of 
spacings up to 400°C that was observed with impact 
straining is replaced here by a dependence on tem- 
perature throughout the range of temperatures 
above 20°C. 


1006—JOURNAL OF METALS, SEPTEMBER 1954 


Another series of samples was equilibrated and 
quenched from temperatures in the range 300° to 
500°C and immediately subjected to slow compres- 
sion of about 22 pct in 24% min at room temperature. 
The band spacings for the different quenching tem- 
peratures were not significantly different from each 
other, and averaged 13 microns (14 microns for the 
range 300° to 400°C and 12 for the range 425° to 
500°C). These average spacings are many times 
smaller than those resulting from slow straining at 
temperatures corresponding to the quenching tem- 
peratures, and are slightly smaller than the spacings 
after impact loading at 300° to 425°C. No sharply 
increased spacing resulted from slow. room-temper- 
ature straining when the quenching temperature 
had exceeded 425°C. 

The Fractions of Grains Showing Bands: At all 
temperatures of deformation, there were some grains 
that survived impact deformations of 15 to 30 pct 
without developing visible deformation bands. The 
fraction that remained unmarked varied with tem- 
perature in the way indicated in Fig. 5, suddenly 
becoming a majority of the grains as the tempera- 
ture of impact exceeded 425°C. Here again the 
curve is not presented as a precision determination, 
since each point represents an inspection of only 25 
to 50 grains of varying size; but it does show the 
general trend unmistakably. 

When samples quenched from high temperatures 
and compressed slowly at room temperature were 
also inspected, it was found that there was no abrupt 
increase in the fraction of grains showing no bands 
as the quenching temperature was raised above 
425°C. The fraction was 0.35 for quenching from 
450°C and 0.27 for quenching from 550°C. 

Hardness Measurements: The variation of hard- 
ness with temperature was measured by a dynamic 
indent method. By this means, it was possible to 
minimize creep and recovery effects during the 
measurement. A hardness tester was prepared in 
which a 1g in. diameter steel ball in a chuck from a 
Rockwell machine was mounted on a plunger con- 
sisting of a cylinder filled with lead shot, which pre- 
vented rebound of the plunger. The weight of the 
assembled plunger was 307 grams. Upon releasing a 
catch, the plunger dropped from a height of 1 in. in 
a brass tube onto a specimen about 3% in. square and 
Y% in. thick mounted in a jig that had been pre- 
heated or precooled. 

Fig. 6 records the diameter of the indent as a 
function of the temperature of the specimen, the 
circles and full line referring to the samples con- 
taining 51.72 pct Cu, and the dashed curve referring 
to the average of confirmatory tests on other samples 
of 8-brass. It is seen that the specimens became 
rapidly softer as they were heated above 400° to 
425°C. 

The sudden dip in the curve below the tempera- 
ture of dry ice was attributed first to experimental 
difficulties of some kind, but a review of the testing 
method failed to disclose any such difficulties. A 
total of five series of tests were made comparing the 
impact hardness at room temperature and at liquid 
nitrogen temperature, and every series disclosed a 
similar dip. The average diameters of indents in 
specimens cooled very slowly in the furnace were 
1.06 and 0.89 mm for room temperature and liquid 
nitrogen temperature, respectively; for those tested 
immediately after quenching from 445°C (the 
quenching temperature that yielded maximum flow 
resistance in Green and Brown’s samples’), the aver- 
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Fig. 5—Fraction of the grains showing no bands after 15 to 
30 pct compression by impact at different temperatures. 


age diameters were 0.95 and 0.87 mm for room tem- 
perature and liquid nitrogen temperature, respec- 
tively. These values serve to emphasize the great 
softening at elevated temperatures compared with 
any hardness changes that can be produced in 
quenched samples. 

Tests for Twinning and for Strain Transformation: 
Neither deformation twins nor evidences for strain 
transformation were found in any of the samples, 
either in the impact series of Fig. 3, the slow com- 
pression series of Fig. 4, or additional samples that 
were deformed by impact under liquid nitrogen (37 
pet reduction) or under a dry-ice and acetone bath 
(12, 22, and 67 pct reduction). 


Discussion 


It is clear that when impact deformation temper- 
atures are raised above about 425°C, the samples 
become abruptly softer, develop wider bands, and 
deform with fewer grains becoming banded. Unus- 
ual hardness is seen when the impacting tempera- 
ture is —196°C; the reason for this is not obvious. 
These trends are so pronounced that they stand out 
clearly in spite of systematic and subjective errors 
that must be anticipated in the metallographic 
measurements that were made, and in spite of the 
lack of sensitivity of hardness measurements rela- 
tive to flow-stress measurements such as those of 
Green and Brown.” 

The comparative insensitivity of hardness to tem- 
perature in the range —100°C to 400°C, seen in Fig. 
6, suggests that thermal agitation and diffusion play 
no role in flow processes during impact below 400°C. 
Confirmation of this is found in the fact that impact 
hardness measured at a temperature within this 
range is about the same as the hardness of a sample 
that has been quenched from 445°C and indented at 
room temperature, where thermally aided processes 
are doubtless absent at high strain rates. 

Since the abrupt changes in impact hardness and 
the correlated changes in microstructure, Figs. 3 and 
5, set in at temperatures not far below the critical 
disordering temperature, T., there is much reason to 
suspect that the degree of order is in some way 
responsible. It will be recalled that equilibrium 
order as judged by the intensity of superlattice re- 
flections’ changes slowly at lower temperatures, 
dropping only to about 0.8 as the temperature is 
raised to 375°C, but it then falls with increasing 
abruptness so that it drops to 0.6 at 425°C and to 0.4 
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It does not seem reasonable to ascribe the abrupt 
change of slope of the impact curves at 425° to the 
onset of thermally activated flow processes at this 
temperature, for thermal activation would be ex- 
pected to yield a more gradual softening, and a 
greater similarity in shape between the curves for 
spacing with impact and with slow deformation, 
Figs. 3 and 4. Confirming this view, a gradual not a 
cataclysmic increase in band spacings with increase 
in deformation temperature has been observed in 
aluminum,” both with slow and rapid straining. 

The continued drop in impact hardness as tem- 
perature is raised above T, may be ascribed to local 
order, and also some thermally aided flow may 
enter even at rapid strain rates. 

If changes in order are chiefly responsible for the 
abrupt and large change in hardness near the dis- 
ordering temperature, it is to be expected that the 
hardness range that can be produced in samples at 
room temperature by quenching from various tem- 
peratures would be relatively small compared with 
those observed at temperature, as is observed, since 
a high degree of disorder cannot be retained in 6- 
brass by quenching. 

It is perhaps well to outline in general terms the 
possibilities that currently appear attractive for 
explaining the variation of impact hardness with 
temperature: 

1—For a certain range above the critical tem- 
perature (T,), hardness depends upon local order 
through the mechanism suggested by Fisher.’ This 
contribution to the hardness should decrease with 
rising temperature. 

2—Below T,, the tension of the domain boundary 
that stretches between the pairs of dislocations’ and 
that holds them near together should act to inhibit 
the generation of dislocations at Frank-Read sources.” 
It should interfere also with the processes by which 
obstacles to the movement of dislocations are sur- 
mounted, whether this be by climb or penetration 
between local obstacles. 

3—Below T,, domain boundaries exist that can be 
passed through by moving dislocations only with 
the expenditure of energy corresponding to the in- 
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Fig. 6—Diameter of impression from impacts at different tem- 
peratures. Circles and full curve represent specimens contain- 
ing 51.72 pct Cu; dashed curve, average of other specimens. 
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crement of domain-boundary area resulting from the 
passage." The resulting contribution to hardness in- 
creases with increasing domain-boundary energy 
and with increasing numbers of boundaries. 

4—The interaction of vacancies with moving pairs 
of dislocations should create strings of atoms in 
antiphase positions within an ordered domain, 
strings which trail out behind dislocation pairs and 
resist their continued motion.” 

5—An antiphase string of atoms left behind by a 
diffusing vacancy could be cut by a pair of disloca- 
tions only with an expenditure (slight) of energy. 

It is suggested that mechanism 3 may be less 
important in 6-brass than in Cu,Au-type superlat- 
tices, since in B-brass the number of domain bound- 
aries should be smaller; their geometry makes for 
easier coalescence of independent nuclei of order 
during their growth and easier shrinkage of small 
island domains. This follows from the fact that 
there can be only two types of domains, copper 
atoms being at 000 in one and at 4%21%% in the other, 
so that a foam structure cannot exist. Small do- 
mains are isolated islands that lack the restraints to 
contraction that are felt by the small domains of a 
foam structure. Nevertheless, it must be assumed 
that there is some slowly changing feature of the 
structure that will account for the slow age soften- 
ing at room temperature.” * This hardly can be the 
degree of order within a domain, since electrical- 
conductivity measurements indicate that this changes 
very rapidly,’ doubtless at rates determined by the 
diffusion rate of vacancies.” There seems to be no 
choice but to assume that the slowly changing fea- 
ture is the number of domain boundaries. The 
softening as the deformation temperature approaches 
and passes T,, is a much greater effect. It has been 
argued that it is related to order, and, since it can- 
not be retained by quenching, this order must be of 
a type that equilibrates rapidly. Accordingly, the 
high temperature softening is ascribed to the degree 
of order within domains, acting through the various 
mechanisms listed above. 

The processes by which the various types of de- 
formation bands form are as yet rather uncertain, 
and the meaning of the correlation between band 
spacing and order is even more so. A tentative sug- 
gestion might be based on the concept that a band 
boundary originates with an individual dislocation 
or a wall of dislocations being halted at an obsta- 
cle.“ The more effective are the obstacles, the more 
places will become potential locations for bands, and 
the smaller, on the average, would be the resulting 
band spacing. As mentioned above, increasing the 
degree of order should increase the effectiveness of 
obstacles. 

With regard to the lack of mechanical twinning in 
B-brass, it should be noted that the ordered struc- 
ture cannot go by simple shear into the twinned 
position without some disruption of the order,® and 
at high temperatures the lowered slip resistance 
may prevent stresses from reaching requisite levels 
to initiate twinning, even in the disordered state. 


Summary 

Polycrystalline 6-brass was deformed in compres- 
sion at low and high rates of strain over a range of 
temperatures and impact hardness indents were 
made over the temperature range with the following 
results: 

1—Deformation twins were not found after any 
of the tests, which ranged from —195° to 625°C. 

2—Deformation bands with minimum spacings of 
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15 to 20 microns were formed by impact at —195° 
to 425°C; the spacings increased very rapidly be- 
tween 425° and 500°C, becoming comparable to the 
dimension of the grains. 

3—The spacing of the bands formed during slow 
compression increased steadily with deformation 
temperature from approximately 10 microns at 
—196°C to roughly 200 at 400°C. 

4—Below 425°C the majority of the grains, after 
impact compression, contained bands; but above 
450° less than 10 pct contained bands. 

5—Impact hardness decreased moderately in rais- 
ing the impact temperature from —195° to 20°C, 
increased moderately in the range 20° to 385°C, and 
fell continuously and rapidly throughout the range 
400° to 625°C. 

6—It is concluded that thermally activated flow 
processes play no role below 425°C in the impact 
tests, though they do with slow strain rates, but 
that the state of order controls the behavior in this 
range and also somewhat above the critical temper- 
ature for disordering. 

7—It is suggested that for B-brass it is predom- 
inantly local order rather than the number of do- 
main boundaries that controls hot impact hardness 
and that the reverse is the case with hardness at 
room temperature. The degree of local order affects 
the energy required for dislocations to be generated, 
to cross imperfect domains, cut domain boundaries 
and antiphase strings, and to surmount obstacles. 
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Stress-Strain Characteristics and Slip-Band Formation 


In Metal Crystals: Effect of Crystal Orientation 


by F. D. Rosi 


The plastic properties of extended silver and copper crystals of varying purity 
were studied as a function of crystal orientation in the early stages of flow. 
Variations in the gross shape of the shear stress-shear diagram and in the properties 
of critical shear stress and shear-hardening coefficient were correlated with changes 
in slip-band developments. The phenomenon of work hardening is discussed in terms 


of the existing dislocation theory. 


T appears certain from the early studies on the 

deformation characteristics in metal crystals*® 
that plastic flow takes place in a preferred crystallo- 
graphic slip system which is determined by the 
geometry of the crystal (law of maximum shear 
stress), and that the value of shear stress for this 
system is independent of crystal orientation (law of 
critical shear stress). Experimentally, it has been 
demonstrated further that the law of critical shear 
stress can be extended to include extensive plastic 
flow." Thus, the shear-hardening coefficient, which 
is defined as the slope of the shear stress-shear curve, 
also is considered to be independent of orientation. 

It is noteworthy that deviations from this em- 
pirical shear-hardening law have been reported in 
cubic crystals whose initial orientation favors slip 
on more than two systems.* Moreover, this law ap- 
pears to have been derived from stress-strain data 
relating to relatively high values of shear strain 
(0.5 to 4), where widespread slip and complex dis- 
tortions can be expected, regardless of crystal orien- 
tation. Since existing data indicate that the strain 
inhomogeneity in a crystal is manifested particu- 
larly in the early stages of flow, it would appear that 
a more exacting test as to the fundamental nature of 
the shear-hardening law would be to investigate 
systematically the shape of the stress-strain curve 
as a function of crystal orientation in the earlier 
stages of deformation. 

With regard to the general form of the shear 
stress-shear curve for cubic crystals, early studies 
show a parabolic hardening law, where the shear 
stress is proportional to the square root of the shear- 
strain. Since this law was predicted theoretically 
by Taylor’ in his original dislocation model for hard- 
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ening, it has been accepted widely as a fundamental 
flow characteristic of cubic metals. However, it was 
recently pointed out by Masing”® that the parabolic 
law is not the elementary form of hardening in 
cubic crystals, but instead is a consequence of com- 
plexities in the flow process (e. g., deformation 
bands and unpredicted secondary slip). Thus, in the 
very early stages of deformation (< 2 pct exten- 
sion) where the occurrence of such complexities is 
unlikely, a different strain-hardening behavior 
might be anticipated. This view is supported by the 
recent work of Rosi and Mathewson‘ on high purity 
aluminum where a linear law was obtained for ex- 
tensions up to 2 pct. A linear hardening over a 
wider range of deformation also was reported by 
Rohm and Kochendorfer® who deformed aluminum 
crystals under conditions approximating pure shear. 
Even more pertinent is the recent evidence of 
Masing and Raffelsieper’® on high purity aluminum 
crystals. It was found that for crystals having initial 
orientations near a <100> or <111> axis, a high 
hardening was obtained, whereas crystals with a 
<110> orientation exhibited a low and linear hard- 
ening curve followed by a region of more rapid 
hardening. 

Since much still remains obscure concerning the 
details of strain hardening as well as slip-band for- 
mation in face-centered-cubic crystals in the early 
stages of deformation, the present study was under- 
taken to evaluate the effect of crystal orientation on 
these two important manifestations of glide. It is 
important to note here that at the time of this study, 
Lucke and Lange” presented information on the 
orientation-dependence of the shape of the strain- 
hardening curve in aluminum of various purities. 
Their work, which essentially represents an exten- 
sion of that of Masing and Raffelsieper, in many re- 
spects is parallel to that of the present study. 


Experimental Procedure 
Production of Single Crystals: Single crystals of 
silver and copper of varying purity were used in 
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the present study. The purity of the silver crystals 
was 99.99, 99.97, and 99.93 pct with copper as the 
major impurity in each case, and spectroscopic anal- 
ysis indicated no variation in the minor impurities. 
In the case of the copper crystals, both the OFHC 
(99.98) and spectroscopic (99.999) grades were 
used. 

Single crystal specimens, 3% in. diam and 5 in. 
length, were produced by the Bridgman method of 
gradual solidification from the melt in vacuum. In 


Table |. Critical Shear Stress Data for Silver of Various Purity 


Critical 
Speci- Shear Stress, 
men Diameter, Xo, No, Sin xo Grams per 
No. In. Degree Degree Cos )o Sq Mm Purity 
1 0.357 34 34 0.463 43 99.99 
2 0.356 30 37 0.399 52 99.99 
3 0.361 41 43 0.480 49 99.99 
4 0.362 39 43 0.459 58 99.99 
5 0.365 41 47 0.447 50 99.99 
6 0.359 31 31 0.441 45 99.99 
7 0.361 47 47 0.499 47 99.99 
8 0.366 46 46 0.500 48 99.99 
9 0.362 52 53 0.474 44 99.99 
12 0.362 40 41 0.485 47 99.99 
13 0.360 34 36 0.452 42 99.99 
19 0.357 40 42 0.478 48 99.99 
22 0.361 42 43 0.489 44 99.99 
24 0.363 26 34 0.364 52 99.99 
27 0.360 50 53 0.461 46 99.99 
Al* 0.362 33 36 0.446 48 99.99 
A2* 0.361 33 36 0.446 50 99.99 
Mean Value 48 99.99 
30 0.361 25 33 0.355 77 99.97 
32 0.362 46 46 0.500 70 99.97 
35 0.359 39 41 0.475 69 99.97 
39 0.360 50 51 0.482 fi 99.97 
41 0.363 37 42 0.446 84 99.97 
44 0.366 40 39 0.500 67 99.97 
46 0.364 32 32 0.450 72 99.97 
Mean Value 73 99.97 
73 0.360 37 37 0.481 135 99.93 
76 0.362 30 36 0.405 132 99.93 
85 0.362 39 43 0.460 141 99.93 
92 0.360 42 42 0.497 130 99.93 
93 0.359 31 31 0.441 134 99.93 
95 0.363 52 53 0.475 122 99.93 
97 0.358 43 43 0.499 126 99.93 
98 0.361 42 48 0.447 124 99.93 
Mean Value 131 


99.93 


* Crystals of identical orientation produced from a common seed. 


(100) 0] 


99.99 Ag 99.97 Ag [110] 


99.93 Ag 


[loo] 


td) {110} 


99.999 Cu 99.98 Cu 


Fig. 1—Original orientations of silver and copper single crystals 
used for determining yalues of critical resolyed shear stress. 
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tests where it was desirable to eliminate the orien- 
tation effect, crystals of identical orientation were 
produced by solidification from a common seed. The 
back-reflection Laue method was used for determin- 
ing crystal orientation. 

Preparation of Specimens: Since it was found that 
mechanical polishing of the specimens affected their 
stress-strain characteristics, special care was taken 
in boring the graphite molds so as to produce as-cast 
crystals with exceedingly smooth surfaces. To ob- 
tain a 3 in. gauge length of uniform diameter and a 
surface suitable for optical microscopy, the as-cast 
crystals were coated at their ends with Duco cement, 
etched with constant agitation in a 30 pct solution of 
nitric acid, and then electrolytically polished. The 
silver single crystals were electrolytically polished 
in a room-temperature solution of potassium ferro- 
cyanide and sodium cyanide, whereas the copper 
crystals were polished in a 2:1 solution of methyl 
alcohol and concentrated nitric acid maintained at 
0°C by means of an ice bath. In both cases, a cur- 
rent density of 15 to 20 amp per sq cm was used, and 
a highly polished surface was obtained in 10 to 15 
min. 

Tensile Testing: Depending upon the nature of the 
required data, either of two methods of tensile test- 
ing was used. The first of these involved equipment 
which would yield data pertinent to the evaluation 
of the critical resolved shear stress, as well as pro- 
vide an accurate description of the stress-strain 
curve in the very early stages of plastic flow (i.e., 
for extensions <2 pct). This tension apparatus in- 
volved the use of a constant-stress loading beam, 
which was constructed to provide a 6:1 lever ratio 
for crystals with a 3 in. gauge length. 

Loading of the specimens was accomplished by al- 
lowing sand to flow from a reservoir at a constant 
rate of 325 grams per min into a bucket suspended 
from the end of the longer lever arm of the beam. 
With this equipment, therefore, the crystals were 
slowly extended at a constant rate of increase of 
stress. Strain measurements were made using a re- 
sistance-wire strain gauge and a strain indicator 
which permitted a reading accuracy of 2 microin. 
per in. The strain gauge, which consisted of a single 
strand of cupronickel wire, was attached to the 
specimen only at its ends, since measurements at 


Table II. Critical Shear Stress Data for Copper of Various Purity 


Critical 
Speci- Shear Stress, 
men Diameter, Xo, do, Sin xo Grams per 
No. In Degree Degree Cos \o Sq Mm Purity 
1 0.364 32 39 0.412 68 99.9 
2 0.360 44 44 0.500 62 99.980 
3 0.362 44 47 0.475 64 99.999 
5 0.362 32 34 0.439 65 99.999 
6 0.359 37 37 0.481 62 99.999 
9 0.363 37 40 0.462 71 99.999 
Mean Value 65 99.999 
10 0.358 52 54 0.464 90 
11 0.364 37 39 0.464 91 29.08 
12 0.366 43 46 0.475 87 99.98 
13 0.362 27 37 0.362 92 99.98 
14 0.361 38 43 0.450 108 99.98 
15 0.364 41 41 0.495 96 99.98 
17 0.363 33 34 0.452 88 99.98 
18 0.363 36 38 0.464 95 99.98 
19 0.360 39 45 0.445 93 99.98 
20 0.365 35 41 0.433 99 99.98 
21 0.359 44 45 0.491 96 99.98 
22 0.361 33 34 0.452 92 99.98 
24 0.362 43 43 0.499 90 99.98 
Mean Value 94 99.98 
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room temperature indicated that the cement used 
to attach the gauges caused an increase of 10 to 15 
pet in the strain hardening. 

The second method of tensile testing was used 
primarily to obtain the gross shape of the stress- 
strain diagram up to 20 pct extension. The tests 
were made with a Baldwin-Southwark Tate-Emery 
hydraulic machine, and stress-strain diagrams were 
obtained at a uniform strain rate of 0.003 min". The 
use of an extensometer attached to the specimen, 
along with a microformer-type recorder, permitted 
automatic recording of the stress-strain curve on a 
revolving drum. 

In both methods of testing, an attempt was made 
to eliminate the inhomogeneity of deformation (grip- 
effect) in tension by the use of a rotatable-grip ar- 
rangement, which was described in a previous 
paper.” 

Experimental Results 

Critical Shear Stress Determinations: The original 
orientations of both the silver and copper single 
crystals used for determining the critical resolved 
shear stress are presented in the stereographic tri- 
angles of Fig. 1. For each purity, crystals were 
selected whose orientation distribution adequately 
covered the triangle. As illustrated in a previous 
paper,’ the yield stress used for calculating the criti- 
cal shear stress was taken as the extrapolated point, 
which represents the intersection of the elastic range 
with the straight portion of the stress-strain curve 
occurring immediately after the onset of flow. The 
data pertinent to the evaluation of the critical re- 
solved shear stress for the silver and copper crystals 
are given in Tables I and II. For all purities, close 
examination of the data reveals consistently higher 
values for orientations near the [100] and, to a 
lesser degree, the [111]. It is significant, however, 
that for such crystals the gradual transition from 
the elastic to the plastic regions of the curve made it 
difficult to assign a value of yield stress. Neverthe- 
less, with the possible exception of these critical 
orientations, the variation in the value of critical 
shear stress for the differently oriented crystals 
from the tabulated mean value is within the experi- 
mental error; and this can be regarded as a verifi- 
cation of the Schmid law of critical shear stress. 

Comparison of the present mean critical shear- 
stress values with those of previous investiga- 
tions’ for silver and copper crystals of comparable 
purity shows reasonably good agreement (see Table 
III). The comparatively high value of 156 grams per 
sq mm reported by Hibbard for OFHC copper could 
be attributed to the difference in the method of 
solidification, while the slightly lower value of Linde 


Ag 


CRITICAL SHEAR STRESS, 9/mm* 


fe) 
0 2 4 6 8 


IMPURITY CONTENT, X 10% 


Fig. 2-—Effect of impurity on critical shear stress of copper 
and silver crystals. Solid circle is taken from the data of 
Andrade and Henderson.”® 


et al. for spectroscopic copper probably is a result 
of their method for selecting the yield point. 

The critical shear-stress data for silver as a func- 
tion of impurity are summarized in the curve of Fig. 
2, which shows a linear increase in this property 
with increasing impurity content. Linear extrapola- 
tion of the curve to 0 pet impurity gives a critical 
shear stress of 34 grams per sq mm, which is very 
close to the Andrade and Henderson value for 99.999 
Ag (solid circle in Fig. 2). The mean critical shear- 
stress values for the two purities of copper also are 
included in Fig. 2, and the displacement of the curve 
to higher values of shear stress could be attributed 
to its higher melting point, or the difference in the 
nature of impurities. 

Stress-Strain Characteristics: The values in Table 
IV show the orientation dependence of the elastic 
modulus for silver and copper crystals of similar 
purity. Both metals exhibit a marked elastic anisot- 
ropy, in agreement with previously published values.’ 

Typical stress-strain curves for the silver and 
copper crystals of varying purity as a function of 
crystal orientation are shown in Figs. 3 through 6, 
from which it may be seen that there are essentially 
two types in regard to their gross shape. The first 
of these shows a rapid rate of hardening immediately 
following the advent of plastic flow, which is asso- 
ciated with a rather ill-defined yield point. In gen- 
eral, the hardening rate after reaching a maximum 


Table III. Critical Shear Stress for Silver and Copper Crystals 


Method of 
Purity of Producing Selection Critical 
Initial Single of Yield Shear Stress, 
Metal Material Crystal Point Grams per Sq Mm Literature 
Silver 99.99 Solidification Plastic flow at 48 Present investigation 
99.99 in vacuo constant rate 60 Sachs and Weerts! 
99.999 37 Andrade and 
Henderson! 
Copper 99.98 (OFHC) Solidification Plastic flow at 94 Present investigation 
in vacuo constant rate 100 Sachs and Weerts!8 
Solidification 156 Hibbard" 
in nitrogen 
99.999 Solidification Plastic flow at 65 Present investigation 
(Spectro- in vacuo constant rate 
scopic) 
Deviation from 53 Linde, Lindell, and 


Hooke’s law Stade 
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Fig. 3—Stress-strain curves for 99.99 pct Ag crystals of different 
orientation. 
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Fig. 4—Stress-strain curves for 99.97 pct Ag crystals of different 
orientation. 
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Strain 
Fig. 5—Stress-strain curves for 99.93 pct Ag crystals of different 
orientation. 


value decreases slightly with increasing strain, sug- 
gesting a parabolic shear hardening consistent with 
the earlier observations in aluminum.” * Stress- 
strain curves of this type are associated with crystals 
whose initial orientations are near a <100>, <111>, 
or the boundary [111]-[100] for duplex slip. Similar 
conclusions were arrived at by Masing and Raffel- 
sieper’ and more recently, by Liicke and Lange” in 
their work on high purity aluminum. 

The second type of stress-strain curve displays a 
better-defined yield point followed by a two-stage 
hardening process, which is characterized by a low 
and linear rate of hardening followed by a region 
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Fig. 6—Stress-strain curves for 99.98 pct Cu crystals of dif- 
ferent orientation. 
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Fig. 7—Shear stress-shear curves for moderately extended 
copper crystals of different orientation. 


of more rapid hardening. For extensions exceeding 
those shown in Figs. 3 through 6, the high harden- 
ing rate in the second stage is found to decrease 
gradually with increasing strain, as shown in the 
curves of Fig. 7. Thus, the nature of the strain hard- 
ening in the second stage is similar to the parabolic 
hardening associated with the single-stage curve dis- 
cussed above. Similar two-stage hardening curves 
have been reported in aluminum by Miller and 
Milligan” and Masing and Raffelsieper,’ and in silver 
and gold by Sachs and Weerts” and Andrade and 
Henderson." The initial stage of low hardening was 
referred to by Miller and Milligan as the “yield- 
point elongation zone,” and by Andrade and Hender- 
son as the “region of easy glide.” For the sake of 
convenience, in the present study the regions of low 
and high hardening in the two-stage process will be 
designated stages I and II, respectively. 

Close examination of the curves in Figs. 3 through 
6 reveals a systematic decrease in the amount of 
strain associated with stage I and an increase in its 
strain hardening as the original orientation of the 
crystal goes from the [110] to the [100], [111], or 
the [100]-[111] symmetry position. Moreover, a 
comparison of the curves in Figs. 3 and 5 indicate. 
that this orientation effect on stage I is more pro- 
nounced in the less pure material. 

The effect of crystal orientation on the shear- 
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hardening coefficient of stage II, (——) II, is indi- 
a 


cated by the shaded regions in the stereographic tri- 
angles of Fig. 8. The boundaries of the regions were 
obtained from experimentally determined values of 
shear hardening for the original crystal orientations 
indicated by the solid circles in the triangles. It is 
apparent that the lowest shear-hardening values 
occur for those orientations in the region of the 
[110], whereas the larger values are associated with 
orientations near the [100], [111], and the [100]— 
[111] symmetry position. The precise nature of this 
dependence is illustrated better by the shear-hard- 
ening values for the selected orientations in Fig. 9, 
as well as by the accompanying curves describing 


the variation of (——) II with the angle, x., which 
a 


the slip plane makes with the stress axis in the indi- 
cated directions. It may be seen that the shear- 
hardening coefficient increases gradually but at a 
rapidly increasing rate on approaching the [100], 
[111], and [111]—[100] boundary from the [110] 
position. It is significant also that the shear-harden- 
ing coefficient reaches the, greatest value for the 
[100] orientation, where geometrically four slip 
systems are equally favorable for glide. 

Fig. 10 shows the effect of increasing soluble im- 
purities (principally copper) on the shape of the 
stress-strain curve for silver crystals of similar 
orientation. It is readily apparent that the extent of 
stage I increases markedly with increasing impurity 
content, whereas the strain hardening in both stages 
I and II decreases. A similar effect, shown in Fig. 11, 
is obtained on comparing the curves for similarly 
oriented OFHC and spectroscopic copper. 

A comparison of the two-stage hardening curve 
for copper and silver crystals of similar purity and 
orientation is demonstrated in Fig. 12, which also 
includes a curve for a similarly oriented crystal of 


99.93% Ag 


11,000 -13,500 12,500-14,000 9/mm? 


9,000 -10,000 9,500 -15,000 
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Fig. 8—Effect of crystal orientation on the high shear-hardening 
coefficient of stage II. Shaded regions were determined from data 
on the crystal orientations indicated by solid circles. 
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Table IV. Values of Elastic Modulus (E) for Silver and Copper 
Crystals of Critical Orientation 


Metal E, Kg per Sq Mm Direction 
Silver 11,500 2° from [111] 
(99.99) 7,920 4° from [110] 
4,080 4° from [100] 
Copper 18,200 7° from [111] 
(99.98) 11,100 6° from [110] 
7,450 6° from [100] 
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Fig. 9—Variation in the shear-hardening coefficient of stage II, 


(Il), on going from a [110] orientation to a [100], 


a 

[111], and [100] — [111] symmetry position. Values of the 
shear-hardening coefficient indicated in the stereographic triangles 
are in kg per sq mm. 
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Fig. 10—Stress-strain curves for similarly oriented silver crystals of 
different purity. 
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Table V. Data on the Two-stage Hardening Curve for Silver: S: = Critical Resolved ai Stress (Onset of Stage 


1): Si. — Resolved Shear Stress (Onset of Stage II); a = Shear Strain (Extent of Stage 1); —— = Shear Hardening 


Coefficient of Stage | 


(—)I, 
Ss Si Su, Su-St, a 
Grams per Purity, 
0» IN Grams per Grams per Grams per 
No. Dene Degree Sq Mm Sq Mm Sq Mm a Sq Mm Pet 
99 
8 46 119 73 0.020 3650 99. 
is ag ce 51 137 86 0.019 4400 99.99 
16 47 47 45 127 76 0.024 3170 99.99 
18 35 43 44 116 72 0.023 3130 99.99 
20 34 34 42 111 69 0.009 7670 99.99 
25 43 44 48 125 77 0.027 2850 99.99 
28 50 54 52 125 73 0.037 1970 99.99 
Mean Value* 46 120 74 99.99 
7 37 73 160 87 0.018 4830 99.97 
2 46 46 79 176 97 0.029 3310 99.97 
59 27 32 81 174 93 0.013 7600 99.97 
61 47 51 fil 161 90 0.047 1880 99.97 
65 39 44 90 218 128 0.024 5330 99.97 
Mean Value* 76 168 92 99.97 
33 46 46 134 264 130 0.063 2060 99.93 
37 49 52 138 267 129 0.119 1080 99.93 
40 26 37 132 266 134 0.040 3380 99.93 
42 38 40 126 245 119 0.052 2290 99.93 
47 28 32 123 248 125 0.031 4030 99.93 
52 35 35 147 302 155 0.034 4560 99.93 
Mean Value* 131 258 127 99.93 


* Mean values do not include crystals Nos. 15, 65, and 52 because of their critical orientation (near [100] ). 


99.99 pet Al taken from the recent work of Lucke 
and Lange." It may be seen that, with a decrease in 
the melting point of the material (Cu>Ag-Al), the 
extent of stage I increases and the degree of strain 
hardening in stages I and II decreases. This melting- 
point effect could be translated also into one of test- 
ing temperature. 

It appears significant that a decrease in the extent 
of stage I with orientation, impurity content, or 


melting point is always accompanied by a corres- 
ponding increase in its degree of shear hardening. 
To determine whether an intimate correlation exists 
between these two physical features, the values of 
resolved shear stress Sy and shear strain a, corres- 
ponding to the end of stage I or the onset of stage II 
were determined for a number of silver and copper 
crystals in addition to the values of critical shear 
stress for the onset of stage I, S,;, and the shear hard- 


53 ening coefficient of stage I, (———)I (see Tables V 
a 
and VI). The co-ordinates, S;; and a, were obtained 
2 from the intersection of the two linear regions of 
the two-stage hardening curve. It is apparent from 
the data in Tables V and VI that for each material 
N 
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Fig. 11—Stress-strain curves for similarly oriented copper 
crystals of different purity. 
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Fig. 12—A comparison of stress-strain curves for copper, 
silver, and aluminum of similar purity and orientation. 
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the values of a and (——)I are markedly dependent 
a 


upon crystal orientation, whereas the coordinate of 
shear stress, Sy, is not. Thus, like the resolved shear 
stress for the onset of stage I (S;), it would appear 
that the value of resolved shear stress for the onset 
of stage II is associated with a law of critical shear 
stress. It follows, therefore, that stage I is associ- 
ated with an increment of shear stress (Si; — S:) 
which also is independent of crystal orientation and, 
hence, amount of shear of stage I. These generaliza- 
tions are clearly expressed in the schematic shear 
stress-shear curves of Fig. 13. It may be seen that 
the change in slope of the shear-hardening curve 
occurs at a constant value of shear stress, Sy, for the 
differently oriented crystals A and B; and conse- 
quently, the increment of shear stress, S;, — Si, is 
also a constant independent of orientation. These 
generalizations also apply to super purity aluminum, 
as evidenced by the data in Table VII which was 
calculated from the load-extension curves of Masing 
and Raffelsieper.° 

It may be noted from the data in Table V that the 
values of Sy for crystals Nos. 15, 45, and 52 are ex- 
ceptionally high. These apparent anomalies can be 
attributed to the ill-defined nature of the two-stage 
hardening curve for these crystals, whose initial 
orientations were near a [100]. For this reason, 
these values were not included in the determination 
of the mean value of Sy. 

The data in Table V also show an increase in the 
increment of shear stress, Si — S;, with increasing 
impurity content. This would suggest that Sy in- 
creases more rapidly than S; with amount of im- 
purity. In view of this effect, the similarity in the 
mean value of S; — S, for copper and silver of 
similar purity is probably fortuitous. It is not likely 
that the different impurities will have the same 
effect in the two metals. In Fig. 14 the present data 
on the stress-strain characteristics of copper and 
silver crystals of various purity are summarized 
schematically. 

Slip-Band Formation: Since considerable difficulty 
was experienced in resolving slip markings in the 
silver crystals (most likely a result of an oxide-film 
formation), this phase of the work was confined to 
an examination of slip bands on electrolytically 
polished surfaces of OFHC-copper crystals whose 
original orientations are indicated in the stereo- 
graphic triangle of Fig. 15. 

The micrographs in Fig. 16 illustrate the nature of 
the slip process in a copper single crystal with initial 


Table VI. Data on the Two-stage Hardening Curve for 99.98 
Copper: S$; = Critical Resolved Shear Stress (Onset of Stage 1); 
S,; = Resolved Shear Stress (Onset of Stage II); a = Shear Strain 


+ 
(Extent of Stage |); (—); = Shear Hardening Coefficient of Stage | 
a 


Si, Su, a 
Speci- Xo, Ao, Grams Grams Grams Grams 
men De- De- per per per per 
No. gree gree SqMm SqMm Sq Mm a Sq Mm 
30 42 44 95 181 86 0.009 9600 
31 41 41 102 183 81 0.015 5400 
33 46 50 98 186 88 0.024 3660 
34 47 52 101 190 89 0.023 3870 
39 48 48 93 178 85 0.016 5310 
42 44 46 101 187 86 0.013 6610 
Mean Value 98 184 86 
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Fig. 13—Schematic representation of the effect of crystal 
orientation on the shear stress-shear curve: S, is critical re- 
solved shear stress (onset of stage |), and S,, is critical re- 
solved shear stress (onset of stage II). 


orientation near the [111]. As may have been antici- 
pated from the geometrical considerations for glide, 
appreciable slip has occurred on the octahedral 
planes designated primary, conjugate, and cross- 
slip in accordance with accepted terminology. With 
increasing extension, there is a definite tendency for 
the primary slip markings to appear as coarse bands, 
as shown in Fig. 17. It is believed that this is due to 
the inhibition of primary slip by the presence of 
cross-slip, since the primary slip bands are separ- 
ated by regions in which extensive cross-slip has 
occurred. This could account for the observed coarse 
primary slip bands reported by Chen and Mathew- 
son” in aluminum crystals with orientations near a 
[111]. Similar observations of primary and cross- 
slip band development in copper under similar test- 
ing conditions were very recently reported by Becker 
and Hobstetter.” 

The slip process in crystals with initial orienta- 
tions near the [100] was similar to that for the 
[111] oriented crystals. The only significant differ- 
ence was in the degree of complexity of the slip 
process, with the [100] producing the more complex 
pattern. In the case of the [100]—[111] orienta- 
tions, no more than three, and in many cases only 
two, slip systems were observed; and, unlike the 
[100] and [111] orientations, the multiple slip oc- 
curs in such a manner as to produce a uniform net- 


Table Vil. Data on the Two-stage Hardening Curve for 99.999 
Aluminum (Raffelsieper and Masing): S; = Critical Resolyed Shear 
Stress (Onset of Stage 1); S;; = Resolved Shear Stress (Onset of 


Stage Il); a = Shear Strain (Extent of Stage 1); (—); = Shear 
a 


Hardening Coefficient of Stage | 


Si, Su, a 
Speci- Xo, Xo, Grams Grams Grams Grams 
men De- De- per per per per 
No. gree gree SqMm SqMm Sq Mm a Sq Mm 
36a 50 51 118 214 96 0.104 905 
4la 29 31 106 183 17 0.052 1450 
42a 31 31 107 183 76 0.066 1170 
67a 51 55 110 193 83 0.119 700 
31b 28 35 103 176 73 0.057 1310 
46b 34 34 132 211 79 0.050 1470 
48b 32 34 103 180 Mh, 0.070 1080 
57b 36 36 117 192 75 0.067 1105 
62b 34 35 112 197 85 0.072 1180 
31c 29 34 pl bg 198 81 0.050 1070 
38c 36 36 123 193 70 0.064 1050 
43c 32 32 105 181 76 0.037 2085 
Mean Value 113 192 79 
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work of intersecting lines (see Fig. 18). 

From the results of the preceding section on 
stress-strain characteristics and the slip data in Figs. 
16 through 18, it is apparent that the stress-strain 
diagram, which exhibits a parabolic and high rate of 
strain hardening immediately following the onset 
of plastic flow (see Figs. 3 through 6), is associated 
with a multiple-glide process. Furthermore, since it 
has been demonstrated that the shear hardening is 
greatest for a crystal with a [100] orientation, it ap- 
pears that the degree of slip multiplicity also is re- 
flected in this fundamental property of the crystal. 

The results on the effect of crystal orientation on 
primary slip-band development indicate that, for 
orientations far removed from the [100]—[111] 
boundary, a mild tendency exists for slip bands to 
cluster with increasing deformation (see Fig. 19). 
However, for orientations closer to this symmetry 
position, this tendency disappears and the bands as- 
sume a more regular spacing along the crystal. 

To determine the change in slip-band develop- 
ment in going from stage I to stage II, the loading of 
crystals with initial orientation in the vicinity of the 
[110] was interrupted at critical extensions for 
metallographic observation. It was found in all cases 
that stage I was associated with slip on a single sys- 
tem, while the onset of stage II was accompanied by 
the appearance of unpredictable cross and conjugate 
slip. These systems operate, despite the fact that the 
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Fig. 14—Schematic representation of the effect of orientation 
(Xo), impurity content (/.C.), and melting point (M.P.) on 
1—the extent of stage |, and 2—the shear-hardening co- 
efficient of stages | and II. 
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Fig. 15—Original orientations 
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velopment. 
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crystal orientation is still well within the range of 
orientation conventionally requiring slip on a single 
(primary) system. Examples of the slip-band pat- 
tern in stages I and II for crystal 7’ is shown in 
Fig. 20. 

It is significant that the pattern of multiple glide 
following extensive slip on a single system is some- 
what different from that appearing in crystals where 
multiple glide occurs at the very onset of flow 
(compare the micrographs in Figs. 18 and 20). In 
the former case, the conjugate slip prefers to occur 
in bands around the crystal, whereas in the latter 
case it occurs uniformly throughout the crystal, re- 
sulting in a regular network of intersecting slip 
markings. Since it was shown in the previous sec- 
tion that the shear-hardening coefficient for crystals 
with an initial orientation at the [100]—[111] 
boundary was always greater than that correspond- 
ing to the stage II for the [110] crystal orientation, 
it would appear that the greater the number of in- 
tersections between operative slip systems, the 
greater will be the resultant shear hardening. This 
conclusion is supported also by the observed higher 
hardening with increased multiplicity of glide. 

Inhomogeneities of Plastic Flow: Kink Bands— 
Microscopic examination of copper crystals extended 
up to 15 pct revealed no evidence of kink-band 
formation. Consequently, this type of inhomogeneity 
contributes very little to the high rate of strain 
hardening observed in these crystals. Since recent 
evidence” * * has indicated that kink bands do not 
occur in crystals where multiple glide can be ex- 
pected, their apparent absence in the copper crystals 
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Fig. 16—Multiple glide in crystal 3’ after 0.5 pct extension. X100. 
Area reduced approximately 60 pct for reproduction. 


Fig. 17—Coarsening of primary slip bands between regions of pro- 
nounced cross-slip crystal 3’ after 21. pct extension. X100. Area 
reduced approximately 40 pct for reproduction. 
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a—Primary and conjugate slip in crystal 5’ after 1.6 b—Primary, conjugate, and cross-slip (lower left 


pct extension. 


corner) in crystal 8’ after 3.5 pct extension. X100. 


Fig. 18—Appearance of multiple glide in crystals with orientations near the symmetry position for 


duplex slip. 


of the present study could be attributed to the high 
prevalence of unpredicted cross and conjugate slip 
in the very early stages of flow. Failure to detect 
these bands also could be attributed to the homo- 
geneous method by which the present crystals were 
deformed. As mentioned earlier, a rotatable-grip 
arrangement was devised which eliminated the lat- 
tice bending associated with constraints imposed by 
the rigid grips in the conventional method of test- 
ing. Since it is believed generally that kink bands 
are associated with the relief of such conformal 
bending stresses, no need exists then for their oc- 
currence in the homogeneously deformed crystals 
of the present study. In support of this view, fine 
kink bands of the type shown in Fig. 21 were ob- 
served in a copper crystal extended in the conven- 
tional manner, using rigid grips. Moreover, the 
strain hardening in stage II of this crystal was ap- 
proximately 5 pct (outside experimental error) 
greater than that in an identically oriented crystal 
extended with rotatable grips and exhibiting no 
kink bands. Thus, it would appear that kink bands 
can be associated with the relief of bending stresses 
resulting from the “grip-effect,” but their presence 
has no appreciable effect on the degree of strain 
hardening in these crystals. This supports the recent 
theoretical considerations of Mott,” who pointed out 
that groups of piled-up dislocations in a deformation 
band have no long-range stress field and, conse- 
quently, cannot contribute to work hardening. 

The crystallographic geometry of the fine kink 
bands in Fig. 21 is identical to that reported for 
similar kink bands in aluminum;”” ™ and it is in- 
teresting to note that they occurred in regions of the 
crystal devoid of multiple glide. 

Bands of Secondary Slip—In many of the deformed 
crystals, there is observed frequently a type of flow 
inhomogeneity which closely resembles the bands of 
secondary slip recently reported in aluminum by 
Honeycombe.” Examples of this inhomogeneity are 
shown in Fig. 22, from which it may be seen that the 
bands occur almost parallel to the primary octahe- 
dral slip markings and represent regions in which 
primary slip has been replaced to some extent by 
slip on the cross-slip and conjugate planes. It is 
further apparent that in some crystals the bands 
assume a characteristically rumpled appearance. In 
agreement with the views of Honeycombe, it is be- 
lieved that this noncrystallographic rumpling is due 
to alternate slip on the conjugate and cross-slip 
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Fig. 19—Cluster- © 
ing of primary 
slip bands in crys- 4 
tal 4’ after 04 | 
pct extension. 


X100. 


planes, as well as to the orientation of the plane of 
observation with respect to active slip directions.” 

No orientation effect could be attributed to the 
occurrence of these deformation bands, since they 
were observed in crystals of widely different orien- 
tation. However, there does appear to be an orien- 
tation dependence on their size and distribution 
along the crystal, as may be inferred from the dif- 
ference in their development, as seen in Fig. 22. 

As regards their development, it has been noted 
already that the bands were observed frequently in 
crystals exhibiting localized cross-slip, and that the 
cross-slip segments appeared in a banded formation. 
Moreover, it may be inferred from the micrographs 
in Fig. 23 that the ends of the cross-slip segments 
present effective barriers to the propagation of pri- 
mary slip lines. This results in the appearance of 
bands of cross-slip at a small angle to the primary 
slip planes, since the line joining the ends of the 
cross-slip segments is roughly parallel to the pri- 
mary slip plane. It follows that the observed differ- 
ence in the development of these bands (see Fig. 22) 
can be interpreted in terms of the intimacy of cross- 
slip with primary slip. This analysis should apply 
also to conjugate slip when appearing in bands 
around the crystal. 


Discussion of Results 

The results of the present study have demonstrated 
that the gross shape of the shear stress-shear dia- 
gram for copper and silver crystals in the early 
stages of flow is markedly dependent upon crystal 
orientation. Depending upon the complexity of the 
slip process following the onset of flow, it is possible 
to obtain either a high parabolic hardening or a low 
linear hardening. Since Masing and Raffelsieper® and 
Liicke and Lange” reported a similar dependency in 
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c—Stage Il, 5.4 pct. 


b—Stage |, 0.9 pet. 


d—Stage II, 8.7 pct. 


Fig. 20—Slip-band pattern in stages | and II for crystal 7’ with increasing extention. X100. 


Fig. 21—Appear- 
“ance of fine kink 
bands in crystal 
9 extended 8 
7” pct with nonro- 

| tatable grips. Ar- 
rows point to 
kink bands. X100. 


high purity aluminum, it can be concluded that the 
law of shear hardening is not valid for face- 
centered-cubic metals in the early stages of flow 
where variations in the inhomogeneity of the slip 
process manifest themselves. 

The high parabolic hardening was always coinci- 
dent with slip on several systems; and the greater 
the multiplicity of glide, the greater was the degree 
of shear hardening. Since sessile dislocations are 
formed by coalescing edge dislocation on intersect- 
ing slip planes,”” then a possible explanation for 
the main source of hardening in these crystals is the 
strain associated with piled-up dislocations at these 
immovable barriers. This is in support of the recent 
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theoretical views proposed by Lomer” and Cottrell,” 
and recently discussed in detail by Mott.” 

The gradual decrease in the high hardening with 
increasing deformation (see Fig. 7) can be attrib- 
uted, therefore, to the tendency for existing primary 
slip bands to coarsen with increasing deformation, 
because of the inhibition of primary slip in regions 
of multiple glide. This would result in a smaller 
increase in the number of intersecting slip planes 
with deformation, and a gradual decrease in the de- 
gree of hardening. 

In a recent theoretical investigation of work 
hardening, Seitz” proposed that the formation of ag- 
gregates of vacancies in the immediate vicinity of 
slip sites can result in appreciable work hardening, 
since they represent effective barriers to moving 
dislocations. Since these vacancies are produced by 
crossing dislocations, a large number of vacancies 
in regions of multiple glide might be expected. Thus, 
the possibility exists that a part of the high para- 
bolic hardening in these crystals may be attributed 
to the presence of vacancies in excess of their equil- 
ibrium concentration. 

Mott™ suggested recently that the above harden- 
ing due to vacancies will not take place if they are 
formed at temperatures high enough for self-diffu- 
sion to occur. Under such conditions it was proposed 
that the vacancies can diffuse to regions of piled-up 
dislocations, causing a recovery effect and a cluster- 
ing of slip bands. Thus, depending upon the ability 
for vacancies to diffuse at a given testing tempera- 
ture, either a hardening or softening effect can be 
expected. This might explain the slightly lower 
parabolic shear hardening for silver as compared to 
copper. 

The above considerations on the role of sessiles 
can also account for the low linear hardening of 
stage I. In this region deformation occurred solely ° 
by slip on a single system; and consequently no 
hardening could result from groups of piled-up edge 
dislocations through the formation of sessiles. The 
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same argument must also apply to the hexagonal 
metals (Cd, Zn) where slip is confined to one plane. 
The low linear hardening in these metals of magni- 
tude comparable to stage I persists to much higher 
extensions than in the face-centered-cubic metals 
because of the absence of conjugate and cross-slip. 
Increased hardening apparently occurs through the 
formation of twins and deformation bands.” 

In regard to the mechanism responsible for the 
low hardening in stage I, it may be significant that 
a decrease in the shear hardening of this region 
generally is accompanied by a mild tendency for the 
ship bands to cluster. Thus, the variation in the 
hardening of stage I with orientation may be similar 
to the dependence of hardening on temperature. It 
appears unlikely that Mott’s fine slip theory,” based 
largely on recent data of Kuhlmann-Wilsdorf et 
al.,~ * applies to stage I in copper, since slip bands 
were detected for strains as low as 0.05 pct. 

The effect of impurity content is solid solution on 
the gross shape of the shear stress-shear diagram 
clearly showed that the less pure the material, the 
greater will be the region of low hardening. This 
conclusion would appear, at first, to contradict the 
recent results of Liicke and Lange” and Andrade 
and Henderson,” who failed to observe a region of 
low hardening in commercially pure aluminum and 
nickel, respectively. It will be remembered, how- 
ever, that the impurities in these materials, partic- 
ularly in the case of aluminum (0.26 pct Si, 0.18 pct 
Fe), were of such a nature as to suggest that they 
did not all go into solution. In fact, this was reflected 
in the rather small increase in the reported critical 


a—Crystal 1’ after 7 pct extension. 


shear-stress value of aluminum (187 to 370 grams 
per sq mm) in going from a purity of 99.99 to 99.5 
pet. The presence of insoluble impurities, most 
likely in regions of dislocations corresponding to 
mosaic and lineage boundaries, can be expected to 
stop moving dislocations, thereby lowering the mean 
value of slip distance. This would result in increased 
work hardening immediately following the onset of 
flow, which could account for the absence of a region 
of low hardening in commercial-purity materials. 

It is noteworthy that the increase in stage I with 
impurity content is accompanied by a higher yield 
point, which probably is caused by the anchoring of 
dislocation sources by the impurity atoms in the 
manner proposed by Cottrell.” Since a similar cor- 
relation is found in the stress-strain curves for alloy 
crystals® * and in the order, disorder arrangement 
of AuCu, crystals,* it is possible that the Cottrell 
mechanism for yielding might also be responsible 
for the larger regions of low hardening in the less 
pure material. Thus, in face-centered-cubic metals 
of highest purity, where the yield point is not likely 
to be affected by Cottrell anchoring, an ill-defined 
yield-point and only a small region of low harden- 
ing should be encountered. This was the case in the 
99.999 copper crystals of the present study. The 
absence of a well defined yield point in the Cottrell 
sense could be attributed to the substitutional char- 
acter of the impurities. 


Conclusions 
The plastic properties of extended silver and cop- 
per crystals of varying purity were investigated as 


b—Crystal 6’ after 9 pct extension. 


Fig. 22—Nature of bands of secondary slip. X100. 


a—Crystal 2’ after 3.5 pct extension. 


b—Crystal 1’ after 6 pct extension. 


Fig. 23—Inhibiting effect of cross-slip on propagation of primary slip bands. X150. 
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a function of crystal orientation in the early stages 
of flow (<15 pet extension). The results of this 
study have led to the following conclusions: 

1—With the possible exceptions of the [100] and 
[111] orientations, the Schmid law of critical re- 
solved shear stress was confirmed. 

2—-A small increase in the amount of soluble im- 
purities results in an appreciably higher yield point. 

3—For crystal orientations near a [100], [111], or 
[100]—[111] boundary, the shear stress-shear dia- 
gram exhibits a parabolic and high rate of harden- 
ing; whereas for crystal orientations near the [110], 
a two-stage hardening curve is obtained which is 
characterized by a low linear hardening followed by 
a high parabolic hardening. 

4—_The shear-hardening coefficient for both stages 
of hardening in the two-stage curve is markedly de- 
pendent upon crystal orientation, increasing at an 
increasing rate on approaching the [100], [111], and 
the [100]—[111] boundary from the [110]. Thus, 
the extension of the critical shear-stress law to in- 
clude plastic flow is not valid in the earlier stages of 
deformation. 

5—An increase in the angle x, an increase in the 
impurity content in solid solution, and a decrease in 
the melting point have the same general effect on 
the two-stage hardening curve in that they bring 
about an increase in the extent of the first stage and 
a decrease in coefficient of shear hardening for both 
stages. 

6—The onset of both stages of hardening appears 
to be governed by a law of critical resolved shear 
stress. 

7—The low linear form of hardening is associated 
with slip on a single system; whereas the high para- 
bolic hardening is coincident with multiple glide. 
Moreover, the greater the multiplicity of glide, the 
greater is the degree of shear hardening. 

8—The main source of hardening in these crystals 
is believed to be the strain associated with piled-up 
dislocations at sessiles, which are formed at inter- 
secting slip planes. 
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Rate of Self-Diffusion in Polycrystalline Magnesium 


by P. G. Shewmon and F. N. Rhines 


HE determination of the self-diffusion coefficient 

of magnesium has been made possible recently 
by discovery** of a radioactive isotope, Mg™ hav- 
ing a half-life of 21.3 hr,’ and subject to manufac- 
ture in useful quantity. In the present research this 
material was condensed from the vapor phase upon 
a surface of high purity magnesium. The progress 
of diffusion of the tracer atoms into polycrystalline 
magnesium was followed by machining layers and 
measuring the change in the intensity of radiation 
as a function of the distance of each layer from the 
surface. The self-diffusion coefficient was found to 
be 2.1x10 sq cm per sec at 627°C,-3.6x10° sq cm 
per sec at 551°C, and 4.4x10- sq cm per sec at 468°C; 
the activation energy is about 32,000 cal per mol. 


Experimental Procedure 

Since there was no other published measurement 
of a diffusion velocity in any magnesium-base ma- 
terial, is was necessary to employ a number of new 
experimental techniques. The short half-life of Mg* 
made it necessary to complete the entire experi- 
mental procedure within three or four days. This 
meant that the work had to be done where a cyclo- 
tron was readily accessible and that all operations, 
prior to the diffusion heat treatment, had to be so 
designed as to minimize their time requirements. 
Unusual problems were imposed aiso by the chemi- 
cal reactivity of magnesium, its high vapor pressure, 
and the fact that no satisfactory method for elec- 
trodepositing magnesium on magnesium is presently 
available. Finally, the machining and handling of 
the easily air-borne radioactive-magnesium chips 
involved certain health hazards, resulting in the 
need for further experimental restrictions. 

Preparation of Mg”: The Mg™ was produced in the 
Carnegie Institute of Technology syncrocyclotron by 
the neutron spallation of chlorine.” This involved 
bombarding a 2 gram crystal of high purity NaCl 
with a beam of 350 mev protons for a period of 2 hr, 
after which the crystal was dissolved in warm water 
and the Mg®* was concentrated and purified by 
chemical means (see Appendix). 

About 50 microcuries of Mg” thus were obtained 
in the form of magnesium oxinate (8 hydroxyquin- 
olate), which was ignited in air to produce MgO. 
This in turn was reduced to magnesium metal va- 
por, by the method of Russell, Taylor, and Cooper,° 
in the vacuum apparatus shown schematically in 
Fig. 1. Here the essential part is a tantalum ribbon, 
slightly dished to receive the MgO. The ribbon, pre- 
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viously outgassed at high temperature, is heated to 
about 1700°C by passing an electric current through 
it, whereupon tantalum oxide is formed, magnesium 
vapor is released almost instantaneously, and con- 
densed partly upon the diffusion sample. 

Diffusion-Sample Preparation: Hot-extruded 
magnesium rod, 21/32 in. round was used in making 
the diffusion specimens. The magnesium analyzed 
as follows: 0.004 pct Al, 0.027 pct Fe, 0.040 pct Mn, 
0.0004 pet Cu, 0.0002 pct Ni, and less than 0.01 pct 
Ca, 0.0004 pct Pb, 0.0011 pct Si, 0.001 pct Sn, and 
0.001 pet Zn. A brief study of the crystal texture of 
this material revealed a sharp fiber texture with the 
(001) plane roughly parallel to the extrusion axis. 
Cylindrical samples 1% in. long by % in. were ma- 
chined from this rod, the end faces dressed on 3/0 
emery, and lightly etched with 20 pct HCl in water. 
These samples then were annealed for at least twice 
the intended time of diffusion, at the intended dif- 
fusion temperature, in order to stabilize the grain 
structure at about 1 mm average diameter. The 
annealing treatments were conducted in argon in 
the same apparatus and in the same manner as the 
subsequent diffusion treatments, which will be 
described presently. 

Thus, a strain-free plane surface was produced, 
but there remained a layer of MgO which had large- 
ly to be removed before the layer of Mg* was de- 
posited. Most of this layer was taken off by two 
light passes over 3/0 emery paper. The balance of 
the oxide and a thin layer of metal were then re- 
moved by etching 5 to 10 min in 4 pct nital (4 pct 
HNO; and 96 pct ethyl alcohol) made with absolute 
alcohol. There followed immediately three quick 
rinses in: 1-49% pct methanol, 49% pct acetone, 
and 1 pct formic acid, 2-50 pet methanol and 50 pct 
acetone, and 3-pure benzene. This procedure is essen- 
tially that of Sturkey.’ 

The resulting surface, which was of almost elec- 
tropolished brightness, remained plane and was 
free of cold work. It could be kept clean by storing 
under benzene, or in a desiccator; short exposure 
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Fig. 1—Schematic diagram of the apparatus used to plate 
specimens with radioactive magnesium. 
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Fig. 2—Container for protecting diffusion specimens. 
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to air had no detectable effect upon the surface. The 
benzene used should be free of sulphur and thio- 
phene, and the rinse materials must be freshly dis- 
tilled to make them water-free. If the latter pre- 
caution is not taken, the diffusion of Mg” into the 
sample is partially blocked and no useful measure- 
ment of the diffusion velocity is obtained. 

The sample, so prepared, was placed face down in 
the vacuum apparatus, illustrated in Fig. 1, and into 
which the radioactive MgO also had been intro- 
duced. After the pressure had been reduced to be- 
tween 10° and 10° mm Hg, the temperature of the 
tantalum ribbon, carrying the MgO, was increased 
slowly to dispel gases adsorbed upon the MgO. Dur- 
ing this period the shutter shielded the prepared 
magnesium surface from radiant heat and dusts 
emitted from the tantalum ribbon. Then, simulta- 
neously, the shutter was opened and the temper- 
ature of the tantalum ribbon increased to about 
1700°C for a period of about 5 sec. The shutter was 
closed again and the sample removed and stored in 
a desiccator. 

Diffusion Treatments: During the diffusion treat- 
ment it was necessary to guard against the oxidation 
of the Mg®* and also its loss through evaporation. 
This was accomplished satisfactorily by the system 
of closures illustrated schematically in Fig. 2. Two 
identical samples were placed, active surface to 
active surface, in a snugly fitting can, machined 
from magnesium-bar stock, and fitted with a mag- 
nesium stopper. This arrangement provided an 
equilibrium pressure of magnesium vapor about the 
samples, thus minimizing evaporation from them. 
By placing two active surfaces together, the “theft” 
of Mg” from the exterior of the sample was com- 
pensated for, at least in major part. Also, the ratio 
of unactivated-to-activated magnesium surface was 
made so large that any oxygen left in the system 
could not produce an important thickness of oxide 
upon the activated area. The can was sealed finally 
in glass (or Vycor for use above 550°C) with an at- 
mosphere of purified argon, adjusted to a pressure 
of 760 mm Hg at the diffusion temperature. 

For the diffusion treatments, a specially designed 
electric-resistance furnace was used. This had as its 


Table |. Experimental Conditions and Results 


Tempera- af D, 
ture, x103 Sq Cm 
Specimen °C Time, Sec T (°K) per Sec 
A 551 51,060 1.214 3.6x10-9 
if 627 9,300 1.110 2.06x10-8 
J 627 9,300 1.110 2.10x10-8 
G 468 224,440 1.349 4.48x10-10 
H 468 224,440 1.349 4.34x10-10 
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major feature a heavy aluminum block with wells 
of the correct size to accommodate the samples. 
There was no measurable point-to-point variation 
in the temperature within the length of the speci- 
men, and the control-cycle variation did not exceed 
+0.5°C. Temperature was measured by a cromel- 
alumel thermocouple, calibrated against a Pt-Rh 
standard, and placed within the aluminum block. 
The maximum deviation of the temperature from 
the value reported was of the order of 1.5°C. The 
heating-up time for the highest temperature used 
was approximately 9 min, of which only the last 1 
min may be considered to have contributed signifi- 
cantly to the progress of diffusion. At the end of the 
treatment the specimens were quenched in water, 
so that the time of cooling was negligible. Diffusion 
times computed accordingly are recorded in Table I. 

A sequence of layers, each 0.002 in. thick, was 
machined in a lathe from the activated surface of 
each sample. This first involved adjusting the sur- 
face to perpendicularity with the axis of the lathe, 
turning off a layer from the cylindrical surface of 
the sample to eliminate surface-diffusion effects, 
and the provision of means for the positive capture 
of all turnings and dust from these operations. 
Since radioactive dusts are subject to inhalation by 
the operator, it was necessary to smear each surface 
to be cut with a layer of stop-cock grease to capture 
all metal particles. Subsequently, the turnings from 
each layer were washed with benzene, filtered, 
dried, and weighed. 

Each batch of turnings then was placed in a glass 
planchet, treated with dilute HCl to distribute the 
sample evenly, dried, and counted in a Geiger coun- 
ter. Mg” decays to Al* with the emission of a 0.3 
mev £ ray, and 0.03, 0.40, 0.95, and 1.35 mev y¥ rays. 
Al* has a half-life of only 2.4 min and decays to 
stable Si* with the emission of a 2.86 mev 8 ray and 
a 1.78 mev y ray. Because of Al*’s short half-life, its 
concentration in the samples is directly proportional 
to that of Mg™. Thus, the total activity per milli- 
gram is proportional to the concentration of Mg”. 


Results 
In these experiments the diffusing agent is con- 
centrated initially in a very thin layer upon the 
surface of a sample of semi-infinite length. The 


solution of the diffusion equation for these condi- 
tions is 


Cob 
6) (—2*/4Dt 1 
2\/7Dt 


= 


where c, is the activity per unit volume at the ex- 
ternal surface at time t equal to zero, b is the thick- 
ness of the initial thin layer, c is the activity per 
unit volume in the layer at distance x and time i 
and D is the diffusion coefficient. Taking the loga- 
rithm to the base 10 of both sides of Eq. 1, the fol- 
lowing is obtained: 


Cob 0.1086 
log ¢ = + —_ [2] 
2\/7Dt Dt 


The raw data are plotted in Figs. 3 and 4 in terms 
of the loagrithm of the activity per milligram 
against distance squared. The slope of the best 
straight line through the points, as determined by 
the method of least squares, is taken equal to 
—0.1086/Dt. Values of the diffusion coefficient so 
computed are recorded in Table I and the logarithms 
of the diffusion coefficients are plotted against the 
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Fig. 3—Specific activity vs distance squared for specimens 
A, |, and G. 


reciprocal of the absolute temperature, in Fig. 5. 
The slope of the latter curve gives a heat of activa- 
tion of 32,000 cal per mol, so that the diffusivity may 
be expressed by the equation 


D = 1.0 exp. (—32,000/RT) sq cm per sec. 


Discussion 

In order to fulfill the boundary conditions that 
have been assumed, all of the material originally 
on the surface must remain with the specimen, L.e., 
none of it may escape into the atmosphere. Also 
the rate of decrease of surface activity must be con- 
trolled solely by the rate of diffusion of Mg into the 
magnesium metal and must not be influenced by 
the presence of an intermediate layer of another 
phase, such as the oxide. 

With the surfaces of two similar equally active 
specimens placed face to face during the diffusion 
heat treatment, there may be an interchange of 
atoms between the two surfaces, but the net transfer 
should be zero. Steigman, Shockley, and Nix* have 
shown that, for this case of equal surface activity, 
the interchange has no effect upon the thin-layer 
solution to the diffusion equation. In the present 
case, the activity of the two surfaces was about 
equal. Thus, if a net transfer occurred at all, its 
effect would be small. That this effect was indeed 
negligible, can be seen by examining the first few 
points in each of the curves shown in Figs. 3 and 4. 
In only one case did the first point lie below the 
extrapolated straight line, as should be expected had 
there been loss of Mg”; and, in this case, neither the 
second nor third points deviated from the straight 
line. 

There is, in fact, another route by which Mg 
could have escaped from the specimen surface with- 
out following the intended path of diffusion; this is 


28 
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by surface diffusion to the cylindrical surface of the 
specimen and thence by vapor transfer to the mag- 
nesium container. That such transfer did, indeed, 
occur was shown by the fact that both the cylindri- 
cal surface and the container did become appreci- 
ably radioactive. The effects of this loss were 
minimized by cutting away the cylindrical surface 
to a depth exceeding that within which volume dif- 
fusion was subsequently measured before cutting 
layers parallel to the end face for analysis. Thus, 
that portion of the end face most affected by we 
loss was eliminated from the measurements. 

It seems most probable that the high activity 
readings at the first points of each curve are to be 
ascribed to the presence of a thin layer of MgO, 
containing Mg™, upon the external surface and that 
low readings immediately beneath these, when 
found, were due to loss by surface diffusion. Neither 
type of deviation was ever large enough to intro- 
duce doubt into the estimate of the slopes of the 
penetration curves. 

If diffusion into the specimen were controlled by the 
migration of Mg™ through a surface layer of MgO, 
the plot of log concentration vs distance squared 
would be concave upward. This is because the oxide 
layer would tend to deliver a constant concentration 
of Mg” to the metal beneath, instead of permitting 
the concentration to fall as the supply of Mg* 
diminished. Concavity upward was found in the 
curves of specimens that had not been rinsed with 
freshly distilled reagents after etching, but was 
completely absent in properly prepared specimens, 
see Figs. 3 and 4. The fact that the activity of the 
first section of each specimen lay above the extra- 
polated straight line may have been due in part to 
blocking, but if this was the case, the good fit of the 
points along the rest of each curve shows that the 
effect was very small. 
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Table II. Ratio of AH for Self-Diffusion to Melting Point 
in Hexagonal Metals 


Melting AH 

Tempera- Ca 

Material thie, oK per Mol Melting Point, °K 
g 923 32,000 34.7 
Zn||* 693 21,800 31.5 
693 24,300 35.1 
Cd||* 594 17,300 29.1 
Can 594 18,900 31.0 


* || and | mean parallel and perpendicular to the c axis, respec- 
tively. 


Another deviation from the boundary conditions 
conceivably might be introduced by the finite thick- 
ness of the original layer of plated material. From 
the geometry of the plating arrangement, this layer 
was estimated to be about 2x10° cm thick. The 
error correction in D, to take account of this, is 
completely negligible.’ 

There are four possible sources of significant ex- 
perimental error in this kind of determination; these 
are to be associated with the temperature control 
and measurement, distance measurement, radiation 
count, and time measurement. The total spread in 
temperature of +1.5°C corresponds to an uncer- 
tainty of perhaps +1°C in the effective temperature. 
In turn this gives an uncertainty of +2 to 3 pct in 
the diffusion coefficients depending on the tempera- 
ture. The time of diffusion was known to within 
less than 0.5 pct in the 550° and 468°C runs, and to 
within +1 pct at 627°C. Counting errors were less 
than 1.5 pet for each point, except in the most active 
sections where the coincidence correction made the 
determinations good to within only +2 pct. The 
error in weighing each section was +1 pct. 

The systematic error in the distance measurement 
was no more than the error in the tool-feed screw 
of the lathe and is considered negligible. It was im- 
possible, however, to remove a layer exactly 0.002 
in. thick for the first section. An error in the meas- 
urement of the thickness of the first section of 
+0.0005 in. gives an uncertainty in the diffusivity of 
approximately +3 pct due to a shift in the origin 
of the co-ordinates. In this work, the thickness of 
the first section was estimated to the nearest 0.0005 
in. from the weight of the section and the distance of 
the center of each section from the surface adjusted 
accordingly. Errors due to misalignment of the spec- 
imen and the finite thickness of the sections were 
checked with the equation published by Hunting- 
ton” and found to be of the order of 0.2 pct. If all of 
the aforementioned errors were in the same direc- 
tion, the error in D would not be greater than 10 pct. 

Since there are no data in the literature relative 
to diffusion in magnesium or its alloys, these data 
can be compared only with generalizations that 
have been established for self-diffusion. In accord- 
ance with one of these, the ratio of the heat of acti- 
vation for self-diffusion, AH, to the melting point is 
found to be about constant. Table II shows the com- 
parison of this ratio for magnesium with the values 
obtained for Zn and Cd, using the heats of activa- 
tion reported by Huntington.°™ Another generaliza- 
tion, which is due to Zener, is that D, should lie 
between 0.1 and 10. This is consistent with the D, 
of 1.0 determined in this work. Finally, it is inter- 
esting to note that the Dushman-Langmuir equation 
gives a heat of activation of 30,500 cal per mol for 
the data given in Table I. 
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Since magnesium has a hexagonal-close-packed 
crystal structure, it is natural to inquire whether 
there is an anisotropy of diffusion. The facts that, 
in the present experiments, self-diffusion was meas- 
ured parallel to the axis of extrusion of the metal 
and that there existed a definite preferred orienta- 
tion of the crystals, mean that the present results 
could be influenced by an anisotropy of diffusion. If 
such an anisotropy does exist in magnesium, the dif- 
fusion coefficients reported here will correspond to 
diffusion parallel to the basal plane. Single-crystal 
studies designed to determine the anisotropy of self- 
diffusion in magnesium are currently in progress. 
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Appendix 

During the bombardment of NaCl, radioactive . 
isotopes of most of the elements with an atomic 
number lower than chlorine are produced in small 
amounts. Among these, beryllium, phosphorous, and ° 
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aluminum had to be removed from the solution be- 
fore the magnesium could be precipitated. The 
aluminum came primarily from small pieces of the 
protective foil which were fused to the NaCl during 
the bombardment, while the beryllium and phos- 
phorous were present as long-lived isotopes. Since 
the separations were to be accomplished by precip- 
itation from aqueous solution, it was necessary to 
have present enough of each of the elements con- 
cerned to form the respective precipitates. There- 
fore, 5 mg of each of these elements, including mag- 
nesium, were added to the original salt solutions to 
act as “carriers.” This addition of magnesium carrier 
also dilutes the Mg* to such an extent that the con- 
centration of Si”, the ultimate decay product of Mg”, 
is entirely too small to change the diffusivity by an 
alloying effect. 

After dissolving the NaCl crystal in warm water, 
beryllium, magnesium, aluminum, and phosphorous 
were precipitated by the addition of NaOH, the pre- 
cipitate being digested, centrifuged, and separated 
from the solution by decantation. The discarded 
solution contained the radioactive isotopes of Cl*, 
Si*, and Since these isotopes furnished 
95 pct of the radioactivity of the original solution, 
this first separation made the balance of the chemi- 
cal operations relatively ‘‘cool.”’ The precipitate was 
then dissolved in HCl, the resulting solution diluted, 
and the precipitation with NaOH repeated. Again 
when the precipitate was taken up with HCl, beryl- 
lium and phosphorous-carrier solutions were added 
and the phosphorous precipitated by the addition of 
zirconium sulphate, which precipitate was digested, 
centrifuged, and decanted. To the decanted solu- 
tion, phosphorous and zirconium sulphate were 
added again and the precipitate separated. A few 
drops of zirconium solution were again added and 
if no precipitate was formed, the solution was made 
basic with NH,OH. This precipitated beryllium, zir- 
conium, and aluminum, and the separation was 
carried out again by digestion, centrifuging, and de- 


canting. The precipitate was taken up with HCl, and 
carrier solutions of beryllium and aluminum were 
added; the precipitation with NH,OH and the sub- 
sequent separations were repeated. The solution 
then was made acid with acetic acid and a solution 
of oxine added. If a precipitate formed, it was alu- 
minum and had to be removed by filtering. If no 
precipitate formed, the solution was made basic 
with NH,OH and magnesium precipitated as mag- 
nesium oxinate. Finally this precipitate was re- 
covered by filtering. 
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Technical Note 


Etch Pits and Dislocations in Germanium and Silicon 


by J. J. Oberly 


HILE examining lineage boundaries in ger- 
manium single crystals as described by Vogel 

et al.,’ patterns of conical etch pits were noted which 
reveal interesting properties of dislocations. The 
crystals were grown by pulling in the <100> direc- 
tion, and (100) surfaces perpendicular to the growth 
direction were etched 4 min in a mixture of 6 cu cm 
HF, 10 cu cm HNO,, 6 cu cm acetic acid, 3 drops Br.. 
Lineage boundaries extended in any direction, 
but favored the <110> direction. The patterns 
which were noted first were composed of two or 
three etch pits arranged symmetrically about the 
lineage boundary, so that the doublets were spaced 
equally on either side of the boundary line and the 


J. J. OBERLY is associated with the Sprague Electric Co., North 


Adams, Mass. 
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triplets had their center pit on the boundary line. 
The triplets occurred less often than did the dou- 
blets; occasionally combinations were found. Two 
such combination patterns are shown in Figs. 1 and 
2. The orientation of the patterns was determined 
approximately by subsequently etching the same 
surfaces in a mixture of 5 cu cm HF, 5 cu cm super- 
oxol, and 20 cu cm distilled water which produced 
nearby random square etch pits having edges in the 
<110> direction. In all cases, the axis of symmetry 
was <110>, being parallel to the etch-pit edges. 
Several successive lapping and etching operations 
showed that the patterns tended to continue through 
the crystal in the <100> direction, but eventually 
changed or vanished. It can be seen in both photo- 
graphs that the pits in the patterns are much further 
apart than the pits in the adjacent section of the 
lineage boundary. In Fig. 1, the 10 pits of the pat- 
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Fig. 1—Symmetri 
containing two doublets and a triplet. 
X500. 


tern occupy nearly the same total length of the 
boundary (39 microns) as the adjacent group of 10 
pits (36 microns). In this single-row section, the 
average spacing of 4 microns between pits corres- 
ponds to an orientation difference of 20 sec across 
the boundary. Within the pattern, the spacing of the 
pits along the boundary line, beginning at the single 
pit beyond the triplet, is 8.0, 9.0, 8.0, 8.0, and 5.6 
microns; the separation of the pits within the triplet 
is 7.6 microns and within the doublets is 6.6 microns. 
The spacing is not perfectly uniform along the pat- 
tern axis, but it does seem as much so as the more 
regular sections of the single rows. On the other 
hand, the overall length of the pattern of Fig. 2 is 
much greater than that of the adjacent group of pits, 
but is equal to that of a more distant group. Thus, 
any comparison of a pattern with other portions of a 
boundary must depend on the general regularity of 
the boundary. 

Another type of pattern is shown in Fig. 3 in the 
row of pits which extends across the photograph. 
There are four pairs of pits which are not quite per- 
pendicular to the row and which are not arranged 
symmetrically about the row. The four pairs all 
have the same spacing of 9.5 microns, within 5 pct. 
Furthermore, three of the pairs have a third pit 
located to form an angle of 70 to 80 degrees. This 
third pit is closer to the vertex pit than the other pit 
of the pair. These three pairs are all parallel within 
the accuracy of measurement and are oriented in 
the <110> direction. 

An example of intersecting lineage boundaries 
which seems to be an extension of the above pat- 
terns is shown in Fig. 4. The appearance is some- 
what similar to the polygonization which has been 
observed in some metals after deforming and an- 
nealing a single crystal. However, in this case, the 
one set of parallel lineage boundaries have corres- 
ponding pits which form rows perpendicular to the 
first set. The separation of the pits is as great as 70 
microns, corresponding to an orientation difference 
of about 1 sec. The roughness of the surface is due 
to a prior treatment with the superoxol etch. In 
polygonization, the movement of dislocations from 
random lattice positions into regularly spaced rows 
indicates the existence of long-range attractive and 
repulsive forces between edge dislocations of the 
same sign. These forces presumably are responsible 
for the formation of the symmetrical patterns at the 
interface and in the heated crystal adjacent to it, 
although the separation of the pits is relatively 
large. It is possible that the patterns include edge 
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Fig. 2—Symmetrical etch-pit pattern 
containing triplets. X500. 


having the same orientation and the 
some spacing. X300. 


Fig. 4—Intersecting 
lineage boundaries. X37. 


é 
fee 


Fig. 5—Two sizes of etch 
pits intermingled. X75. 


dislocations of both signs, but the observation that 
some patterns have the same overall length as the 
same number of pits in the adjacent single row may 
indicate that at least these patterns consist of only 
one sign. 

The calculation of orientation differences above 
was based on the assumption that the rows of pits 
indicated edge dislocations. Clear evidence for more 
than one cause of this type of etch pit is shown in 
Fig. 5, where there are two sizes of pits intermixed. 
Since the smaller pits form rows, they are presum- 
ably due to edge dislocations, leaving the larger pits 
to be attributed to another source, possibly screw 
dislocations. 

Symmetrical patterns and intersecting lineage 
boundaries also have been observed in silicon etched 
with the same mixture. 


1F. L. Vogel, W. G. Pfann, H, E. C H 
ical Review (1953) 90, p. 489. 
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Electron Optical Study of Oxidation of High Purity Iron 


At Low Oxygen Pressures 


by Earl A. Guibransen, William R. McMillan, and 
Kenneth F. Andrew 


Annealed and electrolytically polished pure iron was oxidized between 650° and 
850°C at oxygen pressures of 0.1 to 2 microns Hg. Electron optical studies showed 
that oxidation occurs discontinuously over the surface and orients crystallographically 


with the substructure of the metal grains. 


N previous papers”* the authors described the 

formation of oxide films on high purity iron at 
normal pressures and at temperatures below 300°C. 
Electron optical studies showed that the oxide film 
consisted of many individual oxide crystallites hav- 
ing nearly random orientation on each metal grain. 
The size of the oxide crystallites depended upon the 
temperature and upon the extent of oxidation. In 
these studies the crystallite size varied from 250 to 
1800A. 

Recently, Bardolle and Bénard’® studied the crys- 
tal habit of the oxide crystallites formed on Armco 
iron between 650° and 850°C in what might be de- 
fined as a “poor vacuum” atmosphere in which the 
pressure could be varied between 10° to 10° mm 
of Hg. Their results showed that, at 850°C and a 
vacuum of 10° to 10° mm of Hg, a few well ori- 
ented nuclei of oxide were formed on the metal 
grains. At pressures between 10° to 10° mm of 
Hg, many oriented nuclei of oxide were formed. 
At 750°C the metal surface was bright although an 
oxide was present. Unfortunately, the extent of 
oxidation, the oxygen pressure, and the influence 
of carbon in the metal were not determined, and it 
was, therefore, impossible to give a theoretical in- 
terpretation to the very beautiful light micro- 
graphs. Bardolle and Bénard used the light micro- 
scope to determine the crystal habit of the oxide 
and X-ray diffraction to determine the orientation 
relationships. 

It was believed that the use of controlled amounts 
of oxidation at high temperature is an important 
method for the study of the initial stages of oxida- 
tion of metals at high temperatures. This paper 
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presents the first results of an electron optical 
study of this problem for iron. Since the electron 
microscope and electron-diffraction methods using 
stripped oxide films and surface replicas yielded 
finer details of the crystal habit and structure of 
oxide film, these methods were used in this study. 

Two types of iron having different carbon con- 
tents were used: Puron and Armco* iron. A com- 


= These are proprietary trade names for grades of iron produced 
by Westinghouse Electric Corp. and the Armco Steel Corp., re- 
spectively. 


parison of the results for these materials made 
possible a study of the influence of the surface 
oxide-carbon reaction on the initial stages of oxi- 
dation. 

Before discussing the experimental results, the 
thermodynamic equilibria of 1—the oxidation re- 
action, 2—the surface oxide-carbon reaction, and 
3—the solubility of oxygen in iron, will be con- 
sidered. In addition, it is important to consider the 
kinetic-theory predictions on the rate of collision 
of oxygen with the iron surface. 


Thermodynamic and Kinetic-Theory Calculations 


Only one type of reaction is usually considered 
in the oxidation of iron at normal pressures at high 
temperatures: 


Fe(a) + 1/2 0.(g) = FeO(s) 
3Fe(a) O.(g) — Fe,0,(s) 
2Fe(a) + 3/2 0,(g) = «-Fe,0,(s). [1] 


However, two other reactions may occur: 
FeO(s) + C (solid solution in Fe) = Fe(a) + 
CO(g) [2] 
and Fe(a) + O.(g) = Fe(a) 
(sold solution of O,). [3] 


In addition, iron will react with the higher oxide at 
certain temperatures to form FeO. For a complete 
interpretation of the oxidation of iron at low pres- 
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Table |. Thermodynamics of Fe-O Reactions 


1—Equilibrium pressure of oxygen over FeO and Fe in atmospheres® 
Temperature, °C Log Po,, Atm 


600 — 24.6 

650 —22.9 

700 —21.36 
750 —20.00 
800 —18.74 
850 —17.60 
900 — 16.56 


2—Reaction of FeO with C in the metal: C = 0.001 wt pct. Pressure 
is in atmospheres® 


Temperature, °C Log Pco, Atm 


8—Solubility of oxygen in q-Fe in wt pct# 
Solubility, Wt Pct 


Temperature, °C 


600 0.003 (extrap.) 
700 0.008 

770 0.013 

800 0.017 

850 0.022 

900 0.03 


sures and high temperatures, all of these reactions 
must be considered. 

Thermodynamic-equilibrium calculations are 
summarized in Table I for reactions 1 and 2. The 
solubility data for reaction 3 were kindly furnished 
by Dr. ‘A. U. Seybolt.* 

The calculations showed that iron will oxidize at 
850°C in the best of high vacuum systems. The ex- 
tent of oxidation at low oxygen pressures was lim- 
ited only by the amount of oxygen available and by 
the time of reaction. 

If carbon was present in the metal even at con- 
centrations as low as 0.001 wt pct, it would react 
with the surface oxide under vacuum conditions by 
reaction 2 to form CO and the metal. For the weight 
and area of the samples used in this study, 0.001 wt 
pet C would remove several times the amount of 
oxygen associated with the room-temperature oxide 
film. 

The solubility of oxygen in a iron is 0.022 wt pct 
at 850°C. For 0.013 cm thick specimens, this is 
equivalent to the solution of an oxide film contain- 
ing 8.8x10° grams per sq cm oxygen or an oxide film 
of approximately 600A. 

To interpret the rate of reaction of oxygen with 
iron surfaces at low pressures and high tempera- 
tures, the amount of oxygen colliding with a unit 
area in a unit time can be calculated. These calcu- 
lations have been made previously for zirconium.” 

Table II shows the weight of oxygen striking an 
iron surface per unit time and the time in seconds 
required to form a layer of FeO 1A thick. In these 
calculations, it can be assumed that the surface- 
roughness ratio is unity and all of the molecules that 
strike the surface react to form oxide. 


Experimental 
Samples: Two types of iron are used. Puron-grade 
iron was furnished by the Materials Engineering 
Div., Westinghouse Electric Corp., while the Armco 
grade iron was prepared by the Armco Steel Corp. 
In oxidation studies at low pressure, the most im- 
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portant difference in materials is in the carbon con- 
tent. Typical analyses of the two kinds of iron be- 
fore hydrogen annealing at 850°C are: 1—Puron 
contains no metallic impurity greater than 0.0015 
pet—0.04 pct O and 0.005 pct C. 2—Armco contains 
0.015 pet C, 0.050 pet S, 0.03 pet Mn, 0.01 pct Si, 
0.007 pct P, and the balance iron. 

Preparation of Samples: To interpret properly the 
initial stages of the oxidation reaction, it is essential 
to use highly annealed samples free from oxide and 
other contaminating films. In addition, the metal 
grain size should be of the order of 0.1 to 1 sq mm. 

The following steps were used in the preparation 
of specimens for this study: 1—Mechanical polish- 
ing using polishing papers up to 4/0 under purified 
kerosene. 2—Cleaning with soap and water, distilled 
water, petroleum ether, and absolute alcohol. 3— 
Electrolytic polishing using Jacquet’s® solution. 4— 
Washing in distilled water and absolute alcohol. 
5—Heating in pure hydrogen at 850°C for 20 hr for 
recrystallization and grain growth and oxide re- 
moval. 6—Cooling in pure hydrogen. 

These steps are similar to those used by Bardolle 
and Bénard,’ except that they included a final step 
of vacuum treating at 850°C for 8 hr at a pressure of 
less than 10° mm Hg. 

Reaction with Oxygen: Strips of 0.013 cm thick 
iron weighing about 0.1 gram and having a surface 
area of 2.5 sq cm were reacted in the vacuum micro- 
balance.” ° They were introduced singly and the sys- 
tem pumped overnight at room temperature. A 
vacuum of better than 10° mm Hg was obtained.’ 
The furnace, at the desired temperature, was then 
raised around the Mullite furnace tube. After ther- 
mal equilibrium was established, the reaction with 
purified oxygen’ was started. A given quantity of 
oxygen was introduced by means of a dosing system. 
Weight changes were followed for the oxidation re- 
action as well as for any subsequent reduction of the 
oxide by carbon. Some of the specimens were 
cooled quickly after oxidation to minimize reduction 
of the oxide by carbon. Others were held in the low 
pressure oxygen atmosphere or in vacuum for dif- 
ferent lengths of time to allow reduction of the 
oxide by the carbon in the iron. 

Following the reaction the furnace was lowered, 
the furnace tube and specimen allowed to cool, and 
the specimen removed and stored in a bottle con- 
taining a drying agent. 

Examination of Crystal Habit and Structure: The 
crystal habit of the oxide crystallites formed on the 
metal surface was studied by light microscope, elec- 
tron microscopy of the stripped oxide film, and elec- 
tron microscopy of surface replicas. The crystal 
structure was studied by reflection electron diffrac- 
tion and transmission electron diffraction of the 


Table II. Kinetic-Theory Calculations, ¢ — 850°C 


Weight of Oxygen 


Colliding with Time to Form 


Pressure, Surface, Grams per 1A of FeO,* 
Mm Hg Sq Cm per Sec Sec 
0.99x10-6 1.3x10-2 
10-5 0.99x10-7 1.3x10-1 
10-6 0.99x10-8 ales} 
10-7 0.99x10-9 1.3x10 
10-8 0.99x10-10 1.3x102 


* Assuming that all molecules striking the surface rea m. 
c 
oxide and the surface-roughness ratio is unity. ir 
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600 —5.2 
650 —4.8 
700 —4,3 
750 
800 —3.6 
850 
900 —3.0 


Table III. Oxidation of Puron 1x10“ to 4x10° Mm of Hg, 650° to 850°C (Volume of System = 3 Liters) 


Wt Gain, Average Crys- Crystal 
Experiment Tempera- Pressure, Time, 10-6 Grams per Thick- tal Orienta- 
No., 60— ture, °C Mm of Hg Min Sq Cm ness, A Color Size tion Remarks 
10 850 Vacuum 360 Bright Oriented 
10-8 to 10-3 
12 850 2x10-3 25 10.73 752 Light blue <ly Oriented — 
Oz 
13 850 2x10-3 25 7.27 508 Blue gray 1u Oriented Held in 
Oz vacuum 4 hr 
14 750 1x10-8 30 4.59 322 Blue spots <0.54 Oriented — 
Oz 
15 650 1x10-3 30 3.60 252 Blue spots <0.34% Oriented — 
Oz 


* Weight gain was estimated from electron micrograph to be less than 10-7 grams per sq cm or 6A. 


stripped oxide film. The light micrographs were 
taken at X189 and enlarged to a final magnification 
of X300. The electron-diffraction patterns were 
taken with the electron-diffraction adapter” of the 
EMB-4 electron microscope. Polystyrene-silica rep- 
licas shadowed with chromium were prepared in the 
conventional manner and studied in the EMB-4 
electron microscope. 

Stripped oxide films were prepared in an electro- 
chemical stripping apparatus which,was similar to 
that described previously, with the addition of a 
convenient means for supporting the specimens 
while in the bath. The oxidized surface was covered 
with a Parlodion film to support:the oxide crystal- 
lites while stripping. 

To attain maximum performance of the electron 
microscope, several modifications were made. An 
adjustable condenser aperture of 3 mil diam was 
used to lower the beam current on the specimen. A 
special apparatus was used for removing the projec- 
tor-pole piece for carrying out studies in the range 
of X400 to X2000. 

Lower magnifications were found convenient to 
use because of the thickness of the oxide film, the 
large structures present in the film, and the larger 
field of study. Photographic enlargements of five or 
more times were possible because of the inherent re- 
solving power of the electron microscope. Most of 
the electron micrographs were made at X1080 and 
were enlarged photographically two to eight times. 
[The area of Figs. 5 and 6 was reduced approxi- 
mately 30 pct each for reproduction.—Kd. | 

Method of Interpreting the Results: Two stages of 
oxidation were studied. In the first, the oxide film 
corresponded to an average thickness of 258 to 752A, 
while the second stage corresponded to an average 
thickness of 1200 to 4200A. The following facts 
were observed or calculated for each experiment: 


a—Net weight gain was 
10.73 micrograms per sq 
tor 25 
min. Pressure was 2x10~° 
to 4x10-* mm Hg. X2000. 
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1—- weight of oxygen reacting, 2—weight change due 
to surface oxide-carbon reaction, 3—average thick- 
ness of oxide film, 4—color of oxide, 5—crystal 
structure of oxide, 6—size and shape of oxide crys- 
tallites, and 7—crystal habit and orientation with 
respect to the metal grain. The results are presented 
in the tables and figures. 

For the direct oxidation reaction, the important 
variables to study were temperature, quantity of 
oxygen, and pressure. Since the available oxygen 
gas reacted very rapidly at these temperatures, the 
time variable was of less importance. Its effect may 
be felt on the crystal size, degree of orientation, and 
in the solubility of oxygen in the iron. 

For specimens with higher carbon content, the 
time variable also determines the extent of the 
surface oxide-carbon reaction. 


Results and Discussion 


Oxidation of Puron 650° to 850°C, 10° mm of Hg 
of Oxygen—This group of experiments was made to 
study the crystal habit of the oxide film developed 
during an early stage of the reaction. The quantity 
of oxygen was limited by the low pressure used, so 
that the thicknesses of the oxide films were in the 
range of 258 to 752A. A vacuum oxidation was 
included as a control. 

The results are shown in Table III and Figs. 1 to 3. 
The reaction with oxygen occurred at such a rapid 
rate that it could not be followed on the vacuum 
microbalance. In this system, the first reading re- 
quires at least a minute. After this initial oxygen 
pick-up, the pressure was reduced by the reaction 
to about 10‘ mm Hg. No further weight change was 
observed after the initial reaction. The weight of 
oxygen reacted was proportional to the pressure 
within the accuracy of the pressure measurement. 
Colored oxide films were observed in all of these 


b—Net weight gain was 
4.59 micrograms per sq 
cm, at 750°C for 30 
min. Pressure was 10° 
to 10 mm Hg. X2000. 
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Shy 
Fig. 1—Electron micrographs of stripped oxide film from Puron. 


a—Electron micrograph 
of stripped oxide film. 


Fig. 2—Oxidation of Puron 


. Net weight gai 


b—Electron micrograph 
of surface replica. 


650°C for 30 min. Pressure was 10~ to 1.5x10~* mm Hg. X2000. 


Fig. 3—Oxidation of Puron. Net weight gain was 3.60 micrograms per sq cm, 


at 650°C for 30 min. Pressure was 10° to 1.5x10™ mm Hg. a and b are electron 


a—Reflection electron- 
diffraction pattern. 


micrographs of stripped oxide film. X16,500. 


b—Electron micrograph 
of stripped oxide film. 
X2000. 


Fig. 4—Oxidation of Puron. Net weight gain was 17.25 micrograms per sq cm, 
at 700°C for 3 hr. Pressure was 10° mm Hg. 


experiments with the exception of the vacuum 
oxidation. 

Vacuum Oxidation (Control): An electron and 
light optical study was made of the surface of a 
specimen of Puron oxidized in a vacuum of the order 
of 10° mm Hg. In this experiment the furnace tube 
was isolated from the pumping system. The gas 
pressure which developed was that from the walls 
of the system. No weight gain was observed. How- 
ever, the electron micrograph of the stripped oxide 
film and the electron-diffraction pattern show the 
presence of a few oxide crystallites. These crystal- 
lites were less than one micron in size ahd occupied 
only a small fraction of the specimen area. The 
oxygen associated with these oxide particles could 
not be weighed in the microbalance for the size and 
weight of samples used. In addition to these oxide 
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crystallites, a thin uniform film was probably 
present. 

A close examination of many of the oxide crys- 
tals shows evidence for a solution process or for 
reaction with the small quantity of carbon in the 
metal. The surface of the sample was bright, al- 
though an electron-diffraction pattern showed the 
oxide to be Fe,O,. Because FeO transforms to Fe,O. 
and Fe at 570°C, the oxide originally formed at 
850°C was probably FeO. The nature of this trans- 
formation, including the maintenance of orientation 
with the metal on passing through the transforma- 
tion temperature, has been studied in detail in 
previous papers.*” 

It was concluded that oxidation occurs on Puron 
under these vacuum conditions. The oxide was very 
discontinuous as has been pointed out by Bardolle 
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Table IV. Oxidation of Puron 10° to 4x10° Mm Hg, 650° to 850°C (Volume of Reacting System = 3 Liters) 


Experi- Wt Gain, Average Size of 
ment No., Tempera- Pressure, Time,* 10-6 Grams per Thickness, Compo- Orienta- Crystals, 
59— ture, °C Mm of Hg Min Sq Cm A Color sition tion Microns 
46 650 4x10-2 180 60.1 4210 Blue gray Fe304 Oriented <0.5 
47 700 1x10-2 180 17.25 1207 Blue gray Fes04 Oriented <1.0 
Oz 
48 750 2x10-2 180 29.01 2030 Blue, Green, Fe304 Oriented = I) 
Oz Pink 
49 800 1x10-2 180 19.32 1352 Blue gray FesO4 Oriented <1.0 
50 850 1x10-2 180 16.77 1174 Blue gray FesO4 Oriented 1.0 
Oz 


* All gas was essentially taken up in less than 2 min. 


and Bénard.’ The question of a continuous oxide 
film covering the metal will be discussed later for 
more favorable oxidizing conditions. 

Reaction at an Oxygen Pressure of 10° mm Hg and 
850°C: Fig. la shows the crystal habit of the oxide 
crystallites formed in the oxide film. The oxide 
formed was not uniform although well oriented to 
the metal, as was shown in an electron-diffraction 
study. This stage of oxidation was well beyond that 
studied by Bardolle and Bénard® in which a few 
well oriented nuclei were observed on the metal 
grain. 

Many interesting facts can be learned from Fig. la: 
1—The crystal habit of the oxide depended upon 
the orientation of the metal grain. 2—The oxide 
crystals formed along certain directions or lines on 
the particular metal grain. 3—Spacing of the lines 
along which oxide crystals grew on a particular grain 
was not uniform, but over a given distance the aver- 
age spacing was nearly constant. 4—This spacing de- 
pended upon the metal grain orientation and was of 
the order of 0.5 ta 1.0 micron. 5—The lines of growth 
on a particular grain usually were bent at the grain 
boundaries. The bending of the lines of growth at 
the grain boundaries may be related to a difference 
in elevation of the metal grains and to a rounding 
of the metal surface at the grain boundaries. This re- 
sulted from the original electropolishing procedures. 
At certain grain boundaries these lines of growth 
of two neighboring crystals tended to align them- 
selves in a systematic manner. At other grain 
boundaries these lines of growth intersected at right 
angles. 6—Inclusions in the metal led to circular 
patterns of growth. 

To test the influence of the film-stripping tech- 
nique, it was of interest to compare the surface- 
replica tests with the stripped oxide results. Al- 


though the detail of the replicas was not as good as 
for the stripped oxide films, the information gained 
supports that obtained from the stripped oxide 
specimens. The light micrographs showed very little 
detail of the oxide crystallites. 

The effect of time on the crystal habit was studied 
for the oxide film formed at 850°C and an oxygen 
pressure of 2x10° mm Hg. The sample after oxida- 
tion was held for 4 hr in a vacuum of better than 
10° mm Hg. The oxide crystallites on some of the 
metal grains showed evidence of crystal growth and 
a break-up of some of the lines of growth shown in 
Fig. la. 

Reaction at 10° mm Hg of Oxygen 750°C: Fig. 1b 
shows an electron optical study of the oxidation 
reaction. Again a nonuniform oxide film was 
formed. The size of the oxide crystallites was 
smaller, as was the spacing between the lines of 
growth, than was found for the 850°C experiment. 
The crystallite size was of the order of 0.5 micron, 
as was the spacing between the lines of growth. The 
oxide was oriented as was shown in the reflection 
electron-diffraction pattern. Except for the size of 
the crystallites and their spacing, the oxidation 
process was very similar to that noted at 850°C. 
This is in contrast to the results of Bardolle and 
Bénard*® who found no structure by the light micro- 
scope. This may be a result of the limitations im- 
posed by the resolving power of the light micro- 
scope. 

Reaction at 10° mm of Hg of Oxygen and 650°C: 
Figs. 2a and 2b show the results. Again.a similar 
pattern of oxidation was found as compared with 
that for the higher temperatures. However, the 
crystal size and the spacing of the lines of growth 
were smaller than for the higher temperatures. One 
unusual feature of the surface-replica micrograph 
was the circular growth pattern around inclusions in 


At ot 


Fig. 5—-Oxidation of Armco iron. Net weight gain was 5.60 micrograms per sq cm, at 850°C for 5 min. Pressure was 2x10™* to 4x10' mm 
Hg. a, b, c, and d are electron micrographs of stripped oxide film. X2000. Area reduced approximately 30 pct for reproduction. 
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a—Electron micrograph of 
stripped oxide film. X2000. Area 
reduced approximately 30 pct 
for reproduction. 


b—Electron micrograph of 
stripped oxide film. X2000. Area 
reduced approximately 30 pct 
for reproduction. 


stripped oxide film. X2000. Area 
reduced approximately 30 pct 
for reproduction. 


d—Electron micrograph of 
stripped oxide film. X18,500. Area 
reduced approximately 30 pct 
for reproduction. 


Fig. 6—Oxidation of Armco iron. Net weight gain was 5.60 micrograms per sq cm, at 850°C for 5 min. Pressure was 2x10 to 4x10~* mm Hg. 


the metal. This circular growth pattern may be re- 
lated to residual strains in the metal grain around 
the inclusion. 

To bring out further details of the oxide film, 
studies were made at a higher magnification. Figs. 
3a and 3b show the results for the 650°C experi- 
ment. It was found that a thin oxide film of smaller 
crystallites existed between the larger crystals. The 
size of the smaller crystals is of the order of several 
hundred Angstroms. 

Oxidation of Puron 650° to 850°C, 10° mm Hg of 
Oxygen—This group of experiments was made to 
study the crystal habit of the oxide film developed 
during a later stage of oxidation than was studied 
in the previous section. The quantity of oxygen 
was limited so that the average thickness of the 
oxide film was in the range of 1200 to 4200A. A 
summary of the results is shown in Table IV and 
Fig. 4. Again the reaction with oxygen was rapid. 

Thick colored oxide films were formed. These films 
were nearly uniform in thickness over a given crys- 
tal face and they were difficult to penetrate with the 
electron beam. Electron-diffraction studies indicat- 
ed the crystal structure to be Fe,O,, although FeO 
undoubtedly was the oxide originally formed for 
reasons already discussed. Highly oriented films 
formed as can be seen from the electron-diffraction 
pattern of Fig. 4a. Estimates were made of the 
crystal size. At 650°C the crystal size was of the 
order of 0.5 micron, while at 850°C the crystal size 
was of the order of one micron. 

No evidence was observed for the surface-oxide 
carbon reaction or for solution of the oxide in the 
metal. It was concluded that in these experiments 
a stage in the oxidation reaction had been reached 
in which a uniformly thick and well oriented oxide 


film was formed. The spacing of the crystals was 
that originally observed in the previous stage of 
oxidation. The net result of the additional oxidation 
was the filling in of the oxide pattern originally set 
by the lines of growth. 

Oxidation of Armco Iron 850°C—These experi- 
ments were made to study the effect of a larger 
carbon content on the crystal habit of the oxide 
film developed in the early stages of the oxidation 
reaction. The results are shown in Table V and Figs. 
5 to 10. The amount of oxygen was limited, so the 
total oxide film was in the range of 392 to 1710A 
in average thickness. 

The reaction with oxygen was as rapid as the 
oxidation of Puron. If the process was stopped after 
the initial rapid reaction, the oxidation itself could 
be studied. However, if the experiment was con- 
tinued at low oxygen pressure or in high vacuum, 
the surface oxide reacted with carbon in solid solu- 
tion to form CO and the metal. The experiments 
summarized in Table V were made to study both the 
oxidation and the surface oxide-carbon reaction. 

Figs. 5 and 6 show the discontinuous manner in 
which oxidation occurred on Armco iron. The struc- 
ture of the oxide film and its relationship to the 
substructure of the metal grain was the same as that 
found in the oxidation of Puron. However, even for 
as short an oxidation period as 5 min, Fig. 6c shows 
evidence for reaction of the oxide film with carbide 
inclusions, while Fig. 6d shows the reaction of the 
oxide crystals with carbon in solution in the metal. 
Electron-diffraction studies showed the oxide to be 
Fe,O,. 

Experiments 23 and 24 of Table V were made to 
study the surface oxide-carbon reaction. The vacu- 
um-microbalance studies indicated overall losses in 


Table V. Oxidation of Armco Iron at 850°C and 2x10° to 10° Mm Hg (Volume of System = 3 Liters) 


Experi- 


Wt Gain, Average Crystal- 
ment, No., Pressure, Time, 10-° Grams per Thick- Compo- Orienta- lite Size, 
60— Mm of Hg Min Sq Cm ness, A Color sition tion Microns Remarks 
21 2x10-3 & 5.60 392 Blue gray Fes04 Some i No oxide reduc- 
ion 
22 4x10-3 5 10.36 725 Blue gray Fes304 Some al No oxide reduc- 
ti 
18 1x10-2 30 24.4 1710 Blue gray Fes04 Some af Held in vacuum 
23 4x10-3 180 Loss, Bright blue Fes04 Some i Pavtinl 
2.31 spots reduction 
Bright black Fes04 Some 360 min vacuum. 
spots Oxide partially 
25 2x10-3 5 Bright Some — 
Oxide partially 
20 2x10-3 180 — Bright FesO4 Some 
reduced 
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a—Transmission  elec- 
tron-diffraction pattern. 


b—Electron micrograph 
of stripped oxide film. 
X2000. 


Fig. 7—Oxidation and subsequent decarburization of Armco iron. Weight gain 
was 12.12 micrograms per sq cm, and then a loss of 2.31 micrograms per sq cm. 
850°C for 3 hr. Pressure was 4x10 to 1.2x10° mm Hg. 


weight. This is due to the fact that, for each 16 
grams of oxygen reacted, 28 grams of CO can form. 
Colored oxide films would be expected for the 
amount of oxygen reacted. Instead, bright metal 
surfaces were observed with some grains showing 
dark spots of oxide. This suggests that the surface 
oxide-carbon reaction is only partly complete. 

The electron-diffraction and electron-optical re- 
sults are shown in Fig. 7. The electron-diffraction 
pattern shows a well-oriented oxide film, while the 
electron micrograph shows, Fig. 7b, that the oxide 
crystallites on one grain of the metal were largely 
reduced by the carbon while the reaction was pro- 
ceeding on the other grains. Fig. 8 shows addi- 
tional electron micrographs of stripped oxide films 
showing the reduction reaction on various metal 
grains. 

Fig. 8c shows the residual structures on the metal 
grains in experiment 23 for those metal grains on 
which the oxide had been largely reduced. It is of 
interest to note that Fig. 8b shows the residual 
structures to have a “nucleus” in the center of the 
crystal. Also the residual structures appeared to 
form at right angles to the original lines of oxida- 
tion as is observed in Fig. 8c. 

Fig. 8c also shows the metal to have a residual 
structure after oxidizing and followed by reduction 
of the surface oxide by carbon in solution. This 
structure follows the original lines of growth of the 
original oxide. This residual growth resulted from 
one or both of two processes: 1—The rate of transfer 


a 


of metal to the oxide in the oxidation process was 
not uniform, especially at the oxide crystal bound- 
aries, and after reduction of the oxide, the metal 
gave a replica structure of the original oxide crys- 
tals. 2—-The reduction of the oxide by carbon was 
not uniform, and different amounts of iron were 
deposited at the original oxide grain boundaries 
than under the oxide crystal. The Parlodion film 
used in making the stripped oxide film retained the 
structure of the original iron although the iron it- 
self was dissolved away during the electrochemical 
action. 

Fig. 9 shows the results for experiment 24. The 
optical micrograph in Fig. 9a shows a partial reduc- 
tion of the surface. The dark zones of the light 
micrograph show unreduced oxide. In Fig. 9b the 
low magnification electron micrograph of the 
stripped oxide shows the progression of the reaction. 
Electron diffraction shows only a small amount of 
oriented material and a large proportion of un- 
oriented Fe,Q,. 

Fig. 10 shows the results of the surface oxide- 
carbon reaction in which the reaction approached 
completion. This is shown in light and electron mi- 
crographs. The transmission electron-diffraction 
pattern shows some oriented Fe,O, crystals in a 
larger amount of unoriented Fe,O, crystals. 

It was concluded from this set of experiments that 
the oxidation of Armco iron is similar to that for 
Puron with a nonuniform oxide film being formed 
in an oriented manner. However, the carbon in the 


Fig. 8—Oxidation and subsequent decarburization of Armco iron. Weight gain was 12.12 micrograms per sq cm, then a 
loss of 2.31 micrograms per sq cm. 850°C for 3 hr. Pressure was 4x10 to 1.2x10° mm Hg. a, b, and c are electron micro- 
graphs of stripped oxide film, showing residual structure after decarburization. X2000. 
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a b 


b—Electron micrograph 
of stripped oxide film. 


a—Optical micrograph. oft 


X290. 


Fig. 9—Oxidation and subsequent decarburization of Armco iron. Weight gain 
was 14.21 micrograms per sq cm, then a loss of 4.60 micrograms per sq cm. 
850°C for 5 min. Pressure was 4x10 to 3x10“ mm Hg, and then a yacuum of 


10° mm Hg for 6 hr. 


a—Optical micrograph. 
X290. 


b—Electron micrograph 
of stripped oxide film. 
X2000. 


Fig. 10—Oxidation and subsequent decarburization of Armco iron. Weight gain 
was, initially, 4.47 micrograms per sq cm, and then a loss of 6.08 micrograms per 
sq cm. 850°C for 3 hr. Pressure was 2x10° to 1.3x10° mm Hg. 


Armco iron reacts readily with the surface oxide 
leaving a nearly clean metal surface with some un- 
determined residual material. 

Orientation and Relationships—The orientation of 
FeO on a-Fe has been studied by Mehl and McCand- 
less,* Gulbransen and Ruka,” and Bardolle and 
Bénard.’ All of the results suggested that the cube 
plane of FeO grows on the cube plane of a-Fe, while 
the (100) direction of the oxide lies parallel to the 
(110) direction in the metal. 

Oxidation Mechanism at Low Pressures and High 
Temperatures—Fig. 11 shows the authors’ concep- 
tion of the initial stages of the oxidation reaction. 
The structure of the initial stages involving the first 
few layers cannot be studied easily. The point- 
emission electron microscope may have certain pos- 
sibilities in this direction. It may be postulated that 
the first step involves a chemi-sorbed layer of oxy- 
gen atoms. This would be a very transitory stage 
at 850°C with the quantity of oxygen available. As 
the reaction continues to a thickness of 100A, the 
formation of a film consisting of small oxide crys- 
tallites of the order of the thickness of the oxide film 
was postulated. The next stage of oxidation appears 
from this study to be nucleation and growth of much 
larger crystals along certain lines of the metal grain. 
Along these lines a lower free-energy barrier ap- 
pears to exist for the formation and growth of new 
oxide crystals. 

The properties of these lines of growth suggest 
that they represent a substructure of the metal 
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Fig. 11—Authors’ postulation of oxidation mechanism. a—Adsorbed 
oxygen film. b—Fine mosaic structure of crystals. c—Nucleation 
of large crystals. d—Uniform oxide layer appears. 


grain. This substructure may be related to minor 
strains, slip planes, lines of dislocations, or inclu- 
sions in the metal grain. These lines are not brought 
out by the electropolishing procedures used in pre- 
paring the specimens. 

These new oxide crystallites are well oriented to 
the structure of the metal grain. As oxidation con- 
tinues, further crystals are formed which fill in the 
spaces between the crystals already present. This 
is shown as step d in Fig. 11. Finally, a uniform 
and oriented oxide film is formed. 

The presence of lines of growth in the oxide sug- 
gests that the previous history of the metal has a 
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major influence on the crystal habit of the oxide. 
This may be the subject of a future paper. 


Conclusion 

Useful information can be obtained on the growth 
of oxide films at high temperature from a study of 
the crystal habit and structure of the oxide film. 
These films are formed by reaction with limited 
quantities of oxygen at low pressures. 

Electrochemical-stripping techniques were used 
to remove the oxide layer from the oxidized samples 
of highly annealed and electropolished iron. These 
samples were then studied in the electron-diffrac- 
tion camera and electron microscope. 

Several stages in the oxide-growth process were 
studied over the temperature range of 650° to 850°C 
using different amounts of oxygen at low pressures. 

The results suggest that the initial stage of oxida- 
tion involves the formation of a thin uniform layer 
of small oxide crystallites. This was rapidly fol- 
lowed by the formation of much larger oxide crys- 
tals along certain parallel and regularly spaced lines 
on the metal grain. As oxidation continues, the oxide 
crystals grow, and new crystals form filling the re- 
maining area of the metal. This results in the for- 
mation of a uniform mosaic of large oxide crystals. 

The origin of the lines of growth of the oxide 
crystals on the metal has not been demonstrated. 
These lines appear to be related to the substructure 
of the particular metal grain and are probably lines 
of minor strains from slip planes, lines of disloca- 
tions, and inclusions which were formed during or 
after the annealing or recrystallization process. 


For iron containing an appreciable quantity of car- 
bon, the oxide film was found to react rapidly with 
carbon in solution under high vacuum conditions in 
the iron leaving a bright metal surface. The resi- 
dual iron shows an interesting substructure which is 
related either to the process of formation of the 
oxide or to the reducing action of the carbon. 
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Self-Diffusivity Along Edge-Dislocation Singular Lines in Silver 


by A. A. Hendrickson and E. S. Machlin 


Use was made of a recently developed surface-accumulation diffusion technique 
to measure the self-diffusivity of edge-type dislocation singular lines (Burgers 
vector along <110>) in a bent and polygonized single crystal of silver. Two factors 
are involved in obtaining a number for the diffusivity. One factor, the dislocation- 
line density, was measured by a microscopic technique recently developed, and the 
value of the other parameter, the effective “diameter” of a dislocation pipe, was 
estimated. With these parameters equal to 7.3x10° dislocations per sq cm and 10° 
cm, respectively, it was found that the self-diffusivity along edge-type dislocation 
lines was a factor of about two times the average grain-boundary self-diffusivity. 
The dislocation-pipe diffusivity is about 7x10“ sq cm per sec at 450°C. 
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ing, November 1954. 
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HE possibility of short-circuit diffusion through 

imperfections in crystals has been recognized 
for some time. It was only recently, however, that 
concerted effort has been expended to obtain values 
of diffusivity for grain-boundary short circuits. The 
work, for example, of Hoffman and Turnbull’ on 
silver, Fisher’s® analysis of the grain-boundary dif- 
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Fig. 1—Contact autoradiographs showing grain boundaries. X2. 
b—From same surface as used in a after removal of 0.0005 in. 
from surface. 


fusivity problem, and Achter and Smoluchowski’s* 
measurements on columnar-boundary diffusivity of 
Ag in Cu and Cu in Ag have been performed in the 
last few years. One of the interesting results of the 
latter group of authors was a conclusion that the dif- 
fusivity along small-angle boundaries rapidly de- 
creased to zero as the disorientation was reduced 
below 20°. This result implied that the diffusivity 
along single <100> edge-dislocation lines was very 
much smaller than the average grain-boundary dif- 
fusivity and also concomitantly implied a difference 
in the structure of the grain-boundary transition 
region below and above a 20° disorientation. Be- 
cause this result is important as a basis for building 
a model of grain boundaries, and because values of 
short-circuit diffusivities are intrinsically valuable, 
it was decided to measure self-diffusivity along 
edge-dislocation lines by an independent method. 


Experimental Method 

A surface-accumulation technique was developed 
to increase the sensitivity of detecting diffusion 
through short-circuit paths, such as dislocation pipes 
and grain boundaries. The principle of the method 
is to allow the atoms which diffuse through the pipes 
to collect at the exit end of the pipes. An enhanced 
sensitivity is obtained as a consequence of the fact 
that the ease of diffusion through the pipe is much 
greater than it is normal to the pipe through the 
lattice walls. The number of active atoms collected 
at the end of the pipe is much greater than the num- 
ber collected in the wall of a typical section involved 
in the sectioning technique. In order for the tech- 
nique to work, certain conditions must be met. The 
total pipe length must be short enough to allow a 
steady-state concentration gradient to be set up in a 
time that is short compared to the diffusion interval. 
The temperature must be low enough to allow the 
atoms reaching the accumulator surface through the 
pipes to stay within a few hundred atom lengths of 
this surface and to prevent all but a negligible num- 
ber of active atoms from reaching this surface by 
lattice diffusion. The surface diffusivity must be 
larger than the dislocation-pipe diffusivity to pre- 
vent more than a limited build up in the concentra- 
tion of active atoms at the pipe outlet. 

Because the active atom in this series of measure- 
ments was Agi, and because the radiation from Agi 
involves £, y, and X radiation, it was deemed advis- 
able to measure the amount of surface accumulation 
by a difference technique. Specifically, the differ- 
ence between the activity before and after removing 
a 0.0001 in. layer from the accumulator surface was 
set equal to the activity from active atoms that dif- 
fused through the short-circuit paths to this surface. 
With other radioactive atoms that involve KB alone, 
the total activity should be due to the surface-accu- 
mulated atoms because of the high absorption of this 
radiation by metals. 
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Dislocation pipes were produced in a single crystal 
of 99.9 pct Ag by bending the crystal about a <112> 
axis. The radius of bend was 4 cm. Two slip planes 
were involved in the bending process. The crystal 
was annealed according to the following schedule: 
at 250°C for 1 hr; at 350°C for 1 hr; at 450°C for 1 
hr; and 550°C for 4 hr. Wafers, 0.012 in. thick, were 
cut from the bent cystal normal to the bend axis 
(diffusion direction supposedly parallel to the edge- 
dislocation lines produced in bending.) A microsaw 
(with a blade thickness of 0.005 in.) was used to cut 
the wafers in order to minimize distortion. These 
wafers then were electropolished to a thickness of 
0.008 in. (0.02 cm). 

Radioactive Agi, in an original concentration of 
about 2.44x10° active atoms per atom of Ag in the 
solution (19.5 grams AgCl, 27.5 grams KCN, 19.5 
grams K,CO., and 500 ml H.O), was plated onto an 
unmasked center circle on one side of each of the 
specimens (area of 0.05 sq in.) to give an active 
plated layer about 0.001 in. thick. The specimens 
were then cleaned in acetone to remove the lacquer 
used to mask the unplated areas. A fine wire was 
cemented to the accumulator side of each wafer 
(opposite to the side plated with Ag;,,.). After dry- 
ing, the accumulator side was covered with a cya- 
nide-resistant lacquer. Nonradioactive silver was 
then plated over the Ag, deposit to prevent short- 
circuit diffusion paths to the accumulator side except 
through the imperfections in the thin wafer. The 
dimensions of the overplate were controlled to make 
extraneous diffusion paths at least four times as 
long as the diffusion path through the dislocation 
lines. It was found that a dense overplate could be 
applied by plating at very low-current densities 
(5 ma per sq in.) with solution agitation by stirring. 
The specimens then were heated slightly in a dy- 
namic vacuum of 10° mm Hg for 4 hr to remove 
gases entrapped during overplating. The diffusion 
cycle was carried out for 22,500 sec at 450°C in an 
atmosphere of argon. 


Experimental Observations 


A large-grained polycrystalline wafer was cut 
from a slowly cooled unsuccessful “single-crystal” 
specimen. Undoubtedly, the grains in this specimen 
are not randomly oriented. An autoradiograph 
taken from the accumulator surface is shown in Fig. 
1. The outline of the grain boundaries corresponds 
to that which was observed metallographically. That 
the radioactivity comes from a thin layer of radio- 
active atoms that have diffused through the grain 
boundaries and outwards along the surface was 
demonstrated by means of another autoradiograph 


a—Polarized light. b—Normal light. 


Fig. 2—Thermal etch pits at dislocations. Plane of specimen 
is normal to bend axis. X420. 
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Table |. Primary Data for Use with Eq. 1 


Bent Single 
Polycrystal Crystal 

Is 0.86 0.585 Counts per min 
Io 350 350 Counts per min 
3.5x10-5 3.5x10-5 Cm 

h 0.02 0.02 Cm 

AS 2x6 7.3x1086§2 Sq cm 

t 22,500 22,500 Sec 

tot = 30 =~ 30 Sec 


* The value of 2 was estimated from the grain size; the value of 
7.3x10® was measured by counting the number of thermal etch pits 
according to a technique developed by the authors. 

1 tf. was estimated using 5x10-7 sq cm per sec as a value of D for 
grain-boundary diffusivity at 450°C. 


taken after abrading away 0.0005 in. from the accu- 
mulator surface. As shown in Fig. 1b, only a few of 
the grain boundaries are scarcely visible after this 
treatment. Also, the grain boundaries become in- 
visible even if the autoradiograph is made 0.0025 
in. from the initial radioactive plate-wafer inter- 
face. This observation demonstrates the high sensi- 
tivity of the surface-accumulation technique which 
depends on the ratio of the effective surface diffu- 
sivity to lattice diffusivity. Thus, grain-boundary 
diffusivities and the like can be measured at lower 
temperatures for a given time than with other avail- 
able techniques. 

Another measurement which demonstrates the ex- 
istence of surface accumulation was made after 
removing, by abrasion, sufficient material from the 
active plated side to leave a wafer 0.0038 in. thick, 
l.e., the lattice diffused layer was removed. A count 
was taken from both sides of the wafer. The sur- 
face-accumulator side produced 0.85 counts per min 
as compared to 0.64 counts per min from the oppo- 
site side. It should be noted that the smaller count 
came from the side closest to the original high-con- 
centration plate! This experiment, which was re- 
peated with polycrystals as well as bent single 
crystals, demonstrates the existence of surface 
accumulation. 


Measurement of Diffusivity 

If the conditions outlined in a previous section are 
met, the boundary conditions may be approximated 
dC/dX = C,/h. Thus, the total number of active 
atoms that reach the accumulator surface through 
short-circuit paths is given by 


t 


dC 
dX h 


where C, is the number of active atoms per unit 
volume in radioactive plate, A is the area of short- 
circuit paths per unit area normal to diffusion direc- 
tion, D is the diffusivity through short-circuit path, 
h is the thickness of wafer, t is the total diffusion 
time, and t, is approximately the time required to 
set up the constant gradient. 

Now the activity, for a constant geometry of the 
counting set-up, is proportional to the total number 
of atoms contributing unabsorbed radiation to the 
count. The initial concentration C, thus may be 
expressed in terms of an intensity of count I,, from 
unit area of plate of thickness y, using the same 
plating solution as for the diffusion run. The same 
constant of proportionality holds for the intensity 
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from the surface-accumulated atoms. Thus, the 


final equation for the diffusivity becomes 


The data to be substituted in Eq. 1 are presented 
in Table I. Using Hoffman and Turnbull’s value for 


grain-boundary diffusivity and a value of X/\/Dt 
of about 5, t, is estimated to be about 30 sec. A 
separate measurement of the number of dislocation 
pipes per sq cm was made using a thermal-etching 
technique recently developed by the authors.’ In 
this technique, after careful electropolishing in a 
cyanide solution and thorough washing with alco- 
hol, the specimen is held at 600°C under a partial 
pressure of oxygen of 0.1 atm for 10 min. The etch 
pits developed have been shown to be locations of 
intersections of dislocations with the surface.° Fig. 2 
shows the pattern of etch pits for the diffusion 
specimen. The number of pits counted, 7.3x10° per 
sq cm, can be compared with the number predicted 
using an equation given by Cottrell,’ i.e. 


1 1 
N = — = 


—___—__—— = 8.7x10° per sq cm 
rb 4x2.88x10* 


where r is the radius of bend, cm, and b is the 
Burgers vector of dislocation, cm. The excellent 
agreement between the measured and_ predicted 
values is consistent with the authors’ experience 
with this technique. Variation in the radius of bend 
by two orders of magnitude, which according to the 
equation should vary the density of dislocations by 
two orders of magnitude, has given a corresponding 
variation of two orders of magnitude in the density 
of etch pits developed by the thermal-etching tech- 
nique.’ Thus, the etch-pit technique is believed to 
give a faithful representation of the dislocation 
density and distribution. 

With the data of Table I, and an estimated value 
of 6 = 107 cm, for grain-boundary thickness or dis- 
location-pipe diameter, the calculated values of 
grain-boundary and dislocation-pipe diffusivity are 
as follows: 

Grain-boundary diffusivity (450°C) is 4x10" sq em 
per sec, and dislocation-pipe diffusivity (450°C) is 
7x10“ sq cm per sec. 

It appears that the authors’ data contradict the 
conclusions of Smoluchowski and coworkers** and 
are in agreement with the recent results of Hoffman 
and Turnbull.’ That is, the edge-type dislocation- 
pipe diffusivity is at least as large as that for large- 
angle grain boundaries and probably is larger than 
the latter. 
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High Pressure Oxidation of Metals: Tantalum in Oxygen 


by Robert C. Peterson, W. Martin Fassell, Jr., and Milton E. Wadsworth 


The temperature and pressure dependence of the reaction of 
tantalum in oxygen were investigated from 500° to 1000°C at pres- 
sures from 10 mm Hg to 600 psi total oxygen pressure. Tantalum 
was found to oxidize linearly under the above conditions. Three 
distinct regions of temperature dependence were found with differ- 
ent energies of activation. From 500° to 600°C the rate of oxidation 
of tantalum was found to be essentially independent of the oxygen 
pressure at the pressure investigated. The oxidation rate increases 
rapidly with an increase in pressure from 600° to 800°C. The de- 
pendence of the oxidation rate on the bulk concentration may be 
expressed by V = k’6, where k’ is the specific rate constant and 
6=k,Co,/(1 + kiCo,), where k; is the equilibrium constant for 


the adsorption of oxygen on tantalum. 


NLY a limited amount of data has been pre- 

sented in the literature on the oxidation be- 
havior of tantalum metal. Some values of its oxida- 
tion rate were reported in the Corrosion Handbook’ 
and by McAdams and Geil.’ 


The first extensive investigation of tantalum was 
the work of Gulbransen and Andrews.’ They deter- 
mined the reaction rates of tantalum in O, and N.. 
Their results indicate that this metal follows the 
parabolic law in the temperature range of 250° to 
450°C in O, at pressures of 7.6 cm Hg with an acti- 
vation energy of 27,400 cal per mol. In nitrogen, 
the metal follows the parabolic law from 500° to 
800°C at 7.6 cm pressure. All experimental deter- 
minations were of 2 hr or less duration and devia- 
tions from the parabolic rate conceivably could 
occur at longer times. 


A spectrophotometric study of the oxidation of 
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tantalum by Waber, Sturdy, Wise, and Tipton‘ in- 
dicated good agreement between this method and 
the microbalance technique. The experiments were 
conducted in air from 220° to 350°C. The metal was 
found to follow the logarithmic law up to 320°C and 
the parabolic law at higher temperatures. The 
activation energies in the logarithmic region were 
reported as 12.57 kcal per mol and 12.0 kcal per mol, 
respectively, for the microgravimetric and spectro- 
photometric methods. In the parabolic region the 
activation energy was found to be 27.2 kcal per mol, 


in good agreement with the value of Gulbransen 
and Andrews.* 


The present paper is concerned with the behavior 
of tantalum from 500° to 1000°C in oxygen at 
pressures ranging from % to 40.8 atm pressure. 

Earlier preliminary data by McKewan** indicated 
the following facts concerning the behavior of tan- 
talum: 1—At temperatures from 500° to 600°C, the 
metal followed the linear law. 2—At 575°C the rate 
of oxidation was found to increase with O, pressure. 
3—The Arrhenius plot in this temperature region 
was nonlinear. 


The nonlinearity of the Arrhenius plot was indica- 


tive of a more complex behavior than originally 
suspected for this metal. 
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Fig. 1—High pressure oxidation furnaces. 


Equipment 

The equipment used in this investigation is an 
improved design of that reported in a previous 
paper.’ The general arrangement of the equipment 
is shown in Fig. 1. Fig. 2 shows a cross section of 
the furnace used to measure the oxidation rates of 
metals at high pressures. Since the cross-sectional 
drawing is rather complete and a detailed descrip- 
tion has been given previously, some of the less 
obvious details only will be mentioned. The sec- 
tional arrangement of the furnace allows easy re- 
placement of any of the component parts. The most 
frequent failures are the heating elements and 
thermocouples. The heating unit consists of a 1 in. 
ID Alundum core (Norton No. 11756), 23 in. long. 
The core is wound with three separate windings 
individually controlled. The temperature of the cen- 
ter winding (M in Fig. 2) is automatically controlled 
by a Leeds and Northrup Micromax control system 
which adjusts the power input from a 15 amp 
powerstat. The upper and lower guard rings, N, are 
controlled manually by similar powerstats. 

The guard ring heating elements, N, overlap the 
end sections of M by about 1%4 in. The overlapped 
section is backed off 3/16 in. from the controlled 
section by short sectors of a similar Alundum core. 
This arrangement has been found to give a very 
uniform temperature over a 4 in. length in the tube. 
Four thermocouples, T, are used. The upper and 
lower thermocouples in winding, M, are used to ad- 
just the power input to the guard rings, N. One of 
the center thermocouples controls the winding tem- 
perature and the other is used exclusively to meas- 
ure the sample temperature. This couple is shielded 
by a parabolic Alundum shield so that it effectively 
“looks” only at the sample, as shown in Fig. 3. 


Temperature checks using very fine thermo- 
couple wire welded directly to the metal samples 
show the true sample temperature to be within 
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+1°C of the measured sample temperature at 700°C. 
The thermocouple leads, S, through the furnace 
shell are modified No. 18 spark plugs. The center 
electrode was removed and replaced with the ap- 
propriate metal or alloy to prevent junction error. 

Thermal insulation becomes a very serious diffi- 
culty at higher pressures (above 300 psi). This is 
apparently due to the increased thermal conduc- 
tivity of the oxygen. At pressures above 600 psi, 
water cooling must be used on the exterior shell. 

Originally, teflon gaskets were used. Two failures 
occurred. While the reason is not known, teflon 
apparently decomposes rapidly to gaseous products 
at 80° to 100°C in oxygen at 500 to 600 psi. It 
should, therefore, be used with extreme caution 
under these conditions. Garlock ‘900’ gaskets 
(compressed asbestos) have been successfully sub- 
stituted in all regions where the temperature is 
above 35°C. 


Experimental Procedure 

The tantalum metal samples, 1.5x0.5 in., used 
were cut from 5 mil sheet. A 3/32 in. hole was 
punched near one end for the quartz suspension 
hook. Spectrographic analysis of the metal indi- 
cated trace amounts of copper and silicon (0.005 pct 
Cu and Si). No analyses were made for carbon, 
oxygen, or nitrogen. Prior to oxidation, the samples 
were abraded lightly with 8/0 garnet paper, washed 
in acetone, and dried. The apparent geometric area 
was determined and the sample weighed. The sam- 
ple was then placed on the quartz hook, H, raised 
into the lower section of the equipment (section im- 
mediately above V by A). The reloading port V was 
closed and bolted into place. The unit was then 


Section a-a 


A Raising & Lowering Knob 


B Observation Port with 
Light & Cathetometer 


C Gold Chain 

D. Quartz Spring 

E Sleeve Piece 

F Gas & Vacuum Port 
G Platinum Chain 

H Quartz Hook 


J Sample in Position 
for Oxidation 


\ 


Section b-b 


K_ Insulating Alundum 
L Fiberfrax Insulation 
M Heating Element 

N Guard Ring 

P Ground Leads 

R Alundum Furnace Core 
S Power and TC. Leads 
T Thermocouples 

U Dismantling Port 

V Reloading Port 

W Leveling Bolts 


Fig. 2—Cross section of the high pressure oxidation furnace. 
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Fig. 3—Schematic ar- 
rangement of sample 
thermocouple and 
shield. 


evacuated to 7 mm pressure, pressurized to 30 psi 
O., re-evacuated, and filled to the desired pressure. 
The oxygen used was tank O, containing 99.8 pct O,, 
the balance being argon and nitrogen. The O, was 
dried over anhydrous CaSQ,. 

The final temperature adjustments were made; 
and when the three thermocouples indicated a uni- 
form temperature, the sample was raised into posi- 
tion. Due to the oscillations of the quartz spring 
balance, approximately 90 to 120 sec elapsed before 
the first reading could be made. Deflection readings 
were subsequently taken at appropriate time inter- 
vals, depending on the rate of the reaction. The 
present equipment can detect weight changes of 0.02 
to 0.04 mg, depending on the spring constant of the 
quartz balance. 


Experimental Results 

The results to be described are based on the ex- 
perimental observations of over 200 tantalum sam- 
ples in oxygen from 500° to 1000°C at absolute 
oxygen pressures from 10 mm Hg to 40.8 atm (600 
psi). Typical curves showing the deflection of the 
quartz spring balance vs time are shown in Figs. 4 
and 5. (Wt gained = deflection in in. X spring con- 
stant.) Fig. 4 shows a pronounced deviation from 
linearity during the first period of oxidation. This 
effect is not due to a temperature lag in the sample, 
but has a possible true significance, as will be dis- 
cussed later. 

Fig. 6 shows the typical behavior of tantalum at 
various pressures and temperatures. 

At all temperatures and pressures investigated, 
tantalum was found to oxidize according to the 
linear mechanism. Figs. 7 to 13 show the experi- 
mental and calculated rates of oxidation at constant 
temperature at various pressures. The methods of 
calculation of the theoretical curves is discussed in 
the theoretical section. The general nature of the 
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Fig. 4—Oxidation of Tantalum in O, at 550°C, 110 psi. 
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curves immediately suggest Langmuir-type adsorp- 
tion of oxygen. At this point it should be mentioned 
that the universal method in oxidation-rate studies 
of reporting pressure effects has been in terms oh (O); 
pressure or partial pressure. While the concentra- 
tion is proportional to the partial pressure of oxy- 
gen at constant temperature, no direct comparison 
can be made from one temperature to another unless 
the true concentration of oxygen is considered. If 
adsorption of O, on the reacting surface is involved 
in the reaction, the use of absolute O, concentra- 
tions is imperative. 


Discussion of Results 


The experimental results presented above clearly 
demonstrate the following facts concerning the oxi- 
dation characteristics of tantalum: 1—Tantalum 
oxidizes linearly from 500° to 1000°C at all pres- 
sures investigated. 2—From 600° to 800°C the oxi- 
dation rate of tantalum shows a pronounced increase 
in rate with oxygen pressures above 4% atm. 3—At 
any one temperature from 550° to 800°C, the rate of 
oxidation approaches a limiting rate as the pressure 
is increased. 4—The Arrhenius plot in Fig. 14 indi- 
cates the possibility of three complex rate-deter- 
mining processes. 

Some question exists as to the oxide present on 
tantalum after oxidation. The question of the struc- 
ture of Ta,O,; is of current interest and has been in- 
vestigated in part by Vermlyea® and Wasilewski.” 
The oxide formed was extremely adherent, resem- 
bling the general texture and color of an egg shell. 
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Fig. 5—Typical oxidation rate curves of tantalum in oxygen. 
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Fig. 6—Oxidation rate of tantalum in oxygen at various pressures 
and temperatures. 
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Fig. 7—Oxidation rate of tantalum ys O, pressure at 550°C. 


If the reaction was stopped before more than two- 
thirds of the metal was consumed, it was virtually 
impossible to remove the film from the metal sub- 
strate. This film is extremely porous, however. 
Large dye molecules penetrate the film of oxide in- 
stantly, indicating that the pores present offer virtu- 
ally no resistance to the inward diffusion of oxygen 
molecules. 

The thick films of the tantalum oxide formed 
were examined on a Phillips North American X-ray 
spectrometer with Cu Ka radiation and Ni filters. 
The d values obtained under various conditions are 
summarized in Table I. 

The results in Table I indicate that the thick oxide 
films on tantalum metal under the conditions present 
are essentially Ta,O;. The shift in the d values at 
various temperatures of film formation are sugges- 
tive of a transformation of some type in the oxide 
structure. At temperatures from 800° to 1000°C, 
however, the d values remain relatively constant. 
While further work is necessary on this oxide to es- 
tablish its crystallographic character, the observed d 
values and their shift indicate the possible correla- 
tion between the oxidation rate and the nature of the 
film formed. This is especially true at 800°C. 

The question of the solubility of oxygen in the 
tantalum lattice also must be considered. The effect 
of solubility in oxidation is essentially one of a com- 
parison of the rate of diffusion inward through the 
metal by oxygen and the rate of reaction at the 
surface by the metal atoms to form the oxide. Since 
no data are available concerning the rate of solution 
of O, in tantalum, no quantitative results can be 
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Fig. 8—Oxidation rate of tantalum ys O» pressure at 600°C. 
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Fig. 9—Oxidation rate of tantalum ys O» pressure at 625°C. 


given. However, the metal underlying the oxide at 
the end of an experiment was reasonably ductile 
and could be bent without fracturing, suggesting 
that there was a negligible amount of O, dissolved 
in the lattice. Since the oxidation rate was rapid 
under the imposed conditions, it appears likely that 
oxygen solution in the metal has a minor effect. 

In addition, it was recently shown by Seybolt and 
Sumsion” that for vanadium it was necessary to in- 
troduce O, slowly at a low pressure in order to obtain 
solution of oxygen in the metal. 


Theoretical 
Essentially, the linear oxidation of metals may be 
considered as a special case of a heterogeneous, gas- 
solid reaction, since the metal oxide film is porous to 


Table |. Comparison of Interplanar Spacings of the Oxide Films Formed on Tantalum Metal 


General 
Electric d Values, Cu Kz Radiation, Ni Filter; Temperature of Oxidation of Ta in O2in °C 
Research 
Laboratory? 500 605 700 840 940 1000 Ignited 
3.882** 3.850* 3.867* 3.867* 3.883* 3.883* 3.74** 
3.149** 3.143** 3.153* 
3.092* 3.099 3.34* 
2.449** 2.436* 2.442* 2.442* 2.448* 2.44* 
2.420* 2.429* 2.027t7 2.03177 2.429 
1.939* 1.92977 1.93777 1.94177 1.94177 1.9417 
1.829* 1.821* 1.827* 1.831* 1.831 
1.793* 1.791* 1.797* 
1.654** 1.642+ 1.647; 1.642; 1.6537 1.6557 1.6537 1.653* 
1.644*7+ 1.6317 
1.628* 1.60+ 
1.573* 1.57347 1.5787 1.49} 
1.544*7+ 
1.474++ 
1.459* 1.455 
1,438++ 
* Medium ** Strong + Weak ti Very Weak 
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Fig. 10—Oxidation rate of tantalum ys O» pressure at 655°C. 
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Fig. 11—Oxidation rate of tantalum ys O2 pressure at 675°C. 
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Fig. 12—Oxidation rate of tantalum ys O» pressure at 700°C. 


the reacting gas species. The generalized mechan- 
ism for such a surface reaction involves the follow- 
ing consecutive steps: 1—diffusion of gas molecule 
to the surface, 2—adsorption of gas on the surface, 
3—reaction on the surface, 4—desorption of the 
products, and 5—diffusion of the products away 
from the reacting surface. 

Because of the unusually high activation energies 
often associated with linear oxidation, steps 3 and 4, 
which are generally inseparable kinetically, seem 
the most likely slow steps involved in the reaction. 
The essential difference, then, in linear oxidation 
and the generalized mechanism for heterogeneous 
surface reactions is the fact that the surface reacts 
with the adsorbed gas and subsequently is desorbed 
as part of the product. 
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Fig. 13—Oxidation rate of tantalum ys O» pressure at 1502¢ 


The general form of the linear equation in terms 
of the weight gained, w = kt, is inadequate to ac- 
count for the effect of pressure at constant tempera- 
ture, since k actually is dependent on the oxygen 
concentration. The linear equation, then, may be re- 


written 


The question then becomes one of determining the 
nature of the term f(Co.), a function of the oxygen 
concentration. 

The temperature dependence of the oxidation rate 
usually is expressed in terms of the Arrhenius equa- 
tion or by Eyring absolute reaction-rate equation. 
Using the Arrhenius equation, 


Vii [2] 


where V is the experimental rate, A the action con- 
stant, E the activation energy, and R and T have the 
usual significance, a plot of the logarithm of the rate 
vs 1/T should yield a straight line. In Fig. 14, the 
data are plotted in accordance with Eq. 2. As can be 
seen immediately, the pressure dependence of the 
reaction of tantalum with oxygen does not allow the 
application of Eq. 2. 

Using the Eyring absolute reaction-rate theory,”* 
the general form necessary in terms of the specific 
rate constant, k’, will be 


V = fF (Coz) k’ [3] 


where V is the total reaction rate. Assuming f’ (Coz) 
is related to the concentration of the reacting species 
involved, Eq. 3 becomes 


V => 


e-Ant/rr eAst/r [4] 
where 7,C; represents the effective concentration of 
the reacting species at the site of the reaction, and 


the x 


eAst/x is the specific rate constant 


as given by Eyring.* 

In the present investigation, it was found that the 
rate vs pressure curves at constant temperature 
shown in Figs. 7 to 13 could be fitted almost exactly 
with a Langmuir-type I adsorption isotherm. Using 
the adsorption isotherm, Eq. 1 becomes 


w=k’" 6t, [5] 
and Eq. 4 


ke 6 K e-Aut/rr eAst/r [6] 


where @ is the fraction of the available surface sites 
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kT 


covered by adsorbed oxygen and k, is a proportion- 
ality constant with the dimensions of ML~ and in- 
cludes the correction factor for the true surface area 
involved in the oxidation reaction. Hence z ;C; = k,0. 

The expression for @ is obtained by considering the 
following equilibrium reaction between an adsorp- 
tion site S, and O, in the gas phase 


Sa + O. = Sa — Os cas). [7] 

The fraction of sites covered, @, is proportional to 

Sa — Oscas) and the fraction of bare sites, 1 — 8, 
to S,. The equilibrium constant for Eq. 7 is then 

hes = = [8] 


where Co, is the effective concentration of O, in the 
gas phase and AF, is the free energy of adsorption of 
oxygen on the surface. Solving Eq. 8 for 6, the fol- 
lowing is obtained 


kiCo. 


= 9 
1 + kiCo, | 


Substituting Eq. 9 in Eq. 6, gives 
kiCo, kT 
kK 


1+ kiCo, h 
Consideration of this treatment indicates that O, is 
adsorbed at the site of reaction in molecular form, as 
indicated in Eq. 7. 
Table II gives the values of the equilibrium con- 
stant, k,, obtained from the various rate vs pressure 


curves at constant temperature. The assumption is 
kT 


h 

e Aut/rr eAst/e remains constant. Hence the value of 
k, can be obtained by the simultaneous evaluation of 
two experimental points at constant temperature 
using the appropriate concentrations of oxygen. Fig. 
15 is a plot of log k, vs reciprocal temperature. From 
this plot the heat of adsorption, AH,, of O. on tanta- 
lum was found to be 27.35 kcal per mol of oxygen 
with an entropy of adsorption AS, = —26.1 E.U. The 
value obtained for the heat of adsorption is consis- 
tent with the usual values obtained for the chemi- 
sorption of gases on solids. The large negative en- 
tropy would be expected in a reaction involving the 
transition from a disordered gas phase to a relatively 
ordered adsorbed phase on the surface. 


eAut/er eAst/r. [ 10] 


made that at any given temperature k, x 
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Fig. 14—Arrhenius plot of the experimental oxidation rates of 
tantalum in oxygen. 
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Table Il. Calculated Values of ki from Eq. 10 


108 

Tempera- Tempera- ki, Ad- 
ture, °K ture, °C sorption TK log ky 
823 550 169 1,213 2.228 
873 600 80.1 1.145 1.904 
898 625 59.7 1.111 1.776 
928 655 28.7 1.078 1.458 
948 675 25.38 1.054 1.402 
973 700 14.3 1.028 1.155 
1023 750 8.0 0.978 0.905 


In Eq. 10 the usual assumption is made that the 
transmission coefficient, x, is unity. From the der- 
ived equation it is evident that a plot of the 


kT 
1+ k,Co, h 


log | 


vs 1/T should yield linear plots. Fig. 16 shows such 
a plot. It should be emphasized that the extreme 
spread of experimental values on the Arrhenius 
plot in Fig. 14, where surface concentration of O, 
was neglected, has been eliminated in Fig. 16. All 
the experimental points now fall reasonably well 
along two straight lines. 

The heat of activation, AH?, as determined from 
Fig. 16 in the temperature region from 500° to 
600°C is 64.4 kcal per mol. In the temperature range 
of 600° to 800°C, AH? is approximately 29.5 kcal per 
mol. At temperatures above 800°C, AH? is some- 
what uncertain because of the extreme rapidity of 
rate of reaction and the experimental difficulties 
involved. 

The reason for the break in AH? is quite obscure 
and intriguing. Numerous attempts were made to 
devise a mechanism by which all experimental data 
may be obtained on one straight line. These were 
completely unsuccessful. 

One possible explanation that has been advanced 
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Fig. 15—Relationship between equilibrium constant of adsorp- 
tion and temperature. 
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Fig. 16—Total absolute rate of reaction of tantalum in oxy- 
gen ys reciprocal temperature. 


is that a transition occurs in the activated complex 
of the rate-determining step prior, temperature- 
wise, to a transition in the ground state. There is 
some evidence from X-ray diffraction data on the 
oxide films present on the metal which suggests a 
transition in the oxide near 800°C. Further work on 
this is now in progress. 

Due to the extremely rapid rate of oxidation 
above 800°C and the resulting experimental diffi- 
culties, the data obtained above this temperature 
are not considered reliable, and no attempt has been 
made to obtain any theoretical correlations in this 
region. As a result, it should be emphasized that 
Eq. 10 is meant to explain the experimental data 
only in the region from 500° to 800°C. 

As was mentioned previously, Fig. 4 shows de- 
viations from linearity at short times. Two explana- 
tions of this may be considered, that the deviation 
represents: 1—the time necessary for the initial 
adsorption process to reach equilibrium, or 2—the 
period of nucleation and subsequent growth of a 
macroscopic oxide phase that may be essential in 
the transfer involved in the desorption of the re- 
action products from the metal surface. 

It should be mentioned that the rather unusual 
pressure dependence displayed by tantalum during 
oxidation is not unique. Investigations in progress 
in this laboratory on molybdenum and columbium 
indicate a very similar behavior. 


Summary 

In conclusion, the facts concerning the oxidation 
behavior of tantalum in oxygen from 500° to 1000°C 
at pressures ranging from 10 mm Hg to 40.6 atm 
total oxygen pressure are as follows: 

1—Tantalum oxidizes linearly at all temperatures 
and pressures investigated. 

2—An unusual pressure dependence of the oxida- 
tion rate of this metal has been discovered. The- 
oretical considerations indicate that an equilibrium 
adsorption process occurs prior to the rate deter- 
mining step of linear oxidation for tantalum. 

3—The ultimate end product is thought to be 
Ta,O; as determined from X-ray data. 

4—Two equations of the following form have 
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been found to satisfy the experimental data from 
500° to 800°C 


kiCoz 
+ kiCoz 


where AH? has the value of 64.4 kcal per mol from 
500° to 600°C and 29.5 kcal per mol from 600° to 
800C°. 

5—Significantly, to the authors’ knowledge, this 
is the first time that an adsorption process has been 
shown experimentally to occur during linear oxida- 
tion. While it is not the intent of this paper to pro- 
pose a general theory for linear oxidation, the dis- 
covery of the effect of pressure on tantalum is sug- 
gestive of a mechanism for linear oxidation involv- 
ing an equilibrium adsorption of the reactant prior 
to the formation of the oxide film. The slow step, 
kinetically, possibly may be the reaction on the 
surface and/or the desorption of the reaction prod- 
uct (i.e., step 3 and/or 4). 


( e Ast/r 
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Coefficients of Thermal Expansion for Zirconium 


by R. B. Russell 


The expansion coefficients of hexagonal (a) zirconium have been calculated from 
the lattice parameters of both low and high hafnium alloys in the range 0° to 600°C. 
It is found that the coefficients are straight-line functions of the temperature and 
that the effect of hafnium is to depress the mean coefficients by about 1 pct at room 
temperature and 9 pct at 600°C. The cubic (8) form was stabilized so that its co- 
efficient could be determined from 400° to 900°C. 


of thermal expansion for hexa- 
gonal-close-packed (a) zirconium were deter- 
mined up to 600°C (1112°F), without any inter- 
ference from the effects of preferred orientation, by 
measurement of the lattice parameters obtained from 
asymmetrical back-reflection focusing X-ray camera. 
This paper combines the results for a 1.2 atomic pct 
hafnium alloy from an earlier report’ with those for 
hafnium-free zirconium. 

The problem confronting the investigator is essen- 
tially that of getting sharp, high-angle diffraction 
lines which represent the material at a known con- 
stant temperature and chemical composition. In order 
to do this, it was necessary to use the proper X-ray 
emission wave length (Co K was chosen) and to 
have a fine-grained metal whose atomic spacings 
would be free from effects of cold work (the speci- 
men was annealed) and to prevent a changing com- 
position owing to gas absorption during the heating 
of the metal to temperature (the sample was heated 
in a vacuum). 

A summary of the effect of temperature on prop- 
erties is listed in Table I which gives data for ord- 
inary zirconium, as well as new values for the low 
hafnium metal. 

The coefficients of the linear thermal expansion 
that have been reported are given in Table II. The 
discrepancies shown may be explained perhaps by 
the effect of preferred orientation, and McGeary and 
Lustman? have done this successfully for sheet metal. 
The differences in texture cannot explain all the 
differences in expansion coefficient shown in Table 
II. Results by the author agree most closely with 
those of Kroll.* 

Chemical analysis of the high hafnium metal pre- 
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viously reported’ showed that it was 98.22 atomic 
pet (97.40 wt pct) pure. The low hafnium metal was 
dehydrogenated Westinghouse crystal bar, designated 
SMZ-137A. Its analysis was as given in Table III 
(chemical analyses 5377, 5431, and 5432). 


Table |. Effect of Temperature on the Properties of Zirconium. Room 
Temperature (20°C) Properties for the Low and High Hf Zirconium 


<0.01 2.4 
Wt Pct Wt Pct 
Hf* Hf* 
Expansion Coefficients: 
True instantaneous linear 
(ac) || to c-axis 6.39x10-6 6.09x10-6 
d per °C per °C 
(aa) to | to c-axis 5.64x10-6 5.69x10-6 
per °C per °C 
True linear for haphazard 
orientation (a) 5.89 x10-6 5,82x10-6 
as per °C per °C 
True volume (av = 3a) 17.68x10-6 17.47x10-8 
per °C per °C 
X-ray density (p) 6.490 grams 6.566 grams 
per cucm per cucm 
Molecular volume 14.02 cucm 14.01 cucm 
Lattice parameters (c) 5.147564 5.14551A 
(a) 3.23115A 3.23078A 
Axial ratio (c/a) 1.59310 1.59265 


* A least-squares reduction of the data for the two materials 
gave between 0° and 600°C (32° and 1112°F): 


<0.01 Wt Pct Hf 2.4 Wt Pct HE 


c = 5.14105 + 1.1532x10-5T 5.13909 + 1.2470x10>T 


+ 3.6416x10-8T2 + 3.2209x10-8T2 

a@ = 3.22612 + 1.6072x10>T 3.22554 + 1.7337x10>5T 
+ 3.6940x10-9T2 + 1.7631x10-°T? 

de 

ae =— — = (6.106 + 0.01398t) (5.844 + 0.01237t) 
c aT x10-6 per °C 
x10-6 per °C 
1 da 

Qa =— — = (5.599 + 0.002241t) (5.665 + 0.001053t) 
a dT x10-8 per °C 
x10¢ per °C 


where T is in degrees Kelvin and t in degrees centigrade. Isotropic 
point is 236.4°K (—36.8°C) where ac = aa = 5.592x10-* per °C. 
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Sample Preparation 

Since zirconium is a well known getter, it was de- 
cided to use foil rather than powder. Actually only 
the top 0.001 in. of the foil will do the diffracting 
with Co K x-radiation used, so that massive block 
samples were unnecessary. Results reported for the 
high hafnium metal were also obtained from a foil. 

The crystal bar was machined to 0.471 in. diam, 
dehydrogenated at 1400°C for 1 hr in vacuum (10° 
mm Hg), swaged to 0.189 in. diam, chemical analysis 
taken, and then rolled to 0.012 in. thick sheet. The 
sheet was cut into strips about 1x0.4 in. (25x10 mm). 
It was found that the best roughening (to reduce 
preferred orientation) was by prick-punching each 
sample with a Burgess “Vibro-Tool” before anneal- 
ing the cut sample (see Fig. 1). These cold-worked 
samples were then etched in 20 pct aqueous HF 
solution to remove surface contamination, and then 
annealed in packets (made by wrapping the samples 
in tantalum foil) in quartz tubes sealed off at a 
pressure of 5x10° mm Hg. After the anneal, a sample 
was given a final etch in HF solution, and spot- 
welded to three thermocouple junctions. Making a 
diffraction photogram of unoscillated specimens 


Table II. Mean Linear Coefficient (a) of Thermal Expansion for 
Hexagonal Zirconium as Reported by Several Investigators 


Tem- 
pera- 
ture 
Range, ax106 
°C per °C Condition Source 
Room 6.3 Drawn wire deBoer” (1930) 
0 to 100 10.4* Foil (X-ray) Shinoda® (1934) 
20 to 750 7.24 Rod Kroll (1939) 
0 to —20 5.83 Rod Erfling?! (1939) 
0 to —20 4.56 Rod Erflings (1942) 
to 5.90 
100 to 600 4.7 — Alnutt and 
Scheer’? (1945) 
20 to 600 4.96 — : Raynor (1947) 
25 to 300 6.44 Foil (1.5 pet Hf) 
(X-ray) Mechlin? (1951) 
25 to 700 7.50 Foil (2.4 pet Hf) 
(X-ray) Russellt (1951) 
25 to 200 5.040. Rod (Hf-free) Aden- 
stedt34 (1952) 
25 to 200 5:8** Rod (Hf-free) Adenstedt 
(X-ray) and Brockle- 
hurst® (1952) 
25 to 870 T2tt Wire (2 pct Hf) Skinner 
(X-ray) and Johns- 
tonl7 (1953) 
25 to 700 8.03t Foil (Hf-free) This paper 
(X-ray) 
25 5.92tt Foil (Hf-free) This paper 
(X-ray) 


*Shinoda: aa = 14.3x10-8 per °C and ac = 2.5x10-6 per °C. 
+ Mechlin: aa = 4.5x10-8 per °C and ac = 10.3x10-* per °C. 
** Adenstedt and Brocklehurst: aa = 4.7x10- per °C and ac = 
7.9x10-6 per °C. 
+i Skinner and Johnston: aa = 5.5x10-6 per °C and ac = 10.8x10-8 
perc: 
Author: aa 


6.43x10-6 per °C and ac = 11.23x10-6 per °C. 
tt Author: aa 


5.65x10-6 per °C and ac = 6.46x10-6 per °C. 


Fig. 1—A typical sample of zirconium sheet with a prick-punch 
surface to reduce the effects of preferred orientation. X5. Area 
reduced approximately 65 pct for reproduction. 
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Fig. 2—The zircon- 
ium sample with | 
spot-welded No. 28 | 
thermocouples in 
place. X2. 


showed that an anneal at 500°C gave both the high- 
est contrast lines and the greatest number of dif- 
fraction spots. 
Apparatus 

The apparatus consisted of a 9 in. diam water- 
cooled, evacuated copper tank, which held a 5 in. 
(127 mm) diam symmetrical back-reflection focus- 
ing camera, a magnesia-packed, alundum-core, 
platinum-wound resistance furnace and a stainless- 
steel sample holder. This same equipment had been 
used by Gordon‘ except for a few changes’ which 
include sample oscillation to overcome the effects of 
coarse grains. 

Experimental Procedure 

The furnace was heated slowly enough to prevent 
the pressure from exceeding 40x10° mm Hg. By the 
time the temperature had leveled off to the desired 
one, the pressure would have fallen to about 2x10° 
mm Hg. The specimen was exposed for three hours 


‘to unfiltered Co K radiation at 35 kv, 10 ma from a 


Machlett-type A-2 diffraction tube on a Picker 
diffraction unit, while the whole tank-camera- 
furnace assembly was oscillated in the X-ray beam. 

The temperature was measured with a thermo- 
couple prepared from calibrated B. and S. No. 28 
chromel-P alumel wire; these couples were spot 
welded to the sample in three places (see Fig. 2). 


Table III. Analysis of Low Hafnium Metal 


Impurities* 

Element Wt Pct Atomic Pct Element Atomic Pct 

re) 0.013 0.0728 el 53 

N 0.0005 0.0033 fe) 20 

6 0.026 0.1969 Fe 11 

Al 0.0035 0.0118 Al 3 

Ca 0.0004 0.0009 N 1 

Cr 0.0015 0.0026 Hf 

Cu 0.0007 0.0010 Other 11 

Fe 0.0250 0.0408 

Mg <0.0001 <0.0004 

Mn 0.0001 0.0002 

Mo <0.001 <0.0009 

Ni 0.0015 0.0024 

Pb 0.0002 0.00009 

Si 0.0015 0.0048 

Sn 0.0015 0.0015 

Ti 0.0025 0.0047 

Vv <0.01 <0.0182 

He <0.01 <0.0051 

Zr (diff.) 99.905 99.63** 


* Note: Of the total of 0.368 atomic i iti i 
pet impurities, 
amounts were those given in the last column. > Ce 
Equivalent atomic weight 90.97 for X-ray density calculations. 
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Table IV. Lattice Parameters,* Axial Ratio, Distance of Closest Approach, Volume per Atom, and X-ray Density 
of Zirconium Containing Small and Large Amounts of Hafnium. See Figs. 3 through 6 


Zr with <0.005 Atomic Pct Hf (Mean Atomic Wt 90.97) 


Density, 
Tempera- Volume per Grams per 
ture, °C c (A) a(A) = de c/a d; (A) Atom (A3) Cu Cm 
10.0 5.14741 3.23114 1.59306 3.17869 23.2703 6.4904 
17.2 5.14733 3.23104 1.59309 3.17862 23.2684 6.4909 
17.5 5.14807 3.23144 1.59312 3.17906 23.2776 6.4884 
19.0 5.14831 3.23178 1.59303 3.17927 23.2836 6.4867 
20.0** 5.14756** 3.23115** 1.59310** 3.17879** 23.2719** 6.4900** 
25.0** 5.14773* * 3.23124** 1.59311** 3.17885** 23.2731** 6.4896** 
97.4 5.14970 3.23199 1.59336 3.17990 23.2928 6.4842 
144.4 5.15291 3.23371 1.59350 3.18178 23.3322 6.4732 
185.5 5.15377 3.23405 1.59359 3.18225 23.3410 6.4708 
255.7 5.15669 3.23494 1.59406 3.18373 23.3671 6.4635 
326.0 5.15955 3.23653 1.59416 3.18542 23.4030 6.4536 
377.9 5.16372 3.23783 1.59481 3.18756 23.4408 6.4432 
421.9 5.16588 3.23917 1.59482 3.18888 23.4699 6.4352 
470.2 5.16856 3.24018 1.59514 3.19031 23.4967 6.4279 
504.5 5.17118 3.24077 1.59566 3.19157 23.5173 6.4222 
523.7 5.17144 3.23966 1.59629 3.19130 23.5023 6.4264 
563.7 5.17712 3.24443 1.59570 3.19522 23.5974 6.4005 
579.0 5.18071 3.24239 1.59781 3.19598 23.5841 6.4041 
600.0** 5.17889** 3.24297** 1.59696** 3.19544** 23.5843 ** 6.4041** 
700.0** 5.18676** 3.24526* * 1.59826** 3.19941** 23.6535 * * 6.3851** 
ce = 5.14105 + 1.1532x10-5T + 3.6416x10-ST2 Ac = +0.00134A 
a = 3.22612 + 1.6072x10-5T + 3.6940x10-%T? Aa = +£0.00086A 
Zr with 1.2 Atomic Pct Hf (Mean Atomic Wt 91.98) 
Density, 
Tempera- Volume per Grams per 
ture, °C c (A) c/a (A) Atom (A%) Cu Cm 
8.0 5.14494 3.23054 1.59259 3.17748 23.2504 6.568 
20.0** 5.14551** 3.23078** 1.59265** 3.17780** 23.2565** 6.566** 
23.5 5.14559 3.23102 1.59256 3.17791 23.2603 6.565 
25.058 5.14567** 3.23087** 1.59266** 3.17789* * 23.2585** 6.565** 
25.0 5.14680 3.23098 1.59295 3.17839 23.2652 6.564 
25.9 5.14627 3.23056 1.59300 3.17803 23.2567 6.566 
26.1 5.14636 3.23085 1.59288 3.17816 23.2613 6.565 
26.1 5.14491 3.23169 1.59202 3.17786 23.2669 6.563 
26.3 5.14516 3.23110 1.59239 3.17776 23.2595 6.565 
59.0 5.14621 3.23104 1.59274 3.17817 23.2634 6.564 
90.0 5.14767 3.23165 1.59289 3.17896 23.2788 6.560 
126.0 5.14924 3.23223 1.59309 3.17980 23.2942 6.555 
189.5 6.15121 3.23377 1.59294 3.18112 23.3253 6.547 
231.8 5.15419 3.23510 1.59321 3.18128 23.3580 6.538 
280.4 5.15522 3.23567 1.59325 3.18338 23.3709 6.534 
321.0 5.15885 3.23693 1.59375 3.18528 23.4056 6.524 
337.2 5.15747 3.23678 1.59340 3.18467 23.3972 6.526 
364.3 5.16031 3.23700 1.59416 3.18589 23.4132 6.522 
381.8 5.16144 3.23756 1.59424 3.18654 23.4265 6.518 
408.5 5.16241 3.23852 1.59406 3.18726 23.4448 6.513 
456.6 5.16583 3.23920 1.59479 3.18887 23.4702 6.506 
503.8 5.16826 3.24000 1.59514 3.19013 23.4928 6.500 
517.5 5.16939 3.24034 1.59532 3.19070 23.5029 6.497 
582.8 5.17285 3.24153 1.59581 3.19251 23.5359 6.488 
600.0** 5.17453 ** 3.24202** 1.59608** 3.19335** 23.5506* * 6.484** 
700.0** 5.18173** 3.24408** 1.59729** 3.19697** 23.6134** 6.467** 
ce = 5.13909 + 1.2470x10-T + 3.2209x10-$T2 Ac = +0.00064A 
a = 3.22554 + 1.7337x10-5T + 1.763 x10-°T2 Aa = +0.00033A 


* In calculating lattice parameters, no refraction correction was made, and the Bragg® wave length for Co K radiation was used. 


** Calculated. 


Temperatures over the area on the sample exposed 
to X-rays (a path during furnace oscillation of about 
5/16 in.) were found to be constant to +242°C. 


Calculation of Results 


The wave lengths for cobalt were taken to be: 
Co Ka, 1.78890A; Co Ka, 1.79279A; and Co K&, 
1.62073A. The controversial’ refraction correction 
for polycrystalline or powder material was not made. 

Lattice parameters were calculated by Cohen’s 
method,’ and an expression of the form 


+ cT [1] 


where «x is the lattice parameter at temperature T, 
and a, b, and c are constants, was found by the 
method of least squares, using known values of x 


5 
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and T to determine a, b, and c. The root mean-square 
deviation of x, Ax, was determined from the expres- 
sion 

4 


and found to show an average of around 5x10“*A. 
This was assumed to be justification for the empirical 
validity of Eq. 1, but as Nelson and Riley* (who 
found a similar expression for the c lattice parameter 
in graphite) have pointed out, this is probably un- 
warranted. Even so, for convenience, Eq. 1 was used 
to calculate expansion coefficients. 

Interatomic distances of two kinds, six atoms at 
d, and six at the distance of closest approach, d,, are 


Ax = 
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Zr (1.2 at % Hf) 
c= 5.13909 + 1.2470 X 10 °T + 3.2209 10° 
5174 0= 3.22554 + 1.7337 10°T + 1.763 x 109 
Zr(<.005 ot % Hf) 
5.172 ¢=5.14105 + 1.1532 X10°° T + 3.6416 X10 
0=3,22612 +1,.6072 X10 ° T + 3,694 x 10° T 
5170 WHERE TIS IN DEG K AND c,a ARE 
IN CM UNITS 


2 


+ 5.168 4 
P5166 
5 
F5.164 4 
oO 
o 4 
5.162% 
5.160 2 3.248- 
o 
3.2464 
= 
5.156 & 3,24 
a 
+5.154 3,242 


-600 3.230 


3,240- 
3,238 4 
5.148 3.236 4 
X—Zr (1.2 at 
5.146b © —Low Hf Zr 3.234 
TEMPERATURE °C 
F5.142 100 200 300 400 500 
1 L 1 i 


Fig. 3—Lattice parameters of hexagonal Zr with <0.005 atomic 
pet Hf and 1.2 atomic pct Hf vs temperature. 


Table V. Instantaneous Coefficients of Thermal Expansion of 
Zirconium (see Fig. 7), in 10°° per °C Units 
Tem- 
eee <0.005 Atomic Pct Hf 1.2 Atomic Pct Hf 
ure, 
°C Qa* av* Qe* aa* 


20 6.389 5.644 5.893 17.68 6.094 5.686 5.822 17.46 
25 6.459 5.656 5.924 17.77 6.154 5.691 5.845 17.53 
50 6.812 5.712 6.079 18.24 6.468 5.718 5.968 17.90 
100 7.517 5.825 6.389 19.17 7.091 5.771 6.211 18.63 
150 8.220 5.937 6.698 20.09 7.714 5.824 6.454 19.36 
200 8.923 6.050 7.007 21.02 8.336 5.876 6.696 20.09 
250 9.625 6.162 7.316 21.95 8.958 5.929 6.939 20.82 
300 10.32 6.274 17.625 22.87 9.578 5.982 7.181 21.54 


0 
(650) (15.20 7.056 9.771 


29.31) 
(700) (15.89 7.168 10,07 30.22) (14.50 6.402 9.103 27.31) 
Lae 1 da 
* Where ac = — — (|| c-axis, linear), aa = — — (| c-axis, lin- 
aT 
ear), @ = (2aa + ac) /3 (mean linear), and a» = 3a (volume). 


found from the relations 
3 4 
in hexagonal-close-packing and are listed in Table 


X-ray density, p, is given by Bragg’ as 


p = 1.66020 ———— 
V 


where A is the total atomic weight of the unit 
cell, and V is the volume (V = \/3a?c/2 for hexa- 
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3.245 ° 


CM UNITS 


+ 3.240 


IN 10° 


3.195 
CLOSEST APPROACH 


2a 


IN CM UNITS 


—Zr (12 at. Y% Hf) 
O—Low Hf Zr 


TEMPERATURE °C 
100 200 300 #00 500 600 
1 1 1 


Fig. 4—Interatomic distances in hexagonal Zr with <0.005 atomic 
pct Hf and 1.2 atomic pct Hf ys temperature. 
gonal-close-packing) of the unit cell in cubic 
Angstrom units (10™ cu cm), Table IV. 

The calculation of the coefficients of linear thermal 
expansion was not attempted graphically but Eq. 1 
was differentiated to give 

b + 2cT 


27 — 2. 
[2] 


for each temperature. For haphazard orientation of 
crystallites in a polycrystalline massive metal, the 
true coefficient of linear thermal expansion is 


+ Oe 
3 


and the volume expansion is 3a (Table V). For a 
single crystal the resultant coefficient is a function 
of the polar angle ¢, the angle between the (0001) 
pole and the direction in question. This relation is’ 
(Table VI) 


= + (a, — ag) COS*S. 


Discussion of Results 

Results for both high and low hafnium zirconium 
are presented in Tables IV through VI; Figs. 3 
through 8 show the data graphically. 

Temperature Limitation: A temperature limita- 
tion of about 600°C (1112°F) for zirconium was due 
primarily to increasing line spottiness (recrystalliza- 
tion and grain growth), and a reduction of line con- 
trast (temperature effect), so that the number of 
measureable lines was lowered. The use of un- 
annealed specimens for high-temperature runs did 
not seem to improve the results. In zirconium alloys, 
any tendency to inhibit grain growth during X-ray 
exposure would make possible the examination of 
zirconium at much higher temperatures. In a series 
of similar experiments using uranium as the alloy- 


TRANSACTIONS AIME: 


+ 5.180 
| 
5.178 
fo) 
© 
z 
=) 
| © 
fe} =o 
= 2 
3,235 
3.200 
So 
x 
3.185 
3.180 
0 6.106 5.599 _5.768 17.30 5.844 5.665 5.725 17.17 
350 11.02 6.386 7.933 23.80 10.20 6.034 7.422 22-20 = 
400 alee) 6.498 8.240 24.72 10.82 6.087 7.663 22.99 a 
450 12.42 6.610 8.548 25.64 11.43 6.140 7.904 23.71 
500 13.12 6.722 8.854 26.56 12.05 6.192 8.145 24.43 a 
550 13.81 6.833 9.160 27.48 12.67 6.245 8.385 25.16 
— 28.40 13.28 6.297 8.625 25.87 


Table VI. Resultant Linear Coefficient of Thermal Expansion as a 
Function* of Polar Angle ¢ and Temperature for Zirconium with 
Less than 0.005 Atomic Pct Hf (see Fig. 8), in 10° per °C Units 


Tem- 
pera- Polar Angle 
ture, 
°C 0 10 20 30 40 50 60 70 80 90 
0 6.11 6.09 6.05 5.98 5.90 5.81 5.73 5.66 -5.61 5.60 
25 6.46 6.44 6.37 6.26 6.13 5.99 5.86 5.75 5:68 5.66 
100 7.52 7.47 7.32 7.09 6.82 6.52 6.25 6.02 5.88 5.82 
200 8.92 8.84 8.59. 8.20 7.74 7.24 6.77 6.39 6.14 6.05 
300 10.32 10.20 9.85 9.31 8.65 7.95 7.29 6.75 6.40 6.27 
400 10142 9.57 8.66 7.80 7.11 6.66 6.50 
500 13.12) 12:93 12.37 11.52 10.48 9.36 8.32 7.47 6.91 6.72 
600 14.51 14.28 13.62 12.62 11.38 10.07 8.84 17.83 7.17 6.95 


a¢ = aa + (Ae — aa) 


ing element, lattice parameters of zirconium were 
measureable up to around 900°C (1652°F). These 
will be described later. 

Absorption of Oxygen and Nitrogen: Beyond ob- 
vious precautions like etching and degreasing the 
metal surface and securing the best possible vacuum, 
there is no way of eliminating absorbed gases in the 
top 0.001 in. diffracting surface; neither is there any 
easy way of determining the amount of absorbed 
gases present. Gross increases in oxygen in a heated 
sample are scant indications of the oxygen concen- 
trations that may be reached in the skin of this re- 
active metal. The appearance of zirconium after 
exposure to high temperature is also deceiving, since 
the sample will scavenge itself especially over 400°C 

A check on oxidation at high temperatures may 
be made by rerunning samples already exposed at 
these temperatures and comparing them with fresh 
samples. This has been done, and no significant dif- 
ferences were found; moreover, it has been shown 


F1.598 


1.597 


AXIAL RATIO 


© <.005 at. % Hf 
x L2 at % Hf 


7% TEMPERATURE °C 
100 200 300 400 500 600 
1 1 ik 


Fig. 5—Axial ratios (c/a) for hexagonal Zr with <0.005 atomic 
pct Hf and 1.2 atomic pct Hf ys temperature. 
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Table VII. Properties of the Hexagonal-close-packed Form at 25°C 


Hafnium Zirconium 

Lattice Parameters: 

@ 5.0510A 5.1477A 

dz=a 3.1946A 3.2312A 

c/a 1.5811 1.5931 
Distance of closest 

approach, (di) 3.1273A 3.1788A 
Volume per atom 22.320A3 23.273A3 


X-ray density (p) 
Atomic volume 


13.28 grams percucm 6.489 grams per cu cm 
13.44 cucm permol 14.02 cucm per mol 


that for a 2.4 wt pct Hf alloy, the deviations from 
the mean are fairly uniform over the whole range 
of temperatures covered, a fact not to be expected 
if the oxidizing conditions were radically different. 
From the results of Gulbransen and Andrew,” * 
Dravnieks,” and Cubiciotti,” it can be concluded that 
nitrogen absorption is not appreciable compared with 
oxygen for the conditions of this experiment. As a 
result of Treco’s" study of the effect of oxygen on 
the lattice parameters of zirconium, the author has 
reason to believe that oxygen absorption has not 
greatly affected the results. If, however, gaseous 
diffusion has spoiled the expansion curves at higher 
temperatures, then these curves may still have an 
importance, because these gases probably will be 
unavoidably retained in most industrial operations. 

Effect of Hafnium: The influence of hafnium in 
reducing the lattice parameter of zirconium has been 
shown.” This effect is apparent in the curves of Figs. 
3 through 8 which show lattice parameter, inter- 
atomic distance, axial ratio, and volume per atom. 
Hafnium as an impurity appears to reduce the co- 
efficient of thermal expansion of zirconium, e.g., de- 


pressing the mean coefficient, a, by about 1 pct at 


T 
on 
g/cm 
S 
aN 


= 
23.554 
g 
> 
HAFNIUM 
\ 23.45 


10°24 em3 UNITS 


23.35- 

= 

fo} 

~ 23.304 

Ww 

<.005 = 

ot ot % Hf = 

VOLUME PER ATOM x 
X-RAY DENSITY ° © 23254 
po TEMPERATURE °C 
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1 


Fig. 6—X-ray density and volume per atom for hexagonal Zr with 
<0.005 atomic pct Hf and 1.2 atomic pct Hf ys temperature. 
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room temperatures and 9 pct at 600°C. This effect 
is far out of proportion to a simple additive com- 
bination of zirconium and hafnium, and possibly 
indicates a definite bond between the two elements 
in solid solution. According to Childs,” the expan- 
sion coefficient should be raised, ‘‘since presumably 
the elastic moduli and the Debye temperature are 
less for the alloy than for the pure metal. Possibly 
the Griineisen constant changes so as to counteract 
the influence of these quantities.” 

Some physical properties of these two elements” 
are compared in Table VII which gives properties of 
the hexagonal-close-packed form at 25°C. The as- 
sumption by Skinner and Johnston” that hafnium 
additions to zirconium “affect both parameters... 
in the same proportion and in the ratio of their con- 
centrations and atomic radii’ probably is not justi- 
fied in the light of measurements on hafnium-free 
zirconium, a being relatively unaffected by the pres- 
ence of hafnium (see Fig. 3). 


Polymorphic Contraction in Zirconium 
In addition to hafnium-free zirconium, alloys of 
low hafnium zirconium with 2 and 4 wt pct U were 
investigated. The analyses were: 


Alloy U Hf Fe 10) N 
2 wt pet U PAI} 0.035 0.088 0.050 0.0018 
4 wt pet U 4.12 0.035 0.093 0.044 0.0022 


Figs. 9 and 10 show the lattice parameters and 
volume per atom of the a and B zirconium alloy, as 
well as those for the unalloyed zirconium. It is clear 
that the presence of the alloying element does not 
effectively change the apparent volume per atom of 
hexagonal-close-packed zirconium, at least up to 


a 
o|- 
aja 
alo 


a 


als 
a 
a 
eo 
o|— 
a 
4 


10° 


@ =(2ag+ a,)/3 


(6.106 +.01398T) X PER °c 
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Fig. 7—True linear thermal-expansion coefficients for hexagonal Zr 
with <0.005 atomic pct Hf and 1.2 atomic pct Hf vs temperature. 


1050—JOURNAL OF METALS, SEPTEMBER 1954 


about 600°C, the highest temperature reported for 
unalloyed zirconium in this experiment. Although 
no second phase was observed microscopically, it 
was fortunate* that some 6 zirconium was found by 


* Pfeills has suggested that uranium would be a powerful f° zir- 
conium stabilizer if it behaved as an hexavalent element in zirco- 
nium-rich alloys. 


X-ray to have been retained to low temperatures, 
as well as a to high, so that the relative volumes 
of each is observed. It can be seen that the well 
known dilatometric contraction that occurs when 
zirconium transforms from a to £6 is not spurious, 
as some have suggested, but has a definite cause. 

It was found that the parameter of the body- 
centered-cubic form () zirconium is a straight-line 
function of temperature from about 400°C (752°F) 
to about 900°C (1652°F). (Below 400°C the diffrac- 
tion lines in the symmetrical back-reflection focus- 
ing camera were not well resolved, and it was as- 
sumed that equilibrium had not been attained.) 
Accordingly, in this temperature range, the linear 
coefficient of thermal expansion is constant and is 
about 21.2x10° per °C. It is to be noted that for a 
2 wt pet Hf alloy, Skinner and Johnston” observed 
dilatometrically that this value is a mean of 9.7x10° 
per °C between 870° and 1327°C. This value is less 
than half of that found for the cubic zirconium in 
the uranium alloy between 400° and 900°C. 

From the graphs of lattice-parameter variation 
with temperature, the quantities and their deriva- 
tives given in Table VIII were determined for these 
uranium alloys. 


Temperature Dependence of the Expansion Coefficient 
It has been found that the expansion coefficient is 


aq + al 


7°C 
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Fig. 8—Resultant linear thermal-expansion coefficient as a function 


of polar angle 4 and temperature for hexagonal Zr with <0.005 
atomic pct Hf. 
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Fig. 9—Lattice parameters of zirconium and zirconium with 0.82 
atomic pct U and 1.62 atomic pct U ys temperature. 


a straight-line function of temperature, and there- 
fore is in agreement with Kroll.* The coefficient de- 
termined in the same manner for beryllium, another 
hexagonal-close-packed metal, becomes linear only 
over about 300°C (573°K).* The mean (20°C) co- 
efficient for zirconium is shown in Fig. 11, in which 
the results of Erfling” for low temperature with the 
data for high temperatures of the 1.2 atomic pct Hf 
alloy of the previous experiment’ are combined. The 
slope of the combined curve becomes constant at 
about 300°K; the slope of the expansion-coefficient 
curve may be due to the change of compressibility 
with temperature, as expressed in Griineisen’s rela- 
tion’ 

[3] 
where a, is the volume coefficient of thermal expan- 
sion, 8 is the isothermal compressibility, C, the heat 
capacity per mol at constant volume, and V, the 
volume per mol at zero temperature and pressure. 
The constant of proportionality, y, Griineisen found 
to be about 2 in most cases. According to Debye, the 
heat capacity increases with temperature, rapidly at 
first, but only very slowly at, and above, the charac- 
teristic temperature © of the substance. Since this 
temperature is about 935°K for beryllium but only 


Table VIII. Quantities and Derivatives Determined for the 
Uranium Alloys from the Graphs of Lattice-parameter 
Variation with Temperature 


20°C 862°C 
Lattice parameters: hexagonal-close- 
packed c 5.14756A 5.2036A 
hexagonal-close-packed 3.23115A 3.2505A 
body -centered-cubic a (3.5453A) 3.6090A 
Axial ratio 1.59310 1.6009 
Distance of closest approach: hexagonal- 
close-packed 3.17879A 3.2083A 
body-centered-cubic (3.0703A) 3.1255A 
Volume per atom: hexagonal-close- 
packed 23.2719A3 23.807A3 
body-centered-cubic (22.281 A3) 23.503 A8 
Goldschmidt contraction: * hexagonal- 
close-packed to body-centered-cubic 
(inter-atomic) (3.41 pet) 2.58 pet 
Pauling radius:; r(1) (calculated) 1.4580A 
r (1/3) (calculated) 1.6011A 
1.6041A 


r(CN6,6) (observed) — 


* The Goldschmidt contraction for a polymorphic change in a phase 
whose coordination number is 12 to one of 8 is usually around 
3 pet of the interatomic distance.” 

+ Pauling’s® equation-relating bond number n and radius r (n) pre- 
dicts the radius for closest packing, r (1/3), where the coordi- 
nation number (CN) is 12. 
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Fig. 10—Volume per atom of zirconium and zirconium with 0.82 
atomic pct U and 1.62 atomic pct U ys temperature. 


280°K for zirconium, the heat capacity, for increases 
in temperature from room temperature, is rapidly 
rising for beryllium but very slowly for zirconium, 
since this has nearly reached its maximum value. 
Accordingly, it should be expected that, at some 
point well above the characteristic temperature, the 
slope of the curve would become proportional to the 
temperature coefficient of compressibility alone, so 
that from Grineisen’s equation, Eq. 3, and dC,/dT 
= 
dp Wo da, 


dT 


From Bridgman” for the range 30° to 75°C, it is 
calculated that 


AB 11.39 — 11.29 


2.1x10~™ per atm per °C. 


From expansion data and using y = 0.886 from Eq. 
3, it is found that 


( Ade ) 13.90 
AT: 0.886 24.69 

19.17 — 17.30 


which indicates fair agreement between the relative 
effects of temperature on thermal expansion and 
temperature on compressibility, according to Grun- 
eisen’s expression. It is of interest to calculate 
Griineisen’s constant, y, by three different methods. 
Slater derives two other expressions for y, one based 
solely on experimental compressibility constants,” 
and the other relating latent heat of sublimation, 
distance between atoms, and compressibility.” 
These, compared with the original Griineisen equa- 
tion (Eq. 3), show a wide spread of values, a fact 
which will require some explaining. These values 
were calculated for room temperatures as given in 
Table IX. Erfling” suggests however that the sub- 
stitution of C, for C, in the Griineisen relation per- 
haps may counteract the change of V,./8 with tem- 
perature to give a y more in line with other ele- 
ments, but this does not improve the value for zir- 
conium. 

Perhaps a satisfactory answer to this problem has 
been given by Hume-Rothery” who has shown that 
another interpretation of Grtineisen’s work is very 
successful in predicting volume changes in silver, 
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Fig. 11—Mean linear thermal-expansion coefficient ‘Om for hex- 
agonal zirconium with 1.2 atomic pct Hf vs temperature. 
= 2a + Ome ap — 
where a, ,, = —— €. }.. 
] 
copper, aluminum, iron, magnesium, and zinc over 
a large range of temperature. In the Simon-Vohsen 
equation 
Vr—Vo Ey [4] 
We Q, — kEr 
V, and V, are the volumes at T°K and absolute 
zero, respectively, and the thermal energy Er; is 


— fy (Ge dT 


while Q, and k are constants, k = y + 2/3. Using 
y = 0.886, C, data from 14° to 298°K by Skinner 
and Johnston,” and calculated values of volume per 
atom at 273° and 298°K, V,= 23.08A*® and Q, = 
346,000 cal per mol are obtained from Eq. 4. Fur- 
ther low temperature experiments are anticipated 
in hopes of testing the validity of the Simon-Vohsen 
equation for zirconium. 

Childs® uses the Hume-Rothery classification of 
metals in a recent discussion of thermal expansion 
in anisotropic metals. While it can be said that zir- 
conium is a class I metal (having a structure in 
which each atom is surrounded by nearly equidis- 
tant neighbors, and having nearly isotropic expan- 
sion characteristics), yet, as its axial ratio increases 
toward the ideal for the closest packing of perfect 
spheres, \/8/3 = 1.63299..., the metal becomes 
more anisotropic. The extrapolated isotropic point 
is about —37°C, where the axial ratio is close to 
1.593 or 2.4 pct less than ideal. 


Acknowledgments 
The author wishes to express his thanks to Dr. 
A. R. Kaufmann for the suggestion of the problem, 
to E. B. Read for the chemical analyses, to H. P. 
Roth for photographic reproductions, and in par- 
ticular to H. F. Sawyer without whose patient as- 


Table IX. Gruneisen’s y Calculated in Three Ways 


Method Used Calculated Reference 
Thermal-expansion compressi- 
bility and heat capacity, 
Eq. 3 0.89 21 
0.69 (—200°C) 21 
0.886 if 
Heat of sublimation, interatomic 
distance, compressibility 1 
Compressibility constants 5D 25 
4.14 22,23 
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sistance the experiment would not have been com- 
pleted. Work was performed at Massachusetts In- 
stitute of Technology Metallurgical Project under 
Contract No. AT(30-1)-981 with the United States 
Atomic Energy Commission. 
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Mathematical Methods for Zone-Melting Processes 


by Howard Reiss 


The zone-melting process in which redistribution of solute in a 
solid bar is effected by the passage of a molten zone is considered 
mathematically. Simple approximate techniques are developed for 
computing the manner in which redistribution occurs as molten 
zones continue to pass. The introduction of the “zone-melting flux” 
provides valuable insight into the nature of the phenomenon, as well 
as a central mathematical theme in terms of which the process can 
be discussed. Curves are presented for typical and general cases. 


N extremely efficient purification technique was 
described recently by Pfann.* Known as zone 
refining, it consisted of the slow passage of a series 
of molten zones, produced by external heaters, 
through a long solid ingot of the substance to be 
purified. Equations were given for the maximum 
separation attainable, and a numerical computation 
method was described for obtaining the concentra- 
tion in the ingot after a given number of zone passes. 
The present paper offers an interpretation of the 
physical nature of zone melting in terms of a trans- 
port process in which formal diffusive and convec- 
tive flows occur. This interpretation, in addition to 
providing insight into the physical nature of the 
process, also provides a basis for its mathematical 
treatment. From this basis, useful equations are de- 
veloped for the solute concentration in the ingot as 
a function of the number of zone passes. These are 
applicable particularly where large numbers of 
passes are necessary and where numerical compu- 
tational methods might be laborious. 

All considerations will deal with the limiting form 
of the process, described by Pfann,’ in which: 1—Dif- 
fusion in the solid is considered negligible. 2—Mix- 
ing in the liquid is supposed, complete. 3—The dis- 
tribution coefficient, k, measuring the ratio (at equi- 
librium) of solute concentration in the solid to that 
in the liquid is supposed, independent of composi- 
tion. In general, this paper will be concerned with 
a bar of uniform (actually unit) cross section, ex- 
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tending in the x-direction from x = 0 to x = L, 
where L may be infinite. 

Zone melting is a transport process, and as such 
must admit of interpretation in terms of a flux of 
transported quantity. However, the progress of 
operation is not measured in units of time but in 
terms of the number of completed zone passes. Con- 
sequently, the zone-melting flux will be a rate, per 
unit pass, rather than per unit time. The description 
of this flux and the examination of its properties is 
given below. 


Zone-Melting Flux 
Fig. 1 represents an intermediate stage of the nth 
pass. Concentration C is plotted against distance, x. 
The molten zone with its back at the point x and 
front at x + 1 moves in the direction indicated by 
the arrow. As it moves, it leaves behind the nth 


K(x) 


x X+2 
Xx 
Fig. 1—Diagram for computing zone-melting flux. Shaded area 
represents the flux at x, i.e., the solute carried past the point x 
during the nth pass. 
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distribution of solute, described by the curve C,, and 
eats into the previous distribution, C,.. By virtue of 
the definition of k, the concentration of solute in the 
zone at x is 


C,(x)/k. [1] 


Solute can only be carried past the point «x while x 
is in the molten zone. Before the zone front reaches 
x, the amount of solute between x and x + lis simply 


[2] 


When the zone back reaches x, all the solute which 
is going to move over x during the nth pass will have 
done so. At this stage the quantity of solute be- 
tween x and x + lis just that contained in the zone, 
by Eq. 1 

C,(x) [3] 


and thus the flux, f,(x), of solute per unit pass (at 
x at the nth pass) is the difference between Eqs. 3 
and 2 


This function is well adapted for treating zone- 
melting phenomena. It provides the mathematical 
basis alluded to above. 

For normal transport processes which progress 
uniformly in time t, it is possible to develop an equa- 
tion of continuity’ based on the conservation of the 
flowing quantity. Thus if the transport by diffusion 
of a quantity whose concentration is C (x,t) is con- 
sidered, the continuity equation takes the form 


of ac 


Ox ot [5] 


where f is the flux of diffusing material. Advantage 
is gained by writing f explicitly in its dependence 
on C. Thus, if diffusion is the only means of trans- 
port and Fick’s® law applies 


f=—D— [6] 
where the constant D is the diffusion coefficient. If, 


DIFFUSION WITH D= 


veg 


X=0 x=vn 


Fig. 2—Diagram showing the consequences of convective flow as 
well as the combination of convective and diffusive flow. The 
sharp step indicates the manner in which redistribution would occur 
if only convective flow existed. The situation is shown after the 
completion of n passes. The step has been translated a distance yn 
to the right where y is the formal velocity. When diffusion is super- 
posed upon convection, the step is blunted, and the distribution after 
n passes is represented by the dotted curve. 
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in addition, the diffusion medium is drifting at the 
velocity v then 


oC 
f=—D—+vC. [7] 
Ox 
The last of these, inserted in Eq. 5, yields 
GHC: 
D — ve = — 8 
Cae ot [8] 


the partial differential equation governing the trans- 
port process. 

In this case the variable measuring the progress 
of operation does not form a continuum of values 
such as time does, but rather a discrete set, n, mark- 
ing the completion of zone passes. As a result, the 
continuity equation has the form 


fn 
Ox 


= — — Cra (a) J: [9] 


Furthermore, Eq. 4 is the counterpart of Eq. 7 and 
insertion of the former in Eq. 9 yields 


k dx 


+ = Ce 


an equation, previously obtained by Read,’ for the 

Eq. 10, applied to a bar for which L = o, is sub- 
ject at x = 0, to the boundary condition 


[11] 
since no material passes x = 0. In terms of Eq. 4 
this becomes 
k 


As the solution of Eqs. 10 and 12 for the case he 
treated, Read obtained’ 


When the bar is finite, and of length, L, 
f.(L) = 0 [14] 


must be had. Unfortunately, when x > L — l, the 
length of the molten zone is not constant, but be- 
comes L — x. The function describing the flux there- 
fore changes abruptly at x = L — I to 


and matters are no longer simple. It is recognized, 

however, that Eq. 14 is fulfilled automatically by 

Eq. 15. The solution of Eqs. 15 and 19 (valid in the 

region, L is 

(L —x)** 
(1) 


the so-called normal freezing curve.‘* 


= 0) [16] 


Cases of k Close to Unity—Passage to a Continuum 


When k is near unity (0.9 < k < 1.1), a very large 
number of passes may be required before any ap- 
preciable redistribution of solute can be effected. 
Nevertheless, the ultimate redistribution may be 
considerable, and so zone-melting processes are im- 
portant in such cases. At the same time the repeated 
solution of Eq. 10 by numerical or graphical means’ 
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‘ 
G 
a 


becomes unduly laborious, especially when the num- 
ber of passes runs into the thousands. In such in- 
stances, it is possible to replace Eq. 4 by an approxi- 
mation which is not only more tractable but which 
also furnishes satisfying insight into the basic nature 
of the transport phenomenon. 

This is achieved by noting that, for k close to 
unity, the curvature of C,(x) in x, as well as its 
second differences in n, do not become large. This 
follows from the physical meaning of k. Under such 
conditions, it is permissible to regard the set of 
numbers n as a continuum. Then the equation of 
continuity, Eq. 9 becomes 

Of eC 


=— 1 
Ox on [17] 


Furthermore, it is possible to expand C(z,n—1) in 
a Taylor series about the point x. Thus 


+ (—) (z—ax). [18] 


When Eq. 18 is substituted into the integral on the 
right of Eq. 4, the result is 


(n-1) 


For k sufficiently close to unity, very little error is 


committed by replacing C(x,n) in Eq. 19 by 
C(x,n—1). Then 
OC 
f(x, n) = 
(=k) C(x,n—1)- [20] 


For the moment, the distance from unity k will 
not be considered while Eq. 20 remains valid, but it is 
necessary simply to utilize the expression as a work- 
ing equation. More will be said later on its limits 
of validity. Comparison of Eq. 20 with Eq. 7 brings 
to light the interesting fact that the zone-melting 
flux consists of a diffusion flow with diffusion co- 
efficient, 


2 


and a convective flow with drift velocity, 
l 
v=—(1—k)- 
a ( ) [22] 


Fig. 2 illustrates the consequences of both types 
of flow. If convective flow only had to be contended 
with, then a uniform initial distribution, C,, would 
be translated in the x-direction as a sharp step at 
the velocity v = 1(1 — k)/k. This behavior is repre- 
sented in Fig. 2 by the solid curve with step at x = 
vn. Inclusion of the diffusive flow causes the sharp 
corner of the step to become blunted as material 
flows in the negative x-direction along the concen- 
tration gradient. This effect is demonstrated by the 
broken-line curve. 

Several qualitative features related to the effi- 
ciency of zone refining are treated conveniently by 
reference to the flux constants D and v. For exam- 
ple, small values of k correspond (according to Eq. 
22) to large drift velocities; v will be positive, and 
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solute will be swept out of the front end (near 
x = 0) of the bar more rapidly. Hence, small values 
of k produce large refining efficiencies. On the other 
hand, large values of 1 correspond (according to 
Eq. 21) to large diffusion coefficients. Under these 
conditions solute can diffuse back to the front of 
the bar so as to neutralize the effects of small values 
of k. Hence, long molten zones reduce refining effi- 
ciencies. 

Values of k greater than unity produce negative 
drift velocities, but diffusion still opposes the con- 
vective flow. 

In a finite bar of length, L, there can be no flow 
through the ends. In the case of positive v (k < 1), 
solute is removed in the neighborhood of x« = 0, and 
piled up near x = L. Eventually a steady state is 
reached in which diffusion just balances convection, 
and the total flux is zero. In the matter of boundary 
conditions, the one at x = 0 can be expressed, sim- 
ply, by asserting that f(0, n) given by Eq. 20 shall 
be zero. This agrees with Eq. 11. The boundary 
condition at x = L is less simple, for beyond x = 
L — I the flux must be expressed by 


(L—x) (1—k) 


23 

k n-1) J 
a relation which derives from Eq. 15 in the same 
manner that Eq. 20 derives from Eq. 4. The flux 
still is composed of diffusive and convective com- 
ponents, but both the diffusion coefficient 


L— x)’ 
[24] 
2, 
and the drift velocity 
(L—x)(1—k) 
v= 


k 


[25 ] 


are functions of x. Since these coefficients both pass 
to zero as x goes to L, so does the flux. The last zone 
length of the bar, therefore, represents a region of 
increasingly high resistance (both flux coefficients 
become smaller) behaving somewhat like a diffi- 
cultly permeable membrane, becoming completely 
impermeable at x = L. This situation will be ideal- 
ized by assuming that D and v are given (in the 
last zone) not by Eqs. 24 and 25 but by Eqs. 21 and 
22 until x = L. To account for the impermeable 
membrane at x = L, it is necessary, then, that 
f(L, given by Eq. 4 shall be zero. 


Semi-Infinite Bar with k Close to Unity 
Substitution of Eq. 20 into Eq. 17 yields* 


*It is instructive to derive Eq. 26 in another, less physical, man- 
ner. The right hand term of Read’s Eq. 10 can be expanded in a 
Taylor series about the point (x,n) 


ac dC 
Ox 7 on zn 2 rn 


ox? 


Here the series has been broken off among the quadratic terms; in 
fact, only one of the three possible quadratic terms has been re- 
tained. The justification for this rather arbitrary procedure is 
based merely on the fact that terminating the series in this manner 
leads to the desired result; i.e. when the above expansion is substi- 
tuted into Eq. 10, Eq. 26 is obtained. 


oc oc 


k Ox on 

The initial condition to be appended to Eq. 26 is 
[27 ] 
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Fig. 3—Dimensionless plots to be used in describing the redistribu- 
tion of solute in a semi-infinite bar when k<l. 


+4 +3 +2 +1 


Fig. 4—Dimensionless plots to be used in describing the redistribu- 
tion of solute in a semi-infinite bar when k>1. Also to be used in 
conjunction with Fig. 3 in accordance with the instructions in the 
text for describing redistribution in a finite bar after a small number 
of passes. 


One boundary condition is obtained by setting 
f(0, n), specified by Eq. 4, equal to zero. Thus 


(1k) C=0,2=0 [28 ] 
and another boundary condition is 
= Cop [29 


It is easy to show* that the function which satis- 
fies Eqs. 26 through 29 is 


where 
[31] 
@ 


and in place of x and n the dimensionless variables 
(Eqs. 32 and 33) were used: 
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[32] 


and 


[33] 


Here erf y stands for the error function of y 


9 


[34] 


and erfe y is the complement of the error function 


= e* dz: 


[35] 


erfec y = 


Extensive tables of the error function are available 
in many places.” 

Actually Eq. 30 is only a solution for k < 1, since 
it is based on the supposition that é > 0. It is evi- 
dent from Eq. 32 that € < 0 if k >1. It can be shown® 
that for k > 1 the solution is 


(Ce 
+ — ) [36] 


Within the framework of the approximations, Eqs. 
30 and 36 furnish closed expressions which describe 
the continuous deformation of an initial distribution, 
C,, as molten zones are passed. The equations, of 
course, refer to cases for which L = o. Since the 
problem has been solved in dimensionless form, it 
is worthwhile plotting the results. This has been 
done in Figs. 3 and 4. Fig. 3 applies to cases for 
which k < 1. It consists of curves of U vs & out to 
values of € = 10 for values of } between 0 and 24. 
Fig. 4 refers to k > 1, and consists of plots of U vs é 
out to values of € = 4. values between 0 and 36 
are considered. The curves are plotted as reflections 
in the é = 0 axis in the interest of a later applica- 
tion. 

By proper interpolation and use of the transforma- 
tions, Eqs. 31 through 33, it is possible to read, from 
these figures, the answers to almost any practical 
problem in which k is close to unity. In a typical 
situation k = 0.95, | = 1, and it is seen that the re- 
fining efficiency is relatively low. Thus } = % cor- 
responds to an n of about 45. The curve for \ = %4 
shows that even after 45 passes the disturbance of 
the original distribution has only penetrated back 
to € = 2 or x = 19 zone lengths, and the solute con- 
centration at x = 0 has been depressed to about 0.5 
of its original value. 

Wherever the curves of Fig. 3 do not represent 
fairly accurate solutions of the problem, they at least 
represent upper limits to the rapidity at which re- 
fining operations can be conducted. This can be seen 
from the fact that in passing from Eq. 19 to Eq. 20 
only the convective term in the flux is affected. For 
the semi-infinite bar 


Cre, Ciena) [37] 


for all values of x. Thus the replacement of C(z, n) 
by C(x,n—1) in going from Eq. 19 to Eq. 20 yields 
a convective term which is too large. As a result, 
solute is swept out of the region near x — 0 (accord- 
ing to Eq. 20) more rapidly than it is in the real 

process. 


Finite Bar with k Close to Unity 
Now, consider a bar of finite length, L. The set of 
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conditions for which a solution is required, is 


Oc Oc 


D 38 
Ox on [38] 
Oac 


Here, the notation contained in Eqs. 21 and 22 was 
used. The above set is almost identical with Eqs. 26 
through 29 except that Eq. 29 has been replaced by 
the condition of zero flux at x = L. The function 
which satisfies Eqs. 38 through 40 is® 


C(x, n) 


(Cr vL/D_+ 


e 
4v 


exp ( vie/2D — v'n/4D ) 


j == (j7/L) (— 
( 2jnD 


cos +v sin 
iL, 


) [41 ] 


where j is an integer. 

Unfortunately Eq. 41 contains an infinite series 
which converges very slowly for small values of n. 
impractical to use Eq. 41 for values of n below 300. 
However, for small values of n, an entirely different 
formula, having no infinite series, can be derived in 
place of Eq. 41 as follows: 

Denote by y the value of € brought into corres- 
pondence with L by Eq. 32 


Call the function U defined by Eq. 36 for k > 1, U:. 
In it replace € by y — €. Then call the solution, Eq. 
30, U,. Form the function 


[42] 


Gy 
This function can be used in place of Eq. 41 until 
U.(y, 4) or U.(y, 4) departs appreciably from unity. 
Beyond this point it is necessary to use Eq. 41, but 
by this time only a few terms of the infinite series 
are required. 

In employing Eq. 43, direct use of Figs. 3 and 4 
can be made. In fact, this is the reason why Fig. 4 
was plotted in a reflected manner. It is necessary 
only to bring zero on the abscissa of Fig. 4 into cor- 
respondence with y on the abscissa of Fig. 3, add the 
ordinates of both Figs. 3 and 4, and subtract unity 
from the result. 

In Fig. 5, a typical case has been plotted through 
the combined use of Eqs. 41 and 43. In this case, 


Table I. Values of C (0, n)/C, 


n C (0, n) /Co 
0 1 
50 0.52 
200 0.28 
400 0.15 
1000 0.037 
2000 0.0058 
0.00045 
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k = 0.9524, 1 = 1, and L = 100. The ordinate repre- 
sents C(x,n)/C,. It is seen that the ultimate steady 
state distribution is not closely approached until 
more than 2000 passes have been completed. Never- 
theless, the amount of refinement possible is very 
considerable. In view of the extent of scale required 
to display all of the curves, the values of C(0,n)/C, 
cannot be read from Fig. 5 for large values of n. 
They are, however, as given in Table I. 


Limits of Validity of the Approximation—Extension to 
Smaller Values of k 


It is now possible to make some statement con- 
cerning the limits of validity of the approximation 
referred to in the preceding sections. By setting C,, 
= C,. = C in Eq. 10, Pfann' was able to derive C(x) 
for the steady state. His result is 


C(x) = Ae” [44 ] 


where A is a normalizing constant and B is given by 
k(e*’—1) = BL. [45 ] 


This result is free of approximation except in one 
fact, 1.e., it is only applicable to the interval, 0 < x 
< L— 1. This occurs because beyond L — the flux 
is given by Eq. 15 rather than by Eq. 4. 

It is noticed that as n > o, Eq. 41 tends to the 
form 


[46 ] 


which is identical with Eq. 44 if v/D can be set 
equal to B. When this is so, the real and approxi- 
mate solutions start by being identical and converge 
on the same limiting distribution. Under these con- 
ditions, it is reasonable to suppose that the approxi- 
mation is adequate. 

Now, by Eqs. 21 and 22 


v 


= 47 
D kl [47] 
so that the following is required 
10 N=co 
h=.9524 2000 
9 
L=100 


[n= 
59 200 | 


60 70 80 90 100 


Fig. 5—Progress of redistribution in a finite bar for the particular 
case k = 0.9524, / = 1, L = 100. The curves are plots of Eq. 41. 
Note that the ultimate distribution is not attained eyen after 2000 
passes. 
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2(1—k) ) L 
| | | 
4 | | | | | 
200 
3 | | | | 


2(1—k) 
kl 


to be a fairly good solution of Eq. 45. Inspection of 
Eq. 45 reveals that B approaches zero monotonically 
as k approaches unity. Hence, as k approaches unity, 
a point is reached at which e”’ in Eq. 45 can be ex- 
panded accurately by retaining no more than quad- 
ratic terms 
(Bl)° 
2) 


[48 ] 


[49] 


When Eq. 49 is substituted into Eq. 45, a simple 
algebraic equation is obtained which can be solved 
immediately for B. The result is exactly Eq. 48. 
Therefore, the operation of the earlier generaliza- 
tion is observed, namely, that the approximation 
improves as k goes to unity. In addition, it is known 
now that k must be sufficiently close to unity so that 
Eq. 49 is valid. 

Just how close must this be? The answer depends, 
somewhat, on the value of L chosen for the finite 
bar, for a small discrepancy between the real B and 
B computed from Eq. 48 can cause appreciable error 
in Ae”’” if L is large. The best answer which can be 
given is that each combination of k, l, and L repre- 
sents a case by itself which can be examined by 
comparing the B determined by Eq. 45 with that 
determined by Eq. 48. As an example: if 1 = 1 and 
L = 100, the very lowest limit of k which can give 
anything like a reasonable result is about 0.9. Pre- 
sumably the highest limit will be about 1.1. The 
appearance of Eq. 49 in these considerations together 
with the definition of B contained in Eq. 48 shows 
that 1 plays no part in limiting the approximation, 
for Bl is independent of l. 

The formal similarity of Eq. 44 to 46 suggests a 
method for obtaining a more accurate approxima- 
tion in the range of k where Eq. 41 becomes invalid. 
This approximation is an extension of an intuitive 
picture of what the molten zone does. It is imagined 
that the effect of the zone is equivalent to the opera- 


1.0 


UGE PASS 3 


A 
0.5 7 


0.2 
1.0 
PASS 2 
0.3 
1.0 
VIE PASS | 
0.5 


3 4 6 7 8 9 10 
ZONE LENGTH 


Fig. 6—Comparison of the crude method described in “Limits 
of the Validity of the Approximation . . .” with Hamming’s 
method out to three passes. The lower curve for each pass has 
been obtained by Hamming’s method. The example chosen is 
fork ==1.0:5; 
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tion of two opposing processes which balance when 
the ultimate distribution has been attained. Pfann’ 
was the first to express this thought by likening the 
process to the piling up of sand against a wall; the 
sand slides back to its original position more rapidly 
as the steepness of the pile increases. The earlier 
sections of this paper show that the picture can be 
formalized mathematically in terms of convection 
and diffusion as the two opposing processes when k 
is close to unity. Moreover, the similarity of Eq. 44 
to 46 demonstrates that, for any value of k, the ulti- 
mate distribution has a form which would result 
from a balance of convection and diffusion. In view 
of this, an attempt at an approximation of the two 
opposing processes (for any k) by convection and 
diffusion will be made. 

The values of the flux constants no longer will be 
determined by Eqs. 21 and 22. Instead 


Vv 


[50] 


will be assumed arbitrarily where B is the true solu- 
tion of Eq. 45. In this way distribution based on con- 
vection and diffusion is forced to converge to the 
correct ultimate value. In order to make use of the 
equations and graphs of the earlier sections, it is 
necessary to know v and D separately. Toward this 
end the following procedure may be adopted: 

For a given set of conditions, the distribution 


1.0 


0.5 
A 
PASS 6 
0.1 
1.0 
© PASS 5 
0.1 
1.0 
— 
Ea 
PASS 4 
y 
0.1 


! 2 3 4 5 6 7 8 9 10 
ZONE LENGTH 


Fig. 7—Extension of the case of Fig. 6 out to six passes. 
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after the second pass is computed by Hamming’s 
method. (The choice of the second pass is quite 
arbitrary and founded merely on the fact that re- 
sults based on it appear to be satisfactory. Actually 
even better results are obtained if later passes are 
used. However the labor involved may then be pro- 
hibitive.) This can be done quickly in a matter of 
minutes. The values of v and D which satisfy Eq. 50 
are then adjusted so that c(0, 2), computed by means 
of the general Eqs. 30 or 41, agrees with the c(0, 2) 
obtained by Hamming’s method. Trial then shows 
that the use of Eqs. 30 or 41 in conjunction with the 
individual values of v and D, now available, pro- 
duces later curves which agree quite closely with 
those derived from Hamming’s method. 

In Figs. 6 and 7 plots of log c/c, vs zone lengths 
are given for an example in which k = 0.5. The 
computations have been carried through the sixth 
pass. For any pass, the lower curve has been de- 
rived by Hamming’s method while the upper curve 
represents the approximation described above. It is 
seen that the agreement is quite good. 

Accepting the new approximation, Eq. 41 or the 
plots of Figs. 3 and 4 can be used to plot the curve 
belonging to the nth pass. The transformations Eqs. 
32 and 33 can be written directly in terms of v and 
D. Thus 


= 2vex [51] 
52 
[52] 


Exact Solutions for the Semi-infinite Bar 
for any Value of k 


Lord” has discussed exact solutions for the semi- 
infinite bar. The author arrived at the same result, 
independently, checking Lord’s equations out to 
seven passes. The formulas derived may be applied 
with equal validity to a finite bar of length, L, over 
the region of x extending from x = 0 tox = L— nl. 
The reason for this is obvious. During one pass, the 
effect of the bar end at x = L is carried back one 
zone length. Thus, after n passes, the effect extends 
back to x = L — nl. The region of the bar located at 
values of x less than L — nl is not yet aware of the 
end at x = L, and the formula for the semi-infinite 
bar can be applied to it. 

The expression for C,(a2) becomes impossibly 
complicated as n becomes large. On the other hand, 
the general expression for C,(0) is far less com- 
plicated and is found to be 


(CA r=n-1 


0 


(r—1)! 


In case k S 0.01, it is possible to obtain an accu- 
rate approximation to Eq. 53 which at the same time 
is much simpler than that equation. This can be 
achieved by noticing that the second term on the 
left of Eq. 10 measures the amount of solute lost by 
the molten zone through precipitation at its back 
end in conformance with the ratio k. When this 
ratio is sufficiently small (less than 0.01), the 
amount lost is negligible compared to the amount 
gained by melting at the front end, this amount be- 
ing measured by the right side of Eq. 10. Thus, the 
second term on the left of Eq. 10 may be ignored, 
and the equation written as 
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dx l 


Integration of Eq. 54 subject to Eq. 12 yields 


k 
= Cra [55 | 
Starting with C,, formulas for C,,(a2) can be derived 
by repeated integration. This time both the integra- 
tions and resulting formulas are very simple, in- 


volving polynominals in x. Inspection shows that 


[(n + 1)k]" 


C,(0) = 


[56] 


Summary 

In the preceding text, approximate methods have 
been developed for computing the solute-distribu- 
tion curve in a zone-melting process after an ar- 
bitrary number of zone passes have been completed. 
The method is based on resolving the effect of the 
molten zone into formal convective and diffusive 
flows which are opposed to each other and which 
balance when the ultimate distribution is attained. 

Besides furnishing insight into the fundamental 
nature of the zone-melting process, this resolution 
leads to an “‘easy” approximation in the sense that it is 
just as applicable to large numbers of passes at it is to 
small numbers. This feature overcomes the objections 
which could arise because of the crudeness of the 
approximation, for, although more exact approxi- 
mations are available, none of these are conveni- 
ently applied to large numbers of passes. Although 
crude, the method described in this paper gives re- 
sults which are at least of the correct order of mag- 
nitude (and may be very accurate for |k| ~ 1) and 
describes correctly the various qualitative aspects of 
the zone-melting process. Therefore it is suitable 
for design purposes. 
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Viscosity and Density of Liquid Lead-Tin And 


Antimony-Cadmium Alloys 


by H. J. Fisher and A. Phillips 


The influence of temperature and composition on the yiscosity of high-purity liquid 
metals and alloys of the Pb-Sn and Sb-Cd systems was investigated by the logarithmic- 
decrement method. The variation of viscosity with temperature above the liquidus fol- 


E/RT 
5 


lowed the equation: 1 — Ae 


No large increase in viscosity was found just before 


normal freezing of any of the metals or alloys investigated. Certain alloys, supercooled 
below their stable liquidus, however, did show a marked increase in viscosity. Experimental 
activation energies for viscosity were determined for the metals investigated. Liquid- 
metal density values were obtained by a modified Jaeger’s method. 


N an investigation of the properties of molten 

metals, the study of viscosity as a suitable means 
for studying the physical nature of the metallic 
liquid state has been utilized. Although interest in 
the relationship of the liquid to the solid-metal 
state holds promise of broadening the knowledge of 
metals in general, much information that is avail- 
able regarding the influence of temperature and 
composition on viscosity, especially near the freez- 
ing point, is still controversial. The purpose of this 
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paper is to present the results of recent work on this 
subject. 

Although interest in factors influencing the fluid 
behavior of metals and alloys has arisen from theo- 
retical as well as applied studies of liquid-metal 
properties, the development of a comprehensive 
theory of the mechanism of viscosity has been hand- 
icapped because so little is known about the liquid 
state. Several theories of viscosity have been pro- 
posed and among the more recent are those of 
Andrade,’ Bernal,’ Frenkel,’ Eyring,’ and Gutmann 
and Simmons.’ Although these contributions have 
helped to establish a basis of approach for studying 
the nature of viscosity, the fundamental aspects of 
the variation of viscosity with alloy composition 
have, in general, been neglected. 


Experimental 


Metals and Alloys Investigated: The Pb-Sn and 
Sb-Cd alloy systems were selected for investigation 
because they form constitutional features of theo- 
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SS 


290090909 


Fig. 1—Sectional diagram of furnace for molten- 
metal viscosity determinations. 


retical and applied interest, such as: 1—eutectics, 
2—alloys of limited solid solubility, 3—alloys in 
which solid solubility is almost nonexistent, and 
also 4—intermetallic compounds. 

Liquid-metal densities, required in the calculation 
of viscosity, were determined by the maximum bub- 
ble-pressure method, which is a modification of 
Jaeger’s method.° 

Table I shows the analyses of the primary metals 
used, and Table II shows the compositions of the 
Pb-Sn and Sb-Cd alloys prepared for investigation. 

Viscosity-Measurement Method: Most well-known 
methods for measuring the viscosity of substances 
which are liquid at room temperature are generally 
unsuitable for measurements on molten metals. 

Of the several procedures available for use at 
elevated temperatures, the method commonly known 
as the logarithmic-decrement method was used. 
This is based on measuring the decay rate of suc- 
cessive amplitudes of oscillation of a cylindrical 
crucible suspended from a fine wire and oscillating 
in torsion about a fixed point. The movement of the 
container wall relative to the enclosed liquid im- 
poses a damping torque or drag. This damping is a 
function of the viscosity of the liquid and influences 
the decrement between successive oscillations of the 
crucible. 

This method of measuring viscosity has been ana- 
lyzed theoretically,“* and used for studying the vis- 
cosity of molten cast iron,” as well as the effect of 
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Table I. Analyses of Tin, Lead, Cadmium, and Antimony 


as Reported by The Suppliers 


Sn,7 Pb,* Sb,t7 
Impurities, 99.98 99.998 99.989 99.917 
Wt Pct Pct** Pct** Pct** Pot** 
Cu <0.001 0.0005 0.001 0.0134 
Fe <0.003 — <0.001 0.0013 
Mn <0.001 — — Trace 
Pb 0.001 — 0.003 0.0275 
Mg 0.001 
Sb 0.003 <0.0005 — — 
AS Trace 0.025 
Bi — 0.0003 — 0.00005 
Ag 0.0006 0.0010 
Zn — — <0.005 Trace 
anil — <0.001 
Ni — 0.0087 
SiOz — 0.0052 


* From British Metal Corp. (Canada) Ltd., Montreal, Canada. 

** Percents refer to composition of the primary metals. 

+ From Consolidated Mining and Smelting Co. of Canada, Ltd., 
Trail, B. C., Canada. 

77 From Johnson, Matthey, and Co. Ltd., London, England. 


aluminum additions on the viscosity of a galvan- 
izing bath.” 

The apparatus is described with reference to the 
sectional diagram, Fig. 1. The metal under test was 
contained in a cylindrical alumina or porcelain cru- 
cible H suspended in a furnace into which hydrogen 
was introduced before the furnace was raised to 
temperature. The crucible, held within a cage, oscil- 
lated under the torsion of the suspended wire, C. 
The furnace assembly consisted of a 5-in. bore silica 
tube, 3 ft 6 in. long, noninductively wound with 
resistance wire so arranged that a uniform tempera- 
ture could be maintained in the crucible, H. The 
nominal crucible dimensions were: 10 cm height, 
3.9 cm internal diameter, and 1 mm wall thickness. 
Insulating bricks, Q@ and F, were placed below and 
above the hot zone. In case of crucible breakage, 
liquid metal could be trapped by a graphite con- 
tainer, P. 


HYDROGEN INLET 


LIGHT 


TRANSFORMER 
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"Ov ag. 


STEEL PLATE HOLDING 
TOP INSULATION BRICKS. 


CONTACT POINT 
WHEN SUSPENSION 
SYSTEM NOT CENTERED. 


Fig. 2—Electric circuit for testing align- 
ment of suspension system. 
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The suspension system consisted of a 10-in. length 
C of tempered 0.010-in. diam silver-coated Be-Cu 
wire (Berylco alloy No. 25: 2 pet Be, 0.30 pct Co; 
and the balance copper) fixed at the top to a brass 
adapter, B, and to a magnesium disk, L, from which 
were suspended two thin steel disks located opposite 
externally controlled electromagnets, E, that were 
used for starting the oscillation of the suspension 
system. The amplitudes of oscillation were indicated 
on a millimeter scale by means of a beam of light 
and a cross-hair reflected from a small mirror at- 
tached to the oscillating system. The distance from 
the scale to the furnace was 12 ft. The maximum 
amplitude of oscillation was kept at less than two 
degrees. Crucible H was supported in a steel cradle, 
G, by means of a steel rod. A calibrated Pt—Pt-Rh 
control thermocouple was at T. Since it was not 
possible to introduce a thermocouple into the oscil- 
lating crucible without creating undesirable damp- 
ing effects, the uniformity of the metal temperature 
inside the crucible and the relationship to the tem- 
perature at the control-thermocouple position, T, 
were first determined. During viscosity determina- 
tions, the furnace temperature could be controlled 
to +14°C. 

The upper part of the apparatus and the whole of 
the suspension system could be removed as one unit 
at a rubber seal. An external signal-light system, 
attached to an electric circuit shown in Fig. 2, was 
used for testing the alignment of the suspension sys- 
tem after sealing the furnace. 

In order to keep the Be-Cu suspension wire and 
the rubber seals at a low constant temperature, 
water-cooling coils were provided at both ends of 
the silica tube. 

The atmosphere could be changed by means of 
openings at the top and bottom of the furnace. In 


Fig. 3—Diagram 
of furnace used 
for thermal analy- 
sis and liquid- 
metal density de- 
terminations. 
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Table II. Compositions of the Pb-Sn and Sb-Cd Alloys Prepared 
for Investigation 


Stable 

Liquidus Liquidus 

Pb, Sn, Tempera- Cd, Sb, Tempera- 

Wt Pct Wt Pct ture,* °C Wt Pct Wt Pct ture,* °C 
94.98 313.5 99.89 320.9 
84.97 288.2 99.45 0:55 320.5 
80.62 19.38** 278.3 98.90 LaOse 320.0 
69.77 30,.23** 256.0 94.83 307.5 
44,91 204.0 92.34 293.5 
37.95** 62.05 184.4 89.64 10.36** 302.5 
29.80** 70.20 191.2 75.55 24.45** 365.0 
Orizne 90.28 217.9 51.42** 48.58 451.2 
2.52** 97.48 229.0 47.92** 52.08 459.0 
98.87 231.3 44,54** 55.46 458.0 
0.62** 99.38 235 41.52** 58.48 453.2 
35.08** 64.92 482.5 
88.01 586.5 
0.14** 99.86 630.0 


* Determined by cooling curves in the furnace used for density 


determinations. ; 
*«*« By chemical analysis; balance by difference. 


order to counteract excessive vaporization of the 
liquid metals, the furnace was sealed and operated 
under hydrogen pressures greater than the vapor 
pressures” of the metals used. Since hydrogen is 
soluble in appreciable quantities in some liquid 
metals, the possible effect of dissolved hydrogen on 
viscosity was considered. Samples of tin, lead, cad- 
mium, and of several alloys at the cadmium-rich 
side of the Sb-Cd system, were heated for 48 hr in 
hydrogen below the freezing point in order to reduce 
any oxide contamination. Afterwards the metal was 
cooled to room temperature and viscosity determina- 
tions were made, first in argon, then later in hydro- 
gen. No difference in viscosity was detected in the 
metals for either atmosphere. Since the occlusion of 
hydrogen in solid antimony, cadmium, tin, or lead is 
doubtful,” it was considered that the samples which 
were heated in hydrogen and cooled to room tem- 
perature, before making viscosity determinations, 
were free of hydrogen when used later in the argon 
atmosphere. 

The coefficient of viscosity 7» was calculated from 
the relationship developed by Hopkins and Toye’ 


1/2 
0 


The constants A, B, and C in the equation were de- 
termined by the method of least squares by calibrat- 
ing the equipment with water and benzene at room 
temperature and with pure tin at three tempera- 
tures, for which accurate values of viscosity and 
density are available in critical tables. 

The symbols in the equation have the following 
meaning: 6 is the logarithmic decrement, T is the 
time of oscillation when the crucible contains molten 
metal, in sec, T, is the time of oscillation when the 
crucible is empty, in sec, » is the viscosity, in poises, 
and p is the liquid density in grams per cu cm. 

The depth of liquid was kept the same for all 
tests; the amount required was weighed before. All 
periods of oscillation were measured with an elec- 
trical timer which had a reading accuracy of 0.002 
sec. A porcelain crucible was used for the Pb-Sn 
system and a recrystallized-alumina crucible for the 
Sb-Cd system. 

This method of measuring viscosity assumes slip 
to be absent between the liquid and the crucible - 
wall. Since the difference between wetting and non- 
wetting is actually a matter of degree, sufficient 
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wetting of the crucible to overcome slip was con- 
sidered to be present during the tests. This assump- 
tion was made in view of the very good agreement 
obtained with the generally accepted values for the 
viscosity of tin and lead at various degrees of super- 
heat when crucibles of different materials such as 
porcelain, recrystallized alumina, and glass were 
used. 

In addition, the absence of turbulence in the 
liquids was established by obtaining a straight-line 
plot through the origin of the decrement vs the 
oscillation number. Turbulence was avoided by 
keeping the amplitudes of oscillation less than two 
degrees. 

On using the values of the apparatus constants 
A, B, and C and the observed values of the decre- 
ment in order to calculate the viscosities of the cali- 
brating liquids, the greatest discrepancy between 
calculated values and actual values was found to be 
0.0003 poise, which is within 1.5 pct, for example, 
of the accepted value for the viscosity of tin at 240°C. 

Samples of the Pb-Sn system prepared for vis- 
cosity measurements were homogenized in a nitro- 
gen atmosphere for 48 hr at 170°C before machining 
to the required size. All samples were degreased 
and examined for surface imperfections before use. 

The brittle nature of certain Sb-Cd alloys (from 
about 45 to 100 wt pct Sb) made machining to the 
required dimensions difficult. In order to prepare 
these alloys for viscosity determination, the re- 
quired amount was melted in an induction furnace 
and cast to the size required in a water-cooled 
graphite mold, using an argon atmosphere. 

In studying the relation of viscosity to constitu- 
tion, two accepted methods for selecting the temper- 
ature variable exist: 1—using isothermal condi- 
tions, or 2—using a constant-temperature interval 
above the liquidus. It has been shown” that the for- 
mer method has advantages in thermodynamic 
studies of the liquid state, while the latter method 
is particularly suited for studying the effect of solute 
atoms on the viscosity of alloys.“ In view of the 
disagreement which exists regarding the influence 
of temperature on viscosity, in particular at temper- 
atures close to the liquidus, it was desirable to pro- 
vide a common basis for comparison with previous 
relevant data on viscosity measured at a constant- 
temperature interval above the liquidus. For this 
reason the latter method of controlling the tempera- 
ture variable was used. 

Density-Measurement Method: A modification of 
Jaeger’s’ maximum bubble-pressure method was 
used for liquid-metal density determination. The 
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Fig. 4—Viscosity ol liquid lead, tin, and Pb-Sn alloys. 
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Pb-Sn system. Equilibrium diagram after Raynor.” 


furnace used is shown in Fig. 3. The metal under 
investigation was located in an alumina crucible, 
H. E is a water-cooling head, F a stainless-steel 
container for the crucible, H, J a refractory pedestal, 
L a thermohm temperature-control element, K a 
protective gas-inlet tube, and D a thermocouple. A 
vertically adjustable quartz tube, I, with a 2 mm 
bore, 3.5 mm OD, with tip ground and polished, 
was positioned above the liquid surface. 

To make a density determination, the end of the 
tube I is immersed about a centimeter below the 
surface; dry-hydrogen gas is applied slowly to the 
tube at A and the manometer pressure required just 
to detach a small bubble of gas from the tube is 
noted with a cathetometer. A second pressure read- 
ing is taken with the tube at a different depth in the 
liquid, the distance being measured with the cathe- 
tometer. With water as the manometer liquid and 
knowing the pressure difference required to detach 
a bubble at two different levels, the unknown liquid 
density can be calculated from the simple relation- 
ship 

= H,D, 


so that the unknown density 


S< JD), 


H, 

where D, is the water density in grams per cu cm, 
H, is the pressure difference in cm of H.O for de- 
tachment of a gas bubble when the capillary is 
immersed at two different depths, and H, is the dif- 
ference in the immersed length of tube in ecm for 
two tests, corrected for the effect of tube immersion 
on the level of liquid. Since surface tension affects 
the bubble pressure equally in the two tests, it can- 

cels out when the difference is taken. 
The hydrogen used for forming the gas bubbles 
was deoxidized with a ‘De-Oxo” hydrogen-gas 
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Fig. 7—Logarithmic-decrement measurements on the Sb-Cd 
alloy, Cd + 55.46 pct Sb. 


purifier (a patented palladium catalyst) and the 
resulting water removed with calcium chloride, 
activated alumina, and magnesium perchlorate. 

Metals and alloys of the Pb-Sn system first were 
prepared under powdered charcoal in glass containers 
and chill-cast in small graphite molds. Room-tem- 
perature density determinations were conducted on 
samples 1 in. diam x 1 in., which were free of 
porosity and shrinkage holes. Samples for chemical 
analysis were prepared by shotting small amounts 
of the liquid into a cold bath of oil. Samples of 
metal from the Sb-Cd system which were used for 
liquid and room-temperature density determinations 
as well as for chemical analysis were taken from 
small ingots chill-cast in an atmosphere of argon in 
an induction furnace. In addition to the argon, a 
thin cover of KBr/CdBr flux” was used to prevent 
drossing during the liquid-density determinations on 
the Sb-Cd system. 
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Fig. 8—Influence of composition on the viscosity of the Sb-Cd 
system. Equilibrium diagram after Murakami and Shinagawa from 
Hansen.*° 


The equipment was checked by determining the 
density of mercury at room temperature. A density 
value of 13.54 grams per cu cm at 20°C was obtained 
which agreed well with the accepted value of 13.546. 


Results of Viscosity Measurements 


Pb-Sn System: The results of viscosity determina- 
tions on the Pb-Sn system are shown in Fig. 4. The 
composition-viscosity relationship for the Pb-Sn 
system is shown in Fig. 5. For the metals and alloys 
investigated in the Pb-Sn system, the temperature 
variation of viscosity was small and showed no 
sharp discontinuities. 

The influence of composition on viscosity indicated 
a marked viscosity minimum at the eutectic. At this 
composition the viscosity was intermediate in value 
between the values of the eutectic components. At 
1°C above the liquidus, there was a slight tendency 
for the viscosity of the Pb-Sn alloys to increase with 
addition of small amounts of tin solute atoms. How- 
ever, this tendency disappeared at more elevated 
temperatures. 

Sb-Cd System: The results of viscosity measure- 
ments on the Sb-Cd system are shown in Fig. 6. 
This system was supercooled below the stable 
liquidus temperature by unagitated slow-cooling 
conditions in the viscosity furnace, and determina- 
tions were made on certain unstable alloys between 
their stable and metastable liquidus temperatures, . 
denoted by L, and L,,. In all cases the viscosity 
showed a greater rate of increase as the liquid region 
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below the stable liquidus L, was investigated. This 
region is indicated by the broken lines in Fig. 6. 

The sharp increase in viscosity below the stable 
liquidus is explained with reference to Fig. 7 where 
the logarithmic decrement for the Sb-Cd alloy, 
Cd + 55.46 pct Sb, is plotted vs temperature. As 
the temperature of the alloy was cooled below the 
stable liquidus, a distinct deviation from linearity 
was observed. This deviation continued below the 
metastable liquidus L,, until complete solidification 
of the alloy occurred at 395°C. Whereupon, the 
damping of the crucible was reduced sharply due to 
complete disappearance of the liquid phase. 

The viscosity-composition relationship for the 
Sb-Cd system is shown in Fig. 8. Small additions of 
antimony (0.1, 0.50 and 1.10 pet) were made to pure 
cadmium to see if increases in viscosity would result 
in view of the lack of solid solubility of the antimony 
solute atoms in the solvent. However, with additions 
of antimony to cadmium, the viscosity decreased and 
reached a relative minimum viscosity at the eutectic 
near the cadmium-rich end. Increasing the anti- 
mony content produced a progressive increase in 
viscosity that reached a relatively large value at the 
region coinciding with the intermetallic compound 
(SbCd). 

There is little data on the viscosity of the Sb-Cd 
system except for some values for antimony™ ” and 
for cadmium.” The variation of viscosity with tem- 
perature for all the pure metals investigated showed 
good agreement with previous work.*” The values 
are compared in Table III. 


Results of Density Determinations 

The variation of liquid density with temperature 
for metals and alloys of the Pb-Sn system is in all 
cases very small as shown in Fig. 9. The change in 
density was about 0.6 pct for an increase of 50°C in 
temperature above the liquidus. The relationship of 
specific volume to composition is shown for the 
Pb-Sn system in Fig. 10. Three temperatures were 
used: room temperature (24°C), the liquidus tem- 
perature, and 400°C. At 400°C the Pb-Sn system 
showed almost ideal behavior. At lower tempera- 


Table Ill. Comparison of Viscosity Values for Tin, Lead, Antimony, 
and Cadmium 


Viscosity, Poises 


2 Essex, Pres- 
Tempera- Greis, and Gering ent 
ture, Sauer- Bun- and Sauer- Investi- 
Metal °C gardt!? Stott wald22 gation 
Tin 240 — 0.0212 0.0191 = 0.0191 
260 0.0182 0.0182 
280 — 0.0174 0.0175 
300 0.0168 0.0173 0.0167 0.0168 0.0167 
320 0.0158 — 0.0160 0.0158 0.0160 
350 0.0152 — 0.0152 
350 — 0.0258 — 0.0265 0.0244 
370 — — 0.0237 
380 = 0.0235 
390 0.0245 — 0.0232 
400 — 0.0233 —_— 0.0232 0.0229 
440 0.0212 — — —_— 0.0219 
Antimony 640 0.0145 — — — 0.0167 
645 0.0140 0.0155 — — 0.0165 
675 0.0130 — 0.0152 
700 0.0129 0.0126 — — 0.0144 
730 0.0125 0.0120 — — 0.0136 
Cadmium 350 — _— — 0.0237 0.0265 
380 — 0.0249 
400 — 0.0217 0.0239 
450 _ 0.0200 0.0234 
500 — — _ 0.0186 
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tures such as at the liquidus and at room tempera- 
ture, some deviation from linearity was observed at 
the tin-rich end. However, this was not apparent at 
the lead-rich end. 

The influence of temperature on the density of 
metals and alloys of the Sb-Cd system is shown in 
Fig. 11. The decrease in density with increasing 
temperature for these metals and alloys ranged from 
0.75 to 1.56 pet for a 50°C increase in temperature 
above the liquidus. The relationship of specific vol- 
ume to composition for the Sb-Cd system is shown 
in Fig. 12. Three temperatures were used: room 
temperature (21°C), the stable-liquidus tempera- 
ture, and 100°C above the stable liquidus. The 
Sb-Cd system is shown with its metastable and 
stable-liquidus temperatures. The specific-volume 
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Fig. 9—Influence of temperature on density of lead, tin, and 
Pb-Sn alloys. 
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Fig. 10—Specific yolume-composition relationship for the 
Pb-Sn system. Equilibrium diagram after Raynor.” 
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data shown for the Sb-Cd system at room tempera- 
ture are not accurate. This is due to the presence of 
expansion cracks in the cast ingots from which 
small pieces were used for density measurements. 
The expansion of certain Sb-Cd alloys is understood 
to be related to the unstable separation of the 
Cd,Sb. intermetallic compound,” which, during sub- 
sequent conversion in the solid state, disappears 
with the formation of considerable heat according to 
the following reaction: Cd,Sb.+Sb = 3CdSb. It is 
interesting that the expansion in the solid state 
should take the same trend as the increase in volume 
in the liquid state, and that the expansion should 
be greatest in the region of the CdSb intermetallic 
compound which has a relatively high viscosity in 
the liquid state. Values for the densities of tin, lead, 
antimony, and cadmium are compared with those 
obtained by other investigators in Table IV. 
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Fig. 11—Influence of temperature on density of antimony, cadmium, 
and Sb-Cd alloys. 
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Fig. 12—Specific volume-composition relationship for the 
Sb-Cd system. Equilibrium diagram after Murakami and 
Shinagawa from Hansen.“° 
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Kinematic Viscosity: In problems concerning the 
motion of liquids in geometrically similar conditions, 
the kinematic viscosity, i.e., the viscosity divided by 
the density, usually is considered to be more im- 
portant than the viscosity itself. In Figs. 13 and 14, 
respectively, is shown the relationship between kin- 
ematic viscosity and composition for the Pb-Sn and 
Sb-Cd systems. 

Activation Energy for Viscosity: The activation 
energy for viscous flow was derived’ from 


n= Ae 


E, the activation energy, is the experimentally de- 
termined quantity 


where R is the universal gas content, 1.9864 cal per 
°C per mol. 

The relationship of the log-viscosity values vs the 
reciprocal of the absolute temperature for the metals 
and alloys of the Pb-Sn and Sb-Cd systems is shown 
in Figs. 15 and 16. Table V shows the experimental 
activation energies for viscous flow for the Pb-Sn 
and Sb-Cd systems. Three Sb-Cd alloys, close to 
the intermetallic compound SbCd, were investigated 
at temperatures below their stable liquidus, and 
their activation energies are also listed in Table V. 


| < 2.3026 gram-cal per gram-atom, 


Discussion of Results 


Viscosity-Temperature Relationship: It has been 
considered” * that most liquid metals follow some 
form of the equation 7 = Ae”*’*’ in the relationship 
between viscosity and absolute temperature. Modi- 
fications to this formula have been suggested on 
theoretical grounds by Andrade’ and others.® Ewell 
and Eyring* and Hinshelwood,” on the other hand, 
believe that there is little advantage in departing 
from the simplicity of this equation for considering 
experimental results. 

Generally, it has been assumed that the fore- 
going relationship between viscosity of liquid metals 
and temperature is valid to the freezing point of 
the metal. However, several investigators*” have 
shown viscosity data for tin, lead, aluminum, zinc, 
and some binary aluminum alloys, which exhibited 


Table IV. Comparison of Density Values for Tin, Lead, Antimony, 
and Cadmium 


Density, Grams per Cu Cm 


Day, Pres- 
Tempera- Bir- Sosman, ent 
ture, cum- and Green- Investi- 
Metal shaw?! Hostetter>awayl7? Arpi* gation 
Tin 233 6.95 6.98 — —_— 6.99 
280 6.92 6.96 —_ —_ 6.95 
320 6.90 6.93 — — 6.92 
360 6.87 6.90 6.90 
400 6.85 6.87 — —- 6.87 
Lead 328 10.64 10.69 = — 
365 10.60 10.64 10.63 
400 10.58 10.60 — — 10.59 
445 10.52 10.54 _ 
Antimony 650 — — 6.53 — 6.52 
670 — — 6.52 — 6.51 
680 — — 6.51 — 6.51 
690 6.51 6.51 
700 — _ 6.51 — 6.50 
Cadmium 330 — 8.05 
350 ait =; 7.99 7.94 8.01 
370 7.97 7.98 
400 7.94 7.96 
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Fig. 13—Kinematic viscosity-composition relationship for the Pb-Sn 
system. Equilibrium diagram after Raynor.” 
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= Table V. Experimental Activation Energies for Viscous Flow 
SoS Z t= SSeS SSS for Metals and Alloys of the Pb-Sn and Sb-Cd Systems 
ow 
i= 240 Z 
i SS Activation Energy, 
7 Gram-cal per 
= 220IN\ | Activation Gram-atom 
Z { Energy, 
Gram-cal Above Below 
OO) | Composition, per Composition, Stable Stable 
Wt Pct Gram-Atom Wt Pct Liquidus Liquidus 
1-80 Sb 
10 SO SO 60 90 100 Pure lead 1070 Pure cadmium 1700 
Pb + 5.02 Sn 1150 Cd + 0.11 Sb 1700 _ 
ANTIMONY, WEIGHT PERCENT Pb +15.03 Sn 1350 Cd + 0.55 Sb 1710 = 
Pb +19.38 Sn 1320 Cd + 1.10 Sb 1760 = 
Fig. 14—Kinematic yiscosity-composition relationship for the Sb-Cd Pb +55.09 Sn 1290 Cd + 5.17Sb 1800 = 
. . Pb +62.05 Sn 1330 Cd + 17.66 Sb 920 
system. JSS diagram after Murakami and Shinagawa from Pb +70.20 Sn 1330 Cd 41035 Sb 1320 FS 
Hansen. Pb +97.48 Sn 1450 Cd +24.45 Sb 1720 — 
Pure tin 1400 Cd + 48.58 Sb 3140 
Cd +52.08 Sb 3470 9540 
Cd +55.46 Sb 4340 7700 
much greater viscosity (particularly at the freezing Cd +5848 Sb 2180 5620 
point) than would be anticipated by the equation 
f +88. — 
given. The reasons for this were attributed to possi- Cd +99.86 Sb 4100 eA 
Pure antimony 4100 


ble changes in liquid structure near the freezing 
point, or to the presence of suspended impurities. 
Recently it has been reported*® that oxides, not 
changes in liquid-metal structure, were responsible 
for high viscosity results’ at the melting point. 
Fawsitt” conducted viscosity determinations on 
liquid tin at the melting point and, even in the pres- 
ence of partly solid metal, detected no sharp in- 
crease in viscosity. This also has been supported, 
in general, by Stott” who did not find any discon- 
tinuity as low as 6°C above the freezing point of tin. 

In the present work, liquid lead, tin, antimony, 
and cadmium, as well as Pb-Sn and Sb-Cd alloys, 
did not show any sharp increase in viscosity close to 
freezing. The hydrogen atmosphere used permitted 
measurements under conditions which would pre- 
clude oxidation. This was confirmed by the clean 
appearance of the metal in the furnace after a test. 
The variation of viscosity with temperature was 
always very gradual and showed no sharp discon- 
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tinuities. When only special cases of certain Sb-Cd 
alloys were supercooled below their stable liquidus 
temperatures, higher than normal viscosity was 
observed. 

On the basis of the present results on pure metals 
and their alloys, it would appear that the large in- 
creases in viscosity reported in other work at tem- 
peratures close to freezing may have been caused by 
suspended impurities, since the viscosity of a sus- 
pension is greater than that of the liquid phase 
alone. 

Nevertheless, in the present investigation, some 
support was given to the point of view that struc- 
tural groupings in the liquid state of certain metals 
and alloys might cause greater viscosity than would 
be anticipated near the freezing point. This is sup- 
ported by Honda and Endo’s” study of the diamag- 
netic properties of solid and liquid Pb-Cd alloys, 
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and by the viscosity results of others” on liquid Cu- 
Sn alloys, which indicated that viscosity variations 
may be related to atomic associations or to short- 
range ordering in the liquid state. 

Viscosity-Composition Relationship: Although 
numerous investigators have studied the effect of 
impurities and alloy additions on the viscosity of 
molten metals, it is still too early to establish gen- 
eral principles which would predict the effects of 
added elements on the viscosity of metals or alloys. 

The work of Sauerwald and associates” estab- 
lished the existence of deviations of viscosity from a 
simple mixture rule. In addition, the results of some 
investigators” ” have given some reason to believe 
that: 1—In certain binary alloy systems, the addi- 
tion of low concentrations of the second component 
brings about an initial increase in the viscosity 
which apparently reaches a relative maximum- 
viscosity value near the composition which has 
maximum solid solubility. 2—Viscosity is at a mini- 
mum at eutectic compositions. 

Although increases in viscosity near regions of 
maximum solid solubility have been reported,“ the 
present work and other results describing the in- 
fluence of aluminum additions on the viscosity of 
zine” do not support this viewpoint. 

In the present investigation it was found that 
additions of the second component in binary sys- 
tems, which form regions of limited solid solubility 
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(e.g., the Pb-Sn system), did not cause a concomi- 
tant increase in viscosity near regions of maximum 
solid solubility. This is seen in Fig. 5 at the tin-rich 
and lead-rich ends of the viscosity-composition re- 
lationship for the Pb-Sn system. In this system a 
distinct viscosity minimum was observed at the 
eutectic composition where viscosity was intermedi- 
ate in value between that for the two components. 
At temperatures just above the liquidus (Le) 
there was some tendency, which disappeared at 
higher temperatures, for the viscosity to increase 
with small additions of tin. The present results for 
the Pb-Sn system confirm those found by RAs 
Fig. 17. The maximum variation between his and 
present results is 7.4 pet. This could be accounted 
for by differences in metal purity or differences in 
experimental error. It is significant, however, that 
the general trends of the two curves are similar. 

In the Sb-Cd system a viscosity minimum was 
found only at the eutectic composition at the 
cadmium-rich end. It is believed that the relatively 
high viscosity in the region of the intermetallic 
compound masked the effect of the eutectic at 59 pct 
Sb. Small additions of antimony (0.11, 0.55, and 
1.10 pct), which has no significant solid solubility in 
cadmium, decreased the viscosity of the alloy. The 
addition of 0.14 pet Cd to antimony had no apparent 
effect on the viscosity at the cadmium-rich end. It 
is possible that the impurities in the antimony, 
Table I, masked the effect of small amounts of 
cadmium. 

The occurrence in the Sb-Cd system of a relative 
viscosity maximum at the intermetallic-compound 
composition is interesting from the viewpoint of the 
mechanism of viscosity. Specific-volume measure- 
ments, Fig. 12, show that at this composition the 
volume of the mixture is greater than the total vol- 
ume of the components. If Eyring’s “hole” theory 
of liquid structure can be applied, the larger num- 
ber of holes made available by the expanded struc- 
ture should facilitate the ease with which an atom 
would move into an adjacent hole, due to the 
smaller resistance to shear in the liquid. However, 
this was not found to be the case, since the liquid 
alloy exhibited a relative maximum viscosity at the 
compound composition where expansion was the 
greatest. Since the application of pressure is known 
to cause an increase in viscosity due to compression 
of the liquid structure,“ the above anomalous in- 
crease is difficult to explain. It would appear that, 
besides the closeness of atomic packing in the liquid 
state, other factors about which little is known, 
such an interatomic forces or “bond lines,” also 
exert an influence on the viscosity. 


Table VI. Relationship Between Atomic Volumes and Activation 
Energies for Viscous Flow 


Pet 
Atomic Activation Difter- 
Volume, * Energy, ence Activation 
Metals at 20°C Gram-atom Volume Fiews 


* Metals Handbook. (1948) p. 20. Cleveland. ASM. 


oh From Gebhardt and Becker’s’ data on the viscosity of Au-Ag 
alloys. 
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Fig. 17—Influence of composition on the viscosity of Pb-Sn 

alloys at a constant temperature of 280°C. Equilibrium dia- 

gram after Raynor.” 

Density and Specific Measurements: In all the 
cases studied, the change in density with increasing 
temperature was very slight. For the Pb-Sn system 
this change was of the order of 0.01 pet per °C. The 
relationship between the composition of the Pb-Sn 
system and the specific volume was almost ideal, 
particularly at more elevated temperatures above 
the liquidus. Some deviation, however, from the 
colligative relationship occurred at the tin-rich end 
that was not observed at the lead-rich end. 

The Sb-Cd system showed a greater degree of 
variation in density with changes in temperature 
than did the Pb-Sn system. The change in density 
ranged from 0.015 to 0.031 pct per °C. In addition, 
alloy formation in the Sb-Cd system created strong 
positive deviations in specific volume, indicating 
that the volume of the liquid metals is greater in the 
mixture than in the components. This supports the 
hypothesis that Sb-Cd alloys are associated in the 
liquid state.° The volume changes occurring in 
liquid metals have been explained on the basis of 
various mechanisms of bond formation” and struc- 
tural coordination in the liquid state.” The specific 
volume data for the Sb-Cd system at room tempera- 
ture, although not very accurate because of the 
presence of small expansion cracks in the solid- 
metal samples used for density measurements, were 
included in the data to show the similarity of the 
volume-expansion trends occurring with changing 
composition in the solid and liquid states. 

Activation Energy for Viscous Flow: The at- 
tempts that have been made to elaborate on the 
significance of the activation-energy term in the 
exponential relationship between viscosity and 
temperature suggest that it represents the energy 
required to break the metallic bond between atoms 
during formation of a hole in the liquid structure. 
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The activation-energy concept provides some basis 
for considering not only the influence of tempera- 
ture, but also the effect of composition, on the vis- 
cosity changes in liquid metals and alloys. How- 
ever, the participation of so many factors, such as 
resonating metallic bonds, atomic-size factors, and 
coordination numbers, as well as electronegativity 
effects, makes an analysis of the mechanism of vis- 
cosity difficult. Some speculation as to the factors 
involved nevertheless is worthwhile. 

Although high activation energies in general are 
associated with liquids of high viscosity, no such 
relationship was found for the pure metals investi- 
gated. For antimony, tin, lead, and cadmium, the 
viscosity at 1°C above the freezing point was in the 
following order: 1.70, 1.95, 2.52, and 2.83 centi- 
poises; while the experimental activation energies 
were: 4100, 1400, 1070, and 1700 gram-cal per 
gram-atom, respectively. The fact that tin and lead 
may exist in the liquid state in the incompletely 
ionized form, and also that antimony may exhibit 
less homopolar bonding during melting,” may ac- 
count for the lack of close relationship between the 
activation energy and the viscosity of these metals. 

From geometrical reasons, it might be considered 
that the greater the difference in atomic volumes of 
different atoms in the liquid state, the greater would 
be the difference in activation energy required for 
flow. That some such relationship does exist to a 
limited extent is indicated in Table VI where per- 
cent differences in atomic volumes and in activation 
energies are tabulated for several groups of metals 
for which activation energies for viscosity were 
determined experimentally. 

That only the first three groups—Au-Ag, Pb-Sn, 
and Sb-Cd—show reasonable agreement with the 
above relationship may be explained partly by the 
fact that tin shows an appreciable increase in co- 
ordination number on melting,” which may in- 
fluence its activation energy in the liquid state. With 
regard to antimony, no information on the change 
in coordination number on melting is believed to be 
available; but on melting, it probably also replaces 
its homopolar bonding, partially or totally, with 
metallic bonding. 

In the Pb-Sn system where the difference in 
atomic volumes is only about 12 pct, no large varia- 
tions in activation energies were obtained. In the 
Au-Ag system where there is no significant differ- 
ence in atomic volumes, no difference in activation 
energies for the metals or alloys was found.” 

In the Sb-Cd system, on the other hand, where 
the components differ in atomic volume by 41.5 pct, 
and also differ greatly in physical properties in the 
solid state, the activation energies of the metals and 
alloys vary by a factor of 10. From this it would 
appear that alloy systems similar to Pb-Sn and Au- 
Ag have almost constant activation energies due to 
the fact that the bonding energies and the mean co- 
ordination of the atoms in the liquid state are prob- 
ably the same at all compositions. 


Summary 


1—The effects of temperature and composition 
on the viscosities of high purity Pb-Sn and Sb-Cd 
alloy systems were investigated. 

2—The decrease of viscosity with increasing tem- 
perature was found to be very gradual even at 1°C 
above the freezing points of the pure metals, or 
above the liquidus temperatures of the alloys in- 
vestigated. 
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3—The addition of small amounts of solute atoms 
which have no solid solubility in the solvent (e.g., 
antimony in cadmium) or limited solid solubility in 
the solvent (e.g., tin in lead or lead in tin), does not 
cause any concomitant increase in the viscosity. 

4—The presence of a minimum relative viscosity 
at eutectic compositions was confirmed. 

5—A viscosity maximum was found at the inter- 
metallic compound, SbCd. 

6—No present theory satisfactorily explains the 
mechanism responsible for variations in viscosity 
with composition changes. 
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Addendum 
Since this paper was submitted for publication, 
Gebhardt, Becker, and Dorner” have published vis- 
cosity data for pure aluminum which confirm the 
present results on the viscosity-temperature rela- 
tionship for pure metals near the freezing point. 
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On the Nucleation of Pearlite 


by M. E. Nicholson 


i order to understand how alloying elements in- 
fluence hardenability through their effect on the 
rate of pearlite nucleation, it is advantageous to use 
a model to describe the mechanism of pearlite nucle- 
ation. The model which currently is most widely 
accepted has been described, among others, by Mehl 
et al.~* and by Hultgren.* Pearlite nucleation in- 
volves both the nucleation of ferrite and cementite.” ° 
Cementite nucleates first, followed rapidly by the 
formation of ferrite at the cementite-austenite inter- 
face. The conclusion that cementite is the first phase 
to form during the process of pearlite nucleation is 
based, in part, on the observation that proeutectoid 
cementite is continuous with pearlitic cementite and 
that the orientation relationship between proeutec- 
toid ferrite and austenite is not the same as that be- 
tween pearlitic ferrite and austenite.” 

Recently, Smith® has suggested that the dissimi- 
larity in orientation relations, instead of indicating 
the pearlite nucleation sequence, may be evidence 
that pearlite is nucleated in a grain adjacent to the 
one in which it is growing. Also, Modin® has shown 
that ferrite in pearlite may be continuous with pro- 
eutectoid ferrite, and he has also shown that proeu- 
tectoid cementite is not always continuous with 
pearlitic cementite. Thus, it appears that the con- 
clusion that cementite always initiates the pearlite 
nucleation process is open to serious question. The 
author believes that important evidence on the ques- 
tion of how pearlite is nucleated exists in the rates 
of pearlite nucleation of different steels. The follow- 
ing is a review and analysis of this evidence. 

If the nucleation of pearlite is considered as re- 
quiring the nucleation of both cementite and ferrite, 
then the time to nucleate pearlite consists of the 
time to nucleate the first phase to form, plus the 
time to nucleate the second phase at the advancing 
interface of the first. In the absence of a visible pro- 
eutectoid constituent, the second phase must be nu- 
cleated very soon after the first. If cementite is the 
first phase to form, the time to nucleate pearlite will 
be approximately equal to the time to nucleate 
cementite. Since the nucleation rate of a phase pre- 
cipitating from solid solution increases with the 
degree of supersaturation, it would be expected that 
the rate of pearlite nucleation should increase with 
increasing carbon content. Digges” has shown that 
the reverse is true. He determined the quenching 
velocity necessary to suppress pearlite formation in 
plain carbon steels as a function of carbon content. 
His results showed that pearlite formation could be 
suppressed with lower quenching velocities as the 
carbon content of the steel increased, at least up to 
1.25 pct C, the highest carbon content he studied. 
Thus, it would appear that in plain carbon steels, in 
which pearlite is formed at the nose of the C-curve, 
the hypothesis that cementite nucleates first does 
not predict the observed change in nucleation rate. 
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The validity of the current model of pearlite nu- 
cleation may be tested also by determining whether 
or not it predicts the relative influence of alloying 
elements on the nucleation of ferrite and pearlite. 
This can be done best by a consideration of the 
changes in a TTT diagram produced by a change in 
alloy content. Hultgren‘ suggests that the general 
shape of a TTT diagram, as well as what constitu- 
ents will form from austenite, can be predicted from 
the relative nucleation rates of ferrite and cement- 
ite. This is illustrated in the schematic diagram for 
a hypoeutectoid low alloy or plain carbon steel 
shown in Fig. 1. The C-curves for ferrite nucleation 
and for cementite nucleation are represented by AA’ 
and CC’, respectively, and the start of ferrite forma- 
tion and pearlite formation are represented by AX 
and BC respectively. Adopting the current theory, 
Hultgren suggests that between X and C pearlite 
forms directly from austenite, since cementite nucle- 
ates more rapidly than ferrite in this temperature 
range. Conversely, at temperatures above T,, ferrite 
is the first to nucleate and proeutectoid ferrite is 
formed. As proeutectoid ferrite grows, austenite be- 
comes enriched in carbon, so that the cementite 
nucleation rate is increased. As a result, pearlite 
nucleation above temperature T, is accelerated, be- 
ginning along BX and not along C’X. Temperature 
T, represents the temperature at which the nucle- 
ation rate of ferrite equals that of cementite. 

By extending this type of reasoning, using the 
principle that the nucleation rates of ferrite and ce- 
mentite increase with increasing supersaturation of 
austenite with respect to these phases, it should be 
possible to predict the influence of carbon content 
on the shape of the isothermal transformation dia- 
gram. For a slightly higher carbon content than 
that of Fig. 1, the curve AA’ representing the begin- 
ning of ferrite formation should be moved to the 
right, whereas the curve CC’ representing the begin- 
ning of cementite formation should be moved to the 
left. For hypoeutectoid plain carbon and low alloy 
steels, this prediction does not agree with existing 
data. Instead, as the carbon content is increased, the 
pearlite curve moves to the right along with the 
ferrite curve and always appears to join it tangen- 
tially. This behavior is demonstrated by the TTT- 
curves of a series of manganese steels" shown in Fig. 
2. In this figure, TTT-curves for four alloys con- 
taining 0.20, 0.40, 0.60, and 1.20 pct C are superim- 
posed. The curves are identified in the figure legend. 
The letters F, P, and C are used to indicate the start 
of ferrite, pearlite, and cementite formation, respec- 
tively. In these steels, it appears that the nucleation 
of ferrite and of pearlite are related processes. 

As a result of the foregoing evidence, it is pro- 
posed that the formation of pearlite be considered 
as follows: Either ferrite or cementite may nucleate 
from austenite, then grow until the remaining phase 
is nucleated at the interface between the growing 
phase and austenite. (The growth of the first phase 
to form is assumed to be accompanied by a compo- 
sition change in the adjoining austenite.) According 
to this model there are two modes of nucleating 
pearlite: 1—where cementite initiates the succession 
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of nucleation, and 2—where it is initiated by ferrite. 
Whichever phase nucleates more rapidly from aus- 
tenite will control the nucleation process. 

Whether pearlite is nucleated with a ferrite-in- 
itiated sequence or a cementite-initiated sequence 
can be inferred from the way in which the nucle- 
ation rate of ferrite and cementite vary with compo- 
sition. In the Fe-C system, shown in Fig. 3, at any 
temperature T., the nucleation rates of ferrite and 
cementite will be zero at Cu and Co, respectively. 
These are the concentrations of the extended solvus 
lines at T, where supersaturation is zero. As the 
carbon content decreases to the left of Cu, the nucle- 
ation rate of ferrite increases, whereas for cementite 
the nucleation rate increases as the carbon content 
increases to the right of C,. At some point between 
C, and C, the nucleation rates of ferrite and cement- 
ite will be equal. This concentration has been des- 
ignated as Cy. The locus of these points is repre- 
sented by the dashed line SL. Since ferrite nucleates 
more rapidly than cementite to the left of SL, in 
this region pearlite will be nucleated by a ferrite- 
initiated sequence. To the right of SL the process 
will be a cementite-initiated sequence. 
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Fig. 1—Schematic TTT diagram for hypoeutectoid steel. After 
Hultgren.* 
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Fig. 2—TTT diagram for 1.88 pct Mn steel of various carbon 
contents.” 
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The position of SL is determined by the influence 
of temperature on the nucleation rates of ferrite and 
cementite. Data for these nucleation rates” are 
meager and of somewhat doubtful value for the car- 
bon concentrations pertinent to this discussion. 
However, the relative change in nucleation rates 
may be predicted from nucleation theory. Since, in 
plain carbon steels, the interfacial free energy is less 
between austenite and ferrite than between austen- 
ite and cementite,“ and since the available free 
energy from the austenite-ferrite transformation in- 
creases with increased supercooling more rapidly 
than from the austenite-cementite transformation,” 
the rate of ferrite nucleation would be expected to 
increase more rapidly than cementite nucleation. 
Under these conditions, SL assumes higher carbon 
concentrations at lower temperatures. 

In the system depicted in Fig. 3, a hypoeutectoid 
steel, C., will lie to the left of SL and therefore 
pearlite will be nucleated by a ferrite-initiated 
sequence for all temperatures. A slight increase in 
carbon content therefore will reduce austenite su- 
persaturation with respect to the initiating phase 
and will shift the ferrite as well as the pearlite line 
to the right as shown schematically in Fig. 4. 

In another alloy system the influence of alloying 
elements may be to reduce the nucleation rate of 
ferrite with respect to the nucleation rate of cement- 
ite as the degree of supercooling increases. Under 
such circumstances, the line SL will assume lower 
and lower values of carbon concentration as super- 
cooling increases as shown in Fig. 5. For a hypoeu- 
tectoid steel in this system of composition C,., the 
TTT diagram will have the appearance shown in 
Fig. 6. In this alloy pearlite that is formed from 
austenite below T, is nucleated by a cementite-in- 
itiated succession, since for this range of tempera- 
tures and compositions cementite nucleates more 
rapidly than ferrite. Above T,, pearlite is nucleated 
by a ferrite-initiated succession. Thus, the process 
of the nucleation of pearlite in this alloy is the same 
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Fig. 3—Hypothetical phase diagram for plain carbon steel show-  _ 


ing line of equal nucleation rate of ferrite and cementite, SL. 
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Fig. 4—Schematic TTT diagram of plain carbon hypoeutectoid 
steel. 


as described by current theory. If the carbon con- 
tent is increased slightly, the ferrite curve will move 
to the right, the pearlite to the left, and the temper- 
ature where the ferrite nucleation rate equals the 
cementite will increase to temperature T). 

When the time to nucleate the second phase in 
pearlite becomes appreciable, the simple approxi- 
mation that the time to form pearlite equals either 
the time to nucleate ferrite or cementite (directly 
from austenite) is no longer valid. Under such 
circumstances, the first phase to nucleate will grow 
as a proeutectoid phase. When this occurs, a more 
complex analysis is necessary, involving the growth 
rate of the proeutectoid phase and the nucleation 
rate of the second phase at the interphase boundary. 
Such an analysis is beyond the scope of this paper; 
therefore no attempt has been made to predict in 
Fig. 6 the influence of a slight change in carbon con- 
tent on the start of pearlite following the formation 
of a proeutectoid ferrite. 

The two-mode model of pearlite nucleation also 
may be applied to hypereutectoid steels. For tem- 
peratures and compositions lying to the right of the 
SL line, pearlite will be nucleated by a cementite- 
initiated process, whereas to the left it will be nu- 
cleated by a ferrite-initiated sequence. 

If nucleation of pearlite may be initiated by either 
ferrite or cementite, it is apparent that the influence 
of an alloying element on the nucleation of pearlite 
will be different, depending upon the mode of nu- 
cleation. For example, if pearlite nucleation is fer- 
rite-initiated, an alloying element will only influ- 
ence the pearlite nucleation rate if it retards the 
nucleation rate of ferrite. The maximum possible 
delay that could be produced by such alloying would 
be the difference between the time to nucleate ferrite 
and the time to nucleate cementite. In a low carbon, 
low alloy steel, where the nucleation rates of ferrite 
and cementite are very different, the time to nucleate 
pearlite can be greatly increased by decreasing the 
nucleation rate of ferrite. However, in a eutectoid 
carbon low alloy steel, such an alloy addition would 
have no effect because, although the time to nucleate 
pearlite by a ferrite-initiated sequence is increased, 
the time to nucleate pearlite by a cementite-initiated 
sequence remains unchanged. The difference in the 
effect of alloy on hardenability of a hypoeutectoid 
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Fig. 5—Phase diagram of high alloy steel showing hypothetical line 
of equal nucleation rate of ferrite and cementite, SL. 
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Fig. 6—Change in TTT diagram of high alloy hypoeutectoid steel 
produced by slight change in carbon content. 


and a eutectoid steel described above is clearly the 
difference observed when boron is added to steel.” 
Probably boron is less effective in increasing hard- 
enability in high carbon steels chiefly because it has 
a smaller effect on the nucleation rate of ferrite as 
carbon content increases. Nevertheless, the effec- 
tiveness of an alloying element which affects only 
the nucleation rate of ferrite or cementite is limited. 

On the basis of the two-mode model of pearlite 
nucleation, it would appear that in steels where 
hardenability is limited by the pearlite transforma- 
tion, the use of alloying elements to improve hard- 
enability would be most effective where a combina- 
tion of alloying elements were added which reduced 
both the nucleation rate of ferrite and the nuclea- 
tion rate of cementite. 
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The two-mode model of pearlite nucleation which 
has been discussed in the preceding paragraphs dif- 
fers from the model of Mehl** and Hultgren‘ in that 
it proposes that either ferrite or cementite may in- 
itiate the nucleation of pearlite, depending upon 
composition and temperature. This two-mode model 
appears to be in accord with all of the observed 
structural relations and rates of pearlite nucleation. 
Such a model offers an explanation of the loss of 
hardenability effect with increasing carbon content 
observed in boron-treated steels. 
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Technical Note 


Effect of Tempering on the Hardness of Retained Austenite 


by Philip Stark and B. S. Lement 


CCORDING to Hanemann’ the hardness of re- 
tained austenite in a 1.7 pct C steel is increased 
by subsequent tempering. He reported that the hard- 
ness of this constituent increases only slightly on 
tempering to 300°F, rises more rapidly above this 
temperature, and attains the same value as the tem- 
pered martensite present in steel at approximately 
480°F. The variation of hardness of both retained 
austenite and martensite with tempering tempera- 
ture as obtained by Hanemann’ is shown in Fig. 1. 
Hanemann attributes the increase in hardness of 
the retained austenite essentially to continued for- 
mation of fine needles of martensite on tempering. 
Although he did not explain the actual mechanism 
involved, work hardening of retained austenite by 
the plastic deformation associated with such mar- 
tensite formation appeared to be a possibility. 
Recently Lement, Averbach, and Cohen’ reported 
the existence of subgrains, about 1000A in diameter, 
in retained austenite and suggested that they may be 
delineated by a subboundary carbide. This raised 
the possibility that carbide precipitation might be 
responsible for the hardening reported by Hanemann. 
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In view of these conflicting possibilities, an inves- 
tigation® was carried out on a high purity, Fe-C 
alloy containing 1.7 pct C in order to clarify the 
nature of the phenomenon involved in the reported 
hardening of retained austenite. This investigation 
involved correlation of changes in microhardness 
and microstructure of the austenite as a result of 
tempering. Microhardness tests were made with a 
Tukon tester using a 25 gram load and a Vickers 
diamond. It was found that two groups of austenite 
hardness values were obtained after tempering at a 
series of temperatures up to 450°F, which was the 
highest temperature at which retained austenite 
regions could be identified microscopically. One 
group represents a high hardness level which in- 
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1000 
u-Mortensite 


Fig. 1—Microhard- 
ness of martensite, 
austenite, and of their 
transition phases in 
a steel of 1.7 pct C 
content as obtained 
by Hanemann.* 
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creases with tempering temperature, whereas the 
other is a low hardness level that remains essenti- 
ally constant. A greater amount of scatter in indi- 
vidual hardness readings was found for the high 
hardness than for the low hardness level. The hard- 
ness results are shown in Fig. 2. 

The fact that the hardness of some of the austenite 
patches failed to increase with tempering tempera- 
ture indicated that hardening of retained austenite 
does not occur uniformly, if at all. Therefore it was 
considered possible that the variation in hardness 
levels might be due to the variation in the size of 
the austenitic regions, the smaller regions exhibit- 
ing a higher hardness than the larger regions due to 
the anvil effect of the surrounding martensite. How- 
ever, in view of the fact that little variation in hard- 
ness was found in both the as-quenched and 100°F 
temper specimens, this explanation does not appear 
to be valid. 

Likewise, if precipitation of carbide at subbound- 
aries in the retained austenite were responsible for 
hardening, a uniform change in hardness normally 
would be expected. Even if nonuniform carbide 
precipitation occurred at low tempering tempera- 
tures, eventually all regions should show an in- 
crease in hardness with increase in tempering 
temperature. Since this was not observed, it was 
concluded therefore that, even if precipitation of 
a subboundary carbide actually occurred, it did 
not contribute to overall hardening. Conceivably, a 
hardening effect due to subboundary carbide pre- 
cipitation could be counterbalanced by the attendant 
softening effect due to carbon depletion of the inte- 
rior of austenite subgrains. 

Upon careful examination of the 450°F specimen 
under the microscope, some of the austenitic patches 
were found to contain a light etching constituent in 
addition to darkened martensitic plates, as shown in 
Fig. 3. The shape of the light etching constituent 
appeared mainly irregular although definitely acicu- 
lar in some cases. This constituent could only be 
distinguished from the austenitic matrix when the 
specimen was severely etched and a high magnifica- 
tion was used. The severe etching is believed re- 
sponsible for the relief effect appearing in the aus- 
tenite patches shown in Fig. 3. On retempering the 
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Fig. 2—Microhardness of austenitic regions as a result of tempering 
a 1.7 pct C steel. 
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Fig. 3—Micrograph 
showing the presence 
of untempered  sur- 
face martensite in 
retained austenite 
patches. Modified 
picral etch. X2000. 
1—Surface marten- 
site. 2—Retained 
austenite. 3—Tem- 
pered volume mar- 
tensite. 


polishing, it was observed that darkening of this 
light etching constituent occurred. Repolishing and 
re-etching this specimen resulted again in the for- 
mation of the light etching constituent. 

It is believed that this light etching constituent is 
what has been termed “surface martensite” by 
Balluffi.*. According to Balluffi, surface martensite 
differs from the martensite that exists throughout 
the volume in that it forms at a new surface created 
by either mechanical polishing or electropolishing 
at a temperature below Ms. Balluffi offered no ex- 
planation of the actual mechanism involved in sur- 
face martensite formation. 

The occurrence of surface martensite affords an 
explanation for the two hardness levels obtained on 
tempering the 1.7 pet C alloy. Hardness indenta- 
tions were supposedly made in regions containing 
only austenite. However, on retempering the 450°F 
temper specimen, it was observed that many of the 
indentations were actually made in areas containing 
both austenite and surface martensite; thus what 
was obtained in such cases was actually a composite 
hardness resulting from the contributions of surface 
martensite and retained austenite. This viewpoint is 
supported by the fact that the wholly austenitic 
areas in the retempered 450°F temper specimen 
were found, within experimental accuracy, to be 
equal in hardness to austenitic areas in the as- 
quenched specimen. Therefore, the observed in- 
crease in hardness of apparent austenitic regions is 
not due to an increase in hardness of the austenite 
only, but to the formation of surface martensite. 

The fact that the divergency between the high 
and low hardness levels increases with tempering 
temperature indicates that the formation of surface 
martensite is aided by prior tempering. However, 
Balluffi reported that tempering had no effect on 
surface martensite formation in high nickel steels. 
Either Balluffi’s conclusion requires modification be- 
cause of the difficulty in determining the amount of 
surface martensite present in an untempered speci- 
men, or else the 1.7 pct C alloy behaves differently 
from nickel steels with respect to surface martensite 
formation. 
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Ordering Reaction of the Cu.Pd Alloy 


by A. H. Geisler and J. B. Newkirk 


The alloy Cu,Pd has a disordered face-centered-cubic structure when quenched from 
ent araiias between 478°C and the melting point (about 1100°C). Below 478°C an or- 
dered phase is stable. The results of a Debye-Scherrer X-ray analysis indicate that the 
ordered phase has a tetragonal unit cell described by the space group Cin — Prom with 
2 Cu in 2a, 2 Cu in 2f, 4 Cu in 4j (x = 0.2, y — 0.6), 4Pd in Aj (x = 0.4, y = 0.2), and 
8 Cu in 8k (x = 0.1, y = 0.3). The orientation relationship between the face-centered- 
cubic phase and the ordered tetragonal phase is given by: [100]ora. // [130 Jais. 


[001 Fora. // [001 Jais. 


The behavior of Cu,Pd is typical of ordering alloys except that the transformation is 
very sluggish. The increase in hardness and the microstructural and X-ray diffraction 
effects are interpreted in terms of coherency strains caused by the ordering. 


N anomalous construction in the Cu-Pd phase 
A diagram (Fig. 1) was reported in 1939 and has 
been allowed to stand without further published at- 
tention since that time. The odd figuration about the 
composition 10 to 27 atomic pct Pd is derived mostly 
from the work of Jones and Sykes.” Evidently sev- 
eral features of this binary system require further 
study if the constitutional forms are to be well 
understood. The present paper includes a study of 
one of these features, that is, the crystal structure of 
a single ordered alloy containing nominally 20 
atomic pet Pd. This choice of composition was sug- 
gested by the work of Harker and associates who 
determined the structure of Ni,Mo* and Ni,W.* The 
nature of the ordering process in Cu,Pd was studied 
also by observing the hardness, microstructure, and 
Debye-Scherrer patterns of specimens which had 
been aged at various temperatures after quenching 
from an initial disordering treatment. 


Experimental Methods 

A 20 gram ingot of Cu,Pd was made by melting 
spectrographically standardized copper from John- 
son, Matthey, and Co., and commercially pure 
(99.5+) palladium in an argon-filled quartz tube. 
Chemical analysis showed that the ingot contained 
80.0 atomic pct Cu. The ingot was rolled about 60 
pet to a strip 0.060 in. thick and was homogenized 
for 16 hr at 950°C in low pressure argon. Rods cut 
from the rolled strip were worked into wire 0.015 
in. in diameter, and specimens for hardness and 
microscopic examination were cut from the remain- 
ing strip. All specimens, with the exception of some 
of the wire, were given an initial disordering treat- 
ment by heating for 16 hr at 950°C, followed by 
water quenching. 

A 10 cm length of as-drawn wire was water 
quenched after being held in a temperature-gradient 
furnace’ for 89 days. Room-temperature Debye- 
Scherrer photograms were then made at points 
along the wire to determine the temperature below 
which the ordered phase was stable. Although the 
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Fig. 1—Cu-Pd phase diagram according to reference 9. 


accuracy of temperature determination in the gra- 
dient was only about +10°C, the temperature gradi- 
ent was sufficiently gradual that the sensitivity was 
much better and locations which had differed by as 
little as 1°C could be distinguished. An analysis of 
the crystal structure of the well ordered alloy was 
made by X-ray diffraction using a specimen cut 
from this wire. 

The change of Debye-Scherrer pattern as order- 
ing progressed was studied by using isothermally 
aged samples of initially disordered wires. The wires 
were sealed under low-pressure argon in small 
quartz tubes for heat treatment. After the aging 
treatment, the tubes were quenched in water and 
photograms were made at room temperature in a 
10 cm diam camera using filtered Cu kX. (A = 
1.5405A) 

Hardness was measured on a Vickers hardness 
tester using a 10 kg load and 2/3 in. objective lens. 
Reported values are the average of at least three 
impressions made on flat specimens 0.060 in. thick. 
After the hardness of a heat-treated sample had 
been measured, it was resealed in low-pressure 
argon and returned to the furnace for continued 
aging at the same temperature. In this way, two 
samples served for all aging times at each tempera- 
ture. Hardness specimens which had been aged 
500 hr or more were used for metallographic exam- 
ination after the final aging treatment. A dilute 
potassium-dichromate etching solution was used. 
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Fig. 2—Debye-Scherrer photograms 
of Cu,Pd. 


a—Quenched from above 479°C. 
Structure is disordered face-cen- 
tered-cubic. 


b—lInitially as-drawn wire held 89 
days at 445°C, then quenched in 
water. Structure is ordered tetrag- 
onal. 


Table |. Summary of Behavior from Debye-Scherrer Survey 
Aging 
Tempera- 

ture, Aging 

°C Time Debye-Scherrer Pattern 

350 30 min Sharp face-centered-cubic only. 

350 5 hr Sharp face-centered-cubic only. 

350 25 hr Sharp face-centered-cubic only. 

350 100 hr Sharp face-centered-cubic only. 

400 7¥2 min Sharp face-centered-cubic only. 

400 30 min Sharp face-centered-cubic only. 

400 5 hr Sharp face-centered-cubic only. 

400 50 hr Sharp face-centered-cubic only. 

Very slight diffuseness about 
high-angle doublets. 

400 100 hr Sharp face-centered-cubic only. 
Very slight diffuseness about 
high-angle doublets. 

450 7¥2 min Sharp face-centered-cubic only. 

450 30 min Sharp face-centered-cubic only. 

450 5 hr Slight diffuseness about high-angle doub- 
lets. 

450 50 hr Face-centered-cubic; high-angle doublets 
barely resolved; very weak sharp super- 
lattice lines. 

450 100 hr Face-centered-cubic; high-angle doublets 
not resolved; very weak sharp super- 
lattice lines. 

450 500 hr Sharp face-centered-tetragonal and super- 
lattice lines; resolved high-angle doub- 
lets. 

450 2136 hr Face-centered-tetragonal; high-angle 
doublets well resolved; sharp superlat- 
tice lines. 

Results 


The order-disorder transformation temperature 
was conveniently found by means of the wire which 
had been equilibrated in a temperature gradient. 
All patterns made at points on the wire which had 
been held above 478°C were characteristic of a 
disordered face-centered-cubic structure as shown 
in Fig. 2a. Those made at points held at lower 
temperatures contained superlattice lines and split 
main-lattice lines as in Fig. 2b. At points from 478° 
to 470°C, the superlattice lines became relatively 
stronger and the c/a ratio deviated more and more 
from unity. No evidence of a 2-phase temperature 
interval was found.’ The sensitivity of the method is 
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such that a 2-phase transformation range greater 
than 1°C would have been detected if present. The 
absence of a 2-phase range therefore may be taken 
as evidence that 20 atomic pct Pd is very close to, if 
not the, stoichiometrically correct composition for 
the structure which forms. From 470°C to the 
cooler end of the wire (430°C), there was no ob- 
servable change in the diffraction pattern. 

The wires which were isothermally aged for vari- 
ous times gave Debye-Scherrer patterns in which 
some of the face-centered-cubic lines remained 
sharp throughout the ordering process. Other lines 
became diffuse as aging proceeded. Those which 
became diffuse finally were resolved into two or 
more lines, indicating that structural equilibrium 
was probably attained. Unlike the behavior of 
Ni,W,* CoPt,’ and CuAu,’ this sequence was charac- 
teristic of all aging temperatures tested, that is, 
350°, 400°, and 450°C. The development of the 
superlattice lines was coincident with the diffusion 
and subsequent resolution of the split main-lattice 
lines. A summary of the behavior from the Debye- 
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Fig. 3—Effect of isothermal aging on the hardness of initially 
disordered Cu,Pd. 
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Scherrer survey is given in Table I. Slow cooling 
from 450° to 300°C over a period of two weeks gave 
sharp face-centered-tetragonal lines and _ sharp 
superlattice lines. 

The hardness of the quenched disordered samples 
varied by as much as 15 numbers, which accounts 
for some of the scatter of data points in Fig. 3. It 
was evident, however, that the trend is definitely 
toward higher hardness with longer aging times. 
No clear evidence of overaging was found. 

The etched microstructure of disordered and 
quenched samples contained equiaxed grains with- 
out visible substructure except for occasional twin- 
ning, Fig. 4a. As ordering progressed, the grains .be- 
gan to etch darker, due to an unresolvable sub- 
structure. Recrystallization at matrix grain bound- 
aries, such as that found in CoPt and other alloys* 
after low-temperature aging, was not observed in 
the microstructure; but striations characteristic of 
ordered CuAu and CoPt were found in Cu,Pd which 
had been aged 1000 hr at 450°C, Fig. 4b. 


Table III. Atom Distribution of Cell Described by 
Space Group C*sn — Psom 


Cu Atoms at: 


xyz— 00 00% 
Yo V4 Ye Yo Yq 
.2.60 4.2 Ya 6.842 
1.3% 3.9% 7.1% 9.7% 
1.3% 3.9% 7.1% 9.7% 
Pd Atoms at 
A, .6.8 0 8.4Y2 = 2.6% 


Crystal Structure of the Ordered Phase 

A portion of wire was cut from the gradient- 
annealed specimen and a Debye-Scherrer photo- 
graph was made at a point corresponding to about 
445°C. The position of each diffraction line on this 
pattern was measured and the relative intensities of 
the lines were estimated visually. The results are 
listed in columns A and B of Table II. The intense 
lines can be indexed as the main lines of a large 
ordered tetragonal cell as proposed by Jones and 
Sykes’ and shown in Fig. 5a. However, many super- 
lattice lines would be expected and the agreement of 
some of the predicted with the observed would not 
provide a convincing solution of the structure. 

Apparently the disordered face-centered-cubic 
cell (a, = 3.682A) becomes tetragonal (c/a<1) on 
ordering because the (ARN) tace-centerea-cunie lines do 
not split and each of the (R00) Lines 


| ( 
‘ 
\ 
\ 


a—Quenched from 950°C. 
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Fig. 4—Microstructure of Cu,Pd. 


splits into two lines, the more intense being at the 
lower angle. The dimensions of the small face- 
centered-tetragonal cell (Fig. 5b) were calculated 
by Cohen’s method to be a = 3.685A, c = 3.664A + 
0.001A; c/a = 0.994. The values of 1/d* for all planes 
for which 6<90° were then calculated on the basis of 
this tetragonal cell. The. Miller indices and 1/d* 
values are listed in columns C and D of Table II. 
Since information was lacking concerning atomic 
distribution, a calculation of relative intensities was 
made with the assumption that 


F = 3fou — fra if h, k, l, are all even or all odd 
and. F = fra—fevif h, k,l, are mixed even and odd. 


In doing this, it is assumed that the atoms are lo- 
cated as in ordered Cu,Au and that the extra 5 atomic 
pet Cu atoms are dispersed at random on the Au- 
sites and have a negligible effect on X-ray scattering 
from the lattice as a whole. The results of these 
calculations are listed in column E of Table II. Al- 
though the observed intensities and positions of the 
main-lattice lines agree with those calculated on the 
basis of this ordered tetragonal cell, there is serious 
discrepancy among the superlattice lines. Many 
lines were observed for which none is provided on 
the basis of the ordered face-centered-tetragonal | 
cell. Therefore it must be concluded that this struc- | 
ture is not correct. 
The next simplest cell is that proposed by Harker” 
for Ni,Mo and shown in Fig. 5c. Using the elemental 
tetragonal cell determined from the main Debye- 
Scherrer lines in the pattern given by ordered 
Cu,Pd, the dimensions of the corresponding Ni,Mo- 


type cell were calculated from the relationship 


6/5/25. 
C=c=3.664A. | 


The x’ and y’ axes of the large cell are rotated ' 
19.5° about the Z axis, common to the large and 


‘small cells. The indices, predicted positions and in- 


tensities of diffraction lines of this Ni,Mo-type cell, 
are listed in columns F, G, and H of Table II. Com- 
parison with the observed values in column A_ 
shows that the experimental pattern cannot be in- | 
dexed on the basis of the Ni,Mo-type cell. 

If the height of the Ni,Mo-type cell were doubled 
and the atoms were redistributed as shown in Fig. , 
5d, the 4:1 stoichiometry and the overall tetragonal 
symmetry would be retained. This cell is described ' 


b—Quenched from 950°C, followed by 1000 hr at 450°C, and air 
cooled. X500. Area reduced approximately 65 pct for reproduction. 
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a—Cu;Pd after 
Jones and Sykes.’ 
Atom distribution 
not known. 


c—NisMo-type 
after Harker.” 


ine X— 
od @o 
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b—Ordered face- 
centered-tetra- 
© 


gonal Cu.Pd. 
x 


d—2-high: invert- 
x 

Zz 

x —-| 


Fig. 5—Various superstructures which have been considered for CusPd. X, Y, and Z refer to the axial directions of the disordered face- 
centered-cubic lattice; X’, Y’, and Z’ refer to the axial directions of the ordered cell. a, b, c, and A, B, C refer to the dimensions of the 


disordered and ordered cells, respectively. 


by the space group Gie — P.m with atom distribution 


as shown in Table III. The x and y parameters are 
derived directly from the symmetry of the large 
tetragonal cell.* If the atoms were displaced by 
having x and y parameters other than those given 
in Table III, these main face-centered-tetragonal 
lines would not be sharp. 


* To. conform with conventional crystallographic notation, primes 
have been dropped from x’, y’, and z’. Atom coordinates designated 
DY ou. Ys and 2 in the remainder of the paper and in the abstract 
refer to the large tetragonal cell. 


The hkl-structure factors for this so-called 2-hi 
inverted Ni,Mo-type cells are: 


I—F = 4(fea + 4for.) when 2h + k = 5n and 
h+k+1=2nandl= 4n 
or 
4n + 2 


(fea — fou) when 2h + k = 5n and 
4n + 2 
or 
h+k+1=2nandl= 4n 


3—F = 2.2 (fea — four) When 2h + k = 
anand 1: 


4—F = fra — for when 2h + k = Sn and 1 = 2n. 
5—F = 0 when 2h + k = d5n andl =2n + 1. 


The relative intensities (F*p), where p is the mul- 
tiplicity of equivalent planes, were calculated using 
the approximation that fra = 2fo.. These, with the 
Miller indices and the line positions for the cell in 
Fig. 5d, are listed in columns I, J, and K of Table II. 

The values of (F’p) for the three types of unit cells 
discussed above have been normalized on the basis 
of the 200 reflection of the simple face-centered- 
tetragonal unit cell, since this is a main-lattice line 
for all three structures. The agreement between 
observed and calculated values for line position and 
intensity | is best for the 2-ht inverted Ni,Mo-type 
cell, although some intensity inversions still occur. 

An attempt was made to explain the discrepancies 
between I,,,. and Ia... for the 2-hi structure by cal- 
culating the effect of errors in ordering upon the 
intensity of the questionable reflections. Five differ- 
ent types of errors are possible and are shown in 
Fig. 6. Wherever a serious intensity inversion oc- 
curred, the value of F’ for the reflection was recal- 
culated, assuming one of the errors to be present. 
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Fig. 6—Various types of ordering errors due to atomic 


interchange in Cu,Pd. 


@,x A ATOMS OF DIFFERENT 
LEVELS 

°©,O B ATOMS OF DIFFERENT 
LEVELS 

@® SITES FOR EXTRA B 
ATOMS TO FORM AxB 
LATTICE 


x e 


Fig. 7—Formation of the structure-type Ll, (ordered CusAu-type) 
lattice from the ordered CusPd lattice by composition adjustment 
and the operation of type-! atom interchanges. 


The ratio of the recalculated intensity to the original 
intensity without errors was determined for each of 
the errors, and the average of all five was found for 
a given hkl reflection. These values are listed in 
columns L through Q in Table II. Although not all 
the intensity anomalies are explained in this way, 
in most cases the average effect of the errors is to 
improve the agreement between the observed and 
the calculated intensity. Even when allowance is 
made for errors in the ordering, complete agreement 
between observed and calculated intensities is lack- 
ing, and therefore the results are not fully satisfy- 
ing. Still, of the four unit cells considered here, the 
last is the most probable and it is therefore offered 
for general consideration. 

By introducing various types of changes analo- 
gous to the above errors and by varying the com- 
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position in increments of 5 atomic pct, ordered 
tetragonal or cubic cells, which have stoichiometric 
Pd to Cu ratios based on any integral partitioning 
of the two species among a total of twenty atoms, 
may be built up. For example, the crystallographic 
relationship between the Cu,Pd cell and the Cu,Au- 
type cell can be speculated upon. By suitable intro- 
duction of type-I errors and the addition of the 
necessary 5 pet Pd atoms, as indicated in Fig. 7, the 
well-known ordered Cu,Au-type lattice is produced. 
This line of thought might lead to the explanation 
of other unusual crystallographic features of this 
system in the composition range 10 to 40 atomic 
Conclusions 

At temperatures between 478°C and the melting 
point, Cu,Pd has a face-centered-cubic lattice 
(a, = 3.682A) with random distribution of atoms 
upon the lattice sites. This structure can be retained 
by quenching from above 478°C to room tempera- 
ture. Below 478°C the ordered phase is stable. It is 
proposed that the unit cell of the fully ordered 
lattice contains 20 atoms arranged in a tetragonal 
structure: -(A== .B = "5.82645 7.328A). “This 
structure is described by the space group C*s. — Psym 
with: 2 Cuan 2-Cu-in 2 f, 4-Cu in 447 (x 
in 8 k (x = 0.1; y = 0.3). The orientation of the 
ordered structure with respect to the parent disor- 
dered lattice is given by the relationships: 


[001 [001 Jats. 


The behavior of Cu:Pd is typical of ordering alloys 
with regard to changes in hardness and microstruc- 
ture occurring during the ordering process. How- 
ever, in spite of the relatively high ordering tem- 
perature, the alloy orders very slowly. There is no 
evidence of overaging (i.e., softening) even in the 
sample held for 1000 hr at a temperature only 28° 
below the disordering temperature. The slow reac- 
tion rate may be due to the large unit cell and at- 


tendant long atomic-interaction distances. The 
slight hardening induced by ordering is due pre- 
sumably to coherency strains which accompany the 
reaction. Such strains also could account for the 
diffusion of the coherent X-ray scattering, observed 
as a gradual shift in position of Debye-Scherrer 
lines, and for the self-deformation found in the 
striated microstructure. 
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Technical Note 


Method of Using a Fine-Focus X-ray Tube for Examining 


The Surface of Single Crystals 


by 


HE possibility of using reflected X-rays to pro- 

duce images of crystals was explored by Barrett* 
who developed simple experimental procedures for 
X-ray microscopy and who showed by numerous 
examples the great range of information that could 
be made available. In his method characteristic 
radiation is used to produce an image of a limited 
area of the sample on fine-grained film, this image 
subsequently being enlarged approximately X100. 
A somewhat different method will be described 
here;* white radiation from a fine-focus X-ray 
tube** is used to produce an image of a relatively 
large area of a single-crystal surface. 


* The tube was constructed according to the design of Ehrenberg 
and Spear.® 


As shown in Fig. 1, the single-crystal sample is 
placed at an angle of about 25° to the axis of a 
diverging X-ray beam. To satisfy the Bragg condi- 
tion, a different wave length is required for each 
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Schulz 


SAMPLE 
25m 
FINE - FOGUS 
Fig. 1—Experi TUBE 


mental arrange- VA / X>r 
ment showing po- 
sition of X-ray 
source, sample, 
and photographic 
film or plate. 


part of the sample; therefore, white radiation is 
needed. The resolution in the image formed on the 
photographic film will depend on the size of the 
focal spot of the X-ray tube. If the sample is made 
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PLATE = 


up of subunits with slightly different angular orien- 
tations, each unit will form its own image, as shown 
in the smaller diagram at the lower right, Fig. 1. 
On a photograph the boundaries between these re- 
gions are indicated by gaps if they form ridges on 
the surface, or as overlaps if they form valleys. In 
the example in Fig. 2 the largest angular displace- 
ment is about 3 min; also visible are marks due to 
scratches and inclusions. 

For uniform magnification over the whole area of 
the sample, the film is placed parallel to the sample 
surface. This requires careful alignment and the use 
of single-emulsion film or a plate. If a subregion is 
rotated through a small angle ¢ about a vertical axis 
(normal to the plane of Fig. 1), the gap, or overlap, 
on the photograph will be 2¢S/sin @. Here S is the 
separation of the plate and sample (usually about 
6 in.) and @ is the angle of incidence of the X-ray 
beam on the reflecting planes of the sample. If the 
subregion is rotated about a horizontal axis, the gap 
will be 24S sin 6. Thus, even though the magnifica- 
tion in the parallel position is uniform, the effects of 
angular displacements will show much more promi- 
nently (by a factor of 1/sin 6°) if the rotation is 
about the vertical axis, as is evident from the images 
of subunits shown in Fig. 2. For a rapid survey the 
more easily attained position P’ was used; the gaps 
were then 2¢S and 2¢S sin 6, respectively. In this 
position, however, the magnification is greater in the 
vertical direction than in the horizontal. 

The photographs of Fig. 3 made with the film in 
the parallel position show some of the principal fea- 
tures of metal crystals. With a sufficiently large 
film, a series of images such as those in Fig-2a is 
obtained. Since each reflection is for a different 
geometry, it is possible to obtain a rough idea of the 
three-dimensional structure of the sample. The 
white lines in one of the upper patterns were pro- 
duced by characteristic radiation of the tungsten 
target. The boundaries of the gross defect at the 
center of Fig.°2b could be seen by direct visual in- 
spection, as the displacement amounted to about 20 
min of are. Patterns of crystals grown by strain- 


Fig. 2—Photograph taken in parallel position of the cleavage sur- 
face of NaCI sample roughly 1 in. on an edge. 
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Fig. 3—Photographs of Al crystals. a and b are of crystals grown 
from the melt. c and d are of crystals grown by strain-annealing. 


annealing, Fig. “dc and d, show clearly the wavy 
nature of the lattice which seems to be common to 
crystals of this origin. (The small lighter reflections 
in c also show the wavy lattice.) The main crystals 
had been punched with a fine needle; the diameter 
of the distortion was about five times that of the 
needle. 

Some practical details follow: To obtain good pat- 
terns of a metal sample, it is essential to remove 
completely (by etching) all cold-worked or defec- 
tive material on the crystal surface. Exposure times 
varied from 30 to 60 min with a tube input of 200 
microamp at 35 kv, using no-screen-type X-ray 
film. With ionic crystals, subregions rotated by as 
little as 15 sec could be detected. For metals the 
sensitivity was less because, in addition to sub- 
boundaries, the lattice showed continuous curva- 
tures as in Figs. 3c and d. The angle of incidence 
of the X-rays on the sample should be kept below 
30° to avoid excessive fogging of the plate. Tung- 
sten was usually found to be most suitable as the 
target material; however, its characteristic radia- 
tion produced excessive fluorescence of zinc, making 
it necessary to switch to a copper target for samples 
containing zinc. 
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Mechanism for the Origin of Recrystallization Nuclei 


by John P. Nielsen 


When two grains in a polycrystalline specimen meet at a point in the course of grain-boundary 
movements, and the new boundary created at the point is one of relatively low specific free energy, 


a nonequilibrium boundary condition occurs. 


The nonequilibrium is enhanced if the other grain 


boundaries involved at the point of meeting are relatively high in specific free energy. The nonequi- 
librium results in a correction by growth of the complex grain (two subgrains) to a large size, suffi- 


cient in many cases for it to become a self-propagating unit, i.e., 
mechanism, herein called “geometrical coalescence,” 


a recrystallization grain. This 
is proposed as a logical origin for recrystalliza- 


tion nuclei, particularly for secondary recrystallization. 


ECENT publications’ indicate that considerable 

progress has been made toward a complete un- 
derstanding of the three microstructural processes 
in metals: recovery, recrystallization, and grain 
growth. However, a major problem persists, namely, 
the origin of recrystallization nuclei. It is generally 
accepted that once a recrystallization nucleus, a sec- 
ondary recrystallization nucleus particularly, has 
reached a certain size, it will continue to grow at the 
expense of its neighbors, simply as a consequence of 
grain-boundary free-energy considerations. What 
has remained obscure, however, is the mechanism 
whereby such a nucleus comes into being and grows 
to the self-propagating size. 


Recrystallization Nucleation in a Two-Dimensional 
Grain-Boundary System 


In the left portion of Fig. 1 is shown schematically 
the meeting of grains 1 and 4 on disappearance of 
boundary 2-3, ie., the boundary that existed be- 
tween grains 2 and 3, as might happen in the course 
of normal grain-boundary migration. If, by chance 
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of argument, that boundary: 1-: 


‘n 1—On the left, grains 1 and 4 meet to form a subboundary of 
very low energy, resulting in the coalesced complex grain 0 at the 


right with grains 1 and 4 as subgrains. 
disappeared. 


Grains 2 and 3 have 


bana the probability is not necessarily _small— 

rains 1 and 4 are close together in’ their mutual 

rientations, or in some other spetial way mutually 
oriented so that the new common boundary has rela- 
tively a very low specific free energy (hereinafter 
referred to by a), then the grain boundary * “arrange- 
ment as depicted in the figure is highly unstable. 
This is particularly so if boundaries 1- 3, 3-4, 4-2, 
and 2-1 are high in their o values. Assuming, for the 
“has a & equal . 
to zero, and the o’s of all the other boundaries pres- 
ent are equal to each other and constant, then. the 
boundary arrangement on the. right in Fig. 1 will-be 
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developed. Here grains 1 and 4 have now coalesced 
into complex grain 0. This grain is still unstable be- 
cause of the boundary curvatures and the inability 
to produce equilibrium junctions at the vertices. 
Furthermore, the instability is such that the grain 
attempts to grow larger. In effect it has become a 
spurious grain consuming its neighbors, just as 
occurs in recrystallization. 

For the purposes of convenience, this type of 
mechanism, in which a large complex grain is cre- 
ated that is self-propagating as a result of two 
grains coming in contact and creating relatively a 
very low o common boundary, will be herein labeled 
“geometric coalescence.” It can be shown that such 
a coalescence may create a complex grain that in- 
creases to approximately four times the area of the 
starting area of either of the two equal cells. For a 
similar coalescence in three-dimensional cells, the 
increase is about nine times the volume of either 
starting cell. More generally, in the three-dimen- 
sional case, the volume increase is approximately 
4/3 7(3R’r + 3Rr° + 7°), where R is the radius of 
the principal body, and r the radius of the body be- 
ing coalesced. The number of sides also increases 
with the increases in size. 

A detailed analysis of the geometric coalescence 
and growth process is shown in Fig. 2 in nine stages 
indicated by the different line symbols labeled A 
through IJ. In the construction of these stages, the 
adjustments from one stage to the next were made 
consistent with the maximum decrease of boundary 
free energy per adsorption of a unit of area by grain 
0. For example, the vertices of grain 0 furthest from 
the equilibrium 120° arrangement and the bound- 
aries of greatest curvature, as they developed for 
any one stage, were given the largest corrections for 
the development of the next stage. Precise sym- 
metry was not adhered to. For example, grain 2 in 
Fig. 2b is shown to diminish from a four-sided to a 
three-sided grain between stages D and E. Precise 


symmetry would have required a reduction to a 


Fig. 2a—The first three stages of a geometri- 
cal coalescence occurring at the junction of 
grains | to 4. 


process. 
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two-sided grain, by virtue of boundaries 2-7 and 2-6 


‘disappearing simultaneously. Finally, a second geo- 


metrical coalescence is introduced, giving additional 


‘impetus to the 0 grain growth. This is shown at the 
‘H stage where grain 0 encounters grain 15, assumed 


to be oriented in such a way that another very low 


.o boundary with the 0 grain is produced. 


At stage I grain 0 has developed 23 sides and its 
desire to consume its neighbors continues to increase. 
Successive stages become more and more tedious to 
construct, but by stage I all features of the mech- 
anics of the origin and growth process for grain 0 
have been encountered. When grain 0 becomes very 
large, it will tend toward a circular shape with 
peripheral distortions where further geometrical 


‘coalescences are being consummated. 


If it is assumed that the right portion of Fig. 1 is 
the consummation of the geometrical coalescence 
initiated in the left portion, the subsequent growth 
is self-propagating for several reasons: 

1—As shown by von Neumann,’ the driving en- 
ergy for growth of a cell large in relation to its 
neighbors is equal to 2c0%a,, where a, represents the 
total curvature of the n boundaries of the 0 grain, 
which in turn is equal to (n-6)7/3. This is true on 
the assumption that all vertices of the 0 grain have 
equilibrium angular arrangement at all times and 
all boundary curvatures are equal circular arcs. 

2—To the extent that the vertices of the 0 grain 
are not at equilibrium angular arrangement (in con- 
trast to the above), a driving energy for growth 
exists by virtue of the nonzero values of the equa- 
tions derived from the general form o;; + oj, cos 6; + 
ai, cos 6; for the junction of grains 1, j, and k, with 6; 
being the angle at the junction in the ith grain, etc. 
As the grain grows and increases in number of sides, 
the driving energy in terms of n, the number of 
sides, is o[l-q cos (n-2/n) (7/2) ] where q is equal 
tO Gom/Fmm, OM Standing for the 0 grain boundaries 
and mm for the matrix boundaries, respectively. The 
q factor takes into account the cases where the 0 


Fig. 2b—Further stages in the coalescence Fig. 2c—Stages after the coalesced grain has 


grown large enough to grow on its own. A 
second coalescence has occurred at the last 
stage. 
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Front view 


Fig. 3a—Schematic representation of two grains, 4 and 5, moving 
toward each other to meet and form a new boundary. 


grain boundaries have o values different from those 
of the matrix boundaries. The same equation, in 
terms of the ratio of the size of the 0 grain to the 
matrix grain size, is o[l-qr/R], where R and r are 
the radius vectors of the 0 grain and matrix grains, 
respectively. These equations indicate that the 
larger the 0 grain, the greater is the driving energy 
for correcting nonequilibrium at the vertices, as in 
the von Neumann equation above. They indicate 
also (in opposition to the von Neumann equation) 
that the driving energy increases if the o for the 0 
grain decreases relative to the o’s of the matrix. 

3—As the 0 grain grows, unstable grains with 
sides numbering less than six will frequently occur 
at its periphery. A peripheral instability is particu- 
larly acute when a four-sided grain is just convert- 
ing into a three-sided grain (see grain 2 at stages D 
and E, or Fig. 4, for a corresponding occurrence in 
three dimensions). When this occurs, the driving 
energy for growth of the 0 grain changes discon- 
tinuously to a higher level. 

4—-Geometrical coalescences increase as the 0 
grain grows, for the reason that the probability of 
meeting other suitably oriented grains for a low o 
mutual boundary increases with peripheral size. 

Thus, once a geometrical coalescence occurs and 
produces a grain distinctly larger than its neighbors, 
several factors come into play to bring about a 
growth rate greater than that of its neighbors. 


Recrystallization Nucleation in Three-Dimensional 
Systems 


A similar analysis is possible for an analogously 
idealized three-dimensional system, e.g., for an ag- 
gregate of uniform cube-octahedron grain cells. In 
this case geometrical coalescence occurs when two 
four-grain junctions meet along a three-grain line 
junction to produce a low o subboundary between 
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Fig. 3b—Representa- 
tion of equilibrium at 
points P and Q. The 
edges of the two te- 
trahedra are normal to 
the boundaries indi- 
cated and equal in 
length to the corres- 
ponding o yalues. 


them, Fig. 3a. In this case it is convenient to refer 
to the vector diagram* in Fig. 3b, such as was used 


* The fact that this test is used does not mean that o is being 
replaced by surface-tension y. The sides of the closed figure are not 
vectors but merely scalar lengths normal to their respective sides 
and proportional in length to their respective o’s. In crystalline 
solids the two quantities, y and o, are not interchangeable, unless 
y is explicitly defined as being equal to o. (It is frequently defined 
only implicitly in this way.) In defining y=o for crystalline solids, 
vy is no longer the true surface tension and confusion will arise 
when the true surface-tension quantity will need to be introduced. 


by Gibbs.° The two tetrahedra, which are closed, 
represent equilibrium at points P and Q, Fig. 3a. The 
edges of the tetrahedra are normal to the different 
boundaries they represent (as labeled) and are 
equal in length to the corresponding o values. As P 
and @ move toward each other and meet, the sum of 
the two altitudes of the tetrahedra represents the o 
value for boundary 4-5 that would be in equilibrium 
with the other boundaries, oriented as they are when 
they meet. If, on the other hand, this boundary has 
relatively a very low o, a highly unstable condition 
occurs; and this boundary must become very large 
in area as a result. This in turn produces a large 
complex grain of two subgrains, as occurred in the 
flat-cell case. 

In this case the two cube-octahedron cells of 14 
sides each transform into a complex grain of two 
subgrains having 25 sides. Several peripheral grains, 
on the other hand, decrease in their number of sides 
to less than 14 sides each, causing them to be unsta- 
ble and to head for extinction. Fig. 4 shows the 
manner in which a peripheral grain has been re- 
duced to five sides and in which it further reduces 
into either one, or into two, four-sided grains before 
extinguishing itself. 


Real Polycrystalline Structures 


; Although the above analysis refers only to ideal- 
ized structures, no conditions in real structures 
exist to prohibit the occurrence of geometrical coa- . 
lescences. The micrograph shown in Fig. 5 is evi- 
dence that the mechanism can occur. This occur- 
rence is by no means rare; a number of other 
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microstructures have been observed that indicate 
that geometrical coalescence had been taking place. 
It seems to be common in a metal exhibiting allo- 
tropy. In Fig. 5 what appears to have taken place 
is the coalescence of the two grains marked 3 and 4. 
The subboundary between grains 3 and 4 has not 
been revealed by the etch, presumably because of 
the close crystallographic match. Grains 1 and 2 
apparently had been in contact (the difference in 
shading suggests that their orientations are quite 
different) and are now on the way to extinction. 

Influence of the Matrix Texture: The fact that 
secondary recrystallization occurs more frequently 
when a texture is present supports the thesis that 
geometrical coalescence serves as the origin of the 
secondary-recrystallization nuclei. In a texture, the 
probability of two grains meeting with close orien- 
tations is high; and, therefore, low o subboundaries 
should occur frequently on the meeting of new 
grains. In fact, the data on grain-boundary energies 
vs orientation difference reported by Dunn, Chal- 
mers, and others, would indicate that the variations 
of o values at boundary junctions would be at a max- 
imum at some intermediate texture. In severe tex- 
tures, the matrix boundaries may be considered as 
being subboundaries already, and hence geometric 
coalescences, and therefore secondary recrystalliza- 
tion, should not occur as readily. Therefore the maxi- 
mum nucleation density should occur for some inter- 
mediate texture. However, a high temperature should 
still be required for nucleation because the low o 
that exists for all the boundaries involved would 
yield a low driving energy for grain-boundary mi- 
gration in general. 

Texture in Recrystallization: The occurrence of 
textures, or rather, orientations in the secondary 
grains different from the matrix, also appears to be 
explainable in terms of geometrical coalescences. In 
order that, at the start of a geometric coalescence, a 
maximum of instability is present, not only must 
the newly created boundary be low in a, but also 
the o’s of the adjacent boundaries should be rela- 
tively high. For example, in Fig. 3b, if the six slope 


Fig. 4—The two uppermost figures represent the contraction of a 
fiye-sided grain to a slender triangular prism. The lower figures 
represent the two possible ways for forming four-sided grains. 
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heights of the two tetrahedra are very long, repre- 
senting large o values, the two altitudes likewise 
will be long. Their sum will be very large therefore, 
resulting in an extreme degree of nonequilibrium if 
the new boundary (formed when points P and Q 
meet) has zero or subboundary o energy. All this 
means then that the most easily stimulated geo- 
metric coalescences are those that produce an 0 
grain well misoriented with respect to the matrix 
orientation. This marked difference in orientation 
between matrix and recrystallization grains is one 
of the outstanding characteristics of recrystalliza- 
tion. The von Neumann equation mentioned above 
states that the driving energy of a growing grain is 
equal to 207(n-6)/3. This refers to the boundaries 
of the growing grain exclusively. Hence, the greater 
the misorientation between the growing grain and 
the matrix, the greater will be the o values for the 
growing grain, and the greater the growth rate, 
therefore. In other words, both geometrical coales- 
cences and the subsequent grain growth are favored 
by a distinctly different texture between the matrix 
and the secondary-recrystallization grains. 
Induction Period and Growth Rates: The growth 
of a secondary-recrystallization grain with time is 
shown in Fig. 6. The induction period is the period 
before two grains meet, destined to coalesce geo- 
metrically. The asymmetry period is the time in 


Fig. 5—Evidence of 
a geometrical coal- 
escence occurring 
in a 9.8 pct Ni-Ti 
alloy. The back- 
ground is $8 and 
the white, TiNi. 
The subboundary 
presumably formed 
between the coal- 
esced grains was 
not delineated by 
the etch. HNC,- 
HF glycerine etch. 
X300. Area 
duced approxi- 
mately 5 pct for 
reproduction. 
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Fig. 6—The growth of a secondary recrystallization grain. R/r is 
the ratio of the average radius vectors for the 0 grain and the 
matrix grains. The induction period is the time prior to start of 
coalescence. Curve II includes other coalescences in the course of 
growth. 
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Fig. 7—Subsurface coalescence between grains 0 and 2 (dotted line 
is subboundary being generated) giving the effect of growth stimu- 
lation at a distance. 


which the coalescence is being consummated. After 
this period the various factors (excluding other coa- 
lescences) contributing to self-propagation listed 
earlier take over to produce rate-curve I. Rate- 
curve II includes other coalescences which will ac- 
celerate the growth rate further. 

Primary Recrystallization: The process of pri- 
mary-recrystallization nucleation might be similar 
to that of secondary recrystallization. In the pri- 
mary case the matrix is replaced by a “‘polygonized” 
structure developed during recovery, a structure 
which produces the texture that aids in increasing 
coalescences. The texture, however, as mentioned 
above, should not be extreme. The necessary com- 
bination in « values among the various boundaries 
meeting at the origin of a geometrical coalescence 
therefore must occur at regions where the texture 
has a sharp local deviation, such as where extensive 
inhomogeneous plastic flow has occurred, or at a 
prior grain boundary. 

Grain Growth: General grain growth in a uniform 
grain-size specimen might be considered as a con- 
tinual process of recrystallization having widespread 
overlapping. Thus the continual appearance and 
disappearance of grains will gradually favor the low 
o« boundaries, such as twin boundaries and subboun- 
daries. This conversion of boundaries into those 
with lower and lower o values steadily reduces the 
driving energy for growth, and, hence, it is under- 
standable that grains reach.a limiting size for a 
given temperature of anneal. Furthermore, it is 
not too surprising that a large percentage of adjoin- 
ing pairs of grains in an annealed specimen may be 
twin related, as found by Homes.” Subboundaries 
should occur abundantly. Grain growth on the basis 
of coalescence is not real grain growth but merely 
an apparent grain growth. If the subgrains were 
counted together with the regular-type grains, it 
would be found that grain growth is of a much 
smaller degree than ordinarily is considered. 

The apparent cessation of grain growth in a sheet 
specimen, as the grain size reaches the thickness of 
the sheet, may be explainable in terms of geometri- 
cal coalescence. When grains become the size of the 
sheet thickness, the boundaries tend to become per- 
pendicular to the sheet, thereby eliminating three- 
dimensional-type coalescences. The only coalescences 
that can occur are of the rarer two-dimensional 
type. If this explanation is correct, it would indicate 
that geometric coalescences are quite important in 
the grain-growth process. 

Recovery: Some metals exhibit a hardness rise in 
the recovery region of the hardness vs annealing- 
temperature curve. There is a possibility that this 
hardening is due to geometric coalescences. When a 
large number of geometric coalescences have just 
occurred in the early stage of annealing a metal, 
they cannot have resulted as yet in the softening of 
the metal, since the bulk of the metal is still in the 
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cold-worked state. If it is assumed further that the 
coalescences have grown large enough to obstruct 
plastic flow in the matrix (by virtue of their non- 
alignment with operating slip systems in the matrix) ; 
then these coalescences have produced hardening 
prior to growing large enough to produce softening. 
In other words, if the annealing texture is different 
from the cold-worked texture, the budding recrys- 
tallization grains function as precipitation-harden- 
ing particles. 

Growth “Stimulation:” This phenomena, reported 
by W. G. Burgers, consists in part of an apparent 
action-at-a-distance in which a secondary recrystal- 
lization grain appears to stimulate the start of 
growth by certain matrix grains when they are ap- 
proached. In Fig. 7 is shown a cross section of a 
secondary-recrystallization grain 0 coalescing with 
grain 2, below the surface (under grain 1). Such a 
coalescence will cause grain 2 to start growing as 
part of the 0 grain. Thus, grain 1 may be consumed 
from both directions. 


Conclusion 


The origin of recrystallization nuclei, particularly 
for secondary recrystallization, appears to be ex- 
plainable in terms of grain-boundary free-energy 
considerations. To produce a nucleus, two grains 
must meet in such a way that: 1—the boundaries at 
the point of meeting are relatively high in o values, 
and 2—the new boundary formed is relatively very 
low ino. This produces a coalescence resulting in a 
large complex grain of two subgrains or occasionally 
two twinned grains. Once the large nucleus is pro- 
duced, the customary grain-boundary mechanics in- 
troduced by Harker and Parker and C. S. Smith take 
over to yield recrystallization grains. If it is as- 
sumed further, as does Beck,* that high o boundaries 
have low activation energies for grain-boundary 
migration, then this serves as an additional factor 
for accelerating growth of the nucleus. However, 
this last factor can contribute to growth only when 
there is a net lowering of grain-boundary free 
energy. 
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Correlation Between Microstructure and Resistivity Of 
Transforming Ti-Mn Alloys 


by D. J. DeLazaro and D. W. Levinson 


Observations were made of the isothermal transformation and 
quench and reheat transformation characteristics of binary titanium 
alloys containing nominally 6 wt pct and 10 wt pct Mn at tempera- 
tures of 700°, 600°, 500°, and 400°C. A large change in electrical 
resistivity attends the beta to alpha transformation in these alloys. 
The correlation between the resistivity and microstructure provides 
a very sensitive means of following the transformation. 


N a recent paper, Wyatt’ determined the electrical 

resistivity of several grades of unalloyed titanium 
metal as a function of temperature. In addition to 
the expected discontinuity accompanying the a-f 
transformation, it was shown that a-Ti has a much 
larger temperature coefficient of resistance than £. 
The result would be a very large change in resis- 
tivity attending 8 > a transformation if it were pos- 
2 Bae to retain the @ structure at room temperature 

pure titanium. From these data, it was reasoned 
thet this very large resistance chance: should accom- 
pany the decomposition of the 8 phase in alloys in 
which the 8 phase can be retained by quenching to 
room temperature from- the £8 field. This effect is 
illustrated schematically in Fig. 1. 


/Binary Ti-Mn alloys containing more than 5 wt 
pet Mn can be quenched to retain 8 from the £8 field. 
While the 6 phase would be expected to transform 
in these alloys to a + TiMn via a eutectoid reaction,”* 
it has been observed that the eutectoid decomposi- 
tion does not occur readily in hypoeutectoid alloys, 
but rather the decomposition of the 6 occurs by re- 
jection of proeutectoid a only.* Thus, the resistivity 
should show a marked decrease, as the a phase is 
rejected from @ and a_study of the resistivity of 
solution treated and isothermally transformed or 
quenched and reheated alloys should provide an 
excellent means of establishing the transformation 
kinetics of these alloys at various temperatures. 


The usual metallographic method of determining 


the transformation temperature-time characteristics 
of: alloys of this type is very satisfactory for CE ay 
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Fig. 1—Schematic variation of resistivity of titanium with tempera- 
ture, after Wyatt.” 


mining the time required to initiate the rejection of 
the a phase at temperatures relatively close to the 
B/a + B boundary when the rejected a is coarse, 
and a typical Widmanstaetten structure is produced. 
The metallographic method is less satisfactory for 
this purpose at lower temperatures where .a fine 
nodular decomposition product is observed and is 
very unsatisfactory for the determination of the 
time required to complete the transformation at any 
temperature. Accordingly, specimens were prepared 
for resistivity measurements in order to determine 
the transformation characteristics of the alloys. 
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Experimental Method 

Two hypoeutectoid alloys containing nominally 6 
and 10 pct Mn were prepared from DuPont sponge 
titanium and electrolytic manganese in nonconsum- 
able electrode-are furnaces. The ingots were forged 
to rod and machined to electrodes for a second melt- 
ing in consumable electrode-are furnaces. The re- 
sulting ingots were forged to % in. diameter rod 
and centerless ground to approximately ¥%4 in. diam- 
eter. Specimens approximately 3 in. in length were 
cut from the rods thus prepared. The actual com- 
positions of the alloys were 5.82 and 9.85 pct Mn, 
respectively. 

The specimen resistance was measured by the 
usual current-potential method employing a series 
standard resistance. The specimen potentials were 
taken from pure copper knife edges and were re- 
producible to roughly one part in 500. The poten- 
tials were measured with a Leeds and Northrup- 
type K-2 potentiometer and were measured at room 
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Fig. 2—Ti-6 pct Mn transformed as indicated after 30 min at 1000°C. 
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Fig. 3—Ti-10 pct Mn transformed as indicated after 30 min at 
1000°C. 
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temperature. The apparatus was calibrated initially 
with pure copper. 

The data reported were obtained from two sets of 
specimens, one set employed for the isothermal heat 
treatment and the other for the quench and reheat 
determinations. A single specimen was used for all 
determinations of either type for a particular tem- 
perature in order to minimize any differences due 
to specimen geometry. The data were found to be 
reproducible to about 1 pet of the values reported. 

The data from isothermally transformed speci- 
mens were gathered by measuring at room tempera- 
ture the resistance of a specimen which had been 
solution treated for 20 min at 1000°C in a helium- 
filled tube furnace and quenched in a lead-bath fur- 
nace at the temperature in question. After holding 
for the desired time, the specimen was quenched in 
cold water, cleaned, and placed on the knife edges. 
A small piece was removed from the end of each 
specimen following each measurement and was 
examined metallographically. This schedule was 
followed for each time reported at each temperature. 

The data for quenched and reheated samples were 
obtained by measuring at room temperature the 
resistance of samples which had been quenched in 
cold water from 1000°C and then reheated for the 
reported times in lead-bath furnaces. The speci- 
mens were again quenched following the heat treat- 
ments, cleaned, and examined. As before, these were 
resolution treated each time except for times re- 
ported in excess of 30 min. In these instances, the 
specimens were simply reheated. In all cases the 
temperatures reported are precise to +3°C. 


Results and Discussion 
The results of the investigation are given in Figs. 
2 and 3, and isothermal transformation rates are 
summarized in the TTT curves given in Figs. 4 and 
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Fig. 4—TTT curve for Ti-6 pct Mn. 
800} 
Bia+B 
S 700+ 
a-Rejection Complete 
= 600} 
a- Rejection 
SOO} Begins 
L 
400} 
0.01 0.10 1.0 10 100 1000 


Time at Temperature (Minutes) 


Fig. 5—TTT curve for Ti-10 pct Mn. 
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a—As-quenched. 


b—Transformed 
10 sec. 


c—Transformed 5 
_min. 


»d—Transformed 30 


Fig. 6—Ti-6 pct Mn alloy solution treated at 1000°C for 20 min and isothermally transformed at 
700°C, showing progressive a rejection. X250. 


5. The values plotted are measured resistance values 
which are proportional to specific resistivities, since 
the specimen geometry was constant for a given 
run. In all cases, the first point plotted is that of 
the as-quenched alloy. Additional data points de- 
rived from runs at intermediate temperatures are 
plotted on the TTT curves. 

Examination of the resistance vs time curves indi- 
cates that the order of magnitude of the observed 
resistance change is as given in Fig. 1. That this 
change correlates with the rejection of a from the 
8 matrix may be appreciated by consideration of 
Figs. 6 and 7. These micrographs were made from 
samples removed from the resistance specimens as 
previously mentioned, and show progressive rejec- 
tion of a from f. Fig. 8 shows typical quench and 
reheat microstructures for samples heat treated at 
700°C. These structures appear similar to those of 
alloys isothermally transformed at temperatures 
below the knee of the curve and not at all like the 
microstructures observed in these alloys isothermally 
transformed at 700°C. It is known that the mechan- 
ical properties of similar titanium alloys obtained by 
the quench and reheat cycle differ from those ob- 
tained by isothermal transformation of the same 
alloy at the same temperature.* As is evident from 
Figs. 2 and 3, the kinetics of the rejection of a are 
somewhat different for the two types of heat treat- 
ment. In the case of both the 6 and 10 pct Mn alloys, 
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the transformation of reheated alloys was distinctly 
more rapid than for isothermally transformed alloys 
for temperatures above the knee of the TTT curve. 
For the 10 pct Mn alloy, the transformation kinetics 
for the two methods of heat treatment appear to be 
essentially identical at temperatures below the knee 
of the curve, i.e., below about 600°C. 

In the case of the 6 pct Mn alloy, the quench and 
reheat specimens appear to transform rather dif- 
ferently at temperatures below the knee of the curve 
than do isothermally transformed specimens. Con- 
sideration of Fig. 2 shows a distinct plateau in the 
resistance vs time properties at 500°C of the re- 
heated alloy. It is significant to note that the equi- 
librium value of the resistance of fully transformed 
specimens decreases with decreasing transformation 
temperature because of increasing amounts of the 
low resistance a phase. It would appear that both 
of the alloys demonstrate the plateau in the resist- 
ance vs time curve at 400°C by either method of 
heat treatment, since the apparent level resistance 
value is anomalously high. Two additional iso- 
thermal-transformation resistance values were de- 
termined for both alloys at 400°C for 24 and 48 hr 
(these data are not shown on the plots), and the 
existence of a plateau at 400°C was verified. The 48 
hr resistance value for the 6 pct Mn alloy indicated 
an almost complete transformation (r = 1.81x10° 
ohms; see Fig. 2), whereas the resistance of the 
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a—As-quenched. 
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Fig. 7—Ti-10 pct Mn alloy solution treated at 1000°C for 20 min and isothermally transformed at 
700°C, showing progressive a rejection. X250. 


Fig. 8a—Ti-6 pct Mn alloy quenched from 
1000°C and reheated at 700°C for 15 sec. X250. 


slowly transforming 10 pct Mn alloy had started 
down again (r = 2.21x10° ohms; see Fig. 3), but 
was not yet low enough to indicate a nearly com- 
plete transformation. 

This plateau may indicate a change in reaction 
mechanism to include an intermediate state of meta 
stability at the lower temperatures, perhaps the o 
phase of Frost et al.,* reported for this system. This 
is still under investigation. 
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Fig. 8b—Ti-10 pct Mn alloy quenched from 
1000°C and reheated at 700°C for 15 min. X250. 


Summary 
1—The order of magnitude of the change in re- 
sistivity attending rejection of a from the B phase 
in two binary titanium alloys is as predicted from 
the resistance vs temperature behavior of pure tita- 
nium. 
2—The large resistance change makes this tech- 
nique an excellent method of determining the TTT 
characteristics of transforming £ stable Ti alloys for 
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all temperatures in the transformation range. 
3—Differences are evident in both kinetics and 
microstructure between isothermally transformed 


specimens and specimens quenched to room tem- 


perature and reheated to the temperature of interest. 
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Technical Note 


Decrease of Density During Plastic Deformation of Nodular Cast Iron 


by W. R. Clough and M E. Shank 


T has been noted in a study of the flow and frac- 

ture of nodular cast iron under biaxial stress con- 
ditions (complete results of which will be published 
later) that when this metal is subjected to stress it 
may undergo a striking density change. Such be- 
havior was first determined by strain gage measure- 
ments made on tensile test specimens, and has since 
been substantiated by other types of measurement. 
The chemical analyses and mechanical properties of 
several nodular irons to be discussed here are given 
in Tables I and II, 

Tensile data for iron A was obtained from a hol- 
low cylindrical combined stress specimen of the 
same dimension as those used by L. F. Coffin, Jr.* in 
his investigation of gray iron properties. Standard 
0.505 in. solid: tensile-test bars were used for irons B 
and C. On each specimen type, A-8 wire resistance 
strain gages were used—two diametrically opposing 
gages in the axial direction, two in the tangential or 
hoop direction. By subtracting elastic strains from 
the measured strains, the plastic strains could be 
calculated. By assuming that radial and tangential 
strains are numerically equal, a measure of perma- 
nent volume change can be obtained by summing 
the plastic strains. This appears to be a good as- 
sumption, since the metal either fractured, iron A, 
or readings were discontinued, irons B and C, long 
before necking took place. This calculated variation 
of volume increase with stress is given for irons A 
and B in Fig. 1. Data for iron C is almost identical 
with that for iron B. 

The volume change indicated by Fig. 1 has been 
substantiated by a more direct type of density meas- 
urement. A method developed by S. G. Fletcher and 
Morris Cohen,” and completely described in the dis- 
cussion of their article, has been used. The accuracy 
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of specific volume measurement has been estimated 
as 0.00002 cu cm per gram. Essentially the method 
consists of weighing a sample in air and then im- 
mersed in water. Measurements were made before 
and after straining the material. The results shown 
in Table III were obtained by means of half-size 
(0.252 in. diameter, 1 in. gage length, 34-16 threads) 
tensile specimens. Initial measurements were made 
on the whole specimen before stressing. After stress- 
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Fig. 1—Permanent yolume change as determined by tensile test. 
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Table I. Chemical Analyses of Nodular Cast Irons 


Total 
Iron Cc Si Mn P Ss Ni Condition 
A 3.42 2.33 0.42 7 0.008 1.63 Pearlitic, as-cast 
B 3.38 3.19 0.24 0.04 0.016 — Ferritic, as-cast 
(eo .380 2.9 8 0.04 0.009 1.20 Ferritic, as-cast 


Table Il. Mechanical Properties of Nodular Cast Irons 


Modulus of 
Propor- Tensile Elongation Elas- 
tional Strength, in2In., ticity Poisson’s 
Iron BHN Limit, Psi Psi Pct x 106, Psi Ratio 
A 270 41,900 92,600 0.9 25.0 0.295 
B 164 30,000 68,750 22.5 25.0 0.275 
(e 168 31,000 65,500 22.0 24.2 0.280 
Table III. Density Measurement of Nodular Cast Irons 
Deformed in Tension 
Density 
Unstressed Elongation Final Decrease, 
Iron Density of 1 In., Pct Density Pet 
A 7.2414 0.80.05 7.2271 0.20 
A 7.2412 0.80.05 7.2277 0.19 
B 7.1234 5 7.0557 0.95 
B 7.1246 10 7.0242 1.41 
B 7.1247 15 6.9428 2.55 
Cc 7.1408 20 6.9426 2.78 


ing, the gage length was then cut out, polished, and 
its density redetermined. These specimens were not 
strained to fracture. 

Three possibilities as to the cause of this density 
change were considered: 1—density changes of the 
matrix or graphite themselves, 2—opening up of 
cracks in the matrix, and 3—opening up of the holes 
around the graphite particle. It was thought that 
the first suggestion was an unlikely one to explain a 
volume change of this magnitude. No evidence to 
support the second mechanism could be found, at 
least until the maximum load-carrying capacity of 
the specimen (so-called ultimate or tensile strength) 
had been passed. Evidence to support the third 
mechanism is shown by the two micrographs, Figs. 
2 and 3. 

Fig. 2, from iron B, was obtained by polishing and 
etching a flat tensile specimen before stressing, 
elongating the specimen to 10 pct strain in a 1 in. 
gage length, and photographing the surface. Fig. 3 
was obtained by first straining the specimen to 20 
pet elongation, then sectioning and polishing, but 
not etching, the neck of iron C listed in Table I. 

A microscopic study after progressively larger 


Fig. 2—Iron B. This 
surface was polished 
and etched before 
straining to 10 pct 
elongation in tension. 
Note the separation 
of the surface layer 
of the nodule, as 
well as the separa- 
tion between nodule 
and matrix. Nital 
etch. X750. Area re- 
duced approximately 
55 pct for reproduc- 
tion. 
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Fig. 3—Iron C. Sec- 
tioned and polished 
after 20 pct elonga- 
tion in tension. White 
area around edges of 
micrograph is matrix. 
Light area in center 
is two adjoining no- 
dules. Dark area be- 
tween matrix and no- 
dules is a void, which 
has become filled 
with bakelite and 
polishing compound. 
Note that thin layer 
of graphite has sep- 
arated from the no- 
dules and is clinging 
to the matrix. Un- 
etched. X750. Area 
reduced approxi- 
mately 55 pct for re- 
production. 


Table !V. Density Measurement of Nodular Cast Irons 
Deformed in Compression 


Applied Density 
Unstressed Stress, Log Final Decrease, 
Iron Density Psi Strain Density Pct 
A 7.2405 225,000 0.308 7.2007 0.55 
B 7.1214 106,000 0.632 7.1090 0.18 


degrees of deformation indicates that the initial 
separation of material occurs in a thin external ring 
of the nodule itself. This ring is pulled away from 
the body of the nodule and may stick to the matrix, 
Fig. 3, or may remain in an intermediate position, 
Fig. 2. Separation has not, as yet, been observed in 
a specimen stressed below the proportional limit. 
This limit is at about 0.2 pct strain for the iron 
tested. It has been noted in a specimen strained as 
little as 0.5 +0.1 pct. 

Consider the case of iron C, Table III. Lineal 
analysis by means of a microscope with a motorized 
traveling stage indicated a volume of 9.91 pct graph- 
ite before straining. Considering the densities before 
and after straining and assuming the density de- 
crease to be due entirely to the opening up of holes 
around the graphite nodules, elementary arithmatic 
indicates that, after straining, 2.8 pct holes, 9.63 pct 
graphite, and 87.59 pct ferrite might be expected. 
Actual lineal analysis after straining indicated 12.55 
pet graphite and holes, which is in good agreement 
with the calculations. 

A small density decrease also has been observed 
for nodular irons tested in compression. By using a 
technique similar to that previously described, the 
values given in Table IV were compiled. A similar 
density decrease, found after cold drawing of ingot- 
iron wire, has been reported by Maier.® 

The authors wish to express their thanks to Pro- 


fessor E. Orowan for his helpful suggestions in this 
work. 
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Methods for Separating Rare-Earth Elements in Quantity 


As Developed at lowa State College 


by F. H. Spedding and J. E. Powell 


HILE rare earths are reported to be widely 
distributed in nature and are not really 
rare,* in practice, there are only a few minerals 


* Geologists estimate that cerium and yttrium are more abundant 
than many of the more familiar elements such as zinc, tin, mer- 
cury, silver, etc. 


which are sufficiently rich in rare earths to serve as 
practical sources. Perhaps the best known of these 
is monazite which is a phosphate mineral contain- 
ing rare earths and thorium. This mineral occurs 
as a dense brown sand in gravel beds and is partic- 
ularly rich in the light rare earths of the cerium 
subgroup. This mineral is processed commercially 
for its thorium, cerium, and lanthanum content, 
and, consequently, furnishes rich concentrates from 
which neodymium, praseodymium, samarium, euro- 
pium, and gadolinium may be obtained. Unfortu- 
nately, monazite is rather lean in rare earths heavier 
than gadolinium. A second mineral which is rich 
in the light rare earths is bastnasite, a fluoro- 
carbonate. Extensive deposits of this ore have been 
discovered in the western United States and have 
received considerable newspaper publicity in recent 
years. While bastnasite is very rich with respect to 
cerium, lanthanum, and neodymium, it contains 
even less heavy rare earths than does monazite. 

One of the better sources of heavy rare earths of 
the yttrium subgroup is gadolinite, a black silicate 
rock from which the rare-earth content can be ex- 
tracted readily by acid leaching. It is obtained 
chiefly from Norway at the present time, although 
there are known deposits in the United States. 
Other sources of heavy rare earths include fergu- 
sonite, euxenite, and samarskite which are refrac- 
tory tantalo-columbate ores. These minerals re- 
quire caustic fusion or reduction to carbides with 
carbon before the rare-earth content can be ex- 
tracted. All of the minerals which are rich in the 
heavy rare earths contain yttrium as a major 
constituent. 

After the rare earths have been extracted as a 
group from an ore by chemical means, it is generally 
convenient to precipitate them’ from acid media 
with oxalic acid in order to eliminate certain non- 
rare-earth impurities such as iron, beryllium, etc., 
which are usually present. The oxalate can then be 
readily ignited to R.O;. The oxide can be dissolved 
in acid and is the starting point for subsequent sep- 
aration into the pure components. 


F. H. SPEDDING and J. E. POWELL are associated with the 
Institute for Atomic Research and Dept. of Chemistry, lowa State 
College, Ames, lowa. 

Discussion on this paper, TP 3880D, may be sent, 2 copies, to 
AIME by Dec. 1, 1954. Manuscript, Feb. 11, 1954. New York 
Meeting, February 1954. 
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Perhaps the principal reason why the rare earths 
have not been studied as extensively as other ele- 
ments of the periodic table, whose natural abund- 
ances are comparable, is that they are extremely 
difficult to separate from each other by the usual 
chemical means. Prior to 1945, the separation of 
one trivalent rare earth from another was a labori- 
ous process. All separations were based on repeated 
fractionation processes, i.e., fractional precipitation, 
fractional decomposition, fractional crystallization, 
etc. These processes were repeated from a few 
hundred to many thousands of times in order to 
obtain individual rare-earth salts of reasonable pur- 
ity. Of course, mention should be made that, in the 
few cases where a rare earth could be oxidized or 
reduced to a valence state other than three, more 
conventional chemical means could be utilized to 
separate the oxidized or reduced ion from the other 
normally trivalent rare earths. The ionic states 
which deserve special mention are Ce’’, Sm", Eu”, 
and Yb". When it is possible to remove an element 
of the series efficiently, due to an optional valence 
state, its immediate neighbors also become easier 
to isolate. For example, binary mixtures of lan- 
thanum and cerium, and praseodymium and cerium 
can be obtained by a relatively small number of 
fractional operations. The tetravalent state of ce- 
rium then allows the complete resolution of the 
binary mixtures by ordinary chemical means. AI- 
though the tetravalent state of cerium has been 
known for a long time, the divalent states of sama- 
rium, europium, and ytterbium were not used ex- 
tensively in separations prior to 1930 because they 
are relatively unstable in aqueous media.*™ 

No attempt will be made to give a comprehensive 
review of the extensive literature dealing with the 
separation of rare earths. Rather, this paper will be 
confined to a review of those methods which have 
been developed at Iowa State College during recent 
years, and which have proved extraordinarily suc- 
cessful for the isolation of highly pure rare earths 
in quantity. 

It was obvious that, if pure rare earths were to 
become generally available, methods would have to 
be developed wherein the thousands of fractional 
operations made necessary by the similarity of 
rare-earth properties could be performed auto- 
matically. The development of chromatographic 
techniques and ion-exchange resins appeared to 
offer a mechanism by which this objective could be 
accomplished. 

A number of early attempts were made to sepa- 
rate rare earths by these means; for example, Rus- 
sell and Pearce” passed a mixture of rare earths 
through a cation-exchange column and reported 
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some enrichment of individual rare earths in the 
effluent solution. Eratmetsi, Sahama, and Kanula™ 
used columns of activated alumina with similar re- 
sults and also reported that, when the rare earths 
were complexed with citrate, the order of enrich- 
ment was reversed. While these investigators 
obtained some enrichment, their results were not 
sufficiently promising to lead to further intensive 
investigation or to the production of pure rare earths 
in quantity. 

Since early 1945, three distinct processes involv- 
ing ion-exchange resins have been developed at 
Ames which have been exceptionally efficient in 
producing quantities of individual rare earths in a 
high state of purity. They are: 

1—The elution of an adsorbed band of mixed rare 
earths down a cation-exchange bed in the hydrogen 
or ammonium state by means of a 5 pct citric-acid 
solution, adjusted to a pH of 2.5 to 3.0 with am- 
monium hydroxide. 

2—The elution of an adsorbed band down a 
cation-exchange resin bed in the hydrogen state 
with a 0.1 pct citric-acid solution, adjusted to a pH 
of 5.0 to 8.0 with ammonium hydroxide. 

3—The elution of an adsorbed band of rare earths 
through a cation-exchange resin bed in the copper 
II cycle with an ammonium salt of ethylenediam- 
inetetraacetic acid. é 

In all of the above methods, which have been 
used in the Ames laboratories for the successful 
separation of rare earths, a commercial-grade sul- 
phonated styrene-divinylbenzene copolymer was 
used. Resins of this type are sold under the trade 
names Nalcite HCR, Dowex-50, Amberlite IR-120, 
and Permutit Q. They consist essentially of sul- 
phonated benzene nuclei which are linked and 
cross-linked by means of aliphatic chains. 

The hydrogen ion of the sulphonic-acid group can 
be readily replaced by other cations. If hydrogen is 
attached to these groups, the resin is said to be in 
the hydrogen state and, similarly, if ammonium ion 
or rare-earth ion is attached, the resin is in the am- 
monium or rare-earth state. 

The polymeric network of the organic portion of 
the exchanger results in a porous structure, through- 
out which solvent and neutral molecules can migrate 
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Fig. 1—Bell-shaped elution curve obtained with concentrated 
citrate at a low pH. 
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freely. Positive ions can also diffuse through the 
resin readily as long as electrical neutrality is 
maintained. Whenever a positively charged ion 
enters the resin lattice, it is necessary that an anion 
accompany it or that another positive ion leave the 
resin phase. If the solution outside the resin is of 


low ionic strength, negative ions are effectively pre- 


vented from diffusing into the resin by the high 
concentration of negative sulphonic groups attached 
to the lattice. Each gram of dry resin has a fixed 
number of these anionic groups attached to it, de- 
pending upon ‘the method of manufacture. If the 
ionic strength of the external solution is low, the 
resin will adsorb an equivalent number of positive 
charges whether they are borne by hydrogen, am- 
monium, rare earth, or any other cation. 

Since it is desirable to maintain uniform band 
fronts during elution, the commercial-grade resin is 
sieved in order to obtain resin particles which are 
reasonably uniform in size. A quantity of the air- 
dried resin is saturated with water and poured into 
glass columns which have either a porous plate or a 
metallic screen to support the resin bed. The size 
and shape of these columns are determined by the 
amount of rare earth to be processed, but, in the 
laboratory, the resin beds are generally about 4 ft 
long and from 1 to 15 cm in diameter. If longer 
beds are desired, a number of the short columns can 
be used in series. 

The resin beds are backwashed with water prior 
to use in order to eliminate any fine particles which 
were not removed by screening and to obtain a uni- 
formly packed resin bed. After the beds have re- 
settled, the resin is converted to the desired cationic 
state by passing an excess of a solution of the cation 
through the resin. The excess solution is rinsed on 
through the column with water. 

The mixed rare-earth oxides are dissolved in 
hydrochloric acid and a known quantity of this 
solution is poured into the column, the amount de- 
pends upon the length of adsorbed band desired and 
the diameter of the bed. Since the influent solution 
contains cations of only one type (mixed rare 
earths), these cations completely replace the cations 
they encounter as they enter the top of the bed, and 
a saturated band of rare earths with a relatively 
sharp front is formed at the top of the column. Be- 
low the band front, the resin remains in its original 
state. Since the affinity of the resin for rare-earth 
ions differs very little with the species involved, 
very little separation occurs in the loading step. 

Next, a solution of some negative-ion species 
which forms a tight complex with the rare earths is 
passed downflow through the column. This sets up 
a competition for the rare-earth ions between the 
aqueous and resin phases. Since the columns are 
operated so that equilibrium for this competition is 
maintained, an individual rare-earth ion continu- 
ally exchanges between the complexing ion and the 
resin. The positive ions in the complexing solution 
replace the rare-earth ions at the rear edge of the 
band so that the rare-earth band is. driven down the 
resin bed. Because the stability constants of the 
rare-earth complexes differ slightly from one rare 
earth to another, the most tightly complexed rare 
earth moves most rapidly down’ the column. The 
behavior of the band during its passage down the 
column, the efficiency of separation of the indi- 
vidual rare-earth species, the quantities which may © 


be handled, etc., differ in the three methods re- 
ferred to above. 
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The first method was developed at Ames during 
World War II“ * and simultaneously and independ- 
ently at Oak Ridge.“ In this method a 5 pet (or 
similar concentration) of citric acid, adjusted to a 
pH of 2.5 to 3.0 with ammonia, is used as the 
eluant.** 


** Somewhat higher citrate concentrations can be used if the solu- 
tions are adjusted to slightly lower pH’s and, conversely, with 
somewhat lower concentrations, slightly higher pH values can be 
used. 


Here, the adsorbed rare-earth band spreads out 
as it progresses down the column and continues to 
spread as long as the band is moving through the 
resin bed. Analyses of the resin show that the mol 
fraction of rare earth to ammonia constantly varies 
throughout the adsorbed band. Behind the ad- 
sorbed band the rare earth is completely replaced 
with eluant cations, since the resin comes in contact 
only with these cations, and whatever rare earths 
are liberated are immediately swept downstream by 
the flowing solution. Once the band has moved far 
enough down a column so that it is not affected by 
the original saturation effect, it is found that the 
band contains very little rare earth at the back; the 
concentration of rare earth reaches a maximum 
near the middle and diminishes to a low value again 
at the front. As the adsorbed band of a rare earth 
moves off the bottom of a column, a bell-shaped 
elution curve (volume vs concentration) is observed, 
see Fig. 1. The longer the column through which a 
band is eluted, the flatter the bell-shaped curve will 
be, since the ordinate will be lower and the abscissa 
broader. The ammonium ion of the eluant con- 
stantly overrides the rare-earth front; in practice, 
elution could have been started equally well with an 
ammonium-state resin bed instead of a hydrogen 
resin bed. The individual rare-earth bands travel at 
different rates under a given set of conditions so that 
their maxima get progressively farther apart as the 
elution progresses. The overlapping of one band into 
another may be considerable; so, unless the ad- 
sorbed band travels many times its original length, 
high. purity individual rare earths cannot be ob- 
tained in good yields. While the above behavior has 
made this method highly desirable for separating 
minute or tracer quantities of rare earths, it is not 
competitive with methods 2 and 3 for isolating large 
quantities of pure rare earths, nor does it usually 
result in as high purities. 

In the second method, the rare-earth band is 
eluted down a column with 0.1 pct citric-acid solu- 
tion, adjusted to a pH between 5.0 and 8.0 with am- 
monium hydroxide.” * In practice, values near 8.0 
are preferable, since the concentrations of rare 
earths in the eluate are greater. Consequently, the 
higher pH results in larger yields per unit time. Under 
these conditions, the rare-earth band spreads out 
initially as it moves down a resin bed until it 
reaches an equilibrium value. From there on, the 
sharp front edge of the band progesses down the 
column at the same rate as the sharp rear edge, see 
Fig. 2. The elution curve is rectangular in shape 


rather than bell-shaped. Under these conditions, it. 


is found that the concentrations of the total rare 
earth, the ammonium ion, and the hydrogen ion in 
contact with any part of this band are constant (see 
Fig. 3) and that the ratio of concentrations between 
these constituents is the same in the eluate as on 
the resin in contact with it. In this method, the am- 
monium ion of the eluant does not overrun the front 
edge of the adsorbed rare-earth band; therefore, 
only pure hydrogen-state resin is found ahead of the 
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Fig. 2—The development of a typical adsorbed rare-earth band on 
a Nalcite HCR bed under the influence of 0.1 pct citrate eluant. 


adsorbed band. Throughout the band of an individ- 
ual rare earth, there exists a uniform composition of 
ion species. The hydrogen-ion concentration is very 
low compared to the concentrations of ammonium 
ion and total rare earth, both on the resin and in the 
eluate. Following the equilibrium band, the resin 
is, for all practical purposes, entirely in the am- 
monium state. Around a pH of 8.0, the equilibrium 
rare-earth band is approximately double the length 
of the original adsorbed band. At lower pH values, 
the equilibrium length becomes longer, approaching 
infinite length in the neighborhood of a pH of 5—the 
exact pH depends upon the rare-earth species. If 
several rare-earth species are present, they tend to 
separate into individual bands which ride head to 
tail down the column with the heaviest rare earth 
leading. The boundaries between the individual 
species are extremely sharp and it should be em- 
phasized that the bands do not pull apart from each 
other no matter how far they are eluted. 

The theory which accounts for the formation of 
these bands is extremely simple in principle al- 
though the solution of the algebraic expressions re- 
quires some labor. There are about 12 important un- 
known variables in the system, but it is possible to 
write 12 independent relationships involving only 
material balances, electrical neutrality; stability 
constants of the various complex ions formed, and 
equilibrium conditions. Therefore, if the composi- 
tion of the eluant, the capacity of the resin bed, and 
the total amount of rare earths adsorbed on the bed 
is known, it is possible to calculate the concentra- 
tions of all ions in the eluate and on the resin to 
better than 1 pct accuracy and to predict the rate of 
movement and the equilibrium lengths of the ad- 
sorbed bands on the column. While in theory 
nearly 100 pct yields of pure individual rare earths 
should be obtained one after another, in practice, 
there is always some overlap in the elution curves 
where binary rare-earth mixtures are obtained. 
This results from the fact that it is virtually impos- 
sible to avoid small amounts of channeling, some 
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Fig. 3—A typical elution curve obtained by eluting an adsorbed 
rare-earth band from a Nalcite HCR bed with 0.1 pct citrate 
under equilibrium conditions. 
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tilting of the bands, and some nonequilibrium con- 
ditions which are related to the size of the resin 
particles and the flow rate of the solution past them. 
The overlap can be minimized by choosing the di- 
ameter of the columns so the lengths of the equilib- 
rium bands of individual species will be long com- 
pared to the diameter of the resin bed and by using 
uniform fine resin particles in the beds and appro- 
priate flow rates. 

It follows from theory that, since the concentra- 
tion of Cit? ion in equilibrium with an individual 
band is predetermined by the composition of the 
eluant and will be somewhat different for each 
species due to differences in the stabilities of the 
complex ions, the equilibrium conditions will tend 
to give self-sharpening boundaries. For example, if 
a praseodymium ion gets into the neodymium band, 
the Cit= concentration found there will be too low 
and it will necessarily move more slowly down the 
bed than the neodymium ions until it is overtaken 
by the main praseodymium band. Conversely, a 
neodymium ion in the praseodymium band will be 
subjected to so high a Cit*= concentration that it 
will move more rapidly than the praseodymium ions 
until it overtakes the main neodymium band. This 
behavior can also be used to advantage in resolving 
binary mixtures which result from channeling and 
tilting of bands. The binary rare-earth solution 
flowing from a column where channeling and tilt- 
ing has occurred, instead of being treated with ox- 
alic acid to recover the rare-earth content, can be 
simply adsorbed on the top of another column. If 
similar binary mixtures from parallel-column runs 
are also adsorbed on this column to give a band of 
sufficient length, the rare earths will re-form into 
individual bands upon elution, with only a single 
region of overlap. 

Operations of this type have been scaled up to a 
unit which utilizes 45 6-in. and 100 4-in. columns 
with beds 4 ft long. It is possible to load these 
columns with about 50 lb of mixed rare earths every 
10 to 15 days. The eluant flows through columns by 
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gravity with very little attention, and most of the 
effluent citric acid is recycled. Most of the rare 
earths are recoverd in such a state that, by simple 
chemical procedures, yields of 40 to 90 pct of indi- 
vidual rare earths, 99 to 99.99 pct pure, are ob- 
tained. The binary mixtures which result have to be 
reworked. It should be mentioned that, since the 
main objective of the laboratory personnel is re- 
search and not production, the columns are not 
operated at this rate continually, but only during 
periods of intensified effort. 

Under the conditions usually employed, there are 
certain adjacent rare earths which do not form 
sharp bands on columns of reasonable length. They 
do, however, separate partially. The binary band 
for one of these pairs usually has a composition 
which varies from 95 pct of one rare earth to 95 pct 
of the other at opposite ends of the band. This re- 
sults from the fact that the difference between the 
stability constants of the citrate complexes of these 
adjacent rare earths is not as large as the average 
difference between the stability constants for ad- 
jacent rare earths. 

One of the difficult pairs to separate is ytterbium 
and lutetium. Fortunately, ytterbium forms di- 
valent salts while lutetium does not, and, since ytter- 
bium and lutetium readily separate from thulium 
and the other rare earths by ion exchange, these 
rare earths can be obtained in a pure state by ex- 
tracting the ytterbium from aqueous solution into 
sodium amalgam according to the method of Marsh,’ 
or by electrolytic reduction after the method of 
Yntema.” ” 

The fact that the stability constant for the ytter- 
bium-citrate complex lies closer to lutetium than 
to thulium is probably related to the fact that 
ytterbium will form divalent salts. Similarly, sep- 
aration is poor between gadolinium, europium, and 
samarium. It is well known that samarium and 
europium both form divalent salts. The methods 
used to separate ytterbium from lutetium can be 
used to separate both samarium and europium from 
gadolinium. The europium can then be separated 
conveniently from samarium by selective reduction 
of the europium with zine according to the method 
of McCoy.®* * 

While yttrium is not a true rare earth, the stability 
constant for its citrate complex falls between the 
constants for dysprosium and terbium. Since yttrium 
is always a major constituent of any natural heavy 
rare-earth concentrate, it is difficult to separate 
terbium and dysprosium from this element. How- 
ever, by eluting the mixture through longer col- 
umns, or a series of short columns, a separation can 
be obtained between dysprosium and yttrium. Al- 
though terbium can be greatly enriched, yttrium 
trails badly into the terbium fractions. Perhaps the 
best method for purifying terbium is method 3. 

Method 3 is, in principle, similar to method 2. 
Here, however, the rare-earth band is eluted with 
an ammonium salt of ethylenediaminetetraacetic 
acid (EDTA). While this method has not been in- 
vestigated to the extent that the citrate methods 
have, it is already evident from preliminary experi- 
ments that this method is more desirable and econ- 
omical than the citrate methods for separating the | 
more difficult groups of rare earths. It shows excep- 
tional promise even for the light rare earths, La 
through Nd, and the more readily separable heavy 
rare earths. The stability constants of the rare 
earth-EDTA complexes are much further apart 
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than the rare earth-citrate complexes” and, there- 
fore, the tendency to form equilibrium bands is 
more pronounced. In preliminary experiments, the 
resin bed of one column is completely saturated 
with a mixture of rare earths from a chloride solu- 
tion. The chloride ion and excess rare earth are 
washed out of the column with water and the ad- 
sorbed band is eluted down a second column con- 
taining resin in the copper II state with an eluant 


comprised of an ammonium salt of EDTA in water. 


As the EDTA solution moves over the rare-earth 
bed, the rare-earth ions are picked up as their EDTA 
complexes and ammonium ion is deposited leaving 
an ammonium resin bed behind, as in the citrate 
process. When the rare earth-EDTA eluate comes 
in contact with the copper bed, the rare earths are 
deposited, and the stronger copper-EDTA complex 
then flows out of the column over the copper-satu- 
rated resin bed. The copper ion plays a role analo- 
gous to the hydrogen ion in the citrate process, since 
in competing for the EDTA it causes the rare earths 
to deposit, forming a sharp boundary. Of course, 
other ions which form tight soluble complexes with 
EDTA can be used in place of copper. It is required 
that the ion species used eluate ahead of the rare 
earths being separated. This will happen if the 
stability constants of their complexes with EDTA 
are greater than those of the rare earths being 
eluted. However, as in the case of copper II, if the 
valence of the positive ion itself is less than three, 
the EDTA stability constant may be somewhat less 
than the heavier members of the rare-earth series. 
The relative affinities of the adsorbed ions for the 
resin are also involved and trivalent ions are more 
firmly held by the resin than divalent or mono- 
valent ions, in general. 

The optimum conditions for EDTA elution of rare 
earths have not yet been determined, although the 
method works quite well for an eluant containing 
5 to 20 pct EDTA in the pH range around 7 or 8. 

The method has the distinct advantages that even 
the most difficult groups separate much better with 
EDTA than with citrate and the volume of eluant 
required is only a fraction of that needed for an 
efficient citrate elution. 

It is interesting to note that, if rare earths, which 
are not adjacent and occur several numbers apart 
in the series, are to be separated, this can be done 
quite rapidly by taking advantage of the relatively 
large differences in the stability constants of their 
complexes with EDTA. Thus, if just enough EDTA 
is added to a 50-50 mixture of Nd* and Er® to the 
theoretically complex Er** present, and then the 
mixture is poured through a thin bed of resin suffi- 
cient to adsorb at least the quantity of rare earths 
not complexed by EDTA, a marked enrichment 
takes place.” The resulting filtrate will contain 95 
pet of the total Er, while the resin retains 95 pct 
of the neodymium originally present. Two or 
three applications of this process will produce 
highly pure specimens of both Nd and Er. 

The Ames Laboratory has done considerable 
work on solvent extraction as a means of separating 
rare earths,” as have others.” *® However, in no 
case has anyone developed a_ solvent-extraction 
method starting with a natural rare-earth mixture, 
wherein adjacent rare earths have been separated 
in sufficient quantities to serve as a comparison 
with ion-exchange methods. While the solvent- 
extraction method holds considerable promise for 
economically separating the light rare earths in 
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tonnage quantities, a great deal of work needs to be 
done before this can be demonstrated. It is the 
authors’ opinion that the existing methods of liquid- 
liquid extraction are not likely to compete econom- 
ically with ion-exchange methods for the separation 
of extremely pure individual rare earths if only a 
few hundred pounds are to be produced. 
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Slag-Metal-Graphite Reactions and the Activity 


Of Silica in Lime-Alumina-Silica Slags 


by James C. Fulton and John Chipman 


Reduction of silicon from blast-furnace-type slags by carbon-saturated iron is a 
very slow reaction even under conditions of rapid stirring. Equilibrium under atmos- 
pheric pressure of carbon monoxide was approached from both sides, and the silica- 
silicon relation was established at temperatures of 1425° to 1700°C for slags con- 


taining up to 20 pct Al,O3. 


Silicon carbide is formed by reaction of graphite with high silica slags and the 
conditions for its formation were determined. 

Activities of SiO. and of CaO in their binary solutions at 1600°C were determined. 
The effects on the activity of SiO. were established for additions of 10 to 20 pct 


Al,O3 and of 10 pct MgO. 


TUDIES of chemical reactions between blast- 

furnace slags and metal have been focussed on 
the transfer of sulphur from metal to slag. The im- 
portant role which silica reduction plays in this 
process’ has led to a study of the transfer of silicon 
from slag to metal and the equilibrium represented 
by the equation 


SiO, (in slag) + 2C (graphite) = Si + 2CO (g). [1] 


The authors’ have published an account of the ex- 
perimental method employed in attacking this prob- 
lem and of three series of experimental results at 
1600°C. This paper contains data on some additional 
compositions and extends the observations to cover 
the temperature range 1425° to 1700°C. The data 
are used to determine the activity of silica in the 
slags. 

As in the earlier experiments, the atmosphere was 
carbon monoxide which flowed through the furnace 
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Fig. 1—Silicon distribution for Fe-Si-C alloys in equilibrium with 
CaO-SiO,-10 pet Al,O, slags under 1 atm of carbon monoxide. 


at 150 ml per min. In certain heats designated in 
the tables and figures, the gas was bubbled through 
the melt using a graphite tube. The latter increased 
in porosity during a run and in some cases bubbling 
ceased as indicated by cessation of surging. Some 


results were discarded for this reason. 


Experimental Results 


The new data are shown in Tables I through V 
and both old and new data are plotted in Figs. 1 
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Fig. 2—Silicon distribution at 1425°C for Fe-Si-C alloys saturated 
with graphite and in equilibrium with CaO-SiO.-20 pct Al2O; slags 
under 1 atm of carbon monoxide. 
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Fig. 3—Silicon distribution at 1500°C for Fe-Si-C alloys saturated 
with graphite and in equilibrium with CaO-SiO.-10 pct Al.O; slags 
under 1 atm of carbon monoxide. 


through 10. Minor changes have been made in the 
locations of some of the curves previously published. 

Carbon in the Slag: In plotting the data, a correc- 
tion for the dilution effect of carbon entrapped in 
the slag was applied to the silica analyses when car- 
bon was determined. The two main sources of carbon 
in the slag were: 1—graphite particles released from 
the iron bath or from the small globules of graphite- 
saturated iron entrapped in the slag sample and 2— 
particles from the easily abraded carbo-cell that was 
used as an insulating material above the crucible. In 
view of the large number of analyses, it was decided 
to determine the carbon content only when the 
analysis was definitive with respect to the equilib- 
rium curves. 

It was found that visibly clear glassy slags con- 
tained less than 0.10 pet C. Darker samples con- 
tained as much as 2.0 pct. In certain cases, the neces- 
sity for carbon analysis was avoided by igniting the 
pulverized slag in oxygen before weighing the sam- 
ple, but this was successful only in the more refrac- 
tory slags. 

Silicon Monoxide in the Slag: Silicon carbide was 
found dispersed as small crystals in a few slags taken 
from melts which were initially higher than 23 pct 
Si. In such cases, the apparent analysis, when silicon 
is reported as SiO,, totals more than 100 pct. This 
anomaly in slags from ferrosilicon containing 45 to 
75 pet Si was ascribed by Gel’d and Esin* to the 
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Table |. Samples from Heats Made at 1425°C 


Heat & Time at 
Sam- Tempera- Metal, Slag Analyses, Wt Pct Wt Slag/ 
ple ture, Wt Pct Wt Metal 
No. Hr Si SiOz CaO Al,Oz Cc (Grams) 
126 Charge 4.0 44.0 45.5 10.5 — 400/400 
—1 1.0 4.13 43.56 oa —_— 0.09 
—5 8.0 4.07 43.73 10.72 
130 Charge 1.0 40.0 50.4 9.6 — 400/400 
—1 1.0 0.91 40.15 oo — 0.08 
—5 8.0 39.94 10.94 
133 Charge 6.0 50.0 40.0 10.0 —_ 500/400 
—1 1.0 6.36 48.61 — — 0.07 
—2 2.0 6.34 — 
—5 8.0 6.48 48.59 — 11.21 — 
143 Charge 2.5 43.7 45.6 10.7 xe 450/570 
—1 0.5 2.39 43.83 — —_— 0.09 
—2 1.0 2.41 — — 
—6 8.0 2.53 43.53 — 10.60 — 
144 Charge 3.0 40.0 49.1 10.9 ae 360/450 
—1 0.5 2.90 39.65 0.21 
—2 1.0 2.91 40.20 — 
—6 8.0 2.87 40.47 — 8.73* — 
145 Charge 8.0 48.6 40.9 10.5 bos 405/475 
—l1 0.5 8.17* 48.00 — — 0.23 
—2 1.0 8.22 — 
—6 8.0 8.22 48.43 10.31 0.09 
151 Charge 6.3 46.0 43.8 10.2 — 400/400 
—1 1.0 6.40 47.75 — — 0.09 
—2 ° 2.0 6.38 — 
—5 8.0 6.32 47.33 oS 9.81 0.07 
187 Charge 16.0 60.0 30.0 10.0 — 400/400 
—2 1.0 16.41 59.36 =, — 0.56 
—3- 4.0 16.28 59.63 — — 0.74 
—5 12.0 15.70 60.80 — 9.60* 0.60 
198 Charge 11.0 48.4 41.3 10.3 it 310/440 
—1 1.0 10.88 47.13 — — 1.49 
—4 8.0 10.83 47.83 10.40 1.70 
202 Charge 11.0 61.2 29.1 9.7 Ke 350/510 
—1 1.0 11.04 60.75 0.15 
—4 8.0 11.07 60.14 — 9.53 0.10 
116 Charge 2.0 37.0 43.2 19.8 — 500/300 
—1 1.0 2.19 36.47 0.14 
—3 5.0. 2.19 37.30 
—5 7.0 2.24 37.00 — 20.70 0.04 
127 Charge 5.0 41.0 38.5 20.5 Ke 400/400 
—2 5.19 40.98 — 0.62 
—3 — 40.93 — — = 
—5 7.0 5.18 41.23 — 20.43 — 
129 Charge 10.0 52.0 28.0 20.0 — 400/400 
—1 10.23 51.69 — — 0.11 
—3 5.0 — 51.98 — 
134 Charge 3.0 41.0 395 19.5 z* 360/600 
1.0 3.00 40.73 — 0.03 
—2 . 2.0 3.04 
—5 8.0 3.13 40.43 —_— 19.23 — 
141 Charge 6.0 48.0 32.3 19.7 lated 400/400 
—1 1.0 6.05 47.60 — 0.10 
—5 8.0 6.10 47.90 — 21.05 0.12 
142 Charge 4.0 - 37.0 42.3 20.7 — 375/525 
—1 0.5 3.69 37.41 — — 0.09 
—2 1.0 3.67 — — — 
—5 8.0 3.58 37.75 20.61 0.12 
164 Charge 1.0 38.0 42.2 19.8 —- 400/400 
—2 0.7 38.03 0.60 
—3 4.0 1.30 37.23 —_— — 0.02 
—5. 8.0. 1.40 36.75 — 24.02* 0.01 
166 Charge 7.0 51.9 28.3 19.8 dd 350/730 
—1 1.0 7.01 51.47 — —_— 0.34 
—5 8.0 7.10 51.41 0.10 
199 Char, 16.0 60.0 20.0 20.0 — 200/675 
—l1 15.80 62.31 — 0.26 
—4 8.0 61.28 18.16 0.54 


*« Average of duplicate analyses. 


** Used graphite crucible was either melted and cleaned or addi- 
tions were made to residue. In either case, the new charge compo- 
sition has been stated. 


++ Nil: Denotes slags that were ignited to remove carbon prior to 
other chemical analyses Carbon determinations are reported while 
a blank entry indicates that carbon was not determined. 
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Table Il. Samples from Heats Made at 1500°C 


Time at 


Time at 


Wt Pct Wt Slag/ 
Sam- Tempera- Metal, Slag Analyses, Wt Pct Wt Slag/ Sam- Tempera- Rr eat Slag Analyses, we Rectal 
No. Hr Si Si02 CaO C (Grams) No. Hr 
Ch 7.8: 40.0 50.0 10.0 300/300 —1 05 10.36 4490 — 
—3 5.0 40.0 40.0 20.0 300 
84 Charge 11.8 40. 
7.0 53.0 10.0 300/300 —3 5.0 == i 
nil —5 8.0 11.70 40.52 39.59 19.99 ni 
1.67 10.82 nil Charge 63 36.0 44.0 20.0 400/250 
432 36.02 51.67 10.82 nil 90 charg nil 
101 Charge 103 43.5 466 9.9 = 300/500 =2 30 6.73 | 35.54 — = ail 
10.03 43.56 46.95 9.92 nil Charge 180 490 400/500 
113 Charge 60 45.5 448 9.7 400/400 Lo 18.10 48.20 — ail 
= 5 8.0 17:70 4842 32.45 19.64 _ nil 
2577 1810 645 4492 — nil — 400/400 
114 Charge 105 42.0 38. 
=10 16.0 6.67 44.59 10.06 nil nil 
122 Charge 65 35.55 542 103 — 400/400 5.0 10.80 = 
Be Charge 9.0, 34.0 45.7 20.300 ** 400/400 
139 Charge 20.0 50.0 40.3 9.7 — 400/400 . 20 9.28 34.7 nil 
150 Charge 4.0 39.0 51.4 9.8 400/400 3 35.6 
= 0.5 4.00 40.5 = 21.58 
4.60 40.9004 0.27 8.0 8.96 36.19 
—6 7.5 4.09° 41.28 10.14 0.21 135 Charge 13.0, 47.0, 33.3 400/400 
—6 8.0 10.55 49.66 11.00 0.06 136 Charge 16.0 52.0, 28.3 19.7 400/400 
175 Charge 3.0 40.0 50.2 9.8 400/400 15.94 
—2 1.0 39.67 0.08 15.94 51.50 19.79 
—5 17.5 3.29 39.63 9.52% — 152 Charge 7.0 33.0 46.8 20.2 = 400/400 
6.85 33.83%. — 0.19 
176 Charge 6.0 380 51.8 102 — 400/400 
6.00= = = 162 Charge 174 51.5 28.7 19.8 ee 360/600 
180 Charge 11.0 562 343 9.5 — 400/400 17.750 50.05) 
—2 40 173 Charge 3.0 44.0 38.0 18.0 150/600 
—5 12.0 11883) 3.09 43.18 0.06 
193 Charge 12.0 49.7 40.3 10.0 ** 385/450 —6 12.0 3.74 39.73 —  1950* — 
12.12* 49.90 — 0.04 
12.42* 50.51% — 9.46 0.04 197 Charge 21.5 50.0 29.8 20.2 = 200/600 
21.53 4995 — = 0.35 
195 Charge 20.0 560 34.0 10.0 — 400/400 —4 80 21.14 5026 — 19.81 0.10 
8.0 19.97* 55.71 — 10.01 0.32 200 Charge 3.8 37.0 432 19.8 #s 140/580 
209 Charge 10.0 460 444 9.6 — 200/500 31854 


* Average of duplicate analyses. 


** Used graphite crucible was either melted and cleaned or additions were made to residue. 


sition has been stated. 


+t Nil: Denotes slags that were ignited to remove carbon prior to other chemical analyses. 


a blank entry indicates that carbon was not determined. 


In either case, the new charge compo- 


Carbon determinations are reported while 


presence of SiO. The authors’ results showed no 
pecularities below the silicon carbide solubility limit, 
and wherever complete analyses were made, the 
total based on normal valencies in the oxides was 
very close to 100 pct. 

Humphrey, Todd, Coughlin, and King* have calcu- 
lated for the reaction 


SiO (g) + 2C (gr) = SiC (s) + CO (g) [2] 


a standard free-energy change at 1700°C of —16,700 
cal. From this value it is found that the partial pres- 
sure of silicon monoxide in slags in equilibrium with 
silicon carbide, graphite, and 1 atm of carbon mon- 
oxide is 0.014 atm. In the authors’ experiments, car- 
bon monoxide flowed over the surface of the slag at a 
rate of about 150 ml per min. Assuming that the gas 
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became saturated with silicon monoxide, the max- 
imum amount that would be lost during an 8 hr run 
at 1700°C is 0.041 mol. In a typical slag weight of 
200 grams containing 30 pct SiO., there is approxi- 
mately one mol of silica. Thus, it is seen that the 
maximum evolution of silicon monoxide* can lead 


bei similar calculation using experimental data on SiO pressures 
by H. Schafer and R. Hérnle5 indicates only about two thirds of the 
loss calculated above. 


to a loss of about % of 1 pct of the amount of SiO, 
present per hour of operation. At lower temperatures 
the rate is much lower, and in all cases the effect on 
the accuracy of the results is insignificant. 

Accuracy of Analyses: Many duplicate analyses 
were obtained throughout the course of this investi- 
gation. Therefore, it is possible to calculate the mean 
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Fig. 4—Silicon distribution at 1500°C for Fe-Si-C alloys saturated 
with graphite and in equilibrium with CaO-SiO.-20 pct Al.O; slags 
under 1 atm of carbon monoxide. 


Table Ill. Samples from New Heats Made at 1600°C 


Heat & Time at 


Sam- Tempera- Metal, Slag Analyses, Wt Pct Wt Slag/ 
ple ture, Wt Pct Wt Metal 
No. Hr Si SiO2 CaO AlOs Cc (Grams) 
172 Charge 15.0 44.0 38.0 18.0 — 150/600 
—1 0.2 15.14 43.86 — 17.82 0.41 
—4 4.0 15.70 40.92 
—9 18.0 16.11 35.76 —_— 20.50 —_— 
179 Charge 15.0 29.0 50.0 21.0 —_— 150/600 
—2 0.5 14.90 30.05 — — 0.18 
—4 4.0 14.95 31.35 — —_— 0.21 
—7 12.0 14.72 32.68 — 19.57 0.14 


difference of two analyses. Usually the duplicates 
were requested when the initial values reported were 
not consistent, e.g., when the silicon content of the 
metal and silica content of the slag both increased or 
decreased. Duplicates of slag analyses were divided 
about equally between samples suspected to be in 
error and samples on which duplication was initially 
requested, as, for instance, in master slags. 

The statistical data on duplicability of analyses 
are shown in Table VI. The following definitions 
were used: 2x;, the difference between individual 
pairs of analyses; ax, the arithmetic mean of the dif- 
ferences between pairs of analyses within a group; 
ao, the standard deviation from the mean difference; 
n, total number of pairs; and range, the highest and 
lowest values for the difference between pairs of 
analyses. The standard deviation was calculated by 
the formula 


VE (xi —x)? 
n 


As an approximation, a normal distribution can 
be assumed, and the 95 pct confidence limits of two 
o can be applied. On that basis, it may be con- 
cluded that in 95 pct of the times, duplicate silica 
analyses on the same sample will not vary by more 
than 0.25 + 2 (0.16), or 0.57 pct silica. On the other 
hand, this information may be applied to different 
silica samples in the same heat. Thus variations of 
0.57 pct silica between two slag samples may be con- 
strued as a significant change in the melt composi- 
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Table IV. Samples from Heats Made at 1700°C 


Heat & Time at 
Sam- Tempera- Metal, Slag Analyses, Wt Pct Wt Slag/ 
ple ture, Wt Pct Wt Metal 
No. Hr Si CaO AlsOs Cc (Grams) 
194 Charge 22.0 35.0 54.8 10.2 — 250/700 
—1 1.0 21.63 36.13 -40 
—3 4.0 21.45 37.15 _— 9.63* 0.38 
201 Charge 23.0 37.0 52.7 10.3 — 200/500 
—1 065 22.57 39.07 _— = 19 
—4 5.0 22.80 38.50 —_— 9.36 0.20 
203 Charge 19.0 36.0 53.7 10.3 — 200/500 
—1 0.5 18.72 37.97 —_— — 0.26 
—4 5.0 18.72 37.76 _ 8.89 0.25 
204 Charge 15.0 37.8 53.2 9.0 ey 175/600 
—1 0.5 15.05 36.96 — — 0.18 
—4 7.0 15.22 35.28 — 9.23 0.44 
205 Charge 18.0 38.5 52.1 9.5 ots 175/600 
—1 0.5 17.29 37.99 0.23 
—4 7.5 17.51 36.22 ae 9.29 0.31 
206 Charge 22.0 41.0 49.5 9.5 — 200/500 
—1 0.65 21.63 42.04 —_— — 30 
—4 40 22.20 39.82 —_— 8.87 0.13 
207 Charge 19.0 39.8 51.2 9.0 ed 175/600 
—1 0.5 18.41 39.42 _ — 0.19 
—4 4.0 18.60 38.21 — 8.97 0.20 
158 Charge 21.4 32.0 48.0 20.0 —_— 300/700 
—1 0.2 21.72 36.21 
—3 1.0 21.85 35.79 
—6 8.0 22.27 35.59* 20.83 
163 Charge 15.0 29.0 51.0 20.0 as 300/700 
—1 0.5 14.97 28.49 — — 0.28 
—2 1.0 14.95 28.49* 0.28 
—4 7.0 14.93 28.65 — 20.37 0.34 
167 Charge 20.0 28.7 50.9 20.4 a 250/750 
—1 0.5 20.03 30.05 0.34 
—2 1.0 20.32 30.22 — — 0.50 
—5 8.0 20.06 31.63 — 19.58 0.28 
168 Charge 19.0 34.6 44.6 20.8 he 250/760 
—1 05 18.85 33.95 0.29 
—2 1.0 18.85 0.21 
—5 8.0 18.91 23.32 0.20 
169 Charge 10.0 28.0 52.3 19.7 — 300/700 
—2 1. 10.21 27.74 — — 0.31 
—5 8.0 10.55 26.41 — 19.25 0.62 
170 Charge 15.0 44.0 38.0 18.0 —_ 150/600 
—1 15.38 43.53 0.17 
—3 1.0 16.08 39.03 — — 0.08 
—5 7.0 16.96 30.78 — 21.93 oo 
184 Charge 20.1 31.6 48.4 20.0 o* 220/680 
—2 1.0 19.95 29.29 a — 0.89 
3.0 19.93 29.50 0.68 
—5 8.0 19.65 30.84 — 20.43* 0.76 
185 Charge 22.2 33.5 46.5 20.0 ae 250/600 
—2 1.0 22.68 0.24 
—3 3.0 22.46 32.16 — — 0.23 
—5 7.8 22.40 32.48 20.25 0.20 
208 Charge 18.0 28.0 51.8 20.2 —_— 200/500 
—1 0.2 18.38 28.60 — 0.92 
—4 4.0 17.87 30.59 — 18.79 0.54 
210 Charge 20.0 34.0 46.2 19.8 a 200/500 
—1 0.5 20.04 34.14 — — 0.29 
—4 4.0 20.06 33.72 —- 19.28 0.18 


* Average of duplicate analyses. 

** Used graphite crucible was either melted and cleaned or addi- 
tions were made to residue. In either case, the new charge compo- 
sition has been stated. 


tion 95 pct of the time. The last statement assumes 
no error due to sampling. 

As pointed out previously,’ it is unlikely that sam- 
pling errors are large compared to other factors that 
limit the accuracy of determination of the silicon- 
distribution curves. However, in order to eliminate 
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Fig. 5—Silicon distribution at 1600°C for Fe-Si-C alloys saturated 
with graphite and in equilibrium with CaO-SiO. slags under 1 atm 
of carbon monoxide. 


anomalies in composition changes, the first sample 
analyzed has been plotted in Figs. 1 to 10, rather 
than the calculated charge. Similarly, the last anal- 
ysis has been plotted with a correction for carbon 
but not for alumina. The final alumina content was 
accounted for when the equilibrium curves were 
drawn. 
Discussion of Results 

Slowness of Reaction and Its Influence on Accu- 
racy: It is well known that silica reduction (or the 
reverse reaction) is a slow process below 1600°C. 
This was especially evident from the work of Grant, 
Troili, and Chipman' who studied the effect of silica 
reduction on desulphurization at 1525°C. They found 
that nine hours was insufficient time for equilibra- 
tion when the metal phase was required to change 
from 4 to 1 pct or from 0 to 1 pct Si. 

Referring to Figs. 1 to 10, it can be seen how their 
conclusion has been confirmed at 1425° and 1500°C. 


At 1425°C (Figs. 1 and 2), very little reaction oc- 
curred in the eight hours allowed for most heats. At 
1700°C (Figs. 9 and 10), a significant amount of 
reaction occurred in four hours, even when the initial 
composition was not displaced far from. equilibrium. 

The very slow nature of the reaction has been the 
major factor in limiting the accuracy with which the 
equilibrium curves could be determined at 1425°, 
1500°, and 1600°C. At 1700°C the reaction rate in- 
creased to the extent that there was rather good 
convergence on the equilibrium distribution; how- 
ever, the experiments covered such a small concen- 
tration interval that the shape of the curve was not 
well defined. In view of all the factors involved, it 
seems reasonable to place the limits of error at 
+1 pet silica at a given silicon level. At the high 
silica end of Figs. 1 and 2 at 1425°C, the experi- 
mental. error is substantially larger.. Fortunately, 
however, there is a theoretical method (discussed 
in a later section), by means of which the upper 
extremities of these lines may be fixed with about 
as good accuracy as at other temperatures. 

The slowness of the reduction process which con- 
tributed so much to the difficulty of the experiments 
also must be credited with contributing to the suc- 
cess of the blast-furnace process. If the hot metal 
actually reached equilibrium with blast-furnace 
slag, practically all of it would require desiliconizing 
before use. 

Range of Silica Contents Studied: In general, the 
distribution of silicon between slag and metal has 
been extended over the widest possible range at the 
temperatures and alumina concentrations employed. 
The relations between alumina content, the tem- 
perature, and the phase which precipitates at the 
upper and lower silica compositions have been sum- 
marized in Table VII. The silica concentrations cor- 
responding to these limits may be read from the 
lime-alumina-silica phase diagram.* In general, the 
lower limits of the authors’ results agree well with 
the. diagram and the solubility limits shown in 


Table V. Samples from Slags Containing MgO at 1600°C 


Heat & Time at Metal, Slag Anal , Wt Pct 
No. Hr Si SiOe CaO AlOs MgO C (Grams) 
147 Charge 4.5 36.8 43.2 10.0 10.0 thay 2 
—1 0.5 4.55 35.50 0.22 
1.0 4.66 35.53 022 
aR 8.0 4.94 34.31* 46.09* 9.61* 9.54* 0.13 
155 Charge 21.0 44.0 36.0 10.0 ee 
=] 0.5 19.91 44.25 0.43 
—2 1.0 20.31 44.04 — = = 0.28 
8.0 20.47 44.25 35.40* 10.09* 10.10* 
156 Charge 15.0 40.0 40.0 10. ’ 
aos 8.0 14.88* 40.53* 39.79 9.51 9.71 0.13 
178 Charge 18.0 40.5 39.5 
5 8.0 17.89 40.88 = 10.49 10.02 0.61 
181 Charge 12.0 36.0 44.0 
5 8.0 11.92 35.62 =, 9.76 9.43 0.28 
190 Charge 11.9 33.0 46. ‘ 
3 6.0 11.59 34.82 45.90 10.11* 9.53 0.39 


* Average of duplicate analyses. 


** Used graphite crucible was either melted and cleaned or additions w 


has been stated. 


ere made to residue. In either case, the new charge composition 
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Table VI. The Mean Difference of Two Analyses 


Number of Mean 


Variable, Pairs, Difference, 

Wt Pct n x o Range 
SiOz 94 0.25 0.16 0.00 to 0.77 
CaO 35 0.27 0.18 0.00 to 0.56 
10 pet AlzOg 19 0.18 0.14 0.01 to 0.50 
20 pct AlsOz 45 0.51 0.34 0.03 to 1.32 
0 to 8 pct Si 6 0.02 0.02 0.00 to 0.04 
8 to 15 pct Si 13 0.10 0.08 0.00 to 0.23 
15 to 24 pet Si 28 0.23 0.19 0.04 to 0.62 


Table VII and in Figs. 1 through 10 are averages be- 
tween the two. At temperatures above 1450°C, the 
upper limit of SiO, is set by the occurrence of silicon 
carbide as a stable phase. This is discussed in the 
following section and the observed upper limits are 
shown in Table VII. 

Stability of Silicon Carbide: The occurrence of 
cubic silicon carbide at 1600°C was discussed in the 
original report.” The silicon concentration of the 
metal at which silicon carbide becomes stable in the 
temperature range of 1200° to 1700°C has now been 
established more accurately’ and the data are sum- 
marized in Table VIII. 

In their study of the electrolysis of CaO-SiO, 
slags, Bockris, Kitchener, and Davies® found that sili- 
con carbide was stable at 1600°C in slags containing 
50 mol pet (51.7 wt pct) silica. The authors’ data 
in Fig. 7 indicate that the limit of stability is about 
48 wt pct. This is the only series that actually was 
carried to high enough silica levels to form SiC. 

Taylor and Laidler® studied the formation of sili- 
con carbide by the reaction 


SiO, (crist.) + 3C (graphite) = 
SiC (8) + 2CO (g). [3] 


The minimum temperature at which they were able 
to form silicon carbide was 1450°C. This may be 
taken as experimental evidence that 1450°C is the 
temperature at which all substances in Eq. 3 can 
co-exist at unit activity. Above 1450°C silica must 
be at less than unit activity, and below this tem- 
perature silicon carbide does not form in the slag. 

The free energy of formation of both SiO, and 


SiC are now known accurately. The former depends | 


principally upon the heat of formation of cristo- 
balite recently determined by Humphrey and King” 
and thermal data which have been assembled by 
Kelley.” The equation which results from these data 
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Fig. 6—Silicon distribution at 1600°C for Fe-Si-C alloys saturated 
with graphite and in equilibrium with CaO-SiO.-10 pct Al.Os slags 
under 1 atm of carbon monoxide. 
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and which already has been used in establishing the 
activity of silicon’ is 


Si (1) + O. (g) = SiO. (crist.) 
AF® = —217,700 + 47.0T. [4] 


The heat of formation of 8 silicon carbide and its 
heat capacity at high temperatures were determined 
by Humphrey et al.* Their data lead to a heat of 
formation of SiC from liquid silicon and graphite at 
about 1700°K of —24.4 + 0.9 keal. A slight adjust- 
ment within the accuracy of the data along with 
Kelley’s tables” yields the following equation which 
is in exact agreement with activity data on SiC- 
saturated solutions’ 


Si (1) + C (graphite) = SiC (g) 
AF° = —24,700 + 8.3T. [5] 


For the free energy of carbon monoxide, an equa- 
tion is quoted from Basic Open Hearth Steelmaking 
which was derived from the National Bureau of 
Standards selected values: 


2C (graphite) + O. (g) = 2CO (g) 
AF° = —56,200—40.4T. [6] 


The above equations may be combined to deter- 
mine the free-energy change in Eq. 3: 


SiO, (crist.) + 3C (graphite) = SiC (8) + 2CO (g) 
AF° = 136,800 — 79.1T. [7] 
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Fig. 7—Silicon distribution at 1600°C for Fe-Si-C alloys saturated 
with graphite and in equilibrium with CaO-SiO.-20 pct Al,Os slags 
under 1 atm of carbon monoxide. 
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Fig. 8—Silicon distribution of Fe-Si-C alloys saturated with graphite 
and in equilibrium with CaO-SiO.-10 pct Al,O;-10 pet MgO under 
1 atm of carbon monoxide. 
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Table VII. Limiting Slag Compositions 


Lower Limit 


Upper Limit Upper Limit in Graphite 


era- 
°C AlvO3, Pct Pct Phase SiOo, Pct Phase SiOz, Pct Phase 
10 39.2 CazSiO4 69 Tridymite 69 Tridymite 
20 37.0 Gehlenite 71 Mullite 71 Mullite 
1500 10 37.0 CazSiO4 76 Cristobalite 57.5 siC 
20 34.4 Gehlenite 72 Mullite 58.0 siC 
1600 0 42.8 CazSiOu 68 Cristobalite 46.5 SiC 
10 36.4 — none 45.8 SiC 
20 29.2 CazSiOu 74.5 Mullite 44.2 SiC 
1700 10 35.5 CazSiO4u — none 38.5 SiC 
20 27.0 CavSiOu 78 Mullite 35.0 sic 


From this free-energy relation, the activity of silica 
can be calculated for slags in equilibrium with pure 
graphite, 8 silicon carbide, and 1 atm of carbon mon- 
oxide. In this way values for the activity of silica 
at several temperatures have been calculated and 
are shown in Table VIII. The activity refers to a 
standard state of 8 cristobalite. The ratio of the 
activity of silicon in the metal to that of silica in the 
slag is also tabulated in the table. This ratio, which 
is the equilibrium constant of Eq. 1, is independent 
of the presence of SiC. It will be used in a later 
section to calculate the activity of silica from the 
known activity of silicon in the equilibrium metal. 

It is also shown in Table VIII that 1456°C is the 
temperature at which all substances in Eq. 3 can 
co-exist in their standard states. This is very good 
agreement with the experimental value of 1450°C 
found by Taylor and Laidler.® 

Equilibrium at 1425°C: At 1425°C the more acid 
slags were too viscous to be studied up to the 
liquidus compositions, but some information on how 
to draw the curves of Figs. 1 and 2 can be obtained 
from the above discussion. It is evident that at 
1425°C, the 10 pct alumina slags can be studied up 
to silica saturation without formation of silicon car- 
bide. The solubility of cristobalite is 69 pct SiO, 
and at this composition dsio, = 1. From the data of 
Table VIII it is found that in the metal phase asi = 
0.20 which corresponds to Nsi = 0.312 or a concen- 
tration of 18.8 pct Si. The upper limit of the line in 
Fig. 1 is taken therefore as 18.8 pct Si at 69 pct SiO.. 

An analogous situation occurs in Fig. 2 for the 
20 pct alumina slags: In this case, mullite 
(3Al1,0,;:2SiO.) precipitates. Since it is obvious that 
the silica activity in mullite is less than that in pure 
silica, the curve has been drawn so as to intersect its 
liquidus at a lower silicon concentration than in 
Fig. 1. This concentration is fixed approximately by 
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Fig. 9—Silicon distribution at 1700°C for Fe-Si-C alloys saturated 
with graphite and in equilibrium with CaO-SiO.-10 pct Al:O; slags 
under 1 atm of carbon monoxide. 


1142—JOURNAL OF METALS, OCTOBER 1954 


the following considerations: In this region of the 
phase diagram, it is evident from the shapes of the 
silica solubility isotherms that the silica activity in 
a 20 pct alumina slag is equal to that of about 5 pct 
lower silica concentration in the 10 pct alumina 
series. Hence the silicon concentration at 71 pct SiO, 
in Fig. 2 is about equal to that at 66 pct SiO, in Fig. 
1, or 17 pct Si. This is plotted as the upper extremity 
of the line in Fig. 2. 

Effect of MgO: Fig. 8 contains the data on slags 
in which 10 pct Al,O;, and 10 pet MgO were present 
at 1600°C. The equilibrium curve in this figure is 
identical with that of Fig. 6 in which 10 pct Al.O; 
and no MgO were present at the same temperature. 
The agreement indicates that 10 pct MgO has the same 
effect as an equal weight per cent of CaO except that 
the range of fluid slags is extended to lower per- 
centages of silicon. The equivalence of MgO and 
CaO on a weight basis rather than in terms of mol 
fractions has been observed in the same range of 
compositions in studies of the desulphurizing powers 
of similar slags.” 

Summary—Effects of Temperature and Alumina: 
As a means of illustrating the profound effect of 
temperature and composition on the equilibrium 
curves, the data from Figs. 1 to 10 have been sum- 
marized in Fig. 11. It might be pointed out again 
that the interest in silicon distribution between 
blast-furnace slag and metal stems from desulphur- 
ization studies. In view of the practical nature of 
the results, it was considered useful to express the 
data in weight percent. Translation to mol fractions 
will be discussed later. 

Referring to Fig. 11, it will be seen that the data 
are grouped according to temperature. With in- 
creasing temperature, there has been a shift to lower 
silica concentrations and an increase in the slope of 
the curves. 
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Fig. 10—Silicon distribution at 1700°C for Fe-Si-C alloys saturated 
with graphite and in equilibrium with CaO-SiO.-20 pct Al,O; slajs 
under 1 atm of carbon monoxide. 
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Fig. 11—Summary of silicon-reduction equilibria. 


The effect of the substitution of 10 wt pct alumina 
for 10 wt pct lime has been studied at all tempera- 
tures. At 1500°, 1600°, and 1700°C, increasing the 
alumina has caused an increase in the silicon con- 
tent. The effect is greater in the more basic slags. 
At 1425°C, on the other hand, it is only in the more 
basic slags that this effect persists. At the acid end 
of the range, substitution of alumina for lime de- 
creases the silicon content of the metal. 

Influence of Sulphur: It has been pointed out that 
silicon-equilibrium data are needed for subsequent 
work on the rate of sulphur removal from liquid pig 
iron. Therefore, it is worthwhile to compare the 
silicon equilibrium obtained with and without sul- 
phur present. 

Fig. 12 shows silicon distribution in the experi- 
ments of Hatch and Chipman” and of Filer and 
Darken” at 1500°C with 1.5 to 2.0 pct S in the final 
slag. The changes in metal and slag compositions 
during the run are indicated where known; other- 
wise, the direction of change in silicon content is 
shown by an arrow. The small numeral beside each 
point denotes the percentage of Al,O; in the final 
slag. The magnesia content was generally between 
5 and 15 pct, but it may be assumed that this is un- 
important to the present discussion, since its only 
evident effect was in lowering the silica limit. 
Similar data of Hatch and Chipman at higher sul- 
phur contents are shown in Fig. 13. The lines repre- 
senting sulphur-free slags of 10 to 20 pct Al.O; are 
shown for comparison. 

Inspection of these figures shows that sulphur has 
a tendency to increase the silicon content of the 
metal. Practically all heats have finished at a higher 
silicon content than that which would be predicted 
by extrapolation of a line for slags of corresponding 
alumina content. This is not a very satisfactory 
comparison, however, since there are no grounds for 
belief that the lines can be extrapolated linearly. 
In slags of higher sulphur content, Fig. 13, the effect 
is more marked. Consider, for example, two slags 
containing 34 pct SiO, and 12 pct Al.O; with metal 
samples of 2.1 to 2.5 pct Si. In the absence of sul- 
phur, such slags would have contained about 37 pct 


Table VIII. Compositions and Activities in Equilibrium 
with Both Graphite and SiC 


Tem- 
pera- 

ture, 

ss Si, Pct C, Pct Nsi asi asi /Gsi0, 
1425 21.9 0.28 0.355 0.043 2.1 0.0205 
1500 22.4 0.33 0.362 0.059 0.38 0.155 
1600 23.0 0.41 0.369 0.085 0.048 1.77 
1700 23.7 0.50 0.376 0.120 0.0074 16.2 
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Fig. 12—Comparison of the silicon equilibrium without sulphur (this 
study) and the silicon equilibrium obtained in the presence of sul- 
phur at 1500°C. Numbers beside the individual points indicate 
alumina. 
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Fig. 13—Comparison of the silicon equilibrium without sulphur (this 
study) and the silicon equilibrium obtained in the presence of 
sulphur at 1500°C. Numbers beside individual points indicate 
alumina. 


SiO. for the same metal silicon. Similarly, slags of 
19 to 21 pet Al.O, and 3.4 to 4.2 pct Si, if they had 
contained no sulphur, would have required about 3 
pet higher SiO,. Since the sulphur content of the 
metal is not high, it is evident that the shift in silicon 
distribution must be ascribed to the fact that sulphur 
increases the activity coefficient of silica in the slag. 

In the corresponding experiments at 1425°C, the 
approach to silicon equilibrium was so slow that any 
effect of sulphur necessarily was masked. In the 
work of Grant, Kalling, and Chipman,” silicon equi- 
librium was not approached because of the oxidizing 
effect of MnO. Grant, Troili, and Chipman’ ap- 
proached silicon equilibrium more closely and their 
results, shown in Fig. 14, confirm the conclusion 
that sulphur increases the activity coefficient of 
silica. 

The effect of sulphur is probably a simple replace- 
ment of oxide ion by sulphide ion or, in other words, 
the partial neutralization of lime. The effect cannot 
be established quantitatively from the data cited, 
but it appears to be approximately what would be 
expected on the basis of neutralization of 1 mol of 
CaO by each atom of sulphur. 


Activities in the Slags 
Silica: The activity of silica in the slag is related 
directly to that of silicon in the equilibrium metal 
through the known free-energy change of Eq. 1 
which is obtained from Eqs. 4 and 6 and is rewritten 
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Fig. 14—Comparison of the silicon equilibrium obtained in the 
presence of sulphur at 1525°C. Numbers beside individual points 
indicate alumina. 
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Fig. 15—Activity coefficient of Si in graphite-saturated Fe-C-Si 
solutions. 


SiO, (crist.) + 2C (graphite) = Si(1) + 2CO (g) 
AF° = +161,500 — 87.4T. [8] 


The ratio of the activity of silica to that of silicon is 
given in Table VIII. The activity coefficient of sili- 
con in graphite-saturated iron has been determined 
by Chipman, Fulton, Gokcen, and Caskey,’ whose 
data are reproduced in Fig. 15. The atom fraction and 
activity coefficient of Si determine its activity which, 
by means of the ratio given in the last column of 
Table VIII, establishes the activity of SiO. in the 
equilibrium slag. Thus every point on each line of 
Fig. 11 yields a value for the activity of SiO, at a 
given temperature and composition. The data for the 
slags at 1600°C are shown in Fig. 16 in which the 
logarithm of the activity of silica is plotted against 
mol fraction of silica. In converting weight percent 
to mol fraction in the slag, it was noted that, 
throughout the composition range of the ternary 
slags considered, 10 and 20 wt pct Al.O, correspond 
respectively to 6.0 and 12.5 mol pct. In the quater- 
nary series, 10 pct each of Al.,O, and MgO correspond 
to 5.7 and 14.4 mol pct, respectively. 
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Fig. 16—Activity of SiO. (referred to cristobalite) at 1600°C. 
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Fig. 17—Activity of SiO2 at 1500°C. 


The composition ranges covered by experimental 
measurement are denoted by solid lines in Fig. 16. 
The broken lines representing extrapolations are 
based on the following considerations: In the binary 
system, the solubility of cristobalite is 68 pct or 
Nsio. = 0.664. At this composition log dsio. = 0 and 
the experimental line is extrapolated to this point. 
In the 10 pct alumina series, the activity of silica is 
always less than one. At Ns: = 74 in this series, it is 
about equal to that at Nsi = 61 in the binary system, 
as judged by isothermals of the phase diagram; and 
the extrapolation is made accordingly. Similar ex- 
trapolation of the 20 pct alumina series is fraught 
with greater uncertainty. The three curves cross at 
about Nsio. = 0.45. At higher silica, substitution of 
Al,O; for CaO on a molar basis decreases the activity 
of silica. 

In comparing the series containing alumina and 
magnesia with the other data, it is now clear that 
substitution of MgO for CaO on a molar basis in- 
creases the activity of SiO,. This conclusion must be 
restricted to the experimental range of compositions. 

Activity of silica at the other temperatures is 
shown in Figs. 17 and 18. It must be emphasized 
that the shapes of these curves are not well deter- 
mined by the experimental data. Nevertheless cer- 
tain phenomena are common to all series. In general 
the curves are steeper at lower concentrations. The 
reversal in the effect of alumina is observed at the 
three lowest temperatures, and the 1700°C curves 
show the same tendency. 

The effect of temperature on the activity coeffi- 
cient of silica is remarkably small, a fact brought 
out clearly in Fig. 18 where the 1700°C lines appear 
almost as extensions of those for 1425°C. The sig- 
nificance is that the heat of solution of cristobalite 
in these slags is small. 

The relation of the experimental data at 1600°C 
to the ternary phase diagram is shown in Fig. 19. 
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Table IX. Aluminum in Metal at 1600°C 


Heat and Heat and 
Sample No. Al, Pct Sample No. Al, Pct 
49-6 0.018 92-5 0.024 
117-5 0.013 54-6 0.023 
118-5 0.015 66-6 0.015 
125-4 0.021 87-4 0.036 
97-5 0.010 103-5 0.025 
52-5 0.020 107-5 0.026 
76-4 0.028 109-4 0.016 
86-5 0.031 124-5 0.025 


It is seen readily that the data cover only a small 
part of the entire liquid region, although this is the 
part of greatest interest for blast-furnace slags. 
Compositions above the 0.05 line react with graphite 
to form silicon carbide; in this region, the lines rep- 
resent estimates. 

Activity of Lime: For slags in equilibrium with 
‘dicalcium silicate, the activities of CaO and SiO, are 
related, at a given temperature, through the equa- 
tion a’cao-dsiop = constant. The numerical value of 
the constant is obtainable from the free energy. 

The heat of formation of calcium orthosilicate has 
been redetermined by King.” For the formation of 
B Ca,SiO, from CaO and quartz at. 25°C, he finds 
that AH = —30,190 + 230 cal. This agrees well with 
the —29,800 value deduced by Richardson, Jeffes, 
and. Withers” from related data. Recent measure- 
ments of Todd” yield an entropy change of +1.5 
units at 298°K for formation of the silicate from the 
oxides. With the aid of Kelley’s tables," these data 
yield the following equation at 1600°K, which may 
be taken as a good approximation over. the authors’ 
experimental-temperature range: 


2CaO (s) + SiO, (s) = Ca.SiO, (f) 


From this equation the free-energy change at 
1873°K is —35,400 cal and the activity product is 
7.4x10°. For slags in equilibrium with Ca,SiO, at 
1600°C and containing 0, 10, and 20 pct Al.O,, this 
leads to values of doso Of 0.11, 0.15, and 0.18. Here 
the standard state is the pure solid CaO. The cal- 
culations depend rather heavily upon measurements 
of the heat capacities of reactants and product at 
high temperatures. Data quoted by Kelley indicate 
a value for A°C, of about 5 cal per degree, a remark- 
ably large value. If the usual estimate of A°C, = 0 
is applied, as recommended by Richardson, Jeffes, 
and Withers,” the free-energy change is —33,000 cal 
and dcao is increased by 50 pct. 


-08 

fo} 
MOL FRACTIONS 
© Al203 
pa | 


2and4 0.125 


3. 0.060 _| 


4 a 
1700° 
-3.2 i ! ! i ! ! ! i ! 
0.28 0.36 0.44 0.52 0.60 068 0.76 


Ngio, (MOL FRACTION) —> 


Fig. 18—Activity of SiO. at 1425° and 1700°C. 
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Activities of silica and lime in the binary solution 
are shown in Fig. 20. The activities of CaO were 
obtained from those of SiO, through the Gibbs- 
Duhem equation beginning with the value men- 
tioned above for a slag saturated with orthosilicate. 
The results constitute a remarkable experimental 
confirmation of calculations by Richardson” based 
on the phase diagram and free energies of the cal- 
cium silicates. Activities of CaO and AI.O; in the 
ternary system could be calculated from that of SiO, 
if the latter were available for a wide range of com- 
positions. The authors’ data seem inadequate for 
this purpose and the computation will be deferred 
until more data are available. 

Alumina: A number of metal samples from the 
1600°C heats were analyzed for aluminum in the 
hope that the results might establish the activity of 
alumina. Since there are no comparable data in the 
literature, the results are recorded for possible fu- 
ture use in Table IX. At the present time, the effects 
of silicon and carbon on the activity coefficient of 
aluminum are unknown; and since these may be 
rather large, any attempt to calculate the activity 
of alumina from the data would be premature. 
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Fig. 19—CaO-Al203-SiO2 at 1600°C showing lines of constant silica 
activity. 
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Fig. 20—Actiyities of SiO. and CaO in their binary solution at 
1600°C. 
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Summary 

Experimental data are presented on the reduction 
of silicon from blast-furnace-type slags by carbon- 
saturated iron. The reaction is very slow, especially 
at the lowest temperature studied, 1425°C. At 
1600°C under conditions of rapid stirring, the ap- 
proach to equilibrium often required more than 
eight hours. Even at 1700°C the rate is rather slow. 
This slowness adds to the experimental difficulties 
but is a blessing to blast-furnace operation. By 
studying many compositions and approaching equi- 
librium from both sides in an atmosphere of carbon 
monoxide, curves were obtained showing the equi- 
librium silicon content of Fe-C-Si alloys as a func- 
tion of temperature and slag composition. 

An upper limit to the silica content of slags in 
equilibrium with graphite is determined by the ap- 
pearance of 8 silicon carbide as a stable phase, and 
the conditions for its occurrence have been estab- 
lished. 

In the more basic slags, the replacement of lime 
by an equal weight of alumina increases the equilib- 
rium concentration of silicon in the metal. In very 
acid slags, the reverse effect is found. Replacement 
of lime by an equal weight of magnesia does not 
change the silicon distribution but extends the range 
of fluid slags to lower silica contents. Comparison 
with results of desulphurization studies indicates 
that sulphur in the slag increases the silicon content 
of the metal. This appears to be due to neutraliza- 
tion of CaO, or replacement of oxide ion by sulphide 
ion. 

The activity of silica in the slags has been deter- 
mined from the silicon content of the equilibrium 
metal, its known activity coefficient, and available 
free-energy data. The activity coefficient of silica 
in the slag, referred to cristobalite as the standard 
state, is not greatly affected by temperature. 

The activity of lime was calculated from the free 
energy of Ca,SiO, and the silica activity of slags sat- 
urated with this compound. Activities of CaO be- 
tween 0.1 and 0.2 were found on the acid side of this 
composition. Results are shown graphically. 

Aluminum content of the equilibrium metal is re- 
ported, but alumina activities in the slags remain 
unknown. 
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a five following facts are reasonably well estab- 
lished concerning the influence of boron on the. 
hardenability of steel:** 


1—Boron does not appreciably influence the ther- 
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modynamic free-energy changes occurring during 
the transformation of austenite. 

2—Boron does not influence the temperature 
range or rate of formation of martensite, lower 
bainite, carbide, or pearlite. 

3—Boron influences only the rate of formation of 
ferrite or upper bainite that is nucleated at grain 
boundaries, and that by slowing the nucleation rate 
or decreasing the number of nuclei, not by altering 
the growth rate. 

4—Increasing the austenitizing temperature from 
which a steel is quenched can decrease the harden- 
ing influence of boron. 

5—Increasing the carbon content of a steel de- 
creases the influence of boron. 

Since the primary influence of boron is to retard 
the nucleation of ferrite at grain boundaries, it is 
possible that this result comes about because of 
changes in the austenite grain-boundary free energy 
and the austenite/ferrite interfacial free energy, due 
to the presence of boron. This possibility will be 
explored. 

Nucleation occurs much more readily at two, three, 
or four-grain junctions than in the interiors of grains. 
Grain junctions are favored sites for nucleation be- 
cause a portion of the austenite grain boundary is 
eliminated in forming the nucleus, thereby decreas- 
ing the increment of interfacial energy associated 
with nucleus formation. As a matter of fact, if the 
austenite grain-boundary energy is high enough, and 
the austenite/ferrite interfacial energy small enough, 
there will be no increment of interfacial energy asso- 
ciated with nucleus formation at all. In this event, 
no nucleation barrier exists and ferrite will begin 
to grow at grain junctions as soon as it is thermo- 
dynamically stable. 

At a two-grain junction the critical value of the 
austenite/ferrite interfacial energy is 


If it is half the austenite grain-boundary energy, 
two interfaces can be produced for just the energy 
available in the consumed y/y interface, and a lenti- 
cular/ferrite platelet can form with no nucleation 
barrier. 

At three and four-grain junctions, the critical 
values of the austenite/ferrite interfacial energies 
are’ 

==> OL [2] 


Oey = 0.612 oy. [3] 


These figures indicate that four-grain junctions are 
most favored as nucleation sites, three less so, two 
still less, and grain interiors least favored. 

Van Vlack® has measured the most probable y/y 
and a/y interfacial energies, finding 


Ow = 850 ergs per sq cm 
Tay = 630 ergs per sq cm 
from which 


At first glance this equation indicates that the aus- 
tenite/ferrite interface has so high an energy that 
a nucleation barrier will exist even at four-grain 
junctions. However, remembering that Van Vlack’s 
values of o,, and o., are most probable values and 
allowing for some variation in the value of the 
austenite grain-boundary energy, the magnitude of 
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the variation in o,, required to remove the nuclea- 
tion barrier can be calculated. (The a/y interfacial 
energy will be assumed not to vary. It will have less 
opportunity to do so, being composed of interfaces 
between a single ferrite particle, and two, three, or 
four different austenite grains, tending to average 
out its value.) At the various types of grain junc- 
tions, the following values of austenite grain-bound- 
ary energy are required: 1.48, 1.28, and 1.21 times 
the most probable value for two, three, and four- 
grain junctions, respectively. 

Variations as great as this are not impossibly 
large. Whether they actually are achieved or not 
is of secondary importance to the argument. In any 
event, it is clear that grain junctions are strongly 
favored sites for the formation of ferrite, and that 
slight changes in the austenite grain-boundary 
energy or the austenite/ferrite interfacial energy 
can have a strong influence on the rate of nucleation 
or number of nuclei formed. In particular, if boron 
decreases the austenite grain-boundary energy more 
than it decreases the austenite/ferrite interfacial 
energy, nucleation of ferrite can be retarded. If 
there are grain junctions without nucleation barriers 
in boron-free austenite, barriers can appear as boron 
is added. If there are nucleation barriers at each of 
these sites, they can be raised by the addition of 
boron. 

No bulk free-energy changes are associated with 
the influence of boron according to this model. Only 
the rate of nucleation of ferrite is affected. The in- 
fluence of a higher austenitizing temperature in de- 
creasing the effectiveness of boron reflects the de- 
creased adsorption of boron at high temperatures 
and is purely an effect of temporarily decreased boron 
concentration in the region of interest. 

The failure of boron to influence the nucleation of 
carbide or pearlite would indicate, on this model, 
either 1—that boron decreases the carbide/austenite 
interfacial free energy about as much as it decreases 
the austenite grain-boundary energy, or 2—that 
carbon has already reduced the austenite grain- 
boundary energy so far that boron has a negligible 
additional effect. 
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Phase Transformations in Titanium-Rich Alloys 


Of Iron and Titanium 


by D. H. Polonis and J. Gordon Parr 


High purity alloys of titanium and iron, made by a technique of levitation melting, 
have been investigated with particular reference to martensite formation and de- 
composition in the hypoeutectoid range. A preliminary study has been made of the 
occurrence of the phase corresponding to the structure Ti.Fe. 


ANY of the previous investigations of Fe-Ti 
M alloys have been made using Kroll sponge as a 
source of titanium; and the subsequent heat treat- 
ments to which alloys have been subjected has, on oc- 
casion, led to further contamination. Worner,'” who 
suggested a part of the equilibrium diagram for the 
binary system, and Wallbaum and coworkers,” who 
worked largely with iron-rich alloys, all used Kroll 
sponge. Van Thyne, Kessler, and Hansen," in their 
determination of the equilibrium diagram, used 
iodide titanium for alloys up to 30 pct Fe. Duwez,’ 
who measured the M, temperature of titanium 
binary alloys with many solute elements, used iodide 
titanium in all cases except in his work on Ti-Fe 
alloys for which he used Kroll sponge. The investi- 
gation of the supposed phase Ti.Fe by Rostoker*® in- 
volved the use of iodide titanium. A section of the 
constitutional diagram, after Van Thyne et al., is 
reproduced in Fig. 1. 
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Frequently too much stress is placed on the effect 
of contaminants in equilibrium and nonequilibrium 
systems, but there is no doubt that titanium alloys 
are extremely susceptible to interstitial atoms. Con- 
sequently, the main purpose of the work to be 
described was to determine those features of phase 
transformations in pure Ti-Fe alloys that were con- 
sidered of importance in commercial heat treat- 
ments. For, although commercial alloys may not be 
of high purity, the investigation of a system uncom- 
plicated by traces of impurity is a desirable starting 
point. Another incidental feature, the occurrence of 
Ti.Fe, was also investigated. 

The entire study was carried out using powders 
obtained from alloy ingots, for diffusion reactions 
are often more rapid in small particles than in bulk 
specimens. The frequently adopted practice of as- 
certaining phase constitutions by X-ray analysis of 
powders, and relating these to the microstructures 
and mechanical properties of bulk specimens, is con- 
sidered by the authors to be open to criticism. In the 
martensite reactions in the Fe-Mn system, for ex- 
ample, it has been shown’ that similar phase distri- 


butions in solid and powder may result ‘in different 


hardness values and appearance under the micro- 
scope; and it is possible that similar anomalies might 
occur in the Ti-Fe system. Consequently, in order to 
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Fig. 1—Ti-Fe phase diagram after Van Thyne, Kessler, and 
Hansen.° 


standardize the particle size, all experiments were 
made with filings or crushed powders of less than 
200 mesh. In cases where filings included an over- 
size fraction, this was discarded; but long-term heat 
treatments on both size fractions produced equiva- 
lent phase distributions and hence indicated that the 
constitutions of small and large filings were origi- 
nally. identical. This fact was also borne out by 
microscopic examination. Throughout the experi- 
ments every precaution was taken to maintain a 
high degree of purity in the samples. 


Experimental Techniques 


Alloy Preparation: Eleven alloys were made in the 
hypoeutectoid range, from 0.2 to 15.0 atomic pct Fe, 
as well as three hypereutectoid alloys containing 
19.6, 25.3, and 49.6 pct Fe. 

The materials used were iodide titanium and 
Johnson Matthey’s electrolytically prepared vacu- 
um-melted iron. A plug of iron was inserted in a 
hole drilled in a piece of titanium and the metal 
was melted in levitation by a high frequency coil, 
the whole being surrounded by a purified argon 
atmosphere. The technique has been described else- 
where,” but it may be mentioned here that each 5 
gram mass of metal became molten in about 30 sec 
and was mixed thoroughly by the stirring effect of 
the induced currents. The molten material was 
solidified extremely rapidly by dropping it into a 
cold copper mold directly beneath the high fre- 
quency coil (Fig. 2). There was no trace of reaction or 
sintering between the mold and alloy, and weighings 
made before and after melting showed differences 
of about 1 in 5000, which was the sensitivity limit 
of the balance used. The ingots were shown to be 
homogeneous both by microscopic examination and 
by the indentical X-ray diffraction patterns which 
were obtained from similarly treated samples of 
different parts of the same ingot. 

As a check on contamination, a piece of pure 
iodide titanium was melted and cast. Its hardness 
varied from RF 80 at the center to 90 at the outside. 
The ingot was melted a second and third time, and 
there was no change in these hardness values, and, 
according to accepted standards, therefore, no con- 
tamination during melting. Although the usual 
hardness value quoted for pure as-cast titanium is 
70 to 75 Rr, the difference is believed to be due to 
the greater rate of solidification and cooling in the 
levitation-melted material. Internal strains and a 
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smaller grain size may well account for the discrep- 
ancy. 

Heat Treatments—Quenching: Although the ac- 
tual rate has not been determined, the critical 
quenching rate from the 8 phase (body-centered 
cubic) to produce martensitic a (close-packed hex- 
agonal) is not very great. The hazards of contami- 
nation ruled out the possibility of water-quenching 
unenclosed powders. And as it was sometimes ob- 
served that titanium appeared to reduce silica at 
temperatures above 800°C (an observation which 
agrees with the available free-energy data), it was 
felt inadvisable to quench sealed-off specimens. Con- 
sequently, a gas-quenching furnace was designed in 
which the specimen was held in an atmosphere of 
argon (twice purified over hot calcium and copper) 
and blown out by a stream of cold gas. The powder 
was held in a small molybdenum boat, with which 
no reaction occurred, heated to temperature in 7 
min, soaked, and blown out. The powder sintered 
lightly during this treatment, and the cooling rate 
therefore was comparatively slow. It was assessed at 
about 200°C per sec. However, a second arrange- 
ment was devised in which the specimen was rotated 
during its heat treatment; therefore it had no oppor- 
tunity to sinter. The cooling rate on quenching was 
consequently much more rapid, since individual par- 
ticles were cooled by the gas stream. However, the 
amount of martensitic a produced in a given alloy 
was the same in both techniques and, because of its 
comparative simplicity, the first method was adopted. 

At the time of these experiments, helium was not 
readily available. Although it is realized that he- 
lium would allow a more rapid quench, it was quite 
clear that the rate attained by the argon quench was 
greater than critical. 

Tempering: The alloys were tempered at one tem- 
perature only, 570°C, for 10, 100, and 1000 hr. Even 
at this temperature, which is fairly close to the 
eutectoid horizontal of 585°C (Van Thyne et al.), 
decomposition rates of retained 8 were slow. How- 
ever, it is hoped that further experiments will be 
conducted at other temperatures in order to gather 
information to allow an analysis of the decompo- 
sition kinetics of the 8 phase. 

For tempering treatments, the quenched powders 
were sealed in vacuo in silica tubes. The same speci- 
mens were used for successive heat treatments, 


Fig. 2—Levitation- 
melting unit. 
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Fig. 3—High temperature X-ray diffraction unit. 


since no phase transformations occur on cooling 
from the tempering temperature. 

Assessment of the Constitution of Heat-Treated 
Powders: Plots made by Geiger-counter spectro- 
meter of the intensities of diffraction lines from the 
phases a (close-packed hexagonal), 8 (body-centered 
cubic), and FeTi (body-centered cubic) allowed an 
assessment to be made of their quantities. The 
method used is similar to that already described in 
connection with Fe-Mn alloys.” ” Two difficulties 
arise: 1—In order that the method be reliable, it is 
desirable to use neighboring diffraction lines. Strong 
lines from each of the phases, 10la, 1106, and 110 
FeTi, occur within the range of @ values 19°to 22°, 
using Cu Ka; but the first two of these lines tend to 
overlap. However, by using the 002a line, which 
occurs at approximately 19°, an assessment of the 
amount of a could be made and the strength of the 
10la line computed. The intensity of the 1108 line 
then could be assessed by difference. 2—At low 
angles, the parameter difference between marten- 
sitic a and equilibrium a in tempered structures 
is not detectable. Consequently, the values obtained 
for the amount of hexagonal phase include both 
structures. Therefore, while it is possible to state 
the amount of a’ produced on quenching (for all the 
hexagonal phase is martensitic) the amount of equi- 
librium a formed on tempering cannot be calculated 
because the intensities of diffraction lines from the 
hexagonal phases increase due to the precipitation 
of equilibrium a, but decrease due to the decompo- 
sition of a’. In alloys in which no a’ is formed on 
quenching, all the hexagonal phase subsequently 
produced during tempering is equilibrium a. This 
should be borne in mind when reading the a curves 
in the graphs illustrating the effect of tempering 
quenched alloys. 

Determination of M, Temperatures: The methods 
available for M, determination fall into two groups, 
cooling-curve techniques and metallographic tech- 
niques. Although it is hoped that the first method 
will be used eventually, the measurements made up 
to date have been by metallographic methods. 

If a low iron alloy is cooled at a greater than 
critical rate through the M, temperature, marten- 
sitic a’ is formed. If the quench is interrupted just 
above M,, equilibrium a would be expected to pre- 
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cipitate from the untransformed £ phase. The two 
forms of a are readily distinguishable under the 
microscope. 

The alloy powder was soaked at 1000°C and 
pulled into a second zone in the furnace tube where 
it could be maintained at a lower temperature (sub- 
sequently referred to as the holding temperature). 
This heat treatment was carried out in an atmos- 
phere of purified argon. The powder was then 
quenched in air, since the holding temperature did 
not exceed 350°C and oxidation on cooling from 
this temperature is imperceptible and restricted to 
a layer of only a few atoms. 

It was appreciated that the cooling rate from 
soaking to holding temperature might be sufficiently 
slow to allow the precipitation of equilibrium a on 
cooling through the a-§8 phase boundary. But this 
possibility was checked by maintaining the alloy at 
the holding temperature for different time intervals 
before quenching to room temperature. If equilib- 
rium a had formed on cooling to the holding tem- 
perature, then its extent would not be affected by 
holding time; but, if it were produced isothermally 
at the holding temperature, its amount would in- 
crease at longer holding times. That the second of 
these two possibilities occurred is shown in illustra- 
tions that are referred to later. The possibility that 
equilibrium a is formed by the breakdown of mar- 
tensite already produced is also ruled out, for the 
typical martensitic structure once formed is ex- 
tremely persistent up to the eutectoid temperature. 
Finally, the fact that the nonmartensitic phase was 
precipitated equilibrium a and not stabilized 6 
(which might occur at sub-M, temperatures) was 
ascertained by X-ray diffraction photographs. 

High Temperature X-ray Diffraction Studies: In 
order to make a few spot checks at certain parts of 
the equilibrium diagram and to determine the eu- 
tectoid temperature, a small furnace was constructed 
to surround a powder specimen held at the centre 
of the X-ray goniometer. The detailed construction 
of the furnace is to be described in another paper; 
a photograph is shown in Fig. 3. The furnace at- 
mosphere was of helium, purified by passage 
through activated silica gel at liquid-oxygen tem- 
perature. This atmosphere was maintained, with a 
slow stream of helium continually passing through 
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the furnace for several hours before the specimen 
was heated. Occasionally, the silica-gel purification 
tube was preceded by a hot calcium and copper 
train; but this was eventually considered to be 
unnecessary. 

Hardness Measurements: Hardness measurements 
were made on heat-treated powders, mounted in 
plastic, with a Bergsman microhardness tester using 
loads of 10 and 25 grams applied to a diamond in- 
denter. In each sample the hardness of ten or more 
particles was measured, and the variation was not 
more than 10 pct. 

Contamination during Heat Treatment: Although 
the use of hardness values in assessing contamina- 
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LOG TIME (HOURS) LOG TIME (HOURS) 


tion is open to criticism, the method is generally 
accepted. Therefore, it is felt that some hardness 
checks made on pure titanium subjected to certain 
heat treatments are of interest. Although the hard- 
ness values given are related to oxygen contamina- 
tion, the figures really represent a combined oxygen 
and nitrogen content. 

1—Iodide-titanium bar stock gave Rr 72 (60 kg 
load). This is approximately equivalent to 75 Vhn. 

2—Microhardness test (10 and 25 gram loads) for 
iodide-titanium bar stock gave 110 Vhn. The fact 
that the hardness value is greater when a small load 
is used probably arises because the very small 
penetration is affected by surface irregularities. As 
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Fig. 6—Hardness of alloys tempered at 570°C for 1000 hr. 


all other hardness tests were made with 10 and 25 
gram loads, it seems reasonable to take the value 
of 110 Vhn as the hardness of uncontaminated ti- 
tanium under the conditions of the test. 

3—Iodide-titanium filings were heated to 1000°C 
in purified argon in the quenching furnace, held for 
1 hr, and then slowly cooled. The Vhn was 120. 
The increase of 10 Vhn reflects an increase of 
about 0.03 atomic pct O. 

4—Iodide-titanium filings were heated to 1000°C 
in vacuo in a sealed silica tube, held for 1 hr, and 
then slowly cooled. Hardness values were scattered 
and gave the following approximate distribution: 
45 pct, 120 Vhn with 0.03 pct O pickup; 50 pct, 120 
to 180 Vhn with 0.03 to 0.25 pet O pickup; and 
5 pct, 180 to 250 Vhn with 0.25 to 0.7 pet O pickup. 
Contamination is believed to be due to the reduc- 
tion of silica by titanium at points of contact. This 
view is supported by the grey appearance of the 
inside of the quartz tube. 

5—Iodide-titanium filings were heated to 1000°C 
in the high temperature X-ray furnace, held for 142 
hr, and then cooled in 15 min. The Vhn was 150. 
The increase of 40 Vhn reflects an increase of about 
0.20 pct O. 

Scratch hardness tests made across individual 
particles of heat-treated titanium produced a mark 
of constant width, implying that the hardness and 
hence the composition of each particle was uniform. 


Results for Hypoeutectoid Alloys 


Quenched Structures: As will be seen from Fig. 4, 
some a’ is produced in quenched powders containing 
up to 12 pct Fe. This contrasts with Worner’s ob- 
servations that water-quenched alloys containing 
more than 3.8 pct Fe are retained as £6 solid solu- 
tions. The fact that Worner’s alloys contained other 


Fig. 7—1.26 pct Fe alloy quenched from 
1000°C. Entirely martensitic. Etched in aque- 
ous | pct HF, 1 pct H,O,. X800. Area re- 
duced approximately 50 pct for reproduction. 


for reproduction. 


1152—JOURNAL OF METALS, OCTOBER 1954 


Fig. 8—0.2 pct Fe alloy quenched from 
1000°C, held at 300°C for 1 min, then 
cooled to room temperature. Martensitic a’ 
with a trace of light-etching equilibrium a. 
Etched in aqueous 1 pct HF, 1 pct H,O.. 
X800. Area reduced approximately 50 pct 


elements, and were quenched from 950°C, might 
account for the difference. 

A further discrepancy between these results and 
Worner’s is the absence of the pronounced peak in 
the hardness of quenched specimens which Worner 
finds at 5 pct Fe (see Fig. 4). This difference may 
be due to the oxygen and nitrogen content of 
Worner’s alloys, or to the fact that, in his experi- 
ments, hardness measurements were made on bulk 
samples, while in this work powders were used. 
That the size of the specimen undergoing a mar- 
tensitic reaction may affect hardness values con- 
siderably has already been demonstrated.® 

Under the microscope, martensitically produced 
a in the powder specimens shows the typical Wid- 
manstaetten pattern of strain lines. (Fig. 7.) On 
the whole, structures are similar to those already 
published in the papers referred to earlier. 

Tempered Structures: The effect of tempering at 
570°C is summarized in the graphs shown in Fig. 5, 
which indicate rates of breakdown of £ to the stable 
a and FeTi phases. It will be observed that the 
curves of 8 breakdown increase in slope as the iron 
content increases, presumably because there is more 
B available for decomposition. Further, while the 
logarithmic plots of amount of 8 for alloys contain- 
ing more than 6 pct Fe approximate to smooth 
curves, alloys containing less than 6 pct Fe show a 
discontinuity at the point on the time axis at which 
FeTi begins to appear. This may be associated with 
an incubation period for the formation of FeTi, for 
after its appearance the slope of the curve, amount 
of 6 vs log time, shows an increase. 

After 1000 hr tempering, the ratios of FeTi:a in 
all alloys above 1 pct Fe are greater by about 50 pct 
than is to be expected from calculations made by 
applying the lever rule to the equilibrium diagram. 
Presumably the presence of retained 8 throws the 
system out of equilibrium, and further tempering 
would favor the formation of a, in order to produce 
equilibrium mixtures. 

Hardness measurements were made on the speci- 
mens tempered for 1000 hr. These are reproduced 
in Fig. 6. The steady rise in hardness may be asso- 
ciated with the increased amounts of FeTi pro- 
duced in the alloys. It will be noticed that the hard- 
ness of the 0.2 pct Fe alloy remains substantially 
unchanged on tempering; and its appearance under 
the microscope remains martensitic. 

M, Temperatures: The metallographic method 


employed may be applied only to alloys whose 
readily distinguishable 


martensitic structure is 


Fig. 9—0.2 pct Fe alloy quenched from 
1000°C, held for 100 min at 300°C. The 
amount of equilibrium structure has in- 
creased. Etched in aqueous 1 pct HF, 1 pct 
H,O,. X800. Area reduced approximately 50 
pct for reproduction. 
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Fig. 10—0.2 pct Fe alloy quenched from 
1060°C, held for 500 min at 300°C. There 
is further increase in the amount of equilib- 
rium structure. Etched in aqueous 1 pct HF, 
1 pct H,O,. X800. Area reduced approxi- 
mately 50 pct for reproduction. 


from the equilibrium structure. Where large quan- 
tities of 8 are retained, differentiation is difficult, 
since the quenched structure does not show a very 
pronounced strain pattern. Consequently, experi- 
ments so far have been limited to alloys containing 
less than 3 pct Fe. 

By the method described in a previous section, 
the M, temperature of a 0.20 pct alloy was found to 
be 280°+15°C. Micrographs reproduced in Figs. 8 
to 10 show the effect of isothermal holding at 300°C; 
and it will be noted that greater quantities of equi- 
librium a (the light-etching constituent) are pre- 
cipitated as the holding time increases. 

Alloys containing more iron show a higher M, 
temperature, rising to about 350°C at 2.2 pct Fe. 

These results conflict with the measurements 
made by Duwez, whose values for M, fell from 
800°C for a 1 pct alloy to 400°C for a 4.5 pct alloy. 
Apart from the fact that Duwez used Kroll sponge 
in making his alloys, no other explanation can be 
offered for this marked difference, unless M, is sen- 
sitive to the cooling rate. A slow cooling rate (such 
as was used in the experiments described here) 
may lead to the successive stabilization of 8 as the 
temperature falls, and result in depressed M,.* On 
the other hand, some martensitic reactions show a 
higher M, as the cooling rate decreases.“ Although 
Duwez showed that there was little variation in M, 
with cooling rates of 100° to 10,000°C per sec, the 
rate employed in authors’ experiments is believed 
to have averaged about 50°C per sec. However, the 
rate of cooling through temperatures of 800°C (M, 
according to Duwez) would be considerably faster 
than this average, and would fall between Duwez’s 
limits of 100° to 10,000°C per sec. Consequently, if 
M, is about 800°C for a 0.2 pct alloy, there is no 
doubt that martensite should have been produced 
in alloys cooled to 300°C; and holding at this tem- 
perature would have little subsequent effect. The 
micrographs, however, demonstrate the continued 
precipitation at 300°C of a phase which X-ray 
analysis shows to be a; hence 300°C is above the M, 
temperature. A series of experiments bracketed the 
M, at 280°C in this alloy. Further experiments are 
being carried out on this aspect of the transforma- 
tion. 

Eutectoid Temperature: It is valuable to know 
the eutectoid temperature with some accuracy, since 
it represents the maximum temperature at which 
quenched structures may be tempered safely. It 
was determined by high temperature X-ray meas- 
urements on an alloy containing 12.0 pct Fe. Ini- 
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Fig. 11—25 pct Fe alloy as-cast. FeTi in a 8 
matrix. Etched in aqueous 1 pct HF, 1 pct 
H,O,. X800. Area reduced approximately 50 
pet for reproduction. 


Fig. 12—25 pct Fe alloy held at 1000°C for 
1 hr. Largely Ti,Fe and B. Etched in aqueous 
1 pet HF, 1 pct H,O,. X800. Area reduced 
approximately 50 pct for reproduction. 


tially the filings were composed largely of retained 
8 with some a’. On heating to temperatures about 
500°C, reflections from FeTi appeared. The contin- 
ued appearance of this phase was observed by in- 
tensity measurements of its 110 reflection. Up to a 
temperature of 600°C, the amount of FeTi increased. 
Repeated scans were made over a range of @ in 
which FeTi, Bio, aNd om appeared. At 625°C an 
equilibrium condition seemed to have been estab- 
lished in which there was no change in the quanti- 
ties of the phases present over a period of three 
hours. At higher temperatures the FeTi line began 
to disappear. 

A second determination was made on cooling 
from the 8 range. The specimen in a wholly B con- 
dition at 1000°C was cooled to 600°C. A small @ 
range in which the FeTi,,. line occurred was scanned 
repeatedly. After 20 min at 600°C, a broad low- 
intensity reflection was observed, which, during the 
subsequent two hours, resolved into a fairly sharp 
peak. 

Diffusion reactions in the system Ti-Fe are slow, 
and consequently this temperature, 600°C, at which 
FeTi appeared, must have been below the eutectoid 
temperature. Using this result in conjunction with 
the previous one, the eutectoid temperature is 
assessed at 625°+10°C. This value is 25° to 40°C 
higher than the customarily accepted one. 


Results for Hypereutectoid Alloys 

The three alloys, 19.6, 25.3, and 49.6 pct Fe have 
been examined by X-ray diffraction and microscopic 
techniques after heat treatment at 1000°C. The 25 
pct alloy showed the phase that has been designated 
FeTi, and, after holding for 1 hr at 1000°C, con- 
sisted almost entirely of FeTi, and 6. The 20 pct 
alloy showed predominantly 8 with some FeTi,, 
while the 50 pct alloy consisted of FeTi with a 
little FeTi,. As the crystal structure of FeTi, is not 
known with certainty, no quantitative estimates can 
be made of its amount. 

FeTi: To supplement Worner’s account of this 
structure, accurate measurements were made of its 
lattice parameter and density. A parameter of 
2.978A+0.001 compares with Worner’s value of 
2.97A. Assuming the structure to be body-centered 
cubic, as diffraction photographs indicate, and tak- 
ing a value of 6.025x10” for Avogadro’s number, 
the density should be 6.52 grams per cu cm. The 
density measured by a water-displacement method 
is 6.50 grams per cu cm +£0.03. Slowly cooled pow- 
ders were examined carefully for the appearance of 
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superlattice lines. X-ray photographs were taken 
using Cr Ka to depress the scattering factor of iron 
and hence increase the differential between the 
atomic scattering of titanium and iron. No ordering 
was observed. 

Ti,Fe: Although this phase has been reported by 
Laves and Wallbaum’ and by Duwez and Taylor,” 
no other investigators have confirmed its existence. 
Rostoker® made up alloys corresponding to the com- 
positions Ti,Fe, TisFe,O, and TisFe,O and detected a 
phase corresponding to Ti,Fe only in the alloys con- 
taining oxygen. In further work” Rostoker estab- 
lished the isothermal section at 1000°C of the system 
Ti-Fe-O. The phase corresponding to Ti,Fe occurs 
with @ and FeTi in a large area whose boundary 
nearest to the Ti-Fe coordinate is at 2 pct O. Hence 
it would appear that at 1000°C the phase corres- 
ponding to Ti,Fe is produced only when there is 
2 pct or more oxygen. 

However, in this work alloys contained consid- 
erably less oxygen than this minimum, and some 
experiments were conducted on the 25 pct alloy to 
ascertain the reason for the occurrence of the phase. 
Its structure is complex, approximating to a face- 
centered cube with cell side 3.78A. But the true 
structure cell is made of 27 such units, so that the 
cell is a cube side of approximately 11.34A. 

Although the phase was completely absent from 
the as-cast specimen of the 25 pct alloy (which con- 
tained only @ and FeTi), it formed on heating at 
1000°C. The phase was produced in powders that 
were heat treated in purified argon, purified helium, 
and sealed in vacuo. High temperature X-ray ex- 
amination showed that the phase was present at 
1000°C, for at this temperature diffraction lines of 
FeTi, Ti,Fe, and 8 were observed. 

In order to account for the difference between 
these results and Rostoker’s, the following explana- 
tion is tentatively offered: The as-cast 25 pct Fe 
alloy made by levitation melting shows a very finely 
dispersed precipitate of FeTi in a 6 matrix. (Fig. 
11). These components react in crushed-powder 
specimens to form Ti,Fe and £8 on suitable heat 
treatment. (Fig. 12.) In cast alloys that are more 
slowly cooled, as larger samples made by arc-melt- 
ing could be, the FeTi would tend to segregate and 
the reaction to form Ti,Fe would be much slower. 
Even so, it is believed that prolonged heating at 
1000°C would produce some Ti,Fe in alloys of ap- 
propriate composition; but no experiments appear 
to have been conducted on these lines. The effect of 
oxygen is to increase the range of stability of the 
Ti.Fe, and probably to accelerate the reaction pro- 
ducing it. 

The three hypereutectoid alloys were tempered at 
570°C. The small quantity of Ti,Fe in the 50 pct 
alloy had disappeared at 100 hr treatment, leaving 
a structure of entirely FeTi. The 20 pct alloy showed 
predominantly B after 100 hr tempering, while the 
25 pct alloy showed FeTi and 8 with a little remain- 
ing Ti,Fe after 1000 hr. It would appear that the 
phase Ti,Fe is stable only above the eutectoid tem- 
perature; but its range of stability and the conse- 
quent modification of the Ti-Fe equilibrium diagram 
have not yet been investigated. 


Summary 
High purity alloys of titanium with iron, made by 
a technique of levitation melting, have been inves- 
tigated. Alloys containing up to 12 pct Fe may 
produce some martensitic a’ on quenching in argon 
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from 1000°C, but this is not accompanied by a 
marked increase in hardness in powder specimens. 
Retained 6 is slow to decompose at a temperature 
50°C below the eutectoid, but rates are greater at 
higher compositions. The appearance of FeTi on 
tempering is usually accompanied by an increase in 
the slope of the curve of #/log time. Tempered 
alloys have hardness values that rise as the FeTi 
content increases. 

The M, temperature of a 0.20 pct Fe alloy has 
been determined by metallographic methods to be 
280°+15°C; the M, temperature rises to 350°C for a 
2.2 pet Fe alloy. 

High temperature X-ray examination has estab- 
lished the eutectoid temperature at 625°+10°C. 

The density and parameter of FeTi have been 
found to be 6.50 grams per cu cm +0.03 and 
2.978A+0.001. The structure shows no ordering. 

Although previous work has implied that the 
structure corresponding to Ti.Fe occurs only in al- 
loys containing oxygen, this fact is refuted by re- 
sults obtained in this work. The structure Ti.Fe 
may be produced by the reaction of FeTi and @ in 
crushed powder from the as-cast alloy when it is 
appropriately heat treated, and has been observed 
by high temperature X-ray techniques at 1000°C. 
The phase decomposes below the eutectoid tem- 
perature. 
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Quantitative Substructure and Tensile-Property 


Investigations of Nickel Alloys 


by Betsy Ancker and Earl R. Parker 


The small-angle dislocation-boundary density of nickel and some 
of its alloys was investigated as a function of strength. It was found 
that the strength is a linear function of the density for pure nickel 
and for Ni-Ti alloys, but not for Ni-Co alloys. The results are inter- 
preted in terms of dislocation theory. 


HE processes by which metals deform are still 
poorly understood, even though there has been 
a concentrated research effort in this field during 
the past fifteen years. Single crystals and individual 
grains in polycrystalline aggregates often develop a 
subgrain structure when deformed. Substructure 
formation occurs as a result of local plastic bending 
and its development is augmented by annealing at 
moderate temperatures.’ Investigations made to 
date, largely qualitative in nature, have shown that 
the substructure is composed of a network of small- 
angle boundaries. The purpose of the present paper 
is to present some quantitative data on substructure 
(obtained by X-ray techniques) and to correlate the 
results with the strength of the metal in which the 
substructure existed. Nickel and some of its alloys 
were used for the experiments. The presence of 
certain kinds of foreign atoms greatly alters the for- 
mation and effect of the substructure. 
Polycrystalline tensile specimens were prepared 
from high purity nickel, two Ni-Ti alloys, and two 
Ni-Co alloys; the composition of these materials is 
given in Table I. Tensile specimens having a re- 
duced section 4% in. diam by 3 in. long were ma- 
chined from materials which were refined, cast, 
forged, and swaged in the authors’ laboratories. 
The specimens were annealed for % hr at 1150°C, 
a treatment which produced grains having a diame- 
ter of approximately 0.5 mm. This rather large 
grain size was used to facilitate later examination 
of the substructure. Duplicate specimens of pure 
nickel and of each alloy were strained various con- 
trolled amounts in tension at room temperature and 
recovered for 1 hr at 800°C. (This strain induced 
prior to recovery will be referred to hereafter as 
the “prestrain.”?) One of each of the recovered speci- 
mens was pulled in tension at room temperature to 
obtain the stress-strain curves. The other bar was 
cross-sectioned in the gage length, carefully polished, 
and deeply etched to remove all cold-worked ma- 
terial. This specimen was then examined by the 
X-ray microscopic technique’ to determine the na- 
ture and magnitude of the substructure. The use of 
duplicate specimens permitted a direct correlation 
between tensile properties and substructure char- 
acteristics. 


B. ANCKER and E. R. PARKER, Member AIME, are Research 
Physicist and Professor of Metallurgy, respectively, Minerals Re- 
search Laboratory, University of California, Berkeley, Calif. 

Discussion on this paper, TP 3845E, may be sent, 2 copies, to 
AIME by Jan. 1, 1955. Manuscript, Apr. 20, 1954. Chicago Meeting, 
November 1954. 
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X-ray microscopic studies were made with an 
apparatus constructed to have an average resolving 
power of about 4 microns. The monochromatic radi- 
ation refiected from grains which were oriented 
favorably was recorded on fine-grain photographic 
plates. These were examined at X100 which repre- 
sents the true magnification, since there was essen- 
tially none in the X-ray system. This permitted 
detection of angular differences between subgrains 
of as little as 10 min. A very large number (over 
100) of grains for each specimen was examined at 
this magnification and the number of substructure 
boundaries per grain was tabulated. An accurate 
relative measure was obtained under fixed experi- 
mental conditions, e.g., same grain size, resolving 
power, magnification, etc. The greatest source of 
error lay in counting the subboundaries, but this 
proved to be surprisingly small when repeated counts 
were made by different investigators. Furthermore, 
as the subsequent analysis indicates, whatever hu- 
man error was introduced was not significant. 


Analysis of the Substructure Data 

When the number of substructure boundaries per 
grain was plotted against the frequency, skew 
(asymmetrical) distribution curves of the type 
shown in Fig. 1 were obtained. These are smoothed 
curves for the 1 atomic pct Ti in nickel alloy sub- 
jected to various prestrains and are representative 
of the curves obtained with all the metals. Since 
skew-distribution curves cannot be analyzed by ele- 
mentary statistical methods, detailed investigations 
were undertaken in order to 1—test the consistency 
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Fig. 1—Skew distribution curves for 1 atomic pct Ti in nickel with 
yarying prestrains. 
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Fig. 2—A representative skew frequency distribution transformed 
into the corresponding normal distribution. 


Table |. Tabulation of the Substructure Parameters 


Substructure Parameters 


Prestrain, 
Pet 


Alloy Mode Median Mean 


0 99.95 pct Ni 
1 atomic pct Tiin Ni 
2 atomic pct Tiin Ni 
5 atomic pet Co in Ni 
20 atomic pct Co in Ni 
1 99.95 pet Ni 
1 atomic pct Tiin Ni 
2 atomic pct Tiin Ni 
5 atomic pet Co in Ni 
20 atomic pct Co in Ni 
2 99.95 pet Ni 
1 atomic pct Ti in Ni 
2 atomic pct Ti in Ni 
4 1 atomic pct Ti in Ni 
2 atomic pct Tiin Ni 
5 atomic pct Co in Ni 
20 atomic pct Co in Ni 


AA 


RARBOHO 


of the data and 2—obtain parameters suitable for 
describing the distribution curves and for comparing 
data obtained from different specimens. 

A modification of the Wilcoxon test* was used to 


* See Appendix A for details, see p. 1161. 


verify or reject the hypothesis that two sample dis- 
tributions came from the same general distribution. 
This test was used to show not only that various 
samples from one specimen all came from the same 
distribution, but also that samples from different 
alloys or those having different prestrain histories 
did not come from the same distribution. In every 
case significant differences in the distribution of the 
number of substructure boundaries per grain were 
shown to be present among the various specimens 
having different amounts of prestrain or different 
alloy content. Only rarely were there indications 
that various samples from one specimen did not 
come from the same distribution. The inconsistent 
data represented only a small part of the total and 
was discarded. 

In order to analyze and compare data from dif- 
ferent specimens, it was necessary to transform the 
skew-distribution curves into normal (Gaussian) 
ones. The cumulative-frequency plot (Fig. 2b) cor- 
responding to a representative skew-frequency dis- 
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Fig. 3—The relationship between prestrain and density of sub- 
structure boundaries as indicated by median (top) and mean (bottom). 


tribution (Fig. 2a) is a curve. By using a suitable 
transformation function, such a skew distribution 
may be made normal as illustrated by Fig. 2c and 
its cumulative frequency is then represented by a 
straight line (Fig. 2d). It was found that the skew 
distributions of the substructure boundaries per 
grain for various strains and alloys could be trans- 
formed into normal distributions by the use of the 
fourth-root function. Suitable parameters for de- 
scribing the original distribution can be calculated 
or obtained easily from the transformed cumulative- 
frequency plot. These parameters (see Figs. 2a and 
2c) are: mode, the number of subgrains per grain 
which occurs most frequently in the distribution, 
x, = (é* — 30°)‘; median, half the grains have this 
number of subgrains or more, x, = €; and mean, the 
average number of subgrains per grain, x; where o 
is standard deviation of transformed distribution. 


Experimental Results 

Results obtained from the statistical analysis of © 
the substructure determinations are summarized in 
Table I, while the cumulative-frequency curves from 
which these data were derived are contained in 
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Appendix B. All three parameters (mode, median, 
and mean) vary in the same general manner with 
prestrain and alloy content. The median and mean, as 
indices of small-angle boundary density, are plotted 
against the amount of prestrain in Fig. 3 for pure 
nickel and the four alloys. A similar plot of mode, 
as substructure parameter, vs prestrain is shown in 
Fig. 4. The substructure formation behaviors of the 
Ni-Ti and Ni-Co systems are revealed most graph- 
ically by using the mode as the index of small-angle 
boundary density. 

Room-temperature tensile properties for pure 
nickel and for each alloy, with various amounts of 
prestrain, are shown in Figs. 5 through 9. The flow 
stress at a given strain increases regularly with in- 
creasing prestrain for all of the alloys tested. This 
is shown more clearly by Fig. 10, in which the flow 
stress at 0.25 pct strain is plotted against the amount 
of prestrain. The effects of increasing concentrations 
of foreign atoms on the substructure density and on 
the strength of nickel are shown in Fig. 11. The 
flow stress increased linearly with both titanium and 
cobalt content; the amount of substructure in the 
titanium alloys increased in a comparable manner. 
The substructure density in the cobalt alloys, how- 
ever, rapidly approached a maximum. This evidence 
showed that a simple correlation between substruc- 
ture density and strength is not generally valid. 


Discussion 

Several mechanisms of work hardening operate to 
increase the strength of a metal subjected to plastic 
deformation at low temperatures. Before the effects 
of the individual factors can be isolated, measured 
quantitatively, and understood, the metals to be used 
in the investigation must be put into comparable 
initial states. The same strain history associated 
with the preparation of the specimens, plus the same 
original annealing treatment (1150°C for % hr), 
yielded a different density of substructure for each 
alloy. This (variable) small-angle boundary density 
and the corresponding strengths of the alloys as 
compared with that of the base metal may be at- 
tributed to the presence of the foreign atoms (see 
Fig. 11). However, the nature of the subboundaries 
after an 1150°C anneal is not the same as after an 
800°C treatment (see Fig. 12). Consequently, all 
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Fig. 4—The relationship between prestrain and density of sub- 
structure boundaries as indicated by the mode. 
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specimens were strained 1 pct and heated to 800°C 
to produce a base state in which the subboundary 
structure was similar for each specimen. The num- 
ber of subboundaries was, of course, different for 
each metal but this was of minor importance in the 
room-temperature deformation studies because com- 
parison between substructure and strength was 
made on the basis of differences produced by addi- 
tional increments of strain beyond the initial 1 pct. 
Substructure boundaries are introduced by local 
plastic bending. Regions of a crystal which have 
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Fig. 5—Effect of prestrain and 800°C recovery treatment on ten- 
sile properties of pure nickel. 
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Fig. 6—Effect of prestrain and 800°C recovery treatment on ten- 
sile properties of Ni-Ti alloy. 
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been bent with a uniform curvature require heating 
to develop a substructure,’ but other regions may 
form substructure boundaries even when the defor- 
mation is induced at a temperature as low as that of 
liquid nitrogen. The condition necessary for low 
temperature boundary formation is that there must 
be a place in the crystallite where the shear stress 
decreases abruptly to a stress lower than that re- 
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Fig. 7—Effect of prestrain and 800°C recovery treatment on ten- 
sile properties of Ni-Ti alloy. 
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Fig. 8—Effect of prestrain and 800°C recovery treatment on ten- 
sile properties of Ni-Co alloy. 
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quired to keep dislocations moving. In a polycrys- 
talline aggregate, the topology is such that there are 
many regions where the shear stress does decrease 
abruptly; substructure boundaries form in these 
regions during the deformation. In other regions 
where the stress distribution is such that bending 
causes a region in the crystallite to assume a uni- 
form curvature, the dislocations remain distributed. 
These dislocations are stopped in the crystallites 
wherever they encounter internal barriers; such 
barriers have been shown to be effective impedi- 
ments to slip.? Sessile dislocations are one type of 
internal barriers; they may be formed by the inter- 
action of moving dislocations on two active slip sys- 
tems. Quantitative data showing the hardening 
caused by the interaction between dislocations with 
different Burgers vectors which form immobile dis- 
locations have been obtained recently for zinc single 
crystals tested in simple shear.* 

In the present investigation, it was observed that 
the quantity of substructure boundaries developed 
by room-temperature deformation, i.e., with no re- 
covery, was about the same as the number observed 
after an 800°C treatment. However, the nature of 
the small-angle boundary network is dependent 
upon the recovery temperature. The higher the 
temperatures are, the sharper the subboundaries, 
as is illustrated by the X-ray micrographs of Fig. 12. 
An example of the very sharp subboundaries formed 
by an 1150°C anneal is shown in Fig. 12a. Similarly, 
the diffraction pattern from a grain in a specimen 
deformed 2 pct at room temperature and recovered 
at 800°C is pictured in Fig. 12b. In contrast, the 
substructure developed in a duplicate specimen 
which also was strained 2 pct, but not recovered, has 
diffuse subboundaries as may be seen in Fig. 12¢c. In 
this case, there are three major subgrains separated 
by regions of severely deformed matrix; the matrix, 
however, is not so distorted as to prevent some of 
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Fig. 9—Effect of prestrain and 800°C recovery treatment on ten- 
sile properties of Ni-Co alloy. 
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it from supporting X-ray diffraction. This type of 
diffraction pattern indicates that the matrix contains 
some general lattice bending. During recovery the 
distributed dislocations collect in subboundaries, a 
configuration which minimizes the free energy of 
the system. 

In a current investigation, Washburn’ has shown 
that the interaction of dislocations and small-angle 
boundaries in nearly perfect single crystals is such 
that unrecovered boundaries, comparable to those 
yielding the reflections shown in Fig. 12c, are much 
less effective in strengthening the metal than the 
clearly defined ones produced by a high temperature 
recovery treatment. Thus there are two general 
mechanisms of hardening which operate during 
straining or during recovery. When plastic flow is 
taking place, dislocations are impeded in their 
motion through the lattice by sessile dislocations 
and by other internal barriers. Such hardening is 
very effective, e.g., when pure nickel is strained 1 
pet (Fig. 5), the strength is increased by about 
6500 psi. Recovery, on the other hand, causes many 
of the internal barriers to disappear,* thus weaken- 
ing the metal. During this softening process, how- 
ever, the boundaries become sharper and hence 
more effective as barriers to moving dislocations.’ 
Thus, after deformation and recovery, the metal was 
harder than it was in its initial state (in the authors’ 
example by approximately 3000 psi) because of the 
presence of many sharp substructure boundaries. 
However, the metal was softer than it was after the 
deformation and before recovery (by approximately 
3500 psi) because annealing removed many dis- 
tributed dislocations trapped at internal barriers. 

The present investigation was concerned with de- 
termining the effect of boundaries (developed dur- 
ing recovery) on the yield strength. As shown in 
Fig. 13, the correlation between strength and sub- 
structure density is similar for pure nickel and the 
Ni-Ti alloys, but the Ni-Co alloys behave in an 
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Fig. 11—Effect of alloy content on substructure density and flow 
stress. 


Fig. 12—X-ray micrographs of subboundaries in a pure nickel 
grain following deformation and recovery at various tempera- 
tures. a—1150°C, b—800°C, and c—Room temperature. 


entirely different manner. The strength of the co- 
balt alloys is increased markedly by prestraining and 
recovery, but its substructure density remains sub- 
stantially unchanged. It must be concluded, there- 
fore, that density of sharp subboundaries is not the 
only factor in establishing the strength of a metal. 

The increase in strength in the cobalt alloys ob- 
viously was not due to an increase in the number of 
subboundaries. What, then, caused the strengthen- 
ing? In order to understand the behavior of the 
Ni-Co alloys, the nature of the dislocations in the 
deformed metals must be considered in detail. Dis- 
locations in the close-packed crystals are dissociated 
because the free energy is thereby lowered. Each 
dislocation becomes a pair of parallel Shockley 
partials.” The pair separate because their elastic- 
stress fields are mutually repulsive. Between them 
is a strip of fault which is hexagonal in the face- 
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centered-cubic lattice. The generation of this 
faulted surface requires energy, and so the two 
partials cannot move apart indefinitely. The equili- 
brium distance between partials in an extended dis- 
location is determined by a balance of the force 
of repulsion between the partials and the surface 
tension of the connecting fault. The width of an ex- 


tended dislocation in nickel is probably about 20. 
atom distances. The interaction of these extended . 


dislocations and the solute atoms will now be con- 
sidered. 

The Suzuki’ mechanism of solid-solution harden- 
ing* is based on the heterogeneous distribution of 
solute atoms in lattices containing extended dis- 
locations. Suzuki’ has shown by thermodynamic 
calculations that the concentration of solute atoms 
in the faulted regions, in certain cases, is higher 
than in the rest of the lattice. Since the cobalt atom 
is very nearly the same size as the nickel atom and 
prefers the hexagonal configuration, it is probable 
that, at equilibrium, the concentration of cobalt in 
the extended dislocations is much higher than in the 
rest of the lattice. The faulted regions, with their 
high concentration of foreign atoms, act as barriers 
to impinging dislocations and therefore produce 
hardening. Partial dislocations must be forced free 
from their pinning atmospheres before plastic flow 
can proceed and this requires high shear stresses. 
The free energy of extended dislocations is so low- 
ered by the collection of some foreign atoms that 
even at high temperatures such dislocations are not 
readily removed from the lattice, nor can they mi- 
grate easily to form small-angle boundaries. The 
distributed dislocations would, therefore, tend to re- 
main distributed during the recovery treatment, and 
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would not collect to form new boundaries. Defor- 
mation always increases the dislocation density but 
it does not necessarily always increase the sub- 
structure density; hence, a metal may gain in 
strength because of dislocations distributed through 
the volume of a crystal, which are anchored by the 
Suzuki mechanism, even though there is no appre- 
ciable change in the density of sharp subboundaries 
(Fig. 13). 

Partial dislocations are never pure edge type; 
nevertheless they are associated always with com- 
pressed and expanded regions of a lattice. The pres- 
ence of a titanium atom in a nickel lattice causes 
high hydrostatic stresses because it is about 17 pet 
larger than the nickel. Since an accumulation of 
the titanium atoms in the expanded portions of the 
partials will reduce these stresses, it seems likely 
that Cottrell’ atmospheres form in the Ni-Ti alloys. 
However, the number of atoms involved necessarily 
is much smaller than that required for a Suzuki 
atmosphere. Thus it is expected that the partials 
in the alloys containing titanium could be freed 
much more readily from their atmospheres than the 
partials in the Ni-Co alloys. The atmospheres in the 
titanium-bearing alloys apparently are no more 
effective in hindering dislocation migration into 
boundaries than are the impurity atoms in the “pure” 
nickel. This is evident from the fact that the pure 
nickel and Ni-Ti alloys have the same strength vs 
small-angle boundary density characteristics (Fig. 

Summary and Conclusions 
1—Increasing amounts of deformation followed 
by recovery caused a regular gain in the strength 
of pure nickel, Ni-Ti, and Ni-Co alloys. The re- 
covered metals were not as hard as the unrecovered 
ones because many internal barriers to slip were 
annihilated during recovery. In contrast to this 
softening effect, the small-angle boundaries intro- 
duced by the room-temperature deformation be- 
come sharper during recovery and thus become 
much more effective in hardening the metal. 
2—The strength of the annealed alloys increased 
linearly with increasing alloy content. 

3—The substructure density of the alloys rose 
with increasing titanium content but approached a 
maximum with increasing quantities of cobalt. For 
pure nickel and for the Ni-Ti alloys, the small-angle 
boundary density also increased linearly with in- 
creasing amounts of room-temperature deformation. 
For the cobalt alloys, however, the substructure 
density approached a maximum. Therefore, a sub- 
structure density is not the only factor in establish- 
ing the strength. 

4—The number of small-angle boundaries devel- 
oped by room-temperature deformation is substan- 
tially unchanged by heating up to temperatures as 
high as 800°C. The nature of the network, how- 
ever, is dependent on the recovery temperature; the 
higher the temperatures, the sharper the sub- 
boundaries will be. 

5—Dislocation density may increase without a 
corresponding increase in substructure density. This 
was found to be the case for the Ni-Co alloys. 
Hardening in these alloys may involve the Suzuki 
mechanism, with the extended dislocations being 
immobilized by a cobalt-atom atmosphere even at 
high temperatures. In such a case, subboundaries . 
would not be developed in proportion to the increase _ 
in dislocation density. 


6—The Cottrell hardening mechanism may be 
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operative in the Ni-Ti alloys, since the titanium 
atom is nearly one-fifth larger than the nickel atom. 
If it is, the titanium atmosphere is relatively inef- 
fective in altering the recovery process, since both 
the pure nickel (containing minor impurities) and 
the titanium alloys behaved in the same way during 
recovery. 
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Appendix A: A Modification of the Wilcoxon Test 


Application of the Wilcoxon test tests the hy- 
pothesis that two samples come from the same dis- 
tribution. 

If X,, ..., X, is a sample from a distribution F, 
and Y,,..., Ym is a sample from a distribution G, 
the hypothesis to be tested is that F = G. Since 
there are ties present, i.e., X, may equal X, fori = j 
and X; may equal Y, for any 1 and k, a modification 
of the usual Wilcoxon test was devised. 

The test procedure is as follows: The two sam- 
ples are combined into one which is arranged in 
increasing magnitude. Let 7,,1 = 1,...,n, be the 
rank of the ith smallest X in the combined ordered 
sample and similarly let the s,,j = 1,..., m, be the 
ranks of the Y’s. The sum of the ranks of the Y’s is 


computed S = 3 s; . As a check, the sum of the 


ranks of the X’s are also computed R = 3 T,, since 


S + R is the sum of all the ranks, ie, S + R = 
14+24+...4+ (m+n) = (m+n) (m4+n+41)/2. 

In any case where ties occur, the contribution to 
the sum of the ranks rather than the individual 
rank is computed as follows: If there are 1X’s and 
4Y’s tied for a position in the combined-order sam- 
ple, then the starting position for these will be 1 + v 
when v equals the total number of X’s and Y’s 
which precede the iX’s and jY’s. The last position 
is v + 1+ j, and therefore the midrank is (2v + 
1 + 4 + 1)/2. Then the contribution to the sum 
of the ranks of the X’s is C, = i(2v +171+3j3+4 1) 
/2 and the contribution to the sum of the ranks of 
the Y’s is C, = +1+ 3-4 1)/2. 

Next, the expected value of S, E {S}, and the vari- 
ance of S, c,’, are computed. When the hypothesis 
is true 


m 


m-n 


Now let T = S — E {S}/o.; then if m and n are 
moderately large (say > 10) and if the hypothesis is 
true, T is approximately normally distributed with 
mean zero and variance one. Hence T should be ex- 
pected to fall well within the normal range most 
of the time. 

Assume the value of T computed to T,. In order 
to compute the probability of finding a value of T as 
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large in absolute value as T, (from the normal 
|To| 


tables) the value of p = 1 — f cae (—wu’/2) du is 
-|To 


found. If this probability p is small (e.g., <0.05), 
the hypothesis would be rejected and an error in 
doing so would be made only on the average of 5 
pet of the time. If the probability is large (e.g., 
>0.05), the hypothesis is accepted. 

As an example the following test is included here: 
Hypothesis: the substructure boundary-distribution 
curves for pure Ni and 1 atomic pct Ti in Ni at « = 
0 pet come from the same sample. 


(1 Atomic 
Pct 


Xi (Ni) Tiin Ni) v +1)/2 Cr (Gh 
87 93 0 90.5 1873.5 8416.5 
13 53 180) = 213.5 2775.5 11315.5 
1 17 246 255.5 255.5 4343.5 
1 7 264 268.5 268.5 1879.5 
n = 102 1. 12755 276.0 276.0 
0 276 276.5 0.0 
1 276 277.0 277.0 
m = 175 R = 11173.0 = 27330.0 
R + S = 38503.0 
(n+m) (n+ m+4+1) (102 + 175) (102 + 175 + 1) 
—= = 38503.0 
2 


(102) (175) 


175 
E {S} = — (278) = 24325; os2 = (278) = 413525 
2 


12 
27330 - 24325 
os = 643 
643 
p = 1 —0.999+ = 0 
Hence the probability of obtaining a value of |T| as 
large as |4.67| is very nearly zero; therefore the 
xX, and Y; come from different distributions. 


Appendix B: Transformed Cumulative Frequency Curves 
(Figs. 14 through 18) 
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Fig. 14—Transformed cumulative frequency plot for pure nickel 
at yarious prestrains. 
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Fig. 15—Transformed cumulative frequency plot for 1 atomic pct Ti 
in nickel for various prestrains. 
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Fig. 16—Transformed cumulative frequency plot for 2 atomic pct Ti 
in nickel for various prestrains. 
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Fig. 17—Transformed cumulative frequency plot for 5 atomic pct Co 
in nickel for various prestrains. 
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Fig. 18—Transformed cumulative frequency plot for 20 atomic pct 
Co in nickel for various prestrains. 
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Fundamentals of Mixing and Agitation 


With Applications to Extractive Metallurgy 


by J. H. Rushton and L. H. Mahony 


Principles of fluid motion and turbulence which have been found to be of use in mixing 
and agitation problems are discussed, as well as suggested applications in extractive- 
metallurgy processes. Various types of impellers are described, together with other con- 
ditions that affect flow pattern and turbulence. The choice of equipment for particular 
requirements is considered, and equations for power input are given. Modern heavy-duty 
mixing and agitation equipment can take an increasingly important part in such extrac- 
tive-metallurgy processes as solids handling, crystallizing and leaching, chemical opera- 
tions, and flotation. Application of mixing and fluid-mechanics principles to extraction 
methods can lead to greater process rates and a resultant saving in time and money. 


IXERS are being applied with increasing fre- 

quency to problems in the metallurgical indus- 
tries. The increase represents in part the modern- 
ization of mechanical equipment used through the 
application of unitized drives, modern electric 
motors and speed reducers, and recently developed 
materials of construction. Some applications have 
resulted from process changes and the use of tech- 
niques for operations similar to those that have 
been demonstrated and proven in the chemical in- 
dustry. Still more applications are being developed 
through the use of fluid-dynamics principles not 
previously recognized as applicable to these opera- 
tions. 

It is the purpose of this paper to describe those 
principles of fluid motion and turbulence which 
have been found to be of use in mixing and agitation 
problems, and to suggest applications for them in 
the extractive-metallurgy processes. 

Modern mixing equipment has been designed to 
provide the fluid motion consistent with that best 
suited to different operations.» When properly ap- 
plied, these more efficient fluid-handling mixers re- 
sult in lower process-production costs. 

Metallurgical operations usually involve large 
amounts of solids. The characteristics of the ore 
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control the process and only enough liquid is added 
to provide sufficient fluidity for handling and proc- 
essing. The reactive part of the ore, the mineral 
value to be extracted, is likely to be low in percent- 
age, and the quantity of reagent required is simi- 
larly low, but excessive dilution makes additional 
reagent necessary and therefore is undesirable. Thus, 
the primary problems in minerals processing are to 
handle as high a concentration of solids as possible 
and to distribute reagents uniformly. These pulps, 
or slurries, are in a range of solids concentration 
where hindered settling rates apply, and care must 
be taken to agitate and mix sufficiently to main- 
tain suspension and flow throughout the equipment. 
Such slurries have high densities which are the 
weighted average of the components and viscosities 
that are spoken of as “effective viscosities” but are 
difficult to evaluate. 

It is convenient to separate metallurgical opera- 
tions involving mixers and agitators into three cate- 
gories: solids handling, mechanical or physical oper- 
ations, and chemical operations. In each of these 
categories fluid motion is required to maintain sus- 
pension, to distribute surface-active agents, to blend 
components and reactants, and to induce high rates 
of chemical reaction. After a discussion of some 
basic principles of mixing and agitation, examples 
of application to the three categories will follow. 


Fluid Motion 


The fundamental problems of mixing and agita- 
tion of liquids have to do with the mechanics of 
fluid streams and the means by which they are 
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Fig. 1—Marine-type propeller with stabilizing fins. 


moved. Mixing is accomplished by material transfer 
through momentum transfer and turbulence. Agita- 
tion is the result of turbulent fluid motion. In most 
large-scale mixing operations, a rotating impeller is 
used to produce liquid flow. Turbulence may be 
generated in four ways: by the action of the im- 
peller blade on the liquid; by the rubbing of liquid 
on the walls of the tank; by the passage of the liquid 
around an obstruction; or by high velocity streams 
moving adjacent to low velocity streams. This latter 
mechanism involves a flow-velocity discontinuity 
and plays the largest single role in the creation of 
turbulence and agitation by propeller and turbine- 
type mixers. The high velocity streams emerging 
from rotating-mixing impellers set up fluid shear 
stresses with adjacent slower moving fluid; and, 
when these stresses overcome viscosity, a disturb- 
ance is created, and eddy currents and agitation are 
initiated. Thus, whenever a fluid stream moves at 
relatively high velocity compared to the fluid around 
it, turbulence and agitation are produced and carried 
along with the flowing stream. Adjacent fluid is en- 
trained in the stream by turbulence, and the pattern 
of agitation spreads along the path of flow.* 

Most commercial liquid-agitation and mixing 
operations are carried out by rotating impellers. 
They move the fluid, and the flow path, velocity, 
and quantity of flow are dependent upon the shape 
and position of the impeller, the shape of the con- 
tainer and its fittings, and on the physical properties 
and boundary positions of the liquid. As a result of 
operating experience and compromise among the 
many practical and economic considerations, the best 
practice may be generalized as follows: 

The mixing tank should be cylindrical with axis 
vertical, the bottom may be flat, dished out, or a 
shallow cone. Liquid depth equal to the tank di- 
ameter is good practice, but may be as deep as two 
diameters. In large tanks the liquid depth may be 
less, but good mixing cannot be obtained if the depth 
is too low. Square or rectangular tanks are to be 
avoided because it is often difficult to secure adequate 
fluid motion in the corners. 

Mixing impellers used to produce flow and agita- 
tion are rotating impellers such as the marine-type 
propeller (Fig. 1), the turbine (Fig. 2), and the flat 
paddle (a flat rectangular solid plate with a hub at 
the middle for attaching to a rotating shaft). There 
are many variations in design from these common 
impellers. The answer to most agitation problems, 
however, it is not to be found in some unusual im- 
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Fig. 2—Flat-blade turbine. 


peller form, but rather in the knowledge of the type 
of fluid flow and turbulence resulting from different 
impellers, fluids, and the containers, and of the flow 
pattern best suited to the particular agitation prob- 
lem. Impellers are usually made to be about % to % 
the tank diameter, and if only one is on a shaft, it 
is placed no more than one impeller diameter from 
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Fig. 3—Flow pattern for impeller of any shape without baffles. 
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the bottom. Two or more impellers on a shaft are 
placed at least one impeller diameter apart. Im- 
pellers are rarely placed closer than one diameter to 
the liquid surface unless gas is to be drawn in through 
the surface. Vertical shafts with impellers are 
placed on the center line of the tank and baffles are 
used at the tank walls or, sometimes, near the im- 
peller. Occasionally a baffle is used across the bot- 
tom of the tank or horizontally across the liquid sur- 
face. Propellers are often used in an off-centered 
position (Figs. 6 and 7) without baffles, and the shaft 
may enter through the top of liquid or through the 
side wall. When rectangular tanks must be used, 
propellers are placed so as to promote flow in cor- 
ners; they are placed in position as dictated by ex- 
perience. When the solids’ content is greater than 
50 pct by weight, the impeller diameter is usually 
increased, but it depends in all instances on the 
operation to be carried out and its particular re- 
quirements. 
Flow Patterns for Mixing 

The impeller causes fluid motion and generates, 
together with the wall, the principal lines of flow 
through the liquid. When a single impeller of any 
shape or size is rotated on the center line of a 
smooth-wall cylindrical tank, the flow motion which 
is set up is a rotary swirling or vortex motion, Fig. 
3. The flow is circular and there is practically no 
vertical motion. The liquid moves as in a merry-go- 
round, and there is little chance for mixing because 
liquid is not forced sideways or vertically. If, how- 
ever, there are obstructions on the wall of the tank 
or elswhere, different impellers will give either of 
two different principal types of flow patterns. The 
marine-type propeller produces axial flow: the flow 
leaves the impeller in the direction of the axis of 
rotation. The flow pattern is illustrated in Fig. 4. It 
should be noted that there are vertical and lateral- 
flow lines: liquid is moved up, down, and horizon- 
tally, providing good top-to-bottom turnover, and 
this motion is conducive to good mixing. Note that 
propellers are almost always operated to discharge 
downward, and, when two are used on one shaft, 
they both discharge downward. 

When flat paddles or turbines are rotated with ob- 
struction in the liquid, the liquid moves from the 
turbines in a plane perpendicular to the axis of rota- 
tion. Such motion has been called radial motion, 
and any impeller which Senerates this type of flow 
is classed as a radial-flow impeller. The flow pattern 
is shown in Fig. 5. Here, as in the case of the pro- 
peller with baffles, there are vertical and lateral flow 
currents resulting in motion conducive to good mix- 
ing. The liquid motion from the impeller, therefore, 
is dependent upon the impeller shape and also 
upon the obstructions present or the physical bound- 
aries of the liquid. Ordinarily, the obstructions used 
to prevent rotary motion and swirl are baffles which 
are placed at or near the tank wall. Usually, baffles 
extend to 1/12 the tank diameter from the wall. 
They may extend vertically the full liquid depth or 
only part of the liquid depth. If some rotary motion 
and swirl is desired at the surface of the liquid, 
baffles can be used in the lower part of the liquid but 
cut off below the surface. This will result in some 
swirl and vortex around the shaft, a condition some- 
times desired in cases where solids are to be intro- 
duced into the liquid, for, if the solids are hard to 
wet, they can be poured into the vortex. Sometimes 
it is desirable to separate heavy objects at the bot- 
tom of a tank by cutting off baffles at the bottom, 
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thus allowing some rotary motion to be developed 
there. 

Ordinarily, impeller shafts enter through the top 
surface of the liquid, centered, and baffles are used. 
However, propellers can be used to give axial flow, 
top-entering without baffles, or side-entering with- 
out baffles, in off-centered positions. Fig. 6 shows 
the off-centered position for a top-entering mixer 
(either portable or fixed) with the propeller turning 
counterclockwise looking down the shaft. In this 
case the shaft is to the left of the center line looking 
down the shaft and the angle of the shaft is approxi- 
mately 15° from the vertical. The position is a very 
critical one and depends upon the tank diameter, 
liquid depth, and height of impeller above the tank 
bottom. The proper location can be found readily 
by moving the shaft to various angles and to the 
proper side of the tank until all swirl and vortex 
disappears from the top of the liquid. The discharge 
of liquid from the propeller is axial in direction. 
Sometimes this position is referred to as equivalent 
to the use of the baffles, since a propeller will only 
give axial flow when swirling motion is eliminated. 
Also, the power required by a propeller in the off- 
centered position is equal to that required when four 
baffles, each 1/12 of the tank diameter, are used at 
the tank wall. 

Impellers are important items for mixing but they 
alone do not control flow motion. It should be em- 
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Fig. 4—Flow pattern for propeller with baffles at tank wall. 
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Table I. Data for Power Consumption of Mixing Impellers* 


Values of K 
Eq. 3, Eq. 2, 
Viscous Turbulent 

Propeller 3-blade, pitch = diam 41.0 0.32 
Propeller 3-blade, pitch = 2 diam 43.5 1.00 
Turbine, flat-blade (Fig. 2), 4 blades 70.0 4.50 
Turbine, flat-blade, 6 blades 71.0 6.30 
Turbine, flat-blade, 8 blades 72.0 7.80 
Fan turbine, blades at 45°, 6 blades 70.0 1.65 
Shrouded turbine, stator ring 172.5 1.12 
Flat paddles, 2 blades (single paddle), 

D/W =4 43.0 2.25 
Flat paddles, 2 blades, D/W = 6 36.5 1.60 
Flat paddles, 2 blades, D/W = 8 33.0 1.15 
Flat paddles, 4 blades, D/W = 6 49.0 2.75 
Flat paddles, 6 blades, D/W = 6 71.0 3.82 


*In a cylindrical tank, four baffles each 1/12 tank diameter; im- 
peller one diameter above flat bottom, liquid depth equal to tank 
diameter, impeller shaft vertical and at centerline of tank. 


phasized that the configuration of the tank, the 
nature of the liquid, and the location of the impeller 
are just as important as tank fittings and impeller 
design in determining a flow pattern, and these fac- 
tors all must be considered for proper mixing and 
agitation. Figs. 4 and 5 show the preferred use of 
tank fittings in mixing operations. The three com- 
mon forms of mixing impellers—marine-type pro- 
pellers, paddles, and various forms of turbines— 
usually will perform the work of impellers of any 
other shape within reasonable limits. There are 
modifications of these principal types, but they are 
only for specific purposes. For example, a “weed- 
free” propeller has a blade design different from 
that of the ordinary marine-type propeller. The flat 
paddles may be curved rather than straight, and this 
will allow them to start with less power in highly 
viscous liquids. Except for such considerations, there 
is little need to consider the many thousands of im- 
peller designs that have been suggested for mixing. 
Unless the particular flow characteristics required 
by an operation cannot be obtained from one of the 
ordinary-type propellers, or turbines, it is not nec- 
essary to resort to improvised impeller design; and 
all small-scale laboratory chemical research and 
pilot-plant work should be done with commercial 
forms of impellers. Chemical reactions which are 
functions of fluid motion (mixing) can only be re- 
produced on a larger scale when the same form of 
impeller, container, and fittings is used for each size. 


Mixing Requirements for Processing 

The first consideration for mixing in a process is 
the choice of the flow pattern best suited to the oper- 
ation. If solids are to be suspended, vertical flow 
currents must be developed to oppose the settling 
velocity of the particles, as in Figs. 4, 5, and 6. Tur- 
bines and paddles are effective at low rotational 
speeds and are preferred for large tanks, since they 
permit the use of long shafts without submerged 
bottom bearings. If liquids are to be blended, large 
flow volumes are required and radial-flow impellers 
(Figs. 2 and 5) or low speed, side-entering propeller 
mixers (Fig. 7) would be applied. 

The power requirements for mixing depend upon 
the flow pattern desired, the velocities of flow which 
must be obtained at particular parts of the liquid, 
and the turbulent energy required. The velocity of 
flow is dependent upon the quantity of material in 
motion and the area through which it moves. Thus 
a large quantity of flow produced by a small-diame- 
ter propeller will result in high velocities over 
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small areas. Such fiow will produce high intensity 
turbulence, but the scale of the turbulence may be 
low. On the other hand, low velocities of flow may 
be produced by a large-quantity flow produced by a 
large-diameter impeller. Some mixing operations 
may be performed best by this type of flow, whereas 
others might require the high velocity types of flow. 
In general, simple blending operations can be per- 
formed by large-volume flows produced over large 
areas, whereas the formation of an emulsion usually 
requires large-volume flows through small areas, 
thereby producing the more intense fluid shear and 
agitation. Power, then, is applied by means of the 
rotating impeller to move the fluid as desired. When 
the desired flow rates, velocities, and power input 
are known, an impeller size and speed can be 
selected to achieve the desired result. The deter- 
mination of size and speed require data on the flow 
and power characteristics of impellers. 

Finally, the only accurate way to determine the 
mixing requirements in terms of flow pattern, fluid- 
flow quantity and velocity, and power to be applied 
is to acquire data from past experience, similar op- 
erations, or from small-scale pilot-plant experimen- 
tation. Only by so doing can the specifications be 
written for a properly sized mixer. 


Flow from Impellers 
Data are available for the flow produced in baffled 
tanks (Figs. 4 to 6) by square-pitch three-blade 
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Fig. 5—Flow pattern for turbine with baffles at tank wall. 


TRANSACTIONS AIME. 


PROPELLER TURNING 
COUNTERCLOCKWISE 


LOOKING DOWN ON 
SHAFT 


Fig. 6—Flow pattern with propeller off-centered in tank without 
baffles. 


marine-type propellers manufactured by Mixing 
Equipment Co., Inc., and shown in Fig. 1.2 Flow can 
be calculated for these propellers from 


Q=KND [1] 


where Q is the flow in cu ft per sec, N is rps, D is 
the propeller diameter, ft, and the constant K for 
water is 0.4. The equation shows that flow varies 
directly with impeller speed, and with the cube of 
the diameter. If propeller size is doubled and speed 
kept constant, the flow will be increased eight times. 

Eq. 1 can be used for flow in baffled tanks from 
flat-blade turbines, and other-shape impellers by use 
of a proper value for the constant K. The value of K 
for a turbine with six flat blades} like that shown in 

Eq. 1 is valid for different-sized impellers which 
are dimensionally similar. The value of K is differ- 
ent for each type of impeller, and varies with the 
number of blades and position with respect to tank 
wall and bottom. For the propellers (Fig. 1) and 
turbines (Fig. 2), the values of K are good over wide 
ranges of ratio of impeller to tank diameter (D/T) 
and can be used for ratios of D/T up to 0.7. 


Power Required to Drive Impellers 


The power required to drive a rotating impeller 
is a function of its shape, size (D), speed (N), and 
location, and of the fluid properties (density p and 
viscosity »), and of the tank fittings and configura- 
tion.’ 

When the value of (D*Np/), the Reynolds’ num- 
ber, is greater than 5000, and the liquid surface does 
not swirl in a vortex but has a flow as shown in Figs. 
4 to 6, it can be safely assumed that the fluid motion 
is fully turbulent. For these conditions, power can 
be computed by 


P= [2] 


ge 


where P is power in ft-lb per sec, g, is the gravity 
constant, and K is a constant (see Table I). The 
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equation shows that for baffled conditions, if the 
speed of any impeller is doubled, the power required 
to turn it will be increased (2)*, or eight times. Also, 
if a dimensionally similar impeller is twice the size 
of a smaller one, it will require (2)°, or 32 times the 
power to rotate it at the same speed as the smaller 
one. 

Values of K for use in Eq. 2 are given in Table 
I for various impellers operating under standard 
baffied conditions; that is, four baffles, each extend- 
ing into the tank 1/12 tank diameter at, or near, the 
wall or a properly off-centered propeller (Fig. 6) 
without baffles. Values of K are lower for swirling 
conditions as shown in Fig. 3.’ 

Proximity of the impeller to tank bottom will 
change the value of K; in general, the closer the im- 
peller is moved to the bottom, the lower will be the 
value of K, and of the power. 

For viscous conditions, when the Reynolds num- 
ber is less than 10, 


N* [3] 
Ie 


and the values of K are given in Table I. 


Power, Flow, and Turbulence 


Power information is not only essential for the 
proper sizing of large-scale equipment, but, for ex- 
perimental and pilot-plant purposes, it is important 
for proper interpretation and evaluation of results. 
The performances of impellers to agitate and mix 
should be compared on the basis of equal power. 
For, if two impellers perform an operation equally 
well (rate, homogeneity, or other criteria are equiv- 
alent), then the impeller using the least amount of 
energy, or power, is to be preferred because it oper- 
ates most efficiently. Thus, experimentation should 
be performed with standard shapes of impellers hav- 
ing well known characteristics as described above, 
so that the most effective size and speed may be used 
for a given agitation job. 

To illustrate this point, consider an operation 
where it is desired to achieve the highest possible 
rate of reaction by using a rotating impeller. Fig. 8 
illustrates three types of conditions which have been 
observed in application of mixing equipment. Re- 
action rate is plotted as a function of impeller size 
for dimensionally similar impellers in a given tank 
(ratio of D/T) for constant power demand of the 
impellers. Curve A illustrates an action where the 


Fig. 7—Proper propeller position for 
propeller entering tank from side, turn- | 
ing clockwise. 
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Fig. 8—Effect of impeller-tank diameter ratio at constant 
power input on three types of reactions. 


rate of action increases up to a maximum as impeller 
size increases, after which the rate decreases with 
further increasing diameter. As diameter was in- 
creased, speed was decreased in order to maintain 
constant power (Eq. 2). Curve B shows another 
action where impeller size has little effect over a 
wide size range, and curve C shows the third type 
where a smaller impeller gives a larger rate than 
does the larger-size impeller at constant power. 

It is clear that, if an operation is shown to be of 
type A, an impeller size of 60 pct of tank diameter 
will result in a much higher rate of action than a 
dimensionally similar impeller 25 pct of tank diam- 
eter, both operated at such speed as to impress the 
same power on the system. Many solid-suspension 
operations are of the type shown by curve A. On 
the other hand, some operations involving the dis- 
persion of gas in a liquid behave like curve C where 
the impeller, sized 25 pct of tank diameter, is opti- 
mum and gives a much higher rate than the same 
shape impeller sized at 60 pct of tank diameter. 
Bench-scale and pilot-plant operations involving 
agitation and mixing should be designed to evaluate 
such trends. 

The power imposed by an impeller results in flow 
against a total head 


P=QpH [4] 


where H is the total head in feet, and includes all 
static, pressure, velocity, and turbulent heads. In- 
itial turbulence in a stream from an impeller is pro- 
portional to H; thus, the same amount of power can 
be applied to produce a large flow and small head 
(or turbulence), or a small flow with large head (or 
turbulence).* Curve A is typical of those operations 
most economically performed with large flow and 
relatively small turbulence. Curve C is typical of 


Table II. Impeller Flow and Head Relations at Constant Power* 
Speed, Diameter, Volume, Head, 
Rpm D Q H Q/H 
1680 0.44 0.33 3.03 0.11 
840 0.66 0.58 1.74 0.33 
420 1.00 1.00 1.00 1.00 
210 1.52 1.74 0.58 3.00 
105 2.30 3.03 0.33 9.18 


* Relative values based on a speed of 420 rpm. 
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operations best performed by a large amount of tur- 
bulence and a relatively small quantity of flow. 
Table II is illustrative of the relations between 
diameter, speed, flow, and head (or turbulence) for 
dimensionally similar impellers at constant power 
conditions with fully developed turbulence. For ex- 
ample, a propeller of some size operating at 420 rpm 
will produce one unit of flow at one unit of head. If 
a large impeller, 1.52 times the diameter of the first 
one, is operated, it must turn at 210 rpm to impress 
the same power. This will result in an increase in 
flow of 74 pct (Q = 1.74) and a decrease in head to 
58 pct of that present with the smaller propeller. 
These relations can be derived from Eq. 2 resulting in 


N, =D," [5] 


where the subscript r indicates the ratio of large size 
to small size. These relations are the basis for the 
selection of proper mixing and agitation equipment 
and for scale up of experimental results to large-size 
equipment.’ For, if it can be determined that an 
operation is best performed by large impellers ro- 
tating at low speed, then turbulence and agitation 
are less important than flow, and the proper size and 
speed impeller can be provided for whatever power 
input is desired. On the other hand, if a large 
amount of turbulence is shown to be necessary and 
relatively little flow is required, a smaller impeller 
running at high speed would be selected for the 
power desired. 

To appreciate the magnitude of flow and power 
(Eqs. 1 and 2) for a marine-type propeller and for a 
flat-bladed turbine, the following figures are illus- 
trative: a 6 in. propeller operated off-center (Fig. 
6) or with standard baffles (Fig. 4) at a speed of 
1120 rpm in water at 70°F will discharge 430 gal per 
min and will use 0.54 hp. If the speed is cut to half, 
then the flow will drop to 215 gal per min and the 
power to 0.07 hp. A 2 ft diam 6 flat-blade turbine 
running at 105 rpm in water will discharge 5150 gal 
per min and will require 3.82 hp. If a solid is sus- 
pended by this turbine so that the effective density 
is 95 lb per cu ft, then the power required by the 
impeller will be increased to 5.82 hp. 


Applications to Extractive Metallurgy 


Solids Handling: It is common practice to convert 
sold materials into fluid masses by suspending the 
solids in water by means of mixers and then to 
pump the slurry at sufficient velocity to prevent set- 
tling of the solid particles. Slurries so formed can 
be used to advantage to control the feed of solids to 
continuous processes and to closed-pressure reactors. 

Mixers may be used also to prepare a pulp of uni- 
form concentration and particle-size distribution for 
feed to jigging tables or flotation cells where the 
capacity of the equipment may be increased by the 
improved uniformity. 

The problems of impeller selection and location 
for the foregoing operations are of two types: those 
involving hindered settling and those involving free 
settling. The former are approached in terms of the 
size and type of mixer required to maintain a given 
slurry in a fluid condition and to keep the pulp in all 
parts of the tank in continuous motion, or, con- 
versely, to determine the maximum concentration 
of solids that may be handled by an impeller which 
is known to be effective in this type of work. Oper- 
ations with solid concentrations, such that free set-- 
tling apply, are handled as “solid-suspension’” prob- 
lems, for which optimum D/T ratios are known. The. 
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preparation and maintenance of drilling mud for 
oil-well operations is a problem in this category, 
and within the past three years a large number of 
turbine-type and propeller mixers have been ap- 
plied to this service. 

Mechanical and Physical Operations: Blending of 
two or more ores is frequently necessary in order to 
obtain the desired composition for a refining or ex- 
traction process. While dry blending is possible, the 
handling of the material as a pulp often provides for 
better control of the system, assures a uniform 
blend, and eliminates troublesome dust problems. 
The addition of water in many cases is not a serious 
liability even though it is not required for subse- 
quent processing steps. Wet grinding and feed of 
slurry to rotary kilns is common in the cement in- 
dustry; it is done in a number of acidulating and 
roasting operations. Here again, the degree of uni- 
formity of the feed provided by the mixer can im- 
prove the quality of the product and increase the 
through-put of the system. 

Flotation Applications: Conditioning of the feed 
for flotation cells may be improved by the appli- 
cation of modern mixing equipment. The use of 
mixers of a type especially arranged to disperse the 
flotation agent most effectively and to contact the 
minerals to be wetted by the agent, materially re- 
duce the power input required for a given result, or, 
by maintaining the same power input, increase the 
degree of contacting. A recent installation of tur- 
bine-type impellers in a relatively large condition- 
ing cell proved operation to be as required at only 
one-half the power input used by the conventional 
impeller of a standard cell. 

The problem in providing mixers for conditioning 
operations is twofold: the surface-active agents 
must be distributed quickly and uniformly, and 
there must be sufficient flow and turbulence to 
maintain solid suspension. Proper application of 
power by way of baffles, tank configuration, type of 
impeller to produce the optimum flow pattern, size, 
and position of the impeller, is necessary to obtain 
the necessary ratio of flow and turbulence. The pre- 
vious discussion on effect of impeller size at constant 
power input (Fig. 8) is particularly applicable to 
wetting and flotation operations. It is becoming in- 
creasingly apparent that the effect of wetting and 
other surface-active agents is not alone one of spe- 
cific activity, but the activity of many surface-active 
agents is a function of the uniformity ef distribution 
on the finely divided solids and on the turbulence 
(or agitation) of the fluid surrounding the solids. 
When nonmiscible liquids are present in water, the 
turbulence will affect their drop size and distribu- 
tion on solid surfaces. A study of the action of any 
wetting agent is incomplete if the effect of turbu- 
lence is not studied. Furthermore, as pointed out 
above, a mere increase in the size of a system will 
change the ratio of flow and turbulence for equal 
power input, hence unless this is taken into account, 
the activity of surface-active agents may well be 
markedly different for equal concentrations in a 
small test cell compared to a large commercial cell. 
This effect has been noted and evaluated to account 
for increased concentration of agents sometimes 
found necessary in larger systems. Work done to 
date indicates that further study of conditioning 
operations offers the possibility of appreciable im- 
provement and cost reduction. 

The flotation cell presents a similar problem. 
Here, however, the material to be dispersed is air, 
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and contacting the wetted mineral values with it 
makes possible their flotation. Operation of a flota- 
tion cell is critical, however, because a layer of froth 
or foam is present. The mixing impeller must be so 
positioned that there is proper flow and turbulence 
necessary to disperse the gas, that the gas bubbles 
are contacted with the solid particles to form the 
foam and to allow the foam to separate from the 
more rapidly moving liquid beneath. The depth of 
the foam layer required for each operation will vary 
with the relative density, relative wettability, and 
particle size of the mineral, and upon the amount of 
classification desired in the foam layer. Studies of 
the effect of turbulence and flow and flow patterns 
by well known types of mixing impellers on flotation 
operations appear to offer attractive possibilities for 
substantial improvements. Enough bench-scale and 
plant tests have been made to give assurance of 
large potential improvements by the use of modern 
techniques of using mixing impellers. 

Crystallizing and Leaching: In crystallizing oper- 
ations throughout the chemical industry, mixers are 
employed to maintain uniformity of solution, main- 
tain the solids in suspension in contact with the 
mother liquor, increase heat-transfer rates within 
the crystallizer, and to obtain a uniformity of crystal 
size in the product. These operations are primarily 
concerned with solid suspension, although the im- 
provement of heat-transfer coefficient is not to be 
overlooked as a corollary advantage, since the im- 
provement of heat-transfer rates will increase the 
equipment capacity by direct ratio. The potash in- 
dustry depends largely on fractional solution and 
crystallization processes for the separation of sodium 
and potassium salts. Mixers are universally used to 
improve quality and increase through-put rates. 

Leaching and dissolving are invariably done with 
mixing equipment designed to suspend or distribute 
the solids in the solvent and to increase mass trans- 
fer rates from solid to solution. Higher leaching 
rates and more complete removal of mineral values 
are obtained by applying the dynamic type of agi- 
tated system rather than with the type of leaching 
system in which only static contact is maintained 
between liquid and solid. 

Chemical Operations: The chemical reactions of 
the metallurgical industry have been carried out for 
many years with equipment intended principally to 
“agitate” the solids or gases with the liquids. Only 
incidentally were flow patterns and turbulence pro- 
duced which gave optimum use of energy. Rarely 
has an attempt been made to increase mass transfer 
rates, to dissolve, oxidize, or reduce the materials 
faster by applying known fluid-mechanics principles 
to reduce the resistance to mass transfer. Pachuca 
vats, air-lift agitators, and slow-moving rakes fre- 
quently can be replaced to advantage with mixers of 
known fluid-mechaniecs characteristics, resulting in 
increased process rates to the point where fewer re- 
action vessels may be required and large amounts 
of time and money can be saved. In general, the 
power input to a single reactor, using a mixer, will 
be considerably higher than that consumed by the 
equipment just mentioned, but the advantage and 
the opportunity lies in the increased production rate 
and quality control. 

The efficiency of the extraction may be improved 
because of the more intense action, and more effec- 
tive use may be made of the agents involved. Selec- 
tive operations may be carried out wherein the 
major reaction may be controlled and completed, 
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and the less desirable or slower operation may be 
stopped before it has gone too far. Such a control is 
possible in the zinc, cadmium, arsenic, and antimony 
extraction system, to the extent that the zinc and 
cadmium may be extracted in appreciable quantities 
before the arsenic and antimony contents reach un- 
desirable concentrations. 


The dispersion of gases to bring about oxidations, 
reductions, ammoniations, or other reactions may be 
controlled by good mixer application. The disper- 
sion of the gas and the increasing of the transfer 
rate from gaseous to liquid phase can be greatly im- 
proved by the proper use of mixers. This has the 
effect not only of raising the capacity of individual 
reactors, but also of increasing the degree of utiliza- 
tion of gas. 


The foregoing discussion on chemical reaction and 
mass-transfer operations apply not only in general, 
but also in particular, to those recently developed 
processes in which high pressure operation is in- 
volved. When high pressures are required, the size 
of the reactor is limited by the tensile strength of 
the materials of construction. Therefore it is im- 
perative that the individual reactor be as efficient 
as possible and the proper application of mixers can 
be used to advantage to accomplish this. 


Mixers are also in regular use for the agitation of 
molten metals. Lead, zinc, magnesium, aluminum, 
and many eutectic alloys are mixed in their refining 
operations with the simple portable propeller mixers. 
Lead pots of as large as 50 ton capacity are mixed 
with heavier-duty equipment. The positive flow and 
agitation speeds the refining and alloying operations 
greatly and makes possible a quality control that has 
not been possible without their use. The resultant 


shorter operating time reduces the amount of oxi- 
dation and thus effects further savings. 

Mechanical Design: A few notes about the me- 
chanical design of modern mixing and agitating 
equipment are pertinent. Heavy-duty equipment is 
required in most metallurgical service because of 
the slurries of high solids concentration that must 
be handled, the dusty conditions, possible shock 
loads, and the necessity for continuous operation. 
The mixers must be capable of meeting momentary 
or short-time overloads due to higher-than-normal 
solids concentrations. Since the pulps are usually of 
abrasive character, the impellers, shafts, and baffles 
must be of resistant material and design, and easily 
and economically replaceable. It is most desirable 
that the units operate without the necessity of a 
steady bearing or other support bearings in the tank, 
thus requiring long overhung shafts on the mixer. 
Properly designed units can operate with such long 
shafts, and data are available on critical speeds of 
long overhung shafts carrying mixing impellers to 
enable accurate economical design. 

Modern mixing equipment is designed to meet 
these conditions and to minimize maintenance costs.” 
Full advantage cannot be taken of the principles of 
fluid mechanics and mixing described earlier unless 
industrial mixing equipment is of sufficiently flexi- 
ble design to allow for mixing changes as process 
requirements vary. 
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Technical Note 


Effect of Subcritical Cooling Rate on the Brittle-Fracture 


Characteristics of Structural Steel 


by L. Mair 


STUDY by J. R. Low, Jr.’ on the effect of 

quench aging on the Charpy-impact specimens 
of semikilled 1020 steel disclosed that a decrease in 
cooling rate from 1275°F raised the transition tem- 
perature. This was demonstrated in his investiga- 
tion by controlling the cooling rate of impact speci- 
mens to duplicate that of a heavier plate and com- 
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paring the properties with air-cooled specimens and 
quenched specimens. The transition temperature of 
the samples that had been cooled at a rate estimated 
to be similar to that of an air-cooled 34 in. plate was 
approximately 45°F higher than the quenched sam- 
ples. The transition temperature of the air-cooled 
series was between that of the slow-cooled and the 
quenched series. 

On the basis of this work, it appeared that the - 
cooling rate of plates after rolling in a hot mill 
would have a bearing on the brittle fracture of the 
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Table |. Tear-Test Results and Tensile Properties 


Control- Tear-Test Difference 
Cooling Transition from Air- Pct Elon- Pct Re- 
: Temperature, Temperature, Cooled Yield Tensile gation duction 
Check Analysis oF oF Sample, °F Bhn No./In. No./In. 8 In. of Area 
Heat A ae + aye —20 140 33,150 65,400 27.0 55.4 
+ — 5 140 33,700 64,600 29.8 50.7 
Cc Mn P Si 400 +110 — 5 143 — 
0.29 0.49 0.008 0.039 0.02 Air Cool +115 140 31,300 65,800 30.3 52.0 
Heat B 1100 + 90 —10 131 35,250 63,800 28.3 
C Mn P s Si 750 + 85 —15 134 34,550 63,200 31-3 56.3 
400 + 80 —20 131 34,750 63,350 30.0 57.4 
0.28 0.45 0.010 0.038 0.02 Air Cool +100 134 34,300 63,900 29.5 56.8 
Heat C 900 +105 +10 128 32,350 61,600 0.0 56.7 
Cc Mn P s Si 850 +110 +15 126 32,800 61,400 30.0 57.6 
450 4115 +20 128 33,200 61,100 31.5 58.4 
0.24 0.45 0.011 0.031 0.05 Air Cool + 95 128 32,850 62,000 28.0 57.3 


steel. In general, the rate of drop from rolling tem- 
peratures is relatively fast because the plates are 
allowed to air cool to a low level. However, there 
are instances where plates are hot piled. Under this 
condition, cooling may be very slow. The mill lay- 
out is usually such that, in cases where pile cooling 
takes place, the temperature of the plates will be 
below 1200°F going into the lift, the range which 
may be critical as far as the brittle-fracture be- 
havior is concerned. 

Considering these various factors, it was deemed 
desirable to investigate the influence of cooling rate 
below 1200°F on the properties of structural steel. 
For this purpose an experiment was undertaken 
where samples of %4 in. plate from three heats of 
structural steel were control cooled from the follow- 
ing temperatures: 1100°, 850°, and 450°F. This was 
accomplished by cutting three samples from the hot- 
rolled plate as it came off the mill and air cooling 
one sample to each of the three control-cooling tem- 
peratures. As the temperatures were reached, the 
samples were placed in individual boxes of Vermicu- 
lite and allowed to cool slowly for 24 hr. Cooling 
curves for the first four hours on samples placed in 
boxes at 850° and 450°F are shown in Fig. 1. After 
the 24 hr control-cooling period, the temperature of 
all of the samples had leveled off to approximately 
125° 

The evaluation of the brittle-fracture properties 
was based on the transition temperature of the 
Kahn tear test.” The testing was carried out in the 


300 


oF 


Fig. 1—Cool- 
ing curves for 
control-cooled 
plates, heat C. 
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prescribed manner with the sample being immersed 
in a controlled-temperature bath during testing. 
The testing temperature of the sample was assured 
by holding it at the testing level for 30 min prior 
to pulling. The transition temperatures were based 
on the point of 50 pct brittle fracture. 

The results of the tear tests and mechanical prop- 
erties are shown in Table I. All of the tests were 
made in the longitudinal direction. A delay in cut- 
ting the samples from heat C resulted in the high 
temperature sample being placed in the box at 900°F 
rather than 1100°F as originally scheduled. The tear 
tests show a slight variation in transition tempera- 
ture between the various controlled-cooling levels 
in the same heat. However, they are erratic and 
cannot be correlated with the treatment. No ap- 
parent change occurred in the mechanical properties 
as the result of the slow-cooling operation. 

A microscopic examination was undertaken to 
determine if the cooling rates had an influence on 
the structure that may account for the variations in 
the transition temperatures. This revealed that all 
samples from the same heat, regardless of cooling 
rate, had a similar structure. Heat B, which ran 0.28 
pet C, produced, on an overall average, the lowest 
transition temperature and had the finest grain. The 
remaining two heats exhibited a higher transition 
temperature and had a coarser grain with some in- 
dications of a Widmanstaetten structure. The differ- 
ence in grain size between the heats probably re- 
sulted from finishing-temperature deviations. 

The variations in cooling rate of structural steel 
plates between 1100° and 125°F as studied in this 
experiment did not affect the transition temperature 
of the Kahn tear test or the mechanical properties. 
Slow cooling from a temperature of 1100°F, the 
maximum used in the experiment, was an insuffi- 
cient heat treatment to induce any changes in the 
steel that would affect the brittle-fracture behavior. 
This indicates that pile cooling of structural-steel 
plates below 1100°F is not detrimental to the brittle- 
fracture properties. 
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Thoughts on Lead Blast-Furnace Smelting 


(With Discussion) 


by L. B. Haney and R. J. Hopkins 


On the basis of limited experimental work conducted at the Port Pirie smelter, it would 
appear that, by increasing the specific surface of sinter, and possibly that of coke as well, 
a marked increase in the rate and degree of sinter reduction in the furnace shaft can be 
achieved. Fusion-point tests have shown that this increased reduction means a much higher 
sinter fusion point and narrower plastic zone, while the more efficient utilization of coke 
in the furnace is inherent in the intensification of reduction by the provision of a more re- 
active sinter surface. Investigations aimed at increasing the ability to operate the blast 
furnace with a higher lead tenor of sinter reducing fuel cost proportionately, and at elimi- 
nating the loss in reduction potential in coke entering the furnace, as shown by the pres- 
ence of appreciable proportions of CO in the top gases, are reported. Several lines for 
future investigations that could result in improved smelting methods are proposed. 


SOMEWHAT informal presentation of ideas on 

lead blast-furnace smelting will be given in this 
paper. These ideas have been developed during ob- 
servations of furnace behavior at Port Pirie and 
earlier at Mt. Isa, and have been guided by the re- 
sults of laboratory experiments at Port Pirie. The 
authors do not intend to propound any particularly 
new theories, but present their ideas as a basis for 
discussion which may help toward a better under- 
standing and improved control of blast-furnace 
operation. 

Performance variations of considerable magnitude 
occur from time to time at most lead blast-furnace 
plants. While Port Pirie is fortunate in having a 
very regular supply of high grade concentrates, it 
is no exception in this respect. Such irregularities 
are of considerable economic importance and they 
constitute a challenge to present-day metallurgists 
in their efforts to obtain an ever greater degree of 
control over furnace operation. 

In operating as Port Pirie does with a relatively 
high lead charge, it has been recognized for a long 
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time that shaft conditions are of the greatest im- 
portance. A practical, or engineering, attack on the 
problem of accretions consisted of changes in fur- 
nace design, e.g., by widening the shaft to 10 ft above 
the bottom row of tuyeres, and by the provision of 
curved ends and vertical walls. That this attack has 
had a great measure of success is shown by the fact 
that barring down of these wide furnaces is rarely 
necessary, shaft conditions have greatly improved, 
and sensitivity to charge variations has been mark- 
edly reduced. These modifications, followed by some 
metallurgical changes (chiefly the incorporation of 
pig iron into the furnace charge in 1948), have 
brought furnace operation to a point where some 
variables which were previously masked can now be 
studied. 

Accordingly, over different periods of time during 
the last five years, such variables as could be given 
numerical values have been recorded and subjected 
to statistical examination. The objectives of this 
work were: 1—to reveal the true importance of the 
different variables and 2—to show the proportion of 
total furnace variation which is unexplained and 
therefore referable to causes not measured at pres- 
ent, e.g., shaft accretions, sinter structure, coke struc- 
ture, and others. 


Statistical Study of Variables 


In this work factors relating to furnace speed and 
lead reduction have been examined: 1—slag com- 
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position (SiO., FeO + MnO, CaO, ALO, ZnO, and 
S),* 2—lead tenor of sinter, 3—percentage of coke on 


* A typical Port Pirie slag composition is: 21.08 pct SiOz, 26.72 
pet FeO, 4.69 pct MnO, 14.52 pct CaO, 1.18 pct MgO, 6.55 pet AlsOs, 
16.45 pet Zn, 1.8 pet S, and 1.32 pct Pb. 


charge, 4—coke sizing (—5 +3 in., —3 +2 in., and 
—2 +% in.), 5—sinter-charge composition, and 6— 
lead fall during sintering. 

The first indications from the initial simple cor- 
relation survey were that coke sizing was of prime 
importance. Variations from an optimum of 45 pct 
of the total coke in the —5 +3 in. range adversely 
affected tuyere or shaft conditions. When this frac- 
tion was held at the optimum value, it was indicated 
also that as the —2 in. proportion increased, reduc- 
tion improved. 

In order to reveal something of the mutual infiu- 
ence of the different variables upon the effect of 
each other, multiple correlations were then made. 
Without going into the details of this work, beyond 
the scope of this paper, it can be stated that two 
factors were shown to have a strong influence on 
furnace performance: lime/silica ratio in the slag 
and lead fall during sintering. 

At many plants the lime/silica ratio in slag has 
long been regarded as an important control factor. 
At Port Pirie, to some extent in the past, the desire 
to produce a high zinc slag has limited the range of 
permissible variation, and the effects of this factor 
have not been apparent. 

The influence of lime in raising the softening point 
of sinter will be discussed later. Also, it can be men- 
tioned that, from the current slag studies,* as the 
proportion of melilite components (Ca, (R) Si.0, 
where R may be predominantly Zn and Fe) in- 
creases, the solvent power of the slag for ferrites 
increases, thus improving slag properties with re- 
gard to lead separation.” 

In regard to the effect of lead fall during sinter- 
ing on the subsequent behavior of the sinter in the 
blast furnace, it is considered that the improved fur- 
nace performance is not due solely to the fact that 
the sinter has a lower lead tenor. From the statis- 
tical studies there is evidence to support the view 
that the physical and chemical conditions which pre- 
sumably favor roast reactions and bring about a high 
lead fall also yield a sinter which is more amenable 
to reduction in the blast furnace. Further laboratory 
examination of this feature is in progress. 

As a whole, the statistical examination accounted 
for only about one-third of the total variation in 
furnace speed and reduction. It is unlikely that more 
than 50 pct of the variations could be accounted for 
by the application of statistical methods to normal 
plant records under even the most favorable condi- 
tions. Thus, at least half of the furnace variations 
are considered to be due to causes which escape 
evaluation at the present time. 

In addition to the mathematical treatment of nu- 
merical data, operating observations have been re- 
corded for the same time periods. Where only one 
furnace, of two or more operating, varied from nor- 
mal, generally there was a practical reason that could 
be fairly readily assigned. However, when two fur- 
naces similar in all respects produced slags assaying, 
for example, 0.9 to 1.1 pct lead steadily for a week, 
then together changed to 1.3 to 1.5 pct lead, and re- 
peated this performance from time to time, it was 
necessary to examine the charge materials common 
to both furnaces to discover the reason for the shift. 
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At Port Pirie the furnace charge consists, for prac- 
tical purposes, of sinter and coke. Therefore, atten- 
tion has been concentrated on those properties of 
these materials which do not come within the scope 
of usual numerical evaluations. 


Coke Studies 


From time to time a great deal of work has been 
carried out and reported on the properties of coke 
in relation to its performance in blast furnaces, 
mainly in the iron-smelting field. Recent observa- 
tions at Port Pirie have been concerned principally 
with the lump-size factor, a regular supply of ore 
from one source ensuring a reasonable constancy of 
other properties. 

It is generally recognized that-coke must fulfill 
two distinct functions in the lead blast furnace. These 
functions are so radically different that the ability 
of one class of coke to satisfy both adequately may 
be questioned. 1—The liberation of heat energy 
should be concentrated at the tuyere zone. There- 
fore it is essential that the fuel to be burned there 
should persist to that zone in suitable size to ensure 
optimum permeability for deep and even blast pene- 
tration. It should burn predominantly to CO. to give 
maximum calorific intensity, resulting in hot slag of 
maximum fluidity. 2—The remaining portion of the 
coke must present a surface and reactivity that will 
result in the maintenance of suitable reducing con- 
ditions in the furnace shaft. 

It is very important to absorb the heat energy 
leaving the tuyere zone in furnace gases as quickly 
as possible and to produce a high concentration of 
CO. The zone immediately above the tuyeres is the 
important region in this respect. The coke should be 
of such properties that the endothermic reduction 
of CO, to CO will proceed at maximum rate, rapidly 
bringing the temperature below the level at which 
the smelting column is plastic. Obviously, it is de- 
sirable that any plastic zone between solid and liquid 
charge should have the minimum vertical dimension 
and occur as near to the smelting zone as possible 
so that even permeability and maximum contact in 
the shaft between solid charge and rising gases is 
preserved. Failure to promote this endothermic re- 
action, with the consequent passage of high tem- 
perature gasses rich in CO, to the upper zones in the 
shaft, probably brings about more furnace insta- 
bility than all other normal variables combined.* 


*In reference to blast air volume, the Port Pirie furnaces are 
operated normally at constant pressure and variable volume. The 
normal volume of air used per large furnace, as recorded on the 
blast air meter, is 9,000 to 10,000 cu ft free air per min at about 
32 oz pressure. The volume figure shown on the meter perhaps 
should be taken with a certain amount of latitude, since there are 
the usual variety of leaks at the tuyeres and other places before 
the air reaches the furnace. The Port Pirie operators have no means 
of accurately measuring the division of air between the upper and 
lower tuyeres. However, the air to the tuyeres is controlled so that 
the lower set are given all they will take, while the upper set are 
throttled back to a point that is sufficient to overcome back firing. 


Results of the statistical work referred to earlier 
support the views expressed regarding the functions 
of coke. The minimum proportion of “tuyere coke” 
(+3 in. size) for satisfactory bottom conditions was 
clearly indicated; while, on the other hand, as the 
proportion of the —2 in. fraction increased over the 
range of 15 to 35 pct of the total weight of coke 
used, the available surface of coke for reaction in 
the shaft increased, top temperatures fell, and re- 
duction improved. 

As a result of these and earlier observations, an 
experimental coke-crushing and screening plant was 
installed, and coke was separated into two fractions: 
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Table 1. Comparison of Analyses Before and After Crushing and 
Screening of Coke Became Standard Practice 


1948 1952 
Fixed carbon, pct of total charge weight 8.0 TA 
Pig iron, pct of total charge weight 1.8 0.76 
COz, pct by volume in exit gases 20.4 16.6 
CO, pct by volume in exit gases 4.4 10.2 
Pct lead in slag 1.52 1.2 


—5 +3 in. and —3 +% in. Each fraction was stored 
separately and charged to the furnaces in controlled 
proportions, a buffer stock of each size being main- 
tained for normal adjustments. 

This change (for some years now standard prac- 
tice at Port Pirie) soon showed benefits in improved 
control of furnace conditions. Apart from the gen- 
eral improvement in furnace shaft conditions, one 
feature which characterized this period was the de- 
crease in pig iron necessary to maintain a satisfac- 
tory lead tenor of slag. Also, the composition of fur- 
nace gases reflected the improved conditions. Typical 
figures obtained during a three-month period in 
1948 and again for a similar period in 1952 (ie., 
before and after crushing and screening of coke was 
standard practice) illustrate the change, Table I. 
Gas analyses quoted are of samples drawn from 3 ft 
below the charge surface. 

As a further step in the control of coke sizing, the 
effect of increasing the proportion of —2 in. fraction 
while holding the +3 in. proportion constant has 
been examined during several test periods of about 
one-month duration each. The —2 in. proportion was 
increased by charging separately crushed and 
screened —2 in. +%4 in. coke to give a total —2 in. 
proportion of up to 45 pct of the fuel to the furnace. 
Although these tests were not carried to a conclusive 
stage, in each case improved reduction followed the 
increase in —2 in. fraction. 

Structural limitations have delayed the incorpora- 
tion of provisions for this adjustment in the coke- 
crushing and screening plant, but these will be pro- 
vided as soon as possible. 


Sinter 

The presence of 10.2 pet CO in furnace effleunt 
gas during the 1952 observations pointed strongly 
to the desirability of improving the opportunities for 
reaction between sinter and gases in the furnace 
shaft. Thus, the need for an investigation of sinter 
properties under shaft conditions was indicated. 

Fusibility Experiments: As a first step, sinter fusi- 


Fig. 1—Diagram of 
compression appa- 
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bility was studied. A standard procedure was de- 
veloped in which sinter samples were ground to 
—100 mesh (BSS), damped with water, and pressed 
into a tapered V-section groove filed in a block of 
steatite which had been dried at 100°C. After a few 
seconds, the steatite had absorbed the water and the 
triangular pyramid could then be pushed forward 
and out of the mold. After a further drying period, 
the pyramid could be handled into a muffle furnace 
for fusion-point determinations. 

The pyramids were 3 in. long with base sides % in. 
high. They were set up on clay bases and treated 
like seger cones. It was found that, as long as care 
was taken to place the pyramids correctly in relation 
to the temperature zones in the muffle, reproducible 
softening and fusion-point results could be obtained. 
Temperature measurement was by chromel-alumel 
thermocouples brought in through the back of the 
muffle to a location in close proximity with the 
pyramids. 

An initial contraction and deformation was recog- 
nized, usually in the temperature range 780° to 
850°C, and was regarded as the softening point. This 
was followed, at temperatures of 150°C or higher, 
by the typical bending over of the pyramid as the 
fusion point was approached. The fusion point was 
taken as the temperature at which the upper part 
of the pyramid had reached a horizontal position. 

In this work, the object was to compare the be- 
havior of sinters of different types rather than to 
determine absolute fusion points. During the early 
stage of the work, several series of laboratory sinters 
were examined in which both lime/silica ratio and 
lead tenor had been varied. It was shown that, as 
the lime/silica ratio increased, the fusion point rose 
significantly, and also, as was expected, as the lead 
tenor rose, the fusion point fell. 

These comparisons all were made under oxidizing 
conditions in the normal atmosphere. In order for 
the results to relate to behavior of the sinter when 
passing down the furnace shaft, it was necessary 
also for tests to be made under reducing conditions. 
The seger-cone method, carried out in a reducing 
atmosphere, indicated that fusion points were much 
higher than those measured in air, and some of the 
cones snapped before showing any sign of bending. 

It appeared that a method of testing more nearly 
related to furnace shaft conditions would be that of 
measuring deformation under compression over a 
range of temperature in reducing conditions. Accord- 
ingly, the apparatus, a diagram of which is shown 
in Fig. 1, was set up and used for measuring the 
deformation of sinter cylinders 1 in. long and 0.8 
in. diam. These cylinders were made by pressing 
dampened —100 mesh sinter at 3000 psi in a labora- 
tory press. 

The cylinders were held in an electric tube fur- 
nace, Fig. 1, between steel plates, and the desired 
load was applied to the top plate by a lever system. 
The movement of the lever, as the sinter specimen 
was compressed, was indicated by a pointer passing 
a scale. By raising the temperature of the tube fur- 
nace at a suitable rate, the softening point and the 
extent of the plastic range could be determined. 

In Fig. 2, curve A shows the rate of deformation 
of a standard sinter cylinder in air, without prior | 
reduction. Curve B relates to a sinter cylinder which 
previously had been reduced to 750°C in a 17 pet CO 
atmosphere until the rate of reaction fell to the point 
at which only 10 pct of the entering CO was being 
oxidized to CO,. CO was then replaced by nitrogen, 
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Fig. 2—Sinter-compression tests, showing effect of gaseous 
reduction. A is unreduced sinter; B, reduced sinter. 


the furnace cooled to 300°C, a weight equivalent to 
a load of 10 psi was applied (as for curve A), and 
the deformation recorded. The rate of heating, as 
before, was held at a 5°C rise per min. 

The progressive reduction of sinter passing down- 
ward in a blast-furnace shaft results in strengths 
intermediate between those depicted in Fig. 2, that 
is, unreduced and completely reduced sinter. In 
order to approach more closely actual blast-furnace- 
shaft conditions, changes in sinter strength with 
varying degrees of reduction were measured, with 
the results illustrated in Fig. 3. 

Test specimens were heated to 850°C in air, 17 pct 
CO gas was passed for varying times indicated on 
the curves, nitrogen was then substituted for CO, 
and the weight applied. 

The strengthening of sinter as reduction proceeds 
is clearly evident from the curves, and it may be 
inferred that the plastic condition within a furnace 
shaft can be related to the reduction characteristics 
of the sinter. 

The progress of reduction will depend predomi- 
nantly upon the available surface area of sinter. 
While control of coke size may improve CO con- 
centration and temperature conditions, in the base 
of the furnace shaft it is necessary to provide suit- 
able surface availability of the sinter in the upper 
part of the shaft to react with the CO and take full 
advantage of the benefits to be derived from the 
higher fusion point of sinter resulting from im- 
proved reduction. 

It was clear from operating records that plant 
sinter was not always favorable for reaction with 
reducing gases and the considerations already given 
suggested a series of laboratory experiments aimed 
at studying the effect of various factors on the re- 
action between CO gas and sinter. 

Reduction Experiments: Sinter samples were 
crushed and screened —3/16 +1/8 in. and contained 
in a silica tube so that passage of reducing gas (17 
pet Co, 83 pct N.) was uniform. The tube was 
heated to various temperatures and the degree of 
reduction taking place was recorded by CO, deter- 
minations on the tail gas. 

Incoming gas from a reservoir, at a constant flow 
rate in all tests, was purified and tail gas passed 
through chromic-oxide solution for oxidation and 
absorption of SO, before CO, determination. 

It was observed that at temperatures as low as 
450°C some globules of lead appeared on the sur- 
faces of the sinter granules and that from 650°C up- 
ward considerable activity was evident. When some 
sinter granules, after reduction for a period of time, 
were broken and examined, it was found that glob- 
ules of reduced lead occupied the inner pores. When 
granules, after a reduction of 1 hr, were broken 
down in size and replaced in the reaction tube, there 
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was renewed temporary activity, indicating the ex- 
posure of fresh surfaces previously unreduced, de- 
spite the deep penetration of reducing gas, as indi- 
cated by lead-prill formation. 

Some differences in reduction rate were found to 
relate to changes in charge composition within the 
normal operating limits. These changes were small 
compared with the effects of some more radical 
changes, such as the inclusion of pyrite in the sinter 
charge. The use of pyrite has been suggested as a 
means of “puffing up” or extending the surface of 
sinter. 

Reduction rates of normal sinter compared with 
those of sinter from charge containing 10 pct pyrite 
are shown in Fig. 4. In the latter the pyrite dis- 
placed hematite ore and part of the granulated slag 
while maintaining the lead level of both sinters at 
the same value. 

The considerably higher reduction rates shown by 
the pyrite-bearing sinter are in line with the indi- 
cations from practice at some overseas smelters 
where substantial furnace benefits are said to be 
derived from the use of pyrite in the sinter charge. 
Particularly noteworthy was the experience at Mt. 
Isa in the early years, where pyritic ore was specifi- 
cally mined for its beneficial effect.’ 

The considerable improvement shown in these 
experiments, together with the increased activity 
shown by finely crushed and briquetted blocks used 
in sinter-compression tests, led to a study of the 
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Fig. 3—Sinter-compression tests after varying periods of re- 
duction. Temperature is 850°C; pressure, 10 psi; and reduc- 
ing gas, 17 pct Co, 83 pct No. 
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Fig. 4—Effect of pyrite on sinter reduction. 
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effect on reduction rates of increasing available 
sinter surface by fine crushing and briquetting. 

Effect of Sinter Surface: The sinter samples re- 
maining after separation of the —3/16 +1/8 in. 
portions (which comprised only a very small frac- 
tion of the total) were ground to —100 mesh, 
briquetted, and broken down to —3/16 +1/8 in. 
particles. These particles then were used for com- 
parative reduction-rate tests with “solid” sinter 
particles. 

The results obtained showed striking differences 
in reduction rates of briquetted and solid-sinter par- 
ticles, as illustrated by the curves of Fig. 5. In this 
figure, curves B represent results from the briquet- 
ted particles and curves A, those from solid parti- 
cles. It will be seen that an increase in the total 
sinter surface not only increased the rate of reaction 
with CO, but also markedly improved the overall 
degree of reduction under the fixed temperature 
conditions. It seems evident that, with solid sinter, 
a similar stage in the process of reduction can be 
reached only when the interiors of the sinter lumps 
are exposed by fusion. 

Bearing in mind the results of sinter fusion-point 
tests referred to earlier in this paper, it appears that 
the solid, relatively unreduced sinter softens at a 
lower temperature and remains plastic over a wider 
temperature range than does the briquetted sinter 
with its extended surface and greater opportunity for 
reduction. This indicates that blast-furnace-shaft 
conditions can be influenced greatly by the surface 
exposure of sinter for gas-solid reactions. 

Similar considerations presumably apply in the 
zine-smelting industry where sinter is fritted rather 
than fused and where particle size and structure of 
the crushed sinter are important, particularly in 
briquetted charge for vertical retorts. Similarly, the 
iron smelters are evincing a growing interest in 
sintered charge with increased surface availability 
for blast furnaces. Perhaps the lead smelters, who, 
for a long time, have been accustomed to using a 
high proportion of sintered charge, should intensify 
their interest in sinter structure and particle size. 
Developments leading to a great increase in avail- 
able specific surface area of sinter perhaps would 
bring about an important improvement in furnace 
capacity and efficiency. 

In the experiments, results of which are given in 
Fig. 5, gas-solid contact times ranging from 0.5 sec 
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Fig. 5—Effect of surface area on sinter reduction at various tem- 
peratures. Reducing gas is 17 pct CO, 83 pct N,. A represents 
sinter granules —3/16-+ 4g in. B represents sinter crushed —100 
mesh, briquetted, then broken to granules —3/16-+ %% in. 
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Fig. 6—Variation in SO, evolution with temperature. 


at 850°C to 0.6 sec at 650°C were maintained, com- 
pared with an estimated time of 2 sec for gas passage 
through a Port Pirie blast furnace. Supplementary 
tests then were carried out in which sinter was 
moved progressively counter-current to the flow of 
reducing gas (17 pct CO, 83 pct N.) which entered 
at 900°C and left the system at 600°C, with a gas- 
sinter contact time of 1.5 sec. Results showed that, 
when briquetted sinter was used, from 98 to 100 pct 
of the CO was oxidized to CO.; while with solid- 
sinter granules only about 75 pct of the CO reacted. 

Referring again to the curves in Fig. 5, it will be 
noticed that, at temperatures over 750°C, there is a 
decrease in reaction rates. This anomalous behavior 
was puzzling at first and led to further experimental 
work with the object of finding an explanation. 

Roast-Reaction Experiments: In the earlier fu- 
sion-point tests, an initial deformation was observed 
at about 800°C and in some reduction tests, involv- 
ing a progressive increase in temperature, similar 
decrease in activity occurred in the same tempera- 
ture region. It was thought that roast reactions, re- 
sulting in the formation of metallic lead and SO, 
with possible “blanketing” of active surfaces, might 
proceed strongly at this temperature level. With 
this in mind, sinter samples were heated in a stream 
of nitrogen in a tube furnace as before, with a pro- 
gressive increase in temperature, while SO, deter- 
minations were made on the effluent gas. 

The results of these tests are plotted in Fig. 6 and 

show that a marked evolution of SO, begins at about 
780°C, reaching a maximum in the region of 850°C, 
with a rapid decrease as temperature increased be- 
yond that point. The sinter samples, when broken 
after the tests, showed much metallic lead. 
These results clearly suggest that sinter activity 
is reduced by a decrease in available reactive sur- 
face area through incipient fusion and the presence 
of products of roast reactions. Therefore, it seems 
desirable to provide a maximum opportunity for 
contact between the sinter surface and reducing gas 
at temperatures approaching, but not exceeding, 
800°C, and this calls for very steady blast-furnace- 
shaft conditions. 
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Conclusion 

Some lines of thought on factors affecting blast- 
furnace operation based on certain experimental re- 
sults have been presented in this paper. The experi- 
mental work has been limited but, in as far as it 
has gone, it appears to show that, by increasing the 
specific surface of sinter, and possibly that of coke 
as well, a marked increase in the rate and degree 
of sinter reduction in the furnace shaft can be 
achieved. 

Fusion tests have shown that this increased re- 
duction means a much higher sinter fusion point 
and narrower plastic zone, while the more efficient 
utilization of coke in the furnace is inherent in the 
intensification of reduction by the provision of a 
more reactive sinter surface. 

For a long time the lead-smelter metallurgist has 
been seriously reproached by the fact that high 
grade lead concentrates entering the smelter are in- 
variably heavily diluted in producing sinter accept- 
able to the blast-furnace operator. 

Everything possible should be done to control the 
sinter fusion point by taking advantage of reduction 
in the solid phase, since shaft conditions exercise a 
powerful influence on blast-furnace operation and 
economics, and since shaft conditions are, in them- 
selves, closely related to charge fusibility. If this is 
done, possibly the most important benefit to be de- 
rived will be the ability to operate with a higher 
lead tenor of sinter and so reduce fuel cost propor- 
tionately. 

Further, whenever appreciable proportions of CO 
are present in the gases leaving the top of the fur- 
nace, serious waste of coke occurs. Thus, in the in- 
stance mentioned earlier, when top gases contained 
10 pet CO, about 25 pct of the reduction potential 
available in the coke entering the furnace was not 
used. If, by improved surface reactivity of charge, 
this loss can be avoided, not only will a fuel saving 
result, but the total gas volume would be reduced, 
giving generally cooler shaft conditions. 

Finally, while great improvements may result 
from investigations into sintering methods in an 
attempt to give extended sinter surface without sac- 
rificing other essential properties, would it not be 
worth while to study the possibilities of separate 
roasting of concentrates to give a strong gas and 
calcine which, mixed with necessary fluxes, would 
be briquetted to a size or sizes suitable for blast- 
furnace requirements? 

Such a scheme would give complete control over 
the particle size of charge, other than coke, and 
would provide a maximum of reactive surface for 
reduction by CO gas. It is a direction in which there 
may be considerable opportunity for development 
of the lead-smelting practice of the future. 
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DISCUSSION, P. C. Fedderson and W. T. Isbell, 
Chairmen 


G. L. Oldright (Salt Lake City, Utah)—Doubtless for 
brevity, the authors have assumed that their readers 
would be intimately familiar with the Port Pirie plant 
and in particular with the development of the huge 
blast furnaces there. Some readers may find that it 
adds to both background and ease in following the 
paper to have before them earlier articles on the Port 
Pirie plant, especially the one by L. A. White. 

Of the combustion zones of the various types of lead 
blast furnaces examined by the Bureau of Mines, the 
Bunker Hill and Sullivan, with its rich lead charge 
containing a low percentage of coke so that consider- 
able sulphur was removed as SO: from the charge, 
should resemble most closely the zones of the huge 
Port Pirie blast furnace.* However, in the absence of 
experimental data on the combustion conditions given 
by rows of tuyeres at two different elevations plus the 
use of coke that is either very coarse or quite fine, it 
is difficult to approximate the conditions of reduction 
at various horizontal planes across the shaft of the Port 
Pirie furnace. In smelting lead charges varying from 
the sulphides to an all-oxidized charge in the Scotch 
hearths with coal in sizes from dust to around % in. 
and using an excess of air blast,° there was still a dis- 
tinct zonal arrangement of the combustion zones. The 
gases, however, in the interstices of the charge were 
largely CO:, SOs, O, and N, with only traces, if any, of 
CO. (The percentages of the lead volatilized and those 
finally liquated out as metal varied largely with the 
richness of the charge.) 

The use of coarse and firm coke gives a zone of maxi- 
mum temperature localized at the tuyere zone of the 
usual blast furnace, and thus this use aids uniformity 
of operation. Also, by furnishing a column of incan- 
descent coke down through which fine streams of ex- 
ceedingly fusible lead silicates can trickle, it is possible 
for the lead blast furnace to carry out its prime func- 
tion of making clean slags to be discarded. : 

With the use of tuyeres at two elevations, the authors 
then raise the question of the optimum particle sizes 
(and presumably distribution) of reducer and of lead 
charge for the upper set of tuyeres; with the maximum 
temperature and accumulation of coke probably at the 
lower tuyeres, the lead charge there would be molten. 
The functions of each of the two sets of tuyeres would 
then seem to be different: at the upper tuyeres some 
residual sulphur is probably removed from the charge 
as SO2, some iron-oxidized compounds are reduced, and 
the already sintered charge with its preformed slags 
starts to soften. At the lower tuyeres the more diffi- 
cultly attacked lead compounds are reduced, the charge 
is completely fused, and the lead is largely liquated 
out. 

That the sulphides are removed effectively would be 
judged from the negligible amount of time lost in 
barring the more deeply seated accretions, which are 
usually sulphides. Whether the lessened accretions at 
the top of the shaft are to be credited to the wider 
shaft or to other structural or operational changes is 
not obvious. By taking samples of the gases and, if 
possible, of the charge across the shaft of the operating 
furnace and by continuing experiments to determine 
the optimum nature of the charge and its relation to 
structural changes, it seems promising that still further 
improvements will be made to the notable ones already 
recorded. How rich a charge may be profitably smelt- 
ed, however, may be governed by how concentratedly 
streams of molten lead may be run over coke at the 
bottom tuyeres without diminishing its reactive sur- 
face too greatly, as well as by the increase in plasticity 
and loss of permeability of richer charges at higher 
elevations in the shaft. 


‘Reports of Investigations 3096. United States Bureau of Mines, 
5 Reports of Investigations 4591. United States Bureau of Mines 
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Applicability of Powder Metallurgy to Problems 


Of High Temperature Materials 


(With Discussion) 


by G. M. Ault and G. C. Deutsch 


The paper reviews the efforts made to utilize powder metallurgy 
to solve problems encountered when using alloys at high tempera- 
tures. The following subjects are discussed: comparison of wrought 
and sintered super alloys, sintered aluminum powder, porous mate- 
rials for transpiration cooling, molybdenum, and cermets. 


ODAY, powder-metallurgy techniques are be- 
coming increasingly important, producing ma- 
terials which at the present time cannot be made 
by any other method. Among these materials are 
high melting-point metals such as tantalum and 
tungsten, porous metals for filters and lubricant- 
containing bearings, electrical contacts and elec- 
trodes (i.e., tungsten-copper), cutting tools of the 
cemented carbides, and magnet alloys. In addition, 
the powder-metallurgy industry has grown because, 
through the application of its methods, shaped 
parts, such as gears, can be produced at tremendous 
rates with a low scrap loss in comparison with 
manufacture by casting or forging and machining. 
In the past few years, by utilizing powder metal- 
lurgy, several approaches to the problem of high 
temperature materials have been investigated. In 
this paper the authors will review some of the stud- 
ies on application of materials having properties 
above 1350°F. Since their experience lies in the 
aeronautical field, possible uses of powder-metal- 
lurgy techniques in the production of aircraft en- 
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gines will be emphasized. A large portion of the 
work is classified, but such a restriction has not 
eliminated any field from discussion, although lim- 
iting the amount of detail it is possible to present. 

The development of high temperature alloys from 
powders and porous metals for cooling will be dis- 
cussed as well as research done on molybdenum and 
molybdenum alloys, cermets, and intermetallics. 
Some studies on the utilization of cermets will be 
considered along with special problems that have 
been revealed through these investigations. Special 
interest in certain factors of sintered aluminum 
powder (SAP) makes it desirable to discuss this 
material although its use temperature is below the 
1350°F limitation set for this paper. 


High Temperature Alloys from Powders 

In general, components made from powders for 
room-temperature application have been investi- 
gated with the primary purpose of taking advantage 
of the high production rates and economies made 
possible by powder metallurgy. From the standpoint 
of properties, the ojective of the powder metallur- 
gist has been to obtain a product comparable to the 
cast or wrought product that is to be replaced. 

Comparisons of the properties of alloys made by 
powder-metallurgy methods with those of similar 
compositions made by casting and forging are re- 
ported in the literature.** In many cases equivalent 
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strength properties have been achieved by powder 
metallurgy but usually with difficulty. For many 
applications, of course, strength equivalent to that 
of a wrought product is not required and the pow- 
der-metallurgy product is used because of manu- 
facturing advantages. The point has been made’ that, 
where equivalent properties have not been achieved 
by powder metallurgy, the weakness can be attrib- 
uted mainly to the presence of pores. Experience 
has shown that pores can be eliminated best by 
forging after sintering or by hot pressing. In some 
cases it has been found to be beneficial to follow 
sintering or hot pressing by hot repressing. Forging 
of a powder-metallurgy product after sintering 
eliminates the manufacturing advantage of pressing 
to final shape to reduce machining costs. Thus, this 
is not too desirable if only equivalent properties are 
achieved. 

Studies of the fabrication and properties of high 
temperature alloys produced by powder metallurgy 
have been reported.*” In these studies, attempts have 
been made by the use of powder-metallurgy meth- 
ods to obtain strengths equivalent to the normal 
cast strength of the cobalt-base alloy, X-40. Here it 
is essential to develop at least equivalent properties 
because for many high temperature applications the 
need is for better materials, not just equivalent 
ones. The data show that equivalent stress-rupture 
properties at 1500°F for rupture times out to at least 
100 hr were obtained (Table I). This was accom- 
plished through the development of a novel process 
called “hot coining” and through the use of fully 
alloyed powders. 

Early in these studies it was found that satisfac- 
tory bodies could not be produced if elemental 


Table |. Comparison of Properties of X-40 Made by Hot Coining 


of Powders and by Casting 


Hot Coined Cast 

Room Temperature 

Tensile strength, psi 162,500 101,000 

Elongation, pct 23.5 11.0 

Reduction in area, pct 18.6 14.0 
1500°F 

Tensile strength, psi 55,700 59,500 

Elongation, pct 30. 8.5 

Reduction in area, pct 41.9 13.7 

Time for rupture at 28,000 psi, hr 103 100 

Elongation, pct 5 12 


metal powders were used because the mechanism of 
solid diffusion of elements is so slow or so compli- 
cated as to preclude the preparation of successfully 
diffused alloys. With the development of alloy pow- 
ders, the need for long sintering times at very high 
temperatures to cause homogenization of the alloy 
was eliminated and the powder-metallurgy prob- 
lem resolved itself to that of making a dense body 
from homogeneous particles. 

The steps in the hot-coining process are: 1—Cold 
pressing of the alloy powders to a density of about 
70 pet to form a briquette; 2—Heating of the 
briquette in a protective atmosphere at a tempera- 
ture somewhat above the normal forging tempera- 
ture (this serves to provide some sinter bonds with, 
of course, some shrinkage and at the same time 
brings the alloy to the forging temperature); and 
3—Forging or “‘coining.”” Here the porous briquette 
is forged to the final shape. This hot-forging opera- 
tion serves to eliminate the voids. 


( 
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| 
a—xX- 40, powder eta, (hot Sine b—X-40, cast c—X-40, wrought 
af 3 | 
cast. e—S-816, wrought. 
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Fig. 2—Strength and ductility of sintered aluminum powder. 


This process can result in densities fully equiva- 
lent to that of cast bodies of the same composition. 
When full densities are reached, good properties are 
obtained. 

The fact that the 1500°F 100 hr stress-rupture 
strength is equivalent to that of the cast material 
might not have been expected in view of the pro- 
nounced differences in microstructure, Fig. 1. Here 
the microstructure in X-40 obtained by the powder- 
metallurgy process is compared with the micro- 
structures of a typical cast and wrought X-40. (X-40 
is not produced commercially in the wrought form 
and there is no typical structure.) Also shown is 
another cobalt-base alloy, S-816 (which is normally 
wrought), in both the cast and wrought forms. It is 
apparent that the structure of the X-40 alloy pro- 
duced by the powder-metallurgy method is much 
more like a wrought structure (which it is) than a 
cast structure, since it has a much more finely dis- 
persed carbide and much finer grain size than the 
cast product. However, it is known’ that at room 
and elevated temperatures fatigue strengths of the 
wrought alloys as a group are superior to those of 
cast alloys. The fact that strengths in the best pow- 
der-metallurgy X-40 are equal to the cast suggests 
that this fatigue advantage might be gained while 
perhaps retaining much of the rupture strength of 
the cast. A comparison of the fatigue properties of 
the powder-metallurgy and cast materials would be 
of considerable interest. 

In the wrought high temperature alloys of today, 
the amount of alloy additions that can be added for 
strength are limited by inability to break down the 
ingots because of segregations and other problems. 
The large segregations of the size that cause trouble 
in forging can be avoided through the use of pre- 
alloyed powders. These are obtained by freezing an 
atomized liquid stream, causing each powder parti- 
cle to have the composition of the melt. Powder- 
metallurgy processes similar to the “hot coining” 
just described may permit alloys with greater 


strengthening additions to be forged into shapes such - 


as turbine blades, giving the powder-metallurgy 
product a distinct strength advantage over the 
wrought. 
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Sintered Aluminum Powder 

Still another advantage which may be achieved 
through the use of powder alloys is illustrated by 
the example of “sintered aluminum powder” or 
SAP. The interest of powder metallurgists has been 
aroused by this development. The reason for the 
interest is that the sintered alloy promises to ex- 
tend the maximum use temperature of aluminum by 
several hundred degrees. 

The sintered aluminum alloy was made originally 
in Switzerland from extremely fine flake powder 
which was hot extruded. More recent work in this 
country’ using atomized as well as flake particles has 
indicated that the remarkable strength of the alloy 
is primarily a function of the oxide content of the 
alloy. It has been hypothesized that during the hot 
working aluminum particles which have a thin ox- 
ide coating are plastically deformed, thus breaking 
their oxide films and permitting the aluminum par- 
ticles to weld together. The strength properties are 
attributed to the entrapped and very finely dispersed 
oxide particles. Fig. 2 shows the strength and duc- 
tility of the wrought sintered aluminum powder 
plotted against oxide content at both room tempera- 
ture and 600°F. For purposes of comparison, the 
strength of one of the best conventional wrought 
high temperature aluminum alloys has been in- 
cluded in Fig. 2. It is interesting to note that the 
strength increases almost linearly with increasing 
oxide content at both temperatures. 

In the literature’ it is noted that, as the oxide con- 
tent increases, the distance between oxide particles 
tends to decrease, and this at least partly may ac- 
count for the strengthening. 

Increase in strength is accompanied by loss in 
ductility, and the choice of a composition would be 
a compromise of these properties. At 600°F, the 
wrought sintered alloys are much stronger than the 
cast and wrought alloys. This is particularly note- 
worthy, since the sintered product does not contain 
the conventional alloying elements. 

Fig. 3° shows the stress-rupture properties at 
900°F, a temperature generally considered to be 
above the useful temperatures for aluminum alloys. 
Again a strong wrought alloy has been included for 
purposes of comparison. The linearity of the curves 
for the wrought sintered aluminum indicates struc- 
tural stability. The wrought sintered aluminum is 
Hance at 900°F to the cast and wrought alloy at 

The method of accomplishing the improvement in 
high temperature strength of aluminum by disper- 
sion of stable particles holds promise of similar 
accomplishment in other alloy systems. Similar im- 
provements in platinum and particularly in tungsten 
have been noted. In tungsten this improvement has 
been achieved by the addition of thoria or by the 
additions of other materials containing aluminum or 
silicon.’ It has been reported’ that the General Elec- 
tric Co. of England has achieved encouraging high 
temperature strength and creep properties in the 
cobalt-base alloy, vitallium, by addition of thoria or 
other similar materials during fabrication by pow- 
der metallurgy. It would appear that powder metal- 
lurgists should exploit this phemonenon and apply 
it to other alloy systems. ° 


Porous Materials 


_Increase in gas temperatures for the turbojet én 
gine will result in increased thrust.? There are sev= 
eral methods by which engine materials may be 
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made to sustain the increased temperature of opera- 
tion. The most obvious, and also perhaps the most 
difficult to achieve, is through the use of more re- 
fractory or temperature-resistant materials through- 
out the engine. This approach will be discussed in 
greater detail in another section of this paper. 
Another way is through the use of cooled compo- 
nents. Because the most critical component in the 
engine is the turbine blade, most of the research 
effort for devising a cooling method has been con- 
centrated here. Some of the designs that have been 
considered for cooled turbine blades are compared 
in Fig. 4.° The cooling methods fall into two cate- 
gories: 1—Represented by the hollow and the finned 
blades, cooling is accomplished by conduction 
through the material; and 2—represented by porous 
or slotted material, cooling is accomplished primar- 
ily by providing an insulating or protective film of 
coolant. The use of porous blades is by far the most 
effective method of cooling to achieve a high tem- 
perature. For gas temperatures in the range of 2500° 
to 3000°F, this method has been estimated to require 
one-third to one-half the flow of the best of the 
more conventional cooling methods. 

The use of a porous material for cooling is known 
as “transpiration” or sweat cooling. It should be 
emphasized that the cooling is achieved by the 
formation of a protective layer of coolant on the sur- 
face exposed to high temperature as well as through 
the cooling effect of the fluid on the porous metal. 
In transpiration cooling, there exists only a very 
slight drop in temperature across the porous plate, 
and the process is affected only very slightly by the 
thermal conductivity of the material. 

In 1948” initial studies of materials for sweat- 
cooled components utilized liquids as the cooling 
media. This appeared very desirable because ad- 
vantage could be taken of the cooling effects of 
vaporizing liquids (i1.e., the heat of vaporization). 
The use of liquids is still desirable for stationary 
power plants and rocket motors where the fuel may 
be used as a coolant. Plugging of the pores by the 
coolant, however, is a serious problem. Primary 
sources of plugging are particles in the coolant, re- 
actions with the coolant (particularly oxidation), 
and gases that are released with the coolant. 

While some of these problems also exist when air 
is used as a coolant, they are minimized and can 
generally be handled either by material selection in 
the case of plugging by oxidation products, or by 
filtering in the case of plugging by particles in the 
gas stream. Another advantage of air cooling is that 
air is readily available at the pressures required. 
There is, however, a reduction in engine perform- 
ance, since air that is normally burned to achieve 
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thrust must be diverted to cool the blades. Although 
this disadvantage is avoided in the case of liquid 
cooling, the required weight of coolant that must be 
carried by the airplane may be prohibitive.” 

The requirements for a porous component are: 1— 
chemical inertness, particularly with respect to the 
coolant, 2—adequate strength, and 3—the ability to 
permit passage of the required amount of coolant. 
The latter is defined as permeability, and materials 
are compared on the basis of a permeability coeffi- 
cient. This permeability coefficient is a proportion- 
ality constant in Darcy’s law” for laminar flow and 
requires special equipment for its determination. In 
the very early phases of the development of porous 
materials, it was customary to use the more readily 
determined density as a criterion for the ability of 
a porous material to pass coolant. For any one 
processing technique using a particular size and type 
of powder, a relation can be established between 
permeability and density. Subsequently the metal- 
lurgist can use changes in density as a measure of 
changes in permeability, and he can control perme- 
ability in much the same manner as density. If, 
however, the processing procedure is altered, for 
example, by a change in particle shape, then a new 
relation between density and permeability must be 
established. 

It is difficult to discuss the strength requirements 
for materials for transpiration cooling because the 
critical values are interrelated with conditions of 
use. The strength must be such as to yield a reason- 
able life at temperatures of at least 900° to 1100°F 
when the thickness is reduced to yield the desired 
permeability. As a very rough approximation of the 
requirement, however, it appears that, at the pro- 
posed use temperature, the materials should have 
tensile strengths of from 20,000 to 25,000 psi and 
ductilities in excess of 2 pet. A typical variation in 
strength and ductility with density is given in ref. 13. 

For actual turbine-blade use, of course, the stress- 
rupture strengths are of greater interest than the 
tensile strengths and values in the neighborhood of 
500 hr of life at 900°F with a stress of 19,000 psi 
have been reported” for stainless steel with a perme- 
ability of interest. 

It is a little unfair to discuss strengths at this 
point in the development of porous materials be- 
cause thus far work has concentrated on the difficult 
production problem without too much consideration 
of the resultant strengths. It has been pretty gener- 
ally felt that, if the production problems could be 


NOVEMBER 1954, JOURNAL OF METALS—1217 


34 POROUS N 
25FINS > 
25 FINS 
FILM 
GES 
INSERT > 
HOLLOW 
14 
HOLLOW 
1.0 
12 
: 


60x10 
ae 
50+ 
SS 
_ 
~ 
i Mo + 2.46 Ti (ARC CAST) 
20+ 
a Mo PURE (ARC CAST) 
Ak Sx-40 Mo PURE (POWDER) 
1400 1600 1800 "2000 


TEMPERATURE, °F 


Fig. 5—Comparison of strengths of arc-cast and powder- 
metallurgy molybdenum. Stress for rupture in 100 hr. 


resolved, then high strength heat-resistant materi- 
als could be produced by using heat-resistant alloys 
as starting materials. One such alloy that has been 
considered is X-40.” 

The methods for the production of porous materi- 
als fall into four categories: 1—sintering of loose 
powders, 2—sintering of loose powders having a 
wide range between the solidus and liquidus tem- 
peratures so that sintering is accomplished in the 
presence of a liquid phase, 3—-sintering of compacted 
powders, and 4—sintering of compacted powders 
with a pore former. 

The compacting operations may be conventional 
pressing or extrusion. After sintering, the product 
may be coined, rolled, and machined. In these fin- 
ishing operations, the permeability can be reduced 
to desired values, although in some cases reduction 
of permeability has proved to be a problem. A sur- 
face etch to recover the permeability has been lost 
and in at least one case the closing of the pores 
during machining was avoided by impregnating the 
sintered compact with a soluble salt prior to 
machining.” 

There are two principal problems in the fabrica- 
tion of porous blades. One of these is that current 
procedures do not yield reproducible permeabilities 
from blade to blade. Secondly, if a blade is to be 
uniformly cooled, it should have a gradation in per- 
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a—Percentage of metal by weight, 10; by 
volume (approximately), 5.8. 
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b—Percentage of metal by weight, 30; by 
volume (approximately), 19.2. 
Fig. 6—Titanium carbide-base cermets with various metal contents. 


meability which conforms to the changes in pressure 
in the blade external environment. Some progress 
has been made in eliminating (by design) the need 
for this gradation, but a blade having a controlled 
variation in porosity is much desired. 

While porous materials appear to be promising 
from a standpoint of cooling effectiveness, it should 
be noted that they are in the early stages of devel- 
opment, and as yet there has been insufficient 
service-type experience to indicate all the problems 
which may be encountered. Also, recently, there 
have been developments with porous materials made 
from wire cloth or screen rather than by powder- 
metallurgical methods. These also are promising and 
at present appear to be competitive. 


Molybdenum and Molybdenum Alloys 


Powder metallurgy has always found important 
application in making useful forms of metals, such 
as tungsten, tantalum, columbium, and molybdenum, 
that melt at extremely high temperatures. Of these, 
molybdenum is most promising for structural appli- 
cations at high temperature because of its properties 
and availability. Early evaluations of molybdenum 
for elevated-temperature applications were based 
on the powder-metallurgy product, but, with the 
development of the arc-cast process for the melting 
of molybdenum and molybdenum alloys in vacuum 
or in atmosphere, an excellent competitive product 
has appeared. Fig. 5 shows a comparison of the 
wrought arc-cast and a good wrought powder- 
metallurgy product™ on the basis of stress for rup- 
ture in 100 hr at 1600°, 1800°, and 2000°F. 

It is difficult to make these comparisons because 
the strength of molybdenum is sensitive to amounts 
of stress relieving and recrystallization after work- 
ing and it is not known if the metals are in compar- 
able condition. It is apparent, however, that the 
powder-metallurgy product can be equivalent to the 
arc-cast material, at least on the basis of stress- 
rupture strength. Many alloys of molybdenum” that 
have been investigated using the arc-cast process 
are, however, far superior to the pure material on 
the basis of stress-rupture strength, as indicated by 
the data included on this figure for a molybdenum 
alloy containing 2.46 pct Ti. All of these molyb- 
denum materials are far superior to the better cast 


c—Percentage of metal by weight, 50; by ~ 
volume (approximately), 35.6. 
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Fig. 7—Titanium carbide with nickel alloy. X1000. Area re- 
duced approximately 55 pct for reproduction. 


commercial super alloys represented by the data for 
X-40 also shown on the figure. Molybdenum and its 
alloys have not been widely used for structural com- 
ponents to date because they lack the resistance to 
oxidation required in most applications. Neither 
alloy additions nor coatings have been completely 
satisfactory for highly stressed structural parts, al- 
though coated pieces are being used for electric 
heating elements, nozzles and jets for burners, and 
thermocouple-protection tubes. An excellent sum- 
mary of molybdenum data recently has been pub- 
lished.” 
Cermets 

In the consideration of materials other than mo- 
lybdenum alloys that might be superior to the 
“super alloys’ of cobalt and nickel base for high 
temperature applications, it was natural to turn first 
to the ceramics, the oxides and silicates. In early 
studies, it was found that these materials generally 
were very strong and had low density, but were ex- 
tremely brittle and generally had poor resistance to 
thermal shock.” It was proposed that what was re- 
quired was a mixture of a ceramic and a metal to 
achieve a combination of the good properties of the 
two, thus giving a material having high strength at 
high temperature plus enough ductility or, in some 
cases thermal conductivity from the metal, to pro- 
vide improved resistance to thermal shock. Much 
experience was available with such materials in the 
cemented-carbide tool industry where the high 
hardness and toughness of materials such as WC 
plus Co were well recognized. A producer of car- 
bide tools was contacted by members of the research 
staff at the NACA and studies of the properties of a 
cemented carbide at elevated temperature were in- 
itiated. The first studies were on compositions of 
titanium carbide with cobalt. Titanium carbide was 
chosen in preference to tungsten carbide because of 
superior oxidation resistance and lower density. Co- 
balt was chosen because of the backlog of experience 
with additions of this element. Many other metal and 
alloy additions to titanium carbide have been in- 
vestigated since, as well as metal additions to other 
carbides, oxides, nitrides, silicides, and borides. A 
listing of some of the typical compositions that have 
been studied are shown in Table II. It is apparent 
that these materials are receiving considerable 
attention. 

Because these so-called ceramic-metal mixtures 
represented a new class of materials for structural 
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Fig. 8—Strength of titanium carbide cermets. Stress for rup- 
ture in 100 hr. 


application at high temperature, many names were 
coined for them, i.e., ‘““ceramals” and ‘‘cermets.” It 
is felt that these names which combined parts of the 
words ‘metal’ and ‘“‘ceramic”’ were coined to rep- 
resent a combination in properties; that is, to de- 
scribe a body having a structure made up of a brit- 
tle phase and a more ductile metal phase, either 
continuous or discontinuous. In this light, many new 
materials that have been produced are not quite 
“cermets” even though the body has been produced 
by the sintering of a metal with a brittle phase. The 
resultant structure may be a combination of inter- 
metallics instead of a structure with a metal or 
solid-solution alloy phase. An example is the addi- 
tion of a metal to MoSi,. Because of reactions during 
sintering, the final result is usually a mixture of 
complex silicides. In such cases major improve- 
ments in thermal shock or reduction in brittleness 
are not obtained, although unusual strength prop- 
erties can result. Perhaps the materials that most 
nearly meet this definition of ‘“‘cermet”’ are the pre- 
viously mentioned titanium carbide with various 
metal and alloy additions. Typical structures are 
shown in Fig. 6. These are cold-pressed and sintered 
structures of titanium carbide with 10, 30, and 50 
wt pct Ni. It is apparent that as the amount of metal 
increases, the metal phase becomes more continuous 
and thicker and it might be expected that more of 
the metallic properties would be obtained. A struc- 
ture having even more isolated carbide particles in a 
metal-alloy matrix is shown in Fig. 7. Actually these 
combined structures are probably stronger at mod- 
erate temperatures than is either TiC or Ni alone. 
J. T. Norton has defined” what he felt was the 
ideal structure of these cermets. He said that reg- 
ular polyhedra surrounded by thin restrained films 
of metal were desirable. In this structure he felt 
that the metal would have an optimum thickness 


Table II. Representative Cermets Under Investigation 


Class Ceramic Metal Addition 


Oxides Al,Be,Co,Co-Cr,Fe, Stainless 
CreO3 Cr 
MgO Al,Be,Co,Fe,Mg 
SiOz Cr,Si 
ZrO2 Zr 
Carbides sic Ag,Si,Co,Cr 
TiC Mo,W,Fe,Ni,Co, S816 
Inconel, Hastelloy, 
Stainless, Vitallium 
CrsCe2 Ni,Si 
Borides CrsBz Ni 
Ti Be Fe,Ni,Co 
ZrBz2 
Silicides MoSiz Ni,Co,Pt,Fe,Cr 
Nitrides TiN Ni 
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and behave in much the same way that thin films of 
copper behave in brazed joints. That is, since the 
copper is constrained by the surrounding metal, the 
braze copper is considerably stronger than copper 
in the massive form. To Norton’s comments it might 
be added that the structure having improved duc- 
tility and impact strength may have thicker films 
than those for optimum strength, and a compromise 
to achieve the best combination of properties may 
have to be determined. Systematic studies of the 
relation of particle size and distribution to elevated- 
temperature creep and rupture strength, thermal 
shock, and impact strength would be helpful. 

It is of interest to consider the elevated-tempera- 
ture strength properties of these materials. Because 
of necessary limitations, the discussion of properties 
will be confined to those materials for which stress- 
rupture data are available. This immediately fo- 
cuses attention on cermets of titanium carbide base. 
In Fig. 8 several outstanding TiC-base cermets are 
compared on the basis of stress for rupture in 100 hr 
at several temperature levels. Also shown on the 
curve is a good cast cobalt chrome-base super alloy. 
Many compositions having excellent strength com- 
pared with the super alloy have been developed. 
Since the cermets have about 0.7 the density of the 
super alloys, a comparison of strength on a relative- 
density basis would favor the cermets even more. 
For uses such as in the turbine bucket where stress 
is determined by centrifugal force, comparisons 
should be made on a strength-to-weight basis. 

Primary composition differences in these mate- 
rials exist although all contain titanium carbide and 
nickel. In some cases the nickel has been alloyed to 
provide increased strength as can be illustrated by 
comparison of the data for K152B containing nickel, 
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and K161B containing a nickel alloy. Pure titanium 
carbide plus nickel does not have adequate oxidation 
resistance for long times at these temperatures and 
various additions have been developed to provide 
the necessary resistance. These additions are: 1—a 
solid-solution carbide of columbium, tantalum, and 
titanium,” 2—chromium carbide, Cr;C.,“ and 3— 
chromium.” In addition, a ceramic coating that will 
provide resistance to oxidation has been developed 
by the National Bureau of Standards.” Development 
of the titanium carbide-base cermets produced. by 
both cold pressing and sintering (Kennametal, 
American Electro Metals, Firth Sterling) and by in- 
filtration (Sintercast, NACA) has resulted in a class 
of materials with outstanding strength at high tem- 
peratures and good resistance to oxidation and ther- 
mal shock. 

Another material for which stress-rupture data 
are available is aluminum oxide plus 30 wt pct Cr.” 
This material is very strong at 2000°F and above 
(see Fig. 9). Since it consists principally of a sat- 
urated oxide, the oxidation resistance is excellent, 
but its applicability is limited to those environments 
where only moderate resistance to thermal sheck is 
required. 


Intermetallics and Hard Metals 


In addition to the ceramics and cermets, materials 
called ‘“‘hard metals” and “intermetallics” have been 
studied. These materials usually have been sepa- 
rately classified because they possess such metallic 
properties as metallic luster and good thermal and 
electrical conductivity, as contrasted to ceramics, 
and do not have a metal phase such as is commonly 
associated with cermets. This category includes car- 
bides, nitrides, borides, and silicides of the transition 
metals. A large number of these have been investi- 
gated and an excellent summary of the research is 
given in Schwarzkopf and Kieffer’s recent book.” A 
systematic study of many heretofore unexplored 
compositions, that may be of interest for high tem- 
perature applications, is now being made.” 

Because of space limitations in the present dis- 
cussion, the emphasis is placed again upon materials 
that have been developed to the point where at least 
some stress-rupture data are available. 

A particularly interesting intermetallic that has 
been developed at the NACA is molybdenum disili- 
cide, MoSi,.” The electrical conductivity of this 
material is about that of stainless steel, and the 
thermal conductivity is about that of nickel at room 
temperature. 

The most outstanding property of MoSi, is its re- 
sistance to oxidation. Some comparative data in 
terms of depth of oxide penetration is given in Fig. 
10. Obviously MoSi, is far superior to a typical 
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high temperature cobalt chrome-base alloy, Stellite 
21, and to an outstanding cermet. The most dramatic 
demonstration is visual. A polished surface of MoSi, 
after 160 hr at 2000°F has darkened but still retains 
most of its original metallic luster. By X-ray diffrac- 
tion it has been found that MoSi, obtains its oxida- 
tion resistance by a tightly adhering coating of SiO, 
that forms on the surface when MoSi, is exposed to 
oxidizing conditions. 

In a study of fabrication variables, it was found 
that the short-time strength of the initially pro- 
duced material could be approximately doubled by 
increasing the grain size and by the addition of car- 
bon with a resulting decrease in oxygen content. 

The stress-rupture strengths of the most promis- 
ing material are shown in Fig. 11 at three tempera- 
tures, 1800°, 1900°, and 2000°F. The stress for 100 
hr life at 1800°F is about 30,000 psi, about 15,000 psi 
at 1900°F, and at 2000°F about 9000 psi. These 
strengths are very high but, since the material flows 
plastically at these temperatures, it is of interest 
also to consider creep. Creep curves are shown in 
Fig. 12 for several stresses at 1600°, 1800°, 1900°, and 
2000°F. The creep resistance of the material at 
1600° and 1800°F is satisfactory. At 1900°F under a 
stress of 12,000 psi the elongation is of the order of 
10 pet in 100 hr. This elongation would be beyond 
allowable limits for many structural uses; however, 
for lower stresses at 1900°F and at lower tempera- 
tures with higher stresses, MoSi, has satisfactory 
creep strength. 

Other typical materials in this class, for which at 
least limited stress-rupture data are available, are 
chromium carbide, Cr,C., and chromium titanide, 
Cr.Ti. The kinetics of sintering during hot pressing 
with chromium carbide have been studied.” The 
material has demonstrated properties of interest at 
elevated temperatures. It has good oxidation resist- 
ance and is extremely metallic in appearance with 
a silvery color not unlike ordinary steels. 

Cr.Ti is a new material” and only very limited 
data are available at this time. The resistance to 
oxidation at 1832°F is good and stress-rupture prop- 
erties of a Cr.Ti plus 5 pct Cr.O; body are being 
investigated at 1800°F. The data from the first pre- 
liminary test of this material and data for Cr,C, are 
compared with several other materials, Fig. 13. 
These data show that the intermetallics have out- 
standing strength at 1800°F compared with the 
super alloys and also with the titanium-carbide 
cermets. 

All these materials have excellent high tempera- 
ture strength and good resistance to oxidation. 
Another very important property for many applica- 
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tions is resistance to thermal shock. A comparison 
of some of these materials is shown in Fig. 14. The 
data are from different pieces of test apparatus and 
represent differing severities of quench. In all cases 
the test specimen was a disk of 2 in. diam and \% in. 
thick. The specimens were quenched from a furnace 
at elevated temperature into different media at 
about room temperature. The temperature data 
plotted are essentially the temperature differences 
between the furnace and the quenching media. 

The first test, represented by the upper bar, con- 
sisted of a comparatively gentle quench in a low 
velocity air jet. Here Cr,C, failed when quenched 
from 1500°F while MoSi, withstood a quench from 
the limiting temperature of the apparatus, 1700°F. 
The next test was more rigorous and consisted of a 
water quench in which only the outer periphery of 
the disk was quenched. Here MoSi, failed at a tem- 
perature differential of 400°F; whereas, for com- 
parison, an outstanding ceramic BeO failed at 700°F. 
A titanium carbide-plus-cobalt cermet did not fail 
until quenched from 1700°F. The last test consisted 
of quenching a disk in a high velocity air stream 
where the velocities were similar in severity to those 
that might be encountered in a jet engine. Here 
MoSi, failed in the first one or two cycles at 1800°F, 
while the titanium carbide-plus-cobalt cermet with- 
stood a total of 100 cycles — 25 cycles each at 1800°, 
2000°, 2200°, and 2400°F. Cermets of titanium- 
carbide plus several other metal additions have con- 
sistently survived this test. Thus, although some of 
the intermetallics are strong at elevated tempera- 
tures, the resistance to thermal shock generally ap- 
pears to be substantially less than that of the 
titanium carbide-plus-metal cermets. Because of 
their outstanding strength and good oxidation re- 
sistance, the intermetallics certainly will find appli- 
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Fig. 15—Cermet type-B turbine bucket after operation. 


cation at elevated temperatures where only moder- 
ate resistance to thermal shock is required. This field 
is still relatively unexplored, and many new com- 
positions of superior properties will undoubtedly be 
developed in the next few years. 


Application Studies of Cermets 

Turbine Buckets: Because the cermet materials 
have demonstrated the best combination of strength, 
oxidation, and thermal-shock properties, application 
studies of refractory hard metals have emphasized 
cermets. 

The application that is of greatest urgency is that 
of turbine buckets and some experiences in this field 
will be presented. The turbine buckets operate in a 
highly oxidizing atmosphere, under high stress at 
temperatures of 1500° to 1600°F and under condi- 
tions of thermal shock. 

In the application of cermets to turbine buckets, 
the problem is one of the utilization of materials 
that are very strong at high temperatures but have 
no measured ductility at room temperature — and 
only traces of ductility of the type measured in a 
tensile test at high temperature. This combination 
of properties results in a material that is quite notch 
sensitive both at room and elevated temperatures. 

The turbine-bucket designs must, therefore, em- 
body two features. They must be of such geometry 
as to minimize notch effects. The design of the root 
must embody, some method of uniformly redistrib- 
uting the load concentrations imposed by the minor 
mismatching between bucket and wheel caused by 
dimensional variations. 

The first turbine runs” were made using small 
buckets of a titanium-carbide cermet with the de- 
sign shown in Fig. 15, which is a blade after opera- 
tion. This blade is of simple design in that it has 
neither twist nor taper and is retained in the turbine 
wheel by a roll at the base of a rather thin neck. 
The operating conditions for this turbine were an 
estimated bucket temperature of about 1600°F and 
a centrifugal stress equal to that of one of the lower- 
stressed jet engines. From the first runs several 
things were learned: 
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Fig. 16—Cermet type-B blade failure. 


1—The critical or failure area of the bucket is in 
the root, particularly at the juncture of the neck 
with the roll. A typical failure of this type is shown 
in Fig. 16. 

2—Since these materials have about twice the 
thermal conductivity of the currently used high 
temperature alloys, the wheel rim heats up more 
than it does with alloy buckets and is quite likely to 
fail locally. 

3—Conventional methods of fastening the buckets 
in the wheel cannot be used. 

In an effort to try to solve the problems associated 
with stress concentrations resulting from poor mat- 
ing in the roots, a run was made using six cermet 
buckets in a wheel with a control sample of 136 
alloy buckets.” Two of the cermet buckets were 
loosely mounted so that they could seat themselves 
as the turbine came up to speed, two had nickel- 
plated roots and two had copper-plated roots. The 
loosely mounted buckets failed rapidly, the better 
one failing after only about 5 hr of operation. The 
buckets having nickel-plated roots were only slightly 
better, the better one running for about 16 hr. The 
buckets with the copper-plated roots showed very 
marked superiority with one bucket lasting 111 hr, 
or longer than 95 pct of the alloy buckets. The fail- 
ure in this cermet bucket, as in most of the previ- 
ously run cermet buckets, was also in the root, 
whereas most of the alloy buckets failed in the 
airfoil. 

Design Studies: These first runs pointed up the 
design aspects of bucket mounting. It was evident 
that new and drastically different types of roots 
would be required. A series of designs that were 
thought to be particularly adapted for use with 
brittle materials are shown in Fig. 17. For purposes 
of comparison, a standard serrated or fir-tree root 
that is widely used at the present time for alloy’ 
buckets has been included in the figure. It can be 
seen that all the roots have very generous radii. In. 
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some, a ductile pin or shim retains the bucket in the 
wheel and imparts some of the ductility that is lack- 
ing in the cermet root. All root designs were evalu- 
ated in tension tests at 1200°F, both with and with- 
out an interposed layer of readily deformable nickel- 
plated copper screen. It was found that the fir-tree 
root could withstand about one-third more stress 
than is imposed on it in the engine, while one of the 
newer designs is capable of supporting in excess of 
twice the load imposed on it. The root designs not 
containing ductile retaining pins benefited consider- 
ably from the use of the screen. These tests indicate 
that the use of generous ‘radii and ductile shims 
greatly improves the application potential of cer- 
mets. They also indicate the importance of proper 
design for brittle materials. 

Inspection: Turbine operation of cermets has in- 
dicated that many buckets fail after only a very 
short time at the test conditions, while other buckets 
have very promising service lives. The problem of 
segregating these inferior buckets has been receiv- 
ing increasing attention as the development of these 
materials progresses. In the inspection of cermets 
such conventional methods as density measurements, 
hardness tests, radiography, and various types of 
surface inspections utilizing penetrant dies have 
been used. While these techniques have eliminated 
buckets that had gross defects, the engine-operating 
experience indicates that they have not succeeded 
in eliminating all early bucket failures. 

Proof testing in which components are subjected 
to simulated stress and temperature conditions for 
a prolonged time or a short time at over-stress con- 
ditions has also been used, and while this testing 
has succeeded in eliminating some buckets, early 
blade failures are still being encountered among 
those remaining. Other inspection techniques, such 
as supersonic methods, physical-proof tests on fin- 
ished components, and magnetic measurements are 
being studied and have indicated some promise, but 
as yet have not solved the problem. Since magnetic 
measurements are the most unconventional, they 
will be discussed in greater detail. 

Where nickel or high nickel alloys are used as the 
metal for the binder phase, measurements of the 
magnetic properties of the cermet material have 
been found to be useful for indicating composition 
changes in the metal phase. Fig. 18” shows the effect 
of various dissolved metals on the Curie tempera- 
ture of nickel. The ferromagnetic elements iron and 
cobalt increase the Curie temperature linearly with 
quantity in solution and most of the nonmagnetic 
metals decrease Curie temperature linearly. Carbon 


Fig. 17—Cermet blade-root design. a—Standard fir tree. 
b—Experimental cermet roots. c—Experimental cermet roots 
using ductile retaining pins. 
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is reported as not having an appreciable effect on 
the Curie temperature of nickel.“ Titanium car- 
bide is nonmagnetic, but cermets of titanium carbide 
and nickel are magnetic, of course. By measure- 
ments of the Curie temperature, an insight into the 
composition of the metal phase can be gained. A 
simple apparatus for the measurement of the Curie 
temperature of cermets is shown in Fig. 19a. Here 
the force required to remove a magnet from a cer- 
met at various temperatures can be measured. The 
point where the magnet is no longer attracted by the 
cermet is the Curie temperature. If the data of 
magnetic pull against temperature are plotted (Fig. 
19b), the curve can be extrapolated to zero mag- 
netic pull, and the Curie point can be determined to 
an accuracy of about +10°F. Plotting the data also 
has the advantage of pointing out breaks in the 
curve that might indicate the presence of magnetic 
phases of differing Curie points. 

In the fabrication of cermets of titanium carbide- 
plus-nickel, any foreign atoms which may be pres- 
ent, including perhaps titanium, from the titanium 
carbide could be dissolved in the metal phase during 
sintering. In Fig. 18 the slope of the curve for iron 
indicates that a change in Curie temperature of 1°F 
is indicative of 0.04 pct change of iron in solution 
in nickel. Changes in Curie temperature thus appear 
to be a sensitive indication of the composition of the 
nickel phase. 

The Curie point is being investigated at the NACA 
as a method of indicating differences in batch com- 
position and particularly of changes in the metal 
phase resulting during a program of heat treatment 
of titanium carbide cermets. Typical changes in 
the Curie point of a specimen resulting from heat 
treatment are shown in Table III. 

Measurements of only the force necessary to sep- 
arate a standard magnet from a cermet at room tem- 
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Fig. 18—Effect of alloying additions on the Curie point of 
nickel, Wise and Schaefer.” 
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Fig. 19—Apparatus (a, right) and typical data curve for determina- 
tion of Curie temperature (b, left). 
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Table III. Effect of Heat Treatment on Curie Temperature 
of a TiC + Ni Cermet 


Curie 


Material Condition Temperature, °F 


As sintered 
Solution treated, 2375°F, 4 hr, air cooled : 600 
Above solution treatment plus age, 1550°F, 24 hr, air cooled 685 


perature is a quick method for indicating differences 
from lot to lot, and this avoids the heating cycle. 
Such measurements, however, do not give any indi- 
cation of the cause for the differences, whereas 
measurements of Curie temperatures of cermets that 
give readings above the Curie temperature of pure 
nickel indicate the presence of magnetic materials 
such as iron or cobalt, and measurements below the 
Curie temperature of pure nickel indicate the pres- 
ence of dissolved nonmagnetic materials. An impor- 
tant factor that must always be kept in mind is that a 
simultaneous solution of two elements, e.g., magnetic 
cobalt and nonmagnetic titanium, can cancel effects 
on Curie temperature. More information is needed 
about the magnetic properties of possible minor 
phases, such as intermetallics, before Curie tempera- 
tures can be used quantitatively with full confidence. 

Another approach to the inspection problem is to 
assume that the failures are due to a random dis- 
persion of minor surface flaws which are individu- 
ally too small and not sufficiently concentrated to be 
detected by present surface-inspection techniques. 

If this concept of a random dispersion of fine de- 
fects is accepted, it then becomes desirable to treat 
the surface in some manner which is designed to 
heal all the defects. Sometime ago Kennametal sug- 
gested that a film of nickel diffused into the surface 
of cermets may improve their properties. Tests at 
the NACA Lewis laboratory have indicated that a 
film of nickel can be readily diffused into the sur- 
face of both cold-pressed and sintered and infiltrated 
titanium carbide-base cermets. 

Fig. 20 shows a. titanium carbide-base cermet 
‘after a 0.004 in. thick film of nickel has been diffused 


> 
ay 


Fig. 20—Surface treatment of titanium carbide-base cermets. 
Unetched. X100. Area reduced approximately 55 pct for 
reproduction. 
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Fig. 21—Schematic diagram of NACA drop-impact test. 


into the surface. The surface appears to have been 
improved. Close examination of the structure reveals 
a higher metal content at the surface of the cermet. 
The nickel was applied by painting the surface with 
a nickel-powder slurry. The binder for the nickel 
powder was an ethyl methacrylate-touluene solu- 
tion that has. been developed for making brazing 
pastes. This solution volatilizes completely at about 
750°F. This work on the surface treatment of cer- 
mets is still in a very preliminary stage, and there 
is evidence that cracks can be healed by this method. 
The effects on physical properties have not as yet 
been determined. If the properties are controlled by 
the surface conditions, large improvements may be 
encountered. 

Impact Strength: Another property of cermets 
that is of considerable interest is the impact strength. 
In the case of the gas turbine, this property is re- 
quired because of the danger that foreign objects, 
perhaps gravel picked up from runways, might pass 
through the engine or that fragments from a failed 
bucket might strike an adjacent bucket. 

The measurement of the impact strengths of 
cermets has proved to be troublesome. One problem 
is that the values are below those usually éncoun- 
tered by the metallurgist and his equipment is not 
suitable. Values in the literature” obtained for 
cermets with conventional testing equipment lead. to 
the conclusion that the results are reproducible and 
indicate that the impact resistance is inferior to 
conventional high temperature alloys. 

In the plastics industry" where the impact-evalu- 
ation problem is analogous to that encountered with 
cermets, efforts have been made to eliminate any 
kinetic energy which may be imparted to the frag- 
ments of the test specimen by the impacting ham- 
mer from the recorded value of the impact strength. 
The elimination of this “toss energy” is felt to result 
in a more significant value of the impact strength. 
Equipment that has been proposed to accomplish 
this for cermets” is shown in Fig. 21. The apparatus 
consists essentially of a vise whose jaws are insu- 
lated with transite plates for gripping the specimen: 
To insure uniformity of gripping, the vise is closed 
at the test temperature using a torque wrench. The 
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Table IV. Drop-Test Impact Data 


Average Impact Strength, (In.-Lb) 


Room Temperature 1200°F 1500°F 
Material Notched Unnotched Ratio Notched Unnotched Ratio Notched Unnotched Ratio 
Cermets 
K150B 1-3 1.05 — — 
K152B 2.1 4.1 1.95 1.6 2.3 1.6 
K154B 2.8 5.2 1.86 2.0 2.26 2.4 
K162B 6.3 1.9 2.6 2.0 — — 
FS-9 1.93 — 2.43 2.52 
FS-27 1.29 — 1.45 1.34 
Alloys 
X-40 48.05 — _ == 


specimen is a 4x%4x2 in. bar either with or without 
a notch at the center. The shape and the size of the 
specimen were chosen so that the specimen would 
be small and easy to fabricate and so that the thick- 
ness to be fractured would be of the same order of 
magnitude as the thickness of a turbine bucket. 

In order to use this equipment for high tempera- 
ture impact evaluation, the specimen is resistance 
heated by a low-voltage high-amperage current 
which is brought in through a movable electrode. 
The hammer strikes the cantilever-beam specimen 
near the free end and is dropped from successively 
increasing heights until the specimen is fractured. 

In this test, the toss energy is eliminated by strik- 
ing the specimen with just sufficient energy to cre- 
ate fracture. The energies necessary to cause fracture 
are shown in Table IV. Perhaps an even more sig- 
nificant value might be the maximum energy the 
specimen withstood without fracture. These values 
of impact strength are about 0.1 in.-lb less than the 
values shown in Table IV. 

Initially there was concern that the blows which 
did not fracture the specimen might be damaging 
it and reducing the impact strength; however, the 
tests have indicated that with cermets this does not 
appear to be the case. Results have been consistent 
whether 2 or 16 blows were used. 

Each value in Table IV is the average of values 
obtained with six specimens. These values are much 
lower than those in the literature because the speci- 
men was smaller, the specimen was notched, and the 
toss energy was not included in the measured 
strength. The values of this investigation, however, 
are believed to be more significant for comparing 
cermets. For purposes of comparison, several alloys 
have been included in the table. All cermets shown 
are inferior to the conventional turbine-bucket alloy, 
X-40. The impact resistance of the cermets is, how- 
ever, of the same order of magnitude as that of some 
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Fig. 22—Effect of notch severity on impact strength of a 


cermet. 
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of the newer and more refractory alloys that are 
currently being studied. 

The first group of cermets, the K150B, K152B, and 
K154B have metal contents of 10, 30, and 50 wt pct, 
respectively, and as might be expected, the impact 
strength increases with increasing metal content. 
The effects of increasing temperature on impact 
strength were small and in some cases a decrease 
was noted. 

In order to explore the effect of notches on impact 
strength, a series of tests was run in which the 
notch radius was varied but the notch depth was 
held constant, see Fig. 22. The values of impact 
strength have been plotted against the ratio of speci- 
men thickness to notch radius. In this study, the 
specimen thickness T was held constant. The pur- 
pose of the type of plot used was to enable the un- 
notched condition (infinitely large notch radius) to 
be included in the curve. This condition appears at 
zero notch severity. Perhaps of greatest interest in 
this figure is the shape of the curves. This shape is 
characteristic of ductile materials in tension where 
gentle notches produce a notch-strengthening effect 
over the unnotched condition, while severe notches 
produce a weakening effect. 


Summary 


1—Powder-metallurgy techniques have proved of 
great value to the metallurgist interested in materi- 
als for high temperature applications by providing 
him with materials not otherwise available. This is 
true in the case of cermets, the intermetallics, and 
some refractory metals. Powder-metallurgy tech- 
niques provide him with materials in a form not 
otherwise available as in the case of porous materials. 

2—With the possible exception of wrought molyb- 
denum alloys, the techniques of powder metallurgy 
have produced materials —the cermets and inter- 
metallics—that are superior to any other products 
on the basis of elevated-temperature strength. These 
materials have found some application, such as for 
heating elements, thermocouple-protection tubes, 
and high temperature abrasion-resistant parts. Be- 
fore application to use in such critical components 
as turbine buckets can be made, solutions of several 
important problems must be found. These problems 
generally result from the lack of ductility and in- 
clude methods of fastening, low impact resistance, 
and reliability. Progress is being made toward the 
accomplishment of these objectives. 

3—The designer would prefer to have new ma- 
terials available that will permit a higher use tem- 
perature without problems of low ductility, in other 
words, materials comparable to the present high 
temperature alloys but with an appreciably greater 
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strength. At least two approaches utilizing powder- 
metallurgy methods to achieve this are suggested: 
First, powder metallurgy holds some promise for 
the production of alloys having controlled micro- 
structure and without the usual limitations in the 
quantities of alloying additions and permits the 
achievement of greater strengths. Second, the sin- 
tered aluminum powder has dramatized a mechan- 
ism for increasing limiting temperatures that may 
be applicable to other alloy systems. 
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DISCUSSION, Claus Goetzel, Chairman 


J. D. Roach and A. C. Haskell, Jr. (Titanium Alloy 
Mfg. Div., National Lead Co., Niagara Falls, N. Y.)— 
Titanium carbide, while having been used for many 
years as a minor constituent in cemented carbides, re- 
cently has been receiving increasing attention as the 
basic material for a series of cemented products dis- 
playing interesting and unique properties. Character- 
ized by excellent oxidation resistance, high strength, 
and low density, titanium carbide also displays the 
high hardness and modulus of elasticity, good wear 
resistance, and low thermal expansion typical of the 
refractory carbides generally. 

In order to obtain a more complete knowledge of the 
characteristics of titanium carbide, available vacuum- 
fusion apparatus was applied to the gas analysis of this 
material, using equipment similar to that developed 
by Dr. G. Derge* of Carnegie Institute of Technology. 
Previous experience with this apparatus has shown 
that the apparent gas content of a given sample is 
greatly influenced by a number of factors encountered 
in the analytical procedure. Uniformity of this pro- 
cedure is of great importance if accurate and consistent 
results are to be obtained. Fusion temperature, gas 
evolution and circulating time, the use of tin to pre- 
vent the gettering action of vaporized metal, and the 
ratio of the weight of the iron bath to that of the 
sample are important factors that have a definite effect 
on the analyses and therefore must be carefully con- 
trolled. 

At first our vacuum-fusion work was concerned 
primarily with samples, which were compact or mas- 
sive, in which the ratio of surface area to mass was 
relatively low. On dealing with a powdered material 
such as milled titanium carbide, however, this ratio is 
obviously increased many-fold. Hence, with powdered 
materials, the question of surface adsorption of gases, 
which may be neglected with a massive sample, be- 
comes very important. 

Rather than become involved in a detailed discussion 
of adsorption, it should suffice to say that adsorption, 
which is strictly a surface phenomenon as distinguished 
from absorption, generally occurs in two stages.** * The 
first is often referred to as Van der Waals adsorption, 
in which the forces involved are relatively weak so 
that the gases thus held can be easily and completely 
removed through decreased pressure and increased 
temperature. The second stage of adsorption, com- 
monly called “chemisorption,” is characterized by much 
greater bonding forces and hence is more difficult to 
overcome. Another peculiarity of adsorption is that 
it is quite often preferential, ie., one gas from a mix- 
ture of gases can be adsorbed on a solid and essentially 
removed from the other gases in the mixture. 

Methods were then considered for the removal of 
this adsorbed gas. The desorption technique chosen 
involved both heat and pressure. The sample was heated 
in an argon atmosphere for 1 hr at 750°C (1382°F). 
Actually, the argon was at atmospheric pressure, or 
slightly in excess thereof, but the effect is the same as 
employing low absolute pressure over the sample. The 
controlling factor causing the gas molecules to leave 
the surface is a low ratio of the partial pressure of 
that gas in the surrounding atmosphere to that of the 
same gas in the mixture adsorbed on the particle. 
Whether the time of 1 hr and the temperature of 750°C 
represent optimum conditions, we quite frankly do not 
know, but it is apparent nevertheless that these condi- 
tions are effective toward accomplishing at least con- 
siderable desorption. 


Table V. Typical Analysis of High Purity Titanium Carbide 


Titanium 79.1 pct 
Total carbon 19.46 pct 
Free carbon 0.29 pet 
Combined carbon 19.17 pet 
Iron 0.33 pet 


Table VI. Effect of Desorption of High Purity Titanium Carbide 
by Heating at 750°C in Argon for 1 Hr 


Wt Pet 
Oxygen Hydrogen Nitrogen 
Lot 4 as-produced 0.630 0.014 0.088 
Lot 4 after desorption 0.235 0.005 0.052 


Thus, following some preliminary work with nickel 
and zirconium powders, an additional desorption step 
was added, for finely divided samples, to the standard 
vacuum-fusion procedure involving the following fac- 
tors: 1—fusion temperature, 1950°C; 2—the addition of 
a small sample of tin for each sample analyzed; 3— 
dilution ratio, 500:1; and 4—uniform fusion and cir- 
culating time. The desorption step, which, of course, 
was applied first, consisted merely in heating 1 hr at 
750°C in argon. Through standardization of the above 
factors, gas analyses obtained in this laboratory were 
duplicated, with very good agreement, by another 
laboratory. 

It was realized that adsorption would play a major 
role in the gas content of titanium carbide due to the 
fineness of the material. This new grade of high purity, 
low free-carbon TAM titanium carbide has a maximum 
particle diameter of 44 microns (325 mesh) and down; 
approximately 38 wt pct is less than 10 microns. A 
typical chemical analysis of this titanium carbide is 
presented in Table V. 

As has been noted, we are especially concerned here 
with the problem of determining the exact amount of 
contamination by the gases—oxygen, nitrogen, and 
hydrogen. It has not been known to what extent the 
gases are adsorbed or chemically combined. Inciden- 
tally, the importance of the contents of each of the 
common gases with respect to the ultimate processing, 
l.e., Sintering, is also not known or fully appreciated. 
To secure some data on the first point, a sample of the 
finished carbide was split into two parts and subjected 
to gas analysis after one-half was desorbed, while the 
other half was analyzed as received. The results are 
presented in Table VI. 

It is apparent, first of all, that the total gas content 
of the finished carbide is not excessive. But of more 
enlightening value is that large proportions of the 
gases, e.g., 57 pct of the oxygen, are adsorbed rather 
than chemically combined. The indications are that 
they are held in first-stage adsorption, since their re- 
moval was achieved quite readily. The remaining gas 
content, which was possibly chemically combined, was 
gratifyingly low. 

Of interest next was the origin of these gases, and 
an investigation was begun to indicate how complete 
the reduction of the carbide was, and what effect the 
various steps of processing had on the gas contents. 
For this purpose, samples of the carbide were taken 
at various stages of manufacture. The sample desig- 
nated “Prior to Milling” represents crushed carbide 
from the furnace, and its maximum particle size is 
approximately ¥g in. A sample taken after milling was 
finer than 325 mesh. A third sample representing the 


Table Vil. Effect of Processing Steps on Gas Content of 
Titanium Carbide 


Prior to Milling After Milling Finished Product 


After After After 
As-Re- De- As-Re- De- As-Re- De- 
Wt Pet ceived sorption ceived sorption ceived sorption 
Hydrogen 0.007 0.0037 0.017 0.0002 0.014 0.005 
Oxygen 0.134 0.059 0.548 0.246 0.630 0.235 
Nitrogen 0.052 0.051 0.074 0.057 0.088 0.052 
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finished product indicates the effect of the beneficiation 
treatment. These samples were analyzed in the de- 
sorbed condition and by the standard method, as well 
as without desorption, in order that additional infor- 
mation could be obtained as to the nature and origin 
of contamination. These results are presented here- 
with in Table VII. 

From these data a number of interesting conclusions 
can be drawn. First, in regard to the effects of process- 
ing, it is quite apparent that the reduction has been 
completed satisfactorily. The addition of gases by the 
milling operation is quite pronounced, whereas the 
pickup over the beneficiation phase was practically 
nil. The addition of gases by the milling operation is, 
of course, not unexpected, since it is this step which 
produces the tremendous surface area. The effect of 
this greatly increased surface area is very apparent 
from the tabulated data. Further comparison of the 
values cited for the milled product shows that some of 
the oxygen pickup is of a more permanent nature than 
that for hydrogen and nitrogen. This, too, is quite con- 
ceivable, as an appreciable amount of localized heat is 
liberated on milling. This led to the hypothesis that 
approximately 0.2 pet of the oxygen is held in second- 
stage adsorption. It is interesting to note that neither 
hydrogen nor nitrogen in the desorbed condition in- 
creased significantly during processing, thus providing 
an indication of preferential adsorption for oxygen. The 
hydrogen-nitrogen adsorption is quite plainly first-stage 
adsorption. 

In addition to reporting progress towards an accurate 
method for the analysis of oxygen, nitrogen, and hy- 
drogen in titanium carbide and presenting analyses 
thereof, these results seem mainly significant to us as 
an indication of the important role of adsorption. It 
was shown that a very appreciable percentage (more 
than 50 pct of the oxygen) of the gases was loosely 
held on the surfaces of the particles. The significance 
of this finding is that it suggests the possible utility of 
an analogous desorption technique during the fabrica- 
tion or sintering of carbide particles. Admittedly, many 
sintering operations are conducted in vacuum at ele- 
vated temperatures, but the point is that allowance 
ought to be made for the greater densities and thick- 
nesses of the shapes involved. In other words, the 
gases should be allowed to escape before they react 
with the carbide. 


F. W. Glaser (American Electro Metal Corp., Yonkers, 
N. Y.)—Messrs. Ault and Deutsch, in surveying the 
field of high temperature materials as influenced by 
powder-metallurgy techniques, briefly made mention 
of some boron-containing cermets in their Table II. 

Research in connection with transition metal borides 
for use as high temperature materials has been under- 
way during the past several years and data as to the 
physical properties of interest to engine manufacturers 
have only recently become available for general publi- 
cation. This is one of the reasons why the more often- 
publicized cermets of the titanium carbide-base type 
have become better known in comparison with the 
boride-base cermets, although the latter, in many in- 
stances, have shown stress-to-rupture strengths that 
were at least equivalent, if not superior, to those 
achieved by bonded TiC. To date, impact performance 
of the borides is still to be considered as relatively poor. 
However, results of research now in progress indicate 


Table VIII. “Borolite’” Zirconium Boride 101, Physical Propertjes 


ZrBz + binder 
5.2 to 5.4 grams per cucm 


Chemical composition: 


Apparent density: 


Melting point: 5400°F 
Hardness: 88 to 91 Ra 
Ultimate tensile strength: 35,000 to 40,000 psi 
Transverse rupture 60°F 66,000 psi 
strength (2 in. span): 1800°F 63,000 psi 
2200°F 55,000 psi 
Stress to rupture 5 hr 30,000 psi 
strength (at 1800°F): 10 hr 25,000 psi 
100 hr 18,500 psi 
1000 hr 14,000 psi 
Modulus of elasticity: 60°F 31,600,000 psi 
1800°F 24,000,000 psi 
Oxidation resistance: 50 hr: 4 mg per sqcm 
(Weight gain in still 100 hr: 6 mg per sq cm 
air at 2000°F) 200 hr: 15 mg per sq cm 
(Material not recom- 
mended beyond 200 
hr at this tempera- 
ture): 
Corrosion resistance: Excellent Good 


Molten silicon 
Molten brass 
Hydrogen peroxide 


Molten aluminum 
Molten copper 
Molten tin 


Molten magnesium Not Good 
Molten fluorides Molten iron 
Nitric acid Inconel 


Hydrochloric acid 


Electrical resistivity: 60°F 17.3 microhm— 
sq cm per cm 

1800°F 240.0 microhm— 
sq cm per cm 

3600°F 280.0 microhm— 


sq cm per cm 


Thermal shock resistance: Good, passed NACA-type test 


Thermal conductivity: 110°F, 15.0 Btu per ft per hr 


per sq ft per °F 
Expansion coefficient: 75° to 1000°F, 2.7x10-* per °F 
75° to 2200°F, 3.2x10-6 per °F 
Specific heat: 60°F, 0.115 Btu per lb per °F 
1800°F, 0.250 Btu per lb per °F 


that, at least at elevated temperatures, this lack of 
resistance to impact may be overcome in the very near 
future. 

The boride-base cermets exhibiting the best high 
temperature properties to date are not of the metal 
and ceramic-mixture type. In most instances, bonding 
was obtained by taking advantage of certain character- 
istics of the binary-phase diagrams, such as, for in- 
stance, a liquid phase produced at eutectic tempera- 
tures during sintering. The boron-bonded ZrB, some- 
times referred to as Borolite I, is a typical example of 
this technique. 

All borides of the transition metals of the 4th, 5th, 
and 6th groups are excellent metallic conductors and 
therefore exhibit generally satisfactory heat shock re- 
sistance. Physical properties of some of the more 
pape boride grades are shown in Tables VIII and 


John C. Redmond (Kennametal Inc., Latrobe, Pa.)— 
It is desirable to clarify the impact values for cermets 
reported by Messrs. Ault and Deutsch, since they can 
be interpreted in a misleading fashion. To those accus- 


Table IX. “Boroiite” Chromium Boride 400 Series, Physical Properties 


Grade 401 402 403 hoe 

Density, grams per cu cm 7.31 

ical resistivity 26.8 microhm- i : 

Transverse rupture strength, 1800°F 34.2 54.0 microhm-cm 

Stress-to-rupture life, 1800°F and 14,000 psi 2000 hr 3000 hr : DSL 120,000 psi 

Oxidation resistance (weight gain—100 hr in air at 2000°F) 0 10,6me Dek ed ern ABS In test In test 

Heat shock—NACA terminal temperature 2400°F 200 cycles 200 cycles 200 cycles Net Not 
ot teste 
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tomed to thinking in terms of ft-lb values for alloys, 
it may appear that the in.-lb values are much lower 
than they are. The in.-lb values were obtained on a 
small bar with a %x3/16 in. cross-section. If impact 
values are obtained in ft-lb on a standard unnotched 
0.394 in. Charpy bar, values of the order of 7 ft-lb may 
be shown for cermets having an in.-lb value around 3, 
and we have produced compositions having impact 
strength of the order of 10 to 12 ft-lb.. 

Our experience with the running of cermets in tur- 
bines also bears out the importance of design. To ob- 
tain information as to the capabilities of cermets at 
higher temperatures, our company has built and has 
been operating a small radial inward-flow turbine. 
No satisfactory results were obtained as long as con- 
ventional impeller design suitable for alloys was fol- 
lowed. A successful design has now been evolved 
which is operating satisfactorily at 1800° to 1900°F 
inlet temperature. 


J. R. Tinklepaugh (Alfred University, Alfred, N. Y.) 
—The authors have presented an exceptionally com- 
plete picture of the status of high temperature-stress 
material development. It is evident that the titanium 
carbide-base cermets have been improved significantly 
during the last two years and that such improvement 
will continue, particularly in the property of impact 
resistance. 

It should be noted that the development of other 
types of cermets has not been neglected in spite of the 
obvious current promise of the titanium carbide-base 
cermets. Research is continuing at Alfred University 
on metal-bonded silicon carbide and in many other 
laboratories on the oxide-base cermets and intermetal- 
lics. 

The use of Curie temperature by the authors in the 
study of the solution treatment of cermets is com- 
mendable and of real interest, although the apparatus 
described for these measurements seems almost too 
simple to obtain the results desired. 

The apparatus and techniques used by the various 
laboratories engaged in the impact testing of cermets 
has varied widely. On Feb. 2, 1954 representatives of 
these laboratories met at Alfred University and re- 
viewed the testing methods used and proposed. The 
techniques and equipment for the Charpy test varied 
considerably and a large number of those present 
agreed to set up a “drop test,’ based on the test de- 
scribed by the authors of this paper, as an approach to 
standardization of cermet impact testing. 


W. F. Zimmerman (General Electric Co., Cincinnati) 
—The importance of work related to the improvement 
of the impact resistance of cermets cannot be over- 
emphasized. Whether this improvement will be accom- 
plished by compositional variations, novel microstruc- 
tures, heat treatment, or surface conditioning of some 
type is still uncertain. The fact remains that, as a re- 
sult of the present low impact strength of cermets, 
engine-test results to date illustrate the possible catas- 
trophic effects of the first failure of a cermet compo- 
nent from whatever cause, i.e., fatigue, thermal shock, 
etc. 

Modifications in part design and engine-operating 
conditions are additional factors which are receiving 
much attention at present. If successful, these factors 
may serve to control the type of failure to minimize 
resulting catastrophic effects. 


Dr. Amos J. Shaler (The Pennsylvania State Univer- 
sity, State College, Pa.)—How much impact, in a defi- 
nite numerical figure in in.-lb, is needed? 


J. Bateman (formerly with Firth-Sterling, Inc., Pitts- 
burgh)—I should like to congratulate the authors on 
their very fine survey of the subject. It is very inter- 
esting to note how they stress the design problems 
involved in the application of these brittle materials. 

My work on the subject has been confined to the de- 
velopment of cermets based on titanium carbide in 
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Table X. Results for the Two Tests 


Firth-Sterling Inc. Pratt & Whitney Aircraft Corp. 


. Average, 4.7 ft-lb 


Average, 3.2 in.-lb 
Range, 4.2 to 5.0 ft-lb 


Range, 2.5 to 3.6 in.-lb 


England and lately in the United States. At Hard 
Metal Tools Ltd., England, we manufactured cermet 
blades to close dimensional tolerances using similar 
techniques to those used in the tungsten carbide indus- 
try. For engine testing, due to the lack of suitable 
facilities, we had to test the blades in a production en- 
gine which necessitated the use of the conventional fir- 
tree root fixing.” Our method was to replace some of 
the Nimonic blades with a few cermet ones and to run 
the engine on a normal test-bed schedule. In all cases, 
cracking occurred in the root fixing at the reduced 
cross-section of the serration, which emphasized the 
notch sensitivity of this type of cermet. Nevertheless, 
with the first engine test on blades of composition 50 
pet Ni-50 pet Ti-Cr carbide, a running time in excess of 
100 hr was attained. 

The majority of the recent work at Firth-Sterling 
Inc., has been directed towards increasing the impact 
strength of cermets. One disconcerting feature of this 
work is the lack of standardization among the industry 
as to a method of impact testing, a subject which is 
now receiving some consideration. To establish some 
relationship between two such tests, bars of FS27 cer- 
met were prepared of sufficient length so that two 
different unnotched impact specimens could be ob- 
tained from them. One set of specimens was tested on 
a 20 ft-lb capacity Charpy machine and the other set 
tested on the machine used by Pratt & Whitney Air- 
craft Corp. The results given in Table X were obtained 
on specimens of dimensions 0.394x0.394x2.165 ini and 
0.187x0.187x2 in., respectively. 

These results show that this problem of standardiza- 
tion is a very urgent one and the machine described by 
the authors is a step in the right direction, for it simi- 
lates service conditions more than the conventional 
impact test. 

Titanium carbide-base cermets have been found to 
possess a much higher resistance to deformation when 
tested in compression-creep tests than when tested in 
tensile-creep tests. This is due to the hard particles 
being forced together instead of pulled apart, as is the 
case when tensile tested. This property should make 
these cermets a potentially useful material for other 
applications. 


Julius J. Harwood (Office of Naval Research, Wash- 
ington)—Resistance to impact may not be as fair a 
test of the suitability of a material for engine compo- 
nents as resistance to fragmentation. The impact test 
that is in fairly wide usage is not the same type of 
impact as engine components receive. Aircraft blading 
receives high velocity small-mass impacts which tend 
toward chipping or possible cracking. The correlation 
between any laboratory test and service experience 
should be looked into very closely and all possible 
effort should be made toward designing a laboratory 
test which adequately represents the conditions in 
actual turbine operation. What is desired is a test 
which will provide information about those ductile 
and toughness properties of materials which are mean- 
ingful in terms of the service-performance character- 
istics which they have to meet. 


G. M. Ault and G. C. Deutsch (authors’ reply)—In 
regard to the comments pertaining to impact, the au- 
thors wish to caution against comparison of impact 
data from different types of test. This was pointed 
out by Messrs. Redmond and Bateman who gave ex- 
amples of the variation in magnitude of impact values 
that can be obtained when different methods of test 
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are used. These data also emphasize the need for 
standardization of test mentioned by Messrs. Bateman 
and Tinklepaugh. 


In response to the question by Dr. Shaler, it is im- 
possible at this time to assign a value to the minimum 
impact strength required for jet-engine turbine blades. 
The alloy X-40, shown in Table IV to have an impact 
strength of 48 in.-lb, has been used widely for jet- 
engine blades and, therefore, can be presumed to have 
adequate impact strength. Experimental alloys having 
impact strengths in the neighborhood of 20 in.-lb have 
been operated successfully as blades in a laboratory- 
test jet engine at the NACA. 


As pointed out by Mr. Harwood, impact failures oc- 
curring in engines usually are the result of collision at 
high velocities and are localized at the point of impact. 
The present test has been proposed to enable the quick 
comparison of materials and to aid in development 
work. A high velocity test simulating the conditions 
encountered in engines also warrants study. 

The authors would like to thank Mr. Bateman for 
referring to the British experience with cermet tur- 
bine blades. This reference is a valuable addition. 


Mr. Zimmerman suggests that additional operational 
gains can be achieved through modifications in part de- 
sign and engine-operating conditions. Prior design 
studies have been attempts to improve the blade at- 
tachment and have not considered modifications in air- 
foil designs. The reason for this is twofold: First, a 
major modification would require the construction of 
expensive testing facilities for evaluation if necessary; 
secondly, it has been the desire of the various labora- 
tories to make cermets work in conventional engines 
without compromise in either blade shape or tolerance. 
It is known, however, that some changes can be made 
without affecting the aerodynamic performance of the 
engine. It appears likely that designs favoring the ma- 
terial properties can be developed and this is believed 
to offer a fruitful avenue for further research. 


George Stern (American Electro Metal Corp., Yonk- 
ers, N. Y.)—American Electro Metal Corp. has been 
working for some time on porous stainless-steel mate- 
rials. We have done considerable work with type 316 
stainless-steel powder, sintering both in dry hydrogen 
and in vacuum in order to obtain maximum physical 
properties. Test shapes have recently been made for 
evaluation in transpiration cooling and, in these bodies, 
a combination of sintering and infiltration techniques 
have been used to achieve maximum strength in criti- 
cal areas. 


Leonard P. Skolnick (Sintercast Corp. of America, 
Yonkers, N. Y.)—The authors have mentioned the use 
of magnetic testing of cermets only on titanium car- 
bide-nickel compositions. I wonder whether this 
method has been applied to those compositions which 
contain an alloy matrix. 

I should also like to inquire whether heat treatment 
of the cermet results in a change in the Curie point 
and whether a relationship exists between the Curie 
point and the physical properties of the heat-treated 
titanium carbide cermet. 


Messrs. Ault and Deutsch—In regard to Mr. Tinkle- 
paugh’s comment pertaining to the simplicity of the 
Curie-point apparatus, the authors wish to state that 
the apparatus is actually very simple and involves 
only measuring (with a simple beam balance) the force 
necessary to pull a small permanent magnet away from 
a flat surface of the cermet specimen in question. The 
measurements are plotted as a function of specimen 
temperature and extrapolated to zero force. Repeated 
calibrations against a pure nickel standard has proven 
that the method gives an accurate reproducible value 
for Curie point. 


In reply to Mr. Skolnick’s question, most of the 
measurements to date have been made on cermets con- 
taining only nickel as the metal addition. Although 
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studies are now underway, no data are available on the 
relation of Curie point to material properties. 

Dr. Shaler—The fact that fractures begin at the sur- 
face of the cermet should be emphasized. Would sur- 
face treatments promise any property improvements? 

Messrs. Ault and Deutsch—Dr. Shaler emphasizes 
the possible role of the surface in the fracture of brittle 
materials. In the text, it has been shown that the sur- 
face can be improved by diffusion treatments. Pre- 
liminary data indicate that this treatment results in 
an improvement of between 20 and 25 pct in tensile 
strength; however, some of this increase may be due 
to the heat treatment which is required to diffuse the 
surface coating. 

John Preston (Curtiss-Wright Corp., Wood-Ridge, 
N. J.)—The comprehensive data in the paper by Messrs. 
Ault and Deutsch is a valuable contribution to the field 
of powder metallurgy. Materials for high temperature 
service, especially the refractory alloys produced by 
powder-metallurgy techniques, are especially interest- 
ing to those engaged in the manufacture of aircraft 
gas-turbine engines. 

It is apparent that considerable effort is being ex- 
pended in impact testing cermets at room and elevated 
temperatures. There are some who believe that impact 
strength is the major property for determining the 
suitability of cermet materials for gas turbines. How- 
ever, it is recognized that cermets are being developed 
to function at higher temperatures than are now pos- 
sible for most cast alloys. Insufficient data have been 
presented to indicate the thermal-fatigue resistance of 
cermets at these elevated temperatures. Others believe 
that thermal-fatigue properties are more important 
than impact strength. It is suggested that consideration 
be given to placing more emphasis on resistance to 
thermal fatigue in evaluating cermets for gas-turbine 
applications. 

I would like to know, from a representative of a car- 
bide producer, what tolerances could be expected on 
cermet blades in production quantities? Another im- 
portant consideration to the engine manufacturer is the 
machining characteristics of cermets. For instance, it 
would be helpful to us to have a comparison of the 
machinability of cermets to the cast cobalt-base alloys. 


Mr. Redmond—I can assure Mr. Preston that toler- 
ances can be met. We have produced several hundred 
buckets and are now able to meet metal-blade toler- 
ances. The airfoils are now being produced by methods 
suitable for large-quantity production. The root-grind- 
ing methods now in use are not suitable for production, 
but several methods are being investigated, and a pro- 
duction-grinding process will be available. 

I believe Messrs. Ault and Deutsch will agree that 
there is no problem with surface defects. Inspection 
methods for internal defects leave something to be de- 
sired, but work is under way to investigate such methods 
as supersonic testing. 

Messrs. Ault and Deutsch—It is understood that by 
thermal fatigue Mr. Preston means resistance to re- 
peated thermal stress or thermal cycles. Many of the 
cermet materials have been evaluated in this property 
and some of the early data are given in refs. 35, 36, 
and 47. These references indicate that most titanium 
carbide-base cermets are very resistant to repeated 
thermal stressing. It should be pointed out that they 
are not equivalent to the alloys currently being used; 
however, in a large number of engine runs, the rotating 
blades have never failed by thermal shock. In the case 
of the nozzle vanes, the problem may be more critical. 
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Strain Hardening of Latent Slip Systems in Zinc Crystals 


by E. H. Edwards and Jack Washburn 


Zinc crystals were deformed in simple shear and it was found that anisotropic 
strain hardening occurred in which the inactive slip systems were hardened more 
than the active system. The formation of dislocation barriers by dislocation inter- 
action was discussed as a possible explanation of the hardening of the latent systems. 


Sees hardening which accompanies slip in a 
metal crystal is not limited to the slip systems 
actively contributing to the plastic strain. There is 
also a strengthening of the latent slip systems which 
are crystallographically equivalent to the active sys- 
tem. In the case of aluminum deformed in tension, 
Taylor and Elam* found that plastic flow on one set 
of octahedral planes caused either the same or a 
slightly greater hardening on an inactive set. Simi- 
lar results have been obtained for crystals of a brass” 
and of Cu-Al solid solutions.* Experiments by Rohm 
and Kochendorfer* indicated that the hardening of 
the active system exceeded the hardening of any 
latent system for aluminum crystals deformed in 
shear. On the other hand, strain hardening in zinc 
and cadmium crystals tested in simple shear at 
—196°C was recently found to be greater in the 
latent than in the active slip direction.® When the 
strain direction was shifted during testing to a di- 
rection 60° from the original, a higher stress was 
required for glide to continue than would have been 
needed for flow to proceed in the original direction. 

The relation between the hardening of active and 
latent systems must be complex, depending upon the 
relative orientations of the systems and upon the 
experimental techniques used to deform the crystal. 
A detailed knowledge of the hardening produced in 
latent systems would be valuable in choosing be- 
tween possible dislocation models of the strain- 
hardening process. The experimental data now 
available are incomplete and even contradictory. 
The present study was undertaken to provide quan- 
titative information regarding the relative amount 
of hardening of active and latent systems for a par- 
ticularly simple case. Zinc crystals were deformed 
in simple shear along one of the three crystal- 
lographically equivalent directions [2110], [1210], 
and [1120] in the slip plane, and the relative hard- 
ening produced in each of these directions was com- 
pared. 

Experimental Procedure and Results 

The single crystals of 99.99 pct purity zinc used in 

this investigation were grown from the melt in the 
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form of 1 in. diam spheres. Shear specimens were 
acid-machined from the crystals by a method which 
has been described previously.® The gage section of 
the test specimen was a cylinder having a height of 
1/8 in. and a cross-sectional area of approximately 
1/3 sq in. All specimens were machined with the 
axis of this cylindrical gage section aligned with 
the [0001] axis of the crystal. 

An innovation in the design of the shearing appa- 
ratus for these tests was the provision for a rapid 
shift in the direction of the applied stress from one 
slip direction to any other slip direction lying in the 
same slip plane. Fig. 1 shows a section through the 
specimen and shearing apparatus, and Fig. 2 is a 


pay DIAL GAGE 
SUPPORT 


ASSEMBLY SUPPORT 
BRACKET ———— 


SLIP 


INDEXING PIN 


1H 


CRYSTAL GRIP 


LOCKING RING 


O00!) 
crystat 


SHAFT FOR ROTATION 
OF ASSEMBLY AFTER 
REMOVAL OF INDEXING 


PIN 


INDEXING PLATE 


SHEAR PLATES 


Fig. 1—Schematic diagram of apparatus used for testing crystals in 
simple shear at —196°C. Direction of straining could be shifted 
during testing from a given slip direction to any other slip direction 
lying in the same slip plane. Assembly was submerged during testing 
in liquid nitrogen contained in a Dewar flask. 
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Fig. 2—Photo- 
graph _show- 
ing details of 
shearing as- 
sembly. 


photograph of the complete assembly with extenso- 
meter in position. During a test the specimen and 
shearing apparatus were submerged in liquid nitro- 
gen. A shift from one slip direction to another could 
be accomplished without removal of the assembly 
from the nitrogen, thus avoiding the possibility of 
recovery occurring during the interval in which the 
direction change was being made. The crystals were 
sheared at a constant strain rate of 3 pct per min. 

The observation that hardening of a latent slip 
system may exceed that of the active system appears 
to be generally valid for zinc. A considerable num- 
ber of crystals with somewhat different previous 
histories with regard to orientation during growth, 
heat treatment, and macrosubstructure were strained 
approximately 4 pct in a given slip direction at 
—196°C, unloaded, and immediately strained in a 
second slip direction 60° from the original direction. 
In every instance, after exceeding a small value of 
strain in the second direction, the shear stress cor- 
responding to a given total strain was higher than 
would have been observed had slip continued in the 
original direction. 

The strain hardening, including the increment due 
to this change in slip directions, could be completely 
eliminated by annealing. Fig. 3 shows three succes- 
sive stress-strain curves obtained from the same 
crystal for which the direction of straining was 
shifted during each test to a new slip direction 60° 
from the first after a strain of 2.6 pct in the original 
direction. The crystal was annealed for 1 hr at 
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Fig. 3—Three successive stress-strain curyes from a zinc 
crystal showing the effect of shifting the strain direction 
during testing to a new direction 60° from the original direc- 
tion of slip. Complete recovery of mechanical properties was 
achieved by an anneal of 1 hr at 400°C before each test. 
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Fig. 4—Stress-strain curve for a zinc crystal showing effect of shift- 
ing the strain direction during testing at —196°C to a new 


direction 60° from the original direction of slip after a strain of 
0.076 in the original direction. 


400°C before each test. Selection of any one of the 
three slip directions as the first active direction after 
annealing produced the same set of curves. As a 
consequence of this complete recovery, it was prac- 
ticable to study, in the same crystal, the magnitude 
of the hardening of each latent system in relation to 
the amount of previous strain in the active system. 
Errors which might have been introduced by com- 
paring data obtained from crystals of different de- 
grees of internal perfection were thus avoided. 

A series of tests was performed on a crystal in 
which the strain in the original direction was varied 
from 0.3 to 10 pet before shifting to a second strain 
direction. Representative examples of the individual 
tests are reproduced in Figs. 4 and 5, showing the 
effect of shifting to a new slip direction 60° and 120°, 
respectively, from the original direction. The shear- 
stress increase accompanying such a shift in strain: 
directions (measured after a strain of 3.0 pet in the 
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second direction) was found to increase as a func- 
tion of strain in the original direction (Fig. 6). The 
magnitude of this shear-stress increase rises sharply 
for small strains in the original direction, but at 
larger strains, the rate of increase diminishes and be- 
comes linear with strain in the first direction. All 
the data recorded in Fig. 6 were obtained from a 
single specimen. The only significant difference be- 
tween the results obtained from 120° shifts of di- 
rection as compared to those from 60° shifts was the 
occurrence of a small amount of strain at low stress 
levels when the strain direction was shifted 120°. 

Another series of tests were performed in which 
the strain direction was changed by 180°, using the 
same crystal from which the data in 60° and 120° 
shifts in strain direction were obtained. A repre- 
sentative example of one of these tests is shown in 
Fig. 7. A measurable amount of strain in the re- 
verse direction was always observed at a very low 
applied stress, and a considerable reverse strain oc- 
curred before a stress equal to the maximum achieved 
in the forward direction was reached. Even at very 
large strains in the reverse direction, the stress was 
less than the value it would have reached at the 
same total strain had the reversal not taken place. 
A portion of the strain hardening thus was perma- 
nently lost as a result of the reversal. Fig. 8 shows 
that the stress-strain curve after reversal of the 
strain direction fell below the extrapolated original 
curve by an amount that increased in an approxi- 
mately linear manner with strain in the original 
direction. The decrease in the flow stress plotted in 
Fig. 8 was measured after a strain of 3 pct in the 
reverse direction. 


Discussion and Conclusions 

No adequate theory for strain hardening accom- 
panying the plastic deformation of metal crystals by 
simple slip (easy glide, lamellar slip) has yet been 
proposed. Kochendorfer* has suggested that this 
hardening, which is approximately linear with 
strain, is due to the action of back stresses created 
by dislocations piled up at regions of crystal imper- 
fection. The local stress at dislocation sources was 
assumed thereby to be decreased and continued slip 
would then require an increase in applied stress. 
Mott’ has suggested that the primary barrier to the 
motion of dislocations is probably other dislocations 
which cut across the active slip plane and have a 
Burgers-vector component normal to the slip plane. 
In cubic structures, these dislocations could lie on 


100 
CRYSTAL No. 28 = 
CYCLE No. 120-2 olan 
80 
a { 
60 
| 
Ww 
40 
& & 
3 
220 
(0) 


0.02 003 004 005 006 007 0.08 0.09 O10 O11 


SHEAR, STRAIN IN.ZIN. 


Oo 


Fig. 5—Stress-strain curve for a zinc crystal showing the effect of 
shifting the strain direction during testing at —196°C toa new 
direction 120° from the original direction of slip after a strain 
of 0.072 in the original direction. 
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other equivalent slip planes; in hexagonal crystals, 
they would be dislocations with a Burgers vector in 
the c direction. The motion of the screw segments of 
the dislocation loops expanding from a source in the 
slip plane would be retarded by these intersecting 
dislocations. Read* has pointed out that the crossing 
of two screw dislocations at right angles produces a 
step in each of the dislocations. Any motion of the 
stepped screw dislocation is accompanied by the for- 
mation of a row of lattice vacancies or interstitial 
atoms which are left behind the moving step. 

The experimental results obtained from the 180° 
reversal of applied stress are not inconsistent with 
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Fig. 6—Increase in shear stress as a result of shifting the strain 
direction to a new direction during testing at —196°C as a function 
of strain in the original slip direction. I—New slip direction 60° 
from the original direction. II—New slip direction 120° from the 
original direction. Stress increase measured after a strain of 0.03 in 
the new direction. 
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Fig. 7—Stress-strain curve for a zinc crystal showing the effect of 
reversing the direction of straining after a strain of 0.073 in the 
original direction during testing in simple shear at —196°C. 


SHEAR STRAIN IN ORIGINAL SLIP DIRECTION-IN./IN. 
ae 0.01 002 003 004 005 006 0.07 008 


ine) 


B 


DECREASE IN SHEAR STRESS -PSI 


Fig. 8—Curve showing decrease in the shear stress accom- 
panying reversal of direction of straining during testing in 
simple shear at —196°C as a function of the strain in the 
original direction. Decrease in stress was measured after a 
strain of 0.03 in the reverse direction. 
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the thought that a strained crystal may contain dis- 
location loops which have encountered obstacles and 
therefore have not been able to spread completely 
across the slip plane. The low stress required to in- 
itiate strain in the reverse direction appears to con- 
firm the idea of a back stress due to such partially 
expanded loops. The permanent loss of strain hard- 
ening accompanying continued strain in the back 
direction might be due to dislocations of opposite 
sign issuing from the same sources which were re- 
sponsible for the strain in the first direction. These 
could have the effect of partially eliminating the 
barriers by combination of dislocations of opposite 
sign. Only a shift of 180° in the direction of strain- 
ing would be expected to be accompanied by a per- 
manent loss of a portion of the strain hardening. 
The results of the 60° and 120° shifts of strain 
direction are not easily understood on the basis of a 
simple picture of back stresses. The component of 
the back stress acting in any direction in the same 
slip plane should vary with the cosine of the angle 
between this direction and the initial direction,* and 
hence the strain hardening should be greatest in the 
original direction. Contrary to this conclusion, it 
_ was found that the hardening in 60° and 120° direc- 
tions was greater than the hardening in the original 
direction. It would appear, therefore, that the action 
of back stresses on the sources of dislocations is not 
the controlling factor. An alternative approach is to 
assume that additional barriers are formed in the 
early stages of strain in the new direction, per- 
haps as a result of dislocation reactions of the type 
a/3[2110] + a/3[1120]> a/3[1210] between the 
dislocations being generated by the applied stress in 
the new direction and those already present due to 
strain in the first direction. The magnitude of the 
hardening effect due to the barriers of this type 
might be expected to be proportional to the number 
of them formed, which in turn might be proportional 
to the density of dislocations left in the crystal after 
straining in the first direction. 


Summary 


When a zinc crystal is deformed in simple shear, 
anisotropic strain hardening occurs in which the in- 
active slip systems are hardened more than the 
active one. The hardening effect is substantially the 


same for latent systems whose directions lie at 60° 
and 120° to the slip direction of the active system. 
The hardening of the latent systems is apparently 
due to dislocation barriers formed in the crystal dur- 
ing the initial stages of plastic flow in the latent di- 
rections. These barriers to dislocation movement in 
latent directions are of a type which can be removed 
by annealing. 

When the direction of straining is reversed, plastic 
flow begins at a stress much lower than that re- 
quired for the onset of slip in the original direction. 
This effect is attributed to movement of dislocations 
which are trapped at internal barriers during defor- 
mation in the forward direction but which can move 
freely in the reverse direction. The permanent loss 
of a portion of the strain hardening when the direc- 
tion of straining is reversed may be due to annihila- 
tion of some of the dislocations trapped in the crys- 
tal during straining in the first direction. 
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Technical Note 


Effect of Carbon Content on the 500°F Embrittlement of 


Tempered Martensite 


by P. Payson 


MBRITTLEMENT of hard-tempered martensite 
(500°F embrittlement) appears to be coincident 
with the beginning of the third stage of tempering. 
During the first stage, primary martensite of steels 
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containing over 0.25 pct C decomposes to a mixture 
of « carbide and martensite of appreciably constant 
carbon content close to 0.25 pct.1 During the third 
stage of tempering, cementite forms. In steels with 
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a carbon content over 0.25 pct, the formation of cem- 
entite probably involves the simultaneous solution 
of e« carbide in the matrix. In steels with less than 
about 0.25 pct C, cementite apparently forms di- 
rectly from the primary martensite. 

It seemed reasonable to inquire whether the very 
low carbon martensite, which decomposes to cemen- 
tite in a manner different from that of higher carbon 
martensite, would show the embrittlement com- 
monly found in the higher carbon steels when tem- 
pered at about 500°F. Although this embrittlement 
has been discussed at considerable length in recent 
years,’° very few data have been presented on steel 
with carbon under about 0.20 pct. Therefore, three 
steels were made up in 30 lb heats, two with carbon 
under 0.15 pct and the third with carbon at 0.25 pct. 
To assure sufficient hardenability so that only mar- 
tensite would form in the heat treatment of blanks 
for standard Charpy-test pieces, the steels were 
made with about 0.5 pct Mn, 0.5 pct Cr, 0.3 pct 
Mo, and in addition varying amounts of Ni, from 
5.0 pet in the lowest carbon steel to 2.5 pct in the 
0.25 pet C steel. The nickel was decreased with in- 
crease in carbon to minimize retained austenite. 

The % in. square bars rolled from 30 lb ingots 
were annealed by an air cool from 1600°F followed 
by a temper at 1100°F for 16 hr. Blanks for Charpy- 
test pieces were then machined to 0.470 x 0.470 x 
21/16 in. These were austenitized at 1700°F for 30 
min, quenched in water, and immediately refriger- 
ated in liquid nitrogen at about —320°F. A check on 
the microstructures showed that all steels were mar- 
tensitic as-quenched and refrigerated, but no steps 
were taken to determine how much, if any, retained 
austenite was present. 

One pair of blanks from each heat was left as- 
hardened, and others were tempered over the range 
from 200° to 1000°F in 100° intervals. All were 
then finished to standard-sized Charpy pieces with 
0.010 in. radius V-notch. 

A complete set of Charpy pieces of each steel was 
tested for hardness and broken at room temperature. 
Additional Charpy pieces were broken at other tem- 
peratures, some at —100°F, some at 300°F. The 
purpose of the tests at temperatures other than room 
temperature was to get an indication of the trans- 
ition temperatures of the steels for several tempered 
conditions. Complete transitions curves for the 
steels in these different conditions were not obtained 
because of the large amount of work necessary to 
get this information and because it was felt that 
quantitative data on transition temperatures were 
not any more valuable for an understanding of the 
phenomena involved than qualitative data. 

The results plotted in the accompanying curve 
sheet, Fig. 1, show clearly that carbon content of the 
martensite does not change the fundamental con- 
dition responsible for the embrittlement produced 
by tempering in the range between 500° and 700°F, 
but merely affects the transition temperature of the 
products resulting from such tempering. Appar- 
ently, the lower the carbon content of the martensite 
is, the lower the transition temperature. In the 0.06 
pet C steel, the transition temperature of the 600°F 
tempered product is below room temperature, 
whereas in the 0.25 pct C steel the transition tem- 
perature is well above room temperature. 
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on minimum in notch impact vs tempering-temperature curve. 


It may be concluded, therefore, that regardless of 
composition, tempered martensite is embrittled when 
cementite first forms during the third stage of tem- 
pering. The only effect to be expected by variation 
of composition is a change in transition temperature 
of the tempered product. The data on the series of 
steels studied show that the lower the carbon of the 
tempered martensite, the lower is the transition 
temperature. However, they also show that the 
higher the nickel content, the lower the transition 
temperature. Additional steels would have to be 
studied to establish the effects of carbon and nickel 
separately. 

It appears further from these data that the em- 
brittlement seems independent of the quantity of 
the freshly formed cementite, since it is obvious that 
in the very low carbon steels the quantity of ce- 
mentite is much less than that in the 0.25 pct C steel. 
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An Examination of the Decrease of Surface-Activity Method Of 
Measuring Self-Diffusion Coefficients in Wustite 
And Cobaltous Oxide 


by R. E. Carter and F. D. Richardson 


Self-diffusion coefficients have been measured for iron in wustite (700° to 1000°C) and 
for cobalt in cobaltous oxide (800° to 1350°C) by means of radio-isotopes. Both sectioning 
and decrease of surface-activity methods have been used and a particular shortcoming of 
the latter method has been disclosed for wustite. 

The effects of oxygen pressure on the composition of cobaltous oxide and on the diffu- 
sion coefficient of cobalt in the oxide have been established. The effect of the prepara- 
tion conditions of the cobalt-oxide specimens on the diffusion measurements has been 
determined. It has been concluded that diffusion of cobalt occurs via vacant cation sites 
and that a cobaltous-oxide disk reaches equilibrium with its environment in a time which 
is very short compared with that needed for diffusion of the radio-isotope. 


HE availability of radioactive isotopes in recent 

years has permitted the measurement of many 
self-diffusion coefficients which were hitherto im- 
possible to determine. With the advent of radio- 
activity, the method of measuring diffusion coeffici- 
ents has also changed. The earlier sectioning method 
by which the concentration profile of the diffusing 
species was determined in the diffusion specimen has 
often been rejected in favor of the decrease of sur- 
face-activity method first developed by Von Hevesy,’ 
and extended by Steigman, Shockley, and Nix,” and 
Raynor, Thomassen, and Rouse.” 

With the experimental arrangement where an 
infinitely thin deposit of tracer is diffused into a 
semi-infinite cylinder, the decrease in activity of the 
active face due to diffusion of the tracer into the 
specimen is measured by counting the active face 
before and after diffusion. Under these conditions, 
the appropriate solution of the diffusion equation is 


R= e*(1—¢vVZ) [1] 
where R is the ratio of the counting rates after-to- 
before diffusion, ¢\/Z is the Gaussian error integral 
of \/Z, and Z is defined as Z = y’Dt, » being the 
linear-absorption coefficient of the detected radia- 
tion in the diffusion specimen, D the self-diffusion 
coefficient, and t the diffusion time. 

In the older sectioning method the concentration 
distribution of the tracer is found after diffusion by 
analysing thin parallel sections cut from the active 
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face of the diffusion specimen. As seen from the 
solution of Fick’s second law for the distribution of 
an infinitely thin source after diffusion into a semi- 
infinite cylinder 
c= [2] 
VrDt 


the log of the concentration plotted against x? will 
be a straight line of slope log e/4 Dt. The diffusion 
coefficient thus can be calculated directly. The units 
of the tracer concentration are completely arbitrary, 
since any change in units does not change the slope 
of the log c vs x’ plot. 

Although both of the above methods have been 
widely used, a thorough experimental comparison 
does not appear to have been made. Birchenall and 
Mehl,* during an investigation of the self-diffusion 
rate of a and y iron by the surface method using 
Fe” tracer, diffused and sectioned one welded couple. 
The diffusion coefficient from this run agreed with 
those by the surface method. Buffington, Bakalar, 
and Cohen,° during an investigation on a and y iron 
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by the surface method, also sectioned one specimen. 
The resulting diffusion coefficient was 61 pct of that 
by the surface method. The experimental scatter 
in this investigation was about +25 pct. Hedvall, 
Brise, and Lindner,® measuring the diffusion rate of 
Ca* in CaO - Fe.O, by both methods, found lower re- 
sults by the sectioning method than by the surface 
method. Their log concentration vs x’ curve, how- 
ever, was not straight but curved upwards near the 
specimen surface. They attributed this curvature to 
two diffusion mechanisms, and claimed that the 
surface method was measuring the diffusion rate 
deep within the specimen, as the 0.25 mev 8 particles 
were too penetrating to measure the surface effect. 
In the opinion of the authors, this explanation now 
appears doubtful. 

The comparison of the two methods outlined 
above was carried out on wiistite of composition 
‘FeO, os,’ with Fe*, and on ‘CoO’ over a range of com- 
positions with Co”. The comparison using Fe” was 
made to test the surface method under the most 
favorable conditions, i.e., where the emission obeys 
Beer’s law exactly. The Fe”, which has a manganese 
nucleus, decays by K-electron capture with the 
emission of Mn kX. The comparison with Co”, which 
decays by the emission of a 0.3 mev £ particle and 
1.1 and 1.3 mev ¥ rays, was made to test the surface 
method with a 8 plus vy emitting isotope. 

Because the range of nonstoichiometry of CoO had 
not been measured previously, experiments were 
made to determine this. The method used was to 
measure the weight of oxygen taken up during com- 
plete oxidation of cobalt sheet to CoO in equilibrium 
with controlled pressures of oxygen. Measurements 
were also made of weight losses which occurred 
when these fully oxidized specimens were reduced 
back to metal in hydrogen. 

According to Bardeen and Herring,’ the diffusion 
coefficient of a tracer atom in a face-centered-cubic 
structure (which the cations in FeO and CoO may 
be considered to occupy in a rigid oxygen frame- 
work) is 10 pct lower than the true self-diffusion 
coefficient of the cations. Since this difference is 
smaller than the accuracy limits for the diffusion co- 
efficients measured in this investigation, it has not 
been taken into account. 


Experimental Diffusion 


The wustite and cobaltous-oxide disks used in this 
work were all made by complete oxidation of high 
purity metal. The metal starting disks were 0.55 in. 
in diameter and 0.040 in. thick. They were polished 
to 3/0, cleaned in acetone, and completely oxidized 
to FeO or CoO under known partial pressures of 
oxygen. 

The iron was supplied as rolled rod by the 
British Iron and Steel Research Assoc. The im- 
purities were 0.002 pct C, 0.002 pct Si, <0.005 pct Mn, 
0.003 pct S, <0.001 pct P, 0.0027 pct O., and 0.0014 
pet N,. No attempt was made to refine this iron 
further. The high purity cobalt, supplied by John- 
son Matthey and Co. Ltd., was 99.99 pct pure, and 
had been rolled from hydrogen-reduced sponge. A 
microscopic examination showed long thin inclu- 
sions which could act as barriers to diffusion if they 
were maintained in the oxide specimens. The cobalt 
was melted therefore into ingots in alumina cruci- 
bles in vacuo in an induction furnace. 

The Fe”, half-life 5.0 years, was obtained as 
“carrier-free” ferric-sulphate solution. The iron 
content was 50 micrograms per ml and the specific 
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Table |. Analysis of Fe, (SO,), Solution: Activity 10 Microcuries 


per MI 
Micrograms Micrograms 
Element per MI Element per MI 

Cd <0.05 Pb 

As 5 Cr <0.5 

Be 0.1 Ni <0.5 

B <0.5 Al 50 

Fe 50 Ca 20 

Mn <0.1 Cu 20 

Mg Na 50 


activity 10 microcuries per ml. The analysis was as 
given in Table I. 

The Co”, half-life 5.3 years, was obtained as ir- 
radiated filaments of No. 26 standard wire gage, 
99.99 pet pure cobalt wire, specific activity 2.1 milli- 
curles per gram. 

Gas Mixtures: The gas trains were of conventional 
pattern. They were made entirely of pyrex except 
for short lengths of poly-vinyl-chloride tubing be- 
tween the gas cylinders and the blowoffs and from 
the hydrogen flowmeter to the saturator in the 
H./H.O train. 

In the H./H.O system used for the FeO work, 
commercial hydrogen was maintained at constant 
pressure by an n-dibutyl phthalate blowoff, and 
dried by passing through calcium chloride. After 
removal of the oxygen by conversion to water over 
palladized asbestos at 300°C, the gas was dried and 
then metered. The purified hydrogen was passed 
either through magnesium perchlorate and then to 
the furnace or to a water saturator for preparation 
of H./H,O mixtures. 

The saturator, a one-liter flask, heated by an elec- 
tric mantle, was maintained about 10°C above that 
required to give the desired water pressure. Hydro- 
gen was admitted to the saturator in small bubbles 
by means of a fritted glass disk. Past the saturator, 
the gas line was wound with heating tape to pre- 
vent condensation of water. The excess water was 
condensed from the gas stream by passing the gas 
line through a large well stirred constant-tempera- 
ture bath, the condensed water draining into a sump. 
The H./H,O stream then passed to the furnace. The 
bath temperature was controlled to +0.1°C by a 
bimetal spiral regulator, and was read on a cali- 
brated mercury-in-glass thermometer alongside the 
gas exit line. 

The nitrogen used for flushing was prepared from 
“oxygen-free” nitrogen. This was passed over cal- 
cium chloride and soda lime, over copper at 600°C, 
metered, and finally dried over magnesium perchlo- 
rate and passed to the furnace. 

In the preparation of the nitrogen/oxygen mix- 
tures required for the CoO work, commercial oxy- 
gen-free nitrogen, air, and oxygen were passed over 
calcium chloride, soda lime, and magnesium per- 
chlorate, metered, and passed to the furnace. 

No special efforts were made to mix the oxygen 
and nitrogen but, as the mixed gasses passed through 
6 ft of 6 mm tubing with many sharp bends, it was 
assumed that the gas composition would be uniform 
over the diffusion specimens. 

The flowmeters were all calibrated at frequent 
intervals by the soap-bubble flowmeter method in 
which the time required for a stream of gas satu- 
rated with water vapor to sweep a soap film through 
a known volume is measured. The reproducibility 
of these calibrations was +0.5 pct, but the absolute 
accuracy is probably not more than 1 pct. 

Apparatus for Diffusion Anneal: A  platinum- 
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wound furnace was used for all work on FeO and for 
all work above 1150°C on CoO. This furnace had a 
constant temperature zone of +2°C over a length of 
2 in. at 1200°C. A differentially wound kanthal fur- 
nace was used for the work on CoO at 1150°C, and 
below. The outside of this furnace was differentially 
lagged to give a zone constant to within +2°C over a 
length of 4 in. A schematic section of the furnace 
assembly is shown in Fig. 1. 

For work at 1150°C and below, quartz reaction 
tubes with B-29 cone ends were used. At higher 
temperatures, alumina or mullite tubes were used 
with pyrex cones cemented with “araldite,” a ther- 
mosetting cement made by Aero Manufacturing Co. 

For experiments requiring a H./H.O atmosphere, 
the cold parts of the assembly were wound with 
heating tape to prevent condensation of water. Both 
furnaces were controlled to within +2°C by Kent 
potentiometer-type controllers. The whole appa- 
ratus was tested for leaks at frequent intervals. 

Preparation and Treatment of Diffusion Speci- 
mens: The polished and degreased iron and cobalt 
disks were supported by pure iron or cobalt holders 
inside alumina boats and oxidized to completion. 
The holders were so arranged that the specimens 
were never in contact with the boat during oxidation. 

The iron was oxidized at 1000°C in a H,/H,O at- 
mosphere fixed to give an O/Fe ratio of 1.087 as 
calculated from the data of Darken and Gurry.* The 
cobalt was oxidized at 1250°C in air. Both the iron 
and cobalt were completely oxidized in 24 hr, but 
a further 24 hr were allowed to remove the oxygen 
gradient across the disk, although subsequent work 
showed that this was not necessary. In all oxidation 
and diffusion runs, the total gas flow was about 250 
ml per min at stp (3 to 5 cm per sec linear flow over 
the specimens). The measurements therefore could 
not be influenced by thermal segregation in the gas 
mixtures. 

After the anneal period, the FeO disks were 
quenched by quickly drawing the oxidation boat 
into the cold end of the quartz furnace tube and 
pouring water over the tube. At the same time the 
H./H.O stream was shut off and the furnace flushed 
with purified nitrogen. As the CoO disks were made 
in air, they were quickly drawn out of the furnace 
and cooled by placing the boat on a sheet of asbestos 
board. The quenching cracked many of the FeO 
disks but the CoO showed no sign of damage. 

Both sides of the disks were then ground flat with 
No. 1 emery paper and one face polished to 3/0 
emery paper. This face, which was to be used for 
the diffusion measurement, was not polished further, 
as grain growth during diffusion resulted in sur- 
face irregularities much larger than the polishing 
scratches. After polishing, the surface was com- 
pletely covered by fine parallel scratches and no 
grain boundaries could be seen. 


The ground disks were then normally annealed in 
a small platinum boat fastened to the thermocouple 
sheath at the oxygen pressure and temperature, but 
for twice the time of the subsequent diffusion an- 
neal. This annealing removed most of the polishing 
scratches and developed the grain boundaries and 
grain orientation as seen in Fig. 2a and b. To save 
time, most of the FeO disks which were diffused at 
800°C and below, were annealed at 925°C for 2 hr 
in a H./H.O atmosphere which would maintain the 
O/Fe ratio of 1.087. This procedure was equivalent 
to an anneal twice as long as the subsequent diffu- 
sion anneal. After this prediffusion anneal, the sur- 
faces of the disks were examined at a magnifica- 
tion of X540 to see that they were free of obvious 
foreign material that could interfere with diffusion. 

A thin layer of Fe” or Co” was placed on each 
annealed diffusion specimen, the surface re-ex- 
amined, and the deposit counted. To determine 
whether the method of placing the tracer on the 
specimen influenced the diffusion coefficient, three 
methods were used during the FeO work: 

1—A drop of the active ferric-sulphate solution 
was dried on the surface of the disk. Because the 
edges of the disks were porous, the activity was con- 
fined in a 1 cm diam area in the center of the 1.4 cm 
diam disks. The analysis of the Fe” solution (Table 
I) shows that this deposit could only have been a 
few atom layers thick. 

2—A layer of Fe” was evaporated from a tungsten 
filament on which a few drops of the ferric sul- 
phate had previously been dried, ignited, and re- 
duced in H.. During this evaporation, the disk was 
held in a recessed ring so that the tracer was again 
confined in a 1 cm diam area in the center of the 
diffusion specimen, 

3—A deposit of Fe* was electroplated on the oxide 
by placing a drop of the active ferric sulphate on 
the center of the disk and placing a pure iron anode 
above and parallel to it and in contact with the ac- 
tive solution. A current of 3 microamp per sq cm for 
5 to 10 min was required to deposit the required 
activity. Even at a 100 pct current efficiency, the 
thickness of this deposit could not have exceeded 

For the CoO investigation, the Co” was evaporated 
from irradiated cobalt filaments on to the center of 
the diffusion specimens by a conventional hot-wire 
technique. From the specific activity of the fila- 
ment and the counting geometry used, the thickness 
of this deposit could not have exceeded 2x10 em. 

After the thin active layers had been counted, the 
disks were heated in pairs with their active faces 
toward each other to decrease any loss of tracer by 
evaporation. To allow free access of oxygen, the 
active faces were kept 0.01 in. apart by spacers of 
platinum wire at the edges. These diffusion anneals 
were made in the same platinum boat used for the 


Fig. 1—Schematic representa- 
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a—Wustite after 2 hr at 925°C. 


b—Cobaltous oxide after 2 hr at 1003°C. 


Fig. 2—Surfaces of oxide specimens after annealing before diffusion. X275. Area reduced approximately 25 pct for reproduction. 


prediffusion anneals. This boat was constructed of 
0.005 in. platinum sheet just large enough to hold 
the two oxide disks; this reduced the heat capacity 
of the assembly and so decreased the heating and 
cooling times. 

In both the prediffusion and diffusion anneals, the 
specimens were loaded into the cold end of the fur- 
nace tube, which was then closed and flushed for 
1 hr with the gas mixture of the subsequent anneal. 
The specimens were then pushed quickly into the 
center of the furnace. After the anneal, the speci- 
mens were quenched by drawing them quickly to 
the cold end of the furnace tube. After about 15 min 
the furnace tube was opened and the specimens 
were removed. This quenching procedure was pos- 
sible with alumina and mullite as well as quartz 
tubes because of the small heat capacity of the 
platinum trays and oxide specimens. 

After diffusion, the disks were recounted so that 
the diffusion coefficient could be calculated by the 
decrease of surface-activity method. The active 
surfaces of the disks were then re-examined under 
the microscope. 

Decrease of Surface-Activity Technique: The cal- 
culation of the absorption coefficient required for the 
decrease of surface-activity method needs careful 
consideration.. The absorption of the radiation from 
the Fe” (Mn kX) was determined with aluminum, 
iron, and FeO absorbers in contact with the source. 
The measured absorption coefficients with all three 
obeyed Beer’s law and agreed closely with the 
known absorption coefficients of these substances for 
Mn kX. For the wiistite used in this investigation, 
O/Fe ratio 1.087, the linear absorption coefficient 
was 432 

Because of the complicated absorption and scat- 
tering of 8 particles, a linear absorption coefficient 
cannot hold for the radiation from Co”. A purely 
graphical method of determining the diffusion co- 


Fig. 3—Lucite block and mounted diffusion specimen. X1. 
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efficient by the decrease of surface-activity method, 
developed by Ruder and Birchenall,’ was therefore 
used, instead of the analytical solution (Eq. 1). The 
method was based on an absorption curve deter- 
mined for the total 8 + y radiation under the 
same geometrical conditions as obtained in the 
counting of the diffusion disks.* The product of the 


* Cobalt and aluminium foils of various thicknesses were inter- 
posed between a cobalt disk coated with Co® and the counter, the 
absorber and disk being held in contact. The mass absorption co- 
efficients of these materials are nearly the same, the aluminium 
giving I/Io values which were about 7 pct greater than those of 
cobalt at low thicknesses and 15 pct greater at high thicknesses. 
Since it is the low thicknesses which are important in this work, 
and light oxygen atoms as well as cobalt atoms are present in the 
cobalt oxide which is the absorbing medium in the diffused disk, 
the mean curve was used. The resulting error is relatively small, 
ie., less than 5 pet. Three check points determined with CoO foils 
agreed closely with this mean curve. 


concentration-distance curve for a typical Dt prod- 
uct (Eq. 2) and the transmission-distance curve was 
integrated graphically from the surface to an in- 
finite depth into the oxide disk. This integral di- 
vided by the corresponding integral of the concen- 
tration-distance curve then gave the ratio of the 
surface counts after a diffusion anneal to the counts 
before an anneal for the Dt product used in setting 
up the initial concentration-distance curve. This 
procedure was repeated for a series of Dt products. 
The resulting curve of activity ratio vs Dt was then 
used to calculate the self-diffusion coefficient of 
CoO. It must be emphasized that this curve is ap- 
propriate only to the tracer counting arrangement 
used in determining the absorption curve and must 
be redetermined every time the experimental condi- 
tions are changed. 

As this graphical method involves no assumptions 
about the absorption of the tracer radiation, it is 
suitable for any tracer whose radiation is attenuated 
sufficiently to make the surface method possible. 

Sectioning Technique: Those specimens from 
which the diffusion coefficient was to be determined 
by the sectioning method were cemented with a thin 
gel of methyl methacrylate into “lucite” blocks. A 
photograph of a lucite block and a mounted disk is 
shown in Fig. 3. 

Any cement which had crept over the edges of the 
disk was carefully removed with 2/0 emery paper, 
and the back face of the mount was ground parallel 
to the active face within 0.0003 cm as measured by 
a micrometer at four points. Thin slices were then 
ground from the active face with 3F carborundum 
powder on a glass plate. By this method, sections of 
any thickness could be easily removed with little 
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Fig. 4—Curves showing x’ as a function of x for various Dt products. 


tendency for the disk to grind unevenly. After each 
grinding, the thickness of the slice removed was 
measured by the decrease in mount thickness at four 
points around the disk face. The thickness recorded 
was always the average of at least two sets of meas- 
urements. In no case did two sets of measurements 
differ by more than 0.0002 cm and the active and 
back faces of the disks were always parallel within 
0.0003 cm. With this procedure, no disks were lost 
because of breaking or cracking of the oxide. The 
ground surfaces were smooth up to the last one or 
two slices, where a few very small pits developed. 
These pits, which were never large enough to in- 
fluence the concentration-distance curve, were prob- 
ably caused by the beginning of porosity in the oxide 
disk, see Figs. 5a and b. 

The concentration profile was originally deter- 
mined by counting each of the thin sections re- 
moved. Each section was dissolved in hydrochloric 
acid and filtered to remove the insoluble carborun- 
dum powder. It was then evaporated to 20 ml and 
analyzed in a thin-walled liquid counter. In all 
cases the carborundum removed was free from ac- 
tivity. Because the soft Mn kX and 0.3 mev £ par- 
ticles were greatly attenuated by the solution and 
counter walls, the counting rate was low, 60 to 150 
counts per min. The method therefore was modified 
so that the residual activity in the disk was counted 
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Fig. 5—Cross sections of disks. X50. a—FeO, and b—CoO. Area reduced approximately 25 pct for reproduction. 


after each thin section had been removed. The 
counting rate, A, from the disk was taken as propor- 
tional to the tracer concentration at the distance of 
the fresh surface below the original surface, distance 
x, plus a small correction, x’, to allow for the de- 
tected radiation being distributed below the exposed 
surface. The slope of the log A vs (x + x)’ plot, 2) 
straight line, then gave the diffusion coefficient 
directly from Eq. 2. x’ was determined as follows: 

A cvs x curve was drawn from Eq. 2 for a fixed 
value of Dt, approximately equal to that obtaining 
in the diffusion experiments. From this curve, an A 
vs x curve was derived in the case of FeO by apply- 
ing Beer’s Law: 

an 

where A is the effect at the. surface of the tracer 
at x, c is the concentration of tracer given by the c 
vs x curve, x is the distance below the surface ex- 
posed for counting, and » is the linear absorption 
coefficient in cm. This procedure was repeated 
after each of a series of thin sections had been re- 
moved from the head of the c vs x curve normal to 
the distance axis. The center of gravity of each of 
these curves was then determined experimentally, 
the distance of this point from the exposed surface 
being taken as x’. Families of curves showing 2’ as 
a function for x of various Dt products for both 
FeO and CoO are shown in Figs. 4a and b. For a 
typical diffusion experiment in which the rms pene- 
tration was about 0.02 cm, the correction factor x’ 
changed D by about 10 pct. 

This method was tested graphically by plotting 
the log of the area of each A vs x curve against (x 
-+ zx’)* and showing that the resultant value of Dt 
was equal (within +1 pct) to that used for setting 
up the original c vs x curve. The diffusion coeffi- 
cients obtained by this method agreed within +10 
pct (see Tables II and IV) with those derived from 
the solution counting technique. In addition, 
Gruzin’s” analytical expression relating the diffusion 
coefficient to the counts from a diffusion specimen 
after each thin section was removed gave results 
which agreed with those calculated graphically 
within the limits of the experimental error. 

A similar procedure was adopted for CoO but, 
because of the complicated scattering of the radia- 
tion from Co”, the experimentally determined trans- 
mission curve was used in calculating x’ and the 
counting technique had to be modified. As the very 
penetrating y rays would have made the correction 
x’ large, only the 8 count could be used. This was 
obtained by subtracting the y count from the total 
B+y count. The y count was determined with a 


TRANSACTIONS AIME 


0.024 in. Fe 8 absorber in contact with the counter 
window. The y count as measured with this ab- 
sorber was high due to the emission of secondary 
electrons from the absorber. The true y count must 
lie somewhere between 100 and 50 pct of the meas- 
ured count because some, but not all, of these sec- 
ondary electrons are detected by the counter. The 
true y count was therefore taken as 75 pct of the 
observed count, the maximum uncertainty being 
+33 pct. A simple calculation shows that the effect 
of this uncertainty in the 7, and hence the £ count, 
since the £ activity is many times the y activity, can 
only influence the diffusion coefficient by about 
3 pct (see Table V). 

Counting: Counting was done with a standard 
decade scaler using a mica end-window X-ray- 
sensitive Geiger-Miiller tube, a mica end-window 
B-sensitive tube, and a thin-walled #-sensitive 
liquid tube. Each specimen was counted twice to a 
minimum of 10,000 counts. All counts were com- 
pared with iron and cobalt standards to eliminate 
day-to-day variations in the counting efficiency and 
the usual corrections were made for the background 
and tube dead time. All specimens were held in 
closely fitting recesses in dural specimen holders. 
This permitted the sources to be replaced for count- 
ing with an error in geometry that was less than the 
counting error. 


Experimental Composition of CoO 

About 2 grams of 0.005 in. Co sheet was cleaned 
with 1/0 emery paper and reduced in hydrogen at 
1000°C for 1 hr. The clean metal was next placed 
in a fired and weighed alumina boat and the assem- 
bly reweighed. The cobalt was then completely 
oxidized in the closed furnace assembly (Fig. 1). 
The oxidation was carried out for a period equal to 
three times that required for complete oxidation. 

After oxidation in the low oxygen atmosphere, 
i.e., 0.5 pet O,, at 1000° and 1150°C, the boat was 
quickly drawn into the cold end of the quartz reac- 
tion tube and cold water poured over the tube. At 
1350°C the boats were quickly drawn through the 
mullite reaction tube into a quartz cooling tube 
fitted to the B-29 cone. This quenching procedure 
cooled the oxide specimens to below red heat in 15 
sec and cooled the boat to below red heat in 35 sec. 
Even if all the oxygen passing over the specimens 
during the cooling period was absorbed by the oxide 
to form Co,O0,, the O:Co ratio would be raised by 
only 0.001. 

After oxidation in pure oxygen, the specimens 
were quickly drawn out of the furnace and cooled 
in still air. This air quench cooled the specimens 
below red heat in 20 sec. To determine if oxygen 
was lost or gained during the cooling period, three 
specimens were quenched in cold water as soon as 
they were drawn from the furnace. The analysis of 
these specimens by reduction in H, was identical 
with those cooled in air. After cooling the oxide and 
boat were reweighed and the O:Co ratio calculated: 

The oxide was then ground to —60 mesh and 
about 1.5 grams placed in a weighed alumina boat 
which had been previously fired in hydrogen to con- 
stant weight. After reweighing, the oxide was 
reduced in hydrogen at 900°C for 24 hr, the assem- 
bly reweighed and the oxygen: metal ratio calculat- 
ed. All weighings, which were by the method of 
swings, were reproducible to +0.00003 grams. 


Results 
The oxide-diffusion disks used in this investiga- 
tion were free from cracks and voids to a depth of 
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Fig. 6—Self-diffusion coefficient of iron in wustite (Fe:0 = 
1:1.087) as a function of temperature. Circled X represents section- 
ing method; X, modified sectioning method; filled circle, tracer- 
plated surface methods; filled square, tracer-evaporated surface 
methods; and circled dot, tracer-dried surface methods. 


approximately 0.05 cm, which is about a quarter of 
the total disk thickness. Cross sections of typical 
FeO and CoO disks are shown in Figs. 5a and b. 
Both the FeO and CoO were coarsely polycrystalline 
with a well developed columnar grain structure. 
The average grain diameter was between 1 and 2 
mm for the wustite and between 0.5 and 1 mm for 
the CoO as measured on the polished and annealed 
diffusion surface. The average grain length was 
about 0.8 mm. In all experiments the rms penetra- 
tion of the tracer was less than half the thickness of 
the dense outer layer of the diffusion disk. 

The rapid quench after the oxidation and after 
the annealings appeared to prevent the decomposi- 
tion of the FeO used in this investigation, O/Fe = 
1.087. Even at X1500, the oxide always appeared as 
a single phase. This is in agreement with the find- 
ings of Himmel, Mehl, and Birchenall” who reported 
that the decomposition could be prevented in 
wustites containing more than 76.3 pct Fe, O/Fe = 
1.084. 

An examination of the CoO at X1000, however, 
always revealed a second phase in the centers of the 
grains and along the grain boundaries. During 
the subsequent diffusion anneals, it was assumed 
that this phase dissolved to form single phase CoO. 

Self-Diffusion in Wiistite: A summary of the con- 
ditions of the preparation, prediffusion anneal, and 
diffusion anneal of the wiistite experiments is given 
in Table II. A summary of the self-diffusion coeffi- 
cients by the surface method and the two sectioning 
methods is given in Table II and in Fig. 6, where the 
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best straight lines have been calculated by the 
method of least squares. 

As can be seen from Table II, all the wiistites used 
in this investigation had an O:Fe ratio within 0.003 
of 1.087 (76.2 pct Fe). All the diffusion coefficients 
listed are therefore taken to be for wiistite of this 
composition. The resulting error in the diffusion co- 
efficient of 3 pct is small compared to the total error 
in this work. 

For a wiistite of this composition, the self-diffu- 
sion coefficient determined by the sectioning meth- 
ods is well represented by 


[3] 


The statistical probable error in the energy is 1.8 
pet and in the frequency factor, 25 pct. 

Composition of CoO: The results are summarized 
in Table III. 

Each analysis is the average of at least two oxida- 
tion and four reduction experiments. The oxygen: 
metal ratios determined by either oxidation or re- 
duction were consistent to +0.0005 but the ratios by 
the oxidation method were always about 0.002 
lower than those by reduction.* As the cause of 
this difference was not determined, the average was 
taken with a resulting uncertainty of +0.0015 in the 
O:Co ratio. 


* Such a difference might conceivably have been caused by the 
presence of some impurity such as silica present at a concentration 
of about 1.0 pct in the original cobalt sheet. This might have 
escaped reduction in the initial 1 hr He treatment of the cobalt 
sheet. The quantity of silica required, however, is greater than that 
likely to be present in the 99.99 pct metal. 


Self-Diffusion in Cobaltous Oxide: Since the O:Co 
ratio of CoO as a function of oxygen pressure could 


sg em per sec. 


only be determined approximately, the self-diffu- 
sion rate in the oxide was measured as a function of 
the oxygen pressure over a range of temperatures. 
These results are summarized in Table IV and in 
Figs. 7 and 8, where the best straight lines have been 
calculated by the method of least squares. 

The diffusion coefficient at constant temperature 
was proportional to a power of the oxygen pressure, 
which decreased with rising temperature, as repre- 
sented by the following equations: 


At 1000°C, D = 2.6x10° (Po,)”* sq cm per [4] 
At 1150°C, D = 9.0x10~ (Po,)°” sq cm per sec. [5] 
At 1350°C, D = 5.1x10* sq'cm 


The statistical probable error in the power is ap- 
proximately 2 pct. 

At an oxygen pressure of 1 atm (oxide composi- 
tion changing) the self-diffusion coefficient of cobalt 
in CoO is well represented by 


[7] 


The statistical probable error in the energy term is 
1.2 pct and in the frequency factor, 16 pct. 
Throughout this investigation, activity could 
never be detected in the exit gases, and the furnace 
tube remained inactive after more than 50 diffusion 
runs had been made in the system. Volatilization 
losses therefore could not have been a significant 
source of error. Autoradiographs taken before and 
after diffusion showed that surface diffusion could 
not have been significantly, if at all, greater than the 
bulk diffusion, indicating that there could have been 
no error arising from changes in counting geometry. 


sq em: per sec: 


Table II. Details of Preparation, Prediffusion Anneal, and Diffusion Anneal of Wustite Specimens 


Oxidation Prediffusion Anneal Diffusion Anneal 
Speci- Tem- Compo- Tem- Compo- Tem- Compo- 
men pera- Time, Atm, sition, pera- Time, Atm, sition, pera- Time, Atm, sition, 
No. ture, °C Hr H20/H2 O/Fe ture, °C Hr H:20/He O/Fe ture, °C Min H20/He O/Fe 
F-51-A 1000 48 1.70 1.086 — -— — 1010 53 1.72 1.086 
F-52-A 1000 48 1.70 1.086 cE = ee 1010 40 1.72 1.086 
F-53-A 1000 48 1.70 1.086 — -— — — 784 449 1.25 1.090 
F-53-B 1000 1.70 1.086 784 
F-54-A 1000 48 1.70 1.086 802 
1.090 
F-57-A 1000 48 1.70 1,086 — — = = 800 412 1.30 1.090 
F-57-B 1000 48 1.70 1.086 800 412 1.30 1.090 
F-57-C 1000 48 1.70 1.086 — —- — — 801 412 1.30 1.090 
F-57-D 1000 48 1.70 1.086 801 412 1.30 1.090 
F-58-A 1000 48 1.70 1.086 1000 2 1.70 1.086 811 
F-58-B 1000 48 1.70 1.086 = 811 306 
F-58-C 1000 48 1.70 1.086 = 811 306 1.33 1.090 
F-59-A 1000 += 48 1.70 1.086 1000 1 1.70 1.086 802 
F-59-B 1000 48 1.70 1.086 1000 1 1.70 1.086 802 
F-59-C 1000 48 1.70 1 11088 
: ‘086 1000 1 1.70 1.086 807 253 1.25 1.088 
F-61-A 1000 48 1.70 1.086 1000 1 1.70 1.086 807 249 1.25 1.088 
F-61-B 1000 48 1.70 1.086 1000 1 1.70 1.086 807 249 1.25 1.088 
-61-C 
F-6 1000s 48 1.70 1.086 1000 1 1.70 1.086 807 253 1.25 1.088 
F-62-A 1000 = 48 1.70 1.086 925 2 1.49 1.087 
F-62-B 1000 48 1.70 1.086 925 2 1.49 1.087 708 lake ioe +08 
F-62-C 1000 48 1.70 1.086 700 ee tone 
51 1.00 1.089 696 1547 1.00 1.089 
F-64-B 1000 48 1.70 1.086 700 51 1.00 1.089 696 1547 1.00 1.089 
F-65-A 923 180 1.48 1.087 925 2 1.49 1.087 923 30 1.48 iD 
F-65-B 923 180 1.48 1.087 925 2 1.49 1.087 923 30 1.48 Bt 
B-65-C 923 180 1.48 1.087 925 2.6 1.48 1.086 707 1464 0.95 1.086 
F-68-A 1000 +48 1.70 1.086 925 2.5 1.48 1.086 703 1441 0.94 1.086 
F-68-B 1000 48 1.70 1.086 925 2.5 1.48 1.086 703 1441 0.94 1.086 
F-68-C 000» 48 1.70 1.086 925 2.6 1.48 1.086 107 1464 0.95 1.08 
-68-C- 1000 48 1.70 1.086 925 2.6 1.48 1.086 696 1487 0.93 "086 
F-69-A 1000 = 48 1.70 1.086 925 2 1.48 1.086 703 1397 0.94 108 
F-69-C 1000 48 1.70 1.086 925 2 1.48 1.086 703 1397 0. Tone 
F-69-C-B 1000 48 1.70 1.086 925 2.6 1.48 1.086 696 1487 093 ise 


* Concentration profile determined by counti ivi 
after each thin section was removed. 
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Fig. 7—Self-diffusion coefficient of cobalt 
in cobaltous oxide as a function of oxygen 
pressure at yarious temperatures. X repre- 
sents sectioning method; filled circle, sur- 
face method. 


Self-Diffusion Coefficient cm*%sec. 


To determine whether the oxide was always in 
equilibrium with its environment during the diffu- 
sion anneal, diffusion runs were made on CoO disks 
which had been prepared at high and low oxygen 
pressures both with and without prediffusion anneal. 


Table Il. Continued 


0-01 1-0 


Oxygen Pressure, Qtm. 


Table III. Oxygen:Metal Ratio in Cobaltous Oxide 


Tem- 
pera- Mol Pct Excess Oxygen 
ture, 0/Co Ratio Po, = iE, 

°C) Po, = 1.0Atm Po, =0.005Atm Atm 0.005 Atm 
1000 1.00630.0015 1.0017+0.0015 0.630.15 0.17+0.15 
1150 1.0080+0.0015 1.0018+0.0015 0.80+0.15 0.18+0.15 .1¥% 
1350 1.0098+0.0015 1.0024+0.0015 0.98+0.15 0.24+0.15 14 


Surface Self-Diffusion Coefficient, 
Activity Sq Cm per Sec 
Tracer Ratio, 
Appli- After: Surface Sectioning 
cation Before Method Method 
Plating 0.069 1.1x10-7 _— 
Drying 0.083 1.0x10-7 9.3x10-8* 
4 9.7x10-8¢ 
Drying 0.119 4.3x10 9¥.1x10-°* 
8.8x10-9} 
Drying 0.129 3.6x10-9 — 
Drying 0.148 2.7x10-9 
Drying 0.132 3.8x10-9 
Drying 0.142 3.4x10-9 = 
Drying 0.147 3.1x10-9 aes 
Drying, sur- 0.205 1.5x10-® 
face very 
dirty 
Drying 0.154 3.6x10-% 
Drying 0.144 4.2x10-% 
Drying, sur- 0.170 2.8x10-9 
face very 
dirty 
Evaporation 0.115 6.0x10-% — 
Plating 0.108 6.6x10-9 
Drying 0.180 3.1x10-9 
Evaporation 0.147 5.1x10-% — 
Plating 0.127 6.8x10-9 9.6x10-9* 
1.0x10-8+ 
Drying 0.163 4.0x10-® 9.6x10-9* 
8.5x10-%} 
Plating 0.144 8.9x10-10 2.3x10-9* 
Plating 0.147 8.5x10-10 2.3x10-9* 
Plating 0.153 7.5x10-10 — 
Plating 0.157 7.0x10-10 — 
Plating 0.151 3.9x10-8 4.3x10-8* 
Plating 0.152 3.9x10-8 3.9x10-8* 
Plating 0.123 1.2x10-° 
Plating 0.139 9.6x10-10 
Plating 0.148 8.5x10-10 — 
Plating 0.132 — 
Evaporation 0.350 1.1x10—10 
Evaporation 0.340 1.3x10-19 
Evaporation 0.274 2.2x10-19 
Plating 0.147 8.4x10-10 a= 


+ Concentration profile determined by counting the activity in 
each of the thin sections removed. 
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As the first 20 specimens in Table IV show, the diffu- 
sion coefficient in all cases was independent of the 
conditions of the oxide preparation. 

Errors: A summary of the possible errors is given 
in Table V. 

Discussion 

There can be no doubt that the diffusion coeffi- 
cients measured here are those for lattice diffusion 
in both wistite and cobaltous oxide. The tracer dis- 
tribution in all specimens (other than those of 
wustite below 850°C), can be represented as a 
good straight line on a log concentration vs x” plot 
(e.g., Fig. 9a). If grain-boundary diffusion had been 
of major importance, a straight line would have 
been obtained only on a log concentration vs x plot.” 
This conclusion is corroborated by the fact that 
autoradiographs taken at the surface of specimens, 
at a depth equal to the rms tracer penetration below 
the surface and at approximately twice the rms 
penetration, never showed concentration of the 
activity at the grain boundaries. Since the resolu- 
tion of the autoradiographs, better than 0.2 mm, was 
smaller than the oxide grain diameters, approxi- 
mately 1 mm in the wustite and 0.5 mm in the cobal- 
tous oxide, and smaller than the rms penetration of 
the tracer into the specimens, any preferential con- 
centration of the tracer along the grain boundaries 
would have been detected easily. 

Diffusion in Wiistite: The reproducibility achieved 
in these measurements is good, and the scatter of 
+15 pct exhibited by the results shown in Fig. 6 is 
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fully consistent with the possible errors listed in 
Table V. There is close agreement between the re- 
sults obtained by the surface and sectioning tech- 
niques above 850°C, but below this temperature the 
results obtained by the former method are much 
lower than those from the latter. 

The self-diffusion coefficients determined in this 
investigation for wistite of composition O:Fe = 
1.087:1, by the sectioning method and also by the 
surface-activity method above 850°C, agree within 
10 pct with those obtained by Himmel, Mehl, and 
Birchenall (their Fig. 6)" between 700° and 1000°C. 


The difference in the results obtained by the sec- 
tioning and decrease of surface-activity methods is 
thought to be due to a small amount, 5 to 10 pct, of 
the initial activity being “bound” to the surface of 
the diffusion specimen. At 923°C, where the sec- 
tioning and surface methods agree closely, the con- 
centration vs distance curve agrees with Eq. 2 and 
the log concentration vs x’ plot (Fig. 9a) is a good 
straight line. This indicates that there was good 
bonding between the tracer and bulk oxide and that 
the diffusion coefficient was constant with depth, 
i.e., all of the oxide was in equilibrium with its en- 


Table IV. Details of Preparation, Prediffusion Anneal, and Diffusion Anneal of Cobaltous Oxide Specimens 


Diffusion Anneal 


Oxidation Prediffusion Anneal 
Speci- Tem- Oxygen Tem- Oxygen Tem- Oxygen 
men pera- Time, Pressure, pera- Time, Pressure, Bperes Time, te 
No. ture, °C Hr Atm ture, °C Hr Atm ture, °C Min Atm 
C-4-A 1148 167 0.0055 999 14.1 1.0 1000 417 1.0 
C-4-B 1148 167 0.0055 1001 14.4 1.0 1000 417 1.0 
C-5-A 1149 85 1.0 999 14.1 1.0 1000 417 1.0 
C-5-B 1149 85 1.0 1001 14.4 1.0 1000 417 1.0 
G-4-C 1148 167 0.0055 1000 73.5 0.0212 1001 1,167 0.0212 
C-5-C 1149 85 1.0 1000 73.5 0.0212 1002 1,166 0.0212 
C-5-D 1149 85 1.0 1000 73.5 0.0212 1002 1,166 0.0212 
C-6-A 1146 144 0.15 1000 73.5 0.0212 1001 1,167 0.0212 
G=72C 1250 48 0.21 1150 15 1.0 1150 285 1.0 
C=9-6 1250 49 0.21 1150 15 1.0 1150 285 1.0 
C-14-A 1250 48 0.21 = = _ 1147 225 1.0 
C-14-B 1250 48 0.21 a = = 1147 225 1.0 
Co7-D 1250 48 0.21 1150 46 0.0061 1146 1,377 0.0058 
C-10-A 1250 48 0.21 1150 46 0.0061 1146 1,377 0.0058 
C-14-C 1250 48 0.21 way aa — 1148 1,104 0.00593 
C-14-D 1250 48 0.21 OR, a. — 1148 1,104 0.00593 
C-16-A 1250 48 0.21 800 96 0.0035 800 11,780 0.0031 
800 21,320 0.0031 
C-16-D 1250 48 0.21 800 96 0.0035 800 11,780 0.0031 
800 21,320 0.0031 
C-19-A 1250 48 0.21 — — — 800 11,780 0.0031 
800 21,320 0.0031 
C-19-B 1250 48 0.21 a = — 800 11,780 0.0031 
800 21,320 0.0031 
C-3-A+B 996 134 1.0 1000 4.5 1.0 1000 77 1.0 
1000 426 1.0 
C-6-B 1146 144 0.15 1003 63.6 0.00498 1003 1,932 0.00498 
C-6-C 1146 144 0.15 1003 63.6 0.00498 1003 1,932 0.00498 
C-6-D 1146 144 0.15, 1150 28 0.21 1146 401 0.21 
C-7-A 1250 48 0.21 1003 39.2 0.21 1003 608 0.21 
C-7-B 1250 48 0.21 1003 39.2 0.21 1003 608 0.21 
C-8-A 1250 48 0.21 1003 17.6 1.0 1003 412 1.0 
C-8-B 1250 48 0.21 1003 17.6 1.0 1003 412 1.0 
G-8-C 1250 48 0.21 1150 38.3 0.0269 1146 717 0.0258 
C-9-A 1250 49 0.21 1003 27 1.0 1003 704 1.0 
C-9-B 1250 49 0.21 1003 27 1.0 1003 704 1.0 
C-9-D 1250 49 0.21 1150 28 0.21 1146 401 0.21 
C-10-B 1250 48 0.21 1150 38.3 0.0263 1146 717 0.0258 
C-10-C 1250 48 0.21 1146 48.5 0.00136 1147 1,624 0.00134 
C-10-D 1250 48 0.21 1146 48.5 0.00136 1147 1,624 0.001 
0134 
GlN 1250 46 0.21 1349 1.66 1.0 1349 37 1.0 
C-11-B 1250 46 0.21 1349 4.83 0.0175 1349 154 0.0179 
(Cibte 1250 46 0.21 1348 2.33 0.21 1353 60 0.21 
C-11-D 1250 46 0.21 1351 22 0.00059 1353 350 0.00059 
C-12-A 1250 48 0.21 1349 1.66 1.0 1349 37 1.0 
C-12-B 1250 48 0.21 1349 4.83 0.0175 1349 154 0.0179 
C12-C 1250 48 0.21 1348 2.33 0.21 1353 60 0.21 
C-12-D 1250 48 0.21 1351 22 0.00059 1353 350 0.00059 
C-13-A 1250 48 0.21 1101 10.5 1.0 1101 327 1.0 
C-13-B 1250 48 0.21 1101 10.5 1.0 1101 327 1.0 
C-12-6 1250 48 0.21 1049 17.3 1.0 1050 474 1.0 
Cs13-p 1250 48 0.21 1049 17.3 1.0 1050 474 1.0 
C-15-A 1250 48 0.21 950 24 0.21 950 1,684 0.21 
C-15-B 1250 48 0.21 950 24 0.21 950 1,684 0.21 
C-15-C 1250 48 0.21 950 35 0.0060 948 6,632 i 
C-15-D 1250 48 
0.21 950 35 0.0060 948 6,632 0.0059 
C-16-B 1250 48 0.21 800 96 0.0035 800 21,150 0.0026 
C-17-A 1250 48 0.21 1299 2.1 1.0 1300 pad a ae 
C-17-B 1250 48 0.21 1299 2.1 1.0 1300 84 1.0 
C-17-C 1250 48 0.21 1198 4.3 1.0 1201 125 1.0 
G-17-D 1250 48 0.21 1198 4.3 1.0 1201 125 1.0 
C-20-A 1250 62 0.21 1249 3 1.0 1248 82 1.0 
C-20-B 1250 62 0.21 1249 3 1.0 1248 82 1.0 
C-20-C 1250 62 0.21 1352 10 0.00179 1352 254 0.00181 
C-20-D 1250 62 0.21 1352 10 0.00179 1352 254 0.00181 
1250 54 0.21 800 213 0.0027 7300 21,130 
C-22-B 1250 54 0.21 800 213 0.0027 800 21.150 0.0036 
C-22-C 1250 54 0.21 800 213 0.0027 200 31180 0.0026 
C-24-B = 1155 932 1.0 
— — 1155 932 1.0 


* Concentration profile determined by countin i ivi 
after each thin section was removed. 
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vironment. At 705°C, however, the concentration vs 
distance curve shows an increasing rather than de- 
creasing slope near the surface of the disk, and on 
the log concentration vs x’ plot (Fig. 9b) points near 
the surface lie far above the straight line joining 
the points obtained deep in the oxide disk. As the 
diffusion temperature was raised from 705° to 
900°C, the curves gradually changed from the form 
shown in Fig. 9b to that in Fig. 9a, and above 800°C 
often only a single initial high point was found. 
The curvature in Fig. 9b could not have been caused 
by reflection from an internal barrier, as the semi- 


Table IY . Continued 


Surface Self-Diffusion Coefficient 
Activity Sq Cm per Sec 
Ratio, 
After: Surface Sectioning 
Before Method Method 
0.217 2.6x10-9 
0.225 2.4x10-9 
0.209 3.0x10-% 2.6x10-9* 
0.207 3.1x10-9 — 
0.239 7.0x10-20 
0.245 6.5x10-10 6.2x10-10* 
0.230 7.8x10-10 — 
0.247 6.2x10-10 — 
0.172 8.7x10-9 — 
0.172 8.7x10-9 8.9x10-9* 
0.178 9.8x10-% 
0.182 9.0x10-9 1.05x10-8* 
0.175 1.7x10-9 — 
0.171 1.8x10-° 2.0x10-°* 
0.181 1.9x10-8 2.1x10-%* 
2.0x10-%} 
0.179 2.0x10-9 — 
0.342 2.4x10- 
0.274 2.4x10-11 
0.345 2.4x10-01 
0.270 2.5x10- — 
0.332 2.7x10-1 
0.274 2.4x10-1 
0.338 2.5x10-11 — 
0.276 2.4x10-11 — 
0.386 2.9x10-9 
0.215 2.7x10-9 2.3x10-9* 
0.243 4.0x10-10 4.2x10-108 
0.234 4.5x10-10 — 
0.178 5.4x10-9 — 
0.237 1.4x10-9 — 
0.240 1.3x10-9 1.4x10-9* 
0.211 2.9x10-9 
0.215 2.7x10-% 
0.184 2.7x10-9 — 
0.189 2.5x10-° 2.5x10-9* 
0.187 2.6x10-9 
0.179 5.4x10-% — 
0.182 2.8x10-9 
0.187 1.2x10-% — 
0.179 1.3x10-9 — 
0.186 5.1x10-8 5.0x10-8* 
0.177 1.5x10-8 — 
0.187 3.1x10-8 — 
0.177 6.5x10-9 7.3x10-9* 
0.189 4.9x10-8 
0.178 1.4x10-8 1.7x10-S* 
0.187 3.1x10-8 — 
0.181 6.0x10-9 — 
0.182 6.2x10-9 — 
0.178 6.7x10-9 — 
0.191 3.7x10-9 — 
0.189 3.8x10-% 
0.221 6.1x10-10 
0.219 6.3x10-10 6.9x10-10* 
0.206 2.0x10-19 _ 
0.207 1.9x10-10 
0.299 1.9x10-0 
0.215 2.0x10- 1.9x10-1* 
0.162 3.6x10-8 
0.164 3.5x10-8 — 
0.179 1.7x10-8 — 
0.180 1.7x10-8 — 
0.185 2.4x10-8 = 
0.185 2.4x10-8 2.7x10-8* 
0.181 8.1x10-% 
0.184 7.7x10-9 — 
0.220 4.4x10-9 
0.216 4.7x10-9 = 
0.291 2.0x10-41 
0.306 1.7x10-01 
0.221 1.9x10-11 2.0x10-1* 
0.294 1.9x10-1 
0.216 2.0x10-01 
0.142 4.5x10-9 
0.141 4.5x10-% 


+ Concentration profile determined by counting the activity in 


each of the thin sections removed. 
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logarithmic plots deep within the disks were always 
linear. Nor could the diffusion coefficient have 
changed with depth. Not only were most of the 
disks given a prediffusion anneal, but also both 
theory and experiment indicate that, when diffusion 
occurs via lattice vacancies, the diffusion specimen 
will come to equilibrium with its environment very 
early in the diffusion anneal. 

When the surfaces of the oxide disks were exam- 
ined under X540 at various stages in the diffusion 
procedure, it was found that a number of changes 
took place during the annealing periods. After pol- 
ishing with 3/0 paper, the surface was covered by 
fine parallel scratches and grain boundaries were 
invisible. After a prediffusion anneal at 900°C and 
above, the surface became almost free of polishing 
scratches, the orientation of the different grains 
could be clearly seen, and the grain boundaries were 
obvious (Fig. 2a). After applying the Fe” by evap- 
oration from a hot filament, the appearance of the 
surface was unchanged; after plating on the tracer, 
the original surface was still visible although not as 
clearly as before. After a diffusion anneal at 900°C 
and above, the surface was unchanged from that 
shown in Fig. 2a. After a diffusion anneal below 
900°C, however, the surface was covered by a mass 
of very fine crystals, which hid the grain orien- 
tation and most of the grain boundaries. Fig. 10a 
shows the surface of an electroplated specimen near 
the edge of the active deposit showing the surface of 
the underyling. oxide. When the activity was evap- 
orated on, the deposit was much thinner and the 
needles correspondingly finer (Fig. 10b). The thick- 
ness of deposited layer therefore seems to control 
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Fig. 8—Self-diffusion coefficient of cobalt in cobaltous oxide at an 
oxygen pressure of 1 atm as a function of temperature. X repre- 
sents sectioning method; filled circle, surface method. 
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Fig. 9—Graph showing the log of the concentration of tracer 
(counts per min) as a function of the square of the distance 
in FeO. 


the size of the crystals formed. To determine if a 
disturbed oxide layer would develop a covering of 
fine crystals when annealed below 900°C, a disk 
polished to 3/0 was annealed at 700°C for 48 hr. 
Again, the surface became covered exactly as shown 
in Fig. 10a. When a disk covered by a mass of fine 
crystals was re-annealed at 1000°C for 1 hr, the 
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original surface and grain boundaries became visible 
over most of the disk and the remaining needles 
were much larger. 

Below 900°C, therefore, strained layers of iron or 
wiistite apparently form needlelike crystals of FeO 
in H./H.O atmospheres. When this occurs with a 
deposit of Fe® on an FeO disk during a diffusion 
anneal because of the almost point contacts between 
the crystals and the underlying oxide, the tracer is 
able to diffuse only very slowly out of the needles 
and into the bulk phase. Thus, the tracer may be 
said to be “bound” to the surface of the diffusion 
specimens. 

The formation of such fine crystals and of long 
thin needles has also been found in this laboratory 
during the oxidation of strained iron to wustite in 
H./H,O atmospheres. 

If some of the tracer is bound to the surface of the 
oxide disk, the apparent diffusion coefficient by the 
surface method will decrease with increasing diffu- 
sion times. The diffusion anneals at 700°C of several 
disks therefore were interrupted several times, the 
specimens counted, and the apparent diffusion coeffi- 
cient calculated. The results were exactly as antici- 
pated: the apparent diffusion coefficient after an 
anneal of 24 hr being only 60 pct of what it was 
after an anneal of 1 hr. 

A diffusion coefficient which appears to decrease 
with increasing diffusion times was also found by 
Ruder and Birchenall’ during a self-diffusion study 
of cobalt metal by the surface method. They ex- 
plained the effect as being due to a change in the 
scattering of 6 particles by the specimen surface as 
the Co” diffused inward. This explanation is not 
justified here, however, because of the photoelectric 
absorption of the X-rays with no resulting scatter. 

The phenomenon of bound tracer was not found 
by Himmel, Mehl, and Birchenall” during their FeO 
self-diffusion studies. As mentioned, their results 
agree closely with the sectioning results reported 
here. In addition, they found no change in the ap- 
parent diffusion coefficient with diffusion time at 
700°C. The only significant difference between the 
procedure adopted by Himmel et al. and that used 
in this investigation was that immediately after 
plating they swabbed their Fe” deposits under al- 
cohol. It appears that this swabbing may have re- 
moved some loosely adherent tracer, which could 
have been responsible for the bound activity found 
here. This mechanism does not, of course, explain 
the low results obtained when the tracer was evap- 
orated onto the oxide. This deposit may also have 
been loose and porous, but thin evaporated layers 
are usually assumed to be dense and adherent to the 
underlying material. 

High points on log concentration vs x*® plots sim- 
ilar to those shown in Fig. 9b have been found dur- 
ing diffusion studies on both metals and non- 
metals."“” This strongly suggests that the phenome- 
non of bound tracer on the surface of diffusion speci- 
mens may be common. If so, this would explain 
much of the scatter between the results obtained by 
the surface method by different investigators. A 
remarkable feature of the phenomenon is the con- 
sistency of the apparent diffusion coefficient ob- 
tained with a fixed experimental procedure and the 
way the logarithm of the diffusion coefficient gives © 
a straight line against I/T. An investigator using 
the surface method, who does not check his results 
by the sectioning method, therefore may be given a. 
false sense of accuracy. 
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Fig. 10a—Surface of a prediffused wustite specimen after the 
active deposit had been plated on and the specimen annealed for 
24 hr at 703°C. X275. Area reduced approximately 25 pct for re- 
production. 


Diffusion in Cobaltous Oxide: The reproducibility 
obtained in these measurements (the scatter in Fig. 
7 is less than +15 pct) was most satisfactory. At all 
temperatures (950° to 1350°C) the tracer distribu- 
tion was exactly as given by Eq. 2 and the log con- 
centration vs x” plots were good straight lines. This 
indicates that: 1—The tracer was never bound to 
the oxide surface at any of the temperatures used 
in the investigation. 2—The oxide was always in 
equilibrium with its gaseous environment to a depth 
greater than the penetration of the tracer atoms. 3— 
There was no reflection of tracer from an internal 
barrier. 

The good agreement between the surface and 
sectioning methods indicates that the surface method 
can give accurate results with a B+y emitting tracer 
if a graphical solution of the experimental data is 
used. In view of the roughness of the oxide surface 
because of grain growth during the prediffusion and 
diffusion anneals, the excellent agreement between 
the surface and grinding methods casts doubt on the 
“roughness” hypothesis of Ruder and Birchenall.” 

In view of the trouble experienced with bound 
activity in the wustite work, the excellent contact 
obtained in this work was rather surprising. Fur- 
ther evidence of the absence of this effect was given 


Fig. 10b—Surface of a disk after the active deposit had been 
evaporated on and diffused for 24 hr at 696°C. X350. Area re- 
duced approximately 25 pct for reproduction. 


by a microscopic examination of the oxide surfaces 
both before and after the diffusion anneals. In every 
case the surface remained clean and bright. As a 
further check, the diffusion anneal of several disks 
was interrupted as described for the wustite work. 
In every case, however, the apparent diffusion co- 
efficient was independent of the diffusion time. 

As all the work on CoO was above the tempera- 
ture where difficulty was encountered with the 
wustite, four CoO disks were annealed for 96 hr and 
diffused for 196 and 355 hr at 800°C in an oxygen 
pressure of 0.0031 atm, and another four specimens 
were annealed for 213 hr and diffused for 352 and 
931 hr at an oxygen pressure of 0.0027 atm. Several 
of the disks were then mounted and sectioned. At 
both oxygen pressures, the apparent diffusion co- 
efficient was independent of the diffusion time, and 
good checks were obtained both between different 
disks and by the surface and sectioning methods on 
the same disk, see specimens C-16, C-19, and C-22 
in Table IV. Although the surface of some of the 
disks developed a brownish coating during the pre- 
diffusion anneal and at X540 the grain boundaries 
of all the disks were covered by a layer of very 
small crystals, none of the Co” tracer appeared to 
be bound to the surface. Because of this conflicting 


Table V. Summary of Possible Errors 


Effect on D 

Source Possible Error Surface Method Sectioning Method 

Errors in the Measurements with Wiistite 
p, H2e/H20 +4 pct +3 pet +3 pet 
Temperature measurement =E2°C +3 pet +3 pet 
Statistical counting errors <1 pet ==2 pet — 
Diffusion time +3 min +10 pct at 1000°C, +10 pet at 1000°C, 

nil below 900°C nil below 900°C 

Measurement of penetration 2x10-4 cm pet 
Absorption coefficient +5 pet +10 pet Nil 

Errors in the Measurements with Cobaltous Oxide 
Po, #2 pet +1 pet +1 pet 
Temperature measurement £2°C +3 pet +3 pet 
Ptecims. are +3 min +8 pct at Po, = 1.0, +8 pet at Po, = 1.0, 


Measurement of penetration +2x10-+ cm 


Absorption coefficient for sectioning method +25 pct 
Error in y count for sectioning method +33 pct 
+7 absorption curve for surface method +5 pet 


below 1150°C 


T = 1850°GC; nil 
below 1150°C 
+1 pet 

+2 pet 

+3 pct 
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evidence for and against bound tracer, it is impos- 
sible to say whether or not binding of the tracer 
would occur on CoO disks at lower temperatures. 
It is obvious, however, that no significant binding 
occurs down to 800°C. 

Composition of Cobaltous Oxide and the Diffusion 
Mechanism: The concentration of excess oxygen 
found in cobaltous oxide in this study (Table III) 
was proportional to the 0.26 +0.1 power of the oxygen 
pressure between 1000° and 1350°C. This fact, taken 
in conjunction with the finding that the diffusion co- 
efficient of cobalt in the oxide is also proportional 
to a similar power of the oxygen pressure, shows 
that the nonstoichiometry is caused by vacant cation 
sites and that cation diffusion occurs via these sites 
as in the case of iron in wistite.” 

The O:Co ratios found here are much lower than 
the value of 1.04:1 found by Preece and Lucas” at 
1000°C. These investigators do not describe their 
procedure beyond saying that they heated Co,O, 
which “reverted” to CoO, which they then heated at 
1000°C and weighed. Unless they cooled their speci- 
mens quickly before weighing, much of their excess 
oxygen can be attributed to the formation of Co,O. 
during cooling. 

Himmel, Mehl, and Birchenall” showed that, 
within the relatively large limits of error of their 
measurements, the self-diffusion coefficient of iron 
in wustite is approximately proportional to the con- 
centration of vacant iron lattice sites at 897°C (see 
their Fig. 6). At 800°C, however, the diffusion co- 
efficient is almost independent of the vacancy con- 
centration, but at 983°C it is proportional to the 1.25 
power of the vacancy concentration. The fact that 
the number of vacant cation sites in wustite is pro- 
portional to powers of the oxygen pressure much 
greater than 0.167 suggests, as Richardson” and 
Hoar” have already indicated, that there may be a 
considerable degree of association between the va- 
cancies and the ferric iron atoms,* as well as possi- 


* The equilibria may be represented as follows: 
2 Fe--+ = 2 Da (Pog) 1/6 
2 Fe--+%202 = Fe:--+ (Fe---[]) +O--; [Ja (Po,) V4 
2 Fe--+ = (Fe---[]Fe---) + O--; [Ja (Po,) ¥?. 


ble variations of the activity coefficients with con- 
centration. 

It would be expected that the completely asso- 
ciated sites in wustite would be less useful for diffu- 
sion than those partially associated and these again 
less useful than the fully dissociated sites. The dif- 
fusion of a ferrous ion into an associated vacancy 
commonly must involve the simultaneous partial or 
complete dissociation of the vacancy, although there 
are a restricted number of ways in which a ferrous 
ion could diffuse into an associated vacancy without 
dissociating it further. The accuracy of the data on 
self-diffusion in wiistite does not permit a decision 
to be made, although the fact that at the lowest 
temperatures the self-diffusion coefficient is almost 
independent of the total number of vacant sites 
suggests that it is the fully dissociated sites which 
are most important. It can be calculated, for ex- 
ample, from the three simplest equilibria* that, 


* See footnote above. 


under conditions where the proportion of fully dis- 
sociated vacancies is very small, the molar concen- 
tration of fully dissociated vacancies is independent 
of the oxygen pressure and of the total vacancy 
concentration. 

Unfortunately the accuracy of the authors’ rela- 
tion between composition and oxygen pressure for 
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cobaltous oxide is insufficient to show how the cation 
diffusion coefficient varies with the total concentra- 
tion of vacant cobalt-lattice sites. Since D is propor- 
tional- to powers of the oxygen pressure much 
greater than 0.167, however, there may be consid- 
erable association of the vacancies. These powers 
are approximately the same as those which can be 
calculated from the measurements of Darken and 
Gurry* for the total concentration of vacancies in 
wistite nearly saturated with iron, i.e. 0.33 at 
1100°C and 0.27 at 1400°C. 

If the activity coefficients of the cobaltic ions and 
the vacancies were independent of concentration 
and diffusion were to occur via all three types of 
vacancy, it would be expected that the slopes of the 
lines in Fig. 7 would increase with increasing oxy- 
gen pressure and, hence, increasing total concentra- 
tion of the vacancies. If diffusion occurred primarily 
via fully dissociated vacancies, the slopes would be 
expected to decrease with increasing oxygen pres- 
sure. The actual points suggest that, if there is a 
change in slope, it is a slight increase with increas- 
ing oxygen pressure, although the precision of the 
results is insufficient to confirm this. 

Wagner and Koch” found that the conductivity 
of CoO at 1000°C varied as the 0.23 power of the 
oxygen pressure, again indicating considerable asso- 
ciation between cobaltic ions and vacancies. The 
difference between 0.23 and 0.351 for the oxygen 
dependence of the conductivity and self-diffusion in 
CoO appears to be outside the experimental errors. 
Possibly it may be attributed to impurities such as 
iron in the cobalt used by Wagner and Koch. Under 
the range of conditions of their experiments, all 
such iron would be in the ferric state and the de- 
pendence of the conductivity on oxygen pressure 
thereby decreased. 

Rate of Equilibration of Cobaltous Oxide: Since 
cation diffusion in cobaltous oxide occurs via cation 
vacancies, it follows (if the isotope effect of Bardeen 
and Herring’ is neglected) that 


n 


where D, is the diffusion coefficient of the tracer, 
D; is the diffusion coefficient of the cations, D, is the 
diffusion coefficient of the vacancies, and, ~ is the 
lattice-defect concentration. 

From Eq. 8 the diffusion coefficient of the vacan- 
cies is many times that of the cations. From this, 
Seitz” concluded that the lattice-vacancy concentra- 
tion should approach the equilibrium value for the 
environment in a time short compared with that 
required for a substantial movement of cations 
(e.g., of tracer in a diffusion anneal). It would seem 
therefore that, if at the commencement of a diffu- 
sion experiment there is a vacancy gradient across 
a Single phase specimen (as could, for example, be 
set up in an oxide by making the oxide at an oxygen 
pressure different from that obtaining in the diffu- 
sion anneal), this gradient should almost disappear 
in a time which is short compared to that of the 
diffusion anneal. It should not, therefore, have any 
significant influence on the movement of the tracer 
and, hence, on the measured diffusion coefficients. 
That this hypothesis has been proven for cobaltous 
oxide can be seen from the results given in Table IV, 
where the measured diffusion coefficient is shown to: 
be independent of the preparation of the diffusion 
specimens. Although the lattice defects in metal- 


TRANSACTIONS AIME. 


deficient compounds are not stabilized by thermal 
effects as they are in pure metals, this rapid equili- 
bration must cast doubt on the conclusions of many 
who have attributed anomalous diffusion results to 
the “freezing in” of lattice defects. This doubt must 
remain until it has been proven that these anomal- 
ous results do result from the freezing in of defects. 


Summary 

Measurements have been made of the self-diffu- 
sion coefficients of iron in wiistite at one composition 
and of cobalt in cobaltous oxide over a range of 
compositions. Both sectioning and decrease of sur- 
face-activity methods have been used and the results 
compared. It has been found that with wiuistite be- 
low 850°C, the results obtained by the decrease of 
surface-activity method can be incorrect due to the 
deposited tracer forming tiny crystals during the 
diffusion anneal and thus not bonding properly to 
the basic oxide. With cobaltous oxide, this phenom- 
enon was not observed down to 800°C. 

The decrease of surface-activity method therefore 
is not as reliable as a sectioning technique, and 
whenever used it should be checked by a few sec- 
tioning experiments over the range of conditions 
studied. 

The diffusion coefficients measured for cobaltous 
oxide were 


At 1000°C, D = 2.6x10° (Po,)°* sq cm per sec”. 
At.1150°C; D=.9.0x10™ (Po,)*” sq em’ per sec™. 
At 1350°C, D =%5.1x10= (Po.}** sq cm per sec”. 


The statistical probable errors are approximately 
5 pet in D and 2 pct in the power of the oxygen 
pressure. 

The composition of CoO in equilibrium with 1 atm 
of oxygen was found by analysis to range from 
CoO,.06 at 1000°C to at 1350°C; the concen- 
tration of excess oxygen was found to be propor- 
tional to the 0.26+0.1 power of the oxygen pressure 
between these temperatures. 

It has been concluded that in CoO diffusion of 
cobalt occurs via vacant cation sites. It is not clear, 
however, whether all the vacant sites or only those 
fully dissociated from the cobaltic ions are involved 
in the process. A cobaltous oxide disk reaches equi- 
librium with its environment in a time which is very 
short compared to the time for diffusion of a tracer 
into the disk. 
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Technical Note 


A Calorimetric Investigation of Heats of Formation and Precipitation 


In Some Cu-Sn Alloys 


by J. B. Cohen, J. S. LI 


jp the work reported here, the heats of formation 
of a copper-rich Cu-Sn (a) solid solution and of 
the Cu,Sn («) phase were measured by tin solution 
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. Leach, and M. B. Bever 


calorimetry. An approximate determination of the 
heat effect attending the precipitation of « from a 
supersaturated a solid solution was also made. 
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Alloys and mechanical mixtures were prepared 
from OFHC copper, reported to be 99.975 pct pure, 
and tin containing less than 0.03 pct analyzed im- 
purities. The alloys were melted by induction ina 
graphite crucible, chill cast, and annealed in vacuo 
to obtain homogeneous single-phase structures. The 
alloys were analyzed for copper, and tin was as- 
sumed to be the only other constituent; contamina- 
tion was unlikely, and, in particular, the solubility 
of carbon in Cu-Sn alloys is negligibly small." On 
this basis, the alloys contained 8.10 and 37.95 wt pct 
Sn. The 8.10 pct alloy, after quenching from the an- 
nealing temperature, was supersaturated metastable 
a and the 37.95 pct alloy fell within the narrow 
composition range of the « phase;’ metallographic 
inspection showed that only these single-phase 
structures were present. 

Samples of a and copper were rolled into thin 
strips to provide maximum surface for dissolution, 
while those of « and tin were prepared as small 
lumps. All samples were cleaned thoroughly. 

The calorimetric method has been described pre- 
viously.* Samples at 0°C were added to a bath of 
liquid tin at 350°C. The observed heat effect was 
composed of the heat required for raising a sample 
from 0°C to 350°C and the heat of dissolution. The 
difference between the heat effects associated with 
the addition of an alloy and the addition of a 
mechanical mixture of the same composition repre- 
sents the difference in their energy contents in the 
initial states, that is, the heat of formation of the 
alloy at 0°C. 

In each calorimetric run, two samples of alloy and 
two samples of mechanical mixture were added. The 
heat effect, referred to infinite dilution, for each 
mixture addition was subtracted from that for each 
alloy addition. Four values of the heat of formation 
thus were obtained in a run. 

e Phase: Twelve values of the heat of the for- 
mation of « at 0°C were obtained. Their mean and 
the rms error were —1870 +157 cal per gram-atom 
of «. (One gram-atom of « is equal to 77.12 grams.) 
The heat of formation of « has been determined by 
other investigators. They used dissolution in aqueous 
bromine-potassium bromide solutions at 20°C*°® or 
determined the difference in the heat effects associ- 
ated with cooling alloys and the constituent elements 
from the liquid state to room temperature, which 
yielded the heat of formation of the alloy at 20°C.° 
With these methods, the quantity sought is a small 
difference of large values, while in the work re- 
ported here the heat of formation of « was of the 
same order of magnitude as the observed heat 
effects. The published values of the heat of forma- 
tion, of — and scalaner 
gram-atom of alloy. 
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a Solid Solution: The heat of formation of super- 
saturated a containing 8.10 pct Sn was determined as 
approximately —175 cal per gram-atom (equal to 
66.01 grams) of alloy. This figure is based on the 
best five of 12 values; the others were discarded be- 
cause of known experimental difficulties or exces- 
sive deviations from the mean. 

Precipitation from « Solid Solution: Samples of 
the supersaturated a solid solution were annealed at 
254°C for 219 hr. Metallographic inspection indi- 
cated the presence of two phases, but these may not 
have been equilibrium and 

The energy effect associated with the precipitation 
is the difference between the heats of formation of 
the supersaturated solid solution and the alloy in 
which precipitation has occurred. The heat of for- 
mation of the latter was determined as approxi- 
mately —256 cal per gram-atom. This figure is 
based on only three of four values and additional 
work would be necessary to establish it firmly. The 
energy change associated with precipitation was, 
therefore, approximately —81 cal per gram-atom or 
—1.2 cal per gram of alloy, referred to 0°C. 

Energy effects associated with precipitation from 
solid solutions in various systems have been deter- 
mined by several investigators,” who measured the 
evolution of heat during the process of precipitation. 
Their results demonstrate that the heat effect of 
precipitation depends on the amount of precipitate 
and, hence, on the temperature of precipitation and 
the overall composition of the alloy. No data are 
available for the Cu-Sn system. 
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Effect of Nitrogen on Sigma Formation in Cr-Ni Steels 
At 1200°F (650°C) 


by G. F. Tisinai, J. K. Stanley, and C. H. Samans 


The addition of nitrogen (0.10 to 0.20 pct) to Fe-Cr-Ni alloys of simulated commercial 
purity results in a real displacement of the o phase boundaries to higher chromium con- 
tents. The effect is small for the (y + «o)/y boundary, but is pronounced for the 
(y + a + o)/(y + a) boundary. Although there is an indication of an exceptionally large 
shift of the o boundaries to higher chromium contents, especially in steels with nitrogen 
over 0.2 pct, the major portion of this apparent shift results from the fact that carbide 
and nitride precipitation cause “chromium impoverishment” of the matrices. The effect 
of combined additions of nitrogen and silicon to the Fe-Cr-Ni phase diagram is dem- 
onstrated also. Nitrogen can nullify the effect of about 1 pct Si in shifting the (y + «)/y 
phase boundary to lower values of chromium at all nickel levels from 8 to 20 pct. Ni- 
trogen can nullify this o-forming effect of about 2 pct Si at the 8 pct Ni level, but not 
at the 20 pct Ni level. The alloys studied were in both the cast and the wrought condi- 
tions. There are indications that the o phase forms more slowly in the cast alloys than 
in the wrought alloys if both are in the completely austenitic state. The presence of 8 
ferrite in the cast alloys accelerates the formation of o. Cold working increases the rate 


of o formation in both cast and wrought alloys. 


HE major improvement in Fe-Cr-Ni austenitic 

alloys in recent years has been in the addition or 
removal of minor alloying elements to facilitate bet- 
ter control of corrosion resistance, sensitization, and 
heat resistance. One shortcoming of the austenitic 
Fe-Cr-Ni alloys, which never has been completely 
circumvented, is their propensity toward o forma- 
tion. In the AISI-type 310 (25 pct Cr-20 pct Ni) 
and type 309 (25 pct Cr-12 pct Ni) steels, sufficient 
amounts of o phase can form, if service or treatment 
is in a suitable temperature range, to cause severe 
embrittlement. Also, there is a growing conviction 
that this phase may be contributory to some unex- 
pected decreases in the corrosion resistance of cer- 
tain of the 18 pct Cr-8 pct Ni-type steels. 

The present paper discusses the effect of nitrogen 
additions on the location of the (y+oc)/y and the 
(yta+oa)/(y+a) phase boundaries in the ternary 
Fe-Cr-Ni system, for cast and wrought alloys of simu- 
lated commercial purity, and in similar alloys con- 
taining up to about 2.5 pct Si. The objective is to 
define compositional limits for alloys which will not 
be susceptible to o formation when used near 1200°F 
(650°C). 

An excellent review of the early studies of the o 
phase in the Fe-Cr-Ni system has been compiled by 
Foley.2 Rees, Burns, and Cook’ have determined a 
high purity phase diagram for the ternary system, 
whereas Nicholson, Samans, and Shortsleeve® re- 
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stricted themselves to a portion of the simulated 
commercial-purity phase diagram. Both groups of 
investigators show almost an identical position for 
the commercially significant (y+o)/y phase bound- 
ary. Further comparison of the work of the two 
groups indicates that, below the 8 pct Ni level, the 
commercial alloys have a decidedly greater propen- 
sity toward o formation than the high purity alloys. 
The two groups of workers agreed that both the 
AISI-type 310 (25 pct Cr-20 pct Ni) and the type 
309 (25 pct Cr-12 pct Ni) steels are well within the 
(y+oc) region and that the 18 pct Cr-8 pct Ni-type 
alloys straddle the. a-forming phase boundaries. 
Nicholson et al.* showed, in addition, that these 
boundaries shift toward lower chromium contents 
if greater than nominal amounts of silicon or molyb- 
denum are added. 

The effect of nitrogen on the location of the o 
phase boundaries in the Fe-Cr-Ni system has not 
been known with any certainty. In 1942, an ap- 
proach to this problem was made by Krainer and 
Leoville-Nowak,* but at that time they apparently 
were unaware of the slow rate of o formation in 
strain-free samples and aged their samples for in- 
sufficient times, e.g., 100 hr at 650°C (1200°F) and 
800°C (1470°F). For this reason, it would be ex- 
pected that their (y+c)/y boundary would be shifted 
toward lower chromium contents (restricted y-field) 
when equilibrium conditions were approximated 
more closely. 


Procedure for Studying the Alloys 


The alloys used were prepared in the following 
way: Heats of 200 lb each were melted in an induc- 
tion furnace. A 5 lb portion of each heat was poured 
into a ladle containing an aluminum slug for de- 
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Table |. Compositions of Alloys Investigated, Wt Pct 


Matrix 
Composition* 

Alloy Cr Ni Si Mn Cc Mo Ss P N Cr Ni 

12.78 5.08 
ee 14.90 4.63 0.40 0.34 0.03 0.01 — 0.10 
; b 15.45 5.37 0.37 0.39 0.06 0.01 0.020 0.004 0.10 

2 a 14.82 7.60 0.47 0.40 0.02 0.01 _— — 0.10 13.03 8.19 

b 14.15 8.52 0.40 0.42 0.07 0.02 0.018 0.010 0.12 5 Tate 

3 a 14.59 12.40 0.52 0.52 0.01 13.2 

b 14.40 19.26 0.35 0.53 0.06 0.02 0.021 0.004 0.10 

5 a 18.27 2.79 0.59 0.57 0.01 16.63 3.87 

b 18.35 8.58 0.42 0.40 0.07 0.02 0.015 0.010 0.20 

7 a 16.83 10.21 0.59 0.52 0.03 0.01 0.017 0.010 0.19 15.21 10.40 

8 a 18.11 12.68 0.51 0.52 0.01 16.21 13.21 

b 17.16 18.41 0.42 0.39 0.06 0.01 0.021 0.004 0.10 

b 20.90 2.32 0.40 0.50 0.07 0.02 0.022 0.006 0.12 

11 a 21.40 3.23 0.49 0.51 0.04 0.01 = coe 0.15 19.98 3.29 

12 a 21.94 4.13 0.47 0.53 0.04 0.01 0.010 0.012 0.10 20.82 4.19 

13 a 20.00 8.28 0.49 0.34 0.03 0.01 = —_ 0.11 18.60 8.90 
b 19.89 9.23 0.42 0.44 0.06 0.02 0.015 0.004 0.09 

14 a 20.54 13.04 0.42 0.38 0.03 0.01 — _ 0.10 19.28 13.50 
b 20.62 13.53 0.35 0.50 0.06 0.01 0.014 0.006 0.13 

15 a = — —= 18.57 20.88 
b 19.99 20.52 0.42 0.50 0.06 0.01 0.014 0.004 0.10 

16 a == = — = = 22.45 2.43 
b 23.80 2.39 0.47 0.50 0.06 0.02 0.021 0.006 0.10 

17 a 23.76 2.93 0.41 0.36 0.03 0.01 = => 0.11 22.74 2.97 

18 a 23.69 3.93 0.61 0.54 0.07 0.01 0.008 0.009 0.14 21.97 4.02 

19 a 24.09 6.28 0.49 0.50 0.04 0.05 0.007 0.010 0.16 22.56 6.40 

20 a 23.76 7.12 0.52 0.41 0.04 0.01 — = 0.11 22.62 7.23 

21 a 23.68 12.84 0.54 0.45 0.05 0.01 0.10 21.90 13.42 
b 23.35 13.44 0.47 0.36 0.07 0.01 0.016 0.004 0.14 

b 23.77 19.42 0.66 0.47 0.05 0.01 0.018 0.006 0.13 

23 b 27.63 0.20 0.47 0.62 0.03 0.01 0.007 0.009 0.10 26.70 0.20 

24 b 30.40 0.20 0.51 0.52 0.05 0.01 0.009 0.012 0.12 29.18 0.20 


* Based on complete insolubility of C and N at 1200°F and formation of pure CriC and Cr2N. Where both cast and wrought compositions 
are given, the average value was used in calculating the modified matrix compositions. 

** Series a alloys are castings made from slugs of the respective heat which were deoxidized with aluminum. 
Series b alloys are wrought, made from the remainder of the respective heats after deoxidizing with magnesium. 


yj Analyses are not available. 


oxidation and then was cast into a block approxi- 
mately 3x3x2 in. The remainder of the heat was de- 
oxidized with a Ni-Mg alloy and was poured into a 
cast-iron mold. The resulting ingot was hot rolled 
to 7% in. diam. 

The 24 Fe-Cr-Ni base compositions investigated 
are given in Table I and the 44 Fe-Cr-Ni-Si base 
alloys are given in Tables II through IV. 

Filings of —120 mesh size were prepared from 
both wrought and cast forms of the alloys and were 
sealed in individual Vycor tubes under partial vacu- 
um. Except for the alloys containing silicon (which 
were held only 500 hr, since longer times were not 
necessary), the tubes with their contents were held 
at 1200°+10°F (650°C) for 2000 hr and water 
quenched. The X-ray diffraction powder method, 
using Cr Ka, was used to examine the filings. Phases 
were identified by direct comparison with previ- 
ously prepared standard patterns of austenite, fer- 


rite, o, carbides, nitrides, and oxides. In many 
instances, the filings also were examined metallo- 
graphically to see if the o phase was present. 

For metallographic examination, bulk samples, 
approximately 3s in. cubes, were cut from the cast 
and the wrought alloys (except alloys 23 and 24). 
Unstrained samples from the cast alloys (except 
alloys 12, 18, and 19) were aged at 1200°F for 96, 
500, 2000, and 5000 hr, and unstrained samples from 
the wrought alloys were aged at 1200°F for 170, 620, 
and 2000 hr. Other samples from both the cast and 
wrought alloys then were strained (cold hammered 
to a 50 pct reduction in height). Alloys 12, 18, and 
19 were aged at 1200°F for 500 hr and all the others 
were aged for 910 hr. All the silicon-containing 
alloys were cold worked 50 pet by hammering. The 
cast alloys were aged 500 hr, the wrought alloys, 
1000 hr. The samples were examined metallograph- 
ically, after etching with glyceregia (3 parts glyc- 


Table Il. Compositions and Equilibrium Phases of Fe-Cr-Ni—2.5 Pct Si Alloys Before and After Nitrogenization 


After Nitrogenization 


Before Nitrogenization Compositions Equilibrium Compositions Equilibrium 
Phases, 
Alloy Cr Ni Mo Si Mn Cc Cr Ni 1200°F N Cr Ni er) 
6174 14.93 19.90 0.01 1.87 0.66 0.05 13.88 20.15 +CC — 
6175 17.61 20.20 0.01 1.94 0.72 0.04 16.73 20.45 ues 5 
6134 18.11 19.64 _ 2.11 0.98 0.04 17.25 19.85 vy+o _ 
6133 17.74 18.33 —_ 2.27 1.82 0.04 16.97 18.53 Yt+o —_ 
6416 17.41 14.27 0.02 1.73 0.57 0.05 16.38 14.46 Yt+o _ 
2.34 0.51 0.04 13.73 13.90 — 
‘ 3 2.53 0.51 0.04 16.52 14.00 +o 0.24 15.1 
6260* 16.93 15.15 0.01 2.62 0.40 0.03 16.31 15.26 o 0.20 13.24 a’+ vite 


* Before nitrogenizing both 6244 and 6260 contained 0.03 pet N. 


The value of 0.05 pet was chosen arbitrarily for the other samples. 
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Table III. Compositions and Equilibrium Phases of Fe-Cr-Ni-Si-N Alloys Before and After Nitrogenization 


After Nitrogenization 


Matrix Matrix 
Before Nitrogenization Compositions** Equilibrium; Compositions** Equilibrium 
Phases, Phases, 

Cr* Ni Mo Si Mn Cc N Cr Ni 1200°F N Cr Ni 1200°F 
6458 15.66 8.21 0.09 2.18 1.12 0.03 0.088 1465 830 aty+oa+CC 0.271 13.50 8.43 a’+y+CC 
6454 15:87 Lows 0.10 2.09 0.93 0.02 0.115 14.84 13.90 y+CC 0.333 13.43 14.15 y+CC 
6455 15:75) 1 19:81 0.12 2.10 0.91 0.02 0.119 14.71 20.10 vy+CC 0.271 13.73 20.30 y+CC 
6462 18.25 7.92 0.06 2.34 0.88 0.03 0.104 17.18 8.02 yto 0.274 16.12 8.06 a’+yt+ XK 
6463 18.28 13.58 0.04 2.41 0.88 0.04 0.118 17.00 13.80. vyt+o 0.303 15.81 14.00 yt x 
6464 18.30 19.44 0.03 2.44 0.96 0.03 0.123 17.09 19.75 Y+¢0 0.363 15.62 20.10 yt+totxX 
6465 21.32 8.09 0.08 2.54 1.04 0.03 0.118 20.20 8.21 yt+o 0.370 18.80 8.37 a’+yt+o 
6466 21.21 — 13.56 0.03 255) 0.96 0.03 0.135 20.00 13.78 vyto 0.455 18.13 14.10 yt+o+X 
6484 22.50 19.58 0.03 2.06 0.83 0.07 0.190 20.40 20.10 Yto0 0.665 17.45 20.90 yto+CC+X 
6498 24.87 7.99 0.03 2old 0.90 0.04 0.119 23.70 8.13 vyto — — — — 
6495 23.74 13.42 0.01 1.87 0.97 0.04 0.113 22.59 13.63 Y+o 0.998 17.05 14.59 yto+X 
6494 24.84 19.70 0.01 1.95 0:93 0.05 0.125 23.50 20.10 y+o 0.603 20.82 20.77 yto+X 
645747 15.19 4.24 0.01 1.67 0.75 0.04 0.102 13.97 4.31 at+a’+y+CroN 
6493¢ 17.75 3.85 0.01 2315 0.82 0.04 0.036 16.95 3.89 ata’+yt+o 
6500 22.18 3.85 0.01 2.20 0.61 0.05 0.086 20.99 3.91 at+yto 


* Analyses for Cr and Ni were made from both cast and wrought forms; these values are the average of the two. 
Sulphur ranged from 0.009 to 0.030 pct, phosphorus from 0.009 to 0.022 pct. 


analyses were made from the castings. 


All other 


** Matrix compositions are based on the assumption of complete precipitation of carbon and nitrogen as CrsiC and CreN, respec- 


tively, at 1200°F. 


} Equilibrium phases were determined in the wrought forms of the alloys. 
+t These three alloys were received in the form of very gassy ingots. 
¢ This alloy was not plotted on Fig. 1 because of its very low nitrogen content. 


erin, 2 parts concentrated HCl, and 1 part concen- 
trated HNO,). This etchant attacks the o phase very 
heavily without overetching the other phases. 

Samples of cast and wrought alloys which were 
shown to be susceptible to « formation were nitrided 
and homogenized to increase their nitrogen contents. 
Filings were prepared from these samples, and the 
samples then were aged in Vycor for 500 hr at 
1200°F. The phases in the filings were identified by 
X-ray diffraction and metallography. Some bulk 
samples, which had been protected by Vycor during 
aging, also were examined metallographically. Later 
these samples were dissolved in an electrolytic FeCl, 
solution and the residues were examined by X-ray 
diffraction. 

Results and Discussion 

Fe-Cr-Ni Alloys with High Nitrogen: In drawing 
the ternary diagrams of the various Fe-Cr-Ni sys- 
tems, e.g., high purity, commercial purity, high 
nitrogen, high silicon, etc., it is somewhat mislead- 
ing to plot the compositions of the alloys in accord- 
ance with the analytically determined elemental 


components. Because of the presence of carbides, 
nitrides, and inclusions, the matrix composition, 
which is an important factor in determining suscep- 
tibility to « formation, actually is not determined by 
a simple chemical analysis for chromium, nickel, or 
iron. 

The presence of carbides and nitrides (the oxides 
are excluded purposely) reduces the relative amount 
of chromium and increases the relative amounts of 
iron and nickel in actual solid solution. Also, the 
amount of carbon and nitrogen in solid solution in 
the alloys is reduced to smaller, although indetermi- 
nate, values at 1200°F by the precipitation of car- 
bides and nitrides in the form of Cr,C and Cr.N. 
These compounds were analysed by X-ray fluores- 
cence analysis and were found to be predominantly 
chromium but also to contain some iron; no nickel 
was found in the compounds. For example, the Cr:Fe 
ratio of nitrides, precipitated at 1200°F and ex- 
tracted by an electrolytic FeCl, etch, was found to 
be 15.7:1 for a high nitrogen 24 pct Cr-2 pct Ni 
alloy, and 8:1 for a high nitrogen 30 pct Cr alloy. 


Table IV. Compositions and Equilibrium Phases of Fe-Cr-Ni—I1 Pct Si Alloys Before and After Nitrogenization 


After Nitrogenization 


Matrix Matrix 
Before Nitrogenization Compositions Equilibrium Compositions Equilibrium 

Phases, Phases, 
Alloy Cr Ni Mo Si Mn Cc Cr Ni 1200°F N Cr Ni 1200°F 
6122 12.36 8.51 0.01 0.94 0.63 0.03 11.58 8.58 ality = == — _ 
6123 15.23 8.51 0.01 0.98 0.61 0.04 14.31 8.61 a’+yt+o 0.20 13.35 8.71 a’i+y 
6125 17.87 8.38 0.02 1.01 0.55 0.03 17.13 8.47 a’t+ytato 0.24 15.95 8.58 y+a’+CreN+CC 
6126 21.00 8.35 0.01 0.96 0.66 0.03 20.30 8.43 Y+o 0.39 18.22 8.65 Y+0 
6134 24.13 8.50 0.01 0.87 0.50 0.06 23.08 8.63 Yt+o 0.61 19.66 8.92 ytotx 
6136 12.70 14.54 1.01 0.49 0.05 11.59 14.72 y+CC 
6140 15.00 13.62 0.01 0.96 0.66 0.05 13.94 13.79 0.32 12.16 14.08 y+CC 
6144* 17.83 14.27 0.01 1.03 0.55 0.05 16.85 14.42 yto 0.23 15.58 14.65 ytx 
6145* 21.07 14.93 0.01 1.05 0.58 0.05 20.14 ae vt+o 0.36 18.19 15.48 y+CC+X 
6149* 23.80 14.14 0.02 1.22 0.54 0.05 22.81 14.31 Y+o = — _ — 
6150 11.56 19.38 0.01 1.13 0.77 0.04 10.60 19.60 
6160 15.30 20.30 — 1.10 0.80 0.05 14.25 20.55 vyt+CCc — — — — 
6161 18.90 20.69 — 1.19 0.82 0.05 17.90 20.96 y+CCtoe 0.28 16.45 21.34 y+CC 
6164 20.58 19.77 — 1.19 0.65 0.06 19.48 20.09 y+a0+CC 0.31 17.83 20.41 vy+CC 
6165 24.00 19.51 0.02 1.24 0.60 0.06 22.92 19.82 yto 0.50 20.22 20.48 yto+CC 
6408 25.01 12.57 0.12 1.08 0.62 0.06 23.98 12.76 vyt+o 0.52 20.99 13.25 yto 
6403 17.51 13.75 0.12 0.93 0.52 0.04 16.65 13.89 yvy+CC — — —_— as 
6414 L717 19.64 0.10 0.96 0.68 0.06 15.99 19.97 y+CCc — — — = 
6417 25.35 20.95 0.10 1.14 0.69 0.07 24.15 21.30 Yt+o 0.41 22.06 21.87 ytorX 
613-1 18.58 18.86 0.84 0.85 0.04 17.72 19.05 vy+CC+o 
613-2 18.88 18.99 1.01 0.04 18.02 19.19 y+CC+o 


* Nitrogen analyses show 0.04 pct for both 6144 and 6145, and 0.05 pct for 6149. The value of 0.05 pct was chosen arbitrarily for the 


remaining samples. 


In no instance did sulphur exceed 0.020 pct and the phosphorus 0.024 pct. 
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a—Alloy No. 6 (18.35 pct Cr 
8.58 pct Ni) bulk specimen 
compressed cold about 50 pct. 
X750. Area reduced approxi- 
mately 45 pct for reproduction. 


b—Alloy No. 15 


(19.99 pct 
Cr-20.52 pct Ni) bulk speci- 
men compressed cold about 50 
pct. X750. Area reduced ap- 
proximately 45 pct for repro- 


c—Alloy 8N-18 (17.80 pct Cr- 
8.18 pct Ni) filings. X1000. 
Area reduced approximately 45 
pet for reproduction. 


d—Alloy 20N-18 (18.53 pct 
Cr-19.25 pct Ni) filings. X1000. 
Area reduced approximately 45 
pct for reproduction. 


duction. 


Fig. 1—Metallographic evidence of o formation (large dark-etching regions) in cold-worked low and high nitrogen alloys in which X-ray dif- 
fraction (powder method) did not reveal o phase. Glyceregia etch. Alloys c and d were two of those used by Nicholson et (al 


For this reason, in plotting the compositions of the 
alloys the existence of chromium-impoverished 
matrices should be recognized. 

Because of the lack of information on the solubil- 
ity of nitrogen and carbon in these steels as well as 
on the exact Cr:Fe:Ni ratio of the various nitrides 
and carbides, the most conservative assumption was 
made that only pure Cr,C and Cr.N are precipitated 
at 1200°F. It then becomes apparent that, as the 
carbon or nitrogen content of an alloy is increased, 
the accuracy possible in estimating the degree of 
chromium impoverishment will decrease, simply be- 
cause the carbides and nitrides remove small but in- 
determinate amounts of iron and nickel as well as 
relatively large amounts of chromium from the solid 
solution. 

Correction for chromium impoverishment was not 
considered by Nicholson et al.,°> who plotted their 
data in the more conventional manner, in determin- 
ing the (y+oc)/y boundary for the commercially 
pure Fe-Cr-Ni system. Also, it was found in the 
present study that, when the amount of o formation 
is small, i.e., less than about 5 vol pct, o cannot be 
detected by X-ray diffraction but it can be detected 
by metallographic examination. Filings of some of 
the samples used by Nicholson et al.,* which did not 
show the o phase by X-rays, were available to the 
authors. When checked metallographically, many 
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Fig. 2—Phase boundaries at which o forms at 1200°F in com- 
mercially pure Fe-Cr-Ni steels. Dashed lines are as reported by 
Nicholson et al.° from X-ray diffraction results; solid lines are as 
arrived at after metallographic examination of the same specimens 
(heat-treated filings) and correction for chromium-impoverishment 
effects. 
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of these were found to contain o (see Table V). Fig. 
1 illustrates the general appearance of o in filings. 

A portion of the modified commercial-purity ter- 
nary Fe-Cr-Ni diagram, plotted on the basis of this 
new viewpoint as well as on that of chromium im- 
poverishment, is given in Fig. 2. For the remainder 
of this report, the term ‘“‘commercial-purity bound- 
aries’ will refer to these redetermined boundaries 
separating the o-free and o-containing alloys. 

The comparison between the boundaries of the 
commercially pure system and those of the high 
nitrogen Fe-Cr-Ni system shows that nitrogen causes 
a shift of the o phase boundaries to higher chro- 
mium contents (larger y and (y+a) fields) (see Fig. 3 
and Tables VI through VIII). The shifts shown here 
must represent the minimum effects of nitrogen ad- 
dition, since any consideration of the small amounts 
of iron (and nickel) in Cr,C and Cr.N would result 
in a greater shift towards higher chromium contents 
for the high nitrogen system than for the com- 
mercial-purity system. As shown here, the (y+o)/y 
boundary is shifted approximately 1 pct by nitrogen 
to a higher chromium content except at the y triple 
point where it is substantially the same as for the 
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Fig. 3—Effect of nitrogen on phase boundaries at which o forms at 
1200°F in commercially pure Fe-Cr-Ni steels. Dashed lines are 
modified boundaries given in Fig. 2; solid lines are boundaries as 
affected by increasing nitrogen content. All matrix compositions 
have been corrected for chromium impoverishment. The short dash 
lines of nearly constant nickel content show the effect of increasing 
the nitrogen content of specific compositions (by nitriding and 
homogenizing). In each instance the original (matrix) composition is. 
indicated by an X or triangle and the (matrix) compositions after 
nitriding are indicated by an S or N, depending on whether or not 
o phase was present. 
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Table V. Alloys of Nicholson et al.? Re-examined Metallographically 


Matrix Composition* Equilibrium 
Phases, 
Alloy Cr Ni Mo Si Mn Cc Cr Ni 1200°F 
4N-15 15.30 4.33 0.02 0.54 0.48 0.07 13.98 4.40 aty 
4N-18 LUT 4.49 0.01 0.63 0.57 0.07 15.88 4.56 a+ yto 
8N-15 14.42 8.25 0.03 0.70 0.78 0.06 13.23 8.36 aty 
8N-18 17.80 8.18 = 0.42 0.39 0.07 16.52 8.31 yto 
14N-15 ily Gale; 15.51 0.01 0.28 0.33 0.04 16.27 15.67 OM 
14N-18 17.98 13.88 0.01 0.33 0.36 0.02 17.48 13.96 y+o 
20N-15 14.87 19.69 0.03 0.40 0.49 0.06 13.69 19.96 Y 
20N-18 18.53 19.25 0.01 0.51 0.59 0.03 17.82 19.32 VT: 
* A value of 0.05 pct N was selected in making the calculations for matrix compositions 
Table VI. Phase Relationships in Wrought Alloys (0.10 to 0.20 Pct N) at 1200°F 
Cold- 
Cold- Worked 
Nominal Composition Worked As-rolled Bulk Specimens* Bulk 
Filings,* Specimens, * 
Alloy No Cr Ni 2000 Hr 170 Hr 620 Hr 2000 Hr 910 Hr 
al 15 4 A,M M M M,P M,P 
2 15 8 A,M,N A,M A,M,P M,P M,P 
3 lf) 14 A A,X A,X A,X A,P 
4 15 20 A,C,N A,X A,X A,X A,P 
5 18 4 A,M,N F,M FM F,M,P F,M,P 
6 18 8 A,C,N A,X A,P A,P A,S,P 
8 18 14 A,N A,X A,X A,X A,P 
9 18 20 A,C,N A,X AGG A,X A,P 
10 21 2 F,A,N F,M F,M,P F,M,P F,M,P 
13 21 8 A,M,S,C A,X A,X ANSyXSe A,S,P 
14 21 14 A,C,N A,S,X A,S,P 
15 21 20 A,C,N A,X A,X ALEX A,S,P 
16 24 2 F,A,S,N F,M F,M,S F,M,S,P F,M,S,P 
21 24 14 A,S A,X A,S,X A,S,X A,S,P 
22 24 20 A,S A,X A.S;X A,S,X A,S,P 
23 27 0 F,S,N — — — _ 
24 30 0 F,S,N — 


* Letters stand for: F is chromium ferrite, M is martensite, A is austenite, C is cubic carbide, CriC, N is nitride, CroN, S is o, P is 
random, resolvable particles, a mixture of CryN and CriC, X is grain-boundary precipitate, probably CriC. 


commercially pure system. Depending upon com- 
position, the (y+a+oa)/(y+ea) boundary also is 
shifted to higher chromium contents, varying line- 
arly from substantially no change at the y triple 
point to a change of approximately 7 pct (1.e., from 
15 to 22 pct Cr) at the a triple point. 

The nitriding and homogenizing treatments given 
to o susceptible alloys 13, 14, 16, 17, 20, 21, and 22 
caused definite changes in their propensity towards 
o formation at 1200°F (Table VIII). Alloy 13 still 
formed o when its nitrogen content was raised to 
0.35 pct but not when it was raised to 0.70 pct. Alloy 
14 still formed o when its nitrogen content was raised 
to 0.30 pet but not when it was raised to 0.41 pct. 
Alloy 16 was immune to o formation when its nitro- 
gen content was raised to either 0.74 or 0.79 pct. 
Alloy 17 was immune to o formation at nitrogen 
contents of 0.55 and 0.65 pet. Alloys 20, 21, and 22 
formed o at all nitrogen contents reached. 

X-ray diffraction studies of the residues, from the 
set of high nitrogen samples which had been suc- 
cessively cold hammered, aged at 1200°F, and dis- 


Fig. 4a—Microstruc- 
ture of filing 
(—120 mesh) of al- 
loy No. 17 (24 pct 
Cr-4 pct Ni) con- 
taining 0.65 pct N, 
after holding 148 hr 
at 1200°F. The par- 
ticles are nitrides. 
Glyceregia etch. 
X1000. 
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solved in the electrolytic FeCl, etch, all showed the 
pattern of the compound Cr.N as the strongest one 
present. Studies of alloys 13 and 21 showed the o 
phase. Those of 14, 17, 20, 21, and 22 all had some 
unknown lines which, however, were not necessarily 
common to all the films. A metallographic exami- 
nation of both sets of samples, i.e., both those aged 
as filings and those aged as bulk samples, showed 
that all filings contained a considerable amount of 
small light-colored particles which probably are 
nitrides and that the bulk samples contained a la- 
mellar structure which probably contains nitrides 
(Fig. 4). Calculations of the matrix compositions 
show that, for the most part, the immunity toward o 
formation after nitriding and homogenizing most 
probably is due to chromium impoverishment caused 
by nitride and carbide precipitation. 
Fe-Cr-Ni-Alloys Containing Silicon and Nitrogen: 
The addition of nitrogen to the Fe-Cr-Ni system 
causes both a small but true shift of the (y+o)/y 
phase boundary at 1200°F to higher chromium val- 
ues, and a large but illusory shift to higher chro- 


Fig. 4b—Microstruc- 
: ture of a cold-worked 
bulk sample of alloy 
No. 22 (24 pct Cr-20 
pct Ni) containing 
0.50 pct N, after 
holding 500 hr at 
; 1200°F. The dark- 
a etching particles are 
and the lamellar 
structure contains 
nitrides. Glyceregia 
# etch. X500. 
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Fig. 5—Effect of nitrogen and of about 1 pct Si on phase bound- 
aries at which o forms from austenite (y) in commercially pure 
Fe-Cr-Ni steels at 1200°F. Long dash line is modified boundary 
given in Fig. 2; solid line is boundary for alloys containing about 
1 pct Si; short dash line is boundary for 1 pct Si alloys with in- 
creased nitrogen contents. The short solid lines of nearly constant 
nickel content show the effect of increasing the nitrogen content of 
specific compositions (by nitriding and homogenizing). In each in- 
stance the original (matrix) composition is indicated by an X or 
triangle and the (matrix) composition after nitriding is indicated 
by an S or N, depending upon whether or not o phase was formed. 
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Fig. 6—Effect of about 2 pct Si and nitrogen in the range 0.088 to 
0.190 pct on the phase boundary at which o forms from austenite 
(y) in commercially pure Fe-Cr-Ni steels at 1200°F. Long dash 
line is modified boundary given in Fig. 2; solid line is boundary as 
affected by about 2 pct Si and nitrogen in the range 0.088 to 0.190 
pct; short dash line is boundary for 2 pct Si, 0.088 to 0.190 pct N 
alloys after a further increase in nitrogen content. The short dash 
lines of nearly constant nickel content show the effect of increasing 
the nitrogen content of specific compositions (by nitriding and 
homogenizing). In each instance the original (matrix) composition 
is indicated by an X, triangle, or circle, and the (matrix) composi- 
tion after nitriding is indicated by an S or N, depending upon 
whether or not o phase was formed. 


Table VII. Phase Relationships in Cast Alloys (0.10 to 0.20 Pct N) at 1200°F 


Cold- 
old- Worked 
Nominal Composition Worked As-Cast Bulk Specimens* Bulk 
Alloy Filings,* Specimens,* 
No. Cr Ni 2000 Hr 0 Hr 96 Hr 500 Hr 2000 Hr 5000 Hr 910 Hr 
1 15 M,A,C,N M M M M,P M,P M,P 
2 15 8 M,A,N M M M M,P M,P M,P 
3 15 14 A,N A A,X A,X ISD GVA A,P 
4 15 20 A,C,N A A,X A,X A,P 
5 18 4 M,C,N F.M,X F,M,X F,M,X F,M,X F,M,P 
6 18 8 A,C,N A A,X A,X A,S,P 
7 18 8 A,N A A,X AG A,P 
8 18 14 A,C,N A A,X A,X A,P 
9 18 20 A,C,N A A,X ING A,P 
10 21 2 F,A,C,N F,A,M F,A FA F,A,P F,A,P F,A,P 
11 21 4 F,A,C,N F,A F,A,M,X F,A,M,X F,A,M,X F,A,X F,A,P 
12 21 4 F,A,S = F,A,S (500 hr) 
13 21 8 A,S F,A F,A,S F,A,S F,A,S F,A,S,P F,A,S,P 
14 21 14 A,S A A,S,P A,S,P A,S,P ASP A,S.P 
15 21 20 AG A A,X A,X,Z ASP 
16 24 2 FS F,A F,A F,A F.S.P 
17 24 4 F,A,S F,A FA F,A,S,P F,A,S,P F,A,S.P F,A,S,P 
19 24 6 F,A,S = _ — — = F,A,S (500 hr) 
20 24 8 A,S,N F,A F,A,S F,A,S F,A,S F,A,S,P F.A.S.P 
21 24 14 A,S F,A F,A,S A,S AES A,S ASP 
22 24 20 A,S A A,X A,X IN S77 A,X,Z ASP 


* Letters stand for: F is chromium ferrite, M is martensite, A is austenite, C is cubic carbide, 
dom resolvable particles, a mixture of Cr2N and CrsC, X is grain boundary precipitate, prob. 


precipitate, probably CroN. 


CriC, N is nitride, CreN, S is co, P is ran- 
ably CrsiC, and Z is dispersed, unresolved 


Table VIII. Effect of Nitriding and Homogenizing on Phase Relationships in Cast Alloys 


Treatment No. 1 


Treatment No. 2 


Equilibrium Phases, 1200°F 


Equilibrium Phases, 1200°F 
Cold-Worked 
Bulk Samples 


in Filings Matrix 

ompositions Compositi 

Alloy Metallo- Metallo- Feel, 
No. N Cr Ni X-ray* graphic* N Cr Ni graphic* Residues* 
13 0.70 15.18 9.27 AN Matrix, P 0.35 17.08 9.0" 
14 0.41 17.38 13.82 A.N Matrix, P 0.30 18.05 Matrhe LP 
16 0.79 18.13 2.57 F.N Matrix, P 0.74 18.49 2.56 Matrix, 
17 0.65 19.48 3.09 F,A,N Matrix, P 0.55 20.10 3.07 Matrix, L N 
20 0.56 19.91 7.47 A,S,N Matrix, P,S 0.50 20.25 7.44 Matrix, L,S a 
21 0.69 18.80 13.98 A,S,Nt a 0.50 19.91 13.81 Matrix, LS N,S 
22 0.49 2021 20.32 F,A Matrix, P,S 0.45 20.32 20.25 Matrix, L,S Ni 


* Letters stand for: F is chromium ferrite, A is austenite, N is Nitride, CroN, S is ag, 


CroN and CriC, and L is a lamellar structure which probably is Cr2N, 
+ Also unidentified lines which, however, are not necessarily common to each other among the various patterns 


P is random, resolvable particles, a mixture of 
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mium values because of chromium impoverishment 
of the matrices of the alloys resulting from nitride 
and carbide precipitation. On the other hand, silicon 
additions have been reported as causing an opposite, 
small but true, shift of this boundary to lower chro- 
mium values.® 

The phase relationships for alloys containing ap- 
proximately 1 pct Si, in both the low nitrogen and 
high nitrogen (nitrided and homogenized) states, 
are illustrated in Fig. 5. The presence of o was 
checked by metallographic examination and the 
compositions of the matrices are those calculated on 
the basis of chromium impoverishment. The bound- 
ary shown for the high N.-1 pct Si alloys can be 
drawn much like that of the high nitrogen alloys in 
Fig. 3. Not only has the shift of the (y+«c)/y bound- 
ary caused by silicon been nullified by nitrogen, but 
also the added influence of nitrogen in shifting this 
boundary to higher chromium contents, as shown in 
Fig. 3, still is present. 

With the addition of more than about 1 pct Si, the 
effect of nitrogen definitely is decreased. Although 
nitrogen still is effective at the 8 pct Ni level, it be- 
comes progressively less effective as the nickel is 
increased further, until at the 20 pct Ni level, nitro- 
gen has virtually no effect. The addition of 0.088 to 
0.190 pct N to the 2 pct Si alloys, by use of suitable 
melting practice, has prevented a shift in the (y+o)/y 
boundary at the 8 pct Ni level to values of chro- 
mium lower than those shown for the 1 pct Si alloys 
in Fig. 5 (see Fig. 6). However, at the 20 pct Ni level, 
the nitrogen appears to be ineffective in preventing 
the shift caused by silicon, since the boundary com- 
position here is the same as that found for 2 pct Si 
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Fig. 7—Effect of about 2 pct Si (about 0.05 pct N) on the phase 
boundary at which o forms from austenite (y) in commercially pure 
Fe-Cr-Ni steels at 1200°F. Long dash line is modified boundary 
given in Fig. 2; solid line is boundary as affected by about 2 pct Si. 
For two of the alloys the nitrogen contents were increased further 
(by nitriding and homogenizing). The initial (matrix) composition is 
indicated by an X and the (matrix) composition after nitriding is 
indicated by an S or N, depending on whether or not o phase 
formed. 


alloys containing low amounts of nitrogen (see Fig. 
De 

Introduction of greater amounts of nitrogen (by 
nitriding and homogenizing) into two o susceptible 
15 pet Ni-2 pct Si alloys of low nitrogen content 
caused no change in their phase relationships at 
1200°F that cannot be accounted for by chromium 
impoverishment alone (see Fig. 7). 


a—As-cast showing 5 ferrite in austenite b—Casting after holding 96 hr at 1200°F. c—Casting after holding 500 hr at 1200°F. 
matrix. X500. X500. X500. 


d—Casting after cold working and holding 


910 hr at 1200°F. X750. 1200°F. X750. 


holding 910 hr at 1200°F. X750 


Fig. 8—Mode of sigma formation at 1200°F in the cast and wrought forms of alloy No. 21 (24 pct Cr-14 pct Ni). Dark-etching regions are o 


phase. Glyceregia etch. 
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a—After holding for 
24 hr at 2250°F in at 
quenching. 6 ferrite 
in an austenite mat- 
rix. 


j 


b—After giving sam- 
ple a a further heat 
treatment of 24 hr 
at 1200°F. ferrite 
transformed almost 
completely to o 
phase. 


Fig. 9—Metallographic evidence of o formation in 8 ferrite of cast alloy No. 21 (24 pet Cr- 


14 pct Ni). Glyceregia etch. X250. 


Metallographic Observations on Cast and Wrought 
Alloys: Insofar as susceptibility to o phase formation 
is concerned, no differences were noted between the 
nitrogen-containing cast and wrought alloys. How- 
ever, differences in the rate of formation of « were 
noted between these forms. The o phase is reported 
to form more readily in the wrought alloys than in 
the cast forms.’* The present work indicates this to 
be true only of single-phase alloys. For example, in 
the fully austenitic alloy 22 (24 pct Cr-20 pct Ni) o 
formed more rapidly in the wrought than in the cast 
form. However, the effect was reversed for alloys 
13 (21 pet Cr-8 pet Ni) and 21 (24 pct Cr-14 pct Ni) 
in which o formed more rapidly in the cast forms 
which contained 6 ferrite, than in the wrought forms. 
It is well known that the o phase will form very 
readily in 6 ferrite. 

The mode of o precipitation in alloy 21 (24 pct 
Cr-14 pct Ni) is shown in Fig. 8. In the unstrained 
cast form, o formation occurs readily in the 6 ferrite 
but not in the austenite matrix. However, when the 
cast form is strained, the o phase forms both in the 
6 ferrite and in the austenite matrix. In the un- 
strained wrought form, the o phase forms at the 
grain boundaries. In the strained wrought form, it 
occurs both at the grain boundaries and within the 
grains. Note also the greater amount of o that has 
formed in the strained alloys, illustrating the ac- 
celerating effects of straining on o formation. 

The greater tendency for o phase formation in $ 
ferrite is illustrated also in Fig. 9. The cast form of 
alloy 21 was held at 2250°F for 24 hr in argon to 
increase the amount of 8 ferrite, and then was aged 
at 1200°F. Within 24 hr at 1200°F, 8 ferrite was 
converted almost completely to co. 

Fig. 10 shows a dark-etching constituent which 
formed within 96 hr at 1200°F in the grain bound- 


a 


a—After holding 96 
hr at 1200°F. 


wr 


aries of alloy 14 (21 pet Cr-14 pct Ni) which is com- 
pletely austenitic in the cast form. The nature of the 
precipitate is not known. Although it etches some- 
what like oa, it does not look like it under the micro- 
scope. Moreover, an X-ray diffraction examination 
of the residue of an electrolytic FeCl, extraction did 
not show any evidence of o phase. 


Conclusions 

1—The addition of nitrogen above amounts ordi- 
narily found in steels of the Fe-Cr-Ni system has two 
effects: A—By precipitation of nitrides (as well as 
carbides), a chromium impoverishment of the ma- 
trix occurs which gives an apparent though errone- 
ous impression of large shifts of the o boundaries to 
higher chromium contents. B—Over and above the 
chromium-impoverishment effect, the residual nitro- 
gen significantly displaces the (y+o)/y phase 
boundary at least 1 pct to higher chromium contents 
for alloys containing more than about 8 pct Ni; and, 
for alloys containing less than about 8 pct Ni, the 
nitrogen displaces the (y+a+oa)/(y+a) phase 
boundary to higher chromium contents by an amount 
varying linearly from about 0 pct at the y triple 
point to about 7 pct at the a triple point. These dis- 
placements are considered as the minimum displace- 
ments possible. Consideration of the small amount 
of iron and nickel in the nitrides as well as the small 
amount of nitrogen in solution would cause some- 
what greater displacement of the o-forming bound- 
aries toward higher chromium contents. 

2—KEven in the presence of silicon (up to about 1 
pet), nitrogen has the ability to shift the (y+o)/y 
phase boundary of the Fe-Cr-Ni system to higher 
values of chromium. This is evident at all nickel 
levels, in alloys containing about 1 pct Si. However, 
in alloys containing about 2 pct Si, this ability to 


b—After holding 
2000 hr at 1200°F. 


Fig. 10—Unidentified precipitate (not o) in the as-cast austenitic alloy No. 14 (21 pct Crd. 


pct Ni). Glyceregia etch. X500. 
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shift the (y+o)/y boundary exists at the 8 pct Ni 
level but has virtually disappeared at the 20 pct Ni 
level. 

3—Except in the presence of 8 ferrite, forms at a 
slower rate (at 1200°F) in the as-cast alloys than in 
the wrought alloys. The accelerating effect of cold 
work on o formation in both cast and wrought alloys 
is demonstrated clearly. 
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Technical Note 


Titanium-Manganese Phases 


by Harold Margolin and Elmars Ence 


WO versions of the Ti-Mn binary diagram have 

been published recently.” * Both diagrams show 
two compounds in the region between 40 and 70 wt 
pet Mn, but disagree as to the reaction in which 
these compounds are involved. The investigation of 
the manganese-rich portion of the Ti-Mn binary dia- 
gram was undertaken at New York University as 
part of an investigation of ternary systems with 
titanium and manganese in order to determine which 
of the proposed diagrams is correct. 

A number of alloys between 31 and 70 pct Mn 
were prepared in a manner similar to that described 
by Cadoff and Nielsen,* except that low currents 
(110 amp in argon atmosphere) and long melting 
times (up to 20 min) were used to prepare the alloys. 
Compositions .were determined from weight-loss 
data, assuming all loss as due to manganese. Heat 
treatments were carried out with relatively large 
pieces, since there was a tendency for manganese to 
be lost during heat treatment. When X-ray diffrac- 
tion data was to be obtained, the central parts of 
heat-treated specimens were used to make filings or 
powders which were not heat treated. 

Specimens were heat treated from the as-cast 
state. Heat-treatment times were as follows: 1150°C, 
1 day; 1100°C, 2 days; 1000°C, 5 days; and 900°C, 
15 days. It should be noted that equilibrium was not 
attained at 900°, 1000°, and in one case, at 1150°C. 
Metallographic specimens were electrolytically pol- 
ished and strain etched by a technique described 
elsewhere.* 
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AIME, are Research Associates, Engineering Research Diy., New 
York University, New York. 

TN 230E. Manuscript, Apr. 19, 1954. 


TRANSACTIONS AIME 


At least four, and possibly six, phases were found 
in the region investigated. On the basis of informa- 
tion available at this time, a completely self-con- 
sistent diagram cannot be constructed, and there- 
fore data are presented only for those phases which 
have been identified by both X-ray and microstruc- 
ture. 

Of the compounds detected, the one highest in 
manganese is the Laves phase, TiMn.,, which is hexa- 
gonal with a MgZn, type of structure.’ The diffrac- 
tion data for TiMn, from a 70 pet Mn alloy annealed 
at 1150°C are shown in Table I.~The c/a ratio and 
parameters of TiMn, agree well with those of Wall- 
baum’ and Rostoker et al.*° The values obtained here 
are c/a = 1.641, a = 4.825A. Another compound is 
the y-phase which is estimated to contain about 60 
pct Mn. The y-phase has a structure which is iden- 
tical to that of TiMn, with c/a = 1.639, a = 4.906A. 
The fact that y has a Laves-type lattice would sug- 
gest that TiMn, has a range of solubility which ex- 
tends from the composition of TiMn, (69.6 Mn) to 
that of y (60 pet Mn). However, this could not ac- 
count for microstructures which, in the 60 to 70 pct 
Mn region, show several phases in both the as-cast 
state and after annealing at 1150°C. 

Fig. 1 shows a two-phase structure of a 60 pet Mn 
alloy annealed at 1150°C. The phases present are 
y (white) and « (dark). If y were TiMn, then, ac- 
cording to Rostoker et al.,” the second phase of Fig. 1 
should be £-Ti. The diffraction data for the 60 pct 
Mn alloy of Fig. 1 are shown in Table I. The starred 
d-values are from the e-phase and these lines do not 
correspond to those of B-Ti. Comparison of as-cast 
and 1150°C microstructures of the 60 pct Mn alloy 
indicates that « precipitated from y. Since y has a 
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Table |. Diffraction Data of Ti-Mn Phases 


F a = 4.825A Phase: c/a = 1.639 a= 4.906A,c = 8.040A Ti—60 Pct Mn 6-Phase: Ti—50.5 Pct Mn 
TiMne: c/a = 1.641 C= 7917A 
Ti—70 Pct Mn Annealed Ti—50.5 Pct Mn Annealed ee Hr ees): Hr 
At 1150°C Calculated As Cast Calculated at 1150°C a 5 
i Relative Relative 
Relative Relative 
d, A Intensity d,A Indices d,A Intensity Indices d,A Intensity d,A Intensity 
0.05 
.168 0.1 4.162 100 4,255 0.15 4.249 100 4.445 q 
3.048 0.1 3.958 002 4.019 0.08 4.020 002 4.219 oe 
3.696 0.07 3.700 101 3.763 0.15 Bey 101 3.983 Be 
2.874 102 2.920 102 3.745 
2.412 0.5 2.412 110 2.451 0.5 2.453 110 2.487 
2 062 1 | 2.080 2-094 112 
.062 1 2.059 112 . 
0.8 2.020 201 2.054 1 2.054 201 2.331* 
1.981 0.3 1.979 004 2.010 0.05 2.010 004 2.300 o: aaa us 
1.848 0.4 1.848 202 1.876 0.4 1.878 202 2.262 
1.789 0.4 1.789 104 1.816 0.2 1.817 104 2.202" ae nets wee 
1.640 0.1 1.638 203 1.666 0.15 1.665 203 2.177* Hos reer Bee 
1.394 0.08 1.393 300 1.416 0.08 1.416 300 2.165% 0.0: ere pe 
1.357 0.4 1.356 213 1.379 0.4 1.378 213 2.123 0.5 ies ae 
15315 0.4 1.314 302 1.336 0.3 1.336 302 2.093 1 eet oo 
1.262 0.4 1.262 205 1.279 0.5 1.278 205 2.050 il oer on 
1.236 0.2 1.234 214 1.255 0.1 1.258 214 2.010 0.5 ath ae 
1.207 0.3 1.205 220 1.228 0.2 1227 220 
0.3 1.115 206 02 
1.094 0.07 1.092 107 
1.063 0.3 1.061 313 
1.411 0.04 
0.4 
1.335 0.4 
1.315* 0.1 
1.290* 0.02 
1.279 0.4 
1.251 0.06 
1.226 0.4 


* In this column starred d-values belong to e, others are from y. 


range of compositions which extends from 60 to 
possibly 58 pct Mn with decreasing temperature,’ 
this suggests that « lies between y and TiMn.. 

y has been found in the diffraction patterns of 
as-cast alloys containing from 45 to 60 pct Mn and 
for a 1150°C anneal only in the 60 pct Mn alloy of 
Fig. 1. Diffraction data of y for both the as-cast and 
annealed conditions are shown in Table I together 
with calculated d-values. It can be seen from Table 
I that there is close agreement between the d-values 
of y obtained from as-cast and annealed alloys. In 
both cases the d-values are not the same as those of 
TiMn,. 

It has been pointed out that the diffraction pattern 
of y appears only in the 60 pct Mn alloy after anneal- 
ing at 1150°C. In alloys containing less than 60 pct 


Fig. 1—Ti-60 pct Mn alloy, annealed at 1150°C for 24 hr, 
water quenched. Electrolytically stained, “HG” electrolyte. 


y is white (actually bluish-green) and e is gray (actually 
violet). X350. 
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Mn, a new diffraction pattern appears after an anneal 
at this temperature. This new phase is indistinguish- 
able microstructurally from y. Evidence is available’ 
which suggests that this compound, 4, is close to the 
composition of y and either may form by peritectoid 
reaction between §-Ti and y or may be an allotropic 
modification of y. The diffraction data for 6 were 
obtained from three alloys containing approximately 
45, 48, and 50.5 pct Mn and the d-values from the 
50.5 pet Mn alloy are shown in Table I. 

The stain-etched colors of the phases discussed 
above, as etched with HG-electrolyte,* are as fol- 
lows: TiMn,, pink; «, similar to TiMn, but lighter; 
y, bluish-green; and 8, similar to y. 
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Temper Embrittlement of 5140 Steel 


by S. H. Bush and C. A. Siebert 


Isothermal temper-embrittlement studies were conducted on a 5140 steel at various 
temperatures for times as long as 3000 hr. Specimens from the embrittled steel were 
subjected to impact tests, metallographic examination, microhardness, and lattice- 


parameter measurements. 


EVERAL of the steels in the low alloy group are 

subject to a pronounced decrease in impact energy 
if held within, or cooled slowly through, a range of 
temperatures below the lower critical. This phe- 
nomenon, known as temper embrittlement, is quite 
pronounced in the chromium steels of which AISI 
5140 is typical. 

This study considered the response of one heat of 
5140 steel when embrittled isothermally at various 
temperatures for times as long as 3000 hr. 

Excellent reviews of the work done in the field 
of temper embrittlement have been written by 
Hollomon’ and Woodfine.’ Both authors list the vari- 
ous theories which have been advanced to explain 
temper embrittlement. Some of the mechanisms 
considered were: 1—a transformation below 700°C; 
2—an allotropic modification of iron; 3—precipita- 
tion from the ferrite of such compounds as carbides, 
nitrides, phosphides, or chromium oxides; 4—de- 
composition of retained austenite; 5—modification 
of special carbides; 6—grain-boundary segregation; 
and 7—selective distribution of carbides. 

The present study investigated the changes in 
hardness, Meyer’s number, impact properties, micro- 
structure, and lattice parameter which occurred on 
embrittlement. Previous studies considered the in- 
fluence of microstructure and of prior austenitic 
grain size* on the response of 5140 steel to temper 
embrittlement. 


5. H. BUSH and C. A. SIEBERT, Members AIME, are Instructor in 
Dental Materials and Professor of Metallurgical Engineering, re- 
spectively, University of Michigan, Ann Arbor, Mich. 
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ing, November 1954. 
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Equipment and Procedure 

All samples were taken from one heat of 5140 

steel; the chemical composition of this steel was: 
0.43 pct C, 0.86 pet Mn, 0.020 pct P, 0.019 pct S, 
0.27 pct Si, 0.84 pct Cr, 0.10 pct Ni, 0.06 pct Mo, 
0.10 pct Cu, and the remainder Fe. The material was 
received as 34 in. rounds. This stock was cut down to 
blanks measuring approximately 0.425x0.425x2.196 
in. 
Heat Treatment: The rough blanks were normal- 
ized at 1600°F (870°C) for 1 hr, then austenitized 
at 1600°F (870°C) for 1% hr, and quenched into an 
agitated oil bath. The specimens were tempered at 
1275°F (690°C) for 5 hr and water quenched. These 
tempered specimens were designated as the tough- 
ened state. 

Embrittling Treatments: The tempered bars were 
divided into sets and subjected to the various em- 
brittling treatments listed in Table I. Temperatures 
from 750° to 1050°F were investigated for times of 
1 to 3000 hr. Special tests to determine the effect 
of heating a short time at a higher temperature after 
long-time embrittlement at some lower temperature 
were also conducted. All specimens were water 
quenched at the end of the embrittling cycle, then 
ground and notched to obtain standard Charpy 
V-notch specimens. 

Impact Tests: The bars were fractured in a 260 
ft-lb Charpy impact unit; specimens were fractured 
at temperatures ranging from —315°F to room tem- 
perature. Fixed temperatures used consisted of 
—315°F with liquid nitrogen, —115°F with dry ice 
and acetone, and 32°F with ice and water. Inter- 
mediate temperatures were obtained by suspending 
the bars in a jig over the liquid nitrogen, dry ice 
and acetone, or ice and water. 
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After determining the impact energies, the speci- 
mens were immersed in acetone to protect the frac- 
tures until the bars reached room temperature. The 
specimens were removed, dried, and the percentage 
of brittle fracture determined by comparing with a 
series of calibration fractures. These values were 
plotted as impact energy vs testing temperature, or 
the percentage of brittle fracture vs testing tem- 
perature. 

Metallographic Examination: Sections were taken 
from the bars fractured at room temperature for 
each heat treatment or embrittling cycle. These 
specimens were polished electrolytically and etched 
with ethereal picric acid following the method sug- 
gested by Jacquet.” ° These samples were examined 
at X2000 for selective attack of the embrittled speci- 
mens. A typical series covering embrittlement at 
950°F for 100 hr, reversals at 1250°F, and re-embrit- 
tlement at 950°F is included, together with a micro- 
graph of the steel in the toughened state. 

Microhardness: Some of the electrolytically pol- 
ished specimens were tested to determine the Meyer’s 
numbers in the various states. A series of micro- 
hardness measurements were made at loads of 100 
and 1000 grams using a Tukon unit with the 136° 
diamond pyramid point. Values were averaged for 
each specimen and load, and n, the Meyer’s number, 
determined analytically as suggested by Biickle.° 

Lattice-Parameter Measurements: The electro- 
lytically polished specimens used for the metal- 
lographic survey were examined with X-rays, using 
a back-reflection technique, to determine if any 
change occurred due to embrittlement. Unfiltered 


Table |. Transition Temperatures, Lattice Parameters, and Meyer's 
Numbers for Various Times and Embrittling Temperatures 


Transition Temperature 


Extra- 
50 Ft-Lb 50 Pct polated 
Impact Brittle Lattice 
Energy, Fracture, Para- Meyer’s 
Heat Treatment oF oF meters Number 
16002 S127 52h —103 —103 2.8620 1.89 
750°F, 100 hr; 1250°F, 1 hr —103 —98 2.8616 1.96 
950°F, 100 hr; 1250°F,1lhr —85 2.8620 
950°F, 100 hr; 1250°F, 1 hr; 
950°F, 100 hr —18 —26 2.8614 — 
750°F, 1 hr —92 —90 — —_— 
750°F, 10 hr —90 —88 — _— 
750°F, 24 hr —80 —83 — —_— 
750°F, 100 hr —78 —88 2.8616 = 
750°F, 1000 hr —80 —96 —_— — 
750°F, 3000 hr —87 —87 2.8615 — 
850°F, 1 hr —87 —90 
850°F, 10 hr —80 —81 — — 
850°F, 24 hr —69 —54 aa — 
850°F, 100 hr —45 —51 2.8610 — 
850°F, 1000 hr 
850°F, 3000 hr 27 34 2.8608 — 
950°F, 1 hr —85 —83 2.8619 1.97 
950°F, 10 hr —40 —47 2.8616 1.92 
950°F, 24 hr —24 —33 2.8613 1.95 
950°F, 100 hr —4 —9 2.8612 1.94 
950°F, 1000 hr —6 —6 2.8610 — 
950°F, 3000 hr —15 —15 2.8610 -= 
1000°F, 1 hr —74 —74 — — 
1000°F, 10 hr —42 —53 — — 
1000°F, 24 hr —34 —42 — — 
1000°F, 100 hr —34 —42 2.8613 — 
1050°F, 1 hr —31 —81 2.8614 1.97 
1050°F, 10 hr —51 —53 2.8614 1.90 
1050°F, 24 hr —63 —49 2.8610 1.95 
1050°F, 100 hr —74 —67 2.8614 1.98 
1050°F, 1000 hr —56 —56 2.8611 _— 
1050°F, 3000 hr —67 —58 2.8614 — 
1100°F, 10 hr —58 —T71 — — 
1100°F, 24 hr —60 —69 — — 
1100°F, 100 hr —49 —49 2.8614 _ 
Pure iron 2.8606 — 
As-quenched (5140 steel) 1.93 


* Toughened condition used as a base for determining transition- 
temperature shift. 
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cobalt radiation was used with a small symmetric- 
back-reflection camera. The lattice parameters were 
determined using the graphical method suggested by 
Cohen.’ 

Discussion 

The Rs hardnesses of all specimens were deter- 
mined before the impact test. It is interesting to 
note that the maximum shift in average RB hard- 
ness from the toughened state to the softest condi- 
tion encountered in the embrittling cycle was less 
than six points, and the range of values from the 
highest to the lowest was less than nine points. 
Therefore, it is believed that any change in hardness 
is too small to affect the impact values noticeably. 

An examination of Table I will prove the reversi- 
bility of the temper-embrittlement reaction. The 
950°F, 100 hr cycle shifts the transition temperature 
approximately 100°F from the base or toughened 
state. One hour at 1250°F after 100 hr at 950°F is 
sufficient to decrease this shift to less than 25°F. An 
additional 100 hr at 950°F increases the shift to 
about 80°F. 

Temperatures as low as 750°F do not appear to 
promote temper embrittlement. The maximum shift 
observed is only 25°F. It is interesting to note that 
a slight reversal apparently occurs at 3000 hr. How- 
ever, the decrease is so limited that it may be mean- 
ingless. 

The optimum long-time embrittling temperature 
of those investigated was found to be 850°F. Em- 
brittlement was not pronounced in the short-time 
cycles, but a shift of about 130°F occurred in 3000 
hr, the greatest shift observed. 

Pronounced embrittlement occurred in relatively 
short times at 950°F. A shift of approximately 100°F 
was observed within 100 hr. After 100 hr the em- 
brittlement decreased gradually. 

In the case of the embrittling tests at 1050°F, two 
maxima were observed in the transition-tempera- 
ture shift. The first occurred in 10 hr after which a 
decrease was noted until 100 hr when an increase 
occurred to a maximum at 1000 hr followed by an- 
other decrease. These general trends were confirmed 
by tests at 1000° and 1100°F. 

The lattice parameters appearing in Table I con- 
firm the shifts noted in the transition temperature. 
As the transition-temperature shift increases, the 
lattice parameter decreases. A reversal in the one 
is accompanied by a reversal in the other. This indi- 
cates a decrease in lattice size due to a removal of 
an interstitial component such as carbon or the re- 
arrangement of the substitutional constituents. The 
changes in parameter are not pronounced, but the 
fact that there is such a definite correlation between 
the transition-temperature shift and the parameter 
tends to confirm the reversals observed in some of 
the cycles. 

The Meyer’s numbers given in Table I qualita- 
tively confirm the embrittlement of the steel, but 
there does not appear to be a quantitative relation- 
ship. An increase in the Meyer’s number is observed 
with embrittlement, indicating an increase in strain 
in the structure. Unfortunately, the Meyer’s num- 
bers increase and decrease while a continuous in- 
crease in transition-temperature shift occurs. This is 
particularly noticeable at 950°F. As a result, this — 
test is not believed to be satisfactory for following > 
the temper embrittlement of a 5140 steel. 

The reversal occurring after embrittling, then re- 
heating to some temperature close to the lower crit- 
ical, is very apparent in Fig. 1. After 100 hr at 950°F, 
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a—Tempered at 1275°F for 5 hr. 


4 


b—Tempered at 950°F for 100 hr. 


d—Tempered at 950°F for 100 hr, 1250°F for 1 hr, 950°F for 100 hr. 


Fig. 1—Reversal of embrittlement by heating to a higher temperature. Ethereal picric immersion etch, 2.5 min. X2000. Area reduced 


approximately 35 pct for reproduction. 


the steel displays a continuous grain-boundary etch 
pattern. One hour at 1250°F removes this attack 
completely and the structure is the same as the 
toughened state. An additional embrittling cycle of 
100 hr at 950°F is sufficient to cause essentially the 
same degree of attack as that observed after the first 
100 hr. In this case there is complete correlation 
among transition-temperature shift, lattice para- 
meter, and microstructure. In no case was a pre- 
cipitate observed at the grain boundaries when 
examined with optical or electron microscopes. 


Conclusions 

1—A reversal in the temper embrittlement of a 
steel may occur if held at some temperature suf- 
ficiently long. This reversal may be followed by an 
increased embrittlement when held for a longer 
time; this in turn may decrease on further holding. 

2—A short time at a temperature near the lower 
critical is sufficient to remove extensive embrittle- 
ment developed by holding a long time at some lower 
temperature. 

3—In a quenched and drawn structure, the degree 
of attack of the austenitic grain boundaries conforms 
to the shifts in transition temperature caused by 
embrittlement. 

4—The Meyer’s number qualitatively differentiates 
between a tough and temper-embrittled steel, but 
does not accurately portray an increase or decrease 
in embrittlement. 
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5—An increase in embrittlement is accompanied 
by a decrease in the lattice parameter; similarly, a 
decrease in embrittlement is accompanied by an 
increase in lattice parameter. The shift in lattice 
parameter is an indication of the degree of embrittle- 
ment as noted by a transition-temperature shift. 
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pered at 950°F for 100 hr, 1250°F for 1 hr. 


Stabilization of the Bainite Reaction 


by R. F. Hehemann and A. R. Troiano 


The influence of partial decomposition to high temperature bainite on reaction 
kinetics at a lower temperature has been studied in two alloy steels. Reaction at the 
lower temperature is retarded by the prior treatment, and the extent of decomposition 
may be reduced. Interpretation of these results is based on a mechanism involving a 
limitation in the nucleation and growth of bainite plates. 


F the major transformations in steel, the charac- 
O teristics and general behavior of the bainite 
reaction are probably the least understood and ap- 
preciated. Limitations of space preclude a critical 
evaluation of the present status of the bainite trans- 
formation in this presentation; however, such a 
treatment will shortly appear elsewhere. 

Only the salient features pertinent to the present 
investigation will be introduced briefly here. Al- 
though the reaction curve for the formation of 
bainite is similar to that for a nucleation and growth 
process, other kinetic features are more in keeping 
with the martensitic mode of transformation. A defi- 
nite temperature exists above which austenite will 
not transform to bainite.*° This temperature, which 
has been designated B,, is determined by the com- 
position of the austenite. Unlike other nucleation 
and growth processes, the amount of austenite trans- 
formed to bainite is a function of reaction tempera- 
ture. The extent of decomposition increases from 0 
at B, to 100 pct at some lower temperature.” * This 
lower temperature will be designated B, and appears 
to be relatively insensitive to austenite composi- 
tion.” * The similarity in the effect of reaction tem- 
perature on the bainite and martensite transfor- 
mations serves to emphasize the close connection 
between these two decomposition processes. 

Austenite decomposition in the bainite range pro- 
ceeds without partition of the alloying elements.°” 
Partition of carbon has been proposed” primarily on 
the basis that partial transformation to bainite 
lowers M, and increases the amount of austenite 
retained at room temperature. Carbon enrichment 
resulting from such partition has been employed to 
explain the influence of reaction temperature on the 
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extent of decomposition.” It should be noted, how- 
ever, that no enrichment has been detected experi- 
mentally in high carbon steels.” “ * Lattice-para- 
meter measurements of retained austenite in steels 
containing 0.3 to 0.4 pct C have indicated carbon 
enrichment,” ** although the split indicative of a 
high carbon martensite has not been reported. Car- 
bon enrichment, if it does occur, must be highly 
localized around the bainite plates. Therefore, car- 
bon enrichment does not account for the influence of 
temperature on the progress of the bainite reaction.” 

Thermal history is known to influence the marten- 
site transformation through stabilization.” No 
similar phenomenon in the bainite transformation 
has been reported. 


Materials and Procedure 


Two triple-alloy steels were chosen for this inves- 
tigation. Their compositions were as given in Table I. 
These steels were chosen because the pearlite re- 
action did not interfere with the bainite reaction. 

Steel K was received in the cast condition and 
forged from 2 in. square bars to %x1% in. plates. 
The 4340 was received as 1% in. hot-rolled rounds. 
Both steels were homogenized in vacuum for one 
week at 2300°F in order to minimize segregation. 

A quenching dilatometer similar to that described 
by Flinn, Cook, and Fellows* was employed for 
the kinetic measurements. Dimensional changes 
were detected by a differential transformer coupled 
with a high speed recorder. The dilatometer was 
mounted so that it could be transferred to any one 
of three furnaces: a nitrogen-atmosphere austenitiz- 
ing furnace and two salt-bath furnaces for iso- 
thermal transformation. Dilatometer specimens were 
1/32x¥%4x¥% in. with a gage length of 1.4 in. All 
specimens were nickel plated in order to minimize 
decarburization during austenitizing. The austenitiz- 
ing conditions consisted of 10 min at the tempera- 
tures given above. Austenitizing temperatures were 
controlled to +10°F and transformation tempera- 
tures to +3°F. The precision of the dimensional ~ 
measurements was estimated to be +5x10* in. per in. 


Results and Discussion 


Isothermal Transformation: The characteristics 
of the isothermal bainite reaction will be described. 
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Table |. Composition of Two Triple-Alloy Steels 


Austen- 

Composition, Wt Pct ite Tem- 
pera- 

Designation Cc Si Mn Ni Cr Mo ture, °F 
4340 0.38 0.28 0.74 1.79 0.81 0.26 1550 
K 0.31 0.30 0.76 3.07 1.22 0.49 1650 


in order to provide a reference framework for eval- 
uation of the influence of partial reaction at one tem- 
perature on the kinetics of reaction at a lower 
temperature. Isothermal-expansion curves for the 
bainite reaction in 4340 are illustrated in Fig. 1. 
These curves are typical of the behavior of both 
4340 and the K steels. 

The general shape of the reaction curve remains 
unchanged throughout the temperature interval 
above M,. The isothermal reaction is characterized 
by a short induction period during which expansion 
is negligible, followed by a time period during which 
transformation proceeds rapidly. Reaction soon stops, 
but all of the austenite does not transform. This 
characteristic of the bainite reaction is most evident 
in the reduced overall expansion resulting from re- 
action at the higher temperatures. 

A semiquantitative picture of the way in which 
the extent of decomposition depends on transforma- 
tion temperature (B-T curve) can be obtained from 
the total isothermal expansion.” * This is presented 
as a function of reaction temperature in Fig. 2 for 
4340 and Fig. 3 for the K steel. The B, temperature 
is determined by extrapolation of this curve to 0 pct 
expansion. Thus, it becomes apparent that bainite 
forms only below this characteristic temperature 
and the amount of bainite becomes greater as the 
temperature is lowered. Metallographic examina- 
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Fig. 1—Isothermal-expansion curves for 4340 steel. 
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tion indicated that B, was 730°F for 4340 and 610°F 
for the K steel. The total dilation continued to in- 
crease as the reaction temperature was lowered be- 
low B,;. Some increase in total dilation must be 
anticipated here because of the difference in the 
coefficients of thermal expansion of the austenitic 
and ferritic phases; however, the slope of the curve 
below B, is too great to be accounted for by this 
means. The reason for this anomalous behavior is 
not clear. 

The shape of the reaction curve at temperatures 
below M, (curve for 575°F in Fig. 1) is different 
from that observed above M,. This does not reflect a 
fundamental change in the characteristics of the 
bainite reaction but rather results from the inte- 
grated contributions of the martensite and bainite 
transformations. The initial expansion starting at 4 
to 5 sec results from the athermal martensite trans- 
formation; whereas the isothermal martensite re- 
action” permits transformation to continue even 
after the specimen has attained the bath tempera- 
ture (10 sec). The inflection point at approximately 
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Fig. 2—Total expansion ys transformation temperature for 
4340 steel. 
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Fig. 4—Isothermal-transformation diagram for bainite range of 
4340 steel. 
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Fig. 6—Effect of partial reaction at 935°F on progress of trans- 
formation at 800°F. 


35 sec thus signifies the start of the normal bainite 
reaction. Aside from the marked acceleration in re- 
action rate, the prior formation of martensite has 
not altered the basic kinetic features of the bainite 
transformation. 

Time-temperature-transformation diagrams for 
the bainite range of the 4340 and K steels were 
constructed from the dilatometric data and are pre- 
sented in Figs. 4 and 5. The time for the start and 
end of the rapid reaction was arbitrarily chosen as 
that at which the expansion attained 1 and 99 pct, 
respectively, of the total isothermal expansion. 

At temperatures near the top of the bainite range 
in 4340, the pearlite reaction is initiated if the iso- 
thermal treatment is continued well beyond the end 
of the bainite reaction. As illustrated in Fig. 4, the 
pearlite reaction is accelerated by the prior forma- 
tion of bainite in the same fashion as the bainite 
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reaction is accelerated by the prior formation of 
martensite at reaction temperatures below M,. The 
pearlite reaction in the K steel was not initiated 
within five days at any temperature in the bainite 
range. 

Stepped Reactions: Conventional nucleation and 
growth concepts suggest that a reaction initiated at 
one temperature in a metastable region should con- 
tinue upon quenching to a different temperature. A 
new induction period should not be required at the 
second temperature. In view of the significance of 
such thermal-history effects in the formulation of an 
adequate hypothesis for the reaction mechanism, a 
detailed knowledge of these kinetic features becomes 
virtually mandatory. Therefore, specimens were re- 
acted at a high temperature in the bainite range* 


*In the following, the first reaction temperature will be desig- 
nated T;, and the second T;. 


for a predetermined period of time and then 
quenched to a lower temperature. Fig. 6 compares 
two curves for reaction at 800°F. Curve A illustrates 
the progress of the normal reaction (direct quench) 
at this temperature. In curve B, transformation at 
800°F was preceded by reaction for 45 min at 935°F. 
The 935°F treatment resulted in 24 pct bainite, the 
maximum amount attainable at this temperature. 
Reaction at T, has increased the induction period 
from 28 to 64 sec and has appreciably reduced the 
rate of transformation. Although the reaction rate 
at T, has been lowered, the fundamental kinetic 
feature of a rapid, incomplete reaction has been pre- 
served. 

In addition to the retardation of reaction, prior 
transformation has stabilized part of the austenite 
against decomposition at T,. This is revealed clearly 
in the influence of prior transformation on the total 
dilation at T,. Obviously, transformation at T, must 
reduce the total expansion at T,; however, even 
after correction for the decomposition at T,, the total 
dilation is less than that obtained by direct reaction. 
This difference in total expansion (see Fig. 6) is a 
measure of the amount of austenite stabilized by the 
prior treatment. The semiquantitative observations 
of stabilization obtained with the dilatometer have 
been confirmed by lineal analysis. 

The principal factors controlling the retardation 
process are the holding time, the holding tempera- 


ture (T,), the amount of transformation, and the 


reaction temperature T,. All these are not inde- 
pendent variables and insufficient data are available . 
to permit a complete separation of their individual 
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contributions. It is possible, nevertheless, to define 
the general features of the retardation phenomenon 
and to indicate some of the interrelationships be- 
tween contributing factors. For this purpose, the 
induction period at T, will be employed as a crite- 
rion of the amount of retardation. 

Effect of Reaction Temperature (T,): The depend- 
ence of the induction period of 4340 on reaction 
temperature (T,) is illustrated in Fig. 7. Here, the 
induction period observed after treatment for 45 min 
at T, levels of 950°, 935°, and 900°F is compared 
with that resulting from direct reaction. At reaction 
temperatures near the holding temperature, the 
induction period at T, has been lengthened appreci- 
ably by the prior transformation at T,. The amount 
of retardation becomes less as the difference between 
T, and T, is increased. In fact, there is an apparent 
reversal of the retardation effect at reaction tem- 
peratures below approximately 700°F. 

The K_ steel responded to prior treatment at 

» = 800°F in a manner analogous to that of 4340, 
see Fig. 8. Holding for 2 hr at 800°F has retarded 
transformation at all lower temperatures. Again, the 
amount of retardation decreased as the reaction 
temperature was lowered. 

In each of the cases examined, an induction period 
has been required at the second reaction tempera- 
ture (T,) which suggests that transformation initi- 
ated at T, has not continued at T,. This concept re- 
ceives added weight from an examination of the 
microstructures produced at T,. If the transforma- 
tion product formed at T, had continued its growth 
at T,, then the microstructure should consist of 
platelets of the high temperature product more or 
less completely surrounded by low temperature 
bainite. The structure of 4340 obtained by treating 
1 hr at 930°F followed by 3 min at 700°F is repro- 
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Fig. 8—Effect of 2 hr at 800°F on induction period at lower tem- 
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Fig. 9—Structure of 
4340 steel pro- 
duced by reaction 
for 1 hr at 930°F 
followed by 3 min 
at 700°F. Nital 
etch. X1200. Area 
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mately 40 pct for 
reproduction. 
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duced in Fig. 9. Although the low temperature prod- 
uct (dark platelets) does appear to nucleate in the 
vicinity of the high temperature bainite (light plate- 
lets), its principal direction of growth does not, in 
general, coincide with that of the high temperature 
plate. None of the low temperature product is visible 
around a majority of the high temperature plates. 
It appears that growth of the high temperature 
product does not take place at the lower tempera- 
ture. New plates of low temperature bainite are 
formed both within the austenite and at the austen- 
ite/prior-bainite interface. 

Effect of Time at the Holding Temperature (T;,): 
In the above experiments, the time at T, (45 min) 
has been equal to or greater than that required for 
expiration of transformation. The results therefore 
are clouded by the fact that the amount of bainite 
formed at T, becomes greater as this temperature is 
lowered. In an attempt to separate the effects of 
holding time, holding temperature, and amount of 
bainite, specimens of 4340 were reacted for various 
times at T, levels of 965°, 935°, and 900°F and then 
quenched to 800°F. The induction period at T, = 
800°F is presented as a function of holding time at T, 
in Fig. 10. Analogous results have been obtained for 
other combinations of T, and T,. 

The holding time at T, exerts a potent influence on 
the behavior at T,. Short holding times may reduce 
slightly the induction period at T,; however, in no 
case has it been eliminated. Therefore, the reaction 
initiated at T, does not continue at T, even when 
transformation is still in progress at the instant of 
quenching. This is substantiated by the structure 
produced in 4340 by reaction for 2 min at 940°F fol- 
lowed by 50 sec at 660°F. This structure is illus- 
trated in Fig. 11. 

Since holding for a short time at T, reduces the 
induction period at T, to something less than its 
normal value, it would appear that the reaction at 
T, has been accelerated by the prior treatment. This, 
however, is more apparent than real. On the basis 
of total reaction time, the mere fact that a new in- 
duction period is required indicates that the re- 
action, in reality, has been retarded by the prior 
treatment. This retardation of reaction at T, be- 
comes more pronounced as the holding time at T, 
is prolonged. The induction period at the second 
temperature (T,) exceeds its normal value when 
reaction at the holding temperature (T,) has pro- 
ceeded to an appreciable extent. The arrows in Fig. 
10 designate the time at which the rapid reaction at 
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Fig. 10—Effect of time at several holding temperatures on induc- 
tion period at 800°F. 


NOVEMBER 1954, JOURNAL OF METALS—1275 


| 
| | | 
2 6 
+, 


Fig. 11—Structure of 4340 steel produced by reaction for 2 min 
at 940°F followed by 50 sec at 660°F. Nital etch. X800. Area 
reduced approximately 30 pct for reproduction. 
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Fig. 12—Effect of time at 800°F on induction period at 700°F. 


T, attains 90 pct of its total. It may be noted that 
only the last 10 pct* of the reaction at T,, results in 


*10 pct of the transformable amount and not 10 pct reaction 
product. 


significant retardation at lower temperatures. In- 
deed, the phenomenon producing retardation con- 
tinues even in the absence of detectable transforma- 
tion. Fig. 12 demonstrates that the K steel responds 
to variation of the holding time in much the same 
manner as 4340. The major retardation again is 
associated with holding periods near the end of 
reaction at 

By analogy with the stabilization process associ- 
ated with the martensite transformation,” it might 
be anticipated that the amount of retardation would 
approach a limiting value as the holding time at T, 
is extended. The maximum amount of retardation 
should increase as T, is lowered. Fig. 10 indicates 
that this is true for 4340 although the limiting value 
of the induction period is not much greater after 
treatment at T, = 900°F than it is at T, = 935°F. In 
the K steel, the induction period at 700°F continues 
to increase after prior treatment for five days at 
800°F. Evidently, a time longer than five days is 
required to achieve the limiting state in this steel. 

Relative Influence of T, and Percentage of Bainite: 
Fig. 10 demonstrates that the maximum amount of 
retardation at a given reaction temperature (T,) 
increases as the holding temperature (T,) is lowered. 
Since the amount of bainite at the end of trans- 
formation also increases as T, is lowered, the rela- 
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Fig. 13—Stabilization of austenite at 800°F produced by reac- 
tion for 45 min at yarious T, levels. 


tive effect of holding temperature and percentage of 
bainite on retardation is not apparent. On the other 
hand, it is evident that the retardation process can- 
not be attributed solely to the amount of transfor- 
mation at T,. Thus, 18 pct bainite formed by holding 
for 45 min at 950°F lengthens the induction period 
at 800°F from 28 to 50 sec. The same amount of 
bainite formed by holding for 2 min at 900°F 
shortens the induction period at 800°F from 28 to 18 
sec. Since major retardations are associated only 
with the last few percent of transformation at T, 
regardless of the actual level of transformation, the 
retardation phenomenon may result from the same 
process which produces the incomplete nature of the 
bainite reaction. 

In addition to a general retardation of reaction 
rate, Figs. 7 and 8 reveal that prior transformation 
at T, also causes a lowering of M,. The similarity 
between the effects of holding in the bainite and in 
the martensite” ranges on M, is striking, and as in 
the latter case, depression of M, by prior transforma- 
tion signifies the operation of a stabilization process. 

Stabilization of the Austenite-Bainite Reaction: 
It has been indicated that partial reaction at T, does 
not eliminate the incomplete nature of the bainite 
reaction but actually decreases the amount of bain- 
ite attainable under certain circumstances. This 
stabilization of the bainite transformation has been 
studied by the lineal-analysis technique.” The effect 
of 45 min at several holding temperatures on the 
total extent of reaction after subsequent treatment 
at 800°F is illustrated in Fig. 13. A decomposition’ 
of 97 pct is obtained by direct reaction at this tem- 
perature. As an illustration of the interpretation of 
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this figure, consider reaction at T, = 925°F. It is 
observed that 31 pct austenite is transformed to 
bainite at T, and that an additional 52 pct trans- 
forms during subsequent reaction at 800°F. Prior 
transformation at 925°F thus has reduced the total 
transformation from 97 to 83 pct. The cross-hatched 
region in Fig. 13 thus represents the amount of aus- 
tenite stabilized against reaction at 800°F. 

The amount of stabilized austenite increases as T, 
is lowered below 985°F, passes through a maximum, 
and decreases again as the holding temperature ap- 
proaches the reaction temperature. This character- 
istic of stabilization of the bainite reaction is, there- 
fore, very similar to the corresponding characteristic 
of the martensite transformation.” In the latter case, 
the maximum amount of stabilization occurs at that 
temperature at which all of the austenite not trans- 
formed at T, is stabilized against reaction at T,. 
This is not the situation in the stabilization process 
associated with the transformation of austenite to 
bainite. 

Transformation at one temperature will affect the 
course of the B-T curve at lower temperatures. The 
effect of transformation for 45 min at 935°F on the 
shape of the B-T curve is depicted in Fig. 14. The 
stabilization treatment has reduced the total amount 
of decomposition for all reaction temperatures be- 
tween 935° and 750°F; however, the B, temperature 
was unaffected by the stabilization treatment. 
Stabilization at holding temperatures of 900° and 
965°F was also without effect upon the B, tempera- 
ture. In fact, no thermal treatment capable of dis- 
placing this temperature has been found.* This in- 


* A treatment capable of raising this temperature would afford 
considerable advantage in commercial heat-treating practice. 


sensitivity of B, to prior treatment represents a dis- 
tinct difference between the characteristics of stabil- 
ization of the bainite and martensite reactions. Once 
again, another point of departure in the behavior of 
bainite and martensite is observed. 

The amount of austenite stabilized at T, will also 
depend upon the holding time at T,. The upper part 
of Fig. 15 illustrates the effect of holding time at 
935°F on the total amount of transformation after 
reaction at 800°F. There is very little change in the 
total amount of transformation until the time of in- 
terruption at 935°F exceeds 500 to 600 sec. The re- 
action curve at 935°F, presented in the lower part 
of Fig. 15, demonstrates that the bainite reaction has 
proceeded to within 90 pct of the total during this 
time, so that it is again the last few percentages of 
the bainite reaction at T, which are most effective in 
producing stabilization at T,. Although the amount 
of stabilized austenite appears to reach a plateau 
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Fig. 14—Effect of reaction temperature (T,) on amount of 
austenite stabilized by 45 min at T, = 935°F. 
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value after approximately 2500 sec, initiation of the 
pearlite reaction re-establishes the stabilization 
process. 

Practical Significance of the Retardation Phenom- 
enon: The retardation of the bainite reaction result- 
ing from partial decomposition at high temperatures 
in the bainite range suggests that it may be possible 
to increase appreciably the hardenability of these 
and similar steels with only a slight sacrifice in 
maximum hardness. Troiano™“ has conducted end- 
quench tests employing prior retardation treatments 
on a steel intermediate in analysis between that of 
the 4340 and K steels of the present investigation. 
Hardenability test bars were quenched in salt for 
20 min at 935° and 950°F, respectively, prior to the 
normal end-quench test. Fig. 16 illustrates the effect 
of the prior retardation treatment on the harden- 
ability characteristics. Transformation at the hold- 
ing temperature (935° or 950°F) has reduced 
slightly the hardness at the water-quenched end of 
the bar. The sample treated at 935°F exhibited a 
lower hardness than the one treated at 950°F be- 
cause of the larger amount of bainite formed at the 
lower temperature. Although the maximum hard- 
ness has been reduced, the position along the bar at 
which the hardness deviates from this value has 
been increased considerably. In fact, the specimen 
held at 935°F essentially retained its maximum 
hardness along the entire length of the end-quenched 
bar. It is clear that an appreciable improvement in 
hardenability has resulted from each of these in- 
terrupted quenching treatments. 

The difference in behavior between the tests con- 
ducted at 950° and 935°F is in qualitative agreement 
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with the retardation picture developed previously. 
Fig. 10 demonstrates that, for constant holding time, 
the retardation becomes greater as the holding tem- 
perature is lowered. This is revealed in Fig. 16 by 
the fact that the specimen treated at 935°F did not 
decrease appreciably in hardness along the entire 
length of the bar, whereas the specimen held at 
950°F did exhibit some loss in hardness away from 
the quenched end. 

This retardation phenomenon may have even 
more far reaching significance in explaining the 
hardenability response of medium carbon alloy 
steels. In general, appropriate alloy combinations 
produce a significant reduction in the rate of the 
reactions which occur in the pearlite range, whereas 
their effect on the rate of the bainite reaction is 
considerably less. In spite of the short induction 
period for the isothermal bainite reaction, such 
steels frequently exhibit excellent hardenability in 
the end-quench test. Apparently, some stabilization 
of the bainite transformation occurs during continu- 
ous cooling through the bainite range. 


Rationalization of Reaction Kinetics 


The Isothermal Reaction: The major kinetic fea- 
tures of the bainite reaction have not been ade- 
quately explained by any of the existing hypotheses 
for the reaction mechanism. It now seems certain 
that a nucleation and limited-growth process is in- 
volved.” Unlike other nucleation and growth proc- 
esses, the amount of austenite consumed by the 
bainite reaction is a function of the transformation 
temperature. This signifies that both nucleation and 
growth of the transformation product stop prior to 
the disappearance of all austenite. 

Morphological studies indicate that bainite forms 
as plates (probably coherent with austenite) in 
which the lateral growth is much more rapid and 
extensive than the growth in thickness. The growth 
of a bainite plate may be limited by loss of coher- 
ency resulting from excessive matrix and precipi- 
tate strains or by impingement with grain bound- 
aries, inclusions, or other plates. This limitation on 
the growth of bainite plates signifies that each nu- 
cleus transforms only a small fraction of the avail- 
able austenite before its growth is terminated. 

Two conditions may be visualized which could 
interrupt the nucleation process: 1—Compositional 
changes in the austenite may lower the free-energy 
change associated with the transformation, so that 
a quasi-equilibrium state is attained. 2—Nuclei 
may appear only at certain high energy regions in 
the austenite. Once these have been consumed, 
transformation would virtually cease in the ab- 
sence of growth. 

The currently available experimental evidence 
points to the fact that no gross compositional 
changes accompany the transformation. Therefore, 
the former supposition must be discarded. Although 
a formal treatment is not yet possible, the concept 
involving nucleation from a limited number of high 
energy regions appears to offer the greatest promise 
of providing a means for rationalizing the kinetic 
characteristics of the bainite reaction. 

Although the concept of homogeneous nucleation 
requires that nuclei form at random throughout a 
parent phase, a variety of theoretical and experi- 
mental evidence indicates that they actually appear 
at certain preferred locations.” Such nucleation has 
been termed “heterogeneous.” These nucleation 
sites may be grain boundaries, inclusions, embryos 
retained from the austenitizing treatment, or other 
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crystal imperfections. Statistical fluctuations which 
occur at the austenitizing temperature create two 
types of regions capable of functioning as embryos 
for the bainite reaction. They may be low carbon 
regions with an austenitic structure or they may be 
regions with a ferritic structure. In the former case, 
the low carbon austenitic region may actually be- 
come ferritic on quenching to the reaction tempera- 
ture. For the present purpose, the embryos will be 
viewed as regions with the ferritic structure and a 
carbon and alloy content which corresponds to the 
average composition of the austenite. The number 
of regions of a specific size is restricted to a distri- 
bution inherited from the austenitizing treatment. 
These embryos, which are retained at the transfor- 
mation temperature, are initially subcritical in size 
and consequently will not become larger until there 
is an appropriate modification in their composition. 
This implies that the activation of embryos solely by 
configurational fluctuations does not occur at a de- 
tectable rate. 

The activation of a particular embryo is accom- 
plished by a process which lowers the critical size 
to that of the embryo. As illustrated schematically 
in Fig. 17, the critical size of a ferritic region be- 
comes smaller (at constant temperature) as its car- 
bon content is reduced. In this figure, the original 
composition of the embryo is represented by C and 
the size of the region by R. At temperature T., this 
region is subcritical so that stable growth cannot 
occur. When the carbon content has been reduced 
to C,, the critical size corresponds to that of the 
embryo and stable growth becomes possible. It is 
suggested that the reduction of carbon content re- 
quired for activation of the embryo is accomplished 
by precipitation of carbide particles within the fer- 
rite. Since the bainite plate must advance into aus- 
tenite of average carbon content, its growth rate is 
controlled by diffusion of carbon from the surround- 
ing austenite to the carbide particles precipitated 
within the ferritic phase. 

As illustrated in Fig. 17, the critical size for a 
given carbon content increases as the transforma- 
tion temperature is raised. If R represents the larg- 
est embryo retained from the austenitizing treat- 
ment, bainite will not form at temperature T;. The 
B, temperature thus represents that temperature 
above which the largest embryo retained from the 
austenitizing treatment is smaller than the critical 
size for carbon-free ferrite. 

The course of the B-T curve also can be visualized 
in terms of this model. At a given reaction tempera- 
ture (T. in Fig. 17, for example), only those em- 
bryos will be activated which are larger than the 
critical size for carbon-free ferrite. This would in- 
clude embryos in the size range R to R,. Once these 
have been activated, nucleation would stop. The 
transformation product associated with all of the 
activated embryos provides the rapid, incomplete 
reaction at temperature T.. At a lower reaction tem- 
perature, T,, the minimum embryo size capable of 
activation decreases to R,. Activation of these 
smaller nuclei increases the extent of decomposition 
which is in qualitative agreement with experimental 
observations. 

The Retarded Reaction: Qualitatively, the ability 
of partial transformation at one temperature to re- 
tard transformation at a lower temperature is also 
consistent with the embryo size-concentration 
model of the reaction mechanism. When some | 
transformation takes place at a high temperature 
in the bainite range, the embryo distribution upon 
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quenching to some lower temperature is different 
from that which exists after a direct quench. Trans- 
formation at the higher temperature has removed 
the larger embryos retained from the austenitizing 
temperature; however, others have been prepared 
for activation by precipitation of the carbide phase. 
In the early stages of reaction at T,, this preparation 
process plays the controlling role. When the speci- 
men is quenched to a lower temperature, the trans- 
formation initiated at T, is arrested, and further 
transformation at T, will require a new induction 
period. To be sure, this induction period actually is 
somewhat shorter than it would have been in the 
absence of the treatment at T, because of the prepa- 
ration process which occurred at T,. 

As transformation at T, approaches the end of the 
rapid reaction, embryos larger than the minimum 
capable of activation at this temperature are rapidly 
consumed. Retardation of transformation at T,, 
therefore, becomes more pronounced (see Figs. 10 
and 12). The fact that the amount of retardation at 
T, (for a constant time at T,) becomes less as T, is 
lowered (Figs. 7 and 8) may be attributed to the 
decrease in critical size at T, as this temperature is 
lowered. 

Although this size-concentration model is able to 
explain the retardation behavior described above, 
it provides no clue as to why the retardation treat- 
ment should lower the total extent of decomposition 
at the second reaction temperature, that is, the ob- 
served stabilization of the bainite transformation. 
Unless the total number of embryos activated in the 
stepped quenching treatment is different from the 
number activated during direct reaction at T,, it 
would appear that prior transformation should not 
affect the total amount of decomposition. Therefore 
it seems likely that some process is operative as a 
result of the treatment at T, which effectively re- 
duces the total number of embryos capable of acti- 
vation at T,. This process undoubtedly is closely 
allied to the process which produces stabilization of 
the austenite to martensite transformation. 


Summary and Conclusions 
Reaction at a low temperature in the bainite range 
may be retarded by partial transformation at a 
higher temperature. This retardation process can 
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be characterized by the influence of prior trans- 
formation on the induction period at the lower 
temperature. 

1—After partial reaction at a high temperature 
in the bainite range, a new induction period pre- 
cedes transformation at the lower temperature. 

2—Short times at the holding temperature will 
shorten the normal induction period at the reaction 
temperature. 

3—As reaction at the holding temperature ap- 
proaches the end, the induction period at the lower 
temperature becomes longer. 

4—This retardation at the lower temperature 
continues even after transformation at the holding 
temperature has stopped. 

5—For a specific treatment (holding time and 
temperature), the amount of retardation becomes 
less as the reaction temperature is lowered. 

6—At a fixed reaction temperature, greater re- 
tardation is associated with lower values of the 
holding temperature. 

The retardation phenomenon observed in these 
stepped quenching experiments is revealed in the 
end-quenched test as an appreciable increase in 
hardenability. This increase can be achieved with 
only a slight sacrifice in maximum hardness of the 
heat-treated steel. 

Partial transformation at a high temperature in 
the bainite range does not eliminate the character- 
istic inability of the bainite reaction to consume all 
the austenite. In fact, the extent of austenite de- 
composition at the lower temperature can be re- 
duced from its normal value by the high tempera- 
ture treatment. This suggests that a stabilization 
process similar to that observed in the austenite- 
martensite reaction is also operative in the bainite 
range. The completion (B,) temperature is essen- 
tially unaffected by the prior transformation. 
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Technical Note 


Data for One of the Martensitic Transformations in An 
11 Pct Mo-Ti Alloy 


by S. Weinig and E. S. Machlin 


HE mechanism of the martensitic transformation 

has been the subject of a remarkable number 
of papers in recent years.’ Because the task of eval- 
uating all the available theories is a formidable one, 
the authors will confine themselves merely to the 
presentation of results of an experimental investiga- 
tion of the habit orientation, lattice relations, mag- 
nitude and direction of average transformation shear 
strain, and orientation of subband markings for a 
single variant of the possible habit systems in an 11 
pet Mo-Ti alloy. It is hoped that these data will 
assist in the establishment of a rigorous theory for 
the mechanism of the martensitic transformation. 


Experimental Procedure 

Specimen Preparation: A sample, approximately 
lexl4xl¥, in., was cut from a double arc-melted 
ingot composed of commercial-process A titanium 
and high purity molybdenum (nominally, 11 pct 
Mo). It was capsuled in evacuated Vycor at 10° 
mm Hg subsequent to a double argon wash and 
homogenized for 48 hr at 1100°C. After a direct 
quench into H.O at room temperature, a large- 
grained specimen resulted, which, by X-ray diffrac- 
tion and metallographic means, was subsequently 
shown to be in the body-centered-cubic phase, #. 
Two adjacent, approximately perpendicular faces 
were polished and the ends of the specimen were 
ground parallel in a V-block. Fiducial lines were in- 
scribed at 45° to the common edge of the polished 
surfaces in order that they would be perpendicular 
to the habit traces of the subsequently formed a’ 
plates.” The specimen was then compressed between 
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the ground ends in a Buehler press to stress induce 
the transformation £8 to a’. 

Experimental Measurements: The habit-plane 
orientation, the orientation of subband markings, 
the orientation relation between the parent 8 and 
the product a’, and the transformation strain for the 
same plate were determined. To further establish 
the nature of the subbands, one surface was repol- 
ished and etched. The bands in the a’ were still visi- 
ble and were found to be optically anisotropic under 
polarized light. 

Back-reflection Laue patterns were obtained from 
the 8 matrix and from a region comprising both a’ 
plates and adjacent 6 matrix (a Cu target was used). 
By superposition of the two X-ray diffraction pat- 
terns, it was possible to obtain a tentative orienta- 
tion relationship between the two phases. This re- 
sult was confirmed by a pattern taken after the 
specimen was rotated to make the basal-plane pole 
of the hexagonal a’ phase strike the film. This neces- 
sitated cutting the specimen to expose the a’ plate in 
the new position relative to the X-ray beam. 


Analysis of Experimental Measurements 
On the basis of the aforementioned X-ray pat- 
terns, the orientation between parent and product 


Table 1. Summary of Experimental Results 


Mode of Formation Compression 


Habit plane 4° from (8, 9, 12) B 


4° from (344) B 
(111] B // [11.0] a’ 
(101) B // (00.1) a’ 
0.28 + 0.05 


Crystallographic orientation 


Average transformation shear strain 
Direction of shear strain Within 10° of (147) 6 


Indices of subbands (01.2) a’ 
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Table Il. Lattice-Parameter Data for 11 Pct Mo-Ti* 


; a = 3.262 
First martensite: {334} 


Second martensite: {344} 


* Data compiled from ref. 3 and authors’ measurements extrapo- 
lated to the 11 pct Mo level. 


phase was determined to be: 
(101) B// (00.1) a’ 

A two-surface analysis of the habit plane and sub- 
interfaces was made with the appropriate correc- 
tions for the included angle between polished refer- 
ence surfaces. These results were referred stereo- 
graphically to the 6 and a’ matrix to yield a habit 


plane 4° from (344) 8 and corresponding subinter- 
faces along (01.2) a’. 

The average transformation strain was obtained 
by analysis of the angular shifts of two fiducial 
lines normal to the habit-plane traces on the two 
reference surfaces. In this analysis, because the 
volume change associated with the phase trans- 
formation (8—a’) is too small to be measured, the 
average strain was assumed to be a homogeneous 
shear and the shear plane was assumed to be the 
habit plane. The resultant magnitude of this aver- 
age strain is a homogeneous shear equal to 0.28 + 
0.05. The direction of this shear was determined by 
a stereographic plot relative to the 8 matrix. It was 


found to be within 10° of(147) 8. All experimental 
results are plotted stereographically relative to the 
B and o matrix in Fig. 1 and are summarized in 
Table I. An example of the subband markings is 
presented in Fig. 2. As mentioned previously, these 
subbands reappear after polishing and etching and 
are optically anisotropic under polarized light. Be- 
cause the subband interfaces are parallel to the a’ 
twin interface (01.2), it has been concluded that 
these subbands are a’ twins. 
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Fig. 1—Martensitic-transformation relations of a single a’ plate in 
a B matrix. 11 Pct Mo-Ti alloy. 
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Fig. 2—Twin markings in an a’ plate formed in 
compression. Etched in 2 parts HF (48 pct), 2 parts 
glycerine, and 1 part HNOs:. Polaroid light. X1400. 


To facilitate theoretical use of this data, the 
authors have included in Table II lattice-parameter 
data compiled from ref. 3 and their own measure- 
ments extrapolated to the 11 pct Mo level. 


Discussion of Results 

Two systems of habit planes have been found in 
titanium-base alloys, namely, {334} and {344}.* Al- 
though the authors have not examined the {334} 
type habit experimentally, they have investigated 
them theoretically. It appears that the {334} habit 
can be predicted by a number of the theories because 
the transformation matrix, which involves the small- 
est possible homogeneous strain (the motion of 
alternate dodecahedral planes is neglected in this 
matrix), has an invariant plane, the {334} plane. The 
matrix in question relates the transformation of co- 
ordinates from the orthogonal axes [101], [101], and 
[010] of the cubic lattice to the orthogonal axes 


[001], [120], and [100] of the hexagonal lattice, 
respectively, and is: 


1.00 0 0 
0 0 0.915 


The lattice parameters corresponding to the a’ hav- 
ing the {334} habit were used to calculate this 
matrix. The {344} type habit, however, is not ob- 
tained simply from any theory yet presented. 
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Mechanical Properties of Alpha Titanium as Affected 


By Structure and Composition 


by R. |. Jaffee, F. C. Holden, and H. R. Ogden 


The effects of grain size and shape on alloys of titanium with nitrogen and alumi- 
num have been determined. Increasing « grain size decreases strength and hardness 
and increases impact resistance. Quenching from the 8 field produces subgrain 
markings delineating « plates in Ti-N alloys but not in Ti-Al alloys. This suggests 
a precipitation from the high nitrogen alloys. 


LPHA titanium alloys are single-phase alloys 

with the hexagonal-close-packed structure of a 
titanium. If these alloys are worked and annealed 
within the a field, equiaxed structures result in 
which strength is derived from the solid solution of 
the alloying elements present. Strain hardening can 
be used to increase further the strength of a titanium 
alloys. This is the only other mode of strengthening 
the a type of alloy. . 

Quenching from the £ field has been noted by 
many investigators to have little effect on the 
strength of iodide titanium and on commercial tita- 
nium. Ti-Al alloys were found to be little different 
in hardness, whether annealed in the a field or 
quenched from the 8 field.” These facts illustrate a 
characteristic of a titanium alloys: they are insensi- 
tive to heat treatments from the £6 field. Underlying 
this heat-treatment insensitivity are the facts that 
the a-8 field is generally narrow in a titanium alloys, 
the transformation-temperature range increases 
with a-stabilizing content, and the a solubilities of 
the alloying elements are greater than the £8 solubili- 
ties. When quenching is done from the £ field, there 
is no supersaturation of the alloying elements in the 
acicular transformation structure produced. Welds 
in a titanium alloys generally are ductile, because 
no transformation hardening occurs during cool- 
ing.” * Other desirable features of a alloys are: no 
thermal-stability problem, excellent toughness, and 
retention of strength at elevated temperatures better 
than a-f8 or B alloys of comparable room-tempera- 
ture strength. 

The prime factors governing the properties of a 
titanium alloys are the amount and kind of solute 
present. This can change the a phase from a soft, 
tough material into a hard, brittle material with no 
apparent change in microstructure. Moreover, brit- 
tleness can exist over a wider alloy-content range, 
without change of phase, than in most other metals. 


R. |. JAFFEE, F. C. HOLDEN, and H. R. OGDEN, Members AIME, 
are Chief, Principal Metallurgist, and Assistant Chief, respectively, 
Nonferrous Physical Metallurgy Div., Battelle Memorial Institute, 
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The solutes for a titanium may be divided into 
interstitial and substitutional types. Oxygen and 
nitrogen dissolve interstitially in rather large 
amounts, extending well through the brittle range, 
and the transformation-temperature ranges are 
raised in the process.” * Carbon has a maximum in- 
terstitial solubility of about 0.5 pct at the peritectoid 
temperature, while at lower temperatures the solu- 
bility decreases to about 0.2 pct.* ° Substitutional a 
solutes include aluminum and tin. Aluminum has 
a high a@ solubility of 25 pct Al, and increases the 
transformation-temperature range markedly.‘ Tin 
has a high a solubility of about 20 pct, but has a 
relatively innocuous effect on the transformation- 
temperature range.” 

The choice between interstitial and substitutional 
solutes generally has been conceded to the substitu- 
tional solutes because of a belief that they do not 
have as adverse an effect on ductility and notch 
toughness. However, a recent investigation® on the 
effect of hydrogen on titanium has shown that this 
element, which is not under compositional control, 
has a powerful detrimental effect on notch tough- 
ness. Hydrogen was shown to form a hydride which 
is practically insoluble (about 0.002 pct) in ea tita- 
nium at room temperature, although the solubility 
at the eutectoid temperature of about 300°C is rela- 
tively high, about 0.16 pct. Limited data were pre- 
sented on the effect of hydrogen on a alloys, where 
the same impairment of toughness as in unalloyed 
titanium is found. 

The work reported here describes the effects of 
interstitial and substitutional solutes on 1—the 
mechanical properties of high purity titanium free 
of titanium hydride and 2—the influence of struc- 
tural variables on these properties. Nitrogen was 
selected as an example of an interstitial solute with 
high solubility and aluminum as a substitutional 
solute with high solubility. All compositions were 
well within the ductile range, since it was not in- 
tended to study the brittleness problem here, but to 
study only the factors influencing optimum mechan- 
ical properties. 

Procedures 


The alloys were prepared from iodide titanium as 
% |b ingots double melted to insure homogeneity. 
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The alloying additions were either 99.99-+ pet Al or 
Ti-N master alloys containing 5 to 6 pet N prepared 
by arc melting iodide titanium in an argon-nitrogen 
atmosphere. Compositions prepared are listed in 
Table I. Generally, there was some loss of nitro- 
gen, possibly caused by spattering, during are melt- 
ing, and 40 pct excess N was used in preparing 
TM-61. The analyzed value of 0.29 pct N, which 
was checked three times by Kjeldahl analysis, indi- 
cates that quantitative nitrogen recovery was secured 
in preparing this alloy. Three preliminary ingots, 
TM-10, TM-11, and TM-12, are also listed. These 
will be referred to primarily in discussion of micro- 
structure. 

The ingots were hot forged to %4 in. rounds, and, 
to remove hydrogen, were vacuum annealed at 
900°C for 5 to 16 hr, sufficient for a low final vacu- 
um of less than 1x10* mm Hg. The unalloyed bar 
was cold swaged to % in. round and annealed % hr 
at 850°C, then cold swaged to % in. round. The a 
alloys were hot swaged to %4 in. round at 750°C, ex- 
cept for TM-60 (5 pet Al) which was hot swaged at 
850°C. 

All heat treatments were conducted in argon-filled 
Vycor capsules. In quenching, the capsules were 
rapidly withdrawn from the furnace and broken 
under water. 

Methods used for testing were described in a pre- 
vious publication.’ The tensile tests were made on 
¥g in. diam specimens with % in. gage length at a 
uniform strain rate of 0.005 in. per min throughout 
the test. Micro impact tests were made on subsize 
round Izod specimens broken as a cantilever in a 
Tinius Olsen testing machine. The impact values in 
in.-lb have been shown to correlate with Charpy ft- 
lb by multiplying the numerical values in in.-lb by a 
conversion factor of 0.8. 

Approximate grain sizes were obtained by meas- 
uring the diameters of a series of representative ad- 
jacent grains with a calibrated micrometer eyepiece 
and averaging the values. The average grain diam- 
eters obtained are considered accurate to about 10 
pet. 

Constitution and Microstructure 

Metallographic preparation of the alloys involved 
polishing on wool laps with aluminum oxide. The 
surface was alternately polished and etched with 
11% pct HF—3% pct HNO, until a clean scratch-free 
structure was obtained. It was imperative to ex- 
amine and photograph the structures soon after 
final etching in order to avoid pickup of titanium 
hydride on the surface after standing for a few 


a — Titanium 
(TM-31) an- 
nealed for 2 hr 

at 875°C and 
quenched. X250. \ 
Area reduced 
approximately 
20 pct for re- 
production. 
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Table |. Compositions of Experimental Alloys 


Intended Analyzed Composition, Pct 

Com- 
Alloy position Cc Oo N H Al 
TM-31 Unalloyed 0.02 0.025 a 0.0010 _ 
TM-45 Ti-2.5 pet Al 0.02 0.055 0.008 0.0015 2.55 
TM-60 Ti-5 pet Al 0.03 0.020 0.007 0.0030 5,12 
TM-62 Ti-0.1 pct N 0.02 0.028 0.070 0.0018 — 
TM-61 Ti-0.2 pct N 0.02 0.046 0.29 0.0028 — 
TM-10 Ti-0.1 pet N — a 0.064 0.0133 —_— 
TM-11 Ti-0.2 pct N 0.174 0.0127 
TM-12 Ti-2.5 pet Al — — — 0.0129 2.55 


days. This surface-hydride effect is found with « 
titanium alloys and makes metallographic interpre- 
tation particularly troublesome. 

Equiaxed Structures: There are two basic types of 
structures found with a titanium, equiaxed, and acic- 
ular. The equiaxed a structures are indistinguish- 
able from each other, irrespective of the nature of 
the composition. Fig. 1 shows two such structures 
for unalloyed titanium and titanium with 0.29 pct 
N. Except for relative grain size, they could serve 
equally well for any of the all-a structures in this 
study. The mixed grain sizes apparent are typical 
of a titanium, as is the relatively slow rate of grain 
growth. Table II lists the ranges of equiaxed-a grain 
sizes covered for the various materials studied. A 
fifty times longer annealing treatment is required 
to increase the grain size of high purity titanium from 
0.1 mm to 0.2 mm at 875°C, just below the transition 
temperature. Extensive annealing treatments simi- 
larly are required to increase the equiaxed-grain 
sizes of the a alloys. A fine grain size could not be 
produced in the Ti-0.07 pct N alloy, apparently be- 
cause it has an initial grain size of about 0.05 mm 
in the hot-swaged condition. 

Transformation Structures: In contrast to the fine 
a grain sizes, 8 grains typically grow very coarse 
and result in coarse transformed-£ structures. The 
6 grain sizes for the Ti-Al alloys heat treated at 
1000°C were considerably larger than those for the 
Ti-N alloys, indicating that their grain growth was 
much greater. The grain size of the a-8 quenched 
alloys were relatively fine, about the same as for 
a-annealed material. The presence of a is an effec- 
tive grain-growth inhibitor for the 8 grains. 

A fundamental characteristic of a alloys is that 
the transformation from £8 to a is complete despite 
the rapidity of the cooling rate employed. The 
microstructure developed in the transformed-f 
structures of a titanium depends to a considerable 


b—Ti-0.29 pct 
N alloy (TM- 
61) annealed 
for 1 hr at 
quenched. X100. 
Area reduced 
approximately 
20 pct for re- 
production. 


Fig. 1—Typical equiaxed-a structures. 
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a—Quenched 
from 1000°C. 


Fig. 2—Transformation structures of high purity hydrogen-free titanium. X100. 


b — Furnace- 
cooled from 
1000°C. 


Area reduced approximately 20 pct for reproduction. 


extent on the alloy content and the cooling rate, as 
described in subsequent sections. 

High purity hydrogen-free titanium, held in the 6 
field for 1 hr at 1000°C and quenched or furnace 
cooled, shows the serrated structures in Fig. 2. The 
a grain boundaries of the quenched material show a 
heavily serrated outline delineating the edges of a 
platelets formed from the 8 phase during the quench. 
When the metal has been slowly cooled, sufficient 
grain-boundary movement takes place through dif- 
fusion processes so that the serrations become 
smoothed out. Some grains are only slightly differ- 
ent in orientation and their outlines, also serrated, 
may be seen faintly. The grains are made up of 
colonies of a platelets of like orientation transform- 
ing from the original 6 grain. The serrated grain 
size is about 0.25 mm, but no reliable estimate could 
be made as to the original grain size. 

Substitutional solutes of the type of aluminum 
cause some changes in the transformation structures 
compared to unalloyed titanium. The transforma- 
tion ranges for the two Ti-Al alloys studied are 
shown in Fig. 3. It is difficult to distinguish the 
transformed 8 from the equiaxed a in alloys quenched 
from the a-f field. Fig. 4a shows an a-8 quenched 
structure for the Ti-2.55 pct Al alloy. The 8 phase 
originally was present at the grain boundaries of 
the equiaxed-a grains. On quenching, the 6 phase 
transformed to a phase without developing acicular- 
ity. The result is the indefinite structure shown. 
When the Ti-2.55 pct Al alloy is quenched from the 
B field, the serrated-a structure shown in Fig. 4b is 
obtained. This is very similar to the equivalent 


structure for unalloyed titanium. Furnace cooling 
from the £ field produces the structure in Fig. 4c, 
made up of slightly serrated grain boundaries with 
the a platelets clearly shown as a subgrain structure. 

The transformation ranges for the Ti-N alloys 
studied are shown in Fig. 5. The £8 field was not 
bracketed for the Ti-0.29 pct N alloy, but as 
quenched from 1010°C, the structure was estimated 
to be over 95 pct B. 

When the hydrogen-free Ti-N alloys are quenched 
from the £ field, the serrated a structure is obtained, 
but generally it is more interleaved and acicular 
than that for titanium and the Ti-Al alloys. Struc- 
tures are shown for the Ti-0.07 pct N alloy in Fig. 6a 
and for the Ti-0.29 pct N alloy in Fig. 6b. Compar- 
able structures for Ti-N alloys containing about 
0.0125 pct H are shown in Figs. 6c and d. The struc- 
tures are of the basket-weave type popularly as- 
sociated with §-treated titanium. It is apparent that 
subgrain markings of titanium hydride between 
the a platelets are what accentuate the acicularity. 


Table II. Equiaxed-a and Prior 8 Grain Sizes in Ti, Ti-Al, 


1100 
B 
1000 
x 
e 
900 
a 
800 
(0) ! 2 3 4 5 6 


Per Cent Aluminum 


Fig. 3—Transformation range for high purity Ti-Al alloys studied. 
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and Ti-N Alloys 
Annealing 
Treatment* 
Aver- 
Tem- age 
pera- Grain 
Initial Desired Time, ture, Size, 
Material Condition Grain Size Hr °C Mm 
sy Cold-swaged, Finea 1 600 0.01 
75 pet re- Medium a al 800 0.06 
duction in Coarse a 2 875 0.10 
area Very large a 100 875 0.20 
B quench 1 1000 — 
B furnace cool 1 1000 
Ti-2.55 pct Al 750°C, swaged Finea 1 750 0.035 
Medium a@ 1 900 0.07 
Coarse a 16 900 0.16 
quench 1 1000 0.67 
8 furnace cool 1 1000 0.8+ 
Ti-5.12 pet Al 850°C,swaged Fine a af 750 0.02 
Medium af 900 0.05 
Coarse a 16 900 0.10 
8 quench 1 1000 0.67 
6 furnace cool 1 1000 1.07 
Ti-0.07 pet N 750°C, swaged Fine a at 750 0.05 
Medium a 1 865 0.04 
Coarse a 16 865 0.10 
B quench 1 960 0.35+ 
. B furnace cool al 960 0.357 
Ti-0.29 pet N 750°C, swaged Fine a 1 600 0.035 
Medium @ 1 750 0.07 
Coarse a 16 875 0.17 
B quench 1010 0.27 
6 furnace cool 1 1010 0.27 


* Quenched from temperature, except where noted. 
+ Prior B grain size shown. 
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b—Quenched from 
Fig. 4—Transformation structures for a high purity Ti-2.55 pct Al alloy. X250. Area reduced approximately 10 pct for reproduction. 


a—Quenched from a-f field at 935°C. 


The hydrogen-free material is seen to have much 
different structure. 

Furnace cooling Ti-N alloys from the £ field pro- 
duces a surprising result. The transformed £ grains 
become progressively more equiaxed as the nitrogen 
content increases. Also there is little or no subgrain 
structure developed. Fig. 7a shows a Ti-0.064 pct N 
alloy vacuum annealed to reduce the hydrogen con- 
tent to 0.0014 pct, held 1 hr at 1000°C, and furnace- 
cooled. The structure is clear with a very slight 
serrated a plate structure. With a similarly treated 
Ti-0.174 pet N-0.0018 pct H alloy, the structure is 
shown in Fig. 7b and is practically equiaxed, except 
for a waviness of the grain boundaries. Also a 
curious mottling, suggestive of the original a plate- 
lets, may be discerned. Fig. 7c shows the Ti-0.174 
pet N alloy, before vacuum annealing and containing 
0.0127 pct H, as-furnace-cooled from 1000°C. The 
hydride has collected at the subgrain boundaries 
between the a platelets and at the grain boundaries. 
Fig. 7d shows the Ti-0.29 pct N alloy furnace- 
cooled from 1010°C. The grain structure is prac- 
tically equiaxed and the mottled background is the 
subgrain structure of the original « platelets. This 
structure suggests recrystallization of the a plate- 
lets and grain refinement after 6 heat treatment. It 
is the first case of titanium grain refinement by 6 
heat treatment to the authors’ knowledge. 


Mechanical Properties 
Data on hardness and tensile properties for un- 
alloyed titanium are given in Table III, for the Ti-Al 
alloys in Table IV, and for the Ti-N alloys in Table 
V. The impact properties of these materials are pre- 
sented in Figs. 8 to 10. 


Effect of Equiaxed-a Grain Size 
Increased grain size was obtained by subjecting 
the materials to progressively more extensive an- 
nealing treatments. In the case of titanium and 
titanium alloys, this means that, as the grain size 
increases, the possibility for contamination also in- 
creases despite the care taken to avoid contamination 
by the use of Vycor encapsulation. Contamination 
would cause an effect on properties opposing that of 
grain size. This possibility must be kept in mind in 
a rigorous consideration of the data. 
Tensile Properties and Hardness: Fig. 11 presents 
the tensile and hardness properties of the alloys 
plotted against average grain diameter. 
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Id at 1000°C. 


B field at 1000°C. 


Generally, ultimate strength decreases as the’ 
grain size increases. It will be noted that titanium 
and the Ti-2.55 pct Al alloy became somewhat 
stronger at the largest grain size. This is believed 
to be the result of slight contamination as a result 
of the extensive annealing treatment required to 
produce the large grain sizes. 

The decreasing trend of yield strength with in- 
creasing grain size is the same as for ultimate 
strength. 

Unalloyed titanium shows little or no effect of 
grain size on reduction of area. If anything, the per- 
centage of reduction in area increases with increas- 
ing grain size. The alloys show the opposite effect. 
The decrease in reduction in area with grain size is 
particularly noted with the stronger alloys. 

There is an increase in elongation in unalloyed 
titanium on going from fine to medium, or larger, 
grain size. The elongations of the alloys generally 
are insensitive to grain-size variations, except for 
the Ti-0.29 pct N alloy which has progressively 
lower elongations with increasing grain size. 

Hardness generally follows the same trends as the 
strength values. 

Taken as a whole, large grain size is definitely 
detrimental to the tensile properties of the a alloys 
because both strength and ductility tend to decrease 
with increasing grain size. 

Impact Properties: Fig. 12 shows the micro impact 
values at —196°, —40°, 25°, and 150°C plotted for 
the various materials against average grain diam- 
eter. There is a beneficial effect of increasing grain 
size on unalloyed titanium and the substitutional 
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a—Ti-0.07 pct N-0.0018 pct 
alloy quenched from 960°C. 


b—Ti-0.29 p 
alloy quenched from 1010°C. 


ct N-0.0028 pct H 


c—Ti-0.064 pct N-0.0133 pct H 
alloy quenched from 1000°C. 


alloy quenched from 1000°C. 


Fig. 6—8-quenched Ti-N alloys. X250. Area reduced approximately 33 pct for reproduction. 


alloy furnace-cooled from 1000°C. 


alloy furnace-cooled from 1000°C. 


alloy furnace-cooled from 1000°C. cooled from 1010°C. 


Fig. 7—Furnace-cooled Ti-N alloys. a, b, and c at X250. d at X100. Area reduced approximately 33 pct for reproduction. 
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Fig. 8—Effect of temperature on the impact properties of high 
purity titanium in several conditions. 


Ti-Al a alloys. The impact properties for the inter- 
stitial Ti-N alloys are insensitive to grain-size varia- 
tions. 
Effect of a-8 Transformation 
Figs. 13 to 15 present the mechanical properties of 
the alloys in the four basic conditions: equiaxed a, 
a-8 quench, 8 quench, and £8 furnace-cool. The 
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Ti- 2.55 Al alloy Ti- 5.12 Al alloy 
80 
Lorge a grain size} / ° 2 
60 60 Large a grain size 
- Medium a grain rs) 
3 
£30 30 —=|Medium a grain size 
B-furnace cool 
20 20 Small a groin size 
10 10 
Q 
-200 -100 100 200 -100 100 200 


Temperature, °C Temperature, 


Fig. 9—Effect of testing temperature on the impact-energy values 
for high purity Ti-Al alloys in yarious microstructural conditions. 


equiaxed-a condition is shown as the range of prop- 
erties found from fine to large grain size. 

Unalloyed titanium shows a distinct increase in 
yield strength over the equiaxed condition when 
quenched from the £ field. This increase most prob- 
ably can be associated with the heavily serrated a 
structure in this condition. Furnace-cooled, the 
serrations are largely ironed out through diffusion, 
but there still is a slight increase to the yield 
strength in this condition over the equiaxed. Ulti- 
mate strength, hardness, elongation, and reduction 
in area are relatively unaffected by 8 heat treat- 
ments. Toughness in the ®-furnace-cooled condition 
is lower than in the 8-quenched condition, but both: 
conditions are within the range of toughness spanned 
by the range of equiaxed-a grain sizes. 
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a—Ti-0.064 pct N-0.0014 pct H b—Ti-0.174 pct N-0.0018 pet H c—Ti-0.174 pct N-0.0127 pct H d—Ti-0.29 pct N alloy furnace- 


7 
Ti- 0.07N olloy Ti- 0.29 N alloy 
80 80 
70 
3 70 
° 
g 60 a 60 
€ 50 
B quench 
quench Medium a grain size x 
30 i 
lo Smoll a groin size a-B quench i 
Lorge a grain size 10 ] 
| Ze B-turnace cool 
= 


-200 -100 Lele} 200 100 200 


Temperoture, Temperoture, 


Fig. 10—Effect of testing temperature on the impact-energy values 
of high purity Ti-N alloys. 


The properties of the Ti-Al alloys in the a-f- 
quenched condition are about the same as the prop- 
erties in the equiaxed-a condition, except possibly 
for improved toughness. Quenching from the £ 
field increases the yield strength, but not the ulti- 
mate strength of the softer Ti-2.55 pct Al alloy com- 
pared to the equiaxed condition, just as it did for 
unalloyed titanium. This effect is not carried over 
to the Ti-5.12 pct Al alloy, perhaps because of its 
higher strength level. Reduction in area for both 
alloys is lower as a result of the 6 heat treatments. 
This must be considered to be an effect of increased 
grain size, since, apart from grain-boundary serra- 
tions, the transformed-f8 structure is basically a 
large-grained a structure. Previously, it was shown 
that increased equiaxed-a grain size lowers reduc- 
tion in area for a alloys (Fig. 11). 8 furnace cooling 
has a detrimental effect on toughness compared to 
& quenching for both alloys. 

The most notable features of the effect of B heat 
treatment on the Ti-N alloys is the decrease in 
strength, particularly yield strength, when quench- 
ing is done from the a-f field. A reasonable ex- 
planation for this is that the a-8 anneal separates 
the structure into two phases, one (the £6 phase), 
being the matrix, is lean in alloy content, and the 
other (the a phase), rich in alloy content. The low 
alloy matrix would tend to govern the flow charac- 
teristics and thus lower the yield strength. How- 
ever, this explanation is insufficient, since, after a 
full 8 quench, the yield strength of the Ti-0.29 pct N 
alloy does not come back up to its equiaxed-a level, 
although the tensile strength and hardness do 
return. 

The actual stress-strain curves for the Ti-N alloys, 
shown in Fig. 16, illustrate why the yield strengths 
do not return to the a annealed level. Yield points 
are found in the equiaxed-a condition, especially 
with the higher nitrogen alloy. The yield point dis- 
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Fig. 12—Effect of equiaxed-a grain size on impact properties. 


appears when the alloy has been heated to the a-8 or 
B&B field and cooled either by quenching or furnace 
cooling. Yield points were found only with the 
nitrogen alloys, and not with the aluminum alloys 
(see Fig. 17). Other tests on Ti-0.064 pct N and 
Ti-0.174 pct N alloys showed yield points with and 
without hydrogen present, and both for a-furnace- 
cooled and quenched conditions. The only conditions 
always associated with yield points are that the 
material contain high nitrogen and that it be an- 
nealed in the a field. 

Yield-point phenomena usually indicate strain 
aging, which is thought to be a diffusion of atoms to 
preferred sites under conditions of strain accom- 
panied by precipitation and stress relaxation. The 
yield point has been observed by the authors” in a- 
annealed Ti-C alloys where carbon can precipitate 
from solid solution. Rosi and Perkins” have ob- 
served yield points in commercial titanium (0.08 
pet N and 0.05 pct C) at elevated temperature. 

If 8 heat treatments do not show the yield point, 
it follows that whatever was causing strain aging 
has already precipitated. One structural difference 
always present in this condition is the faint subgrain 
markings or veining between the a platelets. This 
could well be the precipitate involved. Another 
observation that ties in with the suggestion that 
f-treated Ti-N alloys have a precipitate present is 
the fact that B-grain growth was much less than 
for titanium or the Ti-Al alloys. 


Effect of Composition on Properties 

The properties of the Ti-Al alloys in various 
structural conditions plotted against aluminum con- 
tent are shown in Fig. 18. The strength and hard- 
ness vs composition curves are concave upward, 
which means that, in the same condition, strength 
and hardness increase more for higher aluminum 
contents than for lower aluminum contents. Con- 
versely, the ductility and toughness vs composition 
curves show that the higher aluminum alloy is 
practically as ductile and tough as the lower alumi- 
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Table Ili. Hardness and Tensile Properties of High Purity Titanium 


Yield Strength at 


Pct) Shown, 
Heat Treatment vhn, Ultimate Elonga- 
Time, Tempera- 56 Kg Strength, tion, Pct on A 
Hr ture, °C Cooling; Load* 0.01 Pct 0.1 Pct 0.2 Pct 1000 Psi in 14 In. rea, Pc 
TM-31, Titanium ‘ite 
av 600 Ww 98 18.1 24.3 24.8 i 
1. 800 we 84 8.9 15.4 18.3 35.5 82 2 
875 WwQ 90 7.6 14.7 18.4 35.9 76 
100 875 WQ 87 7.6 15.1 18.4 38.4 76 oa 
1000 WQ 99 22.1 30.5 33.1 41.6 64 an 
1 1000 FC 89 12.7 22.3 24.4 38.3 66 
* Hardness taken on cross-section. 
+ WQ stands for water-quenched; FC, for furnace-cooled. 
Table IV. Hardness and Tensile Properties of Ti-Al Alloys 
Yield at 
t t Offset (Pct) Shown, 
Time, Tempera- 5 Kg rength, on, Pc onin 
Hr lute °C Cooling; Load* 0.01 Pet 0.1 Pct d 0.2 Pct 1000 Psi in 1% In. Area, Pct 
TM-45, Ti-2.55 Pct Al 
i 750 wQ 151 27.4 37.2 39.3 60.2 26 64 
1 900 WQ 140 7.0) 29.2 33.2 53.7 28 53 
16 900 waQ 140 20:6** 32.6** 38.0** 57.3 20 50 
ul 935 WQ 158 27.3 32.1 35.0 55.4 36 62 
i 1000 WQ 154 30.8 38.8 1 56.0 35 52 
ail 1000 FC 153 31.8 40.0 6.1 27 49 
TM-60, Ti-5.12 Pct Al 
1 750 wQ 243 76.8 84.0 85. 101.0 24 57 
al 900 WQ 221 59.6 64.3 67.2 86.2 22 46 
16 900 wQ 215 55.5 61.3 64.5 85.0 22 40 
1 985 wQ 234 57.1 66.7 70.0 85.7 23 50 
1 1000 wQ 222 51.6 62.8 67.4 80.4 22 27 
1 1000 FC 232 66.2 74.1 17 83.0 14 27 
* Hardness taken on cross-section. 
+ WQ stands for water-quenched; FC for furnace-cooled. 
** Strength value obtained from defective SR-4 strain gage. Values are approximate. 
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Fig. 13—Effect of a-8 transition on titanium. A—Shows range of O25 N 
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Fig. 15—Effect of a-8 transformation on mechanical properties of 
Ti-N alloys. A—Shows range of properties in equiaxed-a condi- 
tion. B—Property as-quenched from a-6 field. C—Property as- 
quenched from £6 field. D—Property as-furnace-cooled from £ field. 
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Fig. 16—Stress-strain curves for Ti-N alloys. 
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num alloy. This effect has been shown previously 
by Ogden et al. for tensile properties of high purity 
Ti-Al alloys.* Thus, to obtain the most benefit from factor in this respect appears to be fabricability. 
aluminum as an alloying element, the highest pos- Finlay et al.’ report that 5 to 6 pct Al is the highest 
sible alloying content should be used. The limiting content commensurate with satisfactory commercial. 
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Fig. 17—Stress-strain curves for Ti-Al alloys. 


fabrication practice and that tin additions at the 5 
pet Al level permit a further gain in strength with- 
out adversely affecting fabrication. 

Fig. 19 presents the properties of the Ti-N alloys 
in various structural conditions plotted against ni- 
trogen content. The interstitial addition of nitrogen 
has an effect opposite to that of aluminum, namely 
that the higher additions are less effective in 
strengthening and hardening than the initial addi- 
tions. The ductilities and toughness values decrease 
progressively as the nitrogen increases and the 
greatest drop is for the initial addition, just as in the 
Ti-Al alloys. However, the degree of leveling off in 
ductility is not as pronounced as with the Ti-Al 
alloys. 

Generally, since strength and ductility are in- 
versely related, the best comparison of one alloying 
element with another is on the basis of ductilities 
and the same strength level. In Fig. 20, the tensile 
strengths of the materials studied are plotted against 
tensile ductility and toughness. Also shown are 
data from Lenning et al.* for hydrogen-free alloys 
prepared and evaluated identically to those in the 
present study. It is apparent that, as far as strength 
vs tensile-ductility is concerned, there is no reason 
to prefer aluminum over nitrogen or vice versa. In 
fact, the Ti-N alloys have slightly better tensile duc- 
tilities. The significant difference is in the strength 
vs toughness correlation. It is seen that for the 
strength level of about 80,000 psi, the substitution- 
ally strengthened alloys are about 20 in.-lb tougher 
in the micro impact test. This would correspond to 
about 16 Charpy ft-lb difference. At 100,000 psi, 
the indication is that the substitutional alloys are 30 
in.-lb tougher in the micro impact test. 
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Fig. 18—Effect of composition on the mechanical properties of high 
purity Ti-Al alloys. 


The nature of the alloying element also has a 
strong influence on the impact vs temperature 
characteristics. The energy absorbed in breaking 
high purity titanium as a notched bar in impact is 
relatively independent of testing temperature, as 
shown in Fig. 7. The same characteristic holds for 
the Ti-Al alloys, except that the stronger Ti-5.12 
pet Al alloy decreases slightly more in impact en- 
ergy absorbed with decreasing temperature (see 
Fig. 8). The impact vs temperature curves for the 
nitrogen alloys, shown in Fig. 9, illustrate that there 
is a pronounced decrease in energy absorbed with 
lower testing temperature for the Ti-0.07 pct N al- 
loy, while the Ti-0.29 pct N alloy exhibits a true 
brittle-to-ductile transition between 25° and 150°C. 
The indications, therefore, are that alloying of high 
purity titanium increases the temperature depend- 
ence of impact-energy absorption, and that, even 


Table V. Hardness and Tensile Properties of Ti-N Alloys 


Yield Strength at 


Heat Treatment 


Offset (Pct) Shown, 


Vhn, 1000 Psi vldmete Elonga- Reduc- 
i ra- 5K >= Strength, tion, Pct tion in 
Cooling+ Load? 0.01 Pet 0.1 Pet 0.2 Pet 1000 Psi in In. Area, Pct 
T™M-62, Ti-0.07 Pct N 
1 750 WwQ 226 3.9 78.1 78.1 88.5 3577 58 
865 WwQ 231 69.5 it (aa) 77.7 87.9 35 56 
16 865 WQ 230 66.2 70.7 71.4 84.5 36 56 
1 900 WQ 214 60.4 (HAO 69.7** 80.0 38 63 
a 960 WQ 240 64.9 72.4 74.1 85.5 31 44 
sl 960 FC 226 0.7 57.2 62.3 79.6 33++ 42 
TM-61, Ti-0.29 Pct N 
1 600 WQ 285 109.0 114.14 117.5 36 59 
1 750 WwQ 275 107.0 109.0t 113.9 30 39 
16 875 WQ 287 99.9 105.3t 110.2 16 23 
1 920 wWwaQ 244 37.5 56.2 63.0 84.3 18 25 
1 960 WwQ 274 49.7 69.3 78.2 103.8 20 51 
1 960 FC 246 50.5 69.8 78.0 102.4 32 38 


* Hardness taken on cross-section. 
+ WQ stands for water-quenched; FC, for furnace-cooled. 
** Strain gage defective. Values are approximate. 


++ Specimen broke outside gage length. Elongation value estimated from extension between shoulders of tensile specimen. 


¢t Yield point noted. 
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Fig. 19—Effect of composition on the mechanical properties of high 
purity Ti-N alloys. 


taking strength level into account, the interstitial 
alloying-element nitrogen is more detrimental to 
toughness than the substitutional alloying-element 
aluminum. 
Summary 

1—No basic difference was found in the equiaxed- 
a structures of titanium, Ti-N, and Ti-Al alloys. 

2—After quenching from the £ field, serrated a 
structures without much subgrain marking were 
found for titanium and Ti-Al alloys. For the Ti-N 
alloys, subgrain markings delineating the a platelets 
were found. This and other facts suggest a precipi- 
tation from the high nitrogen alloys. 

3—Furnace cooling from the £ field produces sub- 
grain markings delineating the a platelets both for 
the Ti-Al and Ti-N alloys. 

4—Increasing equiaxed-a grain size generally de- 
creases strength and hardness and causes little re- 
duction in the ductility of titanium but reduces the 


tensile ductility of the alloys. Increased grain size 
generally is beneficial to impact properties. 

5—Heat treatment from the £8 field increases the 
yield strength of titanium but is without effect on 
the strong Ti-Al alloy. It causes a disappearance in 
yield points found in Ti-N alloys and results in a 
marked lowering in yield strength. 

6—Quenching from the a-f field has little effect 
on Ti-Al alloys, but decreases the yield and tensile 
strength of Ti-N alloys by a combination of parti- 
tion of nitrogen between the two phases, resulting 
in a softer matrix, and elimination of strain aging. 
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TRANSACTIONS 


Some Observations on the Tertiary Stage of Creep 


Of High Purity Aluminum 


by G. R. Wilms 


A study has been made of the structural changes in polycrystalline high purity alumi- 
num during the tertiary stage of creep under conditions of constant tensile load. It 
appears that there is no basic modification in the particular mechanism of deformation 
that characterized the preceding secondary stage of creep, but that the changes in crys- 
talline structure produced during the tertiary stage are only a consequence and not a 
cause of the accelerated strain. Intercrystalline fissures were observed on entry into the 
tertiary stage, and these might supplement the accelerated rate of strain owing to local 
stress concentrations. There is evidence that the formation of these fissures may be as- 
sociated with the presence of surface imperfections, and it is suggested that a more gen- 
eralized treatment of the results may explain certain creep characteristics of commercial 


alloys. 


N previous work’* a study was made of the 

changes produced when specimens of annealed 
aluminum were deformed at various temperatures 
and rates of strain, especially under conditions lead- 
ing to creep under constant tensile load. It was 
shown that, as the temperature was increased or as 
the rate of strain was decreased, elements of the 
substructure produced within the grains became 
coarser, and with the strain rate constant at a given 
temperature, their size tended to an equilibrium 
value. The preliminary process of the breaking 
down of the grains into a substructure was identi- 
fied with primary creep.. The subsequent equilib- 
rium condition was associated with secondary creep. 
The question then arose whether the tertiary stage 
corresponded to any further significant change in 
the substructure. 

The question is also of interest in view of the 
opinion, expressed for instance by Andrade,’ that 
the tertiary stage is merely an accelerated rate of 
strain due to the reduced area of section of a speci- 
men under continuous tensile load, and the other 
opinion, as suggested by the observation by Sully, 
Cale, and Willoughby® of a tertiary stage in com- 
pressive loading, that this third stage is a real effect 
in its own right. 

The object of this paper is to record some observa- 
tions on the tertiary stage of high purity aluminum. 


G. R. WILMS is associated with the Commonwealth of Australia 
Defense Standards Laboratories, Melbourne, Australia. 

Discussion on this paper, TP 3837E, may be sent, 2 copies, to 
AIME by Jan. 1, 1955. Manuscript, Noy. 19, 1952. 
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Experimental Procedure 

The material was aluminum of 99.98 pct purity as 
previously used. The specimens had a rectangular 
section of 4%x'% in., and extensions were measured 
over al in. gage length. After machining to shape, 
the specimens were annealed to give a standard 
grain size of 0.2 mm and then electropolished. 

The general procedure involved metallographic 
and X-ray diffraction examination at progressive 
stages of elongation (marked by arrows on the 
curves shown in Figs. 1 and 2), the specimen being 
extended to fracture under constant load at a given 
temperature. The X-ray tests were made by the 
back-reflection method from a stationary specimen, 
using CoK radiation. The longer edge of the micro- 
graphs in the paper corresponds to the direction of 
applied stress. 

Results 


The previous work showed that, in the secondary 
stage of creep in aluminum, three basic types of 
structure could be developed according to the tem- 
perature and rate of strain. These were: 1—slip, 
which predominated at the lower temperatures and 
higher rates of strain and produced the finest and 
least perfect substructure; 2—cell structure, which 
superseded slip as the temperature was raised and 
the rate of strain decreased and which was charac- 
terized by a coarser and more perfect structure and 
an absence of slip lines; and 3—a stage termed 
“boundary microflow,” which predominated at still 
higher temperatures and lower rates of strain when 
the cell size had increased and become comparable 
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Fig. 1—Creep of aluminum under different loads at 250°C. 
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Fig. 2—Creep of aluminum under different loads at 350°C. 


with the grain size. In considering the transition 
from the secondary to the tertiary stage, it was log- 
ical therefore to take typical examples of each stage. 

The working temperatures chosen with the last 
object in view were 250° and 350°C. The range of 
secondary creep rates required to establish the dif- 
ferent structures were given in practice by loads 
corresponding to the ranges of 580 to 750 psi at 
250°C and 150 to 350 psi at 350°C. These gave the 
families of creep curves shown in Figs. 1 and 2, the 
last point recorded on each curve being the fracture. 
The beginning of the tertiary stage, defined as the 
point of departure from the linearity of the secondary 
stage, is marked by a cross on each curve. 

Tertiary Stage in Relation to Structural Changes: 
After examination of a large number of specimens, 
the general result can be stated at once: the basic 
mechanism of deformation established in the second- 
ary stage showed no significant alteration on entry 
to, or during, the tertiary stage. Therefore, as the 
rate of strain increased in the final stages of the 
tertiary creep, there was a tendency for the grains 


» 


Fig. 3—Specimen of high purity aluminum extended under 
a constant load of 630 psi at 250°C. X-ray pattern after 


creep of 12 pct in 287 hr shows the equilibrium condition 
of the secondary stage of creep. 
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to form a finer substruture in accordance with the 
principles referred to earlier. 

In order to limit the number of photographs for 
reproduction, the observations will refer to one typi- 
cal specimen. This is a specimen extended under a 
constant load of 630 psi at 250°C. 

Reference is made first to the changes shown by 
the X-ray examination. The initial annealed condi- 
tion is indicated in Fig. 15. The condition after 12 
pct extension in 287 hr is shown in Fig. 3; this photo- 
graph also serves to represent the equilibrium con- 
dition of the secondary stage. The initial X-ray 
reflections have broken up into numerous secondary 
reflection spots, and these are associated with the 
discrete elements of the coarser substructure formed 
in the grains when the cell structure is produced. 
Fig. 5 shows the condition of the specimen after 80 
pet extension in 815 hr, when, according to the creep 
curve shown in Fig. 1, it has entered the tertiary 
stage. It will be evident at once that no appreciable 
change in the nature of the photograph has occurred. 
After some 60 pct extension, however, the specimen 
commenced to neck, and fracture finally occurred 
after 120 pct extension in 855 hr. Photographs taken 
in the region of necking (Fig. 6) then showed the 
local effects of accelerated strain, most marked at 
the fracture itself (Fig. 9). The latter shows a con- 
siderable break-up of the X-ray reflections; they 
have changed in the same manner as they would in 
a specimen strained at a considerably higher rate at 
this temperature than the average rate of strain for 
the specimen as a whole. No marked change in the 
structure occurred, however, in regions away from 
the point of fracture, as shown in Fig. 7. This con- 
firms the point that the changes at fracture are most 
probably merely the secondary effects of the locally 
enhanced rate of strain and not the cause of it. 

Reference will be made next to the micrographs 
corresponding to the X-ray photographs described. 
The first, Fig. 4, shows grain-boundary movements 
and an absence of slip lines, typical of the cell struc- 
ture. The second, Fig. 8, obtained 1 in. from fracture, 
indicates no obvious change despite the greater 
rumpling of the specimen surface. The third, Fig. 
10, taken near the fracture, shows a marked disturb- 
ance; but evidently this is a local effect due to 
necking. 

The same general results were obtained on speci- 
mens for which the equilibrium condition of the 
secondary stage was characterized either by bound- 
ary microfiow, or by the transition between slip and 
cell structures. 


Fig. 4—Same specimen as in Fig. 3. Microstructure shows 
features typical of the cell structure. X100. 
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Elongations to Fracture: Specimens strained at 
room temperature (20°C) fractured after extensions 
of about 65 pct. 

Specimens extended at 250°C under constant load, 
including those giving creep curves shown in IDE, IL 
fractured only after much larger extensions within 
the range 115 to 160 pct. There was an appreciable 
variation in the extensions to fracture, and it was 
not possible to make any generalizations relating 
them to the load (strain rate). 

Specimens extended at 350°C under constant load 
gave still greater extensions, between 120 to 180 pct. 
There was a general tendency for specimens which 
were extended under lower loads to give lower val- 
ues of elongation. 

There was also a tendency in all cases for the 
necking of the specimens to be more local and more 
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Fig. 5—Same specimen as in Fig. 3. X-ray pattern after 
creep of 80 pct in 815 hr shows no appreciable change 
in structure. 


‘ 
és 
& 
\ 
{ 
es \ 


Fig. 7—Same specimen as in Fig. 3. X-ray pattern after 
creep of 120 pct (fracture) in 855 hr shows no marked 
change in structure in regions away from the point of 
fracture. 


Fig. 9—Same specimen as in Fig. 7. X-ray pattern taken 
near the fracture shows a considerable breakdown of the 
structure due to the accelerated rate of strain. 
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pronounced, the less the overall elongation. In all 
cases the fractures appeared to be transcrystalline. 
The large elongations at 350°C, for example, were 
marked by a very gradual diminution of section 
along the entire length of the specimen, and the 
specimens ultimately drew out to a knife-edge type 
of (transcrystalline) fracture. 

Observation of Fissures in the Tertiary Stage: The 
main difference between the secondary and the so- 
called tertiary stage appears to be the formation of 
fissures in localized areas during the latter stage. 

In the tests at 250°C, fissures, usually intercrystal- 
line, generally could be observed on entry into the 
tertiary stage. These then tended to increase in size 
and number on further elongation, concentrating 
especially in the region where necking occurred. An 
example of a fissure observed during the early stages 


j 
j 


Fig. 6—Same specimen as in Fig. 5. X-ray pattern, taken 
in region of necking, shows a change in structure due to 
the local accelerated strain. 


Fig. 8—Same specimen as in Fig. 7. Microstructure shows 
features still typical of the cell structure. X100. 


Fig. 10—Same specimen as in Fig. 7. Microstructure near 
fracture shows a marked disturbance of the surface due 
to necking. X100. 
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Fig. 11—Micrograph shows a typical intercrystalline fis- 
sure at an early stage of tertiary creep. After creep of 
23 pct in 810 hr under a constant load of 580 psi at 
250°C. X1000. 


Fig. 13—Micrograph of pitted specimen (B) showing part- 
ing at grain boundaries near point of fracture. After 
creep of 95 pct (fracture) in 1420 hr under a constant 
load of 580 psi at 250°C. X250. 


« 
i 
Fig. 15—X-ray photograph of initial annealed state. 


is shown in Fig. 11; it will be noted that the fissure 
appears to have started at the junction of three grain 
boundaries. These fissures may have formed earlier 
during the secondary stage, but they were not de- 
tected. The development of a fissure after further 
extension is shown in Fig. 12, when it has become 
elongated due to the necking at fracture. There did 
not appear to be any appreciable difference in the 
number or size of fissures with variation of load 
(strain rate). 


In tests at the higher temperature of 350°C, the - 


fissures were much fewer and less pronounced at all 
rates of strain. 

It would appear from the foregoing that, when 
fissures formed, abnormal macroscopic condition of 
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Fig. 12—Micrograph shows a fissure which has become 
elongated due to necking at fracture. After creep of 155 
pet (fracture) in 1550 hr under a constant load of 580 
psi at 250°C. X250. 


Fig. 14—Photograph of fractures of specimens A and B. 
Specimen A (left) shows considerable necking and a trans- 
crystalline type of fracture; B (right) shows no appreci- 
able necking and an intercrystalline type of fracture. X3.5. 


Fig. 16—Micrograph shows how parts of the grain bound- 
ary continually lag behind at the pits during creep de- 
formation. After creep of 25 pct in 761 hr under a con- 
stant load of 600 psi at 250°C. X250. 


the metal is produced which might tend to cause an 
accelerated rate of strain owing to local stress con- 
centrations. But this condition is not essential for the 
accelerated strain, as shown by the observations at 
the higher temperatures. 

It should be added also that no fissures were ob- 
served in specimens strained in such a manner as to 
result in a slip structure. 

Influence of Surface Imperfections on the Forma- 
tion of Fissures: There appears to be evidence in the 
present work that the formation of fissures may be 
connected with the presence of pits on the polished 

surface of the material. To illustrate this, two identi- 
cal specimens were polished electrolytically, and the 
polishing conditions were so arranged that one 
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Fig. 17—Micrograph shows the formation of a fissure at 


retarded part of grain boundary. Same specimen as in 
Fig. 16. X250. 


(specimen A) had a reasonably good surface, simi- 
lar to that shown in Fig. 4, and the other (specimen 
B) had a large number of polishing pits distributed 
over the surface. These two specimens were then 
subjected to a constant tensile load of 580 psi at 
250°C. On entry into the tertiary stage, fissures were 
observed over the entire length of specimen B. Com- 
pared to specimen A, these fissures became consider- 
ably greater in number and size with continued ex- 
tension, so that ultimately they led to a parting of 
the grains at fracture, as shown in Fig 13. Corre- 
spondingly, there were differences in the fractures 
of the two specimens, Fig. 14. Specimen A showed 
considerable necking to fracture. The final elonga- 
tion was 155 pct reached in 1550 hr, resulting in 
a transcrystalline type of fracture. On the other 
hand, specimen B showed no appreciable necking to 
fracture. The final elongation was 95 pct reached in 
1420 hr, and the fracture appeared to be intercrys- 
talline. These results indicate that the fissures can 
penetrate quite deeply into the thickness of the 
specimen. 

With reference to these results, it was also ob- 
served that both polishing and etch pits had some 
influence on the grain-boundary movements, which 
were associated with the deformation of the speci- 
mens considered. Fig. 16 shows how parts of the 
grain boundary continually lag behind at the pits 
during the migration process, in similar fashion to 
that recently reported by Chang and Grant.’ Merely 
heating annealed metal produced the same effect 
(see Fig. 18), and it was only after prolonged heat- 
ing that the arrested parts of the boundary caught 
up with the rest. It was of further interest to ob- 
serve that when specimens were deformed, fissures 
frequently appeared at those very regions where the 
movement of the grain boundaries was retarded, as 
shown in Fig. 17. 


Discussion 


In connection with the objects of the investigation, 
the results bring out the following points: 

1—In the tertiary stage there appears to be no 
radical change in the particular mechanism of de- 
formation that characterized the secondary stage. 
The subgranular structural condition associated with 
the equilibrium state of the secondary stage, whether 
that be characterized by slip, cell, or boundary mi- 
croflow, is virtually preserved almost until fracture. 
It is considered that those changes which do occur 
are subsidiary changes due rather to the accelerated 
rate of strain, which is confined to the region of 
necking; this produces, in accordance with the gen- 
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Fig. 18—Micrograph shows how pits retard the grain- 
boundary migration in an annealed specimen, heated 1/2 
hr at 350°C. Re-etched. X250. 


eral relation between substructure and strain rate, a 
finer substructure. This conclusion is of interest in 
relation to the suggestion made by some investi- 
gators’ that the tertiary stage in some cases might be 
associated with recrystallization. In none of the 
aluminum specimens deformed under the conditions 
employed in the present research was recrystalliza- 
tion observed. 

2—There are changes in microstructure with de- 
formation extending into the tertiary stage. In par- 
ticular, there is the formation of intercrystalline 
fissures, as described also in the early work of Han- 
son and Wheeler.’ The formation of fissures was 
observed to be more pronounced at intermediate 
temperatures, 250°C, and less marked at higher tem- 
peratures, 350°C, when the stage of boundary micro- 
flow predominates. 

3—There is the further point, however, that pits 
on the surface of the metal seem to promote the 
formation of fissures and intercrystalline fracture. 
In this connection, it is now generally thought that 
movements of grains and of grain boundaries are an 
integral part of the creep process when the cell 
structure or the stage of boundary microflow is pre- 
dominant. Thus it may be expected that these 
boundary movements would tend to relieve the 
stresses built up in the regions of the grain bound- 
aries due to the “interlocking” of the grains, thereby 
reducing the possibility of the formation of cracks or 
fissures. Alternatively, if it is assumed that micro- 
cracks are activated at some stage of the deforma- 
tion, the mobility of the micromovements would tend 
to fill them in as fast as they formed; this is sug- 
gested by the observation mentioned, that the for- 
mation of fissures is less marked at 350°C compared 
to those observed at 250°C. Accordingly, as illus- 
trated by the results of the present investigation, 
when parts of the grain boundary are inhibited from 
moving in accordance with the requirements of the 
deformation process, such as at a polishing pit, it 
would be expected that in some cases a fissure can 
be activated and grow to macroscopic size before the 
barrier can be overcome. In addition, there will be 
variations in the stress system at the grain bound- 
aries arising from stress concentrations at the pits, 
with subsequent variations due to the formation of 
fissures. Evidently it would be of interest to de- 
termine whether fissures are formed in specimens 
entirely free from pits, with deformation over the 
range of temperatures and rates of strain considered. 

4—It is generally accepted that commercial alloys 
very often exhibit intercrystalline cracking during 
creep at elevated temperatures, with a correspond- 
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ingly lower overall extension than the more usual 
transcrystalline fractures obtained in tensile tests at 
room temperatures. On the other hand, the results 
obtained with high purity aluminum show the elon- 
gations to be least with deformation at room tem- 
perature where the specimens exhibit the slip 
structure only, and greatest during creep at elevated 
temperatures where the specimens exhibit the cell 
structure or boundary microflow. The observations, 
however, show that the presence of pits on the 
aluminum tends to reduce the elongations to fracture 
at elevated temperatures, and it is possible that, as 
the number of pits is increased, the elongations will 
likewise continually decrease. Again considering the 
behavior of commercial alloys, it is known that 
they are rather complex in structure, and usually 
consist of more than one phase including intermetal- 
lic compounds and inclusions. In this connection, it 
is of considerable interest that other workers have 
found that, when a metal is heated, inclusions” and 
dispersed phases” can interfere severely with the 
migration of the grain boundaries. Therefore, pro- 
viding the deformation characteristics of the alloys 
are similar to those observed on aluminum, the 
presence of these phases may possibly interfere with 
boundary movements during creep deformation, and 
so lead to the formation of intercrystalline cracks or 
fissures and subsequent intercrystalline fractures 
with correspondingly low overall extensions. 
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Silicon-Oxygen Equilibrium in Liquid Ilron—A Revision 


by John Chipman and Nev A. Gokcen 


E. T. Turkdogan (British Iron & Steel Research 
Assoc., London, England)—I would like to suggest a 
different method for the treatment of the authors’ data 
on the Si-O equilibrium in liquid iron. 

Because the activity coefficient of silicon dissolved 
in iron is influenced by the concentration of silicon as 
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well as that of oxygen, the equilibrium constant K3 of » 
reaction 2 becomes a function of metal composition, 
and, as shown in Fig. 1, a plot of log K. at 1600°C 
against the weight percent of silicon gives a smooth 
curve. A similar curve is obtained when log K.* is 
plotted against the oxygen content of iron. Before 
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. 
Fig. 1—Variation of log K,* with concen- p 


tration of silicon in iron at 1600°C. 


extrapolating the curve to 0 Si concentration, the fol- 
lowing consideration should be taken into account: 

When silicon concentration in iron is high and, con- 
sequently, the oxygen concentration is low, the meas- 
urable effect on the activity coefficient of silicon is 
solely that brought out by the silicon concentration; 
and, as pointed out by the authors, the activity co- 
efficient is greater than unity. On the other hand, as 
silicon in iron decreases and oxygen increases, the 
activity coefficient becomes progressively less and be- 
yond a certain composition it becomes less than unity. 
When silicon in iron approaches infinite dilution, the 
oxygen concentration therein increases appreciably 
when the system is in equilibrium with cristobalite, 
and, therefore, the equilibrium constant K,' increases 
very materially. 

In view of these arguments, it follows that, at an 
intermediate composition, the log K,' vs pct Si curve 
should have an inflexion. In fact, at about 0.65 pct Si, 
the curve deviates from the straight line 1 (Fig. 1), 
and the slope gradually decreases as the silicon content 
of iron decreases, but below about 0.4 pct Si, the points 
fall on a straight line 2. 

As shown by the authors in their original paper, the 
value of log i is very nearly zero (—0.003) at 0.009 


and 0.6 pet O and Si, respectively. Consequently, the 
extrapolation of the straight line 1 to 0 Si concentra- 
tion at B gives the true equilibrium constant because 
along this curve the f ., term has been eliminated. 


The activity coefficient of silicon in the Fe-Si liquid 
system can be calculated from 


log f; = log K, — log K, [12] 


where log K, = —3.685 (point B) at 1600°C, and log 
K;' is the value when silicon in iron is greater than 0.6 
pet. In Fig. 2, log ee is plotted against the silicon con- 


tent of iron. Up to about 4 pct Si, the relationship is 
linear. The error involved in this calculation, i.e., due 
to the omission of very small percentages of oxygen, 
the term if “1S negligible compared with the values of 


Si 
si 


When Eq. 12 is applied below 0.6 pct Si, the term (ye 


=O 
O-4 


8 
wt. % Si 
Fig. 2—Log Wes related to concentration of silicon dissolyed 


in iron at 1600°C. 
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O 


AND log fe; 
L 
O 


log f. 


G02 7004, 
wt. % O 
Fig. 3—Log ies and log fs related to concentration of oxygen 
dissolved in iron at 1600°C. 


becomes progressively significant, and therefore 
log f = log + log = log log [13] 


Moreover, because the log f vs [pet S] relationship 
is known from Fig. 2, the value of log (Re can be cal- 


culated from Eq. 13. 
In Fig. 3, log f. and log f., are plotted against the 


oxygen content of iron. 

Incidentally, in the calculations, melts series I: 104, 
65, 69, and 105, and series II: 127 are omitted because 
of the authors’ statement of the unreliability of their 
silicon contents. 

Considering the experimental difficulties, the scatter 
of the points about the lines drawn is not excessive. 
Line 1 in Fig. 3 may be represented by 


f., 


e = 4.0. [14] 
[0 pct] 


From Eq. 14 and the method employed by the authors 
in their original paper, it follows that 


log f, = log fe = —2.29 [pet Si] [15] 


where 1 is the activity coefficient of oxygen in the 
Fe-Si-O liquid system and f . is a factor which indi- 


cates the magnitude of the interaction between silicon 
and oxygen dissolved in iron. fe = ibe because, in the 


molten Fe-O binary system, Henry’s law is obeyed up 
to oxygen saturation, Le., ts = 1.0. 


Employing —3.685 as the value for log K» of Eq. 2 
at 1600°C, together with the other appropriate reactions 
given in the paper, the free-energy change of reaction 
7 becomes —41,754 cal per mol, and the free-energy 
changes of the following reactions are 


SKC) = Si AG°r = — 28,500 — 0.77T [16] 
Si + 20 = SiO.(crist) AG°r = — 133,340 + 48.91T. [17] 


By using Eq. 16, y° for silicon in very dilute solution in 
liquid iron becomes 0.016 at 1600°C. 
N. A. Gokcen and J. Chipman (authors’ reply)—The 
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authors wish to thank Dr. Turkdogan for his interest 
in the interpretation of the equilibrium results. They 
were aware of the alternative treatment presented by 
Dr. Turkdogan and of the fact that it leads to a slightly 
different value for the free energy of solution of sili- 
con in liquid iron. The experimental data are not suf- 


ficiently detailed to permit a clear-cut decision between 
these interpretations. Observed values of the product 
[pct Si] [pet 0]? agreed rather well with the earlier re- 
sults of Kérber and Oelsen and of Hilty and Crafts, 
and therefore appeared more firmly established than 
the equilibrium used in Dr. Turkdogan’s calculations. 


Regenerator Efficiency and Air Preheat in the Open Hearth 


by B. M. Larsen 


DISCUSSION, D. L. McBride and George Burrier, 
Chairmen 


J. E. Eberhardt (Bethlehem Steel Corp., Bethlehem, 
Pa.)—Mr. Larsen’s paper is a logical and comprehen- 
sive description of a method of attack on the problem 
of getting the maximum possible flame-radiation in- 
tensity from a given fuel in an existing open-hearth 
furnace. His paper is so complete and so fundamentally 
sound that little can be added in the form of either 
further discussion or criticism. However, a brief sum- 
mary of some of Mr. Larsen’s points will serve to bring 
out a slightly different way of expressing his results 
which, it is believed, will aid in a further understand- 
ing of the art of operating open-hearth furnaces. 

He first reiterates the well-known principle that 
flame-radiation intensity with a given fuel increases 
with increasing air-preheat temperature. He then makes 
a good case for the view that as much as possible of 
the oxygen required for the bath reactions should be 
supplied as oxygen-from-air rather than oxygen-from- 
ore. One may picture, then, two kinds of combustion 
air, fuel-combustion air (to burn the fuel) and charge- 
combustion air (to burn the metalloids of the charge). 
From the point of view of flame-radiation intensity, 
and hence furnace productivity, it is important to get 
the fuel-combustion air as hot as possible. From the 
viewpoint of thermal efficiency, it is important also to 
get the charge-combustion air as hot as possible. Many 
existing furnaces, however, have checkers that are sim- 
ply too small to heat this much air. Mr. Larsen’s answer 
to that is his description of the practice of furnace A 
where, by “controlled leakage,” the operators supply a 
large excess of cold charge-combustion air directly into 
the melting chamber in order to keep the checkers hot 
enough to furnish hot fuel-combustion air. 

Mr. Larsen’s table of data descriptive of furnace A 
shows percentages based on the percentage of theo- 
retical air, which he defines as total air required for 
combustion of fuel plus carbon monoxide from the 
bath. The writer believes that one’s thinking is helped 
by referring “preheated air ingoing through checker” 
to fuel-combustion air. With the conditions as given, 
the hot air from the checker was approximately 103 pct 
of theoretical fuel-combustion air which, with reason- 
ably good port and burner design, will allow good flame 
development. One may picture, then, a core of hot fuel- 
combustion air surrounding the flame and moving with 
it through the furnace and in turn more or less sur- 
rounded by a cooler mass of inleaking air which is 
heated by burning the bath gases and by convection 
from the hot surfaces in the melting chamber. This 
latter mass substantially is transparent to radiation and 
hence slows down the furnace very little. 

Mr. Larsen has, in effect, given us a rule for deter- 
mining if a checker is too small. Practically any checker 
can be operated at the maximum safe temperature of 
the top course of bricks by using the “controlled-leak- 
age” technique. If that checker will then heat the fuel- 
combustion air for the maximum fuel to a good high 
temperature, it is big enough for maximum tons per 
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hour from that furnace; any increase in size will save 
fuel but will not appreciably increase tons per hour. 

These statements may be somewhat oversimplified 
but do come close to expressing the practical operating 
philosophy obtainable from this excellent paper. 

R.A. Lambert (Jones & Laughlin Steel Corp., Pitts- 
burgh)—The contribution that Mr. Larsen has offered 
to the Steel Institute and now to AIME is a most ex- 
cellent presentation of “Regenerator Efficiency and Air 
Preheat in the Open Hearth” and will continue the 
emphasis, for operators, on the appreciable gains which 
can be obtained from high heat recovery through more 
efficient regeneration, gains not only in fuel savings as 
such, but in increased productivity. This is especially 
so in curtailed-production periods like the present when 
we seek optimum furnace operation primarily for over- 
all lower ingot-manufacturing costs rather than high 
production rates only. 

The paper by John Marsh’ and referred to in Mr. 
Larsen’s presentation is closely allied to the latter’s 
paper in ultimate objective. The extent of agreement 
of the two papers certainly indicates that high air pre- 
heat is unquestionably a very important contributor to 
high furnace-production rates. The extent of diverg- 
ence of the papers serves to stimulate mentally those 
fuel engineers associated with open-hearth practice in 
case they have become too complacent and assured in 
their analysis and interpretation of combustion phe- 
nomena and its related influencing factors. 

An obvious first step in any comment on Mr. Larsen’s 
data was to check the charts he presented in Figs. 1 
and 6. The furnace A referred to in the paper bears 
some resemblance to our Pittsburgh Works Div. No. 31 
furnace. Physical data on this furnace is as follows: 

Forty-two net-ton stationary 100 pct cold-metal fur- 
naces are used for foundry castings. The production rate 
is low due to time delays in meeting molding schedules. 
The regenerators are small, 12x9x6 ft in depth. Bath 
area is 188 sq ft, while the heating surface of checkers 
is only 2858 sq ft. Several tests in past years on this 
furnace have indicated that, with high draft (about 0.09 
in. water draft at the foreplate level of the exit-end 
door), we cannot burn more than 155 gal of oil per hr 
and maintain more than 15 pct excess air in outgoing 
gases. There is no forced-draft combustion-air fan for 
the furnace and neither is there any waste-heat boiler 
to require us to burn fuel through the furnace for steam 
generation. 

Since no combustion-air measurement through the 
regenerators is provided, we had to measure as closely 
as possible, through the square-type plate valve, the 
air entering the inlet flue to the regenerator chambers. 
These admittedly rough measurements indicated that 
135,000 cu ft per hr or about 61 pct of the theoretical air 
was through regenerators and preheated as compared 
to the 87 pct in the furnace A of Larsen’s paper and 
with an average of 1700°F preheat or 140°F less than 
furnace A. While undoubtedly some additional leak- ° 
age occurred, the system appeared fairly tight and is 
relatively small. No tests were made of air pickup 
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within the regenerator. Calculations and complete data 
for the furnace are shown in Table IX. Since tempera- 
ture spreads were relatively close to those in furnace A 
of the paper and to avoid cumbersome calculations, the 
same values for S, and S. specific heats were used. It 
was noted, incidentally, that H.O vapor has a decided 
influence on the specific-heat value. Results of tests and 
calculations indicate an E, value of 43.2 pct, which is 
the limiting efficiency under the conditions of furnace 
operation and which Mr. Larsen has termed “drift 
ratio.” The Ez value indicates at 29.8 pct, which is the 
actual regenerator efficiency as fuel engineers under- 
stand it. Note that the air flow per 1000 sq ft of heating 
surface is 3650 lb per hr. 

Fig. 9 was prepared on which was copied the Fig. 1 
of Mr. Larsen’s paper and on which was plotted, by 
extrapolation, a curve to represent the E, value from 
the Jones & Laughlin No. 31 Furnace of our Pittsburgh 
plant. From the calculations previously shown, the 
pounds of air per hour per 1000 sq ft heated surface in 
this J&L furnace was 3650, which is much higher than 
the 2860 in the furnace A of Larsen’s paper. However, 
reading from these two values, Ez, and air flow, the 
chart Er value is indicated at 27 pct. This comes close 
to the 29.8 pct as calculated. Larsen’s “Electric Ana- 
logue,” to derive an E; curve for variable loading con- 
ditions, obviously is a very worthwhile device. Absolute 
efficiency, in this instance, is 69 pet as compared to that 
for Larsen’s furnace A of 72 pct, yet with the J&L fur- 
nace at 140°F less preheat-air temperature. While the 
two regenerators are probably different in physical de- 
sign, it is not doubted that, if on the J&L furnace draft 
could be further increased to permit additional infiltra- 
tion above sill level at the outgoing end and more fuel 
fired, a corresponding increase in top checker tempera- 
ture and air preheat would result. Under such condi- 
tions of higher air preheat and consequent higher flame 
temperatures, it is believed that higher production 
rates would result. However, top-brick checker work 
would be more sensitive to high temperature and an 
excessive rebuild maintenance could result with higher 
fuel consumption. Mr. Larsen recognizes this also. The 
Fig. 6 of his paper indicates about 70 pct of the total 
air heating is done in the top third of the regenerator 
chamber. Under such conditions, I concur with Mr. 
Larsen’s statement: “It strongly indicates how air- 
preheat temperature, measured in uptakes, has no 
necessary relation to adequacy of regenerator size and 
design and that high flame intensities should be obtain- 
able in almost any commercial open hearth if properly 
managed. Also, it shows that such a result, if regen- 
erators are too small, too inefficient, or too heavily over- 
loaded, is obtained at the cost of excess fuel, partly 
wasted in the form of an excessive volume and tem- 
perature in the combustion gases flowing to the stack 
or waste-heat boiler.” 

At this point, I should like to refer to Mr. Marsh’s 
original paper, since Mr. Larsen has done so. Mr, Marsh 
states: “Proponents of large flow of excess air are evi- 
dently in a difficult position. Although almost too ob- 
vious to justify mention, furnace pressure is surely a 
controller of infiltration, hence, air temperature.” As 
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Table IX. Regenerator Efficiency. Data and Calculations 
for No. 31 Furnace* 


Test Data 


155 gal oil per hr at 143,000 Btu per gal = 22.17x10° Btu per hr 


fuel input 
Orsat analysis 15 pet excess air 


Temperature of air entering regenerator, 
270°F (calculated) = Ta 


Preheat air, 1550° to 1850°F, or mean 
1700°F = 


Temperature of waste gases entering 
regenerator, 2360°F (taken with 
optical) = Tg2 
Temperature of waste gases leaving 
regenerator, 1680°F (mean) = To. 


Air entering regenerator 135,000 cu ft per hr 


Calculations: Weight of Waste Gases Entering Regenerator 


155 gal fuel oil x 8.238 lb oil per gal = 
Theoretical air = 
Then 222,000x1.15x0.07655 lb air per 


1277 lb fuel oil per hr 
222,000 cu ft per hr 


— 19,545 lb air per hr 
Total weight of gases entering 
regenerator = 20,882 lb per hr = Wg 


Calculations: Weight of Air Entering Regenerator 


135,000 cu ft per hr x 0.07655 lb air 
per cu tt; = 


Wa Sa(Tg2 — Tai) 
x 100 = 
Wg Sg (Tg2 — Tar) 


10,435 lb per hr = Wa 


10,435x0.263 (2360 — 270) 


x 100 = 43.2 pct 
20,882x0.305 (2360 — 270) 
Wa Sa(Taz — Ta) 
Er = < 1005 = 
Wg Sg (Tg2 — Tai) 


10,435x0.263 (1700 — 270) 


x 100 = 29.8 pct 
20,882x0.305 (2360 — 270) 


10,435 
Lb air per hr per 1000 sq ft regenerator surface = = 3650 
2.858 


* No appreciable bath reactions were noted during the test; such 
effects were ignored. Rated capacity: 42 net tons, 100 pct cold-metal 
furnace. Bath at fore plate: length, 22 ft 10 in.; width, 8 ft 3 in,; 
depth, 2 ft; area, 188 sq ft. Checkers: length, 12 ft; width, 9 ft; 
depth, 6 ft. Flues: chimney, 54%2x5% in. Exposed heating surface: 
2858 sq. ft. 


to just how much is “large flows,” Mr. Marsh is not 
specific. I take Mr. Larsen’s position that regenerator 
size and design and field-performance efficiency dic- 
tates, to very appreciable extent in the older furnaces, 
the excess-air needs, dependent upon production de- 
mands and the ingot-cost situation. It seems apparent 
that Larsen would not recommend that his furnace B 
(double-pass checkers) be carried with high draft and 
large flows of excess air above sill level. Furnace B 
passed 106 pct of theoretical air through regenerator 
chamber with a 23 pct excess air in waste gases at the 
outgoing end (I don’t think 23 pct is too much for 
modern furnaces) and indicates an E, (absolute effi- 
ciency) of 88 pct. Further, it is questionable if any 
open-hearth furnace should be operated with a near- 
reducing atmosphere at the outgoing ends. Any sam- 
pling means for determination of atmosphere consti- 
tuents at these high temperatures and with combustible 
and oxygen molecules at proximity at sampling-tube 
entry will always tend to indicate more complete com- 
bustion than actually exists in the gas stream due to a 
secondary combustion at the immediate sampling-tube 
entry. Therefore, from gas-analysis indications to set 
furnace atmospheres to about 1 pct Os, which we hear 
is being practiced in some shops, in my opinion, will 
result in reducing atmospheres in the downtakes. For 
silica brick, this is said to be injurious; for basic brick 
this is reported to be more injurious. 

For furnace C operation with the large single-pass 
regenerators, wherein large quantities of infiltrated air 
were existent in the upper regenerative zones (about 
90 pet of the total infiltration into the chambers), sub- 
sequent illustrations and remarks by Mr. Larsen con- 
firm Marsh’s data relative to the importance of keeping 
such portions tight. It would be interesting to see com- 
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2850°F-71.5 SQFT-20PCT EA 
2020 CUFT PER SEC 
28.2 FT PER SEC 


2900°F-77.5 SQFT-20 PCT EA 
2050 CU FT PER SEC 
26.4 FT PER SEC 


EA 
2650°F- 111 SQFT-25PCT EA | 2030 CUFT PER SEC 

1970 CU FT PER SEC 12.4 FT PER SEC 
17.7 FT PER SEC | 


2800°F~-121 SQ FT-20 PCT EA 
1990 CU FT PER SEC 
{6.5 FT PER SEC 


600 GAL PER HR Ls 
A 
ies 2750°F- 80 SQFT-25 PCT EA— | 
SEC 


2035 CUFT PER 
25.4 FT PER SEC 


ia 


1250°F-65.2 SQ FT-40 PCT EA 
1210 CUFT PER SEC 
{8.6 FT PER SEC 


{200°F-130 SQ FT- 45 PCT EA 
4100 CU FT PER SEC 
8.5 FT PER SEC 


1125°F-44.2 SQFT-60 PCT EA 
{270 CU FT PER SEC 
28.8 FT PER SEC 


2000°F-292 SQ FT-33 PCT EA 

1655 CU FT PER SEC 

5.7 FT PER SEC 
SQ FT-50 PCT EA 

{215 CU FT PER SEC 

21.1 FT PER SEC 


Fig. 10—Theoretical performance of No. 4 open-hearth furnaces. 
EA represents excess air. All values represent performance during 
waste-gas travel. 


parisons of furnaces B and C with the minimum air 
leakage into regenerator chamber proper in both such 
designs. An attempt has been made to illustrate this by 
comparison of Larsen’s furnace B with our recently 
installed furnaces having single-pass checkers. Fig. 10 
indicates the performance anticipated before these J&L 
furnaces were built. Note that with a 25 pct excess air 
in the ingoing waste gases, there is a further anticipated 
pickup of 15 pct, totalling 40 pct at the end of the re- 
generator travel. We are now operating these 250 net- 
ton furnaces at about 15 to 20 pct excess-air setting at 
the downtakes (floorlevel) during the meltdown period. 
The furnaces are equipped with fuel-air-ratio controls 
which hold very weil. To attempt a correction for com- 
bustible gases given off during reaction periods, we 
have advised a manual fuel cutback and a manual fuel- 
air-ratio reset to compensate. We are satisfied that 
fuel-air ratio is an aid, particularly with relatively in- 
experienced personnel on the furnaces. It is realized, 
as Mr. Larsen points out in his paper, that a sizable 
amount of oxygen is consumed in combustibles from 
bath reaction and in scrap oxidation, although frankly 
the latter has not been considered as appreciable. Fuel- 
air ratio does not compensate automatically for these 
bath combustibles. 

We are seriously considering the installation of 
direct continuous oxygen analysis of the outgoing gases 
at the operating-floor level with such analysis tied into 
the reversal systems. Should the difficulties of sampling 
lines be satisfactorily resolved, we shall then proceed 
with having this oxygen-measurement function control 
the combustion air to the furnace. This should put 
under control the present unknown variable in oxygen 
demand due to bath reactions and scrap oxidation. 

The furnace B of Larsen’s paper with the double- 
pass checker design enjoys a high limiting efficiency E, 
of 73.2 pet with an absolute efficiency of 88 pct. The 
J&L single-pass checkers with regenerators 30 ft long 
by 18 ft 6 in. wide and a depth of 16 ft 6 in. setup, with 
742x7% in. chimney flues for residual-tar fuel, has a 
total exposed heating surface of 36,500 sq ft compared 
to the 56,000 sq ft of Larsen’s furnace B. Our Table X 
tabulates the comparison of incidental data. In both 
cases regenerators are well sealed. Calculations in the 
J&L furnace may not be quite as accurate, so I took the 
liberty of using Larsen’s specific-heat values rather 
than calculate by the tedious process, inasmuch as 
water vapor affects the net value and Larsen’s tem- 
perature ranges were within comparative limits. 

The outstanding indications here again illustrate the 
accuracy of Larsen’s Fig. 1. Fig. 9 indicates that the 
E, of 77 pet for the J&L furnace and the air flow of 
2200 lbs per hr per 1000 sq ft of heated surface obtains 
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an Ex value of 64.0 pct, whereas the average of the air 
and gas Er values as calculated indicates at 59 pct. Note 
also that Larsen’s double-pass checker had an absolute 
efficiency of 88 pct, while the J&L furnace was 77 pct, 
which probably indicates the J&L furnace regenerators 
can be somewhat improved to raise efficiency. Also, 
the double-pass regenerator efficiency averaged 64.5 
pct with the J&L furnace at 59 pct, or 9 pet greater in 
fuel recovery, which confirms Larsen’s remarks rela- 
tive to the heat-recovery advantages of double-pass 
systems. 

Some discussion is made in the paper about furnace 
control by checker-radiation units. Mr. Larsen remarks 
that such measurements aid the first helpers in giving 
a continuous indication of top-checker temperatures 
and would start reversing the furnaces on shorter cycles 
to give protection against excessive temperatures and 
serve as a warning to first helpers to either decrease 
fuel rate or increase air rate through checkers. Empha- 
sis is made that a knowledge of high temperatures in 
this region would also indicate if the furnace was at 
maximum speed by actually reaching the maximum set 
point and so reversing the furnace ahead of the tem- 
perature-difference setting. While it is admitted, and 
rightly so, that this in itself is not the whole answer 
to the open-hearth complex control problem anymore 
than it is the frequent or continuous measurement of 
preheat air, such instrumentation poses to the reader’s 
mind some question as to possible accuracy of measure- 
ments and maintenance involved. 

Can we depend on this type of installation to render 
accurate measurement? Can these total radiation units 
be correctly calibrated by use of the optical pyrometer 
with its inherent measurement of a single wave length 
of light? Do such locals, where the unit is sighting on 
relatively large areas, simulate sufficiently accurate 


Table X. Comparison of Jones & Laughlin Furnace 
with Larsen Furnaces B and C 


Larsen’s Larsen’s J&L 
Furnace Furnace C Furnace 
Furnace capacity, de- 
signed for 240 — 250 
Fuel input 550 gal oil 
per hr — 95x108 ¢ Oil 
Btu { & 
per hr (Gas 
Checker data: Double Single Single 
pass pass pass 
Sq ft of wiped surface 56,000 39,700 36,500 
Checker depth, ft — 14 16.5 
Checker length, ft — 30 30 
Checker width, ft — — 19.5 
Condition of regenerator Tight Leaky Fairly 
tight 
Lb of air per hr per 1000 
sq ft wiped surface 1,100 1,800 2,200 
Lb of waste gases per hr 
per 1000 sq ft wiped 
surface 1,410 3,820 2,670 
Total air in combustion 
gases, pct theoretical 123 168 118 
Total air entering regen- 
erator, pct theoretical 106 86 110 
Wa: lb combustion air en- 
tering checkers 61,810 71,820 80,375 
Wg: lb combustion gases 
into checkers 78,960 151,030 97,390 
Tgi: °F, waste gases leav- 
ing checkers 1,110 1,420 1,270 
Toz: °F, waste gases en- 
tering checkers 2,550 2,350 2,600 
Ta: °F, air entering 
checkers 210 190 220 
(calc) 
Taz: °F, air leaving 
checkers 2,240 1,680 2,040, 
2150°F av- 
erage air 
preheat into 
‘urna 
Pct Ergo: efficiency of heat s 
removal from waste 
gases 66 46 60 
Pct Era: Efficiency of heat 
storage in combustion 
air 63 30 53 
Pct Ex: (drift ratio) lim- 
iting efficiency 73 44 717 
Pct E4:. absolute effi- 
ciency 88 — 77 
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black-body condition which is necessary to get correct 
calibration, particularly when checker or wall deposits 
can change so as to radiate changing temperatures? 
Tables set forth in Rhodes’ Industrial Instruments for 
Measurement and Control indicate deviations from true 
temperature for coatings of iron oxide. Fig. 11 illus- 
trates the extent of deviations. Note that, as the tem- 
peratures increase, the deviations from true tempera- 
ture become greater. If this data is being interpreted 
correctly, at average top-checker conditions the error 
can be about 100°F on the low side, and if an estimated 
adjustment was not made, a low reading could be more 
damaging than a high reading. 

When instrumentation and controls were being se- 
lected for the new open hearths at Pittsburgh J&L 
three years ago, we had considerable discussion about 
selection of either radiation units or flue thermocouples. 
It came to our attention from several sources that serv- 
ice maintenance on these radiation units was high and 
optical checks unreliable. We had had previous experi- 
ence in our own shops with back-wall roof-temperature 
control, which was highly unsatisfactory from a main- 
tenance standpoint. Of course, the latter is admittedly 
a more severe service. We decided on thermocouple 
installation in the flues and incorporated into the in- 
strument as many similar features comparable to the 
radiation units as we could. 

Fig. 12 illustrates what type of performance and 
record is obtained from this six-point circular-chart 
record. Stack temperature and atomizing-steam super- 
heat is shown by the circular curves. The upper butter- 
fly pattern is the familiar flue-temperature record. The 
lower radial lines indicate the temperature difference 
of the opposite end couples. There is also a maximum 
predetermined temperature setting to guard against 
excessive high temperature. If this is reached, the fur- 
nace will reverse. Early in the furnace-operating pro- 
gram, a platinum couple was inserted in the fantail 
arch and readings indicated that a maximum setting on 
the recording instrument of 1450°F would protect the 
top-checker brick to 2700°F. We realize that this re- 
versal method has some shortcomings over any success- 
fully operated radiation unit; however, the maintenance 
is negligible and the couples last several years, requir- 
ing cleaning only during flue cleaning. 

A few months ago we abandoned a single-point roof- 
temperature control and experimented with a three- 
point control, with the fuel-air control throttled when- 
ever any of the three points reached the predetermined 
control set-point. One location was in the roof center 
and the other two at the outgoing ends in the roof. It 
became evident that the center point was not neces- 
sary, and since then, three furnaces have been equipped 
with two-point control. An insufficient trial time does 
not permit any evaluations at this time; however, we 
are getting some very interesting results and they cer- 
tainly reflect conditions which we believe will tie in 
with preheat-air temperatures and top-checker tem- 
perature. Recently we received a radiation unit which 
will be tried on one furnace with the two-point roof 
control and possibly the continuous oxygen recording 
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Fig. 12—Type of performance and record obtained from J & L 
six-point circular-chart record. 


tied into fuel-air ratio. We shall certainly also take 
preheat-air temperature and perhaps we can place the 
open-hearth heat system under closer control. 

Summarizing briefly, it is apparent that both Larsen 
and Marsh are in agreement on maintaining tight 
checkerwork below the sill level. It is questionable if 
we want to maintain a too low excess air in outgoing 
gases. I believe that, in most instances of modern fur- 
nace operation, 15 to 20 pct excess air is not too ex- 
cessive. It is also recognized there are undercheckered 
furnaces that can be operated with high excess air to 
increase productivity at the expense of higher fuel 
costs, higher maintenance costs, and lower furnace 
availability. While there is not agreement here with 
Larsen’s minimizing of preheat measurements, yet 
there is also no agreement with Marsh’s position in 
the original paper that air-preheat influence is power- 
ful enough to nullify other factors to the extent that, 
on the average, heat time is inversely proportional to 
air temperature. What about charging time, carbon at 
half lime-up, timing of hot-metal additions, tapping 
carbons, undesirable residuals, slag conditions and 
analysis, and a host of other variables? A qualifying 
statement that, were all other factors relatively equal, 
air preheat has large influence on furnace speed would 
be an acceptable premise. 

Before concluding, I should like to ask Mr. Larsen 
to clarify the following: 

1—On page 136,” Mr. Larsen states that the Ex, of 
78 pct represents results to be expected on an ideal 
furnace. What are the limiting factors that do not per- 
mit higher efficiencies? 

2—In the same paragraph,” it is stated that the maxi- 
mum possible net efficiency is about 70 pct with non- 
preheated fuels. Does this refer to absolute efficiency 
E. or the Ex value and why? 

3—In actual practice, what, in Mr. Larsen’s opinion, 
is the minimum air infiltration to expect through re- 
generator system on the waste-gas cycle? Would the 
same hold for the combustion-air cycle? 

4—What merit would there be in a continuous oxy- 
gen analysis of waste gases at operating-floor level? 
Could such data be put to useful practical purpose? 

5—Under what conditions would Mr. Larsen suggest 
higher excess air than that used on his furnace B? 
Would he recommend a lower excess air? 

Mr. Larsen has performed a most commendable and 
outstanding service to the AIME and to the open- 
hearth section of the steel industry in development and 
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presentation of this paper. The many years of data 
collecting and painstaking work in this accumulation 
is a splendid example to all of us in our service to the 
industry. His work contributes to the standards of per- 
formance evaluation in open-hearth practices to gain 
what we are always seeking, high productivity with 
lower manufacturing costs. 


12 Paper under discussion: Trans. AIME (1954) 200, pp. 129-144; 
JouRNAL or Merats (February 1954). 


B. M. Larsen (author’s reply)—Mr. Lambert’s checks 
on net efficiency in two very different furnaces are 
close enough to the curves of Fig. 1 to be very encour- 
aging. In fact, the deviation from agreement for his 
larger new furnace is probably of equal significance. 
The limiting efficiency (Ez) here was 77 pct and the 
air-flow load 2200 lb per hr per 1000 sq ft which should 
have given an Ep value of nearly 65 pct, whereas his 
indicated actual Ex was only 59 pct. This brings out a 
point which was not very specifically developed in the 
paper, namely, that Fig. 1 is a simplification based on 
the assumption that the air-flow velocity and, there- 
fore, the coefficients of heat transfer per unit surface 
are roughly constant over the load range. In Lambert’s 
new furnace with long single-pass chambers, these 
levels are very probably much lower than for our A 
and B-furnace cases, so his net efficiency should be low 
relative to Fig. 1, as he finds. Since the paper was 
written, we have made another test on a similar single- 
pass system and find a very similar deviation. This, in 
brief, tends to prove the point that the double-pass de- 
sign has an added advantage caused by the much higher 
flow velocity which gives increased coefficients of heat 
transfer per unit of wiped-surface area. The gains in 
efficiency, of the order of 5 to 8 pct in Ex, are more im- 
portant than might appear because they are at the 
high and where further gain (see Fig. 6) is hard to 
obtain, but which also is “all gravy” in terms of hotter 
air or higher capacity for excess preheated air supply. 

Our own experiences with total radiation measure- 


ment of top-checker temperature have on the whole 
been encouraging despite some practical difficulties. 
Optical-pyrometer checks are most accurate on the air- 
flow period of the reversal cycle, toward the end of 
which the rate of change in apparent brick tempera- 
ture is slow enough to favor a fairly accurate com- 
parison with recorder values from the total radiation 
receiver. Surface emmissivities are moderately high, 
coupled with a condition not too far from black-body 
conditions, so that errors are not really serious. 

In regard to Mr. Lambert’s concluding questions: 

1—E, values for the common fuels can be higher 
than around 78 pct only if there is considerable excess 
air, which tends to give a small decrease of overall 
furnace efficiency. Thus, we considered this as an ap- 
proximate limit for an “ideal furnace.” 

2—The 70 pct limit for nonpreheated fuels refers to 
net efficiency (Er) and is based simply on the fact that 
products of combustion are 20 to 25 pct higher in heat 
capacity than the air required, plus the practical limits 
of deep-checker design. 

3—The question about air leakage is a tough one. We 
have encountered apparent total leakages down as low 
as 3 to 7 pct, and I think it is possible to have leakage, 
in regenerator zones only, of less than this range on 
“waste-gas cycle.” It is, of course, extremely difficult 
to maintain such low leakage levels. I think that air 
leakage tends to be less during the combustion-air 
period. 

4—Certainly continuous oxygen analysis somewhere 
in the outgoing stream has a highly potential practical 
value. Just where it is best to sample, I do not think 
we know as yet. 

5—I suspect that around 5 to 10 pct excess air above 
the total for both fuel and bath gases might be high 
enough. The difficulty lies in the uncertainty of how 
much is needed for bath requirements. 

The writer finds himself in essential agreement with 
Mr. Eberhardt’s remarks and would like to express his 
very sincere appreciation for both of these discussions. 


Examination of a High Sulphur Free-Machining Ingot, Bloom 


and Billet 


by D. J. Carney and E. C. Rudolphy 


DISCUSSION, H. B. Emerick and W. O. Philbrook, 
Chairmen 


D. C. Hilty (Electro Metallurgical Co., Niagara Falls, 
N. Y.)—Dissection of a six-ton ingot with sufficient 
thoroughness to permit an evaluation of segregation 
and inclusion distribution is a formidable undertaking 
and the authors are to be commended for accomplish- 
ing such a task. This work adds materially to our store 
of factual information on ingot structure and inclusion 
formation. 

It is considered, however, that further explanation of 
the observations relating to the distribution of oxides 
and sulphides is desirable. As the authors suggest, 
consideration of the liquidus surface of the Fe-Si-Mn- 
S-O system may be helpful in this respect. In the por- 
tion of the Fe-Mn-S-O system of greatest interest, 
metal-oxide and metal-sulphide miscibility gaps com- 
bine to form a continuous region of liquid immiscibility 
separating the metallic and nonmetallic liquids. Metal- 
sulphide and metal-oxide eutectics originate near the 
metal corner, cross the miscibility gap, and join with 
a sulphide-oxide eutectic to form a ternary eutectic 
located near the sulphide-oxide side, somewhat closer 
to the sulphide than to the oxide corner, 
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The introduction of a small but significant amount 
of silicon, such as that contained in the ingot examined 
by the authors, into the Fe-Mn-S-O system is known to 
lower the melting point of the oxide phase below that 
of the metal, presumably without greatly affecting the 
sulphide phase. As a result, the origin of the metal- 
oxide eutectic is shifted to the oxide side of the mis- 
cibility gap, and this eutectic no longer intersects the 
gap. Moreover, the oxide-sulphide eutectic and the 
metal-oxide-sulphide eutectic are shifted toward the 
oxide corner of the system. 

The initial stage in the solidification of steel in this 
system, therefore, would be the rejection of an oxide- 
rich liquid, subsequently accompanied by the freezing 
of metal. It seems reasonable to expect that a sub- 
stantial amount of this liquid would be trapped in the 
form of droplets in the portions of the metal that 
solidified first, thus accounting for the segregation of 
oxygen (and silicon) in the bottom of the ingot de- 
scribed by the authors. These droplets solidify as indi- 
vidual systems and may appear as duplex inclusions. 
of oxide and sulphide when their solidification paths | 
reach the metal-oxide-sulphide eutectic. 


As solidification progresses, the immiscible liquid - 
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becomes richer in sulphide, and during the later stages 
there is simultaneous freezing of metal and sulphide. 
In the last liquid to solidify, oxide will again appear 
with the sulphide at the ternary and higher eutectics 
which probably exist in this complex system, a condi- 
tion that produces the duplex inclusions observed by 
the authors in the center of the top half of the ingot. 

It is emphasized that the above rationalization is 
based mainly on inference from such of the side dia- 
grams of the Fe-Si-Mn-S-O system as are known and, 
on inverse reasoning from the appearance of the inclu- 
sions. This system is quite complex, especially at higher 
silicon contents where silica appears as a separate phase 
and an additional miscibility gap between oxide and 
sulphide-rich liquids is probably in evidence. Experi- 
mental clarification is greatly to be desired. 

S. J. Beckman (Jones & Laughlin Steel Corp., Pitts- 
burgh)—The segregation characteristics of high sul- 
phur-free machining steels have received some study at 
Jones & Laughlin. Our 1213 grade is made in 25x27x80 
in. bottle-top molds. An investigation of the billet prod- 
uct of 13 ingots from three heats has shown the exist- 
ence of maximum positive and negative segregation 
within the top 15 pct of the ingot below the crop. The 
ingots were bloomed to 5x5 in. billets, billet sections 
taken from the top and bottom of the top cut, and the 
bottom of successive cuts. The billets were rolled to 
13g in. rounds and tests obtained corresponding to the 
billet tests. Check analysis for carbon and sulphur on 
the bars from the top and bottom of the top cut is 
summarized in Table IV. 


Table IV. Check Analysis for Carbon and Sulphur 
from Top and Bottom of Top Cut 


Variation in Chemistry from Middle Cut 


Pct C Pet S 
—0.01 —0.06 Maximum Top of 
0 0 Minimum 
0 —0.03 Average 
+ 0.02 + 0.06 Maximum 
0 +0.01 Minimum | Bottom of 
+0.015 +0.03 Average 
0.02 0.06 Average difference top 


to bottom of billet 


Sulphur prints on these billet sections reflect the 
difference by a pronounced center segregation in the 
bottom of the first cut. Center, mid-radius, and edge 
drillings were made on the billet sections and checked 
for sulphur and carbon. Superimposed sulphur checks 
are shown on the reproduced sulphur prints for some 
typical patterns obtained. The sulphur prints are iden- 
tical to comparison etch tests made on the same billets. 

F. W. Boulger and H. L. Shaw (Battelle Memorial 
Institute, Columbus, Ohio)—The authors are to be con- 
gratulated on their thorough study of the segregation 
and inclusion characteristics of mechanically capped 
B1113 steel. The information is timely and important 
because of the current interest in resulphurized steels. 
This is probably the first article to describe the changes 
in inclusion shape and size during rolling of such steels. 
This part of the paper is of particular interest because 
the correlation between inclusion characteristics and 
machinability is becoming widely recognized. 

Fig. 16 summarizes the authors’ observations that the 
inclusions increased in L/W ratio and number and de- 
creased in size during hot working. Some of this in- 
formation warrants further discussion. Although the 
percentage reduction from ingot to bloom approximated 
that from bloom to billet, the changes in inclusion 
characteristics were not the same for both stages. 
Despite the variation in the ingot, the inclusion size 
was fairly constant after blooming. During this rolling 
operation, the change in inclusion size was directly 
proportional to the original size and inversely propor- 
tional to Mn/S ratio. Neither relationship held as well 
for the size changes in rolling the bloom to the billet. 
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The data also show that inclusions in the billets had 
L/W ratios ranging from about 3.5 to 5.0. The range 
was greater in samples from blooms. This suggests that 
inclusions which did not receive much extension dur- 
ing blooming were elongated the largest amounts while 
rolling billets. Neither the changes in L/W ratios from 
ingot to billet nor the ratios in the billets seem to be 
influenced by either silicon content or Mn/S ratio at 
various locations. 

Some of these observations differ from those made 
by Van Vlack*® on bars of mechanically capped B1112 
steel. In the bars he examined, both the number and 
the L/W ratios of the inclusions increased with silicon 
content. Furthermore, Van Vlack found that, in three 
of four cases, inclusions in bars from butt cuts had 
larger L/W ratios than those from middle cuts. His 
data showed that bars from butt cuts always exhibited 
poorer machinability in turning tests. Van Vlack’s con- 
clusions on the influence of size and shape of inclusions 
suggest that billet 18B (bottom) from the authors’ 
ingot would have the best machinability. Therefore, 
it would be interesting to know whether this billet was 
better or worse in machining tests than billet 2T from 
the top of the ingot. The authors’ opinion, or data, 
concerning the changes in size and shape of the inclu- 
sions when these billets were rolled to bars would also 
be appreciated. 

There are reasons for suspecting that the composition 
and shape of sulphide inclusions change with heat 
treatment after solidification. Such changes might alter 
their deformation characteristics and the shapes 
measured after different stages of rolling. The dis- 
crepancies noted in Fig. 16 and in comparisons with 
Van Vlack’s observations might result from such effects. 
Therefore, several questions seem pertinent. Was the 
ingot cooled below 1000°F before blooming? What were 
the initial and final rolling temperatures for the blooms 
and billets? Were the blooms cooled and then reheated 
before rolling to billets? 

Foundrymen have shown that inclusion size depends 
principally on solidification time and that silicates and 
sulphides are globular in weakly deoxidized steels. The 
authors found that these observations held for their 
large ingot. Their quantitative data are very welcome 
and much more convincing than deductions which 
might be made from experiments on smaller castings. 

D. J. Carney and E. C. Rudolphy (authors’ reply)— 
The authors wish to thank the discussers for their kind 
comments and additional information. 

We were pleased to have Mr. Hilty’s discussion of 
our observations relating to the distribution of oxide 
and sulphide inclusions. The interesting discussion of 
the liquidus surface of the Fe-Si-Mn-S-O system aids 
in the explanation of the separation of the silicate and 
sulphide inclusions. 

Mr. Beckman’s observations on C1213 at Jones & 
Laughlin were quite interesting, particularly his nota- 
tion of the maximum positive and negative segrega- 
tion within the top 15 pct of the ingot below the crop. 
This result was not obtained in our study. 

In reply to the discussion by Messrs. Boulger and 
Shaw concerning apparent differences in the authors’ 
observations and those of Van Vlack,® certain facts 
should be borne in mind. Van Vlack’s studies were 
made on bars, and significant differences in inclusion 
characteristics can exist on comparison of bar sections 
and billet sections. It should also be noted that the 
values for the L/W ratios of inclusions varied from 
center to surface. Other important factors to be con- 
sidered are the billet and bar size and the rolling and 
finishing temperatures when rolling from billets to 
bars. 

No data were obtained in the present study on the 
effects of rolling the billets studied to bars. However, 
data has been obtained on rolling bottom cuts similar 
to 15T and 18B from other heats of this grade to bars. 
These data show the following: 1—The inclusion size 
decreased from 10 to 50 pct. 2—The L/W ratio in- 
creased from 10 to 25 pect. 3—The number of inclusions 
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increased from 10 to 30 pct. Thus, significant changes 
in inclusion morphology can take place in rolling the 
billets to bars. 

In answer to the other questions posed by the dis- 
cussers, the ingot was not cooled below 1000°F prior 
to rolling. The ingot was heated and drawn at 2375°F 
for rolling to blooms and billets. The finishing rolling 
temperatures for blooms and billets of this grade are 
1900° to 2000°F and 1600° to 1700°F, respectively. The 


ingot was rolled directly to billets, with no intermediate 
reheating of the blooms. 


Machining tests were not run on steel from this 


examination so that machinability/inclusion-character- 
istics relationships were not made in this study. 


In Fig. 8, the schematic diagram of the bottle-top 


ingot was drawn with an unnoticed error. This diagram 
should show a big-end-down bottle-top ingot as de- 
scribed in the text. 


Development of Oxygen Steelmaking 


by Otwin Cuscoleca 


DISCUSSION, H. B. Emerick and W. O. Philbrook, 
Chairmen 

H. B. Emerick (Jones & Laughlin Steel Corp., Pitts- 
burgh)—“It is true that in the practical realization of 
new ideas one’s fantasy should not be allowed to go 
unchecked; but it is still not right to bring the conceiv- 
able difficulties too much into the foreground at the 
outset. Many an idea that was in itself good, has had 
to wait a long time for its realization because too much 
attention to its difficulties obscured its advantages, and 
because too much hesitation has for too long prevented 
the taking of bold steps forward.” These statements 
are quoted from the concluding portion of a technical 
article by the eminent Swiss metallurgist Robert Dur- 
rer.”= Professor Durrer, of course, was referring to the 
fact of Henry Bessemer’s recognition almost 100 years 
ago that the use of oxygen instead of compressed air 
for converter blowing was metallurgically desirable. 

Acting upon his own advice, Dr. Durrer in 1947 in- 
stigated successful experiments with pure oxygen top 
blowing on a two-ton converter at Gerlafingen, Switz- 
erland. Following this work, further pilot-plant devel- 
opment of the idea took place at Linz and Donawitz in 
Austria. The ultimate result was an entirely new con- 
cept of converter steelmaking which is now presented 
as a mature commercial process. 

We in America are indeed grateful to Mr. Cuscoleca, 
and to the federated Austrian steel industry which he 
represents, for this comprehensive presentation of the 
economic, technical, and operating aspects of the oxy- 
gen steelmaking process. 

There are a number of problems surrounding adap- 
tation of the oxygen-steelmaking process to American 
practice and Mr. Cuscoleca’s extensive experience with 
the process in Europe should make his opinions on 
these questions take on special significance. One of the 
foremost obstacles, of course, is the air-pollution prob- 
lem to which Mr. Cuscoleca referred. Good chemical- 
analysis control and reproducibility must be assured if 
uniform acceptance over a wide range of products is to 
be obtained. Finally, operating costs and process yields 
must be at least equal to those available alternative 
processes. 

In the matter of vessel linings, for example, Mr. 
Cuscoleca has stated that in Austria the converters are 
lined with unburned bricks pressed from a mixture of 
sintered magnesite and tar. This description, I believe, 
applies to the inner or working lining of the vessel, be- 
hind which there is a rammed layer of tar-bonded high 
magnesia refractory. According to Mr. Cuscoleca, the 
lining must be patched or replaced after approximately 
250 heats, or roughly after one week of operations. 
Although the unit consumption of refractories (24 lb 
per ton of steel) appears to be lower than for the open 
hearth, obviously the “down time” for vessel relining 
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is relatively great and improved lining life would be 
highly desirable in order to increase “availability” of 
converter equipment. This leads to two questions on 
which the author’s comments will be appreciated: 

1—What are the prospects for attaining substantially 
increased lining life, either by improvements in refrac- 
tories or by modified operating techniques to counter- 
act the damaging effects of siliceous slags formed early 
in the blowing cycle? 

2—What type of refractory construction is used in 
the detachable bottom and what is its life in relation to 
that of the vessel-body lining? 

Two other questions, not related to refractories, are: 

3—In the case of plants desiring to utilize available 
scrap in other directions, what metallurgical effects 
might be anticipated from substituting lump ore or 
sinter as coolants? 

4—Fig. 10 indicates that approximately 60 pct of the 
oxygen-steel heats finished over 0.015 pct phosphorus, 
though Donawitz pig iron contains only 0.2 pct Si and 
0.075 pct P. Many applications in this country require 
phosphorus content below 0.015 pct. Assuming 1.25 pct 
Si and 0.10 pct P hot metal, is it considered feasible to 
operate the process, by manipulation of lime additions, 
to consistently produce 0.015 pet maximum phosphorus 
content? 

Otwin Cuscoleca (author’s reply)—The attack of the 
acid slag, with a high silicon content in the hot metal, 
on the lining of a converter can be prevented to a great 
extent by the use of small-sized lime which will result 
in the formation of a quick-combination lime silicate. 
By this method, we should be able to expect a lining 
life of 200 to 300 heats even with 1.25 pct Si in the hot 
metal. 

The converter bottom is made of burned-magnesite 
blocks. After approximately 250 heats, the lining thick- 
ness will be decreased 200 cm in the bottom and ap- 
proximately 500 to 600 cm in the lower part of the 
converter walls. The life of the converter lining at the 
present time is 250 heats, and it is expected that the 
lining life will be increased further. 

The necessary cooling of the bath is achieved by the 
use of lump ore, or still better, by sinter or limestone. 
The addition of lump ore and sinter can be limited for 
metallurgical reasons on account of a possible violent 
reaction. Sufficient cooling can be achieved by an addi- 
tion of solid pig iron and limestone. 

With the content of 0.10 pct P in the hot metal, it 
will be possible, even with 1.25 pct Si in the hot metal, 
to produce 80 to 90 pct of the heats with a maximum 
phosphorus content of 0.015 by adding corresponding 


volumes of lime. 


88 R. Durrer: Oxygen as an Aid in Metallurgical P 
und Eisen (1937) 57. 
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On the Basic Bessemer Process 


by Pierre Coheur and Hans Kesmider 


DISCUSSION, H. B. Emerick and W. O. Philbrook, 
Chairmen 


A. B. Wilder (National Tube Div., United States Steel 
Corp., Pittsburgh)—Drs. Coheur and Kosmider are well 
qualified to discuss the basic-bessemer process and 
therefore have presented a very interesting paper. 
There are several questions which may develop infor- 
mation of further interest: 

1—in blowing with oxygen/steam, does the presence 
of hydrogen gas affect the properties of the finished 
steel with respect to embrittlement or flaking tenden- 
cies? 

2—Is it practical to use air during the first half of the 
blow and oxygen/steam during the second half and 
produce steel with 0.004 pect N? This would reduce the 
cost of oxygen. 

3—Can steel be produced from iron containing 0.25 
pet P rather than 1.75 pet P with oxygen/steam? 

4—To what extent does the use of steam cool the 
bath? 

5—What effect does oxygen/steam blowing have on 
tuyere life? 

6—Table III shows that 1755 cu ft of oxygen are re- 
quired per ton of steel. This value appears to be low, 
and a question is raised regarding the conversion of 
metric into English units. 

7—May oxygen with 50 or 75 pet purity be used for 
oxygen/steam blowing to produce steel with 0.004 pct 
N? 

8—In Figs. 17 through 19 concerning work harden- 
ing, were the steels heat treated and what was the 
nitrogen content of the open hearth steel? 

Pierre Coheur and Hans Kosmider (authors’ reply )— 
First, as we reported, we are using the oxygen/steam 
mixtures in order to decrease the nitrogen content of 
our rimmed steel. In this case, we have never noticed 
any embrittlement or flaking tendency of the finished 
steel. Moreover, we have checked the H, content of the 
liquid steel at the casting pit. The time lapse from the 
moment the sample was taken from the ladle to the 
moment we placed it in the dry ice was 30 sec. 

Our latest figures are: 0.24 to 0.37 cu in. (4 to 6 cu 
cm) of H. per 3.5 oz (100 g) when blowing with 
oxygen/steam vs 0.24 to 0.31 cu in. (4 to 5 cu em) when 
blowing with enriched air. 

2—Blowing in two phases certainly reduces the cost 
of oxygen, but from a theoretical point of view it is 
not recommended, since the two kinds of blast passing 
through the bottom do not have the same volume. In 
order to smooth the blow, it is always advisable to 
adapt the blowing surface of the bottom to the compo- 
sition of the blast. Nevertheless, we have blown many 
charges in two phases and produced a steel with an N; 
content below 0.004 pct. The oxygen consumption was 
of the order of 1412.40 cu ft (40 cu meter) per ton of 
iron, i.e, 30 pct less than when blowing with 
oxygen/steam only. 

3—The answer is yes. 

I should like to mention the results obtained by E. 
Eichkoltz, Behrendt, and Th. Kootz.* In the course of 


one week, blowing with atmospheric air, they con- 
verted in a basic converter more than 6613.8 short tons 
(6000 metric tons) of pig iron containing 2.5 to 3.2 pct 
Mn, 0.50 to 0.85 pet Si, 0.10 to 0.25 pet P, and 0.02 to 
0.04 pet S. The temperature of the pig iron, when 
charged, was between 1240° and 1260°C, except for a 
special lot in which the temperature ranged from 1190° 
to 1200°C. The total blowing time was practically the 
same as that for the standard practice and was related 
to the composition of the pig iron. However, the time 
consumed before pouring the steel was shorter because 
of smaller quantities of slag and the lighter addition of 
Fe-Mn. A great number of blows might be poured in 
the ladle without adding Fe-Mn. The loss of Fe is more 
than 1 pet below that of the basic-bessemer blows, but 
the yield is about the same. Lining wear was about 10 
pet higher, while bottom life was improved. 

Dr. Kosmider recently had the opportunity of suc- 
cessfully blowing numerous charges of steel, contain- 
ing traces of iron (‘‘Stahl Eisen’’), the composition of 
which was: 4.2 pct C, 2.1 pct Mn, 0.50 pct P, and 0.65 
pet Si. He used either an enriched air or the mixture of 
oxygen/steam. His results were recently discussed in 
Dusseldorf and will be published shortly.’ 

4A mixture of oxygen/steam containing between 
60 and 65 wt pet oxygen and 40 to 35 wt pct steam has 
the same thermogenic power as atmospheric air for a 15 
ton converter. In other words, for a given liquid iron 
and when other circumstances are equal, we add the 
same quantity of scrap to cool the bath when blowing 
with either atmospheric air or with oxygen/steam. If 
we want to increase (or decrease) the quantity of the 
metallic addition, we have to increase (or decrease) 
the oxygen content of the blast. For example, with 56 
pet of oxygen in the mixture, the quantity of scrap 
added into the converter is 3 to 4 pet of the iron. With 
63 pct of oxygen in the mixture, the amount of scrap is 
6 to 9 pet. 

5—When the steam condenses on the refractories, 
the life of the tuyeres is indeed very short. That is one 
of the reasons why we superheat the steam or the 
oxygen/steam mixture. By doing so, the bottom life is 
almost the same as when blowing with atmospheric 
air. 

6—A figure of 63 cu meters of oxygen per metric ton 
of iron, or 2000 cu ft per short ton of iron, is correct 
when blowing with oxygen/steam. 

7—The purity of the oxygen we used is between 95 
and 99 pct. We have had no experience with blows of 
50 or 75 pet pure oxygen. 

8—The nitrogen content of the open hearth steel was 
between 0.004 and 0.006 pct. In Figs. 18 and 19, the 
steels were not heat treated. The steels in Fig. 17 were 
normalized. 

Details of our physical results can be found in refs. 
3 through 5. 

1E. Eichkoltz, G. Behrendt, and Th. Kootz: Stahl und Eisen 
(1940) 69, pp. 61-72. 

2H. Kosmider: To be published in Stahl und Eisen. 

8 Revue de Métallurgie (1951) pp. 17-46. 


4 Revue Universelle des Mines (April, November 1952). 
5 Ossature Métallique (April 1954). 


Solid Phase Indentification in Partially Reduced Iron Ore 


by Gust Bitsianes and T. L. Joseph 


DISCUSSION, Gerhard Derge and John F. Elliott, 
Chairmen 


R. Wild (Imperial College of Science & Technology. 


TRANSACTIONS AIME 


London, England)—Messrs. Bitsianes and Joseph have 
made a most interesting and valuable contribution to 
our knowledge of the behavior of iron ores during 
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reduction. I would, however, like to make a few 
criticisms and comments on certain details of their 
investigation. 

The authors’ decision to use hydrogen rather than 
carbon monoxide as the reducing gas is, I feel, to be 
regretted, since, as they themselves admit, there are 
appreciable differences in the behavior of these two 
gases toward iron oxides. Certainly carbon deposition 
interferes to some extent with reduction, especially at 
lower temperatures; but this does not affect the identi- 
fication of the solid phases within the partially reduced 
specimen. The use of hydrogen for quenching, rather 
than pure nitrogen, seems surprising, since reduction 
will be continuing during the quenching process. 

The rate of flow of hydrogen used would appear to 
be adequate but it would have been advantageous to 
have checked this by carrying out preliminary experi- 
ments at varying rates of flow. A flow-rate could then 
have been chosen which was known to have no limit- 
ing effect upon the reduction. 

The reasons which the authors give for their choice 
of the ore used for this work seem to be unnecessarily 
limiting. Although those ores which break up on heat- 
ing or which, because of their chemical or physical 
structure, do not reduce evenly must be avoided; 


porous hematites or limonites may be used providing . 


that they are reasonably homogeneous in structure. 
The reason given for avoiding magnetites seems sur- 
prising, since the dense Swedish magnetites, which are 
commonly used in Great Britian, have considerable 
similarity in structure and in behavior during reduc- 
tion. 

The use of blocks of ore seems hard to justify other 
than by the simplicity of their preparation. Cylindrical 
specimens, which can be prepared from any ore with 
reasonable ease, placed coaxially within the furnace 
would eliminate the complicating effect of corners and 
edges. While this may not be serious with the dense 
ore used, it would be much more so with porous ores. 

The use of X-ray diffraction photography for the 
identification of the oxide phases present within parti- 
ally reduced ores clearly has many advantages. The 
fact that only very small amounts are needed allows 
the nature of the reduced material at any point to be 
determined; it also permits any change in the composi- 
tion of the wustite phase to be noted. Any local abnor- 
mality, revealed by visual examination, may be inves- 
tigated in detail by this means. 

The writer has been carrying out a somewhat similar 
investigation on the reduction of lump ores, the results 
of which will be published at a later date. 

A. E. El-Mehairy (St. John Cass College, London, 
England)—In an investigation” of the reduction prog- 
ress through lumps of a haematite ore from the Asswan 
district in Egypt, it was found that the reduction pro- 
ceeds in a “topochemical” fashion in the sense used by 
the authors. Emphasis was laid only on the first and 
final phases of the reduction. 

The ore is of oolithic nature with a rather uniform 
texture. The total porosity of the specimens used was 


Fig. 9—A quarter central-plane Fig. 
fracture of a 25 mm diam ore 


sphere partially reduced with 
Hs at 800°C for 3 min. 


10—A quarter centra!- 
plane fracture of a 25 mm 
diam ore sphere partially re- 
duced with H» at 800°C for 14 


min. 
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Fig. 11—Recession 
of the unreduced 
core and adyance 
of the metalliza- 
tion zone. 
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42 pet with a pore diameter of 2.0 microns. The chemi- 
cal analysis of the fairly large lump used for the inves- 
tigation was: 80.12 pct FeO:, 8.01 pct SiO:, 2.60. pct 
Al.Os, 3.99 pct CaO, 0.86 pct Mgo, 0.16 pct MnO, 0.01 pct 
TiO», 2.62 pet POs, 0.03 pet S, and a loss on ignition of 
1.46 pct. The ore resisted thermal spalling and showed 
no appreciable change in volume on reduction. 

Partial reduction of ore spheres was carried out, with 
Hz at 800°C, in an apparatus of a type commonly used 
for such experiments. The H: flow was maintained at 4 
liters per min (measured at room temperature and at- 
mospheric pressure [244.1 cu in. per min]), which ap- 
peared to eliminate any effect due to variations in the 
linear flow of H» for the range of sphere diameters 
used (15 to 42 mm). The spheres were held in the 
reduction tubes in a nearly coaxial position by the use 
of nichrome-wire spiral cages. 

The cooled partially reduced spheres showed a con- 
siderable mechanical strength. These were fractured 
at a central plane. The advance of the visible phase 
boundaries with time was followed by simple linear 
measurements from macrographs similar to those 
shown in Figs. 9 and 10, the linear degree of enlarge- 
ment being standardized as 120 mm = 25 mm. No 
attempt was made to study the intermediate stage 
(magnetite-wustite interface). 

Fig. 11 shows the course of recession of the unre- 
duced core and the course of advance of the metalliza- 
tion zone. These were found to be independent of lump 
size, thus apparently a characteristic of the ore under 
certain experimental conditions. The scale of the pene- 
tration in Fig. 11 is arbitrarily based on direct meas- 
urements from the macrographs. 

There appears, as shown by Figs. 9 and 11, the exist- 
ence of a certain lag in the first appearance of a metal- 
lization zone, which is in this case about 3.5 min. A 
similar behavior was mentioned by Diepschlag, Zill- 
gen, and Poetter*® and emphasized by Wetherill and 
Furnas,” who claim that for all small particles no 
ferric iron is present when metallization begins: 

The recession of the unreduced core is parabolic and 
is proportional to (time)°*, whereas the advance of 
metallization, which is apparently much slower, fol- 
lows a linear curve. If this straight line is extrapolated 
to a thickness = 60 mm, which on the arbitrary scale 
corresponds to complete metallization of a 25 mm diam 
sphere, the time required would be about 120 min. 
This compares well with 125 min required for almost 
complete reduction of a sphere of the same size cut 
from the same lump.” 

The behavior of the recession of the unreduced core 
supports the supposition that the process is a diffusion 
controlled one (in this case diffusion of H.O vapor 
outward), in which case the power factor of the time 
should be 0.5.* Barrett,” working on the burning out 
of combustibles from refractory-clay cubes, found a 
ee: type of behavior: (recession)? — constant x 

ime. 

The advance of metallization being much slower 
than the first stage is in fact the general belief as 
pointed out by Stalhane and Malmberg and expressed 
by several authors as being the one which determines 
the overall rate of reduction. 

While the linear radial advance of metallization, in- 
dependent of size, explains well why the time for 90 
pet reduction is nearly directly proportional to the 
diameter of the lump,” it seemingly fails to conform to 


simple diffusion laws. 


The search for an explanation leads to the s j= 
upposi- 
tion that the advance of metallization is slowed down 
in effect, by the diffusion of the water vapor, from the 
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Simple diffusion relation 
Fig. 12—Slowing 
w ¢ down of the ad- 
yance of metalliza- 
tion. 
Ir , 
Actual relation 

a 

TIME 


other stages of reduction, from the interior of the lump 
outward, thus passing by the scene of the last control- 
ling stage (metallization boundary). Such a suppo- 
sition might explain as well, from a purely physical 
(diffusion) standpoint, why the last stage of the re- 
duction has the slowest rate. (Fig. 12.) Peretti® has 
also shown, for the last stage of a multistage reaction, 
roasting of CuS, that the thickness of the outer layer 
of CuO is directly proportional with time. 

Finally, it is necessary to point out that no attempt 
has been made to theorize on such a linear advance of 
metallization and the foregoing explanation is advanced 


as a suggestion accounting for some experimentally 
discovered facts from the standpoint of a diffusion- 
controlled reaction. 


G. Bitsianes and T. L. Joseph (authors’ reply)—Dr. 
Wild’s comments on some of the experimental details 
of the investigation are appreciated. Most of these 
experimental factors were thoroughly investigated but 
could not be elaborated upon because of restrictions 


. imposed by publication. The investigation originally 


started out as a study of the kinetics of the reduction 
process, but it soon became evident that the present 
knowledge of the mechanisms involved was too limited 
for rigorous treatment. Accordingly, this and succeed- 
ing papers have, as a major purpose, the presentation 
of a broad picture of the gas-solid type of reaction 
which is characteristic of iron-ore reduction. The ki- 
netic studies of the process will be presented at a later 
date on the basis of this clarification. In this connec- 
tion, Dr. El-Mehairy’s work is very interesting and 
checks many of our own findings in the study of inter- 
facial movements within a solid ore particle. 


2 A. E. El-Mehairy: Ph. D Thesis (1953) University of London. 

22K. Diepschlag, M. Zillgen, and H. Poetter: Stahl und Eisen 
(1932) 52, p. 1154. 

27 W. H. Wetherill and C. C. Furnas: Industrial and Engineering 
Chemistry (1934) 26, p. 983. 

°8H. Herne: Discussions Faraday Society (1948) No. 4, p. 233. 

27L. R. Barrett: Discussions Faraday Society (1948) No. 4, p. 234. 

20 E, A. Peretti: Discussions Faraday Society (1948) No. 4, p. 174. 


Further Studies of the Tuyere Zone of the Blast Furnace 


by J. B. Wagstaff 


DISCUSSION, Gerhard Derge and John F. Elliott, 
Chairmen 


G. C. Gardner (National Smelting Co. Ltd., Avon- 
mouth, England)—I recently performed experiments 
similar to Mr. Wagstaff’s on the “raceway” size with a 
model somewhat larger in size, 1 ft square in plan, but 
otherwise identical. The principal difference between 
the respective experiments was that Mr. Wagstaff con- 
fined himself to the use of air as a driving fluid while 
most of my work was done with water. 

My results do not agree with Mr. Wagstaff’s correla- 
tion and I believe this to be due to his inclusion of the 
total pressure on the system in his dimensional analy- 
sis. According to the correlation, if we choose an in- 
compressible fluid as a driving fluid and increase the 
total pressure x” times, the fluid volume will have to be 
increased x times to maintain the same raceway size. 
This is ridiculous. There is no reason why the pressure 
should alter the bubble size if the fluid density remains 
constant. 

Before presenting a new correlation, a few observa- 
tions on the physical nature of the raceway are re- 
quired. In the stable raceway, a fluid jet travels from 
the tuyere with little diminution of velocity to the op- 
posing wall where some of its energy is destroyed. Part 
of the fluid passes through the wall into the bulk of the 
charge but the majority divides and circulates round 
the walls of the raceway. That fluid. which does not 
leave the raceway by the time the stream has returned 
to the tuyere tip is entrained by the jet and the cycle 
is repeated. 

The recirculating fluid also contains large quantities 
of the particles constituting the charge; and the weight 
of this material, which is dependent on the particle 
size and shape as well as on the jet velocity, probably 
has a modifying influence on the magnitude and dis- 
tribution of the forces on the raceway surface. 

If attention is concentrated on the walls of the race- 
way, it is seen that that opposing the tuyere is held in 
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a compact mass by the impact of the jet and by the 
passage of fluid being vented at this point. On the 
other hand, the upper surface is constituted of parti- 
cles with a relatively great freedom of movement 
which are held in a state of suspension chiefly by the 
outgoing fluid stream. The lower surface is scooped out 
by the circulating fluid, the depth being maintained by 
rolling particles away from this face. 
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Fig. 8—Correlation of raceway size. + represents ¥2 in. coke and 
air (9p; —p) = 68 Ib per cu ft, D) = % in. Triangle represents 
VY in. coke and water (ps — p) = 9.1 Ib per cu ft, Ds = Y2 in. 
x represents 12 in. coke and water (p; — p) — 9.1 Ib per cu ft, 
D; = % in. Circle represents 3g in. gravel and water (p. — p) - 


94 |b per cu ft, Dy = % in. 
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It is obvious that the forces employed are so varied 
that a separate correlation for each major direction is 
required. The simplest case is that of the equivalent 
diameter in the upward direction where, as a first ap- 
proximation, it can be assumed that each particle is 
individually supported by the passage of the fluid 
round it into the bulk of the charge. This condition intro- 


, where’ jet 
(ps — p) gd 

velocity, V,, must be modified for change of the exit 
velocity with the surface area of the raceway and for 
the proportion of the total volume leaving the raceway 
through the particular area in question. This is done 


Dr d 
and | —— ] to 
D; D, 
form a correlation 


( D; ) J (ps — p) gd ( D, 


The bottom surface affords a similar correlation as 
the lifting force due to the circulating volume is op- 
posed by the weight of individual particles. We may 
write 


(= ( (ps —p) gd 


The correlation for the face opposing the jet is more 
complex, since here the reaction due to jet impact is of 
major importance. The impact force, together with 
that due to passage of fluid through the wall, is op- 
posed by a dead weight of charge which, above a cer- 
tain charge depth, will be independent of charge depth 
and will vary as the area of the surface to the 3/2 
power, or as D.*. The jet impact in terms of the tuyere 
velocity will depend upon the distance D, travelled by 
the jet and upon the amount of charge circulated in 
the raceway. When all these factors are considered, it 
is still found possible to make a correlation in the form 


Dy (ps — p) gd D, 


Mr. Wagstaff’s presentation of his results obviates 
any attempt to fit them to this type of correlation. My 
own results are meager and do not justify any attempt 


duces the drag coefficient ( 


by introducing two length ratios ( 


to include the ratio ( ) in their correlation, but 


VS 
D; (ps — p) gd 


fits them very well. The value D is the average of D, 
and D; whose magnitudes were similar and both of 


J 


Fig. 8 shows that a plot of ( 
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Fig. 9—Curve of the raceway diameter in the form D/D, as a func- 
tion of Gardener’s term pV’/(ps—p)gv/s. 
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which varied in the same direction. Within the limita- 
tions of the small ranges of some variables, the corre- 
lation is justified. In particular, it will be noted that 
the value of (p.—p) was varied from 9.1 to 94 lb per 
cu ft, and owing to this, it would be impossible to cor- 
relate the results so well according to Mr. Wagstafi’s 
dimensionless groups. 
The experimental values shown for air at higher 


values of ( ) are probably in some error due to 
J 

the extremely rapid pulverization of the coke which 

occurred at the higher air flows. I am curious to know 

whether Mr. Wagstaff encountered the same difficulty, 

since it must influence the combustion zone of a blast 

furnace. 

In conclusion, I would like to point out the value of 
performing experiments with water. Since (ps; — p) 
for coke was decreased seven times and p was in- 
creased 830 times in changing from air to water, the 
fluid velocities required to produce a bubble of the 
same size were reduced 76 fold, which greatly simpli- 
fied visual observations of raceway formation and of 
the nature of the stable raceway.* 


* Nomenclature: d is charge-particle diameter, Dz is the equiva- 
lent raceway diameter to bottom surface, Do is the equivalent race- 
way diameter to wall opposing the tuyere, Dy is the equivalent 
raceway diameter to top surface, D,; is the jet diameter, g is the 
gravitational constant, V, is the jet velocity at the tuyere, p is 
fluid density, ps is solid-particle apparent density, and f is function 
of. Subscripts B, 0, and T refer to correlations for the bottom face, 
the face opposing the tuyere, and the top face of the raceway, 
respectively. 


J. B. Wagstaff (author’s reply)—I would like to 
thank Mr. Gardner for his contribution to the subject, 
which is all the more interesting because I agree only 
with some of his statements. I think he has made a 
valuable contribution in showing the effect of the 
density of the solid, which we had not investigated. 

Mr. Gardner’s theoretical discussion of the cause of 
the raceway may well be incomplete. It is known that 
a jet of fluid entering a large enclosure always tends to 
recirculate; also, we have found that the raceway size 
is not independent of the packing of the granular solids 
in the bed. Both these points are omitted by Mr. Gard- 
ner. It seems to me that this subject is too complex to 
yield to any analysis based on first principles. So little 
is known about the distribution of forces in a granular 
bed even when no fluid is flowing that any argument 
must surely be empirical at this stage, particularly 
when we are discussing the more complex case where 
fluid flow is present. 

The packing-density effect itself must be quite com- 
plex. We have found that the bed as a whole expands 
to a negligible extent when the raceway is formed. 
Since the raceway is nearly void of particles by com- 
parison with the rest of the bed, obviously the packing 
density of other parts of the bed must increase. This 
makes discussion of packing density difficult, as I know 
of no way of measuring it in a nonhomogeneous bed. 

In an attempt to check Mr. Gardner’s proposed 
method of correlation, I have drawn a curve of the 
raceway diameter in the form D/D, as a function of 


his term pV,"(ps — p)g\/S where p, is the density of the 
solid and the other symbols have the meaning given 
in the body of the paper. It can be seen from Fig. 9 
that the points on this graph are separated by jet size 
but not by particle size. Now Mr. Gardner’s suggestion 
that the appropriate correction for jet size might be 


some function of wis cannot apply, since there is ade- 


Dy; 
quate compensation for the effect of particle size in 
the use of the previous dimensionless ratio. 

Since this paper was written, a considerable amount 
of work on this subject has been carried out which will 
be reported in due course. It can now be said, how- ° 
ever, that the size of the model has an effect probably 
due to the “lubricating” effect of the fluid moving 
through the packed bed. 
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Constitution of the FeO-Fe2O:-SiO2 System at Slagmaking Temperatures 


by R. Schuhmann, Jr., R. G. Powell, and E. J. Michal 


DISCUSSION, H. H. Kellogg and A. J. Phillips, 
Chairmen 

Lawrence H. Van Vlack (University of Michigan, 
Ann Arbor, Mich.)—It is gratifying to see this work 
concerning the SiO.-FeO-Fe.O; system published. While 
its initial application was intended to aid the slag tech- 
nologist, those concerned with refractory behavior and 
with iron-ore benefication, will find the quantitative 
information presented very helpful. 

For sometime the refractory engineer has known that 
a reducing atmosphere in the open-hearth furnace 
would promote rapid wear on a silica roof. It made no 
difference whether the oxygen pressure in the atmos- 
phere in contact with the roof was low because of the 
air-fuel ratio or because of a heterogeneous flow pat- 
tern of the gases within the furnace. This paper in- 
dicates why a roof can be melted quickly with the 
lower oxygen supply even though the furnace tem- 
perature is not changed. By reducing the oxygen sup- 
ply, the liquid absorbed by the brick’s surface may 
have its silica solubility increased quickly from 25 to 
35 pet. Not only does this permit the fluxing of the 
solid-silica phases with the increase in liquid content, 


but also evidence may be presented indicating that 
such a composition change permits a change in the 
microstructure of the brick so that there is markedly 
less solid-to-solid contact of the silica grains. That be- 
ing the case, the effect of the change in the FeO-Fe.O; 
ratio upon the brick’s performance would become rela- 
tively more significant. 

Another technical application of the foregoing paper 
is to be found in the sintering of iron-ore fines for 
blast-furnace consumption. It may be pointed out from 
Fig. 9 that the process of sintering and partial fusion 
of the ores is dependent not only upon the temperature 
of sintering but also upon the amount of oxygen avail- 
able to the sinter bed. Further, sinters which required 
a relatively high temperature for agglomeration on the 
sinter bed because the oxygen level was kept high may 
have their microconstituents and microstructure altered 
appreciably within the blast furnace where the oxygen 
pressure is low. With that in mind, the paper should 
serve to insert some caution in attempts at predicting 
the behavior of sinter in a blast furnace solely on the 
basis of its physical properties under normal atmos- 
pheric conditions. 


Reaction of Silver with Aqueous Solutions of Cyanide and Oxygen 


by G. A. Deitz and J. Halpern 


DISCUSSION, O. C. Ralston and R. Schuhmann, 
Chairmen 

E. A. Peretti (University of Notre Dame, Notre Dame, 
Ind.)—Mr. Deitz and Professor Halpern are to be con- 
gratulated on a fine piece of work which adds to our 
knowledge of precious metal—cyanide-solution re- 
actions. 

I should like to offer the following comments: The 
authors state, “the rate plots were always linear, indi- 
cating a zero order reaction rate.” This appears to con- 
flict with the data of Fig. 6 which clearly show the rate 
to vary with the NaCN concentration. 

It seems to me that the rate curves are linear because 
of the experimental setup. The volume of solution is 
so large that over a three-hour period the change in 
NaCN concentration is very small. A rough calculation 
for the experiments of Table I where the initial NaCN 
strength was 0.0096 mol per liter show a change of 
NaCN concentration of about 0.0009 mol per liter at 
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the end of three hours. In short, over the period of 
time that the experiment was in progress, the NaCN 
strength was practically constant; hence the rate of 
dissolution remained practically constant. 

Eq. 10, as written, specifies that 1 mol of H:O. and 
2 mol of hydroxy! ion are formed when 2 mol of silver 
react. Is this true? 

The effect of H:O2. on the rate was made in solutions 
having an oxygen pressure of 4.8 atm. Were any tests 
made in solutions containing hydrogen peroxide, but 
no oxygen? 

G. M. Willis (University of Melbourne, Melbourne, 
Australia)—The authors have shown that, under their 
experimental conditions of high O. concentrations, the 
rate of solution of silver in aqueous cyanide solutions 
is controlled by diffusion of O: or CN~ to the metal sur- 
face. With diffusion control, it is generally not possible 
to obtain further information about the mechanism of 
a process. 
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New York Meeting, February 1952 
Constitution of the FeO-Fe.O,-SiO: System at Slagmaking Temperatures (paper by R. Schuhmann, Jr., 
R. G. Powell, and E. J. Michal. Journat or September 1953, Di 1309 
Los Angeles Meeting, February 1953 i 
Reaction of Silver with Aqueous Solutions of Cyanide and Oxygen (paper by G. A. Deitz and J. Halpern. 
Copper Practice at American and | | 


However, Dr. T. Mills and the writer have found 
that the dissolution of silver and gold in cyanide, like 
most corrosion processes, occurs as an electrochemical 
reaction. By measurements of loss in weight and elec- 
trode potential, with cathodic and anodic polarization 
of the metal, it has been found possible to determine 
the polarization curves for the anodic solution of the 
metal, and the cathodic reduction of O2, and so separate 
the two processes. In general, our conclusions are in 
agreement with those of the authors. In our solutions 
(saturated with air or O, at 1 atm and mostly of lower 
cyanide concentrations) mixed control may occur, but, 
depending on the relative concentrations of CN” and 
O:, the rate may be controlled by diffusion of one or 
the other. For example, in 0.0108 N KCN, saturated 
with air, the rate of solution of silver is substantially 
controlled by the diffusion of O, to the metal surface. 
Reducing the cyanide concentration to 0.0043 N lowers 
the rate which then is under mixed control. Satura- 
tion with O. increases the rate to a stage where anodic 
polarization becomes the limiting factor for low cyanide 
concentrations. Our results confirm the necessity of 
maintaining dissolved O. as high as possible in prac- 
tice in order to obtain maximum rates of solution. 

The authors suggest that under their conditions re- 
duction of O, is predominantly to H,O,. However, this 
conclusion should not be taken to be necessarily true 
under all conditions. The cathodic reduction of O» is 
a complex process, and the literature indicates the need 
for further work on this important reaction. On silver, 
Laitinen and Kolthoff” find reduction to H,O.; Delahay™ 
shows that the electrode potential determines the ex- 
tent to which reduction is to H:O. or to OH. Lund” 
found that the reduction to H.O, could be followed by 
catalytic decomposition of H.O.. This depends on the 
state of the silver surface, and is apparently inhibited 
by the presence of CN” ions above a certain concen- 
tration. We have found that the cathodic reduction of 
O, depends greatly on the experimental conditions; 
under our conditions, reduction is predominantly to 
OH-. It appears that, on the whole, more negative 
electrode potentials favor the 4-electron step, as Dela- 
hay found. This will be the case in solutions of high 
CN- and low O: concentrations: high O2 concentrations 
raise the electrode potential and lead to the presence 


of substantial amounts of peroxide in the solution, in 
agreement with the authors’ observations. For these 
reasons, care should be taken in applying the authors’ 
conclusions to conditions other than those to which 
they refer. 


G. A. Deitz and J. Halpern (authors’ reply)—Pro- 
fessor Peretti’s observations regarding the significance 
of our “zero order reaction rate” are valid. Our use of 
the term “zero order” refers to the linear shape of the 
rate plots and implies that the rate of reaction re- 
mained constant during any given experiment. As 
Professor Peretti points out, this apparent zero order 
behavior resulted from the fact that the reactants which 
influence the rate, such as O. and NaCN, were always 
present in constant concentration or in large excess. 

No experiments were made in which H:O:, but not 
O:, was present. While the results of such experiments 
would be of interest, they do not affect our conclusions 
relating to the ordinary cyanidation process which de- 
pends on the presence of dissolved oxygen. 

We are grateful to Dr. Willis for quoting results of 
his electrochemical experiments and advancing con- 
clusions similar to ours regarding two regions of dif- 
fusion controls for the dissolution of silver. Under 
these circumstances however, there appears to us to 
be some danger in concluding on the basis of polar- 
ization measurements that the normal dissolution of 
the metal in the absence of an external current is an 
electrochemical process, in the sense that it involves 
separated anodic and cathodic reactions. 

In our experiments, reduction of O2. appeared to occur 
largely through the 2-electron mechanism leading to 
the formation of HO, in accordance with Eq. 10. How- 
ever, we recognize that under different conditions 
alternative reactions, such as the 4-electron reduction 
of O: to OH or the catalytic decomposition of H:O., 
might become important and we therefore would em- 
phasize with Dr. Willis the danger of extending our 
conclusions to conditions widely different from those 
which we used. 


20H. A. Laitinen and I. M. Kolthoff: Journal of Physical Chem- 
istry (1941) 45, p. 1079. 

21P. Delahay: Journal Electrochemical Society (1950) 9%, p. 205. 

22V. Lund: Acta Chemica Scaninavica (1951) 5, p. 555. 


Copper Converting Practice at American Smelting and Refining Company Plants 


by F. W. Archibald 


DISCUSSION, L. L. McDaniel and J. C. Kinnear, Jr., 
Chairmen 

Anton Gronningsater (Falconbridge Nickel Mines 
Ltd., Sudbury, Ont., Canada, Falconbridge Nikkelverk, 
Kristiansand, Norway)—Mr. Archibald’s paper, al- 
though excellent, concentrates mainly on mechanical 
details and on means for prolonging lining life, and 
pays little attention to the chemical efficiency of the 
operation. My feeling is that not enough attention is 
paid to the possibility of using the converter as a smelt- 
ing machine, an opinion which has been elaborated 
upon by Anton Gronningsater and Peter R. Drum- 
mond.’ Of course, there are good reasons why we hear 
little about this feature. One reason may be that, with 
the high copper content of the mattes now obtained at 
most smelters, converting is not an important economic 
feature of the operations. The grade of matte used does 
not leave much FeS as fuel, while the combination with 
reverberatory smelting calls for a converter slag of a 
composition unfavorable for the smelting of ore. In 
order to lessen magnetite trouble, a high silica con- 
verter slag is desired and a high silica content is also 
of advantage in the reverberatory slags proper. 

However, there have been and still are cases where 


1310—JOURNAL OF METALS, NOVEMBER 1954 


large amounts of low grade matte have to be converted 
and where the amount of ore used as flux represents 
an appreciable saving. We are still confronted with 
such conditions in the nickel industry. When smelting 
green ore, we have operated with a matte containing 
only 7 pct Ni plus copper. Some months, under such 
conditions, we were able to smelt one-third of our ore 
in the converter. All our efforts were directed toward 
smelting as much ore as possible in that way, and that 
meant running the converter hot enough to get max- 
imum air efficiency. The present aim is for less than 
L pet O in the gases from the reverberatories, and a 
similar oxygen content is also desirable in the con- 
verter gases. To obtain that, however, it is necessary 
to maintain the required high bath temperature, and 
that, I am afraid, is not very often done where there 
1s a continuous struggle to prolong the life of the lining. 
When converting the 7 pct matte, we were satisfied 
with 100 days between repairs, and we developed a 
practice of completing the repairs in 3 to 4 days. 

I appreciate the importance of long lining life and 
the advantage of as few shut-downs as possible, par-— 
ticularly when, as is often the case, full spare equip- 
ment is not available. However, it is possible that the 
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efforts to prolong lining life are sometimes carried too 
far, beyond what is economical. Perhaps the mechan- 
ical maintenance crew and the foremen have more to 
say in directing operations than the chemists and metal- 
lurgists. 

With the high working temperatures in smelters, re- 
search and effective control present many difficulties 
not encountered at lower temperatures and in wet met- 
allurgy. This is perhaps the main reason the statement 


has been made that the pyrometallurgist may be re- 
placed more and more by the chemical engineer. Today 
increasing attention is being paid to the chemical ex- 
traction processes so frequently discussed about 40 
years ago before flotation appeared and changed the 
metallurgical picture. 


1A. Gronningsater and P. R. Drummond: Notes on the Opera- 
tion of the Basic Copper (And Copper Nickel) Converter. Trans. 
Canadian Mining & Metallurgy Bulletin (1942) 45, pp. 99-139. 


Thermodynamic Properties of Molybdenum Dioxide 


by Nev A. Gokcen 


DISCUSSION, N.C. Fick and B. W. Gonser, Chairmen 


T. G. Perry (The APV Co. Ltd., London, England)— 
Professor Gokcen’s interesting paper shows a large 
discrepancy between his results and those of Collins. 
An extension of Collins’ work carried out at Massa- 
chusetts Institute of Technology has suggested a reason 
for this discrepancy. Fig. 3 shows calculated and ex- 
perimental results for the vapor pressure of MoO; over 
MoO: and over MoO,;; it can be seen that MoO; vapor 
should be formed at an appreciable rate under the 
dynamic conditions of Gokcen’s experiments. Thus, the 
condition of no loss in weight of the molybdenum speci- 
men is brought about by a loss in weight due to vapor- 
ization of MoO, and a gain due to surface oxidation to 
MoO:. A correction of Gokcen’s experimental results 
for this factor would bring them more in line with 
those of Collins. 

Nev A. Gokcen (author’s reply)—According to Mr. 
Perry’s interesting results, the vapor pressure of MoO, 
over MoO: is of the order of 10° atm at the highest 
temperature in this investigation. The maximum error 
in Pu.o/Px,, introduced by the vaporization, hence by 
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the side reaction H,O(g) + MoO.(s) = H2(g) + 
MoO;(g), is much less than the experimental errors. 
Further, experimental observations indicated that the 
weight loss after the formation of MoO, was extremely 
small. 


Preparation of Metallic ron of High Purity 


by George A. Moore 


DISCUSSION, N.C. Fick and B. W. Gonser, 
Chairmen 


J. Talbot, Ph. Albert, and G. Chaudron (Centre 
d’Etudes de Chimie Métallurgique, Vitry-sur-Seine, 
France)—We have also prepared different samples of 
iron of very high purity." The raw material used is, 
ior example, ferrous ammonium sulphate, purified by 
fractional crystallization, either from Armco iron, or 
from certain preparations of carbony] iron. In all cases, 
one has as a result a solution of ferrous chloride which 
undergoes a double electrolysis. Thus a pure iron 
cathode which is annealed in pure dry hydrogen is pre- 
pared. Then the plate of metal can be rolled or drawn, 
without which operation it would be necessary to pass 
through a fusion operation. This point is very impor- 
tant because it is known that the fusion of high purity 
iron is a very delicate problem; the best refractories 
are always introducing impurities into the metal. 

The determination of metalloid impurities, such as 
oxygen or carbon, has been made by microanalytical 
methods” and that of metallic impurities by the radio- 
active tracer method. When one starts from ferrous 
ammonium sulphate or from certain carbonyl irons, 
metallic plates of very high purity are obtained. 

These samples of iron have been studied and show 
very interesting properties,“ particularly from the 
viewpoint of recrystallization. 


G. A. Moore (author’s reply)—We are glad to know 
that the experiments of M. Talbot and his associates 
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have been successful, and regret that their reports did 
not appear in time to be mentioned in the paper. 

We have avoided use of ferrous ammonium sulphate, 
although amenable to recrystallization, on the presump- 
tion that sulphate, unlike sulphide, cannot be entirely 
eliminated, and might introduce sulphur into the cath- 
odes. We did not attempt to make coherent cathode 
plates because it was felt that the conditions necessary 
to make such cathodes might not be the same as those 
necessary to obtain highest purity. 

We have received a little information on NBS iron 
from radioactive experiments, showing that very small 
traces of some elements can be detected, but do not feel 
that these methods have as yet been sufficiently stand- 
ardized to give a reliable analysis for all the impurities 
which might be present. 

The writer is in complete agreement with the state- 
ment of the inevitability of contamination in any 
established fusion method and the necessity of com- 
pacting the cathodes by working, but hopes that one of 
the potential methods of melting without crucibles will 
soon be proved practical. It is agreed that recrystalliza- 
ion and grain growth are quite different in high purity 
iron than in iron still containing traces of nonmetallic 
phases. 


16 J, Talbot, Ph. Albert, M. Caron, and G. Chaudron: Congress of 
Metallurgy, Paris (October 1952) Revue de Métallurgie (1953) 50, 
p. 818. 

17L. Moreau, J. Talbot, and J. Bourrat: Revue de Métallurgie 
(1953) 50, p. 775. 

18 J. Talbot, Ch. de Beaulieu, and G. Chaudron: Comptes Rendus 
(1953) 236, p. 818. 
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Discussion — Institute of Metals Division” 


Cleveland Meeting, October 1953 
Heat Treatment, Structures, and Mechanical Properties of Ti-Mn Alloys (paper by F. C. Holden, H. R. ee. 
Ogden, and R. I. Jaffee. JouRNAL or METALS, February 1954's 


New York Meeting, February 1954 
Annealing of a Cold Rolled Aluminum Single Crystal (paper by A. H. Lutts and P. A. Beck. JOURNAL OF 


Torsional After-Effect Measurement and Applications to Aluminum (paper by C. S. Barrett, P.M. Aziz, FPG 
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JOURNAL OF METALS, January 1954, p. 58) 
Uranium-Titanium Alloy System (paper by M. C. Udy and F. W. Boulger. JOURNAL OF MetTats, February ine 
Creep Correlations of Metals at Elevated Temperatures (paper by O. D. Sherby, R. L. Orr, and J. E. Dorn. iat 
JOURNAL oF METALS, January 1954, p. 71) 
Aging Characteristics of Nickel-Chromium Alloys Hardened with Titanium (paper by R. Nordheim and ao 
N. J. Grant. Journat or MEtTats, February 1954, p. 211) 3 
Solidification of Aluminum-Rich Aluminum-Copper Alloys (paper by A. B. Michael and M. B. Bever. 
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Hydrogen Embrittlement of Steels (paper by J. T. Brown and W. M. Baldwin, Jr. JouRNAL oF METALS, aon 
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Solid State Bonding of Aluminum to Nickel (paper by S. Storchheim, J. L. Zambrow, and H. H. Hausner. 
High Temperature Strength of Wrought Aluminum Powder Products (paper by E. Gregory and N. J. 
Grant. JOURNAL OF METALS, February 1954, p. 247) 1334 
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Heat Treatment, Structure, and Mechanical Properties of Ti-Mn Alloys 


by F. C. Holden, H. R. Ogden, and R. |. Jaffee 


DISCUSSION, M. A. Hunter and J. H. Jackson, 
Chairmen 


C. M. Bishop (Aircraft Div., A. V. Roe Canada Ltd., 
Toronto)—Reference is made to the coherency harden- 
ing of 6 due to f’ and also to the hardening of 6 due to 
a coherent precipitation of the a phase. What is meant 
by the term “p’?” Would not the coherency hardening 
of 6 during cooling be due to precipitation of a sub- 
microscopic dispersion of a, as is the case during re- 
heating a pB-quenched alloy? I feel that these two 
phenomena are essentially the same mechanism, i.e., 
precipitation of a from unstable or supersaturated Bp. 

From the text, it would appear that Tables III and 
IV are intended to show the effect of the martensite 
transformation on the properties of Ti-Mn alloys. Re- 
ferring to Table III, the g-quenched alloys would con- 
tain a greater proportion of retained 8 than would the 
equilibrated alloy. Could not the increase in properties 
be attributed to this, along with possible coherency 
hardening of the 6? In the same way, the structures 
referred to in Table IV contain p from which they 
could derive their hardness. It would appear to be dif- 
ficult, if not impossible, to assess the role of the mar- 
tensite transformation from the data contained in these 
tables. 


F. C. Holden, H. R. Ogden, and R. I. Jaffee (authors’ 
reply)—In reply to the first question raised by Mr. 
Bishop, the term “p”’ designates an apparent retained-p 
structure which is harder than it is after the most rapid 
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cooling from the £ field. It is thought to be the result 
of a coherent precipitation of a. The mechanism by 
which hardening takes place is undoubtedly the same 
as that involved in the early stages of aging of a re- 
tained-g structure, and we are in agreement with Mr. 
Bishop on this point. The term “s’” to designate the 
anomalously hard retained-s structure was agreed 
upon at a symposium in 1953. 

The authors do not agree that the quantity of re- 
tained 6 and/or p’ in the B-quenched specimens of 
Table III is necessarily greater than that of the 600°C 
equilibrated specimens. The 6-quenched specimen has 
a structure which appears to be completely a’ formed 
by the martensite reaction. It is recognized that there 
could be some retained £ (or p’) between the a plates if 
the M,; temperature is below room temperature. This is 
unlikely for the 3.4 pet Mn alloy where the M, is 
known to be at about 640°C. Therefore, the increase in 
strength cannot be attributed to the presence of a 
greater quantity of coherency-hardened 8, but, rather, 
the increase in strength must be attributed to the 
transformation products formed, e.g., « (martensiti- 
cally formed a). 

Concerning the data in Table IV, we agree that it is 
difficult to estimate the role of the martensite reaction, 
since the 6.4 pct Mn alloy was retained B in the 
quenched condition. 


5 Symposium sponsored by the Ordnance Metallurgical Advisory 
Committee on Titanium. Pittsburgh, June 9 and 105.1953. 
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Annealing of a Cold Rolled Aluminum Single Crystal 


by A. H. Lutts and P. A. Beck 


DISCUSSION, F. D. Rosi and M. A. Steinberg, 
Chairmen 


J. P. Nielsen (New York University, New York)—In 
Fig. 1 the slope of the softening-with-time curve is not 
monotonic in that it increases mildly up to 1000 sec and 
after this it decreases rapidly. This suggests that both 
a softening and a hardening component contributed to 
the resultant values plotted. I am wondering if this 
may be evidence of a hardening due to the “budding” 
stage of recrystallization grains. Recrystallization has 
been greatly delayed here, and the hardening compo- 
nent would also appear to be delayed. 

The hardening due to the budding of recrystallization 
grains has been worked on recently in our laboratory, 
and we have submitted our analysis for publication.” 
We use the term “budding” because we believe that 
the grains to serve as recrystallization grains are pres- 
ent immediately after cold work but that their stimula- 
tion to extensive growth requires a special mechanism 
which we call “geometrical coalescence.” This mecha- 
nism requires a time interval or induction period to 
take effect. 

A minor item that also may be worthy of mentioning 
is that annealing is not the reverse of work hardening. 
Metals with the same hardness level arrived at by 
draw tempering and by direct work hardening do not 
have the same properties in general. Hence, the third 
conclusion should be restated so that is implies that the 
internal crystallographic mechanisms which account 
for line sharpening are not the same as the mechanisms 
for softening during annealing. In other words, the au- 
thors did not show that line broadening is inconsistent 
with work hardening, but rather that line sharpening 
is inconsistent with softening on recovery anneal. 


C. G. Dunn and F. W. Daniel (General Electric Co., 
Pittsfield, Mass., General Electric Co., Brackenridge, 
Pa., respectively)—The authors present an interesting 
curve of isothermal softening of cold-rolled aluminum 
crystals. In an explanation of their result, they assume 
that the cold work produces a subgrain structure with 
internal imperfections and that annealing alters these 
two features at different rates. Thus, annealing at 
350°C quickly removes imperfections within individual 
subgrains, restoring sharpness to diffracted Ka lines 
but producing little, if any, softening. Softening occurs 
through subgrain growth which proceeds more slowly. 

If subgrain growth alone produces 100 pct softening 
and if subgrain growth slows down with increasing 
subgrain size as observed for large subgrain sizes, how 
do the authors account for the rapid drop in hardness 
above 1200 sec at temperature? 

These remarks are not made to imply that near 100 
pet softening (as indicated by microhardness) is unrea- 
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Fig. 7—Effect of temperature on the hardness of a deformed 
single crystal annealed for 1 min. No recrystallization. 
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Fig. 8—Curves of Knoop hardness ys time showing the effect 
of temperature on rate and amount of softening as measured 
by the change in Knoop hardness. No recrystallization of the 
deformed single crystals. 


‘sonable. In fact, when no primary recrystallization or 


large-angle phenomena occurs, our own tests made on 
deformed silicon-iron crystal (3.3 pet Si) have shown 
complete softening.” 

In our unpublished work" two phenomena regarding 
hardness were considered: namely, the removal of 
work hardening by annealing and the relationship of 
hardness to primary recrystallization. The results per- 
tain to the present paper. 

Briefly, the first experiment involved a large single 
crystal sheet specimen cold rolled from 0.024 to 0.020 
in. thickness. Initial and final orientations were (112) 
<110>. Small samples were prepared with lightly 
etched surfaces and heavily etched edges. Some sam- 
ples were annealed to temperatures of 1100°C and no 
primary recrystallization occurred. Other samples 
were annealed for various lengths of time at 900°C, 
sectioned to expose {110} surfaces, prepared for Knoop 
hardness measurements,” and tested with the long axis 
of the Knoop indenter parallel with a <110> direction. 
In comparison with the hardness of the undeformed 
crystal, the results showed complete softening for all 
the anneals given, the shortest time being one minute. 
X-ray tests prior to Knoop measurements and metallo- 
graphic examination of the tested surfaces disclosed 
that no primary recrystallization had occurred in any 
samples. 

Keeping the time of anneal constant at one minute, 
a temperature series for still other samples gave the 
results shown in Fig. 7. Again, no primary recrystal- 
lization occurred. Clearly, all the work hardening 
could be removed without primary recrystallization in 
1 min anneals at temperatures above 750°C. 

Another set of samples were annealed for various 
lengths of time at 400°C. Fig. 8 shows these results and 
also those of the 900°C series. On a linear time scale, 
it can be seen that the hardness falls off rapidly at first, 
then more slowly with increasing time at 400°C. In 
this respect, it is similar to recovery phenomena re- 
ported in the literature and somewhat different from 
the curve of Lutts and Beck. Unfortunately, we ob- 
tained no isothermal data showing the rate character- 
istics of softening near 100 pct softening; according to 
the form of the curve in Fig. 7, however, a rapid drop 
in hardness near 100 pct softening would appear unex- 
pected. 

At the time of this work, we were unaware of sub- 
grain growth. It appeared to us that imperfections such 
as dislocations were being removed in the way Bur- 
gers has described (see also ref. 19). Subsequent 
work” disclosed subgrains and their growth above 
750°C. For example, it was possible to observe the for- 
mation of short subboundaries 90° to slip-line markings 
that persisted even after 15 min at 775°C. Without fur- 
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Fig. 9—Curves showing Knoop hardness along deformed single 
crystals annealed in a temperature zone varying from room tempera- 
ture (0 mm) to over 900°C (15 mm or the positions of the recrystal- 
lization grain boundaries). 


ther data in subgrain phenomena below 775°C, we can- 
not say just what role subgrain growth may have 
played in the softening process. 

In the second experiment, which involved recrystal- 
lization, the picture is clearer. Three crystals in the 


(110) [110] orientation were cold rolled lightly (enough 
to produce primary recrystallization on annealing). 
The crystals were moved into a high temperature gra- 
dient furnace far enough to produce recrystallization in 
one end and no softening in the other end (gradient 


parallel to the [110] direction). Hardness tests were 
made on a {100} section with the indenter parallel to a 
<110> direction. Fig. 9 gives the plot of hardness vs 
distance into the furnace, with recrystallization occur- 
ring at about 900°C. Positions of the boundaries of the 
new grains are indicated. Clearly, these new grains are 
growing at the expense of completely soft unrecrystal- 
lized material (confirmed by X-ray and metallographic 
examination). According to later information,” which 
includes documented evidence of this kind, the energy 
for growth in the above samples no doubt resides in 
subboundaries that are well formed at these tempera- 
tures. From an energy point of view, therefore, 100 
pet softening does not imply 100 pct removal of the 
energy introduced by work. The amount of energy 
left, however, would be small just as it would be if the 
single crystal recrystallized to a fine-grained structure 
‘involving large-angle boundaries. 

When a heavily cold-rolled crystal of silicon iron re- 
crystallizes to a fine-grained structure near 500°C, it is 
quite possible that softening prior to primary recrystal- 
lization does not proceed as far as in the examples 
cited above. In other words, 100 pct softening is a pos- 
sibility and not a requirement according to our point 
of view. (Clarebrough, Hargreaves, and West™ have 
shown that, in deformed polycrystalline nickel of com- 
mercial purity, most of the softening and the removal 
of energy occurs during primary recrystallization.) 
Also, the energy introduced by straining a crystal 
(strain energy) takes a number of forms, particularly 
during annealing. All of it is removed when the final 
state is another crystal of equivalent perfection of the 
starting crystal. 


E. C. W. Perryman (Aluminum Laboratories Ltd., 
Kingston, Ontario, Canada)—Although this work re- 
fers to a very special case, namely, a heavily rolled 
single crystal which did not change its orientation after 
cold working, it might be interesting to compare these 
results with similar measurements carried out on poly- 
crystalline superpurity aluminum cold rolled 20 and 
80 pct. We have investigated the recovery process by 
measuring electrical resistance, X-ray line breadth, and 
hardness as a function of time at constant temperature. 
In agreement with the authors, we find that line 
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breadth anneals out before hardness and, furthermore, 
electrical resistance anneals out before line breadth. 
The isothermal-recovery curves all show the same 
shape, a rapid rate initially which decreases with time. 
In agreement with other workers, we find that the re- 
covered values of the various properties measured are 
much higher than the fully recrystallized values; in 
fact, only 30.to 40 pet hardness, 50 pct<line breadth, 
and 30 pct electrical resistivity are lost during recovery 
before sufficient recrystallized grains are formed to af- 
fect these properties. It is interesting to note that the 
final recovered hardness value is greater for high, than 
for small, amounts of cold work, whereas the recovered 
value of line breadth is independent of cold work. Fur- 
thermore, the final hardness value decreases slightly 
with increasing annealing temperature, whereas the 
final value of line breadth is independent of tempera- 
ture. These results suggest that the recovery of line 
breadth is due to a redistribution of dislocations, these 
diffusing and becoming blocked at the subgrain bound- 
aries. Microstructural evidence for this has been given 
by Perryman.” Later work, besides confirming the 
original microstructural observations, has shown that 
the activation energy for recovery of line breadth is in- 
dependent of cold work, which also supports the above 
conclusion. 

The variation of the final recovered hardness value 
with cold work and annealing temperature can be ex- 
plained by the fact that the subgrain size increased 
with decreasing cold work and increasing temperature 
so that a low hardness value was obtained with a 
larger subgrain size. The authors suggest that soften- 
ing is produced by subgrain growth after the subgrains 
have become perfect. Our results indicate that subgrain 
growth must take place in the very early stages of an- 
nealing for, although the subgrain size directly after 
cold working is independent of cold work, after an- 
nealing it increases with decreasing cold work and in- 
creasing annealing temperature. Furthermore, no indi- 
cation of subgrain growth has been obtained once the 
subgrains have become perfect. From this work, it 
seems that during recovery, although the dislocations 
are redistributed, the dislocation density is not changed 
very markedly which is in keeping with the very small 
amount of stored energy released during this process.” 
It is hoped that a full account of this work will be pub- 
lished shortly. 


A. H. Lutts and P. A. Beck (authors’ reply )—Since 
the hardness drop on annealing was found to be mo- 
notonous, our data appear to provide no direct justifi- 
cation for Dr. Nielsen’s assumption that a hardening 
component is involved in the annealing process. We 
did detect recrystallization without noticeable hardness 
change, but in no case did we encounter recrystalliza- 
tion (budding or otherwise) causing an increase in 
hardness. The third paragraph of Dr. Nielsen’s discus- 
sion is apparently based on a misunderstanding. We 
did not wish to imply that annealing contributes to 
X-ray line broadening. We did find, however, as stated 
in our third conclusion, that the crystal imperfections 
resulting from plastic deformation, which account for 
line broadening, show a distinctly different annealing 
behavior from that of the imperfections responsible 
for the major part of work hardening. 

We would like to thank Drs. Dunn and Daniels for 
contributing to the discussion their own excellent, 
previously unpublished results. We are, of course, 
gratified to see that their softening data for rolled 
silicon-iron single crystals show so many similarities 
with the data for aluminum single crystals. In par- 
ticular, the occurrence of complete softening without 
recrystallization may now be considered confirmed by 
Dunn and Daniels. The apparent differences in the 
isothermal kinetics of softening are probably not real. 
Fig. 1 of the paper shows that initially, up to about 700 
sec, the rate of softening of the rolled aluminum single « 
crystal is actually decreasing at 350°C, in accordance 
with the observations on silicon-iron. This recovery- 
type softening kinetics is much more conspicuously 
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evident in the isothermal softening curves at lower 
temperatures obtained since the present paper was 
written. On the other hand, the apparent absence in 
silicon-iron of the accelerated phase of softening, ob- 
served in aluminum after more prolonged annealing, 
may be due to the fact that the isothermal annealing 
experiment with the silicon-iron crystal has not been 
carried to completion. The question of the mechanism 
of softening is undoubtedly still not definitely an- 
swered. Judging by the kinetics, the initial part of 
softening may well be a recovery-type process, not in- 
volving any boundary migration, although this conclu- 
sion is by no means certain. The work hardening re- 
maining after complete recovery of line broadening 
would be difficult to associate with any imperfection 
other than subboundaries. The subsequent softening 
should then be ascribed to subgrain growth. However, 
again, no direct confirmation of this interpretation has 
been obtained as yet. It is hoped that the experimental 
investigation of this question will be accomplished 
within the next few months. 

Dr. Perryman’s account of his results on the recov- 
ery of hardness, line broadening, and electrical resis- 
tivity in rolled polycrystalline aluminum is most wel- 
come. Our preliminary experiments with 80 pct rolled 
polycrystalline aluminum suggested that the separa- 


tion between recovery and recrystallization in this 
case was quite difficult to carry out, since the two 
processes took place largely concurrently. We did 
note, however, that simultaneously with the first 50 
pet of softening (probably largely by recrystalliza- 
tion), about 75 pct of the line broadening was lost on 
annealing. This indicates, in accordance with Dr. 
Perryman, that, even in heavily cold-worked polycrys- 
talline aluminum, the recovery of line broadening runs 
somewhat ahead of recrystallization. 

14 J. P. Nielsen: Mechanism for the Origin of Recrystallization 
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Torsional After-Effect Measurement and Applications to Aluminum 


by C. S. Barrett, P. M. Aziz, and |. Markson 


DISCUSSION, F. D. Rosi and M. A. Steinberg, 
Chairmen 


N. K. Chen (Johns Hopkins University, Baltimore )— 
Since the abnormal after-effect observed here and by 
Dr. Barrett in previous investigations’ ° is attributed 
to the release of residual stresses by the escape of 
piled-up dislocations, it may be asked whether such an 
escape of dislocations could be studied directly under 
the microscope. In order to check this, an experiment 
was conducted in the following manner: a single crystal 
of high purity aluminum, '% in. square in cross-section 
and 1% in. long in gage length, was grown from the 
melt, homogenized, etched, and then chemically pol- 
ished using the “R-5 Bright-Dip” process. The specimen 
was anodized in a 20 pct solution of sulphuric acid at 


a—After an exten- 
sion of about 1 pct. 


5.5 v for 60 min (temperature of the solution was main- 
tained at 69°F), immediately immersed in cold water, 
and dried with alcohol. It was deformed in tension by 
means of the technique previously described. After an 
extension of about 1 pct, the surface of the specimen 
exhibited markings, shown in Fig. 12a. These markings 
are not slip lines but are actually oxide-film cracks 
which do not correspond to any {111} planes in the 
specimen. They assume the normal features of film 
cracks upon careful examination, particularly near the 
specimen edges. It will be shown later as a further 
confirmation of the identity of these markings that they 
were made to diminish when the thickness of the film 
was carefully reduced by etching. Little evidence of 
slip markings can be witnessed in Fig. 12a at this 
magnification or any higher magnification up to X1000. 


b—Immediately 
etched after the ex- 
tension with a 3 pct 
NaOH solution for 4 


min. Same area as a. 


Fig. 12—Oxide cracks and slip lines of an aluminum single crystal which was anodized in a 
20 pct aluminum solution of sulphuric acid at 5.5 v for 60 min. X250. Area reduced approxi- 


mately 40 pct for reproduction. 
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The arrow in Fig. 12a marks the only trace of slip 
which was detected. 

The load was released after this extension and the 
specimen was immediately etched with a 3 pct solution 
of NaOH for 4 min. The etch was done by continuously 
dropping the solution through a hypodermic syringe on 
the specimen surfaces while the specimen was main- 
tained at its original position under the microscope. 
After etching, the specimen was rinsed with water and 
then with alcohol, again by means of syringes. The 
markings on the specimen surface are shown in Fig. 
12b. The etch has removed the coating to a considerable 
extent and, as a consequence, the oxide-film cracks 
seen in Fig. 12a have almost vanished. Since there is 
no widening or undercutting of the cracks and no evi- 
dence of etch pits (the thick, dark line on the upper 
left-hand corner is probably a piece of lens tissue used 
for absorbing unwanted solution), direct attack of the 
reagent on the aluminum itself (as distinct from the 
oxide) does not seem to have occurred. Therefore, any 
evidence of slip found after this etch could be regarded 
as a confirmation of the theory that the oxide-metal 
interface is a barrier to dislocations and that piled-up 
dislocations can be relieved by elastic and plastic process 
during etching. 

Indeed, slip lines, though very faint, were observed 
after the removal of the oxide film. Two such lines are 
present in Fig. 12b (marked by arrows) and are con- 
firmed by stereographic analysis to be slip lines on the 
primary slip plane of the specimen. One of these lines 
corresponds to the trace marked with an arrow in Fig. 
12a but is now more pronounced. The other slip line 
was not visible at all before etching. 

It should be mentioned that, prior to this experiment, 


observations were made of slip lines on five aluminum 
single crystals that have been kept in air for more than 
a month after being electropolished in a solution of 2:1 
methyl alcohol and nitric acid. In all these cases where 
only a natural oxide film was present, no noticeable 
change of the character and/or the number of slip lines 
was detected at areas observed before and after etch- 
ing. 
C. S. Barrett (authors’ reply)—We wish to thank Dr. 
Chen for his contribution of metallographic evidence 
for plastic flow initiated by the removal of an oxide 
film. On the basis that the abnormal after-effect caused 
by this removal is of the order of one thousandth the 
original strain, we had presumed that it would be ex- 
tremely difficult to find such evidence and had not 
attempted such experiments. 

A controversial point in the explanation of the ab- 
normal after-effect is the possible role played by dis- 
location generators, such as the Frank-Read type, 
springing into action upon removal of a surface film. 
A. H. Cottrell has remarked to me that a Frank-Read 
source, even if located so that one end was at the sur- 
face, should extend to depths that are large compared 
with the depth in which many dislocations would be 
piled up; consequently, the plastic flow accompanying 
the release of the piled-up dislocations should occur 
more quickly than flow due to the source springing 
into operation. 

We had anticipated someone’s questioning whether 
torsional yield strengths might not be comparable in 
sensitivity to the torsional after-effect measurements of 
the current series of papers; this is being investigated. 


5N. K. Chen and R. B. Pond: Trans. AIME (1952) 194, p. 1085; 
JourRNAL oF Metats (October 1952). 


Mechanism of Plastic Flow in Titanium: Manifestations 


and Dynamics of Glide 


by F. D. Rosi 


DISCUSSION, J. S. Smart, Jr. and Bruce Chalmers, 
Chairmen 


N. K. Chen (Johns Hopkins University, Baltimore)— 
The author described the nature of slip bands in tita- 
nium under “Experimental Results” as being orienta- 
tion dependent: For orientations with the stress axes 


near the [0001] [1120] zone, the slip-band formation is 
of the coarse, widely spaced type, and for orientations 
approaching the [0001] [1010] symmetry position, the 
slip bands are finer and closely spaced. Thus, it was 
concluded (4) that “the slip-band density varies in- 
versely with the angle x, which the slip plane makes 
with the stress axis.” It should be pointed out that this 
general conclusion, if correctly interpreted according 
to crystallography, implies that slip bands are most 
coarse for specimens with stress axes in the region 
around the pole [1120] and most fine around the pole 
[0001], as can be seen from a stereographic projection 
of orientations of equal y values (Fig. 26). Further- 
more, it implies that crystals having the same x angle 
should have approximately the same slip-band density. 
I wonder if these derivations from the conclusion could 
be reconciled to the author’s data and, after all, whether 
the value x could be used without reservations as a 
single parameter to describe the nature of slip bands, 
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I was rather interested to note the author’s second 
conclusion that “unpredictable cross slip occurs on the 
same crystallographic family of planes which define 
primary slip; i.e., {1010}.” This observation on cross 
shp differs from those reported for face-centered-cubic 
metals” and for uranium” in that the primary and the 
cross-slip plane do not possess the same slip direction 
in the present case. However, since the author stated 


Fig. 26—Stero- 
graphic projection 
indicating orienta- 
tions of equal x 
values, assuming 
(0110) [2110] slip. 
x is the angle be- 
tween stress axis 
and the slip plane. 


000! 
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that “the appearance of unpredicted cross slip in its 
typical steplike character was observed in only one 
crystal” and since Anderson, Jillson, and Dunbar” 
have reported basal slip in titanium for crystals of cer- 
tain orientations, I am tempted to suspect that the par- 
ticipation of the basal plane, gliding in the same direc- 
tion as the primary prismatic slip, is highly probable 
and could account for a steplike appearance. 

F. D. Rosi (author’s reply)—In reply to Dr. Chen’s 
objection to the use of the angle x. to describe the 
orientation dependence of slip-band development, it is 
important to emphasize that this dependence was con- 
cerned solely with orientations where extensive slip 


occurred on {1010} planes. For those orientations in 
the region of the stereographic triangle approaching 
[0001], the deformation process becomes more complex. 
In the early stages of flow, additional slip systems 
occur, and frequently twinning replaces slip as the 
primary mode of deformation. Under such conditions 


of flow, it would not be possible to properly evaluate 
the effect of the xy. value on {1010} slip-band develop- 
ment. For this obvious reason, it was not intended to 
indicate that the value of yo was used without reserva- 
tion as a parameter to describe the development of 
{1010} slip bands. 

A regards the cross-slip observed in titanium, it also 
occurred to the author that it would be most con- 
venient if its crystallographic nature were similar to 
that observed in other metals. However, in the only 
crystal where the cross-slip was well defined, there was 
no possibility of attributing the stepped segments to 
cooperative slip on the basal plane or any other rational 
plane containing the same slip direction as the primary 


{1010} plane. 
30 E. A. Anderson, D. C. Jillson, and S. R. Dunbar: Deformation 


Mechanism in Alpha Titanium. Trans. AIME (1953) 19%, p. 1191; 
JOURNAL OF MetTaAts (September 1953). 


Uranium-Titanium Alloy System 


by Murray C. Udy and Francis W. Boulger 


DISCUSSION, B. D. Cullity and A. H. Geisler, 
Chairmen 


R. W. Buzzard (National Bureau of Standards, Wash- 
ington)—There are numerous methods available for 
the collection of data to be used in the derivation of 
the constitution of an alloy system. The X-ray and 
microscopic techniques utilized by the authors repre- 
sent two of the more popular approaches and constitute 
excellent sources of data, especially when verified by 
one of the various thermal-analysis techniques. 

In the preliminary microscopic and X-ray work at 
the National Bureau of Standards, data similar to that 
presented by the authors were observed. As this could 
not be correlated with the thermal data, additional 
metallographic work was instigated. It was shown that, 
by proper preparation of the alloy surface, the X-ray 
and microscopic data would correlate with the thermal 
data. The experience of the writer with several uranium 
systems has shown that alloys of high uranium content 
are particularly susceptible to improper polishing and 
etching techniques, and it has been found that the re- 
sults of thermal analyses serve as excellent guides in 
the selection of proper polishing and etching pro- 
cedures. Similarly, it is the experience of the writer, 
in connection with the U-Ti system, that heat tinting 
and deep etching tend to obliterate the true micro- 
scopic structures in the high uranium alloys. This ten- 
dency of the metallographic technique to obscure micro- 
structures is not peculiar to the uranium alloys but is 
common to other systems as exemplified by the fact 
that the x phase of stainless steel was long confused 
with the o phase until adequate metallographic tech- 
niques were developed to differentiate between the 
two phases. 

The writer has noted in the literature that many in- 
vestigators are prone to use the temperature at which 
fusion is noted on visual examination as the liquidus 
temperature. There is a definite lack of agreement 
among investigators as to the exact interpretation of 
such fusion data. It is noted that Domagala and 
McPherson’ in their study of the Zr-O system utilized 
a comparable technique to obtain a rough estimate of 
the solidus temperature, a conclusion with which the 
writer is in accord. Visual observations of the fusion 
point of quasi-pure metals give an approximation of 
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the melting point of the element. On the other hand, 
in an alloy system, fusion temperatures more closely 
reflect a rough approximation of the solidus, depending 
on the fluidity of the mushy stage between the solidus 
and liquidus. Many compositions of alloys are suffi- 
ciently fluid in the mushy stage to permit pouring at 
temperatures below the liquidus. In the examination 
of several alloy systems, the writer has found it neces- 
sary to examine several compositions of alloys to de- 
termine questionable fields. Examination of the authors’ 
liquidus data for the 90.8, 84.3, and 78.4 atomic pct 
uranium alloys hardly permits correlation with the 
previously reported thermal data. Assuming these de- 
terminations to be a rough estimate of the solidus, 
there is a very definite trend shown that tends to con- 
firm the interpretation of a peritectic terminating in 
a rapidly rising solidus as previously reported. The 
U.Ti field conforms with the phase to be expected from 
the previous work. The thermal arrests depicting the 
decomposition of the 6 phase, reported by the writer, 
were also observed and reported by Seybolt.’ From the 
thermal data obtained on the U-Ti system, the sharp- 
ness of the recorded thermal arrests leaves little ques- 
tion as to the existence of a reaction horizontal char- 
acteristic of the eutectoid decomposition of the 6 phase. 

In the preparation of the microscopic specimens for 
the study of the U-Ti system at the National Bureau of 
Standards, certain factors were observed to be peculiar 
to the quenching technique which tended to mask the 
true microstructures of the quenched alloys. The writer 
would be interested in the authors’ experience with 
the alloys in the composition range 0 to 30 atomic pct 
Ti in respect to the following: 1—Did the authors note 
any reaction between the alloys and the Vycor? 2—Did 
the authors determine the effects of rate of quenching 
on these alloys to assure themselves that the quench- 
ing rate was of sufficient rapidity to retain the true 
structure of the alloys? 

M. C. Udy and F. W. Boulger (authors’ reply)—The 
authors wish to thank Mr. Buzzard for his discussion 
of our paper. We agree with him that alloys of high 
uranium content are particularly susceptible to im- 
proper polishing and etching techniques. However, in 
the present work, care was taken to avoid the pitfalls. 
Specimens were examined under many conditions of 
polishing and etching until it was certain that the 
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structures reported were real. As was noted in the 
paper, we too used thermal analyses as a guide in our 
work. However, we are not as convinced of the in- 
fallibility of thermal analyses as Mr. Buzzard seems 
to be. In fact, failure to check, with small samples of 
the identical alloys, some of the preliminary liquidus 
and solidus data reported by Seybolt' and ourselves, 
led to the present careful recheck of the whole system. 

For most alloys, both liquidus and solidus points 
were observed, and some are shown on the diagram. 
However, the solidus point was more difficult to de- 
termine accurately by optical readings. The liquidus 
point, on the other hand, was readily reproducible on 
duplicate samples. 

We agree that it would be desirable to examine more 
compositions in the “questionable” range. However, 
we feel that the compositions we examined were suffi- 
cient to discredit some of the previous information, 
particularly the existence of a so-called “d” phase. 
The alloys examined by Seybolt were prepared by us 
and examined independently. Seybolt concurs that no 
intermediate phase other than U.Ti was found. 


In answer to the question about reaction between 
Vycor and alloys in the 0 to 30 atomic pct Ti range, 
very little reaction was noted except at points of con- 
tact when the tubes were suitably purged of possible 
carrier gases. Tubes were designed so that alloy bars 
rested on only two point contacts. These points were 
avoided in taking specimens for examination. 

In regard to the effect of quenching rate, it was not 
claimed that all the alloy structures were retained on 
quenching. In fact, composition limits are presented 
beyond which it was impossible to retain the high 
temperature structure on water quenching. However, 
appearance of such things as Widmanstaetten patterns 
in the quenched structure is evidence of a change in 
structure on cooling. 

Admittedly, further work on this system is desirable 
to pin point some of the established features. We feel 
that a high temperature X-ray study would be par- 
ticularly fruitful. 


3R. F. Domagala and D. J. McPherson: System Zirconium-Oxy- 
gen. Trans. AIME (1954) 200, p. 238; JourNnaL or Metats (February 
1954). 


Creep Correlations of Metals at Elevated Temperatures 


by Oleg D. Sherby, Raymond L. Orr, and John E. Dorn 


DISCUSSION, D.N. Frey and G. V. Smith, Chairmen 


I. S. Servi and E. M. Onitsch-Modl (Electro Metallur- 
gical Co., Niagara Falls, N. Y.)—The authors should be 
commended for their summarization of selected data 
on creep of metals and for their attempt to develop a 
novel theory. In this field, where the industrial prog- 
ress is generally ahead of basic knowledge and where 
most of the data have been obtained following no log- 
ical patterns, any work aimed at the correlation of 
existing results is very welcome and worthy of praise. 
However, the authors’ substantial contribution to the 
understanding of creep would be much more valuable 
after certain obscure and rather incongruous points are 
clarified. 

The authors’ conclusion, that AH is a constant inde- 
pendent of stress at temperatures above about 0.45 Tm, 
can be accepted only when an extensive range of stresses 
is considered, and other variables, such as structural 
instabilities, are removed from the analysis. It is for- 
tunate that Alexander, Dawson, and Kling” obtained 
accurate data for creep of gold over a broad span of 
stresses. Such data, replotted in Fig. 13, show rather 
poor agreement with the postulation that AH is inde- 
pendent of stress. Perhaps this can be shown better by 
analyzing the five pairs of points at about 224, 120, 91, 
67, and 43 psi for 1193° and 1293°K. The values of log 
Z, based on the assumption that AH is constant and 
equal to 50,000 cal per mol, are reported in Table III. 

If computations are repeated in order to keep the 
variation in function Z below 2 pct, the values of acti- 
vation energies, shown in Table IV, must be used. 


Table II!. Computation of Function Z Based on Data for Gold 


Approximate stress, 


psi 224 120 91 67 43 
Log Z (1293°K) 7.165 6.830 6.716 6.573 6.193 
Log Z (1193°K) Use 6.841 6.540 6.381 5.727 
Log —log Ziiys —0.170 —0.011 40.176 +40.192 + 0.466 
Variation in Z, pct 48 2:3 50 Do. 190 


These results are in agreement with a previous sug- 
gestion” that AH decreases with increasing creep stress. 
The same conclusion can be reached using data by 
Servi and Grant" for high purity aluminum; however, 
the data for 866° and 755°K cannot be included in the 
analysis because they refer to a condition of excessive 
grain growth during creep testing. 

It should also be mentioned that Sherby and Dorn* 
found a marked effect of annealing conditions on the 
activation energy of creep of 2S-O aluminum, thus in- 
dicating that the activation energy is a structurally 
sensitive parameter. 

With regard to the boundary between “low tempera- 
ture” and “high temperature” creep, experimentally 
established at about 0.45 Tm, the statement was made 
that, “Perhaps no special meaning can be ascribed to 
the number 0.45 Tm.” The factor 0.45, known as Tam- 
man’s factor, is purely empirical, but is related to some 
physical phenomena. Hiittig,* studying the sintering 
process of powders, found that surface diffusion occurs 
at Tamman’s factors 0.23 to 0.36, grain-boundary dis- 
placement at 0.33 to 0.45, lattice diffusion through the 
entire crystal section at 0.37 to 0.53, and formation of 
new crystallization centers at 0.48 to 0.80. Therefore, 
it appears that the number 0.45 Tm may be related to 
the beginning of recrystallization rather than to self- 
diffusion. 

The literature on self-diffusion experiments has indi- 
cated that the accuracies and reproducibilities of acti- 
vation energies are generally rather poor. Therefore, 
the correlation of Fig. 16 does not appear to be sufficient 
ground for assuming that “the rate-controlling process 
for self-diffusion might also be the rate-controlling 
process for creep.” Moreover, Hoffman and Turnbull” 


Table IV. Computation of Values of AH for Variations in 
Z = ce **/*" Below 2 Pct 


Approximate stress, psi 224 120 91 67 43 
AH, cal per mol 39,000 49,000 62,000 63,000 83,000 
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found that the activation energy of self-diffusion of 
silver is 45,950 cal per mol for single crystals, and 
26,400 for fine-grained polycrystalline specimens. Hoff- 
man and Turnbull computed the absolute activation 
energy for grain-boundary self-diffusion, obtaining a 
value of 20,200 cal per mol for 99.97 pet Ag, and 21,500 
for 99.999 pet Ag, thus indicating a marked effect of 
grain size and an appreciable effect of purity on the 
activation energy for self-diffusion. Therefore, if a 
close correlation exists between activation energies for 
creep and self-diffusion, it might be expected that grain 
size, and perhaps purity, should affect the activation 
energy for creep. 

The hypothesis that “high temperature creep appears 
to occur due to removal of barriers to the motion of 
dislocation” would be of substantial value for the under- 
standing of the mechanism of creep if the nature of 
such barriers is suggested. In fact, it appears quite 
difficult to explain all the complex phenomena asso- 
ciated with plastic deformation at elevated tempera- 
tures, such as slip, grain-boundary glide, polygoniza- 
tion, and, in some cases, twin formation, based on the 
removal of hypothetical and unidentified barriers. 


A. R. Chaudhuri, H. C. Chang, and N. J. Grant 
(Massachusetts Institute of Technology, Cambridge, 
Mass.)—-This interesting paper which is an effort to 
rationalize the creep process on the basis of pure dif- 
fusion phenomena, is bound to raise a large number of 
questions in a field of activity where many previous 
theories have been unsuccessfully presented. In view 
of the fact that the authors have utilized data com- 
municated from our laboratory, particularly data which 
were interpreted quite differently, and in view of their 
efforts to rationalize creep on the basis of a heat of 
activation value which matches the coefficient of self- 
diffusion, a number of questions and doubts come to 
mind: 

1—The equations used by the authors come back to 
the mechanical equation of state which was so effec- 
tively criticized by Orowan” and others during the past 
several years. How do the authors reconcile their equa- 
tions with these arguments? 

2—The values of creep rate predicted by interpola- 
tion from Eq. 4 of their paper, namely 


show good agreement with experimental values. A 
check of data shows, however, that, whereas the experi- 
mental points are randomly scattered about the stress- 
minimum creep-rate curves for high purity aluminum,” 
the values obtained from the curves representing the 
correlation = f show systematic deviations 
from the stress-minimum creep-rate plot. This fact in- 
dicates that the ln (é,e4"/"") isothermals do not form 
parts of the same curve except for a general over-lap- 
ping or quasi-parallelism. Do these departures, which 
are evident in several of the authors’ curves (Figs. 6, 
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Fig. 19—Correlation of Servi-Grant data” for aluminum by the re- 
lation o — f(ée°”/“"). AH = 26,000 cal per mol. 
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7, 12, and 13), show that the functional relationship 
suggested by the authors requires further modification 
of an empirical nature? 

3—Is it not true that the functional relationship o. 
= f (é,e*”/*") cannot be used safely to predict data 
outside of the stress range of the experimental points 
used to prepare the curve representing the above rela- 
tionship? For example, in the Servi and Grant data” 
on aluminum, the authors’ equation could predict creep 
rates with reasonable accuracy at 600°F (a tempera- 
ture at which no tests were carried out but which lies 
within the experimental stress range), but it cannot 
predict the creep rates at stresses of 6,500 psi or more 
at any temperature at which no tests were performed. 

4—A point of very considerable interest is the ques- 
tion of the variation or constancy of the activation 
energy for creep with, for example, stress. The authors 
have stated that the value of this quantity can be de- 
termined from the equation 


Iné2/é1 


AH = R ——_—_____ 
1/T, — 1/T» 


where & and é& are two values of the minimum creep 
rate (equivalent to their term “secondary-creep rate’’) 
at temperatures T: and T», respectively, corresponding 
to a given stress. This procedure was carried out with 
the Servi-Grant aluminum data™ within a stress range 
of 100 to 3,500 psi. It was found that the activation 
energy was most definitely dependent on the stress. 
Without placing unduly great significance on the acti- 
vation energy for creep, Servi and Grant had also de- 
termined the value for AH for creep from their data 
by a method different from that of the authors, namely 
by plotting the creep rate vs the reciprocal of the ab- 
solute temperature for a constant stress,” and in that 
instance, had also shown the same variation of the acti- 
vation energy with the stress. Analysis of the data on 
annealed monel (Grant and Bucklin”) also showed a 
variation of the activation energy with stress. 

Since both methods, that of Servi and Grant and 
that in the present analysis, show a variation of the 
activation energy with stress, what is the basis of the 
authors’ statement that AH for creep is not a function 
of stress, or that it can be called a “universal constant?” 

5—In addition to this disagreement of the calculated 
AH values from the same data, there are a number of 
other measured and calculated values which are worth 
noting. Buffington and Cohen* found that the coefficient 
of self-diffusion for a-iron is remarkably influenced by 
strain-rate changes by a factor of about 15. Rhines,” in 
measuring the activation energy for grain-boundary 
displacement in the creep of high purity aluminum at 
low stresses, based on a large number of tests, obtained 
a value of about 10,000 cal per mol, a figure consid- 
erably different from the 36,000 cal per mol value which 
was claimed by the authors to be the activation energy 
for the overall creep process in aluminum. 

In view of these highly divergent activation-energy 
results, and the experimental evidence of variations in 
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AH for self-diffusion with stress, can the authors rec- 
oncile the data? Furthermore, would the authors state 
their criteria for the selection of an unique value of 
the activation energy for creep, a value which is being 
endowed with the privileges of a universal constant? 

6—For the functional relationship postulated by the 
authors to be true, it is necessary that the In (ee*”/"") 
values for every temperature lie on a single curve for 
each alloy. However, in most cases it was found that 
the In (ée4”/*") values for each temperature fall along 
obviously separate lines, though these lines le about 
a selected mean line. The selected value of the acti- 
vation energy determines the degree of fit of the vari- 
ous isothermals about the mean line. This is demon- 
strated in Figs. 19 to 22, which present the Servi- 
Grant aluminum data." Values of In (ée*”/"") have 
been determined for four values of AH.AH = 26,000 cal 
per mol, and 40,000 cal per mol represent the limits 
of the AH values obtained by Servi and Grant as well 
as by the authors’ method in the present analysis. 
AH = 33,000 represents the activation energy of self- 
diffusion for aluminum as given by the authors, and 
AH = 36,000 cal per mol is the value of the activation 
energy for creep obtained by them for aluminum. The 
authors limit the applicability of their equation to tem- 
peratures above 0.45 Tm, presumably a temperature 
above which active recovery occurs. As a test of the 
usefulness of the Tm value, we have included the 200°F 
(366°K) test values from the original aluminum data” 
to emphasize an important point. In Fig. 19 it is seen 
that if only the 200°, 400°, and the 500°F (366°, 477°, 
and 533°K) data are considered (these points would 
correspond to high stress values at these lower tem- 
peratures) along with the low AH value of 26,000 cal, 
the authors’ equation is applicable at temperatures 
below 0.45 Tm. The fit at high temperatures is not as 
good. At the highest measured values of AH (40,000 
cal), the high temperature isothermals show a much 
smaller deviation and even the low temperature points 
(including 200°F) fit well except for one or two points 
(see Fig. 22). Thus, high AH values show a good fit of 
the data at all temperatures, Figs. 20 and 21. (AH = 
33,000 and 36,000 cal per mol) still show the distinct 
separation of each of the isothermals but with better 
average fit in the temperature range above 0.45 Tm. 
It would appear, therefore, that the limiting tempera- 
ture depends on the particular value of AH which is 
used. Our data show that AH varies with stress; thus 
we are not surprised that a different selection of this 
limiting temperature permits a different value of AH. 
Thus, lower temperatures, which go hand in hand with 
higher stresses, show a better fit in Fig. 19 for lower 
values of AH. In view of this systematic relationship, 
the use of data over narrow temperature ranges of not 
more than 200°C (Figs. 7, 9, 12, 138, and 15) leaves 
much to be desired in selecting a AH value which would 
apply equally well over wider temperature ranges. It 
appears that the authors’ equation is not especially 
sensitive to the value of AH and can be corrected by 
adjustments with Tm fraction. 

Our concern is not so much with the utilization of 
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the equations proposed by the authors. Interpolation 
and even a limited amount of extrapolation may be 
possible through their use. Our concern is 1—with the 
statement that AH does not vary with stress, since our 
measurements show it does; and 2—with the statement 
that the AH value for creep is a universal constant and 
that it is equal to the self-diffusion coefficient. 


R. W. Guard (General Electric Co., Schenectady )— 
The authors have done an excellent job of correlating 
the available data on the creep of metals. Work is go- 
ing on in our laboratory to check these and similar cor- 
relations on a number of other materials. Our results 
can be interpreted with the same order of agreement 
as presented in the paper, but several points have 
arisen as follows, and we would be interested in the 
authors’ comments concerning them: 

1—Our tests are constant-stress tests conducted on 
wires. In most cases, we find difficulty in determining 
any “secondary creep rate.” When there is a minimum 
rate, it rarely occurs at anything like a constant strain 
for different tests. Might it not be better to use the 
creep rate at constant values of strain? 

2—We have found deviations on plots of e vs @ among 
tests made at different temperatures often to be greater 
than the experimental error in duplicate tests. This 
variation suggests that there are other factors involved 
and that the correlation is only approximate. 


Oleg D. Sherby, Raymond L. Orr, and John E. Dorn 
(authors’ reply)—The authors must agree with the 
various discussers of their paper relative to the numer- 
ous factors involved in high temperature creep and 
to the inherent complexity of the processes that take 
place. Not all of the data in the literature correlate in 
the manner suggested by the authors but much of it 
does reasonably well within appropriate limits of mate- 
rials and temperature. The authors believe that it is un- 
reasonable to expect any law of nature (vis., Newton’s 
laws of motion or the ideal gas laws) to be universally 
valid. Consequently, exceptions to newly proposed 
idealized creep laws are expected. And the question 
then arises as to whether any new law should be com- 
pletely and irrevocably discarded because some devia- 
tions from it have been noted or whether the alterna- 
tive position of more complete testing of the proposed 
law should be attempted in order to more fully evaluate 
its ranges of validity and the ranges where it deviates 
from the experimental facts. Whereas some discussers 
appear to prefer abandoning the law because of excep- 
tions, the authors of this paper believe more rapid 
progress might be made by more complete examination 
of the law. Of course, the conditions of such examina- 
tions should be limited to the realm wherein the law 
might be correct. For example, the ideal gas laws could 
neither be verified nor rejected when tested only in the 
realm of high pressures and low temperatures. The 
greater complexity of the creep process and the added 


_complications of strain-history dependency of creep, 


however, have thus far impeded attempts to clearly - 


ee the range of validity of the proposed idealized 
aws. 
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Table ¥. Computation of Values AH for Gold Based on 1243° 
and 1293°K Data (Data of Alexander, Dawson, and Kling) 


Stress, psi 
AH, cal per mol 


100 


200 150 50 
52,0000 52,000 57,000 56,000 


The major question proposed by Drs. Servi and 
Onitsch-Modl appears to be concerned with the pos- 
sible dependence of the activation energy for creep on 
the stress. For analysis they selected only the 1293° 
and the 1193°K data of Fig. 13 for gold which appear 
to indicate that the activation energy for creep de- 
creases with increasing stress. But, as shown in Table 
V, if they had made their comparison between the 
1293° and the 1243°K data, the calculated activation 
energy would have been found to be rather insensitive 
to the stress. Therefore, these data on gold are not 
definitive due to internal inconsistencies of unknown 
origin. And consequently, it appears justifiable to give 
greatest weight to the trends that appear to follow the 
observations made on sets of internally consistent data 
for the purpose of evaluating an activation energy. The 
excellent and more self-consistent data of Smith” (Fig. 
15) on lead, Carreker™ (Figs. 10 and 11) on platinum, 
Tapsell and Clenshaw” (Fig. 3) on iron, Sherby and 
Dorn®* (Fig. 2) on aluminum, and numerous other 
investigations” ” suggest that the activation energy for 
high temperature creep is insensitive to the stress. 

Additional verification of the insensitivity of AH to 
the stress is given by the data® supporting Eq. 5. If AH 
depended on the stress, B should have been found pro- 
portional to the reciprocal of the absolute temperature. 
The fact that B was insensitive to temperature reveals 
that AH is insensitive to the stress. 

The above-mentioned creep laws are not valid for 
24S-T alloys and would be expected to fail for any 
precipitation-hardened alloys or other thermally un- 
stable system. But as mentioned by Drs. Servi and 
Onitsch-Modl, and as demonstrated by the present 
authors, the laws occasionally appear to fail for such 
simple systems as 2S-O. This is perturbing but scarcely 
devastating because the exact limitations of the law 
are not fully established. Actually a few metals (e.g., 
iron) obey the law much below 0.45 Tm, whereas in 
others the law is invalid somewhat above 0.45 Tm. This 
suggests that the number 0.45 Tm has little significance 
and that the limitation might be ascribed to some fun- 
damental thermal property. Contrary to the sugges- 
tion of Drs. Servi and Onitsch-Modl, this property can- 
not be recrystallization because recrystallization in the 
common sense seldom occurs during creep of annealed 
metals. The singular example of recrystallization dur- 
ing creep is that found during creep of lead uncovered 
by Greenwood and Worner® and later confirmed by 
Andrade,* where it was shown that, over each re- 
crystallization period, the creep rate accelerated giving 
a stepped creep curve. Most creep curves are relatively 
smooth and X-ray and metallographic analyses have 
shown that recovery leading to subgrain formation, 
and not classical recrystallization, occurs during creep. 
Since recovery is so sensitive to impurities, it is quite 
possible that some metals like 2S-O only exhibit high 
temperature creep at very high temperatures. But at 
present, no method of predicting the range of condi- 
tions over which the law will be valid is known. Con- 
sequently, it is currently necessary to rely on experi- 
mental verification in each case. 

We thank Messrs. Chaudhuri, Chang, and Grant for 
their interesting discussion. The functional relationships 
presented in our paper, namely, « = f (0, o-) and o. = 
f (é.e4”/"7) were not intended to indicate the existence 
of a mechanical equation of state. As mentioned in the 
paper, Eq. 2 is applicable only for constant-stress or 
constant-load tests. The validity of the equation arises 
from the fact that the creep structure developed during 
constant-load (or stress) creep testing is dependent 
only on ¢ or 6, independent of the temperature history. 
This has been clearly proved in earlier investigations 
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on aluminum by means of tensile and X-ray investiga- 
tions.* The cyclic temperature results on nickel shown 
in Fig. 5 suggest the same conclusion. It has been 
shown,* however, that at different stresses different 
creep structures are developed and no individual struc- 
ture developed at one stress appears to be correlatable 
with any other structure developed at another stress. 
Therefore, a series of e-@ curves obtained under con- 
stant stresses or loads cannot be utilized for the pre- 
diction of the creep curve under alternating stress 
conditions. The same arguments are valid for Eq. 4. 

Points 2, 4, and 6 in Messrs. Chaudhuri, Chang, and 
Grant’s discussion are identical arguments referring to 
the question on whether AH for creep of high purity 
aluminum (data of Servi and Grant) is constant as a 
function of stress. The original analysis of the data for 
obtaining activation energies by Servi and Grant" were 
not carried out in the stress range 3500 to 100 psi, but 
in the stress range 5000 to 400 psi. If they had extended 
their analysis down to 100 psi and left out the low 
temperature (366°K) data, the activation energy would 
have varied much less with stress than suggested by 
the Servi and Grant analysis. Our interpretation of 
Chaudhuri, Chang, and Grant’s Figs. 19 through 22 is 
that the activation energy for creep of high purity 
aluminum is about a constant equal to 36000 cal per 
mol, within +10 pct, if the 366°K data are excluded. 
Incidentally, the highest stress test at 477°K should 
have been plotted at 5000 psi instead of 4200 psi; if this 
point is corrected, a sharper break is indicated between 
the 366°K data (low temperature creep), and the other 
temperature data (high temperature creep), see Fig. 
21. The same rather sharp break is clearly seen in 
Carreker’s” platinum data (Fig. 10) and was shown 
earlier for pure aluminum.’ 

We are in agreement with Chaudhuri, Chang, and 
Grant’s point 3 in that the function o. = f (é,e4”/"") is 
useful for predicting creep rates at stresses where data 
already are available but that extrapolation of the 
curve much beyond the actual o« — é,e*”/*" data might 
be dangerous. The arguments presented in point 5 are 
not clear to the authors. First, it is agreed that Buffing- 
ton and Cohen showed that the superposition of an 
applied stress increased the rate of self-diffusion in 
a-iron, but they did not show whether or not the acti- 
vation energy was changed, which is the issue in ques- 
tion. This is similar to the situation where the effect 
of cold work is to change the creep rate of a metal but 
not necessarily the activation energy of the creep 
process.” The second point is with regard to Rhines’ 
work. We are not familiar with the NACA conference 
on creep held in 1953. Rhines and Cochardt, however, 
in an excellent paper on the creep of aluminum bi- 
crystals,® studied grain-boundary shearing as a func- 
tion of temperature under a stress of 100 psi. These 
authors plotted the logarithm of the boundary dis- 
placement at a given time vs the reciprocal of the abso- 
lute temperature; the slope of the resulting straight 
line was assumed equal to the activation energy divided 
by the gas constant times 2.3. They obtained 9800 cal 
per mol for the activation energy. Their method of 


G 
= 
= 100 
5 80 
< 6 
X 873°K 
773°K 
ro) 5 673°K 
73°K 
= 
20 
a 
15 20 25x10 


10 
te (+ in hrs ,Tin°k ) 


Fig. 23—Grain-boundary displacement as a function of @ for high 
purity aluminum under a stress of 100 psi. Data of Rhines and 
Cochardt.” 
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analysis utilizes an entirely different principle from the 
e-0 correlation. Rhines and Cochardt’s data were an- 
alyzed in a recent paper” by means of Eq. 2, and Fig. 
23 illustrates such a correlation where the best average 
value for the activation energy was equal to 40,000 cal 
per mol. Furthermore, results in the same paper on 
the creep of aluminum at 250 psi indicate that AH for 
grain-boundary shearing was equal to 37,000 cal per 
mol. This approximate equality between AH for grain- 
boundary shearing and AH for slip is not unexpected, 
since it is believed that crystallographic slip” *” is prom- 
inently responsible for grain-boundary shearing. 

Mott®® has recently suggested that high temperature 
creep might occur by a dislocation-climb process for 
which the activation energy is that for volume self- 
diffusion. Inasmuch as the barriers to dislocations are 
probably other dislocations as well as precipitates, etc., 
the Mott process is not greatly dissimilar from a re- 
covery process. In fact, Kuhlmann® and also Mott* 
have treated recovery as a dislocation-climb process. 
Thus, the suspected correlation between the activation 
energy for creep and that for volume self-diffusion can 
be rationalized. Of course, much of the reported ac- 
tivation energies for self-diffusion are suspect in view 
of abnormal scatter in the reported values. And in 
some cases, grain-size effects have been noted, but in 
other cases they appear to be absent. In fact, the 
activation energies for high temperature creep appear 
to be more reliable than those for self-diffusion because 
the realm of reliability of the creep law can be estab- 
lished experimentally, whereas some sources of scatter 
of AH for self-diffusion are unknown and the reliability 
of AH for self-diffusion cannot yet be established ex- 
perimentally. 

We are pleased to see that Mr. Guard has been able 
to correlate creep data on other materials by means of 
the equations presented in the paper. Our correlations 
and experiments have indicated to us that the secondary 
creep rate is obtained at the same strain, independent 
of temperature, for a given stress. However, the strain 


at the initiation of secondary creep is definitely a func- 
tion of the stress. As a rule, the higher the stress used, 
the higher the creep-strain value for initiation of the 
constant rate of creep. In the case of constant-stress 
creep tests where frequently the second stage is very 
small or absent, it would be better to use the creep 
rate at constant values of strain for correlation at- 
tempts with the Zener-Hollomon parameter, Eq. 4. 
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Aging Characteristics of Nickel-Chromium Alloys Hardened 


with Titanium and Aluminum 


by Rolf Nordheim and Nicholas J. Grant 


DISCUSSION, D. N. Frey and G. V. Smith, Chairmen 


F. N. Darmara and E. S. Machlin (Utica Drop Forge 
& Tool Corp., Utica, N. Y., Columbia University, New 
York)—Drs. Nordheim and Grant have undertaken a 
study of an important mode of providing high temper- 
ature strength and are to be congratulated for the fine 
job they have done. The discussers are convinced, as a 
result of research and experience in vacuum melting 
and fabricating such alloys on a production basis, that 
the key to stronger and better super alloys for high 
temperature application lies in the intelligent use of 
precipitation hardening systems. Already, a Waspalloy 
composition, which makes use of the same precipitation 
hardening system, has, through the means of vacuum 
melting in our production furnaces, far exceeded the 
strength of available forgeable or cast alloys at 1500°F. 
We have also developed, again through the ability to 
control melting variables provided through the lack of 
oxygen and nitrogen in the vacuum-melting technique, 
a precipitation hardening alloy that extends such 
strength to higher temperatures. Consequently, the 
importance of studies such as that undertaken by the 
authors is not to be overlooked. 
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With respect to the apparent discrepancy in the solu- 
bilities of titanium and aluminum in the 80 pct Ni-20 
pet Cr solution between the authors’ results and those 
of Taylor and Floyd, the discussers wonder whether 
there might be a larger uncertainty in the amount of 
titanium and aluminum in the alloy. We note that 
there is a relatively large variation from the 4:1 ratio 
sought for titanium and aluminum. Could this be due 
to lack of recovery of these elements or to uncertainty 
in the chemical composition? As part of the answer to 
this question, we would appreciate a statement as to 
the method of chemical analysis for these elements, i.e. 
wet (if so, how) or spectrographic. 

We are in agreement in general with the conclusion 
that y’ is the prevailing precipitate over most of the 
quaternary field (at least for the aging times used). 
This same precipitate appears in Waspalloy as shown 
in the electron micrograph, Fig. 16. As shown in the 
figure, for production aging cycles, the distribution and 
size of the cubic y’ is extremely fine even after a stress- 


_ rupture cycle at 1500°F. There is no doubt that this 


optically “invisible” precipitate is basically responsible 
for the high temperature strength of Waspalloy. How- 
ever, it is by no means the only factor that affects the 
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Fig. 16—7’ precipitate and grain boundary in Waspalloy. Replica 
torn at grain boundary. Shadowed with palladium at 30°. X43,500. 
Area reduced approximately 60 pct for reproduction. 


rupture life of these alloys. Indeed, the potential that 
can be reached with this means is generally not ap- 
proached with such alloys melted in air. It appears 
from our results that the grain-boundary regions are 
much weaker in air-melted Ni-Cr alloys containing 
titanium and aluminum than in vacuum-melted alloys 
of the same composition. Of course, one unknown 
parameter in air-melted alloys is the amount of tita- 
nium in solution (uncombined with oxygen or nitro- 
gen). Another factor is melting practice. Melting under 
vacuum is no cure at all if performed without foresight 
and knowledge of the factors involved. Unintelligent 
melting practice can lead to botched alloys even with- 
out a change in the apparent chemistry or microstruc- 
ture. Other factors such as trace elements which re- 
duce grain-boundary strength can be called upon. 
Whenever intercrystalline failure occurs, we believe 
that one effect of alloying elements may be indirect, as, 
for example, through the redistribution of elements 
that decrease the resistance of the grain boundaries to 
stress-relaxation and migration. The authors’ observa- 
tion that titanium decreases the rate of growth of y’ is 
most significant. Have the authors any information as 
to the effect of titanium on the relative rate of grain- 


boundary depletion, or some approximate quantitative 
data on the effect of titanium at a given aluminum 
level on the rate of growth of 7’? 

Again, the authors are to be congratulated for a sig- 
nificant contribution to the literature on high tempera- 
ture alloys. 


Rolf Nordheim and Nicholas J. Grant (authors’ re- 
ply)—We thank Messrs. Darmara and Machlin for 
their comments and contributions to this subject. An- 
swers to some of their questions are as follows: 

1—Chemical analysis was by wet means, a method 
whereby the sample is dissolved and chromium is re- 
moved by distillation as chromyl chloride. Nickel is 
removed by a mercury cathode. Aluminum and tita- 
nium are precipitated together, ignited, and weighed. 
Titanium determined colorimetrically or gravimetri- 
cally by cupferron, and aluminum is taken by difference. 

We agree that important errors can be made in inter- 
pretation of data if the titanium and aluminum in solu- 
tion are not correctly measured. Titanium used up by 
carbon, oxygen, nitrogen, and other elements is lost 
from the important function of precipitation. We are 
sorry that there is not a safer or more sure analytical 
method known for the analysis of these two elements. 
Deviations from desired analysis did result from unex- 
pected losses of both titanium and aluminum. 

2—Vacuum melting, as such, literally guarantees a 
higher more reproducible alloy recovery on melting 
than can ever be hoped for by air melting. The ab- 
sence or decrease of carbides, nitrides, and oxides is 
also a welcome gain and should be important in forg- 
ing practice as well as in creep-rupture performance. 

3—The influence of trace elements on the creep- 
rupture properties and on hot forgeability is a very 
important subject which has not yet been properly in- 
vestigated. It is to be expected that some trace ele- 
ments capable of being harmful can survive even 
vacuum melting. The role of these trace elements 
should be thoroughly examined. 

4—We do not yet have any measure of the effect of 
titanium on the relative rate of grain-boundary deple- 
tion but have work underway to measure it. 

The same answer holds for the effect of titanium at a 
given aluminum content on the rate of growth of the 
y’. Unfortunately, it may be difficult to make these 
measurements because of the fineness of the precipi- 
tate, as noted in the election micrograph submitted by 
Dr. Machlin. Our electron micrographs show similar 
structures, but unfortunately we feel that the size of 
the 7’ precipitate is smaller than that shown in the fig- 
ure, the size shown being a function of the etching 
technique which causes a pitting attack. 


Solidification of Aluminum-Rich Aluminum-Copper Alloys 


by Arthur B. Michael and Michael B. Bever 


DISCUSSION, J. H. Frye and B. Lement, Chairmen 


R. Hultgren (University of California, Berkeley, 
Calif.)—The authors are to be congratulated on a 
really basic study of casting of alloys. Such studies 
obviously should have important practical applica- 
tions in the foundry and in the casting of ingots. 

The statement is made, “The liquid alloy was stirred 
immediately before pouring . . . Without this precau- 
tion, segregation occurred . . .” Does this imply that the 
liquid will segregate itself on quiet standing, presum- 
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ably by the heavier copper atoms concentrating toward 
the bottom? If so, what is the magnitude of the effect? 
Or does the sentence merely refer to a stirring opera- 
tion which could be carried through at any time after 
melting? 

F. N. Rhines (Carnegie Institute of Technology, 
Pittsburgh)—The authors’ interpretation of the finding 
of a variation in the degree of microsegregation from 
dendrite arm to dendrite arm is subject to an alterna- 
tive explanation. In passing a plane of observation 
through a dendrite, it is improbable that the plane 
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will cut the center lines of a succession of dendrite 
arms because 1—polished surfaces are only approxi- 
mately plane, 2—dendrites are imperfect in their 
spacing and the direction of their arms, and 3—it is 
rather improbable that a random plane would le 
exactly parallel to the main axis of any of the dendrites 
cut by it. Thus it is to be expected that the plane of 
measurement will cut successive dendrite arms off- 
center by varying amounts. This would give the im- 
pression of varying degrees of microsegregation from 
arm to arm and varying concentration gradients as 
well. Strong evidence in favor of this hypothesis may 
be derived from the “C-values” given in Table IV. 
There it will be observed that Cmax and Cmin. always 
bracket completely the values of C’max and C’min. This 
would occur if successive dendrite arms were identical, 
composition-wise, but were cut at varying distances 
from their central axes, the ‘“C max and min.” corre- 
sponding to the most nearly diametral traverse and the 
“C’ max and min.” corresponding to a traverse along a 
cord. 

It is interesting to note also in Table IV that the 
Cymax Values not only vary with the copper content but 
that they never attain the maximum solid solubility 
value of 5.65 pet Cu. If an instantaneous equilibrium 
exists between the eutectic liquid and the surface of 
the solid phase, the latter should, of course, be sat- 
urated with copper no matter what the gross composi- 
tion of the alloy. Does this mean that the assumption 
of instantaneous equilibrium is not valid, or is the 
diffusion velocity in the solid, subsequent to freezing, 
adequate to reduce the maximum copper concentration 
from 5.65 to the values shown in Table IV? 

At the opposite end of the scale, the authors suggest 
that the reason for the absence of expected low values 
of copper content is to be associated with the diffusion 
effect and with the smallness of the volume of the 
material of minimum copper content. It may be added 
that undercooling would tend also to increase the 
value of the minimum copper content. 

Finally, it may be worthy of note that the present, 
as well as older, findings provide a clear demonstration 
that diffusion in the liquid state is far from being 
“effectively infinitely fast.” Were such the case, normal 
segregation would achieve a maximum of 35 pct Cu, 
instead of the 8 pct found. 

W. G. Pfann (Bell Telephone Laboratories Inc., 
Murray Hill, N. J.)\—I wish to compliment the authors 
for their very interesting paper and to make the fol- 
lowing minor comments: 

It is stated that Eq. 2 is true if the liquidus and 
solidus are straight lines. However, I should like to 
point out that this is unnecessarily restricted. It is 
only necessary that the distribution coefficient, k, de- 
fined as the ratio of the solute concentration in the 
freezing solid to that in the liquid, be constant. Both 
liquidus and solidus might be curved and yet meet 
this requirement. 

Assumption 2 concerning conditions of freezing, 
namely, that diffusion in the liquid is complete, has 
today, judging from the remarks of Dr. Rhines and in 
the past in my own work, for example, been a bit 
misleading. It implies that solidification occurs under 
a condition in which diffusion is the only transport 
process in the liquid. However, convection or mechani- 
cal or inductive stirring may be present, leading to 
more rapid mixing than could be achieved by diffu- 
sion. Hence, solidification may occur at a rate greater 
than that which would permit diffusion in the liquid 
to remove essentially all excess solute from the ad- 
vancing solid, without seriously invalidating the as- 
sumption of complete mixing in the liquid. 

Simon A. Prussin (Austenal Laboratories, New 
York)—The application of the autoradiographic tech- 
nique to the study of nonequilibrium freezing cer- 
tainly will aid in increasing our knowledge of this sub- 
ject. In addition to providing an accurate method for 
determining the variation in solute concentration on a 
microscale, as shown by the authors, this technique 
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appears to yield an equally accurate determination of 
the gross concentration distribution. 

The writer would like to point out that the gross 
concentration distribution also can be calculated on 
the basis of the same three assumptions used for de- 
riving the authors’ Eq. 1. Comparing the experimen- 
tally measured concentration distribution with this 
calculated distribution will indicate how close actual 
nonequilibrium freezing conditions are approximated 
by the three assumptions. 

The expression for the calculated concentration dis- 
tribution is a byproduct of any of the analyses of non- 
equilibrium freezing based on the three assumptions. 
The writer is choosing the analysis of Hayes and Chip- 
man,’ as it entails the minimum number of substitu- 
tions. Hayes and Chipman’s Eq. 7, using the symbols 
of the present authors, is 


dxs dmg 


where k = xs/x,. Substituting ms = m — Mz, dms = 
— dm,, dividing through by mo, and rearranging, we 
obtain 


Mo — Ms 


d(m1z/mMo) 
dxs xs (1— k) 


If k is a constant, an expression for mz/m» is given by 
the present authors’ Eq. 2. 

When the liquid metal cools through an infinitesimal 
temperature interval, it deposits solid of composition 
xs. The fraction of original melt frozen in producing 
this solid is —d(mz/mo) /dxs. 

Since one of the three assumptions in the analysis is 
the complete suppression of solid diffusion, we would 
expect the quantity of solid of composition xs existing 
after complete solidification to be equal to the quantity 
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originally deposited. Plotting values of —d(mz/mo) /das 
vs Xs will give the concentration distribution calcu- 
lated on the basis of the three assumptions. 

Fig. 10 is a calculated concentration distribution for 
the same composition as the authors’ sample p. Since 
the measured amount of eutectic for this sample equals, 
within the experimental error, the amount calculated 
for maximum segregation, it is reasonable to assume 
that the freezing conditions were closely approximated 
by the three assumptions. Fig. 10 therefore could be 
expected to closely represent the measured concentra- 
tion distribution of sample p. 

A measured concentration distribution can be ob- 
tained from a series of random microphotometer 
traces of the autoradiograph of a particular sample. 
Using the authors’ Fig. 8 as an example, we note that 
the vertical distance from the base line is correlated 
with the copper concentration in the solid solution. 
Thus every horizontal line corresponds to a given cop- 
per concentration. The relative number of intersec- 
tions by a particular horizontal line with the trace 
should be proportional to the quantity of that concen- 
tration in the solid solution. The writer’s Fig. 11 con- 
tains a plot of intersections vs the ordinate units taken 
from the authors’ Fig. 8. ; 


Arthur B. Michael and Michael B. Bever (authors’ 
reply)—The authors wish to express their appreciation 
of the interest shown by the discussers. In reply to 
Professor Hultgren’s question, the melt had to be 
stirred immediately before pouring into the mold or 
solidification in the crucible in order to assure uniform 
composition. The magnitude of the segregation which 
the stirring operation prevented is illustrated by the 
example of a 4.5 pct Cu alloy solidified in the crucible 
without prior stirring: the top layer of the ingot an- 
alyzed 2 pet and the bottom layer 8 pct Cu. The 
authors agree with Professor Hultgren’s suggestion 
that this effect is due to gravity segregation. 

Professor Rhines gives three reasons why a plane 
need not necessarily cut the center lines of successive 
dendrite arms. 1—Polished surfaces are only approxi- 
mately plane, but because of the thickness of the den- 
drite arms (100 microns or more) the variation in 
depth across a series of dendrite arms due to a “wavy” 
polished surface would probably be small compared 
to the width of the arms. 2—The variation in the di- 
rection of the arms in a dendrite is the most obvious 
cause of difficulty in this work. 3—Only prominent 
dendrite systems with maximum arm spacings were 
chosen for measuring microsegregation and these 
dendrite arms were likely to be most nearly parallel 


to the plane of polish. However, as stated in the paper, 
the observations are speculative, since the orientation 
of the dendrite system in relation to the plane of polish 
is an important factor. 

Diffusion subsequent to freezing probably tended to 
reduce all copper concentrations shown in Table IV, 
since samples w, v, u, and s solidified at a slow rate. 
The last primary solid solution to form should contain 
5.65 pet Cu, but its amount would probably be too 
small for detection. Moreover, the densitometric eval- 
uation of the autoradiographs was made only on areas 
which did not include @ particles (or eutectic); in these 
areas saturated primary solid solutions are not to be 
expected. The assumption of instantaneous equilib- 
rium between liquid and solid, therefore, is not invali- 
dated by the data in Table IV. 

The authors agree with Professor Rhines that the 
observed undercooling tended to increase the value of 
the minimum copper content of the primary solid solu- 
tion. The degree of undercooling measured, however, 
was too small to account for the difference between the 
theoretical and measured minimum copper content. 

The liquidus and solidus in the Al-Cu system are 
nearly straight lines, but Mr. Pfann is correct in 
pointing out that Eq. 2 only requires a constant distri- 
bution coefficient k; this condition can be met by spe- 
cial combinations of curved liquidus and solidus lines. 
Regarding the assumption of “complete diffusion” in 
the liquid, the authors agree with Mr. Pfann that only 
complete “mixing” must be assumed; possible transport 
processes, in addition to diffusion, are natural convec- 
tion and mechanical or inductive stirring. The role of 
natural and forced convection in the solidification of 
alloys has recently been analyzed and reference is 
made to this paper for a quantitative treatment of the 
problem.” 

In reply to Mr. Prussin’s comments, we would like 
to point out that all reported measurements of excess 
phase and microsegregation were made in the central 
area of a section through each sample, where the aver- 
age chemical composition and rate of solidification 
(solidification index) were also determined. Measure- 
ments of the degree of macrosegregation in each small 
ingot were not made and a comparison with Mr. 
Prussin’s analysis, therefore, is not possible. The 
evaluation of a sufficient number of densitometer 
traces taken over a large distance would give a meas- 
ure of the degree of macrosegregation and might serve 
as a check on the autoradiographic method. 


22 Carl Wagner: Theoretical Analysis of Diffusion of Solutes Dur- 
ing the Solidification of Alloys. Trans. AIME (1954) 200, p. 154; 
JouRNAL oF Metats (February 1954). 


Constitution and Properties of Ag-Cu-Zn Brazing Alloys 


by Karl M. Weigert 


DISCUSSION, L. A. Carapella and W. D. Robertson, 
Chairmen 


J. L. Christie (Handy & Harman, Bridgeport, Conn.) 
—The data presented, in general, are a refinement of 
the results of others. 

It is interesting to see where alloys adopted years 
ago without the benefit of profound metallurgical 
knowledge fit into the vertical sections of the constitu- 
tional diagram. 

The compositions of brazing alloys must be such that 
the alloys will join together what the user wants them 
to join; they must be such that they can be made effi- 
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ciently into the forms, sizes, and shapes the user wants 
them in; and, silver being so much more costly than 
the other component metals, the silver content must be 
as low as possible. 

In the author’s presentation, he answered a logical 
question: he stated that there was no important diffu- 
sion of his brass blocks into the brazing-alloys samples. 

Some confusion may result from the means for iden- 
tifying the commercial alloys referred to. The alloys 
are referred to as ASTM No. 1, ASTM No. 2, ASTM No. 
11, etc.; and ref. 3 is to ASTM Spec. B260-52T (1952) 
and B73-29 (1929). Actually the alloy numbers and 
compositions referred to are those in the article on 
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brazing in Metals Handbook.’ From 1 to 8, the alloys 
are the same in both Spec. B73-29 and Metals Hand- 
book; but there are only 8 alloys listed in B73-29. In 
B260-52T quite a different system of numbering is used. 

The author refers to a narrow melting range for the 
alloys he designates as grades 1, 2, 4, 5, 11, and 12. The 
spread between liquidus and solidus of some of these 
alloys is upwards of 150°F, hardly a narrow range com- 
pared with a spread of 15° to 30°F available in other 
brazing alloys. 

Karl M. Weigert (author’s reply)—Mr. Christie’s 
practical considerations for useful brazing alloys, e.g., 
joint strength and workability, have been discussed in 
another article.’ The diagrams were intended to aid 
the understanding of the physical properties rather 
than recommend any particular alloys for brazing pur- 
poses. We are looking forward to discussing these 
questions in the AWS Subcommittee VIII for Brazing 
Filler Materials. 

The interest demonstrated in the question of the 
amount and nature of a diffusion between the brass 
block and the solder samples lead to further studies of 
the mechanism of crystallization, segregation, and ero- 
sion in the boundary lines. The colored photographs 
have been favorably accepted as an aid to the identi- 
fication of phases and their transformations. 

Mr. Christie untangled the confusion in the nomen- 
clature of ASTM alloys correctly, and recognized them 
as the grades listed.in the Metals Handbook.’ The old 
ASTM Spec. B73-29 was abandoned last year with the 


Table Il. Melting Ranges of Alloys Near the Peritectic Point P 


Melting Range °F Approximate 


Pct Ag at Peritectic Point P 
10 40 
20 40 
30 60 
40 35 
50 15 
60 15 


understanding that some of its alloys might eventually 
be incorporated into the new ASTM Spec. B260-52 
Tentative. 

Alloys near the peritectic point P have narrow melt- 
ing ranges, Table II. 

It can be seen from the diagram that these alloys 
consist of rather brittle @ phases and are not likely to 
be recommended for the use of as brazing alloys. The 
ASTM grades have been chosen as a practical compro- 
mise solution. Some of the considerations involved 
were: sacrificing the lowest liquidus temperatures and 
narrow melting ranges for maintaining primary cop- 
per crystallization with its high strength and ductility, 
a minimum silver content, and last, but not least, good 
workability for economical manufacturing. 


7 Metals Handbook (1948) p. 80. Cleveland. ASM. 
8 Welding Engineer (March 1954) p. 33. 


Investigation of the Heat Treatment of Commercial 


Titanium-Base Alloy 


by L. Luini and E. Lee 


DISCUSSION, O. T. Marzke and W. Finlay, Chairmen 


William W. Wentz (Rem-Cru Titanium Inc., Mid- 
land, Pa.)—The authors are to be congratulated for 
their fine contribution to the field of titanium-alloy 
heat treatment. As shown in the comparison given in 
Table VII, Rem-Cru’s experiences with RC-130B (now 
known as C-130AM) are in general agreement with 
those presented by the authors. 

Our results indicate, however, that slightly better 
strength-ductility combinations than those shown by 
the authors may be obtained by employing 1-lower 
a-betatizing temperatures and 2-longer aging times, a 
combination which has been publicized by Frost and 
his coworkers during the past year. 

Just recently, a group of specimens from ten produc- 


Table VII. Comparison of Titanium Alloys, Authors and Rem-Cru 


Authors Rem-Cru 


Elonga- 
Ultimate, tion, 
1000 Psi 2 In. 


Elonga- 
Ultimate, tion, 
1900 Psi 1 In. 


Heat Treatment 


1550°F, 2 hr, air-cooled 158.0 
1550°F, 2 hr, water- 
quenched and 4 hr 


16.0 pct 157.0 17.0 pet 


at 700°F 

1650°F, 2 hr, water- 
quenched and 6 hr 
at 700°F 


Brittle Brittle 


Brittle Brittle 
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Table VIII. Results Obtained from Heat Treatments on C-130AM 


y 0.2 Pct Elonga- Reduction 

Ultimate, Yield gation, in Area, 
Psi Strength, Psi Pet Pet 
Average 173,000 159,000 14.5 28.0 
o 5,700 8,000 rei 4.8 


tion ingots of C-130AM were chosen at random and 
heat treated as follows: 2 hr at 1450°F, water-quenched 
and 8 hr at 900°F, water-quenched. The net result of 
this heat treatment was an average (for ten heats) in- 
crease in tensile ultimate of 13,000 psi with a sacrifice 
of 2 pct elongation (as compared with the annealed 
condition). The tensile results obtained on the heat- 
treated material are given in Table VIII. 

The uniformity is seen to be quite good: 80 pct of the 
ultimates fall within +5,700 psi and 80 pet of the 
elongations within +1.1 pct. 

L. Luini and E. Lee (authors’ reply)—The authors 
wish to thank Mr. Wentz for his corroborating com- 
ments on the heat treatment of RC-130B alloy. 

We recognize and quite agree with Mr. Wentz that 
the better strength-ductility combinations are obtained 


at the lower a-betatizing temperatures. The structural 


basis for our heat treatment is the 6 continuous phase. 
As indicated in our discussion of the solution tempera- 
ture, 1550°F is the lower temperature limit for a B 
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matrix. It must be recognized, however, that this tem- 
perature is by no means a fixed value and depends on 
the distribution of the a and £ phases resulting from 
the fabrication procedure. Solution temperatures be- 
low 1550°F generally produce an a continuous phase 


structure which would be expected to provide better 
ductility. Recent tests in our laboratory and Mr. 
Wentz’s results indicate that the a continuous phase 
structure will exhibit better ductility for a particular 
tensile strength than a B continuous phase structure. 


Hydrogen Embrittlement of Steels 


by Jack T. Brown and William M. Baldwin, Jr. 


DISCUSSION, W. J. Harvis, Jr. and L. D. Jaffe, 
Chairmen 


F. de Kazinezy (Swedish Institute for Metal Re- 
search, Stockholm, Sweden)—Comparatively few quan- 
titative studies have been carried out earlier on the 
effect of deformation rate on hydrogen embrittlement; 
the contribution of the authors to this problem there- 
fore is very valuable. Their results on this point give 
valuable support to the current theories. 

The authors have also shown that the fracture strain 
of hydrogen-charged steel may increase with increas- 
ing temperature in a certain temperature range. To 
this usually no sufficient attention has been given, and, 
as the authors point out, no direct attempt was made 
to explain this effect theoretically. 

It is generally accepted that embrittlement is in 
some way caused by molecular hydrogen of high pres- 
sure, which is included in “voids” or “cracks” of the 
steel. It is obvious that the higher the pressure of the 
included gas, the more embrittlement will be caused. 
The hydrogen pressure is under equilibrium conditions 
determined by the activity of hydrogen dissolved in 
the lattice. This was calculated on thermodynamic 
basis by Phragmén”™ as a function of temperature and 
amount of hydrogen dissolved. An attempt to estimate 
the equilibrium pressure at different temperatures as a 
function of.the total hydrogen content of a sample has 
also been carried out.* 

At the rather high hydrogen contents to which the 
samples in this investigation probably were charged, 
the equilibrium hydrogen pressure is decreasing with 
temperature. Thus, assuming constant hydrogen con- 
tent, the fracture strain will increase with temperature 
in a range in which the decrease in equilibrium pres- 
sure with temperature exerts a larger influence than 
the increase of hydrogen diffusivity with temperature. 

It is important to note that the minimums of the 
authors’ curves in Fig. 6 probably should disappear if 
the experiments could have been carried out, not at 
constant hydrogen content, but at constant hydrogen 
activity. Correspondingly, hydrogen embrittlement 
could be characterised by a surface of type a only in 


the three-dimensional system described by the authors, 
or rather by a series of a surfaces, each representing 
a certain hydrogen activity. Whereas the c and d 
surfaces have no true physical meaning, the b surface, 
which represents losses of hydrogen from the test bar 
by diffusion, does not represent a fundamental material 
property, and is different for test bars of different 
shapes. 

By these considerations, the authors’ experimental 
results can be brought into full accord with current 
theories of hydrogen embrittlement. 

Jack T. Brown and William M. Baldwin, Jr. (authors’ 
reply) —We interpret Mr. de Kazinczy’s suggested ex- 
planation of our data as follows: The Zapffe-Sims- 
Petch type of rationalization for hydrogen is valid and 
explains the “a” surface. Solubility of the hydrogen 
increases with increasing temperature to a point where 
it dissolves the hydrogen charge in the steel, leaving 
none in the voids to cause brittleness. We agree that 
this hypothesis is in accord with the “d” surface. We 
had considered this possibility ourselves (it being com- 
monly associated with the upper arm of a e-type re- 
action-rate curve such as we found in Fig. 9), to the 
extent that we set up a series of critical experiments 
to test its validity. These are virtually finished and 
will be published this fall. They consist in determin- 
ing c-curves of the type shown in Fig. 9 of the paper 
for a mild steel charged for various times. As Mr. 
de Kazinczy knows, while ductility drops with charg- 
ing time to a saturation value as shown in Fig. 4 of 
our paper, the hydrogen content of the steel continues 
to rise with charging time even after saturation brit- 
tleness has been reached. The criticality of our experi- 
ments shall rest in the behavior of the upper arm of 
the c-curves. If hydrogen dissolves in the steel as 
temperature is raised to such an extent, it can no 
longer do damage in the voids; then the upper arm of 
the c-curves should move up with temperature as 
charging time is increased, irrespective of whether or 
not the steel is a state of “saturation brittleness.” 


13G, Phragmen: Jernkentorets Annaler (1944) 128, pp. 537-552. 
14 F. de Kazincezy: Journal Iron & Steel Institute (May 1954) 


A Study of the Effect of Carbon Content on the Structure 
and Properties of Sintered WC-Co Alloys 


by Joseph Gurland 


DISCUSSION, F. N. Rhines and A. J. Shaler, Chairmen 


John W. Graham and John C. Redmond (Kennametal 
Inc., Latrobe, Pa.)—In studying two interrelated phe- 
nomena which occur in the equilibrium system, WC- 
Co, Dr. Gurland and his associates have carried out a 
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most painstaking study of a fundamental nature in an 
attempt to further locate the specific reaction points in 
this ternary system. 

This work points out again the exactness required in 
the preparation of production quantities of cemented 


NOVEMBER 1954, JOURNAL OF METALS—1327 


1500 i 
1400 - 
WC+L+ 
2 
fl 
1300 
| 
WC+E+C WC+B+Q 
1200 


Fig. 20—Carbon content of WC. Solid lines are Dr. Gurland’s 
vertical section at 16 pct Co in W-C-Co; dashed lines, possible 
shift at 4 pct Co. 


tungsten carbides where slight changes in constituent 
content brought about by incomplete reactions, oxida- 
tion, etc., can produce inferior carbides. 

The complexity of the problem can only be realized 
by a study of the works of those authorities listed by 
the author. Rautala and Norton’ have made the latest 
and most comprehensive study of the three-component 
system. 

Dr. Gurland has studied a narrow but important 
area within this system, using 16 pct Co with tungsten 
earbide. Commercial grades contain as little as 3 pct 
Co. A complete evaluation of this wide area would be 
a tremendous task but without doubt, very construc- 
tive. Every carbide manufacturer has probably pro- 
duced this brittle » phase which they first observed 
when specimens had an unnaturally high hardness 
with low transverse-rupture strength. This phase has 
been observed at Kennametal in compositions that 
were well within the combined carbon tolerance of 
97.5 pet of theoretical (C = 97.5x6.12 pct = 5.96 pct) 
as described by Sanford and Trent.‘ This is, as Dr. 
Gurland pointed out, somewhat below the limit where 
the y» phase is produced, viz., 6.06 pct, when optimum 
equilibrium conditions are maintained. It is believed 
from some work in the Kennametal laboratory that 
the yn phase can be obtained when the carbon content 


Fig. 2la—4 pct Co, 6.05 
pct C in WC. As-sintered, 
1 rosette. X200. Area re- 
duced approximately 35 
pet for reproduction. 


Fig. 21e—4 pct Co. As- 
sintered, 1 phase areas. 
X1500. Area reduced ap- 
proximately 35 pct for re- 
production. 
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is as high as 6.09 pet or within 99.5 pct of theoretical 
especially when the cobalt content is low. 

A composition containing about 4 pct Co content 
made with tungsten carbide having 6.05 pct C content 
produced the » phase after being held at 1343°C which 
is 14°C. below the n decomposition invariant tempera- 
ture, for % hr in vacuum. These examples would in- 
dicate that the n invariant plane could extend closer to 
the theoretical carbon content as the cobalt content 
decreases such as is shown on the reproduction of Dr. 
Gurland’s vertical section, Fig. 20. These examples 
should not be construed as a formal evaluation but 
rather should indicate that much more work is neces- 
sary before we completely understand exact phase re- 
lationship through the commercial cobalt-tungsten car- 
bide composition ranges. 

It is known that tungsten carbides can be signifi- 
cantly decarburized by hydrogen even at 1800°F, so it 
is suggested that carbon analysis of the sintered com- 
pacts might locate more exact phase relationship 
especially when hydrogen atmospheres are used for 
sintering. 

The author should also be complimented on the 
tedious task that was attacked to show the influence of 
carburization and decarburization on grain growth. 
His statement that large grains are formed upon re- 
carburization of the W:Co:C is borne out by experi- 
ences that marginal tungsten carbide compositions 
having slightly deficient carbon content (4% to 1 pct 
low) invariably have numerous large grains. This can 
reasonably occur when cooling rates allow sufficient 
time for the » phase to decompose and reform the 
phases WC and the B phase (cobalt with WC in solid 
solution) even without recarburization. (Fig. 21.) 

This paper represents a _ significant contribution 
toward solving some practical and fundamental ques- 
tions about cemented tungsten carbides. The answers 
have created new questions that can only be worked 
out by further studies of this kind. 

E. Lardner (Hard Metal Tools Ltd., Coventry, Eng- 
land)—All who are interested in the manufacture of 
cemented carbides will have read this paper by Dr. 
Gurland with great interest. Much of the information 
which it contains has been appreciated, in a rather 
vague manner for many years, by those in the carbide 
industry, but the quantitative and detailed way in 
which the results have now been presented make them 
of the greatest value. In particular, the work empha- 
sizes the need for the extremely close control of car- 
bon content which is absolutely vital in the production 
of consistently high quality hard metals. 

However, there are some points connected with grain 
growth in sintered WC-Co alloys that deserve a more 
detailed consideration because carbon content appears 


Fig. 21b—4 pct C, 6.05 
pct C in WC. Reheated 
1343°C for % hr. WC-Co 
not completely recovered 
from WsCosC phase. 
X200. Area reduced ap- 
proximately 35 pct for re- 
production. 


Fig. 21d—4 pct Co. Re- 
heated at 1343°C for 4 
hr. We-Co recovered from 
1 phase. Note the large 
grain formation. X1500. 
Area reduced approxi-_ 


mately 35 pct for repro-— 
duction. 
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to be only a minor influence where grain growth is 
concerned. 

Sintered carbides may show both continuous grain 
growth, in which there is a more or less uniform in- 
crease in the size of all the tungsten carbide grains, or 
discontinuous grain growth, in which only a few grains 
grow to a very large size while the remainder show 
little or no increase in size. 

The former type of grain growth is of little trouble 
to the carbide manufacturer, since its magnitude is 
generally small and the factors by which it is influ- 
enced are readily controlled. Some of these factors, of 
which temperature is undoubtedly the most important, 
are temperature, time, carbon and cobalt contents, and 
initial grain size. The effect of all these factors are 
shown quantitatively in Dr. Gurland’s paper. How- 
ever, it would appear that these results must not be 
regarded as being quantitatively correct for carbides 
from any other source and containing different trace 
impurities, although they would be expected to show 
the same trends. Thus, with our normal production 
material one would find a similar grain size-tempera- 
ture relationship to that given in Fig. 9, but the effect 
of variation in cobalt content would be less marked. 
Close agreement with the results of Fig. 10 showing 
the influence of initial grain size would be expected, 
and there would be fairly good agreement with Fig. 13 
although the effect of carbon content would be less. 

Discontinuous grain growth, however, can be very 
troublesome and with some powders excessively large 
grains of the order of 25 to 50 microns may be pro- 
duced at, or even below, normal sintering tempera- 
tures. Dr. Gurland describes at length a mechanism 
whereby this type of grain growth might be produced 
by the recarburization of n phase grains during sinter- 
ing, but he only mentions that other factors, such as 
impurities, trace elements, local temperature varia- 
tions, and initial grain-size distribution, may also have 
some effect. Some of these factors, however, are prob- 
ably vastly more important than the recarburization of 
y phase, and there is a distinct possibility that a one- 
sided view of the problem is likely to arise. 

Severe discontinuous grain growth may occur in a 
sintered WC-Co alloy with normal (6.12 pct C) or high 
carbon content under conditions where the predomi- 
nating factors appear to be the grain size and grain- 
size distribution of the original powder and the purity 
of the alloy. Thus, in very fine grain-size carbides, 
especially those with an average grain size of about 
0.8 micron, or below, exaggerated grain growth of this 
discontinuous type can be very common over any nor- 
mal range of carbon content. With such materials, it 
is common practice to add small amounts of some 
grain-growth inhibitor, such as vanadium carbide, to 
prevent the effect. 

Discontinuous grain growth due to recarburization 
of n phase is something that we have not encountered 
although the possibility has been suggested and looked 
for. Probably the most convincing fact is our normal 
production experience. In order to control the carbon 
content of sintered material, we use sintering furnaces 
in which the atmosphere is slightly carburizing. The 
compacts prior to final sintering almost always have a 
carbon content in the range corresponding to 6.00 to 
6.05 pct on the WC, the stoichiometric carbon content 
being obtained by carburization during sintering. Thus 
the initial alloy composition will be in the three-phase 
field WC + 7» + L, and yet we rarely find instances of 
nonuniform grain growth. On the other hand, when 
discontinuous grain-growth troubles are experienced, 
they generally can be traced back and related to either 
one particular batch of tungsten metal or ammonium 
paratungstate. 

Dr. Gurland states, “The grain size of the tungsten- 
earbide constituent of sintered alloys is controlled in 
practice by the adjustment of a number of process 
variables extending back to the ore, but it is finally 
determined by the extent of grain growth taking place 
during the sintering operation.” This is perfectly cor- 
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rect but, by the time the sintering stage is reached, the 
influence of all these variables has not been wiped out 
and may have considerably more effect on the response 
of the alloy to sintering than a variation in carbon 
content. 

When discontinuous grain-growth troubles do arise, 
it is found that the compacts are exceptionally sensi- 
tive to sintering temperature, especially as regards the 
size attained by the very large grains. In fact, it is a 
matter of great difficulty to sinter two test pieces on 
separate occasions and obtain large grains of similar 
size. This is especially true at temperatures of 1400°C 
and below. Also, with such structures, where the av- 
erage grain size of the matrix may be one-tenth to one- 
twentieth of the grain size of the abnormally coarse 
grains, it becomes very difficult to obtain micrographs 
which are simultaneously able to show the grain struc- 
ture of the matrix and yet be fully representative of 
the extent of discontinuous grain growth. Such 
troubles as this may account for the results shown in 
the micrographs, Figs. 14 through 19. 

E. M. Trent (Hard Metal Tools Ltd., Coventry, Eng- 
land)—There are two points I would like to raise in 
connection with Dr. Gurland’s valuable paper. The 
first of these concerns the formation of the y phase. 
The author mentions one of the formations in which 
this appears in sintered carbides, i.e., in the form of 
relatively large, sharply angular crystals. We have 
noted that this phase occurs in four or five different 
formations depending on the carbon content and the 
sintering temperature of the alloy, and the diagram, 
Fig. 1, published by the author, may help to explain 
some of these. 

If the carbon content is only slightly deficient, the 
most usual formation is that of the sharply angular 
crystals such as those in Fig. 7, which often show rec- 
tangles, triangles, and sometimes ‘needles” in the 
polished section. If the sintering temperature is very 
high, e.g., 1500°C, the n phase may occur in a dendritic 
formation, the dendrites being of approximately the 
same size as the crystals at lower sintering tempera- 
tures. When the carbon deficiency is greater, for ex- 
ample, where the carbon content of the WC is below 
5.95 pet, the formation is entirely different and takes 
the form of an even dispersal of fine particles of 
phase throughout the section, the particles being of the 
same size or only slightly larger than the WC grains. 

Often the atmosphere during sintering is slightly 
carburizing and in this case two formations of y phase 
often occur in a low carbon alloy: a core containing 
the finely dispersed particles sharply separated from 
an outer zone where the carbon content is slightly 
higher and where the yn phase occurs as the large 
crystals or as dendrites depending on the sintering 
temperature. Such a structure is shown in Fig. 8 in a 
previous paper by Drs. Sandford and Trent.'* 


Fig. 22—Sintering temperature, 1600°C; carbon content of 
WC is below 5.75 pct. An entirely new formation of 7 phase 
occurs; very large curved flakes of replace the other 
forms. Etched in alkaline ferricyanide. X200. Area reduced 
approximately 25 pct for reproduction. 
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If the sintering temperature is raised still further 
to 1600°C, an entirely new formation of n phase occurs 
in alloys where carbon content of the WC is below 
5.75 pet. Very large curved flakes of n replace the other 
forms, as shown in Fig. 22. 

Referring to Fig. 1 of the paper, it would appear 
likely that when the sintering temperature and carbon 
content are such that the alloy is in the WC 4+ L field 
at the maximum temperature, the y phase is precipi- 
tated on cooling and adopts one or other of the coarse- 
ly crystalline formations, depending on the carbon 
content. If the carbon deficiency is only slight (e.g., 
5.95 pet C on the WC), the formation is generally that 
of the sharply angular crystals. When the carbon 
content is lower, the temperature must be higher to 
keep the alloy in the two-phase field and either the 
dendrites or the large curved scrolls are formed on 
cooling. When the carbon content is such that the 
alloy is in the three-phase field WC + L + y at the 
sintering temperature, the y appears to adopt the 
form of evenly dispersed fine particles. 

The other point which I would like to raise concerns 
the form of the WC grains. The author states that 
“with increased sintering times, the carbide grains 
tend to form rectangular parallelepipeds.”’ It seems 
unlikely that hexagonal crystals would adopt this form 
and in our experience the most common form pro- 
duced with large crystals of WC is that of thin hex- 
agonal prisms where the ratio of the length of the 
edge of the triangle to the thickness is 10:1 or greater. 
This is shown most readily by heating the carbides in 
molten zinc when the carbide particles are dispersed 
and can be extracted by treatment with hydrochloric 


acid. Large crystals up to 1 mm across have been sep- 
arated in this way and these are nearly always more 
or less perfect triangular prisms. Only occasionally 
have smaller grains been seen approximating to a 
rectangular formation. Is it not possible that the most 
frequently occurring angle between the sides of sec- 
tions through such flat triangular prisms would be 
near 90°? 

J. Gurland (author’s reply)—The author wishes to 
thank the discussers for their valuable supplements to 
this paper. Some limited experimental evidence at 
Firth Sterling supports the conclusion of Mr. Red- 
mond that the two-phase field, WC + L, becomes nar- 
rower as the cobalt content decreases. 

Although the recarburization of the y phase is only 
one of many possible factors which may cause discon- 
tinuous grain growth, it was found possible to repro- 
duce this phenomenon at will. The reason that Mr. 
Lardner has not encountered it may be due to a rapid 
rate of carburization, or a different temperature range, 
or a possible shift of the phase boundaries by certain 
impurities. 

No difficulties were encountered in photographing 
alloys showing discontinuous grain growth. Figs. 14 
through 19 were selected to show structures which are 
representative of each compact. 

The description of the various formations of the y 
phase by Mr. Trent is most useful. The results of the 
angular measurements of Fig. 12 have been duplicated 
recently on samples of 16 and 25 pct Co sintered for 
only 45 min. It is true that the 90° angles can be ac- 
counted for, not only by rectangular parallelepipeds, 
but also by rectangular prisms. 


Solid State Bonding of Aluminum to Nickel 


by S. Storchheim, J. L. Zambrow, and H. H. Hausner 


DISCUSSION, F. N. Rhines and A. J. Shaler, Chairmen 


Dr. W. Seith (University of Muiinster, Miinster, 
Germany )—I am not in a position to give an explana- 
tion of the Storchheim effect. However, some observa- 
tions in the same direction were made in our Institute 
which may be helpful for further experiments. Dr. 
Heumann of our Institute studied various problems of 
diffusion between metals which form intermetallic 


Fig. 13—AI-Ni diffusion, 600°C, 280 hr. Break occurred 
during cooling. Light area (top right) is Ni; dark area (bottom 
left) is AlsNi. X400. Area reduced approximately 35 pct for 
reproduction. 
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phases and among others he investigated the Ni-Al 
system. For these latter studies, a slight conical hole 
was drilled into a cylindrical piece of nickel and an 
aluminum core was driven into this hole. After several 
days of heating at 600°C in vacuum, a surprisingly 
low, hardly observable degree of diffusion took place. 
During a repetition of this experiment, a power failure 
took place and cooling of the specimen occurred; the 
experiment was continued after reheating. During the 
time of reheating, a small amount of air entered the 
equipment. In this case only one distinct diffusion 
zone was observed, as shown in Fig. 13. 

According to Messrs. Storchheim, Zambrow, and 
Hausner, the explanation would be that in the first 
case high pressure between the two metals affected 
the diffusion, whereas in the second case a certain 
pressure release occurred during cooling and reheat- 
ing. I am not in a position to say whether the traces 
of oxygen promoted diffusion or not. According to 
some observations by Seith and Loepmann, such a 
possibility exists. 


Dr. Cyril Stanley Smith (Institute for the Study of 
Metals, University of Chicago, Chicago)—Your find- 
ings are not only of considerable practical importance 
but are also most interesting theoretically The effect 
could simply be one of decreased diffusion rate in one 
or the other of the intermediate phases or it could ac- 


_ tually be a result of the elimination of one of the 


phases from the equilibrium constitution diagram in a- 
more condensed system. I wonder if you have done 
any experiments in which you formed a thin inter- 
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metallic layer at low pressure and then increased the 
pressure to the point where it would not form? This 
should answer very quickly the question of stability vs 
diffusion rate. The phase approximating NiAl must 
have many vacancies (the amount being a very sensi- 
tive function of composition) and therefore its be- 
havior would be expected to be strongly pressure 
dependent. 


M. Cohen (Massachusetts Institute of Technology, 
Cambridge, Mass.)—The possibility that pressure may 
inhibit the formation of intermetallic layers during 
diffusion or sintering has considerable scientific and 
practical significance. From a scientific standpoint, it 
is desirable to know just why pressure should have a 
pronounced effect; and from a practical standpoint, the 
avoidance of brittle intermediate phases may improve 
the properties of bonded layers and powder-metallurgy 
products. 

At the present time, it is not clear whether pressure 
alters the relative stability of the phases involved or 
modifies the interdiffusion rates. The latter alternative 
seems to offer a reasonable working hypothesis. The 
6 phase (NiAl) has a defect structure and presumably 
the vacancy concentration could be reduced by pres- 
sure, thus lowering the diffusion rate. However, the 
authors have found no evidence for the presence of 
this phase. They have tentatively identified the 6 
phase (NiAl,) and the y phase (Ni,Al,) as comprising 
the two observed diffusion layers, but further work on 
the nature of these diffusion zones would seem es- 
sential for a thorough understanding of the pressure 
effect. The 6 phase has such a limited range of homo- 
geneity that its presence as a diffusion zone seems sur- 
prising in the light of the fact that the very stable 6 
phase (NiAl) with a substantial range of homogeneity 
is not found. 

If the influence of pressure in inhibiting the forma- 
tion of intermetallic layers during diffusion depends 
upon defect structures, then the practical utilization of 
this phenomenon will be limited to relatively few 
systems. On the other hand, the possibility should not 
be ruled out that the aluminum anda nickel undergo 
plastic deformation during these compressive runs, and 
the attendant increase in diffusion rate’ in the terminal 
phases may be a contributing factor. If the diffusion 
rate through the intermetallic layers is naturally slow 
and if the diffusion rates in the terminal phases are 
increased by virtue of plastic deformation,* the result- 
ing concentration gradients will tend to reduce the 
thickness of the intermediate phases. Because of this 
possibility, the investigators should insure that the 
compression is substantially hydrostatic during the 
diffusion runs. If plastic deformation of the terminal 
phases plays an important role in the phenomena de- 
scribed by the authors, the technique may have wide 
application because it would not then be limited to 
those systems in which the intermediate phases are 
sensitive to pressure. 

With regard to the mechanical properties attained, 
the authors have placed emphasis on the maximum 
strength values instead of the average values for cor- 
relation purposes. This procedure seems reasonable 
because the tensile specimens are so short that shght 
misalignment in the grips may cause premature break- 
ing and apparently low strength. Hence, the maximum 
values may be assumed to correspond to those tests in 
which the alignment was good. 

Professor Norman H. Nachtrieb (Institute for the 
Study of Metals, University of Chicago, Chicago)—I 
read with great interest your paper on bonding of alu- 
minum to nickel. It shows clearly that pressure can 
alter the free energy of formation of certain alloys 
very markedly. 

In the Al-Ni system which you studied, I believe 
there is a density anomaly in the region of the stoichio- 
metric composition AINi, which has been interpreted 
in terms of a lattice-defect structure with several per- 
centage of vacancies. G. Raynor has studied the con- 
ductivity of either this system or the Al-Co system, 
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and F. Nix reported several years ago that diffusion 
coefficients for nickel are anomalously high in the 1:1 
range of composition. All of this makes sense in terms 
of a high vacancy density, and your findings that 
pressure eliminates one of the phases (presumably the 
same one which is responsible for the high diffusion 
rate) seem to be consistent. I think one might profit- 
ably discuss the facts you observe in terms of the vol- 
ume of formation of the phase in question: 
( OAF ) 

aNi + bAl—> Ni, Al, (containing vacancy volume AV). 
One would expect the effects you observe to be most 
pronounced for systems in which AV is large; i.e., for 
systems in which there is an unusually large vacancy 
density. 

J. W. Butler, Jr. (Johnson Bronze Co., New Castle, 
Pa.)—We clad aluminum on nickel-plated steel bi- 
metallic stock for sleeve-bearing purposes by preheat- 
ing the metals and rolling. It was very interesting to 
learn that the optimum bonding conditions for alumi- 
num and nickel, as determined by your static method, 
were a corroboration of the conditions we found neces- 
sary in joining the two metals by rolling. 

Your paper is very clear and concise and, to the best 
of our knowledge, the data seems to be correct. In 
our application, the time for optimum strength of bond 
is necessarily limited due to the type of pressure ap- 
plication (rolling); therefore, we try to exert higher 
pressures to gain the resultant higher tensile strength. 
Our tensile strengths are in the range of 10,000 to 
12,000 psi, and the separation is normally in the 
aluminum alloy. 

Harunbou Swada (Mining & Metallurgical Research 
Laboratory, Mitsubishi Metal Mining Co. Ltd., Saitama 
Pref., Japan)—It seems to me that your calculation of 
“penetration” based upon the parabolic law of diffusion 
cannot be applied adequately to this case where two 
zones are formed under relatively low pressure. The 
formation mechanism of Ni,Al, and NiAl, layer is the 
most interesting problem in the research. Fig. 10 in 
your report shows that too high an applied pressure 
prohibits the formation of the intermetallic-compound 
zone. Can we understand this phenomenon as the re- 
sult of squeeze out of molten compound by the applied 
pressure? 

All specimens tested have been broken at the Ni-Al 
interfaces and never within the aluminum or the 
nickel. What kind of relation can be expected between 
the tensile strength of this specimen and that of pure 
Niz:Al, or NiAl,; near the interface? Because the prob- 
lem of tensile strength is very complicated and is not 
yet completely clarified, I wish to hear your ideas on 
this phenomenon. 

We are interested in the X-ray techniques you ap- 
plied to the determination of structures of interface 
materials. What do you think about the application of 
electron diffraction to the structural determination? 

Did you investigate the Kirkendall effect with your 
penetration couples? 

I look forward to your reply and the further devel- 
opment of your splendid work. 

J. B. Clark (The Dow Chemical Co., Midland, Mich.) 
—tThe effect of pressure on the weld strength of Al-Ni 
couples is demonstrated very nicely. The penetration 
studies of the diffusion layers as a function of pressure 
suggest some interesting possibilities for further re- 
search. 

The authors report a series of curves of the In 
penetration vs 1/T for a series of pressures. The slopes 
of these curves are reported as activation energies. 
I question the use of the term “activation energy” 
from these data alone. Activation energies should be 
reported only in conjunction with a detailed mechan- 
ism of the rate-controlling reaction of the penetration 
process. Such a mechanism is not reported in this 
paper. The diffusion system in this study is very com- 
plex. Diffusion is proceeding in four phases and across 
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three interfaces. In such a complex system in which 
several types of reactions are occurring simultan- 
eously, it is difficult to see how such a gross measure- 
ment as the depth of penetration with time can yield 
the activation energy of the rate-controlling process. 
Without a detailed model of the rate-controlling 
process in this complex diffusion system, the slopes of 
these penetration curves should not be interpreted as 
true activation energies. 

The second point that I want to mention concerns 
the effect of pressure on the number and thickness of 
the diffusion layers. If the Ni-Al phase diagram is 
correct, at atmospheric pressure, diffusion of an Ni-Al 
couple should generate four diffusion layers. However, 
in the case of high pressures, the authors report the 
generation of only two diffusion layers and the de- 
crease in number and thickness of these layers as 
pressure is increased. The effect of pressure may be 
explained in either of two ways: 

1—The external pressure may decrease the rate of 
diffusion in the system, possibly by reducing the num- 
ber of vacancies available for diffusion. As the ex- 
ternal pressure is increased, the slower diffusion rates 
would increase the time required for the system to 
approach equilibrium. Thus, for a fixed diffusion time 
as the external pressure is increased, the number of 
layers generated and their depth of penetration would 
be smaller. Note that the higher melting point layer 
of Ni,Al,, or roughly, the slower diffusion layer, disap- 
pears first as the pressure is increased. 

The authors may have shown qualitatively the effect 
of pressure on the diffusion process in a complex sys- 
tem. If a simple one-phase system (e.g., Cu-Ni) were 
substituted for the complex system studied in this 
paper and the diffusion times greatly extended, classi- 
cal methods of studying diffusion could be applied and 
quantitative determinations of the effect of pressure on 
the rates of diffusion could be made with their 
apparatus. 

2—The effect of pressure on the number and thick- 
ness of the diffusion layers may be explained on the 
basis that the applied pressure may change the nor- 
mally reported equilibrium relationships between 
nickel and aluminum. The pressure effects shown in 
this paper may be a demonstration of a P-T-X diagram 
in the solid state. If this is the case, the effect of pres- 
sure could be shown quantitatively by making diffu- 
sion couples of the terminal metals of a simple eutec- 
tic system and diffusing the couples for long times at 
various pressures. At the interface, the concentration- 
penetration curves of such couples will show a sharp 
discontinuity corresponding to the concentration differ- 
ence between the solvus lines of the terminal solid 
solutions at the diffusion temperature. If the applied 
pressure affects the position of the solvus lines, the 
concentration difference across the couple interface 
will vary with applied pressure. 

In this paper, the effect of pressure on either the 
diffusion rates in Al-Ni couples or the normally re- 
ported Al-Ni phase diagram has been shown qualita- 
tively. With the selection of simpler metal systems, 
the authors with their apparatus could demonstrate 
quantitatively the effects of pressure on either the 
rate of diffusion or equilibrium relationships in the 
solid state. 

H. T. Sumsion (Knolls Atomic Power Laboratory,* 
Schenectady)—The authors are to be congratulated on 
their presentation of data of great value and interest. 
They have stated that maximum values rather than 
average values of bond-strength determinations are 
presented because the lower values result from non- 
optimum bonding conditions. It would be of interest 
to know the spread of values observed in multiplicate 
samples, especially how the spread compares with the 
observed differences in maximum values attributed 
solely to changes in experimental conditions. 

Tensile data for bond strengths obtained at 2 tsi are 


* Operated by the General Electric Co. for the United States 
Atomic Energy Commission on Contract W-31-109 Eng-52 
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given in Figs. 4 and 5. However, in Figs. 7, 9, and 10 
no diffusion data are included for pressures of less 
than 5 tsi. An investigation at the Knolls Atomic 
Power Laboratory of another binary system of alumi- 
num, one in which the primary reaction product ex- 
hibits a pronounced volume expansion over the indi- 
vidual components, has shown a marked effect of pres- 
sure on diffusion. It was found that a minimum pres- 
sure at least in excess of the yield strength of one of 
the components was necessary to obtain consistent 
diffusion data. It would be of interest to know whether 
the Al/Ni diffusion data at low pressures indicate a 
similar effect. 

Hot-press bonding of Al-Ni also has been investi- 
gated at the Knolls Atomic Power Laboratory. The 
hot-pressing was done in air rather than a vacuum, 
but oxidation of the bonding surfaces was prevented 
by applying pressure before heating the specimens. In 
our study, we used a specimen with considerably 
smaller area to test bond strengths than the one de- 
scribed in this paper. We investigated the effect of 
pressure on bond strength over the range of 1 to 12 tsi. 

We found as did the authors that at 600°C there was 
only slight increase in strength with increasing pres- 
sures. At temperatures of 550° and 600°C tensile values 
were increased from 8,000 to 11,000 psi as the pressure 
was increased from 1 to 12 tsi. These values are ap- 
proximately double comparative data given by the 
authors. At 500°C, tensile strength fell away to about 
half that obtained at 550° and 600°C. Below 500°C in- 
sufficient bonding occurred to permit machining of 
tensile specimens, irrespective of bonding pressure. 

Within the 1 to 12 tsi range investigated, pressure 
was not observed to have a marked effect upon the 
extent of diffusion. Approximately equal amounts 
were observed at 1 as at 12 tsi. 

I should like to know if there has been subsequent 
verification of the tentative identification of the two 
phases. In our work a third phase was thought to have 
appeared in the reaction product at 600°C. Have the 
authors observed more than the two phases at any 
time? 

In solid-state bonding of aluminum to nickel, the 
effect of high pressures in suppressing formation of 
intermetallics and increasing diffusion bond strengths 
has been shown by data presented by the authors. The 
paper should prove a stimulant to further investiga- 
tion of the problem. 

S. Storchheim, J. L. Zambrow, and H. H. Hausner 
(authors’ correction)—In the course of further metal- 
lographic investigation of Ni-Al interfaces after solid- 
state reaction, we have observed that a couple reacted 
at 500°C at 34 tsi for 2 min in vacuo did exhibit a slight 
amount of reaction product. That is, we originally re- 
ported,” that the reaction products, tentatively identi- 
fied as 8 and y phases, had been completely inhibited 
from forming by the high pressure used. However, by 
improving our metallographic technique, some 8 alloy 
was detected at the interface. 

The indication is that increasing reaction pressure 
does eliminate the y phase and does inhibit the B alloy 
formation. However, the suppression of the g phase is 
not a straight line plot of decreasing penetration rate 
with increasing pressure. It is rather a parabolic de- 
crease which asymptotically approaches zero rate at 
some very high pressure. 

A tensile bar, made under the above conditions, 
ruptured within the parent aluminum metal of the 
couple rather than at the interface. This was in con- 
trast to the fact that all other tensile bars reacted such 
that the intermetallics at the interface were thicker 
than for the specimen mentioned, ruptured at the bond 
interface. Again the observation of increasing strength 
with decreasing alloy zone thickness was verified. 
This, however, was the first time that we found the 
bond strength of the couple to be greater than one of 


its parent metals, 


S. Storchheim, J. L. Zambrow, and H. H. Hausner 
(authors’ reply)—In response to Dr. Smith’s question 
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as to whether or not we had done any experiments 
concerning the question of stability vs diffusion rate, 
we wish to say that we have. We made up another 
penetration couple and heated it to 500°C and pressed 
it at 11 tsi for 2 min. Fig. 14 shows a sketch of the 
alloy layers as observed. The same sample was then 
heated again to 500°C and pressed 34 tsi for 5 min. The 
effect of repressing is shown schematically in Fig. 15. 
The nickel-rich diffusion zone decreased in width, 
whereas the aluminum-rich diffusion zone increased in 
width. The total width of the two diffusion zones was 
not affected by repressing. If the nickel-rich phase 
had disappeared, then the indication from this in- 
formation would be that the phenomenon is based pri- 
marily upon equilibrium relationships in the solid state. 
This, of course, requires more detailed investigation for 
confirmation. 

We agree with Dr. Cohen that further work on the 
nature of the diffusion zones, we have observed, would 
be essential for a more thorough investigation of the 
pressure effect. The statement that the 6 phase being 
present is a surprise because it has such a limited 
range of homogeneity is of interest. Perhaps this can 
be rationalized in that pressure could have affected 
the homogeneity range of the 6 phase to such an extent 
that its existence was possible. 

Based on the chapter in the book Surface Treatment 
of Metals by F. N. Rhines,’ we felt that the penetration 
calculations we made were applicable contrary to Mr. 
Sawada’s views. From the chapter, “The rate of growth 
at constant temperature of diffusion layers of any 
degree of complexity usually follows a parabolic law, 
x* = kt, where the thickness is represented by x, time 
of reaction by t, and k is a constant involving the dif- 
fusion coefficient as well as several other quantities. 
This expression may be applied to all, or any group 
of layers of a diffusion system taken together, or to 
any one, or part of one, layer.” 

We do not believe that the inhibition to formation of 
the intermetallic compound zones is caused by the 
“squeeze-out of molten compound by applied pres- 
sure.” We do not feel that any melting is occurring 
during the type of reaction described in our paper. 

We do not know, at present, the tensile strength of 
either pure NieAl, or NiAl;. Because of this fact, we 
are not able to describe the relationship between the 
tensile strength of our specimens and that of the pure 
intermetallics. 

The X-ray diffraction method we used to determine 
the structure of the interface materials was the Debye- 
Scherrer technique. What we did was to take a speci- 
men and rupture it at the interface by putting the 
reacted couple in tension. The interface was then 
scraped to remove the intermetallic as a powder. The 
powder so obtained was then subjected to X-ray dif- 
fraction using a copper target and a nickel filter. The 
results obtained, we felt, were not conclusive, and 
were only indicative. The suggestion for the applica- 
tion of electron diffraction to determine the intermetal- 
lics formed is certainly worthwhile. 

We did not specifically investigate the Kirkendall 
effect mentioned by Mr. Swaba; however, the effect 
was observed. We found that the thin molybdenum 
pieces of foils used both to prevent AIl-Ni interaction 
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Fig. 14—Ni-Al couple interface after reaction in vacuo at 
500°C at 11 tsi held 2 min. 
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Fig. 15—Same specimen as in Fig. 14 reacted again in vacuo 
at 500°C but at 34 tsi held 5 min. Note that the total zone 
thicknesses in both cases are the same. 


and to subsequently define the original interface were 
effected by the atom flow during reaction. More specifi- 
cally, we observed that the edges of these molybdenum 
strips were bent into the aluminum portions of the 
couples. This effect did not extend along the entire 
length of the molybdenum strip. 

Dr. Clark brings up a point of interest with regard to 
the term “activation energy.” His attention is called to 
the paper by B. Lustman and R. F. Mehl.* The authors 
used the same Arrhenius equation we used and re- 
ferred to @ as the heat of activation. Based upon this 
reference, we calculated activation energies for the 
processes we studied. 

The experiment that Dr. Clark suggests we use to 
determine the effect of pressure on either rate of diffu- 
sion or equilibrium relationships in the solid state is 
interesting. He is referred to our answer of Dr. Smith’s 
query about the same point. 

In reply to Dr. Sumsion’s questions, we state the 
following: The maximum spread observed in multipli- 
cate samples was 50 pet. The observed differences at- 
tributed to changes in experimental conditions was 1142 
pet. 

We also observed that at low pressures, or a com- 
bination of a fairly high pressure, 5 tsi, at low tempera- 
tures, 500° to 550°C, that our penetration data were not 
consistent. This was not attributed to the yield 
strength of either of the components making up our 
couples. We believe that the oxide existing at the in- 
terface is the controlling factor. In other words, a cer- 
tain minimum amount of oxide rupture is required in 
order to have consistent penetration data. 

It has been our experience that the size of the speci- 
mens have considerable effect upon the tensile strength 
ultimately developed. We found this true for changes 
in both the length and diameter of the tensile couples. 

The fact that Dr. Sumsion did not find the same 
marked effect of pressure upon the extent of penetra- 
tion is probably explained in that the technique he 
used to react specimens was considerably different 
than ours. It is pointed out that his specimens were in 
intimate contact during the whole heating period. This 
was not true for our experiments. Only after applica- 
tion of pressure did we get penetration. This we veri- 
fied by examining couples which had been heated to 
600°C but were not subjected to pressure. Interface 
examination showed that no penetration had occurred. 
Thus, his time for penetration was approximately the 
length of time the specimen was being heated, and in 
addition, his temperature of reaction was not a con- 
stant but a continually changing value. It is our belief 
that the effect we observed was masked in his ex- 
periments. 

The reason Dr. Sumsion was not able to eliminate a 
phase was that a high enough pressure was not ap- 
plied. The maximum pressure used in his experiments 
was 12 tsi. We did not find phase elimination until a 
pressure of 20 tsi was used. 

In answer to his last questions, we wish to state that 
no subsequent verification of the two phases has been 
made. We have seen more than two phases but only 
when we worked with nickel plated from an electro- 
less bath. This type of material contains a considerable 
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percentage of phosphorous and therefore probably ef- 
fects diffusion rates. _ 


1F, S. Buffington and M. Cohen: Self-Diffusion in Alpha Iron 
Under Uniaxial Compressive Stress. Trans. AIME (1952) 194, p. 
859; JournaL or Merats (August 1952). 

2S, Storchheim, J. L. Zambrow, and H. Hausner: Solid State 


Bonding of Aluminum to Nickel (paper under discussion). Trans. 
AIME (1954) 200, p. 269; JourNaL or METALS (February 1954). 
3F, N. Rhines: Diffusion Coatings on Metals. Surface Treatment 
of Metals (1940) pp. 135-136. Cleveland. ASM. ‘ 
4B. Lustman and R. F. Mehl: Rate of Growth of Intermediate 
Alloy Layers in Structurally Analogous Systems. Trans. AIME 
(1942) 147%, p. 369. 


High Temperature Strength of Wrought Aluminum Powder Products 


by Eric Gregory and Nicholas J. Grant 


DISCUSSION, F. N. Rhines and A. J. Shaler, Chairmen 


C. Dean Starr (Wilbur B. Driver Co., Newark, N. J.) 
—The authors are to be congratulated for this interest- 
ing paper concerning the effect of dispersed oxides on 
the mechanical properties of metals. The results of 
previous investigations” on the effect of oxides have 
not been suitable for correlating the distance between 
oxide particles with mechanical properties, since the 
oxides were present primarily in the grain-boundary 
region of polycrystalline aggregates. For example, oxi- 
dized samples of silver containing small quantities of 
molybdenum and aluminum, copper containing manga- 
nese, and nickel containing aluminum revealed that 
the presence of oxides in polycrystalline specimens in- 
creased the tensile strength but decreased the elonga- 
tion. Oxidized single crystals of the same composition, 
however, showed the crystals to be quite ductile. From 
these observations, it is inferred that the oxides were 
located primarily in the grain boundary in the poly- 
crystalline specimens and that equivalent amounts of 
oxides distributed in the matrix of an alloy would not 
appreciably alter the properties of a metal. 

The present investigation reveals that oxides, which 
are more or less uniformly distributed in the matrix of 
polycrystalline aggregates, increase the flow stress of 
metals in the same manner that intermetallic com- 
pounds increase the flow stress of alloys. But as the 
authors have pointed out, their data do not permit an 
unequivocal choice to be made for the most appropri- 
ate relationship between stress and the distance be- 
tween the oxide particles. The authors have shown in 
Fig. 16 that their relationship is valid for all the data 
plotted. With the exception of the tensile data for 
material M255, the data are also in agreement with the 
form of relationship proposed by Gensamer et al.” and 
by Shaw et al.,” as shown in Figs. 17 and 18, respec- 
tively. It should be recalled, however, that the stresses 
used by Gensamer and Shaw were true stresses and 
not engineering stresses as used by the authors. If the 
yield stresses recorded were determined by the con- 
ventional offset method for nonferrous materials, it 
would be more appropriate to compare the yield 
strength against spacing between oxide particles, since 

the yield strength would be directly proportional to 
the true stress at a strain of e = 0.2 pct. Such a plot 
does indicate, within a reasonable amount of scatter, 
that the authors’ relationship is valid but closer exami- 
nation of the yield strengths of material M255 and 
M293 in Table I indicates the yield strength is essen- 
tially independent of particle spacing. Since the stress- 
rupture data indicate that alloy M255 is appreciably 
weaker than the other four alloys, it is possible that 
the tensile data recorded are not representative for this 
material. Were the tensile values recorded in Table I 
averages of a number of lists or the results of a single 
test? 

It is hoped that the authors will be able to continue 
their investigations with alloys containing yet larger 
mean free paths to determine the appropriate relation- 
ship for oxides in metals. 

The stress-rupture data indicate that the effect of the 
mean free path on the creep resistance diminishes with 
increasing temperature until at approximately 900°F 
the rupture time is approximately independent of 
particle spacing. During an investigation on the ele- 
vated-temperature tensile properties of Al-Cu alloy,® a 
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similar trend was noted. Whereas a fine dispersion was 
stronger than a coarse one at room temperature, both 
dispersed alloys exhibited equal strength characteristics 
at 420°K. At intermediate temperatures (420° to 
650°K) an inversion occurred and the coarse dispersion 
was stronger than the finely dispersed alloy. But at 
elevated temperatures (above 650°K) the fine disper- 
sion again exhibited the superior strength properties. 

Since the stress-rupture data correlated in the pres- 
ent paper is for very short rupture times, it would be 
anticipated that the results would correspond closely to 
those obtained in a tensile test. Somewhat similar 
effects would also be expected in an investigation on 
the creep properties of dispersed alloys. But since it is 
known that strain rate is analogous to temperature, 
the correlation between stress and structure is not as 
simple as in the tensile test wherein the strain rate is 
maintained constant. Thus for the longer-time creep 
tests, it might be more appropriate to compare the 
stress in an isothermal test that is necessary to produce 
a given secondary creep rate for a series of dispersed 
alloys against the structure (mean free path). Utilizing 
this criteria, Giedt et al.” found that the data on the 
creep behavior of biphase alloys of CuAl, in Al-Cu 
solid solutions could be reasonably well correlated. 
They showed that a log-log cross-plot of cé’s vs the 
mean free path gave a straight line for any given 
secondary creep rate. This correlation was shown to be 
valid for a variation in the creep rate of 1000 and a 15 
fold difference in the mean free path of dispersed 
alloys. It would be interesting, if the data are avail- 
able, to see if the same generalizations are applicable 
to the alloys under consideration here. 


Eric Gregory and Nicholas J. Grant (authors’ re- 
ply)—Unfortunately, the room-temperature tensile data 
were supplied by Alcoa. We did not make those particu- 
lar measurements ourselves. It is entirely likely, espe- 
cially with experimental products of this type, that 
there is an error for the yield value for either M255 or 
M293. It is to be noted that the room-temperature duc- 
tility values are also not as would be expected for these 
two alloys. Since our tests were from independent bar 
stock, our results need not be subject to the same error 
which resulted in the room-temperature tensile data 
for these two alloys. 

If the strengthening benefits at 100 or 1000 hr rup- 
ture life were compared instead of at 0.1 hr at high 
temperatures, in effect the role of strain rate or time 
could be measured. On this basis there is a large con- 
tribution to the strength of the fine oxide dispersion. 
At the time we had no basis for comparison and there- 
fore utilized the short-time data, instead, to check 
against previously suggested structure-strength rela- 
tionships. Our work is continuing and we plan to try 
other relationships including that of Giedt et al.” as 
suggested by Mr. Starr. 

Our current work includes studies of copper powders 
as well as the Ni-5 pct Al and Ni-10 pct Al alloys. 
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Sampling Liquid Steel for Oxygen Content: 


A Further Evaluation of the Bomb Technique 


by S. Gilbert and G. R. Bailey 


A further evaluation of the bomb-sampling method for determining the oxygen 
content of liquid steel is presented. The results of this study and their close agree- 
ment with the results of an earlier evaluation confirm the conclusion that the bomb- 
sampling method is valid for obtaining representative samples for the determination 


of the oxygen content of a liquid steel bath. 


HAT constitutes the most desirable procedure 

for obtaining a sample suitable for deter- 
mining the oxygen content of a liquid steel bath has 
been a controversial subject for several years. In 
1952 Huff, Bailey, and Richards’ described a modifi- 
cation of the bomb-sampling technique originated 
by McCutcheon and Rautio.* In both the modified 
and original techniques, a small cast-iron or steel 
mold containing aluminum wire and appropriately 
covered is inserted into the furnace, coated with 
slag, and then plunged into the metal bath. Upon 
entering the metal, the cover melts and a sample of 
the steel bath enters the mold. 

The data presented by Huff, Bailey, and Richards’ 
indicated that reproducible samples could be ob- 
tained by their method. Furthermore, the oxygen 
analyses from samples obtained by their method 
agreed better with those from controlled laboratory 
experiments than did analyses from samples ob- 
tained by methods previously suggested for sam- 
pling large liquid-metal baths. 


S. GILBERT and G. R. BAILEY are associated with the Applied 
Research Laboratory, United States Steel Corp., Pittsburgh. 

Discussion on this paper, TP 3856C, may be sent, 2 copies, to 
AIME by Apr. 1, 1955. Manuscript, Apr. 30, 1954. Chicago Meet- 
ing, February 1955. 
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Most techniques, other than bomb-sampling, re- 
quire that a sample of liquid steel be removed from 
the furnace in a well slagged spoon and poured into 
an iron mold containing aluminum or into a mas- 
sive copper mold for rapid chilling. Pouring in this 
manner requires -that the sample pass through the 
air, The controversy, then; is somewhat as follows: 

Proponents of the spoon-sampling method and 
similar dip-and-pour methods feel that the intro- 
duction of a cold steel mold into a molten steel 
bath may result in a localized boiling condition that 
may deplete the steel of oxygen to a significant 
degree in the area where the bomb is introduced. 
Conceivably this boil could cause results that are, on 
the average, too low and nonrepresentative of the 
bath composition. On the other hand, samples that 
are spooned and then poured through the air may 
also be nonrepresentative because of oxidation by 
the atmosphere. The restrictions imposed in sam- 
pling with a spoon are much more stringent than 
those imposed when sampling with the bomb-type 
mold within the furnace. The spoon sample must 
be taken in a well slagged spoon, a requirement that 
depends on the condition of the slag in the furnace. 
Also, the samples must be poured as quickly as pos- 
sible, without shaking the spoon and without allow- 
ing slag to enter the mold. The necessity of fulfill- 
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0.0126 
0.0128 
0.0150 
0.0126 


Table !. Sampling Plan: Carbon and Oxygen Content of Duplicate Samples, Pct 
0.0138 


High Carbon 


Cc 
0.11 
0.12 
0.12 


oO 
0.0258 
0.0331 
0.0294 
0.0659 
0.0701 
0.0680 
0.0320 
0.0315 
0.0317 


Low Carbon 


0.093 
0.085 
0.089 


Volume 1, 
7.75 Cu In 


0.0108 
0.0119 
0.0113 
0.0256 
0.0238 
0.0247 
0.0158 
0.0157 
0.0158 


High Carbon 


Cc 
0.44 
0.41 
0.42 


6.47 sq in. 
Average 
Area 2, 


Area 1, 
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0.048 
0.049 


0.35 
0.35 
0.35 
0.43 
0.42 


0.42 


0.10 


0.18 
0.21 
0.20 
0.21 
0.22 
0.22 


0.033 
0.029 
0.031 


0.14 
0.13 
0.14 
0.20 
0.20 
0.20 


0.054 
0.048 
0.056 
0.074 
0.065 


0.097 
0.099 
0.37 
0. 


7.85 sq in. 


Average 


Area 3, 


0.048 
0.073 


0.067 


0.061 


0.073 


0.074 


37 


0.079 


0.065 


0.083 
0.078 


8.82 sq in. 
Average 


0.074 


0.37 


0.073 


0.063 


ing the foregoing conditions of sampling makes the 
spoon-sampling method more susceptible to errone- 
ous determinations of bath oxygen concentration 
than is the relatively simple bomb-sampling tech- 
nique. 

The scope of the present work was to further 
evaluate the bomb-sampling method by determin- 
ing whether a carbon boil on the unslagged portion 
of the bomb has a significant effect on the estima- 
tion of the oxygen concentration of the bath. If a 
carbon boil is produced on the unslagged portion of 
the bomb-type sampler, it must have a reproducible 
effect because a high degree of reproducibility be- 
tween duplicate samples has been consistently ob- 
tained with this method of sampling. Since a boil 
could occur only on the unslagged surface of the 
bomb and since the magnitude of the boil would be 
a function of the surface area, then a change in the 
surface area of the unslagged portion of the bomb 
should result in a corresponding change in the de- 
gree of boiling, and should show a noticeable effect 
on the estimation of oxygen in the bath. The possi- 
bility that the depletion of oxygen in the bath, if it 
occurs, might be due to a complex relation between 
the surface area of the mold and the volume of 
metal sample obtained in the mold must also be 
acknowledged. 


Sampling Program 


Accordingly, a series of bomb-type samplers of 
different geometry was used to obtain 60 samples” 
of open-hearth steel for oxygen analysis by the 
vacuum-fusion method. Duplicate samples were 
taken from open-hearth furnaces making high and 
low carbon steels. The results of analyses for the 
percentage of oxygen and the percentage of carbon 
from these samples are shown in Table I. This table 
lists the individual results of a pair of duplicate 
samples and their average. 


Analytical Procedure 


The balanced sampling pattern shown in Table I 
made it possible to evaluate the effect of the volume 
and of the unslagged bomb-surface area on the 
bath oxygen content determined from a bomb-type 
sample. From the results of the duplicate samples, 
a further estimate of the reproducibility of the 
method was derived. However, since all the samples 
were not obtained at the same carbon content with- 
in the particular high and low carbon categories, 
the data in Table I do not show directly the effects 
of bomb volume and unslagged bomb-surface area 
on the determination of the bath oxygen concentra- 
tion. Any statement made concerning the effect of 
bomb geometry on bath oxygen concentration also 


Table II. Slopes of Lines for Percent Oxygen vs Reciprocal 
Percent Carbon (C-O Product) 


Vol- Vol- Vol- Vol- Vol- 
ume 1, ume 2, ume 3, ume 4, ume 5, Area 
4.09 2.99 Aver- 
Cu In. Cu In. Cu In. Cu In. Cu In. ages 
Area 1, : 0.0020 0.0010 0.0011 0.0031 0.0036 0.0021 
6.47 sq in 
Area 2, 0.0017 0.0036 0.0016 0.0015 0.0010 0.0019 
7.85 sq in 
' Area 3, 0.0020 0.0032 0.0037 0. 
0020 0.0025 0.0027 
Volume 0.0019 0.0026 0.0021 0.0022 0.0024 —_— 
averages 
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Table Ill. Heights of Lines for Percent Oxygen ys Reciprocal 
Percent Carbon (Weighted Measure of Oxygen Concentration) 


Vol- Vol- Vol- Vol- Vol- 
ume 1, ume 2, ume 3 ume 4, ume 5, Area 
7.75 4.09 3.48 2.99 Aver- 
Cu In. Cu In. Cu In Cu In. Cu In. ages 
Area 1, 0.0300 0.0154 0.0118 0.0270 0.0340 0.0236 
6.47 sq in. 
Area 2, 0.0257 0.0293 0.0360 0.0180 0.0257 0.0269 
7.85 sq in. 
Area 3, 0.0284 0.0330 0.0328 0.0326 0.0298 0.0311 
8.82 sq in. 
Volume 0.0280 0.0259 0.0269 0.0259 0.0298 — 
averages 


will include the accompanying effect of carbon on 
oxygen concentration. To analyze the data, and to 
be reasonably certain that the conclusions arrived 
at are free from any such carbon bias, a method was 
used which adjusts the oxygen analyses for the 
percentage of carbon associated with the sample. 

A transformation of the data into a linear form, 
in the range of concentration of carbon and oxygen 
investigated, was made by relating the percent 
oxygen to the reciprocal of the carbon concentra- 
tion. With a linear carbon-oxygen relationship, a 
method of analysis of the data was used which 
weights the oxygen analyses properly for the vary- 
ing percentages of carbon. The data were grouped 
according to the 15 different mold-geometry com- 
binations possible. This grouping permitted plot- 
ting the data as 15 four-point lines. Each line, rep- 
resenting a set of four samples, may be completely 
described by two parameters: the slope and the 
height. The slopes of the lines are measures of the 
C-O product; the heights, adjusted to the average 
reciprocal carbon content, are weighted measures 
of the oxygen concentration of the samples included 
in the calculation of the lines. 


Discussion of Results 

The C-O products and the weighted oxygen con- 
centrations obtained by relating the percentage of 
oxygen to the reciprocal of the percentage of carbon 
are presented in Tables II and III, respectively. 
Statistical analyses of these data provide the follow- 
ing conclusions: 

1—For the bomb samples taken with the bombs 
of five different volumes, there is no more differ- 
ence among the C-O products and among the per- 
centages of oxygen than might be expected from the 
experimental error. Thus, the effect of sampler vol- 
ume on the C-O product and on the percentage of 
oxygen of the bath was negligible. 

2—For the bomb samples taken with the bombs 
of three different surface areas, there is no more 
difference among the C-O products than might be 
expected from the experimental error in determin- 
ing the slopes of the lines. The increasing average 
percentage of oxygen, as measured by the average 
heights of the lines plotted from the data in Table 
III, represents an approach to a significant differ- 
ence among the samples taken with the bombs of 
the three different surface areas. However, this 
difference was not sufficient to conclude that bomb- 
surface area had a significant effect on the percent- 
age of oxygen obtained. In addition, the indicated 
trend disagreed with the original hypothesis that 
the oxygen content would decrease as the surface 
area of the bomb was increased. 

3—The slopes plotted from the data in Table II 
and the heights of the lines plotted from the data in 
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Fig. 1—Percent oxygen ys percent carbon, results of two 
independent studies. 


Table III failed to follow a consistent pattern for 
increasing surface area over the five levels of bomb 
volume. This failure, which represents a significant 
source of variation in the present work, can be at- 
tributed almost entirely to the data from the bombs 
of area 1. The data from the samples obtained with 
the bombs of area 1-volume 4 and area 1-volume 5 
have the greatest .variation in duplicate results, 
which is directly related to the reliability with 
which their slopes and heights may be estimated. 
Samples taken with the bombs of the area 1-volume 
5 dimensions were the most difficult to obtain in the 
program. Because of the geometry of these metal 
samples, they were also the most difficult ones to 
prepare for carbon and oxygen analyses. Any fur- 
ther attempt to account for the failure of the data 
to follow a consistent pattern for the volume and 
area variations in Tables II and III necessarily must 
include the variations inherent in the open-hearth 
process itself. 

4—The average spread of measured oxygen con- 
tent between duplicate bombs is 0.002 pct. The 
average of a pair of such duplicate determinations 
lies within 0.003 pct of the long-run average at 
least 95 pct of the time. 

In Fig. 1 are plotted the average results of dupli- 
cate samples taken with the modified bomb of the 
previous study* and the experimental bombs of the 
present work . The plot shows that, within the limit 
of experimental error, the results of the present 
study agree with the C-O relationships reported 
previously on the evaluation of the bomb-sampling 
method. 


Summary 
The authors believe that the results of this work 
furnish satisfactory evidence of the negligible effect 
of a carbon boil, if present, on the estimation of the 
oxygen concentration of an open-hearth bath by 
means of the bomb-sampling technique. 
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lonic Nature of Liquid Iron-Silicate Slags 


by M. T. Simnad, G. Derge, and |. George 


Measurements of current efficiency on iron-silicate slags in iron crucibles showed 
that conduction is about 10 pct ionic in slags with less than 10 pct silica and about 
90 pct ionic in slags with more than 34 pct silica, increasing linearly in the inter- 
mediate range. The balance of the conduction is electronic in character. Silicate 
ions are discharged at the anode with the evolution of gaseous oxygen. Transport 
experiments show that the ionic current is carried almost entirely by ferrous ions, 
which may be assigned a transport number of one. 


HERE has been increased evidence in recent years 

that the constitution of liquid-oxide systems 
(slags) is ionic.’* The principal studies designed to 
establish the structure of liquid slags have been by 
electrochemical methods* ° and conductivity meas- 
urements” * * which also have indicated the presence 
of semiconduction in several silicate systems” ** and 
in pure iron oxide.’ It is well known that many slag- 
forming metallic oxides have an ionic lattice type in 
the solid state, and their properties are determined 
to a large extent by the lattice defects and ion sizes. 
As Richardson® has pointed out, the detailed models 
of liquid slags cannot be found on thermodynamic 
data only but “must rest on a proper foundation of 
compatible structural and thermodynamic knowl- 
edge, combined by statistical mechanics.” 

A careful thermodynamic study of the iron-silicate 
slags has been carried out by Schuhmann with Ensio’ 
and with Michal.” They obtained experimental data 
relating equilibrium CO,:CO ratios to slag composi- 
tion and made thermodynamic calculations of the 
activities of FeO and SiO, and of the partial molal 
heats of solution of FeO and SiO, in the slags. It 
was found that the activity-composition relation- 
ships deviate considerably from those to be expected 
from an ideal binary solution of FeO and SiO,.. How- 
ever, the partial molal heat of solution of FeO into 
the slags was estimated to be zero. Their experi- 
mental results were correlated with the constitution 
diagram for FeO-SiO, of Bowen and Schairer," with 
the results of Darken and Gurry™ on the Fe-O sys- 
tem, and with the work of Darken™ on the Fe-Si-O 
system. All these studies were found to be consistent 
with one another. 

The variation of the mechanism of conduction 
with composition in the liquid iron-oxide-silica sys- 
tem in the range from pure iron oxide to silica sat- 
uration (42 pct SiO.) in iron crucibles was reported 
in a preliminary note.“ The current efficiency, or 
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conformance to Faraday’s law, showed some ionic 
conductance at all compositions, the proportion in- 
creasing with the concentration of silica. The current- 
efficiency experiments since have been extended. 
Furthermore, transport-number measurements have 
been completed in silica-saturated iron silicates to 
determine the nature of the conducting ions. 


Experimental 


Current Efficiency in Liquid Iron Oxide and Iron 
Silicates using Iron Anodes: This study was carried 
out by passing direct current through slags in the 
range from pure iron oxide to iron oxide saturated 
with silica (42 pct silica), using pure iron rods as 
anodes and the iron container as the cathode. A cop- 
per coulometer was included in the circuit to indi- 
cate the quantity of current passed during electrol- 
ysis. Assuming that the cation involved is Fe**, the 
theoretical quantity of iron lost from the anode ac- 
cording to Faraday’s law may be calculated and 
when compared with the actual loss observed, gives 
an indication of the extent to which Faraday’s law 
has been obeyed. It also gives an indication of the 
presence and extent of ionic conduction in the melt. 

Preparation of the Slags: About 100 g of chem- 
ically pure Fe,O, powder is placed in an iron pot 
which is heated by induction until the contents 
liquefy. In this way, FeO is produced according to 
the reaction Fe.O, + Fe = 3 FeO. More Fe,O, or 
SiO, powder is added and, when a sufficient quantity 
of molten slag is obtained, the induction unit is 
turned off, the pot withdrawn, and the molten slag 
poured on to an iron plate. 

Homogenization and Electrolysis of the Slag: 
Apparatus—After considerable development, the 
setup illustrated in Fig. 1 proved to be quite satis- 
factory. A is an Armco iron cylinder, 1 in. ID and 
¥g in. wall, consisting of three sections placed one 
on top of the other. The bottom section is a pot about 
5 in. long with a small hole drilled in its bottom to 
allow withdrawal of gases during evacuation of the 
apparatus. The middle section is 6 in. long and con- 
sists of a pot which serves as the slag container, 
while the top section is a hollow-cylinder continua- 
tion of the slag-container pot. The height of this 
latter section is about 5 in., giving an overall length 
of approximately 16 in. The iron cylinder is con- | 
structed in this way for ease of fabrication, the indi- 
vidual sections becoming welded together after the 
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first heat. The iron cylinder is centrally located 
inside a silica tube B and supported on a refractory 
plug C which also closes the lower end of tube B. 
The space between the silica tube and the iron 
cylinder is filled with 10 mesh alumina. The silica 
tube and its contents are suitably supported by re- 
fractory blocks interspaced by a series of radiation 
shields in a central position in a 48 in. long silica 
tube D which, in turn, is centrally positioned inside 
a copper induction coil N. The lower end of tube D 
is closed by a brass plate E sealed into position with 
apiezon wax. 

F is a ¥% in. ID silica guide tube containing a Pt— 
Pt-10 pct Rh thermocouple suitably protected in an 
alumina sheath G, a weighed pure iron electrode H, 
and its iron suspension wire I. The upper end of the 
guide tube, which is well above the furnace, is sealed 
with apiezon wax, while the lower end is open, the 
thermocouple sheath projecting about 1 in. outside, 
and the electrode about 2 in. The guide tube passes 
through a number of radiation shields in tube D into 
a pyrex glass head J joined on the silica tube by a 
pair of machined brass flanges and a rubber gasket. 
This arrangement forms a satisfactorily tight joint. 
The guide tube finally passes through a ground-glass 
joint K and Wilson seal L. In this way, the guide- 
tube assembly can be moved vertically without 
danger of the iron electrode touching the side of 
iron-cylinder A. An iron wire M, connected to cyl- 
inder A passing through and sealed with apiezon 
wax into head J, makes the connection to the second 
pole of the direct-current source. O is a sidearm 
connected by a three-way tap to vacuum and a 
source of argon. 

Procedure—The temperature distribution inside 
the empty iron pot is first determined. When operat- 
ing between 1200° and 1400°C, a uniform tempera- 
ture zone with a variation of less than 10° extends 
5 in. above the bottom of the slag container. 

About 120 g of the crushed prefused slag is placed 
in the iron container, calculated for a final slag 
depth of 2 in., and the apparatus assembled. The 
system then is evacuated and the induction unit 
turned on. When the temperature has reached about 
1000°C, argon gas is admitted into the furnace 
through sidearm O. The temperature is increased 
to 1400°C and maintained for a minimum of 4 hr, 
during which time the slag is stirred with an iron 
rod at 1 hr intervals. This provides an opportunity 
for the slag to reach equilibrium with the iron pot 
and defines the equilibrium Fe* + Fe = 2Fe”. At 
the end of this time, guide-tube F, which has been 
held 1 in. above the slag level during homogeniza- 
tion, is lowered through the Wilson seal until 
weighed-electrode H makes contact with the surface 
of the slag. This can be observed by a kicking of 
the ammeter needle in the electrolysis circuit. The 
electrode is immersed a measured distance below 
the slag surface and an electrolysis carried out, nor- 
mally by passing a current of 1 amp for 1 hr. A 
copper coulometer in the electrolysis circuit indi- 
cates the exact quantity of electricity passed during 
the experiment. At the end of the electrolysis, the 
electrode is raised out of the molten slag, the induc- 
tion unit switched off, and the furnace allowed to 
cool to room temperature under the argon atmos- 
phere. The guide-tube assembly is then lifted out 
of the furnace at ground-glass-joint K, and the elec- 
trode removed and weighed. 

The change in weight of the electrode is compared 
with the theoretical change calculated according to 
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Faraday’s law, assuming that Fe** ions are taking 
part in the electrolysis. 

The importance of the thermal-gradient effect was 
observed during experiments with pure FeO in which 
the zone of uniform temperature was not sufficiently 
long. The appearance of the iron rod at the end of 
experiments when no current was applied is shown 
in Fig. 2. This shows that the electrode dissolved at 
its lower end and had iron deposited on it at the 
level of the liquid iron-oxide surface. There is no 
measureable weight change. The electrode conducts 
heat away and is at a lower temperature at the level 
of the FeO surface than at its lower end. When the 
thermal gradient was removed, the shape of the 
electrode remained unchanged and there was a neg- 
ligible loss of weight of the anode with no current 
applied. 

Electrolysis of Silica-Saturated FeO/SiO, Slag 
using Platinum Anodes: In order to study the anode 
reaction in greater detail, inert anodes were re- 
quired. For this purpose, a modified apparatus was 
built for electrolysis of the slag with platinum anodes. 
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Fig. 2—Change in 
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trode by immersion 
in liquid iron oxide 
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This provided for the collection of the oxygen evolved 
from the anode during electrolysis. The technique 
involved the use of a silica capillary tube, 1.5 mm 
diam, containing a weighed iron lead wire attached 
to the 2 in. long platinum anode. Any oxygen evolved 
at the anode oxidized the iron wire, and the gain in 
weight of the latter could be used as a measure of 
the quantity of oxygen evolved. 

Apparatus—A Kanthal-wound resistance furnace 
was used for heating the electrolytic cell of Fig. 3. 
The uniform temperature zone extended over a 
length of 6 in. The furnace tube, 1% in. ID and 
48 in. long, was of mullite with ground-glass joints 
sealed on both the top and bottom of the tube. The 
bottom joint was connected for evacuating the fur- 
nace or filling with argon. The electrolytic cell was 
lowered through the top openings. The cell was an 
iron crucible, 2 in. deep and 1 in. OD, containing 
the slag and held within a molybdenum-sheet tube 
1 in. ID and 6 in. long. The latter served to protect 
the mullite tube from the iron oxide which some- 
times formed on the iron crucible. The silica tube 
containing the platinum-wire electrode and iron 
lead wire could be lowered or raised through the 
Wilson seal. 

Procedure—With argon flowing through the fur- 
nace, the electrolytic cell was introduced into the 
cold part of the mullite tube. The furnace was evac- 
uated and filled with argon. The cell and silica tube 
containing the platinum electrode then were lowered 
into the hot zone. After the slag had melted, the 
current was turned on and the electrolysis carried 
out. At the end of the experiment, the cell was 
pulled up into the cold part of the mullite tube and, 
after cooling, it was removed from the furnace. The 
iron wire was removed and reweighed. In all cases, 
the part of the iron which had been in the hot zone 
was covered with an oxide layer which tapered off 
in thickness towards the cold part. It is believed 
that nearly all the oxygen evolved was converted 
into iron oxide at low current densities, since no 
pressure change could be detected in the silica tube 
during electrolysis. However, at currents above about 
2 amp, the evolution of oxygen was too rapid and 
an increase in pressure was observed. Also, at such 
high currents, electrical polarization took place as 
a result of the rapid formation of silica at the anode. 
This caused the current to fall to extremely low 
values. At low currents, sufficient iron oxide could 
diffuse into this layer from the slag to allow the 
current to flow. 
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Transport-Number Measurements in Silica-Sat- 
urated FeO/SiO, Slags: This study consisted of the 
determination of the ions involved and their trans- 
port numbers in FeO/SiO, slags saturated with re- 
spect to SiO, during electrolysis. The method cor- 
responded to the Hittorf technique for measuring 
transport numbers of ions by measuring the compo- 
sition change of the electrode compartments after 
passage of known quantities of current. 

Apparatus and Procedure—The apparatus was the 
same as that described for measuring current effi- 
ciencies with iron anodes, see Fig. 1. The only modi- 
fication in technique consisted of raising the thermo- 
couple and anode inside the inner silica tube 4 in. 
above the bottom of the tube. The silica tube was 
lowered into the molten slag, and the pressure of 
argon in the furnace was then increased until the 
slag was raised up to the level of the electrode, with 
about % in. of the electrode being immersed in the 
slag. The temperature at the electrode level was a 
few degrees higher than in the slag container in 
order to prevent convection. 

A known direct current was passed for a definite 
period of time at the end of which the silica tube 
containing the electrode and slag was raised out of 
the slag in the iron container. After cooling, the part 
of the tube containing the slag was sectioned into 
three equal parts, the upper two of which were 
analyzed separately. In this analysis, the amount of 
silica in the tube was taken into account by a mate- 
rial balance so that the results would show both a 
change of slag composition and any solution of silica 
refractory. Actually, neither occurred as will be 
shown in the next section. (In trial experiments 
with platinum anodes, the slag around the electrode 
was found to change color from the light green char- 
acteristic of the ferrous ion to the deep brown of 
ferric ion in silicates. The level of the color change 
coincided exactly with the bottom of the platinum 
wire, and this served to show that convection and 


Table I. Cell Efficiency for Electrolysis of Iron Silicate 


Composition Cell 
Tempera- Current Anode Effi- 
Pet Pet ture, — Loss, ciency, 
FeO SiO» °C Amp Hr Grams Pct 

100 0 1400 0.00 1.00 0.0050 _ 

.0050 — 

100 0 1400 2.00 0.50 0.0832 8.3 
100 0 1400 2.00 1.00 0.1403 71 
100 0 1400 1.00 1.00 0.0630 6.3 

98.7 1.3 1400 2.00 0.50 0.0985 9.9 

98.7 1.3 1400 2.00 1.00 0.1792 9.0 

98.7 1.3 1400 1.00 1.00 0.1399 13.9 

98.7 L3 1400 1.00 1.00 0.1228 12.2 

94.9 5.1 1400 1.00 1.00 0.1344 13.5 

94.9 5.1 1400 2.00 0.50 0.1260 12.6 

93.5 6.5 1400 1.00 1.00 0.1103 112 

93.5 Gib: 1400 2.00 0.50 0.1085 11.0 

90.2 9.8 1400 0.25 0.50 0.0103 8.3 

89.4 10.6 1400 2.00 0.50 0.1401 14.0 

89.4 10.6 1400 1.00 1.00 0.0908 9.1 

86.2 13.8 1400 2.00 0.50 0.2625 26.3 

83.2 16.8 1400 1.00 0.50 0.1638 32.8 

82.8 L72 1400 1.00 0.50 0.2019 40.4 

79.3 20.7 1400 1.00 0.50 0.2153 43.1 

79.3 20.7 1400 0.50 0.50 0.1058 42.4 

77.6 22.4 1400 0.50 0.50 0.1251 50.1 

77.6 22.4 1400 1.00 0.50 0.2541 50.9 

75.4 24.6 1400 1.00 0.50 0.3019 60.5 

75.4 24.6 1400 0.50 0.50 0.1527 61.0 

74.0 26.0 1400 0.50 0.50 0.1574 63.1 

74.0 26.0 1400 1.00 0.25 0.1666 66.7 

65.6 34.4 1400 1.00 0.25 0.2304 92.2 

65.6 34.4 1200 1.00 0.25 0.2278 O11 

64.0 36.0 1400 0.25 0.50 0.1112 89.0 

64.0 36.0 1400 0.50 0.50 0.2207 88.5 

64.0 36.0 1400 1.00 0.25 0.2186 87.5 

64.0 36.0 1200 0.50 0.50 0.2303 92.2 

57.5 42.5 1400 0.50 0.50 0.2311 92.5 

bye fel) 42.5 1400 1.00 0.25 0.2215 88.6 

70.0 30.0 1400 1.00 0.25 0.2002 81.0 
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Fig. 3—Schematic section of apparatus for electrolysis of iron 
silicate with platinum electrodes. 


diffusion phenomena in the anode compartment were 
negligible in this setup). 


Results 

The essential data for the current-efficiency ex- 
periments with iron anodes are listed in Table I. The 
corresponding variation of cell efficiency with slag 
composition is shown in Fig. 4. The following con- 
clusions may be drawn from an examination of these 
results: 

1—The current efficiency is between 8 and 12 pct 
for compositions below 10 pct silica; it increases 
linearly with silica concentration to about 90 pct 
efficiency at 34 pct silica; and continues without 
change to saturation at 42 pct silica. There is, there- 
fore, definite ionic conduction at all the compositions 
studied, including the pure iron oxide. 

2—There is no apparent relation between the com- 
position-current efficiency curve of Fig. 4 and the 
FeO-SiO, equilibrium diagram. However, the break 
in the curve at 34 pct silica is close enough to fayalite, 
(2FeO-SiO.) = 29.8, to indicate the existence of 
some proportion of associated complex ions in the 
melt above this composition. 

3—The current density does not have an appre- 
ciable effect upon the current efficiency in the range 
0.5 to 4.0 amp per sq cm. 

4—The effect of temperature upon current effi- 
ciency in the liquid slags is negligible in the range 
of 1200° to 1400°C. 

In the experiments where electrolysis was carried 
out with platinum anodes, several tests were con- 
ducted at higher currents, but the results were not 
reliable because of polarization and a too rapid rate 
of oxygen evolution. The results obtained at low 
currents corroborate those from the series of experi- 
ments using iron anodes. In the experiments with 
platinum anodes, the amounts of oxygen evolved in- 
dicate that Faraday’s law is obeyed closely. Table II 
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Table Il. Current Efficiency in Silica-Saturated Liquid FeO/SiO. 
with Platinum Anode 


Weight 


of Oxygen 
Plati- Evolved, 
num- i.e., Iron- Cur- 
Tem- Slag Composition Anode Wire rent 
Cur- pera- Weight Weight Effi- 
rent, Time, ture, Pct Pet Gain, Gain, ciency, 
Anode Amp Min °C FeO SiO2 Grams Grams Pet 
Pt 0.5 30 1250 5 42.2 +0.0001 0.064 89 
Pt 0.5 60 1250 57.8 42.0 0.0003 0.120 87 
Pt 1.0 30 1250 57.8 42.0 0.0002 0.122 88 
Pt 1.0 60 1250 57.8 42.0 0.0001 0.240 87 
Bt 1.5 30 1250 57.8 42.0 0.0008 0.180 86 
Pt 1.5 60 1250 7.8 42.0 0.0006 0.350 81 


shows current efficiencies near 90 pct at low current 
density. In no case was the platinum anode affected, 
either by change in weight or in composition. This 
shows that the anode reaction consists of the evolu- 
tion of oxygen and the formation of silica as a result 
of the anodic oxidation of silicate ions, although it 
does not give information on the complexity of the 
silicate structure 


SiO," > SiO, + O, + 4e. 


The appearance of the slag around the electrode also 
verified this interpretation. When the platinum elec- 
trode was made cathode, a spongy mass of iron was 
found mixed with the slag near the electrode. The 
platinum cathode was not affected in this case either, 
and no oxide was visible on the iron lead wire. 

The data obtained from the transport-number 
measurements are shown in Table III. The anode 
weight loss from the blank runs, with no current 
passing, is of the order of 0.1 pct of the weight loss 
due to current. This establishes the validity of the 
data for each individual run. Since solution of iron 
from the anode as Fe ions approaches Faraday’s 
law and there is no increase in the amount of iron 
in the anode compartment, an equal amount of iron 
must have left this compartment by electrolytic 
migration, i.e., all of the current was carried by this 
ion. The conclusion is clearly that the transport 
number of the iron ions, Fe, is one. This proves 
that the ionic current is being carried almost com- 
pletely by these ions. 


Discussion of Results 
The conclusions drawn from these complete re- 
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Fig. 4—Cell efficiency in molten-iron silicates. 
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Table III. Transference-Number Experiments in Liquid Iron-Silicates 


Slag Composition in Silica Tube 


Anode Fet++ 
Slag Composition Top Half Lower Half 
urrent, Time, Tempera- A Oss, por 
Anode pees Min tures °C Pct FeO ~ Pct SiOz Pct FeO Pet SiO» Pct FeO Pct SiOz Grams Number 

Fe 0 7.5 1300 57.0 42.4 57.1 42.0 57.3 42.1 0.0003 —_— 
Fe 2.0 5 1300 57.9 42.3 58.1 41.4 58.4 40.9 0.261 1.0 
Fe 0 715 1200 57.0 42.3 57.6 41.8 57.5 42.2 0.0002 — 
Fe 2.0 7.5 1200 57.5 42.0 Si. 40.9 57.2 42.6 0.259 1.0 
Fe 0 10 1300 56.8 42.7 58.8 41.0 57.2 41.9 0.0001 —- 
Fe a5 10 1300 57.6 41.9 58.0 40.9 58.1 41.4 0.2422 1.0 
Fe 0 10 1200 pom f 43.5 55.9 43.4 56.0 43.0 0.0004 — 
Fe 1.5 10 1200 55.9 43.2 55.5 43.8 56.2 42.9 0.2431 1.0 
Fe 0 als} 1300 56.8 43.0 57.2 41.9 56.9 43.2 0.0005 — 
Fe 1.0 15 1300 57.1 42.0 57.6 42.3 57.0 42.6 0.2538 1.0 
Fe 0 15 1200 58.1 41.6 58.3 40.9 57.9 42.0 0.0003 —_— 
Fe 1.0 15 1200 57.2 42.8 58.5 41.3 58.4 41.0 0.2581 1.0 
Fe 2.0 7.5 1250 57.4 42.1 57.9 41.8 58.0 41.7 0.2597 a} 
Fe 0 75 1250 OTL 42.1 57.4 41.9 57.3 42.0 0.0005 — 
Fe 0 1.5 1300 57.2 42.1 57.4 41.8 57.0 42.4 0.0002 — 
Fe 2.0 TD 1300 58.0 42.1 58.3 40.9 58.2 41.0 0.2578 1 
Fe 0 9 1250 55.4 43.7 55.7 43.3 55.0 44.0 0.0005 _ 
Fe 1.5 9 1250 55.9 43.6 54.8 44.0 55.5 43.5 0.2877 it 
Fe 0 10 1280 57.9 41.8 57.6 42.0 57.3 42.2 0.0003 — 
Fe 1.5 10 1275 58.0 41.8 58.1 41.6 58.4 40.9 0.2418 5 
Fe 0 10 1285 57.0 42.6 ST.3 41.8 56.7 43.0 0.0006 — 
Fe ES 10 1280 56.7 42.8 58.0 41.5 57.2 41.9 0.2427 ay 
Pt 25 10 1250 56.6 42.1 58.1 39.2 56.4 41.0 0.0001 — 
12s 1.5 10 1270 56.6 42.2 60.3 38.9 56.8 41.5 + 0.0002 —_— 


sults confirm and amplify those tentatively put for- 
ward in the preliminary note:”™ 

1—The liquid iron oxide consists of ferrous and 
ferric ions in an oxygen-ion network, the high dis- 
order of the liquid state providing the equivalent of 
vacant oxygen sites in the solid crystal, as proposed 
by Richardson.” 

2—The break in Fig. 4 at 10 pct silica may be 
related to the minimum of ferric-ion concentration 
(2 pet) reached at this composition” ” and to the 
change in activity of FeO.’ 

3—Above 10 pct silica, the ions resulting from in- 
troduction of silica are increasingly effective in the 
conductance. 

4—The break in Fig. 4 at 34 pct silica may indi- 
cate the existence of some proportion of associated 
complex ions in the melts above the fayalite 
(2FeO - SiO.) composition. 

5—The melt consists mainly of ferrous, Fe’, and 
silicate ions, and also a small proportion of ferric, 
Fe’, ions. The ionic current is carried nearly com- 
pletely by the ferrous ions as shown by transport- 
number measurements. The electronic current is 
carried by the mechanism of semiconduction whereby 
electrons jump from ferrous to ferric ions. No new 
evidence is given on the nature of the silicate com- 
plex. 

6—There appears to be a direct relationship be- 
tween the percentage of ionic conduction and the 
activity of FeO. The latter has been measured by 
Schuhmann and Ensio’ for the same range of slag 
compositions. This shows that the variation of iron- 
oxide activity with the weight percentage of silica 
is very similar to the curve in Fig. 4 showing current 
efficiency as a function of composition. No variation 
of Ar.o with temperature was established by Schuh- 
mann and Ensio in the range of 1250° to 1400°C, just 
as the present experiments showed no temperature 
effect on current efficiency. Schuhmann and Ensio 
found that the FeO activity-composition relation- 
ships deviated considerably from those to be ex- 
pected for an ideal binary solution of FeO and SiO.. 
The partial molal heat of solution of FeO, from the 
liquid iron-oxide melt in equilibrium with solid iron, 
into the slags was estimated by them from the 
activity-temperature data to be zero. As Richardson” 
has pointed out, the entropy of fusion of most slags 
is not too high so that no major changes in structure 
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are to be expected on melting. Thus the liquid struc- 
ture resembles the solid, but lacks the long range 
order. This is in accord with Flood’s™ interpretation 
that the thermodynamic quantity is necessarily the 
activity of uncharged molecules or ion pairs (FeO, 
SiO.) and that it is rational to connect these quan- 
tities with the real constituents of the slags, namely, 
the ion species. 
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Inclusions in Steel from Pouring Refractories 


by D. J. Carney and E. C. Rudolphy 


Large macroscopic nonmetallic inclusions were related to altered fireclay refrac- 
tories by chemical and microscopic means. Pouring refractories are discussed as a 
source of these large inclusions. Nozzles and wells are major contributors. Use of 
alkali and titania contents as tracers is described. Recommendations are offered to 
minimize the sources of inclusions from pouring refractories. 


N any attempt to improve the cleanliness of plain 

carbon and alloy steels, consideration must be 
given not only to the proper deoxidation practice to 
minimize inclusions, but also to sources of inclusions 
from pouring refractories. In some cases, the inclu- 
sions resulting from deoxidation may be minor in 
amount, yet a relatively dirty steel may be produced 
as a result of improper care in the pouring practices 
for the steel. 

The number of studies of inclusions resulting from 
pouring refractories has increased recently and some 
excellent reports on this subject have already been 
published.'* Some of these reports were reviewed 
briefly in a companion paper by M. P. Fedock.® Mr. 
Fedock’s contribution is a fine addition to the studies 
necessary to improve steel cleanliness for the ulti- 
mate benefit of all steel producers and consumers. 

In the interest of constantly improving cleanli- 
ness, the authors have been actively engaged for the 
past two years in experimentation to determine more 
closely the sources of inclusions in steel. One phase 
of this work was associated with efforts to define 
more closely the sources of macroscopic inclusions 
which have been experienced on occasional heats. 
The term “macroscopic inclusions” is defined in gen- 
eral as those inclusions which are visible to the 
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naked eye or at low magnifications of the order of 
less than X25. These inclusions sometimes can be 
seen in the macro-etch tests of billets and slabs. This 
report summarizes a few of the field experiments 
and laboratory studies conducted at the South Works 
of the United States Steel Corp., which were made 
regarding nozzles, wells, and ingot scums, as well 
as inclusions occurring in steel products. The data 
in the present study, together with the data of Mr. 
Fedock concerning ladle erosion, should be of value 
in regard to future studies of inclusions arising from 
pouring refractories. The knowledge gained as a re- 
sult of data collected thus far at South Works has 
been helpful in improving the cleanliness of the prod- 
ucts and in pointing the way toward further im- 
provements. 


Similarity of Large Inclusions to Refractories 
and Altered Refractories 


In the routine inspection of billet etch tests, occa- 
sional inclusions visible to the naked eye have been 
observed. These large inclusions most frequently 
occur near the top of the ingot and near the billet 
surface. When such material was encountered, care- 
ful examinations were made in an attempt to deter- 
mine the origin of these inclusions. In a relatively 
few cases, examination revealed that the material 
was unaltered fireclay refractory of a type similar 
to that used for hot-top material, with only the sur- 
face of the inclusions having an altered appearance 
under the microscope. However, the great majority of 
these inclusions were completely altered-refractory 
material. The term “altered refractory” is defined 
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Table I. Chemical Correspondence of Macroscopic Inclusions with Teeming-Process Erosion Products 


Chemical Composition, Wt Pct 


Material SiO» MnO FeO TiOz Al203/SiO2 
Nonmetallic inclusion (grade 4620) * High Moderate Moderate Moderate Trace — 
Nonmetallic nozzle drip 55.5 24.3 13:1 — _— 2.3 
Nonmetallic nozzle drip 48.1 16.0 
Nozzle-bore coating (ladle) 39.2 35.5 7.4 _ — nL 
Nozzle-bore coating (ladle) 36.6 27.5 7.6 _— —_— 1.3 
Nozzle-bore coating (basket) 35.4 44.6 8.1 —_— — 0.8 
Nozzle-bore coating (basket) 47.9 8.3 0.7 
Nozzle (unaltered refractory) 30 65 —_— _ — 0.4 


* Spectrographic analysis: trace, 0 to 1 pct; moderate, 5 to 25 pet; and high, 25 pct or greater. 


as refractory material, such as fireclay, which has 
reacted chemically with the liquid steel to such an 
extent that the physical and chemical characteristics 
of the refractory have been markedly changed. It 
has been shown" that reactions between aluminum 
dissolved in liquid steel and the pouring refractories 
(such as Al + SiO, (refractory) = Al,O, + Si), and 
between manganese dissolved in liquid steel and the 
refractory (such as Mn + SiO, (refractory) = MnO 
+ Si) can, and apparently do, take place along with 
mechanical erosion. Other similar strong deoxidizers 
such as titanium and zirconium dissolved in steel 
ean also react chemically with fireclay and silica 
refractory material. The overall result of the above 
reaction processes, in the case of aluminum-killed 
fine-grained steels in contact with fireclay refrac- 
tories, is to increase the Al.O,/SiO, ratio of the 
altered refractory over that of the unaltered refrac- 
tory. A typical example of this process occurring in 
practice is given in Table I which qualitatively shows 
the chemical correspondence of macroscopic inclu- 
sions, nozzle drips, and altered-refractory surfaces. 

A more clearcut relationship of the inclusion mate- 
rial to that of altered-fireclay refractories was 
obtained by microscopic examination using petro- 
graphic techniques. A typical example of altered- 
refractory inclusions found in steel and at the sur- 
faces of fireclay refractories in contact with alu- 
minum-killed 0.20 to 0.40 pct C fine-grained steels 
is shown in Fig. 1. The major constituents of these 
inclusions are corundum (A1,O,), hercynite [ (Fe, 


a—Altered- 
fireclay nozzle- 
bore surface. 


Mn) O - AI.O,], and glass. The Al,O,/SiO, ratio is 
quite high. As the reaction between the liquid steel 
and the refractory proceeds, mullite is formed ini- 
tially. With the addition of more Al,O,, corundum 
is precipitated in two stages. These may be observed 
microscopically as two different generations. The first 
occurs approximately isothermally through super- 
saturation of siliceous glass by the foregoing re- 
action. The second generation precipitates upon 
cooling the glass below steel-pouring temperatures. 

These studies and observations, made over a pe- 
riod of several years, substantially established the 
fact that the large inclusions observed in etch tests 
were not similar to those which might be expected 
to form during deoxidation of liquid steel but that 
they were very similar, both in physical and chem- 
ical characteristics, to refractory materials which 
had been altered by reaction with the liquid metal 
at high temperatures. With this information as a 
background, the way was pointed for a study of the 
major origin of this altered-refractory material. This 
study is described in the sections to follow. 


Nozzle Erosion 

The chemical and petrographic similarity between 
the majority of large inclusions and the material 
which is formed in nozzles during teeming suggested 
a possible major source of these large inclusions. 
Further, the nonmetallic drips from nozzles, fre- 
quently observed as erosion products during pour- 
ing, showed upon examination that corundum, spinel, 
and glass are being carried into the ingot. Chemical 


b—Macroscopic 
inclusion in 
8620 steel. 


Fig. 1—Micrographs showing similarity in microstructure between altered-fireclay nozzle bore (a) and 


macroscopic inclusions (b) in 8620 steel. C is corundum; G, glass; and H, hercynite-rich spinel. Un- 


etched. X500. 
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Table Il. Chemical Correspondence of Ingot Scums and Nozzle 
Drips Formed During Teeming of Plain Carbon, Fine-Grained 
Steels (0.20 to 0.50 C; 0.70 to 0.90 Mn; 1% Lb Al per Ton) 


Chemical Composition, Wt Pct 


SiOz MnO 
Nozzie drip 42.9 24.7 12.0 
Nozzle drip 53.7 30.4 5.2 
Nozzle drip 41.3 27.8 6.6 
Ingot scum 45.2 22.8 15.1 
Ingot scum 32.0 20.5 23.5 
Ingot scum 46.4 29.3 11.6 


compositions of some nozzle drips and ingot scums 
are given in Table II. The similarity is striking. 

Inspection of standard fireclay nozzles before and 
after use revealed that marked erosion of nozzles 
occurs during teeming. One example is shown in 
Fig. 2. The majority of alloy steels produced in the 
open hearth at South Works are poured from a 
standard pit ladle into a so-called “basket” which is 
equipped with two sets of nozzles and stopper-rod 
assemblies and which has a capacity of approxi- 
mately 20 tons of metal. The nozzles examined were 
basket nozzles. The enlargement of the nozzle bores 
from 2 to 2% in. during the teeming operation fur- 
nishes approximately 15 cu in. of refractory mate- 
rial which is eroded throughout the whole heat and 
carried into the molds. Many nozzles examined 
eroded more than this amount during teeming. 

As a result of the above examinations, it was de- 
cided in 1948 to conduct a trial with nozzles made 
of a highly refractory aluminous material in an 
effort to minimize chemical and mechanical erosion. 
In the trial, one basket nozzle was mullite and the 
other was of standard fireclay composition. A fine- 
grained 8620 heat was teemed through this basket. 
After teeming, both nozzles were carefully removed 
for detailed examination. The standard nozzle was 
eroded in a manner similar to that shown previously 
in Fig. 2. The mullite nozzle showed no erosion. 
However, close examination revealed that a large 
amount of nonmetallic material was carried down 
into the mullite nozzle. This is shown in Fig. 3. These 
facts strongly suggested that the nozzle well and the 
ladle brick were also sources of altered-refractory 
material. With the mullite nozzle, there was an ab- 
sence of fluxing of the surface which prevented ero- 
sion and subsequent entrainment of the refractory 
material in the molten steel. In fact, metal chills 
and eroded nonmetallic material from above the 
nozzles remained as an accretion on the refractory 
surface of the mullite nozzle. While the highly re- 
fractory nozzle markedly reduced the amount of 
nonmetallic material entering the mold, it also con- 
stricted the metal-stream flow and produced a 


Fig. 2—Erosion of standard fireclay nozzle during the pouring of 
a fine-grained heat. The white lines designate the original bore 
contours of the nozzle. Area reduced approximately 45 pct from 
Y actual size for reproduction. 


ragged-spraying stream. On a practical basis, the 
use of mullite nozzles is limited by these factors. A 
compromise suggestion for nozzle material based on 
these trial results is suggested later in the paper. 

The foregoing discussion has been centered around 
the nozzles, since they definitely are subject to the 
most severe erosive conditions as the molten steel 
moves rapidly over their surfaces. However, since it 
was evident from these tests that the well material 
was also a fruitful source of refractory inclusions, a 
further study of this factor was indicated. 


Well Erosion 


The clay-shale which is used as standard practice 
in the basket-ladle wells contains a high percentage 


Table III. Chemical Composition* of Nonmetallic Materials Obtained from Ingots of 8620 Steel Poured During 


High Refractory Well Trial 


Na.O K:0 AlOzg SiOz FeO MnO 
Clay-shale Low Moderate High High Low Moderate Trace 
Ingot scum (sillimanite well) Trace Trace High Moderate Trace Moderate Moderate 
Ingot scum (clay-shale well) Low Moderate High Moderate Trace Moderate Moderate 
Material from top discard Trace Trace High Moderate Trace Moderate Moderate 
(sillimanite well) 
Material from top discard Low Moderate High High Low Moderate Moderate 


(clay-shale well) 


* Spectrographic analyses: trace, 0 to 1 pct; low, 1 to 5 pet; moderate, 5 to 25 pct; and high, 25 pct or greater. 
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of free silica and has a fusion point low enough to 
permit it to be eroded readily. In order to check the 
effects of erosion on this material, one well of a 
basket was made with a refractory sillimanite facing. 
The other well was made with the standard clay- 
shale practice. In order to eliminate the nonmetallics 
originating from the nozzle, mullite nozzles were 
used in this basket. Top discards were obtained from 
one ingot poured through each nozzle of the basket 
from each of two heats of 8620 steel. In these two 
heats, no large nonmetallic material was observed 
in the discards from the ingots which had been poured 
through the high refractory (sillimanite) well. Non- 
metallic material high in Al,O, was observed in the 
discards from the ingots which had been poured 
through the clay-shale well. 

The clay-shale used in these wells contains con- 
siderably more alkali than any of the other materials 
encountered in the teeming practice. As such, the 
alkalis formed good tracers for studying well erosion. 
The ingot scum and material from top discards of 
ingots poured through the sillimanite well contained 
only traces of alkali, whereas corresponding mate- 
rials from ingots poured through the clay-shale well 
contained notably higher alkali contents (see Table 
III). It must be concluded that the well, in addition 
to the nozzle, contributes nonmetallics to the ingot. 

The extent of erosion by the liquid steel flowing 
above the well was not known other than that some 
nonmetallic material is carried across the well and 
nozzle surfaces. Evidence of this can be seen when 
the latter are made of sillimanite and mullite. Away 


Fig. 3—Mullite nozzle showing an accretion of nonmetallic material 
which has been carried into the nozzle bore from the refractory- 
steel surface above. This material would have been carried into the 
ingot had the nozzle been subject to normal erosion. Area reduced 
approximately 30 pct from 4/5 actual size for reproduction. 
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Table IV. Use of TiO: Content as a Tracer of Refractory Erosion 
and Alteration in Liquid Steel 


Chemical Composition, Wt Pct 


Al- 


Grade AlLOz; SiOz MnO TiO. kali 


Ingot scum Altered 

8620 442 29.8 130 1.04 1.4 
Ingot scum Altered 

retractory, 8620 45:4. 14:0. (0:30) 
Ingot scum Altered 

Nozzle drip Altered EP, 

refractory 8620.5 24:3, 13:05 
Nozzle drip Altered ies 

8620 42.9 24.7 12.0 0.96 
Nozzle Unaltered 28.7 61.8 ioe 1.6 3.4 

refractory 

Unaltered 

34.0 54.4 2.3), 


from the well, it is expected that the erosion of brick 
materials quickly becomes less significant because 
the velocity of steel flow decreases markedly. “Dirt,” 
or partially adhering patching cements can be car- 
ried along with the steel into the ingot. Mr. Fedock’s 
recent work established that the erosion above the 
well which contributes to refractories in the ingot 
is limited most probably to an area centered on the 
well and no greater than 20 in. in diameter. 


Use of TiO. as a Refractory Tracer 


Altered and unaltered refractories have been re- 
lated to the large macroscopic inclusions in steel, 
and origins for these inclusions have been suggested. 
The extent to which refractories were responsible 
for these corundum-glass inclusions has yet to be 
considered. 

Almost all refractories contain 1 to 2 pct TiO.. 
Furthermore, the titanium content of aluminum 
added to the steel as a deoxidizer is almost nil (0.07 
pet). Other addition agents also are very low in 
titanium. The presence of TiO, in nonmetallic in- 
clusions in steel, therefore, would indicate that the 
material had a refractory origin. The amounts of 
TiO, in several samples of nonmetallic material asso- 


- ciated with the teeming process, namely ingot scums 


and nozzle drips, are presented in Table IV. The 
chemical composition and microstructure of these 
samples were similar to corundum-glass inclusions 
in steel (Fig. 4). Since more than 0.75 pct titania 
was present in these materials, it must be concluded 
that they contain some refractory. The amount of 
refractory present in these cases was 50 to 75 pct, 
assuming no gain or loss of the TiO, present. It was 
not determined how much of the remaining altered 
material was a reaction product between refractories 
and steel and how much was a deoxidation product 
from the steel. 


Summary and Recommendations 


A brief summary of the major findings of this 
report is as follows: 

Chemical and mechanical erosion of fireclay and 
silica pouring refractories by killed steels results in 
altered-refractory material being carried into the 
ingot. This material occasionally is entrapped in the 
ingot body and results in large macroscopic inclu- 
sions which are sometimes visible to the naked eye 
in billet etch tests. 

A major source of these inclusions was found to 
be the nozzle. It is estimated that the standard fire- 
clay nozzle contributes as much as 15 cu in. of re- 
fractory material to the ingots during the teeming 
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a—Ingot scum. 


b—Macroscopic 
inclusion in 


4620 steel. 


Fig. 4—Micrographs showing similarity in microstructure between ingot scum (a) and macroscopic in- 
clusion (b) in 4620 steel. C is corundum; G, glass, H, hercynite-rich spinel, and M, mullite. Unetched. X500. 


of a single heat. A trial conducted with more refrac- 
tory mullite nozzles reduced this erosion to a min- 
imum but contributed to a flared pouring stream. 

The use of a clay-shale-well practice also con- 
tributes a large amount of refractory material to 
the ingot. The use of a sillimanite-well practice 
rather than the clay-shale practice greatly minimized 
refractory erosion in the well area on low alloy steel 
heats. Tests revealed that the number of inclusions 
observed in ingot-top discards were considerably less 
for the sillimanite-well practice than they were for 
the standard clay-shale-well practice. 

The use of TiO, as a tracer material further con- 
firmed the fact that portions of ingot scums, nozzle 
drips, and certain inclusions definitely had refrac- 
tory origins. 

It might be logical to inquire at this point, in 
light of preceding information, how clean steels are 
ever produced, or rather, why more difficulty has 
not been experienced in the past with inclusions 
from these sources? The answer to these questions 
may be as follows: 

Once the nonmetallic material is carried into the 
ingot, it has a tendency to rise out of the molten 
steel because of its lower specific gravity. The accu- 
mulation of ingot scum on the top of the ingot is 
evidence of this density separation. Of ten corundum- 
bearing inclusions observed in etch tests, six were 
in the top cuts. Nonmetallic material from ingot 
scum is frequently observed as partially altered re- 
fractory on the surface of stripped ingots. These 
were certainly entrapped in the chill zone at the 
molten-steel surfaces during teeming. Material in 
this zone normally is removed from the ingot with 
the scale before rolling. Material further in from the 
surface must be entrapped in the solidification front. 
To date, the most plausible explanation is that the 
teeming stream carries scum below the surface of 
the ingot after the chill zone is formed (particularly 
during topping of the ingot). The shoulder at the 
base of the hot top possibly becomes a lodging place 
for some of that material. Thus, the mechanism of 
entrapment of inclusions below the surface of the 
ingot must be investigated thoroughly before com- 
plete elimination of large inclusions can be attained. 

The following recommendations are offered to 
minimize sources of inclusions from pouring refrac- 
tories: 

Mold Cleanliness: The importance of mold clean- 
liness is well known. All refractory material should 
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be removed. It cannot be overemphasized because 
any nonmetallic in the mold automatically becomes 
a potential source of entrapped inclusions. 

Basket Cleanliness: Material is carried into the 
well from the basket floor. Partially adhering slag, 
slurry, or patching materials on the bottoms would 
be especially subject to erosion by the molten steel. 

Nozzles: Snow and Shea* have shown that high 
heat duty fireclay nozzles are less subject to erosion 
by fine-grained low manganese steels than are con- 
ventional nozzles. Such nozzles may have merit. A 
trial of these nozzles is recommended along with a 
change in nozzle-bore shape. Considerable refrac- 
tory is eroded by the stream because the bore shape 
does not conform to the stream flow pattern. While 
the bore of a mullite nozzle likewise could be changed 
to give a less ragged stream, the use of mullite noz- 
zles currently is not recommended because of their 
cost and their tendency to build up an accretion in 
their bores. 

Wells: The adoption of the sillimanite-well prac- 
tice for baskets is recommended over the clay-well 
practice for steels where macrocleanliness is im- 
portant. A preformed fired well block in the basket 
is suggested as an alternate procedure. Its installa- 
tion and maintenance may be easier than the sil- 
limanite well. 


Acknowledgment 


The authors would like to acknowledge the work 
of L. H. Van Vlack and R. G. Wells, former members 
of the South Works Research Laboratory Staff, who 
collected the data for this report. 


References 


*A. McCance: Nonmetallic Inclusions: Their Con- 
stitution and Occurrence in Steel. Journal British Iron 
& Steel Institute (1918) 97, pp. 239-286. 

*J. R. Rait: Casting Pit Refractories as a Source of 
Nonmetallic Inclusions in Steel. Trans. British Ceramic 
Society (1943) 42, pp. 57-90. 

*C. A. Post and G. V. Luerssen: The Interaction of 
Liquid Steel with Ladle Refractories. Trans. AIME 
(1949) 185, pp. 15-26; JouRNAL or Mertats (January 
1949). 

*R. B. Snow and J. S. Shea: Mechanism of Erosion 
of Nozzles in Open Hearth Ladles. Journal American 
Ceramic Society (1949) 32, pp. 87-94. 

°M. P. Fedock: Sources of Inclusions from Pouring 
Refractories. Proceedings AIME Electric Furnace Steel 
Conference (1953) 11, pp. 269-274. 


DECEMBER 1954, JOURNAL OF METALS—1395 


Analysis of Factors that Limit the Production Rate 


And Coke Rate in the Iron Blast Furnace 


by W. O. Philbrook 


An engineering analysis indicates that the coke rate in present blast-furnace practice 
is set not by chemical or thermal needs but to give adequate charge permeability for 
economical driving rates. An equation showing interrelations among pressure drop, gas 
flow, and charge characteristics has been derived. Flooding conditions and the location 
of the fusion zone are discussed. Maximum ore size is probably limited by chemical re- 


ducibility rather than by heat transfer. 


HE intention of this paper is to show that the 

limitations on the production rate and coke re- 
quirement of the iron blast furnace are not prima- 
rily chemical or thermal in nature but are related to 
characteristics of the burden and operation that gov- 
ern gas flow, heat transfer, and stock movement. A 
semiquantitative analysis will be developed in 
terms of standard engineering principles to give a 
useful picture of the relative importance of physical 
and mechanical factors in contrast with the chemical 
features of the process that are more commonly 
emphasized. 

Most of the details of calculation have been omitted 
in the interest of brevity and to avoid submerging 
the main points in a sea of arithmetic. Numerical 
values have been arrived at by objective methods 
from reported operating data or by reasonable esti- 
mates of material properties where exact data are 
lacking and then tested to see how well they fit 
practice, rather than by working backward to find 
what assumptions are needed to give the desired 
answers. The analysis is oversimplified in many 
ways because exact engineering relations have not 
yet been studied for bed distributions as complex as 
are known to exist in the blast-furnace stock col- 
umn. One objective of this paper is to show that the 
blast furnace, in spite of its complexity, can be at- 
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tacked by engineering methods in the hope that this 
viewpoint will stimulate the kind of research needed 
for a more exact treatment. 

The basic ideas and many of the conclusions pre- 
sented are qualitatively well known. A careful liter- 
ature survey to credit the source of all observations 
not original to the author would indeed be volumi- 
nous, and such has not been attempted. T. L. 
Joseph’s Howe Memorial Lecture’ gives an excellent 
background of what is known about the internal 
workings of a blast furnace. Other important ref- 
erence works or sources of specific information will 
be noted. It is hoped that the present paper will 
contribute something new, in method of attack and 
interpretation, that will aid in a clearer understand- 
ing of how to operate the blast furnace to best ad- 
vantage. 


Factors Limiting Production and Coke Rates 

The rate of combustion of coke in a blast furnace, 
as in any fuel bed, is exactly proportional to the rate 
at which air is supplied. It is axiomatic, then, that 
the production rate of a furnace is limited by the 
rate at which it will take wind, ie., burn coke, 
and the amount of coke that must be burned at the 
tuyeres to make a ton of iron of suitable composi- 
tion. These two possible limiting factors will be 
considered briefly in the order mentioned. 

One common restriction on wind rate is flue-dust 
production. Since the volume of top gas is nearly 
proportional to the blast volume (by a factor of 
about 1.35 on a dry basis), an increased wind rate 
causes a correspondingly increased linear velocity of 
top gas in the throat of the furnace. The higher 
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rising velocity increases flue-dust losses until a halt 
must be called for either economic or mechanical 
reasons. Even for coarse burdens where flue dust is 
not a serious problem, however, too high a flow rate 
through the stock column ultimately leads to insta- 
bility of one sort or another so that the furnace will 
no longer move smoothly. This sort of limitation on 
wind rate is one of the main variables that will en- 
ter into the later discussion. 

The minimum coke rate required to make a ton of 
iron seems to be a more complicated problem. Cer- 
tain fairly obvious factors may be dismissed as sec- 
ondary variables that need not complicate the pres- 
ent discussion. For a basic iron, about 125 lb of 
carbon is required in the hearth to carburize and 
desulphurize the iron and to reduce silicon, manga- 
nese, and phosphorus. High gangue content of the 
ore and high ash and sulphur in the coke obviously 
will require more slag and flux, which entails higher 
coke consumption for heat and probably higher so- 
lution loss because of the CO, from the extra stone. 
Since radiation, convection, and cooling-water losses 
are relatively constant with time, the cooling losses 
per ton will vary inversely with the production rate 
in tons per hour. The foregoing factors will be 
ignored in order to concentrate attention on the role 
of carbon in the main process of reducing ore. 

Functions of Coke in the Blast Furnace: By a 
process of elimination, an attempt may be made to 
select the factor limiting the coke rate from among 
the three recognized functions of coke in the blast 
furnace: 1—Coke supplies the chemical reducing 
agent for smelting ore. 2—Coke is the source of 
heat for the process. 3—Coke, as a large-sized ma- 
terial occupying 60 pct or more of the volume of the 
stock column, provides the necessary permeability 
for gas flow. The common statement that ‘“‘coke sup- 
ports the burden” is merely a recognition that the 
coke must be strong enough to retain its size during 
its passage down the shaft. In principle, any of 
these functions might control the coke requirement. 
The third one has received little attention as a limit- 
ing factor, while controversy has raged over the 
other two. A comparison by pairs will be made to 
see which can be eliminated from consideration. 

Fuel vs Reducing Agent: Griiner in 1870 proposed 
(see discussion in ref. 2) that in an “‘ideally perfect 
working” blast furnace all reduction should be done 
by carbon monoxide, or by what is known as “indi- 
rect” reduction. Although Griner’s theorem has 
been thoroughly discredited,’ it died slowly and was 
a substantial roadblock to correct thinking about 
blast-furnace operation because of its superficial 
plausibility. 

One of the difficulties involved in estimating the 
amount of carbon required for reduction has been a 
decision on the limiting CO/CO, ratio set by equilib- 
rium considerations. Austin® calculated the theo- 
retical CO required for isothermal indirect reduc- 
tion of Fe,O, at various temperature levels and 
found that the process might be carried out with 
CO/CO, ratios little higher than 1 if the reduction 
could be completed at a relatively low temperature. 
He made no allowance, however, for carbon con- 
sumed in hearth reactions or for the presence in the 
furnace of coke and of CO, from limestone. 

Gumz‘ has proposed that the rising gases in a 
blast furnace actually reach heterogeneous equilib- 
rium with the solid phases in the shaft at some 
“reaction temperature.” This temperature is deter- 
mined by a simultaneous solution for the funda- 
mental gas-solid reaction equilibria and the heat 
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balance up to the top of the “reaction zone” at 
which the reaction temperature occurs. He calcu- 
lated a reaction temperature of 675°C (1247°F) fora 
charcoal blast furnace and assumed that this tem- 
perature was typical of other (coke) furnaces work- 
ing at ordinary pressures. Equilibrium was estab- 
lished on coke as the bulk phase rather than on iron 
oxides. The CO/CO, ratio at the reaction tempera- 
ture was 2.32, but this was lowered somewhat in the 
preheating zone above the reaction zone by first- 
stage reduction of Fe,O,; to Fe,O,, calcination of car- 
bonates other than CaCO,, and drying of the charge. 
Gumz’s procedure allows for no influence of nonuni- 
form stock distribution or of the physical structure 
or properties of the charge other than composition. 
In view of the known segregation of charge mate- 
rials within any present-day blast furnace, the top- 
gas analysis can be nothing better than an average 
of several poorly mixed streams rising at different 
temperatures and velocities through zones of widely 
varying ore and coke content. It seems pointless to 
belabor equilibrium considerations. 

For practical purposes, a top-gas CO/CO, ratio of 
2.0 can be taken as representative of average prac- 
tice and 1.5 as the lower limit likely to be attainable 
in real practice. Allowing for the carbon consumed 
in hearth reactions and for enough CaCO, to flux 
silica from the ore and coke, the coke requirement, 
shown in the upper part of Table I for purely “indi- 
rect” reduction, is reached. Since many American 
furnaces are operating with lower coke rates than 
calculated, it is obvious that the coke needed for in- 
direct reduction according to Griiner’s theorem can- 
not be a limiting factor, an observation that has 
been pointed out by numerous writers. 

Since some “‘direct”’ reduction or ‘‘solution loss” is 
recognized as beneficial in reducing the coke re- 
quirement, the argument now may be shifted to the 
opposite extreme. Consider a smelting furnace in 
which heat can be supplied independently of the 
coke, as by electrical energy. A practical equivalent 
is the electric-smelting furnace used in Italy and the 
Scandinavian countries or a ferroalloy furnace. Un- 
der these circumstances, there is no need to burn 
coke at the tuyeres to supply heat, and it can be 
used most efficiently as a reducing agent. The mech- 
anism of reduction will undoubtedly be a gas-solid 
reaction, that is, indirect reduction; but the continu- 
ous regeneration of CO from CO, by carbon will give 
the same net result as though direct reduction had 


Table 1. Coke Required for Indirect and Direct Reduction 
at Various Top-Gas Ratios, per Ton of Iron 


Top Gas, 


Lb 
CO/CO2z Net Reaction with Ore CaCO; Coke 


Indirect Reduction 
1.5 Fe203 + 7.5 CO = 2 Fe + 4.50 CO + 3.00 COs 850 1940 


2.0 FesOzs + 9.0 CO = 2 Fe + 6.00 CO + 3.00 COs 900 2300 
Direct Reduction 


2.0 Fe2Os + 2.25C =2¥Fe + 1.50CO + 0.75 CO. 700 710 
2.55 FesOs + 2.33C =2Fe+ 167CO+0.67CO2 700 730 
3.0 Fe203 + 240C =2Fe + 1.80CO + 0.60CO2 700 760 


Assumptions 


Ore: 52 pct Fe, 8 pct SiO», natural basis. 

Coke: 85 pet FC, 5 pet SiOev, natural basis. 

Iron: 4.5 pet C, 1.0 pct Si, 1.75 pet Mn, 0.25 pct P, 92.5 pct Fe. 120 
lb C required for hearth reactions, neglecting desulphurization. 

Flux: Enough CaCOs supplied to give pet CaO/ pet SiOe = 1.4 in 
slag. COs from flux reacts with carbon by solution loss to ad- 
just to stated CO/COz: ratio, including CO from hearth reactions. 

Results rounded to nearest 10 lb. 
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taken place. It is convenient to write the reaction as 
though solid carbon were the reducing agent. Rec- 
ognizing that such a process might not utilize CO as 
efficiently in the upper part of the shaft as the con- 
ventional furnace, top-gas ratios of 2.0 or higher 
may be assumed. Again taking into account the 
hearth reaction and flux requirements, the coke 
rates shown in the lower part of Table I may be cal- 
culated. It seems evident that, if it were not for the 
necessity of generating heat at the tuyeres, the coke 
could be cut well below present levels by a greater 
amount of “solution loss.” Clearly, the reducing- 
agent requirement is not the factor that limits the 
coke rate. 

It must be emphasized that the foregoing argu- 
ment has assumed that hearth temperature is con- 
trolled to produce a specified grade of iron and that 
adequate gaseous reduction occurs in the upper part 
of the shaft to prevent the top-gas ratio from ex- 
ceeding the stated values. If this control were lost, 
then direct reduction would be disastrous; but there 
is no reason to believe that any inherent limitation 
exists. 

Fuel vs Gas Flow: With chemical requirements 
eliminated, the implication is that thermal require- 
ments fix the coke rate. Indeed, this is the conclu- 
sion that many writers have reached. If Btu supply 
is the only limitation, however, the obvious solution 
is to increase the heat from hot blast and reduce the 
amount of coke at the tuyeres to give the same total 
heat balance in the hearth. Most furnaces have ade- 
quate stove capacity to move in this direction, but 
the furnace refuses to operate smoothly on a given 
burden with blast temperature above a critical level. 
This operating difficulty is the true limitation on 
coke rate, and it is necessary to look into the condi- 
tions governing gas flow and heat transfer in the 
furnace to seek an explanation. 


Gas Flow in the Blast Furnace 


A thoroughly quantitative treatment of gas flow 
through the blast-furnace shaft is impossible at the 
present time. Knowledge is inadequate to handle 
the nonuniform distribution of stock over the cross- 
section and the wide diversity in size and shape of 
solid particles. Changes in gas temperature and 
composition and in the horizontal cross-sectional area 
of the furnace along the path of gas flow are addi- 
tional complications. Nevertheless, a semiquantita- 
tive approach gives a surprisingly useful insight into 
important operating variables. A variation of the 
Carman treatment* for fluid flow through a bed of 
granular solids will be used as the basis for this 
analysis. A more elaborate treatment is available,* 
but its use is not justified by the incomplete data at 


1 1 10 100 1000 10,000 
MODIFIEO REYNOLDS NUMBER, Nie? G/ps 


MODIFIED FRICTION FACTOR, f' 


TT 


Fig. 1—Friction factor for beds of solids as a function of the 
modified Reynolds’ number (after Carman’). 
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hand and would only make this presentation unnec- 
essarily complicated. 

The friction loss or pressure drop incident to flow 
of a fluid through a bed of solids is given by Eq. 1, 
which is analagous to the familiar Fanning equation 
for pressure drop along a pipe 


Ap 
[1] 


where F is the mechanical energy lost in friction, 
ft-lb;oree lbmass; AP is pressure drop across the 
bed, lb,.,-. per sq ft; p is the density of gas, lbnu.. per 
cu ft; f’ is the modified friction factor, dimension- 
less; V, is the superficial mass velocity based on 
empty cross-section, ft per hr; g. is a dimensional 
constant, 4.16x10° — ft per 
the height of bed, ft; S is the specific surface of 
solids, sq ft per cu ft of bed volume; « is the poros- 
ity, fraction of bed which is void volume; G = Vp 
is the superficial mass velocity, lb per hr per sq ft, 
based on empty column cross-section; and yp is the 
viscosity of gas, lb»... per hr per ft. The modified 
friction factor, f’, is a function of the flow conditions 
in the system as characterized by the modified Rey- 
Vop G : 
nolds’ number, N’;. = = ——- The relation be- 
pS 

tween f’ and N’;, is shown in Fig. 1, from which f’ 
may be read if the Reynolds’ number is known, or 
from which an algebraic expression may be derived 
to represent a portion of the curve for a restricted 
range of flow conditions. 

Numerical values for G, », and S typical of blast- 
furnace conditions must be estimated in order to 
proceed further. The only set of operating data 
known to the writer that approach being complete 
enough to be useful for this purpose are those pub- 
lished by Dobscha® for normal and size-beneficiated 
burdens. For purposes of approximation, the shaft 
of the furnace is imagined to be a straight cylinder 
of hearth diameter, namely, 27 ft 6 in. The gas com- 
position and mass-flow rate are taken to be more 
nearly like the dry top gas than the bosh gas, giving a 
value of G of about 850 lb per hr per sq ft. The density 
and viscosity of the gas are assumed for an average 
temperature of 1500°F and gage pressure of 9 lb per 
sq in., giving » = 0.12 lb per hr per ft and p = 0.033 
lb per cu ft. Estimation of porosity and specific sur- 
face is more difficult and is little more than a guess, 
since the screen intervals for the seive analyses of 
the ores were rather large and irregular and no sizes 
were given for other materials. It seems advisable 
to neglect the —100 mesh ore on the basis that such 
fine sizes either blow out with the flue dust or are 
attached to larger particles; otherwise, the specific 
surface values are determined almost entirely by 
the —100 mesh material. On the supposition that 
the bed is “fluffed” by the rising gases to a porosity 
of about 0.5 (possibly a low estimate), the average 
specific surface is taken to be about 300 sq ft per cu 
ft of bed for the normal burden and something over 
200 for the beneficiated burden. In the central col- 
umn of a blast furnace where large-sized material 
predominates, the specific surface is probably more . 
nearly 50. Modified Reynolds’ numbers for the blast 
furnace, therefore, are taken to lie roughly within 
the range from 20 to 150. 
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It is somewhat awkward that the range of modi- 
fied Reynolds’ numbers for the blast furnace lies in 
the curve portion of the correlation line of Fig. 1 in 
the transition between completely viscous flow at 
the left and fully developed turbulent flow at the 
right. However, the restricted portion of the curve 
for N’;. between 20 and 200 can be reasonably ap- 
proximated by the straight line described by Eq. 3 


fi = 1.2; [3] 


For modified Reynolds’ numbers in the range from 
100 to 1000, which might well be obtained with 
coarse burden materials, a better fit is given by 
f ==-0:8 

Eq. 3 may now be substituted into Eq. 2 to obtain 


G -0.3 G LS 
= 
ps 
Gs 
[4] 
Ye pe 


As a check, this solves to a pressure drop of about 
20 psi for an 80 ft working height, S of 200 sq ft per 
cu ft, e = 0.5, and other values as noted earlier. This 
is of the right order of magnitude, fortuitously close 
to actual pressure drops, and offers some hope that 
qualitative predictions from Eq. 4 may be useful in 
spite of its oversimplification. 

For further discussion, it may be easier to visual- 
ize charge materials in terms of average particle size 
rather than in terms of specific surface. For a bed of 
irregular particles, the following substitution can be 
made 

6(1 —e) 
where D, is a surface-average particle size defined 
here, so that a bed of particles of uniform size D, 


would have the same specific surface as the actual 
material.* Calculated D, values corresponding to 


* The specific surface of a sphere is 6/D. The sphericity factor, 
w, corrects for the greater surface area per unit volume of non- 
spherical particles: y = (Area of sphere of same volume as a par- 
ticle) / (Surface area of the particle). Values of y range from 0 to l. 
The factor (1-e) is the fraction of bed volume occupied by particles. 

For a distribution of sizes of particles of the same shape and 
density, 1/Ds = »>(fi/Di), where the right-hand member represents 
the surn of all the quotients obtained by dividing the mass fraction 
of each screen size by the average screen aperature for the fraction. 
If particles of different densities are involved, volume fractions 
rather than mass fractions must be used. 


the specific surfaces estimated for Dobscha’s charges 
are about 0.15 in. for the normal burden and 0.2 in. 
for the beneficiated burden, indicating the large ef- 
fect of the small ore particles. Substituting this ex- 
pression for S into Eq. 4 and rearranging gives 


[5] 
de é 


Eq. 5 may be used to predict some interesting re- 
lationships among blast-furnace variables if Ap can 
be set equal to some limiting pressure drop above 
which the furnace will not operate smoothly. Inade- 
quate blower capacity might fix the maximum blast 
pressure available, but more commonly the limita- 
tion is set by the onset of instability in the stock 
column. If gradually increasing pressure being ap- 
plied at the tuyeres is imagined, the gas velocity will 
increase with pressure in accordance with Eq. 5 
until the frictional forces tending to lift the pieces 
of stock exceed the total weight of the stock column. 
At this pressure, aggregative fluidization® will occur, 
and the gas will bubble upward through the charge. 
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Further increase in pressure would increase the vi- 
olence of the bubbling with the ejection of streamers 
of solids at the stock line. The limiting pressure 
drop for the beginning of aggregative fluidization is 
given® by 


[6] 
where p, is the density of the solid particles, p the 
density of the gas, g the acceleration of gravity, and 
the other symbols are as defined? for Eq. 1. The gas 


_ t Note that g and gc have the same numerical value if expressed 
in consistent units, and that Eq. 8 gives Ap in Ibsforce per sq ft if 
English units are employed. 


density, p, may be neglected, since it is small com- 
pared with p,, and the product (1—e)p, is the average 
bulk density of the bed, which may be represented 
by the symbol p’,. Hence 


Ap =L [7] 


On the assumption that a blast furnace normally 
will be driven to the limit of pressure drop just short 
of excessive fluidization or instability of the stock 
column, the value for the limiting pressure drop 
given by Eq. 7 may be substituted into Eq. 5. The 
terms L/g, appear on both sides and cancel out, and 
the constants 13 and g may be combined. The factor 
mw in Eq. 5 may be included with the constants, 
since it is not a very potent variable and gas viscos- 
ity is not subject to any deliberate control during 
furnace operation. Appropriate rearrangement leads 
to 


[qd 


= constant [8] 
pD, 
1 / 1.3 0.7 
or, L( - = constant. [9] 


Some limitations of Eq. 8 should be noted before 
it is applied to practice. Eq. 7 may be checked 
against Dobscha’s study, in which the working 
height was 79.52 ft and the average bulk density of 
the charge was 66.6 and 69.5 lb per cu ft for the 
normal and beneficiated burdens, respectively. The 
limiting pressure drops calculate to 36.8 and 38.4 lb 
per sq in. compared with reported blast pressures of 
20 and 22 lb per sq in. The actual pressure drop was 
well below that needed to fluidize the whole stock 
column. If a central core filled with coke only were 
assumed (bulk density = 30 lb per cu ft), the flu- 
idizing pressure would be 16.6 lb per sq in. This 
suggests that the limiting pressure drop for normal 
filling may relate to a central core relatively rich in 
coke and lean in ore. For this portion of the stock 
column where large particle size predominates, it 
might be more appropriate to use the modified form 
of Eq. 3 for larger values of the modified Reynolds’ 
number. This would change the numerical value of 
the constant in Eqs. 8 and 9, and the exponents 1.7, 
1.3, and 0.7 would become 1.8, 1.2, and 0.8, respective- 
ly. The latter values fit the data reviewed by Joseph’ 
in which pressure drop in a bed of solids varied with 
the 1.8 power of the flow rate and inversely with the 
1.2 power of the particle diameter. Since it is im- 
possible at present to account exactly for actual dis- 
tribution of charge within a blast furnace, Eq. 8 is 
intended only to show the interrelations among the 
variables and is not claimed to be fully quantitative. 

Comparison of Equations with Practice: The terms 
in Eqs. 8 and 9 now will be identified with operating 
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variables, and the equations will be tested to see if 
they give any useful predictions. The left-hand 
fraction contains bed characteristics only, while the 
more important operating variables have been 
grouped in the right-hand fraction. 

The G term expresses production rate rather 
closely. The pounds of gas per hour per square foot 
of shaft area is nearly (though not exactly) pro- 
portional to the pounds of coke burned per hour in 
a given hearth area. Since gasification of coke above 
the tuyeres adds to gas weight and since production 
rate varies with coke per ton as well as with wind 
rate, some judgment must be used in comparing G 
with production rate when substantial changes in 
practice are involved. In Eq. 9, V. p replaces G. This 
form of the equation is useful if a comparison of lin- 
ear velocities of gas in the throat of the furnace is 
of interest in connection with flue-dust losses. 

The density of the gas, p, varies with pressure, 
temperature, and composition. Pressure is the only 
one of these factors which is amenable to independ- 
ent control in blast-furnace practice, and then only 
by operating with increased top pressure. An in- 
crease of top pressure to 10 lb per sq in. serves to 
increase the average static pressure and, therefore, 
the average density of the gas by about 30 pct. Note 
that the pressure drop through the furnace may de- 
crease with an increase in operating pressure, and 
that absolute rather than gage pressure is to be used 
in calculating gas density. 

The average particle size, D,, depends on the size 
distribution for the entire charge but is determined 
most strongly by the smaller-sized materials. The 
average size varies inversely with specific surface, 
sq ft per cu ft. Most of the surface is accounted for 
by the ore particles under % in. in size, but the coke 
and stone are important in that they occupy a large 
fraction of the volume of the furnace while contrib- 
uting comparatively little surface area. Thus, the 
large material increases D, about in proportion to its 
volume in the furnace relative to a given ore charge. 

In the first fraction on the left side of Eq. 8, the 
term [(1—e)/w]** has only a weak influence. The 
effective sphericity of a granular bed tends to in- 
erease as the packing density (1 — «) increases (po- 
rosity decreases), and the changes are partly com- 
pensating. The factor 1/e’ is a potent one. For 
porosity values of 0.50, 0.45, 0.40, and 0.35, the re- 
spective values of 1/é are 8, 11, 15.6, and 23.4; the 
bed resistance doubles for a 20 pct decrease in po- 
rosity from 0.5 to 0.4 and triples for a 30 pct de- 
crease to 0.35. Joseph’ gave a good review of the 
adverse effect on porosity of mixed particle sizes. 
As he pointed out, small-sized particles inevitably 
cause a high resistance to gas flow (D, in Eq. 8), but 
their effect is compounded if they are mixed with 
larger particles to give a minimum porosity as well. 
Exactly the same principle is expressed in somewhat 
more quantitative terms in Eq. 8. Joseph made a 
strong case for size segregation of ore and charging 
to give a small range of sizes in any given layer, but 
only a few blast-furnace operations have made prac- 
tical use of this knowledge. 

In the derivation of Eq. 8, it has been assumed 
that a blast furnace normally will be driven to the 
limit of pressure drop just short of excessive fluid- 
ization or instability of the stock column, so the 
overall value of Eq. 8 will remain constant. A 
change in one factor, therefore, requires or permits 
a compensating change in another. If D, or p or e¢ is 
increased in some way, then the driving rate, G, 
may be increased, but not in exact proportion. Like- 
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wise, an increase in the bulk density, p’,, of the 
charge because of an increase in burden ratio (or 


perhaps because of placing a higher proportion of 


ore in the central core), would permit a faster driv- 
ing rate if such an increase in charge density could 
be made with sized ore so as not to affect porosity or 
average particle size adversely. A few specific ex- 
amples will be given for illustration. 

Size Beneficiation: Dobscha’ has reported a care- 
ful operating comparison of furnace performance on 
a normal Lake ore burden and on a beneficiated 
burden constituted of coarse ores and concentrates 
with much of the —% in. material screened out, 
plus 20 pct sinter. Neglecting small changes in gas 
density, charge bulk density, and unknown, but 
probably not very great, changes in charge porosity, 
Eq. 8 predicts that 


Dee ? 1D); ? 1B}, 
Estimated average particle sizes were given earlier 


as 0.15 in. for the normal burden and 0.20 for the 
sized burden, so 


G 0.20. 
G 0.15 


This predicts a 25 pct increase in production rate as 
against 21.2 pct observed. However, the observed 
gain was not obtained from a higher gas flow rate 
(wind rate increased 2.4 pct and dry top-gas flow 
rate decreased 1.2 pct on a mass basis), but from a 
lower coke rate! Some discussion is necessary to 
salvage the theory. 

This discrepancy points up a serious problem in 
attempting to extend correlations based on compar- 
atively uniform beds to the complex distribution 
that exists in a blast furnace, without adequate ex- 
perimental basis. It is quite possible that the very 
smallest ore particles should be disregarded in com- 
puting specific surface, either because they are at- 
tached to, and behave as, part of larger lumps or be- 
cause they dance in the gas stream in interstices and 
do not add to flow resistance as strongly as the spe- 
cific surface implies. Only the —100 mesh material 
was disregarded in the writer’s estimations. The 
more likely possibility is that gas flow is channeled 
preferentially in the central core where larger sizes 
predominate, as noted in the first paragraph follow- 
ing Eq. 8. If average size in the central core is de- 
termining, then an increase in burden relative to 
coke would decrease this particle size appreciably 
by putting more fine material in the center of the 
shaft. 

Perhaps it was only because of the increase in 
average size of the ore in the beneficiated burden 
that an increase in burden ratio or decrease in coke 
rate was possible; one change compensated for an- 
other to hold D, = D, so G, could equal G,. It hap- 
pens that Dobscha’s beneficiated charge was im- 
proved chemically as well as physically.” There was 
less oxygen to be removed from ore, less gangue to 
flux, and less stone to be calcined and to contribute 
CO, to the stack gases. The lower chemical and ther- 
mal requirements called for less coke. It was possi- 
ble for the operator to capitalize on this potential 
saving and maintain the same wind rate with less 
coke per unit of burden because of adequate poros- 


ity. Without the size improvement of the ore, but 


only chemical improvement, it might well have been 
necessary to blow at a slower rate or to charge more 
coke to maintain permeability of the stock column. 
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It is significant that full advantage apparently 
could not be taken of the lower thermal requirement 
of the beneficiated burden, because the blast tem- 
perature was only 916°F compared with 969°F for 
the normal ores. Presumably a higher blast temper- 
ature would have been used to increase production 
rate still more if the furnace would have taken it. 
This point will be considered again in a later section. 

It is concluded that application of Eq. 8 to Dob- 
scha’s experiments does not disprove the equation 
but highlights the need for further experimentation 
to learn how to utilize the basic theory under the 
complex conditions in a blast furnace. 

High Top-Pressure Operation: The flow equation 
predicts that an increase in production rate should 
be obtained by operating a furnace at higher than 
normal pressure simply through the effect on gas 
density without consideration of chemical effects on 
solution loss or reaction rates. The data reported by 
Slater” may be used to check this prediction. As- 
suming no change in the character of the burden, 
Eq. 8 gives 


Pi P2 Gi Pi 
Since gas density is directly proportional to pres- 
sure, p/p, may be substituted for p./p,. Average 
pressures for Slater’s operation were (20+2)/2 = 
11 psig or 25.7 psia for normal operation, and 


(26+10)/2 = 18 psig or 32.7 psia for high top- 
pressure conditions. 


G, 
— = ( ) =1.15- 
25.7 


This predicts a 15 pct increase in production rate 
when blowing with maximum wind, which is in the 
middle of the range 11 to 20 pct reported by Slater. 
Improvement in flue dust is best seen from the rela- 
tion G = V.p. If G is held constant, an increase in p 
(by pressure) gives a corresponding decrease in 
linear velocity of the gas at the stockline. Even with 
full advantage taken of the possibility of increasing 
wind rate, Eq. 9 predicts a decrease of 9 pct in top- 
gas velocity for pressure operation. Some saving in 
coke at less than maximum wind rate can be ex- 
pected partly on the basis of lower linear velocity, 
longer time of contact, and hence more efficient us- 
age of reducing gas (if, indeed, a lower CO/CO, 
ratio is noted). It is also obvious that an increase in 
p permits a lower D, for the same gas flow rate, so 
it may be possible to operate with less coke required 
simply to give permeability in the stock column and 
to replace the thermal deficiency by hot blast heat. 
Eq. 8 also predicts that, by increasing gas density, it 
should be possible to maintain a given production 
rate, G, with finer ores (smaller D,). All-in-all, the 
equation adequately explains the observations with 
respect to high top-pressure operation. 

Summary of Relations to Limiting Factors: This 
section has made the point that the pressure drop 
through the blast furnace, and hence the blast pres- 
sure, is limited by the conditions under which ag- 
gregative fluidization or stock-column instability 
would set in. In order to attain an economically 
attractive wind rate, the size and shape of the 
charge particles and the porosity of the bed must 
provide adequate permeability for gas flow. It ap- 
pears that the central core of large-sized material 
may be essential to provide adequate flow for com- 
mercial rates of operation. An appreciable portion 
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of the coke requirement may be needed simply to 
ensure the necessary large size and high permea- 
bility of this portion of the stock column. If this is 
true, then such coke represents an economic cost of 
high production rate. The presence of this coke in 
the charge restricts the use that can be made of 
blast heat without losing control of hearth tempera- 
ture. Gas-flow requirements therefore may limit 
the minimum coke rate consistent with a reasonable 
production rate. 

An inference to be drawn from the principles just 
outlined is that coarse ores should permit lower coke 
consumption with higher blast temperatures, and 
this fits practical experience. There is reason to ex- 
pect a substantial saving in coke and an increase 
in production rate with the use of agglomerates of 
relatively large and uniform size produced from 
concentrates, and such savings will be credits to 
apply against the cost of beneficiation. The adverse 
effect of large lump size on rates of heating and re- 
duction will be dealt with in a later section. 

While the foregoing treatment has provided a pos- 
sible explanation of operating limitations to the 
greater use of hot blast heat, the explanation is a 
long-range one and does not account well for diffi- 
culties that might develop quickly and without any 
reduction in coke charge. Critical conditions under 
this theory should be indicated by rolling, blowing 
through, and excessive flue dust, rather than by 
hanging. It is believed that other factors may be 
controlling under certain circumstances, and these 
will now be explored. 


Flooding Conditions 


Elliott, Buchanan, and Wagstaff” made the ingeni- 
ous observation that conditions in the fusion zone of 
a blast furnace are similar to those in a countercur- 
rent vapor-lquid extraction tower, in which flooding 
occurs if either the gas or liquid flow rate is in- 
creased beyond a critical condition. They demon- 
strated by a model that the flooding criterion is the 
same when the liquid is formed by melting within 
the column as for normal feeding from the top. Cal- 
culations based on actual blast-furnace practice, as 
nearly as the pertinent factors could be estimated, 
showed that normal operating conditions are prob- 
ably not very far below the critical condition for 
flooding. Their Fig. 9 is reproduced for convenient 
reference as Fig. 2 of this paper, with a few sym- 
bols* changed to conform with those used here. 


* The symbol a was incorrectly defined in the title of Fig. 9 of 
ref. 12; it should have been defined as specific surface, S, as used 
in this paper. The symbol a was used correctly to denote specific 
surface in the text and calculations. 


Elliott and his coworkers gave such a clear and 
thorough discussion of the meaning of the flooding 
parameters and their relation to blast-furnace oper- 
ations that there is no need to do more than draw 
some comparisons with the overall flow-resistance 
principles developed herein. They called the two 
flooding parameters the “fluid ratio” and the “hang- 
ing factor,” as defined on the axes of Fig 2. The 
meaning of the symbols is the same as given follow- 
ing Eq. 1, but with subscripts G relating to gas and 
L to liquid (slag); V, refers to superficial gas veloc- 
ity and p» is the slag viscosity in centipoises. The 
fluid ratio has about the same numerical value for 
both iron and slag, and its range of variation is so 
small as to be unimportant. The hanging factor 
therefore is the controlling one. The hanging factor 
calculated for slag is substantially greater than that 
for iron because of the lower density and higher vis- 
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Buchanan, and Wagstaff”). 


cosity of the slag. It is assumed, therefore, that slag 
will be the liquid involved if flooding occurs. 

The properties included in the hanging factor are, 
in part, the same ones that are important to overall 
resistance to gas flow. There is an important dis- 
tinction, however. The danger of flooding occurs 
only at the fusion zone in the bosh where the slag is 
forming. The specific surface and porosity are, 
therefore, those of the coke alone rather than a com- 
posite for the charge. The gas density and mass flow 
rate are reckoned for bosh gas at appropriate tem- 
perature and pressure and for bosh diameter, rather 
than for average conditions higher in the shaft. 

The consequence of flooding would be that slag 
would hold up in the interstices of the coke and ulti- 
mately be regurgitated to a higher level in the fur- 
nace where it would freeze, blocking passages for 
gas flow. The effect would be self-propagating and 
would rapidly lead to hanging and a sharp rise in 
blast pressure and a decrease in wind rate. The 
hanging factor predicts an increasing tendency to- 
ward flooding with high gas velocity, small coke size 
and low porosity, and high slag viscosity. 

The flooding of coke by slag offers a very convinc- 
ing explanation of certain kinds of furnace difficul- 
ties, especially with small weak coke or very vis- 
cous slags. It does not, however, offer a complete 
theory for all limitations on production rate or coke 
rate. In fact, only the characteristics of the coke are 
involved, but not the burden ratio, so it is hard to 
see how flooding can account in any way for a re- 
striction on minimum coke rate. On the contrary, a 
low coke charge would be expected to result in a 
less limey and more fluid bosh slag, if anything, and 
less tendency toward flooding. The fluid ratio might 
be increased slightly by decreased coke consumption 
(higher ratio of slag flow to gas flow), but this term 
has only weak influence. There is no reason to think 
that blast temperature would have any continuing 
influence on flooding, although a sudden change in 
blast temperature might conceivably have a tran- 
sient effect. Finally, the calculated hanging factors 
for actual operation are lower than the critical val- 
ues indicated in Fig. 2 by about a factor of 4. In 


spite of the acknowledged uncertainties in estimat- - 


ing conditions inside the furnace, it seems unlikely 
that the margin of error is quite 400 pct and that 
furnaces normally work at the ragged edge of flood- 
ing. 
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It is proposed that both overall flow resistance 
and flooding tendencies are potential limits to wind 
rate. Normally the overall resistance becomes con- 
trolling first; but with poor coke or unusually vis- 
cous slags, flooding may occur first and become the 
limiting factor. Neither theory is entirely adequate 
to explain some peculiarities of furnace behavior. 
In particular, both would predict an advantage from 
oxygen enrichment, which reduces gas volume for a 
given rate of coke combustion and should promote 
smoother operation, but experience does not seem to 
bear this out. Still another limitation may exist, and 
this is inherent in the furnace lines relative to the 
location of the fusion zone. 


Location of the Fusion Zone 

To attack this phase of furnace operation, the heat 
balance in the hearth and heat transfer from rising 
hot gases to descending stock must be considered. It 
is assumed that a nearly constant temperature level 
must be maintained in the “‘hearth zone” to produce 
iron of specified analysis. The upper boundary of the 
“hearth zone” is taken to be a short distance above 
the tuyeres, but it is not necessarily a horizontal 
plane. The temperature is maintained constant by a 
balance between the heat released by combustion of 
coke plus hot blast heat and the heat consumed by 
hearth reactions, cooling losses, and heat carried out 
in the gas. Gases leaving this hearth zone are as- 
sumed to leave at a constant temperature level and 
to carry sensible heat content in proportion to their 
volume and volumetric heat content at the hearth 
temperature. 

The important consideration in the heat balance 
in the bosh is the volume of gas rising upward rela- 
tive to the total quantity of stock coming down in 
unit time. Suppose the relative quantity of gas to 
be decreased. This could occur from less coke 
burned at the tuyeres per ton of iron (since the gas 
is formed by burning coke) or from oxygen enrich- 
ment (decreasing the nitrogen content of the gas). 
The gas carries less heat upward per unit of de- 
scending stock, even though the temperature of the 
gas is initially at the normal level. The gas cools 
more rapidly because of its lower heat content rela- 
tive to the heat capacity of the stock. The levelin 
the bosh at which the fusion-zone temperature oc- 
curs therefore must fall. Furthermore, the tempera- 
ture levels all the way up the stack must fall, and 
the top-gas temperature will be lower as well. 

The lines of a blast furnace are designed to allow 
an increase in volume proportional to the thermal 
expansion of the stock as it settles through the in-- 
wall section. The lines contract again in the bosh to 
compensate for contraction during fusion of the iron 
and slag and from some consumption of coke by re- 
action with CO,. If the fusion zone is lowered dras- 
tically below the level for which the furnace was 
designed, the stock is still being heated and expand- 
ing when it reaches the constricting lines of the 
bosh. If the furnace offers mo room for the necessary 
expansion, the charge must be compacted, with re- 
sultant bridging, hanging, and increase in blast 
pressure. The furnace must be checked. 

Lowering of the fusion zone offers a rational 
explanation of why a furnace will not operate 
smoothly with too high a blast temperature and of 
similar difficulties that the writer understands have 
been encountered with oxygen enrichment. Other 
things being equal, a higher blast temperature de- 
mands that less coke be burned at the tuyeres per 
ton of iron in order to maintain the hearth tempera- 
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ture in balance. This results in less gas per unit of 
charge. Oxygen enrichment of itself generates no 
more heat, because the heat is released by combus- 
tion of coke with oxygen in any event. The reduced 
nitrogen content, however, carries less heat away 
from the hearth zone. This in turn changes the 
hearth heat balance in the direction of less coke, 
which further reduces the relative volume of rising 
gas. Not only is the fusion zone lowered, but the 
top-gas temperature falls also. 

There is considerable confirming evidence for a 
belief that any change in furnace performance that 
leads to the formation at the tuyeres of less gas per 
unit of charge will bring the fusion zone closer to 
the tuyeres. The general trend in furnace design 
over the years has been in the direction of shorter 
boshes, concurrent with increased efficiency of oper- 
ation. Fulton’s experience” provides a striking ex- 
ample of this. While an existing furnace design may 
permit a considerable degree of improvement, a 
point ultimately may be reached where the bosh 
lines restrict any further saving in coke. The fact 
that the blast temperature was lower for Dobscha’s 
beneficiated burden than fomthe normal charge sug- 
gests that the limit on coke rate may have been 
reached for those furnaces. It seems almost certain 
that further evolution in furnace lines to still 
shorter boshes, and probably to lower stocklines to 
prevent moisture condensation in downcomers, will 
be necessary to realize the ultimate advantages to 
be gained from coarser charge materials or oxygen 
enrichment. Unfortunately, an exact basis for engi- 
neering design is lacking. 


Heating and Reduction of Ore 

The preceding discussion has emphasized that 
charge materials ideally should be large in size to 
give minimum resistance to gas flow. Large parti- 
cles, however, require more time to be heated and 
reduced, so it is obvious that there must be some 
compromise on size. A brief treatment will be given 
to show that the limitation on maximum size is re- 
duction rather than heating and to try to bracket 
the optimum size for ore. 

Heat Transfer: A usefully complete treatment of 
heat flow to, and within, ore particles would greatly 
extend this already long paper, so the reader is re- 
ferred to ref. 6 or to specialized texts on heat trans- 
fer. The heat-transfer coefficient for heat flow from 
a hot gas to the surface of particles in a bed may be 

‘correlated with the thermal properties of the gas 
and with the flow conditions as characterized by the 
modified Reynolds’ number (DG/,). Unfortunately, 
the several investigations that have been made are 
not entirely in agreement, and they have dealt with 
much simpler particle shapes and bed characteristics 
than exist in a blast furnace. A further complication 
arises from the fact that the blast furnace appar- 
ently operates in the transition range of Reynolds’ 
numbers where the correlation changes continuously 
with the flow characteristics. It seems inappropriate 
to cite any one relation as being quantitatively ap- 
plicable to the blast furnace, but calculations of the 
heat-transfer coefficient from several likely possi- 
bilities have yielded results nearly enough in agree- 
ment for the present purpose. 

The surface heat-transfer coefficient can be util- 
lized in one of the standard solutions for unsteady- 
state heat transfer to approximate the temperature 
within the particle as a function of time. The den- 
sity, specific heat, and thermal conductivity of the 
solid must be known, and some guesses have been 


TRANSACTIONS AIME 


CUBE SIZE, IN. 


3 
wt 
300 
z 
= 
= 
uy 200 
= 
& 
Ks 
y ESTIMATE) 
(ROUGH 
0.5 1.0 1.5 2.0 


SQUARE OF EDGE LENGTH, (IN.)? 


Fig. 3—Time for 90 pct reduction and heating of ore cubes as a 
function of size. 


made of these properties for partly reduced ore par- 
ticles at a temperature of about 1500°F (800°C). In 
order to permit direct comparison with reducibility 
data, a calculation was made of the time required 
for 90 pct of ultimate heat absorption by cubic par- 
ticles. The time varies inversely with the square of 
the edge length of the cube. The results are shown 
as a band in Fig. 3. It is emphasized that this range 
is only a rough estimate at best. 

Reducibility: The reduction of ore particles is 
governed by diffusion processes that are analogous 
to thermal diffusion. The internal mechanism is com- 
plex, and the controlling factor in iron-ore reduc- 
tion is probably gaseous diffusion and convection in 
pores originally present and created during the 
process itself, rather than solid diffusion. The prac- 
tical problem is complicated further by differences 
in the composition and structure of the iron-bearing 
burden components and by the irregular shapes of 
natural particles. It might be expected that the 
basic similarity of mass diffusion in ore reduction to 
thermal diffusion would be masked by the superim- 
posed variables of structure and shape. It is sur- 
prising to find that Lewis’ data” on the effect of 
size on time for 90 pct reduction of cubes of Geneva 
iron ore follow almost exactly the D’ relation ex- 
pected of simple diffusion. Lewis’s data are re- 
plotted in this way in Fig. 3. 

The reduction times in Fig. 3 are considerably 
longer than the heating times for cubes of equal size. 
The Geneva ores were hematites of intermediate re- 
ducibility. Reduction times for other hematites and 
for nodules and pellets would be expected to group 
around the plotted values, and magnetites and sin- 
ters would take considerably longer to reduce. It 
seems safe to conclude that all ores and sinters can 
be heated to a given temperature faster than they 
can be reduced at that temperature. Since reduction 
by carbon monoxide is exothermic, the heat of reac- 
tion would raise the temperature at the reacting 
surface rather than lowering it. The rate of reduc- 
tion will not be limited seriously by the rate of heat 
supply. Maximum size of ore particles therefore 
should be determined by reducibility requirements 
rather than by heat transfer.* 


* From the reverse viewpoint of recovery of sensible heat from 
the gases by the stock, a large particle size would adversely affect 
the heat-transfer coefficient per unit of bed volume. However, the 
large size would also decrease pressure drop and permit a taller 
column, if necessary, for good thermal efficiency. It is believed to 
be so unlikely that heat-transfer requirements will be a limiting 
factor on ore particle size that a more quantitative analysis is un- 
necessary. 

It must be understood that Fig. 3 is useful only 
for a crude comparison of the relative times for heat- 
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ing and for reduction under similar conditions of 
immersion of ore cubes in gas of constant tempera- 
ture or constant reducing power. The data plotted 
can not be used to estimate any reduction time 
under actual blast-furnace counter-flow conditions. 
Under present knowledge, the only real test for a 
limiting size for adequate reducibility of a given 
charge material is performance in the blast furnace. 
If an increase in size causes an increase in top-gas 
CO/CO, ratio and coke consumption, then the limit- 
ing size has been passed. Laboratory tests can help 
only to extend predictions from limited performance 
tests to other sizes or materials. Since a certain 
amount of “direct reduction” is desirable anyway, 
and reduction time varies with the square of the 
particle size as well as with inherent properties of 
the material, great caution must be used in judg- 
ing the virtues of a blast-furnace feed material on a 
laboratory reducibility index alone. Quality should 
be defined in terms of use, and there is no point in 
increasing costs to obtain quality much better than 
is good enough for the intended application. 


Optimum Size for Blast-Furnace Feed 

An increase in particle size above that prevalent 
in present American blast-furnace ores would lead 
to higher permeability to gas flow in the ore-rich 
portions of the stock column. This would permit an 
increase in production rate through an increase in 
wind rate, decrease in coke rate, or both, depending 
on the original practice used as a basis for compari- 
son. Most of these advantages would be gained by 
eliminating —% in. particles from the burden, and 
the maximum improvement would be expected with 
ore of about the same size as the coke, or about 2 or 
3 in. in size. 

From the standpoint of reducibility, there is a 
limited amount of operating and laboratory data 
which can be used to estimate maximum ore size.” * 
Fairly porous natural hematites and limonites and 
hematitic pellets or nodules probably have adequate 
reducibility in sizes up to 2 in. The slower reducing 
magnetites and hard sinters seem to require sizing 
down to 1% to % in.* 

It is concluded that the optimum size for a screened 
ore or for an agglomerate produced from fines or 
concentrates is probably within the range from % 
to 2 in., with the upper side of the range favored for 
materials of good reducibility. 


Summary and Conclusions 

An effort has been made through the application 
of engineering and scientific principles to develop a 
complete analysis of the factors that restrict the 
production rate and coke economy of the blast fur- 
nace in as quantitative terms as present knowledge 
permits. The daily productivity of a blast furnace 
depends on the rate at which blast can be supplied 
without upsetting smooth operation of the furnace 
and on the pounds of coke that must be burned at 
the tuyeres to produce a ton of iron. It has been 
shown that the limiting coke rate under present 
blast-furnace practice is not determined by chemical 
or thermal requirements directly, but by considera- 
tions of gas flow and stock descent. The wind rate is 
also circumscribed by resistance to the flow of gases 
in the stock column, so the two main variables are 
interrelated. 

It is believed that under most circumstances the 
maximum rate of gas flow through the shaft of the 
furnace is limited by an overall pressure drop above 
which fluidization of the bed becomes excessive, 
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leading to blowing through, rolling, and abnormal 
flue-dust loss. The permissible gas-flow rate is in- 
creased by increasing average particle size, increas- 
ing gas density (top pressure), and increasing poros- 
ity of the bed, in accordance with Eq. 8. The removal 
of fines from ore and size segregation before charg- 
ing are pointed out as effective ways of increasing 
the permeability of the stock column to permit an 
increase in production rate. 

A charge bearing a large proportion of fine ore 
seems to require a central core of large-sized mate- 
rial, primarily coke, to give the permeability neces- 
sary to permit a high enough production rate for 
best overall costs. The gases rise preferentially 
through this path of least resistance where they 
come in contact with relatively little ore, so that 
the gas is not used to best advantage in heating and 
reducing the charge. The coke in the central core is 
used inefficiently to increase production rate at the 
expense of coke rate. This coke is chemically and 
thermally unnecessary, and its combustion at the 
tuyeres not only decreases the production rate but 
also limits the use that can be made of hot blast tem- 
perature without upsetting the hearth heat balance. 
Decreasing the proportion of fines in the ore im- 
proves the overall permeability of the stock column 
and reduces the need for coke simply to vent the gas. 
A lower coke consumption follows from improved 
efficiency and a greater use of hot blast heat until 
some other limiting factor becomes effective. For a 
given wind rate, increased tonnage is automatic if 
more iron is produced per unit of coke burned at the 
tuyeres. 

With small weak coke or with unusually viscous 
bosh slags, the flooding of the coke column in the 
bosh with slag may restrict the wind rate to a lower 
value than the limit placed by overall resistance of 
the stock column. Flooding leads to hanging and re- 
lated difficulties. This flooding tendency accounts 
for a limit on wind rate, but does not seem to be 
related directly to coke rate or blast temperature. 

A final limitation on coke rate and blast tempera- 
ture may be attributed to the lines of a particular 
furnace. A decrease in coke per unit of burden, or in- 
crease in burden ratio, leads to a lower volume of 
gases leaving the hearth zone per unit weight of 
descending stock. Oxygen enrichment of the blast 
would have the same effect by reducing the nitrogen 
content of the bosh gas. This lowers the position of 
the fusion zone in the furnace. If the stock has not 
reached the fusion temperature but is still expand- 
ing when it reaches the constricting lines of the 
bosh, bridging and hanging will occur. The lines of 
a furnace therefore may dictate that the coke rate 
and blast temperature must be adjusted to give at 
least the limiting volume of bosh gas per unit of 
charge. The ultimate gain from beneficiated burdens 
or oxygen enrichment of the blast probably will not 
be attained without some modification of blast-fur- 
nace lines in the direction of shorter boshes and 
lower stocklines. 

In principle there should be an optimum compro- 
mise on an ore size large enough for good gas flow 
and coke rate but small enough for sufficiently rapid 
heating and reduction. It appears that reducibility 
rather than heat flow limits the top size. A prelimi- 
nary estimate places the optimum size in the range 
from % to 2 in. depending on the reducibility of the 
burden material. 

With the developing trend toward greater use of 
prepared agglomerates, there is a remarkable oppor- 


TRANSACTIONS AIME 


tunity to design the feed and the process to fit one 
another to best advantage in contrast to forcing the 
process to take what is conveniently available. There 
is every reason to expect that substantial additional 
improvements can be made in blast-furnace produc- 
tivity and fuel costs, which will repay at least a 
portion of the cost of raw-material beneficiation. 
The changes in burden characteristics should be in 
the direction of larger size and greater uniformity of 
size. Some thought should be given to variations in 
charging procedure to work toward more uniform 
distribution of materials over the stock line as ore 
size approaches coke size. There is no reason to be 
complacent that the ultimate saving has been reached 
until blast temperature has been pushed up to the 
limit of economically reasonable stove capacity and 
the limitation on coke consumption has been moved 
back to fuel requirements, where it belongs. 

it is believed that this analysis accounts in a broad 
way for the major variables and limitations in blast- 
furnace operation relating to production rate, coke 
requirement, and properties of charge materials, 
aside from the determination of the final composi- 
tion of the iron and slag. While most of the conclu- 
sions taken individually are not new, it is hoped that 
this will give a more comprehensive and more 
nearly quantitative picture of the whole problem 
than heretofore has been available. A truly quanti- 
tative analysis will not be possible until adequate 
engineering treatments are developed for gas flow, 
heat transfer, stock movement, and reduction rates 
in a column with the heterogeneous distribution of 
materials by both size and kind that occurs in the 
blast furnace, or until the stock column has been 
made more homogeneous. Much research and devel- 
opment work is still needed, some of which is best 
attempted in the laboratory while other aspects re- 
quire full-scale operation. For the present, it must 
be recognized that this paper of necessity is based on 
extended extrapolations. Conclusions or predictions 
should be used with caution, checked constantly 
against practice, and modified as better information 
becomes available. 

Appendix 

An analysis similar to the one given here was pub- 
lished recently by Ergun.” Discussion and communica- 
tions from J. B. Wagstaff and H. H. Lowrie incident to 
the presentation of this paper have indicated that a 
brief comparison of the two treatments will be useful. 

The present paper, which has evolved over a period 
of three years, is intended primarily to demonstrate 
method of attack and to show interrelationships among 
variables because quantitatively exact predictions are 
not believed possible at the present time for reasons 
stated before. It seemed best for this purpose to base 
the treatment on simple and generally accepted engi- 
neering correlations that are available in standard texts 
or reference works, and the Carman treatment for fluid 
flow through granular beds was selected to relate pres- 
sure drop to blast-furnace variables. Ergun based his 
analysis on his own correlation,” which he believes to 
be more valid on theoretical grounds than earlier treat- 
ments. Ergun’s equations may be put into the form of 
Eq. 2 of this paper. His D, is a “geometric” particle 
size that is defined to be equal to D.w in the relation 
below the author’s Eq. 4. Taking proper account of 
definitions and units and the incorporation of a factor 
of 6 in the numerical constants, Ergun’s relation (Eq. 
14b of ref. 20) that is equivalent to Fig. 2 becomes 


f’ = 0.292 + 4,17/N’n.. [10] 


If Eq. 10 is plotted on Fig. 2, the two curves are nearly 
identical in the range of modified Reynolds’ number 
from 10 to 100, which covers most of the region that 
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was taken to be applicable to the blast furnace in this 
paper. There is in point of fact, then, no serious dis- 
agreement in the relation of friction loss to flow condi- 
tions within the region used in this paper, although the 
exponential approximation adopted here for mathe- 
matical convenience, Eq. 3, is quite different in appear- 
ance from Eq. 10. 

The major discrepancy between the two analyses lies 
in the estimations made of the average particle size and 
void volume in the stock column. Ergun’s selections, 
to be discussed in greater detail below, lead to values 
of N’r. (as defined here) of the order of 1500 or higher. 
In this region, Ergun’s equation (Eq. 10) lies above the 
line of Fig. 2 and differs from most other correlations 
in that f’ is virtually independent of N’r.. His analysis” 
of pressure drop in the blast furnace is based on what 
is equivalent to substituting f’ = 0.30 in Eq. 2 in place 
of Eq. 3. If proper account is taken of definitions, units 
of measurement, and combining of constants, this is 
identical to Eq. 2 of ref. 19. From this point onward, 
the forms of the equations and the mathematical treat- 
ments are different, but the points of similarity and 
difference should be obvious to those who have suffi- 
cient interest to compare them in detail. 

Ergun used an estimated void fraction, «, of 0.29 for 
blast furnaces, based on a “study of available informa- 
tion on bulk weight and density of raw materials, their 
relative amounts, and apparent specific gravities of 
blast furnace charges...” The present writer attempted 
to estimate void fractions for Dobscha’s burdens from 
the quoted bulk densities and reasonable guesses as to 
apparent densities of particles, since there were no 
experimental data to go on. The resulting estimates 
of e were 0.38 and 0.40 for the regular and beneficiated 
ores, respectively, and about 0.50 for coke and 0.39 for 
stone. For the overall averages for the charges, the 
calculated és were 0.45 and 0.46 for the regular and 
beneficiated burdens, assuming no size degradation and 
layered charges without mixing. A somewhat higher 
value of « = 0.5 was used in this paper in the belief 
that the bed is probably expanded to some extent by 
the rising gases, as indicated by the fact that blast 
pressure tends to be higher than normal for a given 
wind volume for a short time after the wind has been 
taken off, as in plugging the taphole. 

Ergun” stated: “Some fines adhere to coarse particles, 
while most are forced by gas into pockets between 
coarse pieces, resulting in the formation of channels. 
Therefore, there is a lower limit to the size of the 
fractions to be included...’ in the calculation of aver- 
age particle size. In Ergun’s calculations “only +8 
mesh-size fractions have been included.” No specific 
reason was given for the cutoff at 8 mesh rather than 
some other size, but this was probably found by trial 
and error to lead to calculated pressure drops of the 
right order of magnitude in conjunction with the se- 
lected value of « = 0.29. It may be noted also that 
Ergun made no adjustment for particle shape in esti- 
mating D, from screen-analysis data; otherwise, the 
methods of calculation are the same as used here. In 
this paper it was recognized also that extremely small 
particles had to be ignored to obtain reasonable average 
sizes. The cutoff was arbitrarily put at 100 mesh, and 
this gave reasonable results for the void fraction of 
0.50 assumed. Ergun’s selection of 8 mesh as the min- 
imum size to be considered lead to average particle 
sizes about 10 times those calculated here from a 100 
mesh cutoff size. 

The differences in particle size and void fraction esti- 
mated to be typical of blast-furnace burdens in the two 
papers under discussion lead to differences in the modi- 
fied Reynolds’ number by a factor of 10 to 20, which 
in turn placed the calculations on different regions of 
the correlation curve of Fig. 2 or Eq. 10. This, of course, 
leads to quantitatively different results. The differ- 
ences are largely matters of judgment which can be 
settled only by more exact information on blast-furnace 
operation. It also remains to be shown whether or not 
correlations for gas flow in randomly packed beds may 
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be applied without modification for layered and chan- 
neled charges such as occur in the blast furnace. 

For the present, this writer feels that these two inde- 
pendent analyses of the same problem should be con- 
sidered as complementary rather than competitive and 
that both are open to substantial revision with increase 
in knowledge of blast-furnace engineering. 
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Technical Note 


Evidence for Order in the Mn-Mo Sigma Phase 


by B. F. Decker, R. M. Waterstrat, and J. S. Kasper 


HE large difference in the X-ray scattering fac- 

tors for molybdenum and manganese makes the 
o phase in the Mn-Mo system an interesting one to 
study with respect to ordering of the atoms. Such a 
study has been carried out using data obtained from 
a powder sample, and the resulting evidence for 
ordering in this compound is presented here. 

It is not possible, of course, to obtain all the de- 
tails of structure for a o phase from powder data 
only. Most difficult of all would be the determina- 
tion of precise atomic parameters. There is reason 
to believe, however, that the atomic parameters do 
not vary greatly in the different o’s and that the 
precise values obtained from one o structure would 
then allow decisions as to the ordering of atoms to 
be made when there is a large difference in scatter- 
ing factors. In particular, the powder intensities for 
Mn-Mo o are for the most part in good agreement 
with those observed for Co-Cr, for which single 
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crystal studies have been made by the authors.’ 
There are a few marked discrepancies in the in- 
tensity comparison of the two o’s, and these cannot 
be removed by adjustment of the parameters. They 
are interpreted as resulting from a more pronounced 
effect of ordering of the atoms. 

Accordingly, the parameters of Co-Cr o* have 
been used for the calculations of the Mn-Mo inten- 
sities. For Co-Cr, the space group is D,*—P4/mnm 
with atoms in the following positions: I—2 in (b); 
II—4 in (f), with x=0.1031; IIJ—8 in (2), with 
0.3713 and y=0.0370; IV—8 in (1), with x=0.5662 
and y=0.2396; and V—8 in (j), with x—0.3160* and 
y=0.250. The unit cell is tetragonal, with a,=9.10A 
and c.=4.74A for the Mn-Mo o phase studied here. 


* Actually, it is believed that for position V, the valu i 
either 0.3063 or 0.3256, depending on which kind of Som Chel 
the position. The data for the present report do show clearly that 
associating Mo atoms with 0.3063 and Mn with 0.3256 is not good 
The reverse association is good, but the data are not sufficiently 
accurate to distinguish between such a model, and one in which 


both Mn and Mo atoms are pl i iti i 
placed in the average position, with 


The material was prepared by a method described 
elsewhere.” Chemical analysis yielded 63.7 atomic 
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Table |. Photographic Data for Mn-Mo o Phase (Cr Ka) 


Table II. Geiger-Counter Data for Mn-Mo o Phase (Cu Ka) 
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pct Mn and 36.3 atomic pct Mo. This gives 19.1 Mn 
atoms and 10.9 Mo atoms per unit cell. There may be 
a slight excess of one of the pure elements. However, 
the composition could be limited with certainty to 
the range Mn,.Mo,, to Mn.,.Movw. 

A powder photograph was taken with a rod- 
mounted specimen in a cylindrical camera with 5 
cm radius, using Cr Ka. Intensities were estimated 
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Ordered Disordered 
hkl Tops. Teale. 
311 20 27 11 
002 24 32 38 
330 62 63 62 
202 64 66 59 
212 127 123 115 
411 170 166 170 
331 84 79 84 
222 17 15 19 
312 17 13 19 


by visual comparison with a standard film strip. 
These data were not sufficiently accurate to warrant 
the application of absorption corrections. A small 
number of the intensities were also determined with 
a Geiger-counter spectrometer using Cu Ka and a 
thick flat sample, for which the absorption correc- 
tion is constant for all angles. It was not possible to 
study very many reflections with the spectrometer 
because of the low intensities and high background 
encountered. 

All calculated intensities have Lorentz, polariza- 
tion, and multiplicity factors applied. Also, the 
atomic-structure factors used were corrected for 
anomalous dispersion. 

Several models for ordering of the Mn and Mo 
atoms were tried. It was found that good agreement 
between calculated and observed intensities can be 
obtained only if I and IV contain all Mn atoms and 
II all Mo atoms. The ordered model which gave the 
best agreement for composition Mn,,Mo,, is the fol- 
lowing: 2 Mn in I; 4 Mo in II; 4 Mn, 4 Mo in III; 
8 Mn in IV; and 4 Mn, 4 Mo in V. All data pre- 
sented here are for Mn,,;MO,.. However, good agree- 
ment can also be obtained for Mn.,Mo, by replacing 
two Mo atoms in position III by Mn atoms. If the 
composition is indeed Mn,,Mo,,, the only change in- 
dicated is in the ratio of Mn to Mo atoms in position 
III. 

Observed and calculated intensities for both the 
disordered and ordered models are given in Table I 
(photographic data) and Table II (counter data). 
In general, the agreement is good for both models, 
but there are a few critical reflections, for which 
the ordered model is definitely better. Reflections 
(311) and (002) are observed as very nearly equal 
in intensity, in good agreement with calculated 
values for the ordered model, while the disordered 
model would make (002) more than three times as 
strong as (311). (202) is observed to be stronger 
than (330), a reversal of the disordered-model cal- 
culation; this is remedied in the ordered model. Re- 
flections (432), (611) and (512), (313), and (541) 
would not be observed if the disordered model is 
correct; they are observed, however, and with in- 
tensities in fair agreement with those calculated for 
the ordered model. 

This ordered model is also a reasonable one 
geometrically. The space available to an atom is 
large for positions II, which contain only Mo atoms, 
small for positions I and IV which contain only Mn 
atoms, and intermediate for positions III and V 
which accommodate both Mo and Mn atoms. 

It is concluded from the X-ray studies cited, to- 
gether with the geometrical consideration, that the 
o phase in the Mn-Mo system is ordered in the man- 
ner designated above. 


2B. Decker, R. M. Waterstrat, and J. Kasper: Trans. AIME 
p. 1476; JournaAL or METALS 1953). 
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Developments in the Carbonate Processing of Uranium Ores 


by F. A. Forward and J. Halpern 


A new process for extracting uranium from ores with carbonate solutions is described. 
Leaching is carried out under oxygen pressure to ensure that all the uranium is converted 
to the soluble hexavalent state. By this method, alkaline leaching can be used success- 
fully to treat a greater variety of ores, including pitchblende ores, than has been possible 
in the past. The advantages of carbonate leaching over conventional acid leaching 
processes are enhanced further by a new method which has been developed for recovering 
uranium from basic leach solutions. This is achieved by reducing the uranium to the 
tetravalent state with hydrogen in the presence of a suitable catalyst. A high grade 
uranium oxide product is precipitated directly from the leach solutions. Vanadium oxide 
also can be precipitated by this method. The chemistry of the leaching and precipitation 
reactions are discussed, and laboratory results are presented which illustrate the applica- 
bility of the process and describe the variables affecting leaching and precipitation rates, 


recoveries, and reagent consumption. 


HE extractive metallurgy of uranium is in- 

fluenced by a number of special considerations 
which generally do not arise in connection with the 
treatment of the more common base metal ores. Per- 
haps foremost among these is the very low uranium 
content of most of the ores which are encountered to- 
day, usually only a few tenths of one percent. A fur- 
ther difficulty is presented by the fact that the urani- 
um often occurs in such a form that it cannot be con- 
centrated efficiently by gravity or flotation methods. 
In these and other important respects, there is evi- 
dent some degree of parallelism between the extrac- 
tive metallurgy of uranium and that of gold and, as 
in the latter case, it has generally been found that 
uranium ores can best be treated directly by selec- 
tive leaching methods. 

It is readily evident that this parallel does not 
extend to the chemical properties of the two metals. 
Unlike gold, which is easily reduced to metallic 
form, uranium is highly reactive. It tends to occur 
as oxides, silicates, or salts. Two ores are of pre- 
dominant importance as commercial sources of this 
metal: pitchblende which contains uranium as the 
oxide, U,O;, and carnotite in which the uranium is 
present as a complex salt with vanadium, 
K.O-:2U0,;:V,0;:3H.O. These ores may vary widely 
in respect to the nature of their gangue constituents. 
Some are largely siliceous in composition, while 
others consist mainly of calcite. Sometimes sub- 
stantial amounts of pyrite or of organic materials 
are present and these may lead to specific problems 
in treating the ore. Further complications may be 
introduced by the presence of other metal values 
such as gold, copper, cobalt, or vanadium whose re- 
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covery has to be considered along with that of the 
uranium, or whose separation from uranium pre- 
sents particular difficulty. 

In general, there are two main processes for re- 
covering uranium in common use today.”* One of 
these employs an acid solution such as dilute sul- 
phuric acid to extract the uranium from the ore. A 
suitable oxidizing agent such as MnO, or NaNO, is 
sometimes added if the uranium in the ore is in a 
partially reduced state. The uranium dissolves as a 
uranyl sulphate salt and can be precipitated subse- 
quently by neutralization or other suitable treat- 
ment of the solution. 

The second process employs an alkaline leaching 
solution, usually containing sodium carbonate. The 
uranium, which must be in the hexavalent state, is 
dissolved as a complex uranyl tricarbonate salt, and 
then is precipitated either by neutralizing the solu- 
tion with acid or by adding an excess of sodium hy- 
droxide. The latter method has the advantage of 
permitting the solutions to be recycled, since the 
carbonate is not destroyed. This is essential if the 
process is to be economical, particularly with low 
grade ores. 

With each of these processes, there are associated 
a number of advantages and disadvantages and the 
choice between using acid or carbonate leaching is 
generally determined by the nature of the ore to be 
treated. 

In the past, more ores appear to have been amen- 
able to acid leaching than to carbonate leaching and 
the former process correspondingly has found wider 
application. With most ores, acid leaching has been 
found to operate fairly efficiently and to yield high 
recoveries. One of the main disadvantages has been 
that large amounts of impurities, such as iron and 
aluminum, sometimes are taken into solution along 
with the uranium. This may give rise to a high re- 
agent consumption and to difficulties in separating 
a pure uranium product. Excessive reagent con- 
sumption in the acid leach process also may result 
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from the presence in the ore of basic constituents 
such as calcium carbonate. Where the amount of 
such constituents is large, acid treatment is often 
uneconomical and carbonate leaching can be em- 
ployed more profitably. 

Among the chief advantages of the carbonate 
leach treatment are the relatively noncorrosive 
properties of the solution and its fairly specific sol- 
vent power for uranium and vanadium. Few im- 
purities are dissolved and simple procedures are 
available for recovering high grade uranium and 
vanadium products from the leach liquors. The 
solutions usually can be recycled and the reagent 
consumption kept fairly low. 

The main deterrent to the more extensive use of 
carbonate leaching in the past appears to have been 
the fact that it frequently yielded lower recoveries 
than could be obtained by acid leaching. With some 
ores, at least, it would appear that this has not been 
due to the limitations of the carbonate leaching 
method, but rather to deficiencies in the techniques 
which have been used in applying it. 

It is the object of this paper to draw attention to 
some of the problems associated with the carbonate 
leaching process and to show how it has been pos- 
sible, by introducing suitable pressure techniques, 
to extend greatly its efficiency and applicability to 
the point where it can be used with advantage to 
treat a greater variety of uranium ores. The useful- 
ness of the process is enhanced further by the de- 
velopment of an entirely new method, also involv- 
ing pressure techniques, which permits the recovery 
of high grade uranium and vanadium oxide precipi- 
tates directly from carbonate leach solutions. 

In essence, these new developments are based on 
the consideration that compounds of hexavalent 
uranium are readily soluble in carbonate solutions, 
while those of lower valence are completely insol- 
uble, and that the oxidation or reduction of uranium 
in carbonate solutions can be effected with gaseous 
molecular oxygen or hydrogen, respectively. 

To ensure high uranium extractions, leaching is 
carried out at elevated temperatures under a posi- 
tive partial pressure of oxygen or air, all the urani- 
um thus being converted to and maintained in the 
soluble hexavalent state. By this means it has been 
found possible, for the first time, to apply carbonate 
leaching successfully to primary ores, such as pitch- 
blende which contains uranium largely in reduced 
form and which formerly could be treated only with 
acid. This need for oxidizing the uranium appears 
to have been overlooked in most of the earlier car- 
bonate leaching procedures with the result that 
poor recoveries were often obtained. The procedure 
described here, in which oxygen or compressed air 
is used to effect this oxidation, was suggested by 
earlier work which led to the development of a sim- 
ilar process for leaching Ni-Cu-Co sulphide ores 
with ammonia.’ 

Some of the considerations already referred to 
also suggested that reduction of uranium from the 
hexavalent to the tetravalent state would provide a 
particularly effective method of precipitating it 
from carbonate solutions. It was found that this 
reduction could be achieved best by treating the 
solution with gaseous hydrogen at elevated tem- 
peratures and pressures in the presence of a suitable 
catalyst. The reduced uranium is precipitated com- 
pletely as the oxide, UO,. This method of precipita- 
tion also applies to vanadium and appears to have 
certain advantages over the caustic precipitation 
procedure which is also considered in this paper. 
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The pressure leaching process and the caustic and 
hydrogen precipitation processes have been sub- 
jected to extensive laboratory studies with a view 
of establishing their applicability, examining their 
chemistry, and obtaining quantitative information 
about the variables which determine the leaching 
and precipitation rates, recoveries, and reagent con- 
sumptions. Some of the results of these investiga- 
tions are presented and discussed in the following 
sections. 

Experimental 

Materials: Table I describes some typical ores 
on which leaching tests were conducted. They range 
in uranium content from 0.12 to 0.71 pet U;,O; and 
were selected to represent as wide as possible a 
range of grades and compositions. Most of the ores 
are of primary origin containing uranium princi- 
pally as pitchblende or uraninite. A few secondary 
ores such as carnotite, are also represented (B and D). 

The catalyst used in the hydrogen precipitation 
experiments was Eimer and Amend chemically pure 
nickel powder. Its surface area, determined by the 
BET adsorption method, was 0.72 sq m per g. 

Commercial oxygen and hydrogen gases, supplied 
in cylinders, were used without purification. All 
other reagents were of chemically pure grade. 

Procedures: Leaching Experiments: 1500 g of ore, 
crushed to —10 mesh, was rod-milled to the re- 
quired particle size and made up with water and 
sodium carbonate to a desired pulp density and so- 
lution composition. The pulp was placed in an 
autoclave and maintained with continuous stirring 
at a given temperature and oxygen pressure. Sam- 
ples of the ore and solution were withdrawn peri- 
odically and analyzed to determine the leaching 
rate, U,O, extraction, and reagent consumption. 

Caustic Precipitation Experiments: The solution 
was analyzed for U;O;, V.O;, Na,CO;, and NaHCO. 
Sufficient NaOH was added to neutralize the 
NaHCoO,, allow for the formation of sodium uranate, 
and provide a given excess in the solution. The 
solution was stirred and analyzed periodically to 
determine the extent of U,O; precipitation. 

Hydrogen Precipitation Experiments: The charge, 
consisting of 3 to 4 liters of solution of given com- 
position and a desired quantity of nickel catalyst, 
was placed in an autoclave and maintained with 
continuous stirring at a given temperature and hy- 
drogen pressure. The solution was analyzed period- 
ically to determine the rate of uranium precipitation 
and the reagent consumption. 

Analytical Procedures: Uranium was determined 
by the column method* or fluorimetrically.” Vana- 
dium was determined by titration with FeSO,.° CO,;, 
HCO,, and OH were determined by titration with 
standard HCl.’ 


Results and Discussion 


Carbonate Leaching: Leaching Rates and U;O,; Re- 
coveries: Minerals such as carnotite, which contains 
uranium in the hexavalent form, generally are dis- 


Table I. Analysis of Typical Ores 


Ore A, Pet B, Pct C, Pct D, Pet E, Pet 
UzOs 0.12 0.16 0.18 0.31 0.41 0.71 
V20; nil 0.15 nil 0.91 nil nil 
iS) 0.25 nil 0.50 nil 0.50 0.30 
CaCOs 11.36 11.36 8.5 13.64 26.8 
Fe 2.0 trace 3.8 1.6 3.9 6.9 
Acid 

insoluble 88.0 18.0 88.0 86.8 86.5 60.4 
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Fig. 1—Leaching rates of various uranium ores at 100°C, 
30 psi O.. 


solved readily by solutions containing carbonate 
and bicarbonate salts according to the following 
equation 


With primary minerals such as pitchblende, simi- 
lar dissolution should occur providing oxygen is 
present to convert the uranium to the soluble hex- 
avalent form. The leaching reaction then may be 
written as 


+3U0,(CO,)= + 3H.0. [2] 


Some bicarbonate as well as carbonate must be 
present in the solution to prevent the formation of 
free OH during leaching. If the solution contains 
earbonate only, the accumulation of OH results in 
the hydrolysis of the uranyl ion and its reprecipita- 
tion as insoluble uranate salts. 

In accordance with these considerations, it was 
found that, in the presence of oxygen, high uranium 
extractions were obtained by carbonate-bicarbonate 
leaching on all the ores examined. Some typical 
leaching rate curves are shown in Fig. 1. The final 
U,O, extractions for the various ores and the cor- 


Table I]. Summary of Retention Times and Final U,O, Extractions* 
Analysis Final 
Retention U308 

Initial, Final, Time, Extrac- 

Ore Pct Pet Hr tion, Pet 
A 12 0.010 4 92.0 
B 0.16 0.008 3 95.0 
(3) 0.18 0.013 3 93.0 
D 0.31 0.003 1 99.0 
E 0.41 0.012 3 97.0 
F 0.71 0.032 3 95.5 


* Average mesh of grind, 90 pct —325 mesh; solution, NasCOs: 
40 to 50 g per liter, NaHCO;: 10 to 20 g per liter; temperature, 
100°C; O» partial pressure, 2 atm; and pulp density, 25 to 60 pct 
solids. 
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Table III. Reagent Consumption During Carbonate Leaching 
of Various Ores* 


ontent Na2SO4 
Initial, Final, Consumed, lent, Produced, 
Ore Pet Pet Lb per Ton LbperTon Lb per Ton 
A 0.25 0.10 20.4 13.7 12.8 
B nil nil nil nil nil 
© 0.50 0.20 38.2 25.6 26.8 
D nil nil nil nil nil 
E 0.50 0.20 37.9 25.4 26.7 
F 0.30 0.06 31.8 21.3 n.d. 
Et 0.18 0.06 13.2 8.8 8.5 


* Same conditions as in Table II. 
+ Converted to NaHCOs, chiefly by Eq. 3. j 
+ After partial removal of sulphides by flotation. 


responding retention times are summarized in Table 

It is seen that, while all the ores yielded final U,O, 
extractions in excess of 92 pct, the retention times 
required to obtain these recoveries, under fixed 
leaching conditions, varied from 1 to 4 hr for the 
different ores. In general, leaching rates were higher 
with the secondary ores where only a physical dis- 
solution process was involved than with the primary 
ores where the chemical oxidation process was rate 
controlling.® 

Reagent Consumption im Side Reactions: The 
amounts of carbonate, bicarbonate, and oxygen con- 
sumed during leaching, by reaction with the ura- 
nium as shown by Eqs. 1 and 2, usually are very 
small. However, it was found that side reactions 
with other constituents of the ores often gave rise 
to additional consumption of these reagents which, 
in some cases, was more substantial. Some of the 
reactions, which were encountered, are illustrated 
by the following equations 


2FeS, + 7% O, + 8COs + 7H.O > 2Fe(OH),; + 


SHCOm 
CaSO, + Na,CO, > CaCO, + NaSO, 
SiO, > Si0= = [5] 


CaO + 2HCO,-> CaCO, + COs 


Table III shows that, with most of the ores that 
were examined, the observed reagent consumption 
was due largely to the reaction of sulphides in 
accordance with Eq. 3. Where the extent of this 
reaction was excessive, it was found that the sul- 
phide content of the ore, and consequently the re- 
agent consumption on leaching, usually could be 
reduced to a moderate value without appreciable 
loss of uranium by prior flotation. Dissolution 
of silica (Eq. 5) was negligible at temperatures 
below 120°C. 

Carbonaceous matter, which was present in some 
of the ores, also reacted with oxygen and carbonate 
during the leach, consuming these reagents and con- 
taminating the leach solutions. This usually could 
be avoided by subjecting the ore to a low tempera- 
ture roast (400° to 600°C) prior to leaching. Often 
an improvement in the settling and filtering charac- 
teristics of the ore also resulted from this roast 
treatment. 

Leaching Variables: The leaching rates and re- 
coveries of uranium are influenced by various con- 
ditions such as the grind of the ore, the carbonate 
and bicarbonate concentrations of the leach solution, 
temperature, and oxygen pressure. A detailed dis- 
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cussion of these variables has been presented in 
earlier papers.” ° Some of the more important effects 
are summarized here: 

1—Grind: With pitchblende ores, grinding to 
—100 mesh was generally necessary to obtain maxi- 
mum recoveries. The leaching rate increased with 
the extent of grinding so as to suggest that it was 
directly proportional to the exposed surface area of 
the pitchblende.* ° Carnotite ores could be leached 
at a somewhat coarser grind, usually corresponding 
to the natural grain size of the ore. 

2—Composition of the Leach Solutions: Optimum 
leaching rates and recoveries were generally ob- 
tained when the solution contained 40 to 50 g per 
liter Na,CO,; and 10 to 20 g per liter NaHCO,. At 
lower concentrations, the leaching rate fell off, while 
higher concentrations appeared to offer no particu- 
lar advantage. It was found that the presence of 
some bicarbonate in the solutions was particularly 
critical for efficient leaching. Neutral salts such as 
Na.SO,, which were sometimes formed during leach- 
ing and accumulated in the leach solutions as they 
were recycled, were found to be without effect. 

3—Pulp Density: Varying the pulp density from 
25 to 60 pct solids was found to have no effect on the 
leaching rates and recoveries of uranium from any 
of the ores. 

4—-Temperature: The leaching rates for the pitch- 
blende ores were found to have a fairly high tem- 
perature coefficient, increasing by 50 to 100 pct for 
every rise in temperature of 10°C. This is illustrated 
in Fig. 2 which depicts the rate curves for a typical 
ore at various temperatures ranging from 61° to 
115°C. It is seen that leaching becomes very slow 
below 80° to 100°C and that for optimum results the 
temperature should be maintained at about 100°C. 
Excessively high temperatures (above 120°C) should 
be avoided, since they give rise to the dissolution 
of appreciable amounts of silica. The high tempera- 
ture coefficient of the leaching rate for pitchblende 
ores reflects the fact that the rate is determined by 
a chemical reaction, involving the oxidation of the 
uranium. For some of the carnotite ores in which 
the uranium occurs in a fully oxidized form and 
only a physical dissolution process appears to be in- 
volved, the temperature coefficient of the leaching 
rate was found to be lower and correspondingly 
lower leaching temperatures of 60° to 70°C could be 
employed. 

5—Oxygen: With all the pitchblende ores, the 
presence of oxygen was found to be critical to the 
leaching process. Some results illustrating this are 
shown in Fig. 3. It is seen that no leaching occurred 
in the absence of oxygen. As the oxygen pressure 
was increased from 0.5 to 4.0 atm, the leaching rate 
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Fig. 2—Effect of temperature on carbonate leaching of a typical 
pitchblende ore under oxygen pressure. 
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Fig. 3—Effect of O, pressure on carbonate leaching of a pitch- 
blende ore at 100°C. 


increased in direct proportion to the square root of 
the pressure. Results such as these serve to confirm 
the fact that oxidation of the uranium is necessary 
before it becomes soluble in the carbonate leach 
solutions, and, further, that this oxidation process 
tends to determine the leaching rate.’ At 100°C, an 
oxygen partial pressure of about 1 atm (75 psi air) 
appeared to give rapid oxidation and leaching. At 
lower oxygen pressures, correspondingly longer re- 
tention times are required. 

With some carnotite ores, high uranium recoveries 
could be obtained by carbonate leaching even in the 
absence of oxygen. With others, leaching under ox- 

gen pressure resulted in increased extractions, in- 
dicating that at least part of the uranium was 
present as pitchblende or other primary minerals or 
that the ore contained reducing compounds such as 
sulphides or carbonaceous matter which reduced 
and insolubilized some of the uranium. It is clear 
that, in any operation involving carbonate leaching 
of uranium ores, particular consideration should be 
given to ensuring adequate oxidizing conditions. 

In achieving these conditions, the procedure des- 
cribed here involving the use of oxygen under pres- 
sure would appear to be favored by a number of 
factors. Among these are the relatively low cost of 
oxygen and its effectiveness as an oxidizing agent 
for uranium minerals and compounds in carbonate 
solutions, demonstrated by extensive laboratory re- 
sults.”" The oxygen can be supplied as compressed 
air and in this form would appear to be consider- 
ably cheaper than chemical oxidizing agents of 
comparable efficiency. 

In this connection, it might be noted that most of 
the common oxidizing agents such as sodium chlo- 
rate, sodium nitrate, and manganese dioxide which 
are used to oxidize uranium in acid media are not 
effective in alkaline solutions. More expensive re- 
agents such as potassium permanganate must be 
employed and the cost entailed in their use may be- 
come a serious consideration, particularly since 
substantial amounts are often consumed in side 
reactions with other reducing constituents such as 
sulphides contained in the ore. 

The use of oxygen is further favored by the fact 
that the only product of its reaction is water. The 
introduction of contaminants into the leach solu- 
tions, which might result from the use of chemical 
oxidizing agents, thus is avoided. This may be of 
importance where the solutions are to be recycled. 

Recovery of Vanadium: In treating carnotite ores, 
it is often necessary to make provision also for the 
economic recovery of vanadium values. The problem 
of extracting vanadium by carbonate leaching has 
recently been discussed by Butler,” who reported 
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recoveries of up to 85 pct with certain ores, follow- 
ing suitable roast treatment. In general, carbonate 
leach solutions from the treatment of carnotite ores 
will contain both uranium and vanadium values. 
The methods which may be used to separate these 
values from the solutions will be considered. 

Precipitation of Uranium and Vanadium from 
Carbonate Solutions: Neutralization: The following 
description is illustrative of most of the practical 
methods which have been used in the past to re- 
cover both uranium and vanadium from carbonate 
leach solutions: *” 

The solution generally is acidified to a pH of about 
6 and boiled to expel the CO,. All the uranium and 
a part of the vanadium thereby are precipitated as 
a yellow cake approximating to sodium uranyl va- 
nadate in composition (45 pct U;Os, 17 pet V.O, dry 
basis). This product is fused subsequently with a 
mixture of soda ash, salt, and sawdust and the 
fusion cake leached with water. This dissolves the 
vanadium and yields a high grade uranium oxide 
product as the residue. The filtrates from the ura- 
nium precipitation and from the uranium refining 
operations are further acidified to a pH of about 2.5 
and heated to precipitate a vanadium oxide red 
cake. The final vanadium oxide product is obtained 
by fusing this precipitate. 
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While reasonable recoveries and products can be 
obtained by this procedure, it is often unsatisfactory 
because of the large number of carefully controlled 
steps which are involved and because the neutral- 
ization of the solutions and destruction of the car- 
bonate precludes recycling of the barren liquors. 
Substantial amounts of sodium carbonate and acid 
thus are consumed in the treatment of the ore. 

Caustic Precipitation: Where the carbonate solu- 
tion contains only a minor amount of vanadium 
which does not have to be recovered, precipitation 
of the uranium may be achieved without neutraliz- 
ing the carbonate by raising the pH of the solution 
to a value of 12 or higher through the addition of 
sodium hydroxide.’ Sufficient sodium hydroxide is 
required to react with the bicarbonate in the solu- 
tion, to allow for the hydrolysis of the uranium, and 
to provide an excess of 5 to 10 g per liter free NaOH. 
The uranium then is precipitated as a mixture of 
sodium uranates according to the following equations 


UO,(CO,)-= + 2Na* + = 

Na.UO, [7] 
2U0,(CO,). + 2Nat + 6OH- = 

Na,U,O, + + 3H.0. [8] 


It is likely that some polyuranates of more complex 
composition are formed also. The dried precipitate 
generally contains about 70 pct U;Os. 

As would be suggested by the equilibria in Eqs. 7 
and 8, complete precipitation is favored by a high 
concentration of free OH and Na‘ ions in the solu- 
tion and prevented by a high concentration of CO,-. 
Some results of laboratory experiments which con- 
firm this are given in Figs. 4, 5, and 6. 

It is seen that, with a solution containing 50 g per 
liter of Na,CO, and 3.5 g per liter of U,O,, addition 
of an excess of about 3 g per liter of NaOH precipi- 
tates the uranium quantitatively (>97 pct) in 4 hr. 
With increasing Na.CO; concentration, the efficiency 
diminishes and correspondingly larger amounts of 
NaOH must be provided to achieve the same degree 
of precipitation, so that it is doubtful whether the 
method would be effective with solutions containing 
more than 80 to 100 g per liter of Na.CO;. On the 
other hand, neutral sodium salts such as Na.SO, 
favor precipitation. Other factors contributing to 
efficient precipitation are a high initial U,O; concen- 
tration, seeding of the solutions, and agitation. Rais- 
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ing the temperature of the solution was found to 
have a markedly detrimental effect. 

The chief advantages of the caustic precipitation 
method lie in its relative simplicity of operation and 
in the fact that the carbonate is not destroyed. The 
solutions therefore can be recycled, provided that 
the excess NaOH is first neutralized and the NaHCO, 
required for leaching is supplied by adding CO,, 
NaHCoO,, or H.SO, to the barren liquor. Where the 
U,O,; content of the pregnant liquor is fairly high 
(>2 g per liter) and the concentrations of Na,CO; 
and NaHCO, not excessive, precipitation by this 
method is rapid and complete and the reagent con- 
sumption moderate. 

Vanadium, if present in the solution, is not re- 
covered by the caustic precipitation method, ex- 
cept for minor amounts which may coprecipitate 
with the uranium. However, it was found that in 
high concentrations vanadium interferes with the 
precipitation of uranium to such an extent that the 
method becomes impractical. 

Some results illustrating this are given in Fig. 7. 
It is seen that the same conditions, which were 
effective in precipitating uranium quantitatively in 
the absence of vanadium, gave practically no pre- 
cipitation from a solution containing 17.7 g per 
liter of V.O,. Even when the concentration of free 
NaOH was increased from 4 to 20 g per liter, about 
1 g per liter of U,O; remained unprecipitated. Thus, 
the method does not appear to be suitable for pre- 
cipitating uranium from solutions containing more 
than 2 to 3 g per liter of V.0;, even when provision 
does not have to be made for recovering the vana- 
dium. 

Precipitation by Hydrogen Reduction: Such ob- 
jections and limitations, as are associated with the 
two precipitation procedures described above, are 
overcome for the most part in the hydrogen pre- 
cipitation method.” “ In this procedure, the car- 
bonate solution is heated under hydrogen pressure 
to reduce the uranium and vanadium salts to in- 
soluble lower valence states. The oxides of both 
metals are precipitated according to the following 


equations 
HOMCONS + H, > UO; + CO; + 2HCO;. [9] 


2VO; + 2H, +2HCO, > V.O, + 


+ 3H,O. [10] 


TRANSACTIONS AIME 


A suitable hydrogenation catalyst such as metal- 
lic nickel powder is provided to ensure rapid re- 
action and complete precipitation at moderate 
temperatures and pressures. 

The course of a typical precipitation experiment 
employing this procedure is depicted in Fig. 8. A 
solution containing initially 2.5 g per liter U,O,, 7.5 
g per liter V.O,, 50 g per liter Na,CO,, and 20 g per 
liter NaHCO, was treated in an autoclave at 150°C 
with gaseous hydrogen maintained at a partial 
pressure of 200 psi. 5 g per liter nickel powder was 
used as catalyst. It is seen that both the uranium 
and vanadium were precipitated in about 4% hr, 
the final concentrations being 0.04 g per liter U,O, 
and 0.06 g per liter V.O,. 

In this case, the product obtained directly from 
the autoclave comprised a mixture of uranium and 
vanadium oxides and the unchanged metallic nickel 
powder. The nickel catalyst was removed readily 
with a magnetic separator and recycled. The ura- 
nium and vanadium oxides in the nickel-free prod- 
uct were separated by the fusion procedure de- 
scribed earlier. 

With leach solutions containing uranium only, a 
high grade uranium oxide product can be obtained 
directly from the autoclave and the need for the 
subsequent fusion and separation treatment is - 
eliminated. 

The kinetics of the hydrogen precipitation re- 
actions and the variables which influence the proc- 


8 


Fig. 8—Precipita- 4 
tion of uranium = 
and vanadium ° 
from a _ carbonate | 
solution by hy- 
drogen reduc- > V, 
tion. Temperature, s 3b 
sure, 200 psi. Ni, S 
5 g per liter. 2h 

IF 

2 3 4 


TIME — HOURS 


Ni CATALYST 
1 — 0 
Fig. 9—Effect of 4 Laoag 
nickel catalyst on 
precipitation of > 5 — 10 
uranium by hydro- © 31 
gen reduction. Tem- | 
perature, 106°C; H, o 
pressure, 500 psi. A 3 
4 
5 
= 
2 3 4 
TIME — HOURS 


DECEMBER 1954, JOURNAL OF METALS—1413 


2 
V2 Os 
— gm/I 
= 2— 18 
3— 53 
4 4— 88 
| | 5— 142 
6— 17-7 
| 
=) 


18, 14 


ess have been discussed in detail in earlier papers. 
It was shown that the rates of precipitation of both 
uranium and vanadium increase with temperature 
and hydrogen pressure and are directly propor- 
tional to the amount of catalyst present (see Fig. 9). 
For practical operation, the precipitation must be 
carried out in a pressure vessel at temperatures of 
100° to 150°C and hydrogen partial pressures of 50 
to 200 psi. Varying the amount of catalyst provides 
a particularly convenient and inexpensive method 
of controlling the rate of precipitation, since the 
catalyst itself is not consumed and may be recycled 
indefinitely. 

One of the most advantageous features of the 
hydrogen precipitation process is its general appli- 
cability. In combination with the fusion procedure 
described earlier, it can be used to recover uranium 
and vanadium as high grade products and in high 
yields from nearly any carbonate leach solution. 
The carbonate and bicarbonate concentrations and 
the initial concentrations of uranium and vanadium 
are not critical, and most of the impurities which 
are likely to be present in such solutions do not 
interfere. 

The reagent consumption in hydrogen precipita- 
tion is generally very small, being equivalent only 
to the amount of uranium and vanadium. The car- 
bonate and bicarbonate concentrations of the solu- 
tions are not altered appreciably during precipita- 
tion and no impurities are introduced. The barren 
solutions thus are ideally suited for recycling in 
further leaching and precipitation stages. This con- 
stitutes an advantage in the use of hydrogen over 
that of other chemical reducing agents or precipita- 
tion reagents. The facts that complete precipitation 
is achieved and that the precipitation time as well 
as the reagent consumption are proportional to the 
amounts of uranium and vanadium precipitated 
make the method particularly attractive where low 
grade leach solutions are involved. 

The chief disadvantage of the process, in relation 
to the other precipitation procedures, lies in the fact 
that it must be operated at higher temperatures and 
pressures. This is offset to some extent by the short 
retention times which can be achieved and the cor- 
responding reduction in the volume of the reaction 
vessels. The heat requirements can be kept low by 
the use of suitable heat exchangers. 


Conclusions 


An attempt has been made in this paper to ex- 
amine the problems involved in the carbonate leach 
treatment of uranium ores and to describe new 
pressure leaching and precipitation techniques which 
show promise of improving the efficiency and ex- 
tending the applicability of this method of treat- 
ment. 

The lower uranium recoveries, which carbonate 
leaching has often provided in the past in compari- 
son with acid leaching, have been attributed to fail- 
ure to make provision for the oxidation of the ura- 
nium to the soluble state. An effective procedure for 
achieving this oxidation has been described in which 
leaching is carried out under oxygen or air pres- 
sure. The chemistry of the leaching reactions has 
been discussed and results have been presented 
which show that this procedure yields consistently 
high uranium extractions from a variety of ores, in- 
cluding primary uranium ores such as pitchblende, 
which were not previously considered to be amen- 
able to carbonate leaching. 
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Another disadvantageous feature which sometimes 
has been associated with the carbonate leach treat- 
ment has been the large reagent consumption and 
difficulty involved in precipitating the uranium and 
vanadium from the leach solutions. Frequently the 
solutions had to be neutralized and adequate recyc- 
ling was impossible. A new precipitation procedure 
has been described here which overcomes these dif- 
ficulties and further contributes to the usefulness of 
the carbonate leach treatment. Uranium and vana- 
dium oxides are precipitated quantitatively from the 
leach solution by treating the solution with hydro- 
gen under pressure in the presence of a nickel cata- 
lyst. The method is applicable to nearly any car- 
bonate leach solution and can be used to recover 
either uranium or vanadium alone or both metals 
from the same solution. Yields are quantitative and 
the products are of particularly high grade. The re- 
agent consumption is very low and the solutions can 
be recycled. 

With improved techniques such as these, it is sug- 
gested that carbonate leaching, which is character- 
ized by many inherently advantageous features, 
should find useful application in the treatment of 
many uranium ores. 
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